
Bacterial adhesion and proliferation on the surface
of materials is a current cause of severe health and
environmental problems. Bacteria can be organized
in colonies with functional heterogeneity, forming
biofilms where microorganisms can survive for
long periods of time, especially in hospital environ-
ments. Staphylococcus aureus is probably the most
dangerous type of bacteria associated with hospital
infections since some strains become drug-resis-
tant. In this sense, the use of natural agents like
phages is receiving increasing attention. Phage ther-
apy was developed in the Soviet Union. At present,
the main research center is located at the George
Eliava Institute in Tbilisi, Georgia. The extensive use
of phages demonstrated their great specificity and
efficacy in lysing targeted pathogens, as well as
high ability to be quickly modified through natural
selection and act against newly arising bacteria
threads. Biotechnological companies around the
world continue exploring the potentiality of phage
therapy since it can find a niche in the Western med-
icine. However, regulatory and manufacturing prac-
tices, as well as profits, are yet not well-established,
and consequently great difficulties exist in commer-
cializing products. In this sense, academic centers
should play a fundamental role.
PhagoBioDerm is an example of a commercial prod-
uct that is highly efficient in treating patients with
venous stasis ulcers, in promoting the healing of
wounds or even prevention of infections (DOI:
10.1046/j.1365-4362.2002.01451.x).

Different methodologies have been proposed to
incorporate phages into a polymer surface. For exam-
ple, plasma treatment functionalizes inert polymers
like polyethylene with COOH groups at which phages
could be covalently anchored while retaining their
activity (DOI: 10.1021/bm400290u). Efforts are also
focused on incorporating phages into electrospun
scaffolds because of their wide use in tissue engi-
neering. Chemical attachment onto microfiber sur-
faces, adsorption on scaffold surfaces (e.g. by using
cationic biodegradable polymers such as poly(ester
amide)s based on arginine amino acid (DOI: 10.1021/
bm5005977)) and encapsulation of phages during
electrospinning are methodologies that are being
developed. In the last case, it should be guaranteed
that activity will not be lost as a consequence of the
high applied electric field or the use of an organic
solvent. Dual, coaxial and miniemulsion electro-
spinning may allow the use of an aqueous environ-
ment to protect phages, becoming suitable methods
with a great potential for phage therapy.
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1. Introduction
For applications where selective collection and
chemical-mechanical recycling are not economical
or feasible, the use of some specific bio-polymers
would enable bio-recycling, particularly in the field
of packaging. During the last decade, among bio -
degradable and biocompatible polymers, Poly lactic
acid (PLA) has been considered as a potential alter-
native for oil derived plastic materials on the basis
of its good processability, and relatively low cost [1].
The commercial PLA consists mainly of L-lactic acid
units but it contains a few percentage by weight of

D-lactic acid units. The content of D-lactic acid units
in commercial PLA is different in dependence of the
final specific grade, developed to fulfil the final appli-
cation requirements. Although some modulation of
properties was achieved by controlling the D-mono -
mer content in the polymer, its applications are any-
way limited by the low glass transition (about 60°C),
the brittleness, and the intrinsic low crystallization
rate [2–6].
In order to overcome limitations in some properties,
additives such as polymers [7, 8], fillers [9, 10] or
plasticizers can be used also in combination [11, 12].
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Plasticizers such as poly (ethylene glycol) [13],
oligomeric lactic acid [14, 15], citrate esters [16] are
frequently used to tune PLA mechanical properties
increasing its ductility. In terms of thermal properties
the addition of a plasticizer usually results in a strong
increase in spherulitic growth rate with respect to
pure PLA. The effect of plasticization was also stud-
ied in PLA based blends by Quero et al. [17]. They
studied the effect on PLA crystallization rate of the
acetyl tri-n-butyl citrate (ATBC) plasticizer and of
poly(butylene adipate-co-terephthalate) (PBAT).
The addition of the plasticizer resulted in a decrease
in glass transition temperature of PLA. However the
addition of increasing amount of PBAT resulted in
an increase in PLA glass transition temperature as a
consequence of preferential migration of ATBC in
the PBAT phase [16] and a general synergistic effect
was evidenced on the overall crystallization rate of
the PLA component when both PBAT and ATBC
were added to PLA.
In the industrial production usually PLA is melt
processed and then rapidly cooled [2] below its glass
transition temperature. As the crystallization of PLA
is slow, final products (such as injection moulded or
blow moulded parts or containers) are mainly amor-
phous. Thus the increase of temperature above PLA
glass transition during the further processing steps
(e.g. in the packaging of hot products) or during the
use of the material, can enable cold crystallization,
resulting in undesired shrinkages leading to dimen-
sion instability and deformation of the items. In addi-
tion, an increase in brittleness and change in optical
properties can be observed as a consequence of
crystallinity increase. In particular, for packaging of
‘hot-filled’ food or beverage bottles or other contain-
ers, i.e. filled at the food-manufacturing or beverage-
bottling plant while the food or beverage is still hot
from pasteurization, amorphous PLA is not suitable.
Thus the use of proper nucleating agents, allowing
increasing the crystallization rate of PLA during the
rapid cooling is particularly interesting on a techno-
logical point of view. In PLA [18, 19] nucleating
agents are reported to much affect the crystallinity
content because they promote the formation of a high
number of crystallization nuclei, thus consequently
influencing also crystal growth and transparency
[20]. Nucleated PLA thus results stabilized and its
optical and mechanical properties are not modified
as a consequence of heating in the temperature range
of its glass transition.

Much attention is thus devoted to PLA nucleating
agents, organic [21–23], such as sodium benzoate,
or inorganic, such as calcium carbonate, talc, boron
nitride [24, 25] to better tune crystallization rate and
final crystallinity content. Nano-fillers, such as cel-
lulose nano-whiskers [26], carbon nano-tubes [27]
or graphene oxide [28] were also reported to act as
nucleating agents for PLA, although composition and
geometrical characteristics of the nano-fillers were
reported to have a strong effect on overall crystalliza-
tion rate. In general, a planar structure in organic mol-
ecules or rigid surface in nano-fillers and also groups
interacting with polyester chains (also leading to
chain scission [21]) are characteristics typical of all
the effective nucleating agents, indicating that both
the formation of specific directional linkages or con-
finement effects can affect the mobility and orienta-
tion at a molecular scale, thus influencing crystals for-
mation.
Interestingly the effect of a plasticizer and a nucleat-
ing agent can be combined [29, 30]. For instance You
et al. [31] used dibenzylidene sorbitol as organic
nucleant agent, PEG as plasticizer and a multifunc-
tional reactive molecule. Dibenzylidene sorbitol
nanofibrils formed in the PEG gel, could supply
active nucleating sites for PLA when the gel is
added in PLA. The reactive molecules can introduce
extra interaction between PLA macromolecules and
Dibenzylidene sorbitol nanofibrils, which makes
the nucleation easier and faster. Yu et al. [32] studied
the cold crystallization of materials based on PLA
containing talc and plasticized with compressed car-
bon dioxide. They reported that a plasticizer can
increase the crystallization rate through accelerat-
ing the spherulite growth rate thanks to the increased
mobility of the polymeric chains, while a nucleating
agent can enhance the crystallization rate by increas-
ing the nuclei density. Li and Huneault [33] investi-
gated the combined effect of both plasticizer (acetyl
triethyl citrate) and nucleating agents (talc, sodium
stearate and calcium lactate) on mechanical and ther-
mal properties of PLA. In the non-isothermal DSC
experiments, the crystallinity developed upon cool-
ing was systematically studied at different cooling
rates. The non-isothermal data showed that the com-
bination of nucleating agent and plasticizer is neces-
sary to develop significant crystallinity at high cool-
ing rates. A sort of synergy was thus observed, but
the composition range in which this synergy can be
obtained and the trend of properties as a function of
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composition of the ternary systems was not deter-
mined in a systematic way.
Oligomeric poly(lactic acid)s are newly conceived
plasticizers developed for the plasticization of PLA
and biodegradable polymers obtained from bio-
renewable raw materials and fully biodegradable and
bio disposable. When they are used in PLA they allow
obtaining stretched films with excellent mechanical
properties without loss of transparency [14, 15]. How-
ever their effect combined with nucleating agents
has never been studied.
In the field of nucleating agents the commercial prod-
uct LAK (an aromatic sulfonate) is reported to pro-
vide a high crystallinity, high heat-stability of PLA
mould parts and allows the onset of cold crystalliza-
tion beginning at higher temperature [34]. PDLA was
also found to behave as a nucleating agent for decreas-
ing the half-time of crystallization [35] of PLA, with
the advantage of the excellent compatibility because
of the much similar structure and also thanks to the
formation of stereocomplexes [36, 37]. More recently
Shi et al. [38] evidenced again the synergistic effect
of nucleating agents and plasticizer by plasticizing
PLA with PEG and adding also different nucleating
agents such as PDLA, LAK and talc. LAK and PDLA
effects were reported to be different and both prom-
ising because LAK showed an effective promotion
of PLA crystallization behavior due to heteroge-
neous nucleation, while the addition of PDLA to
PLA resulted in the formation of PLA stereocom-
plexes, acting as another type of nucleation process.
In the paper of Shi et al. [38] a combination of LAK
as nucleation agent and talc, used also as reinforc-
ing filler, was reported to allow a good combination
of properties, as the crystallization half-time was
reduced and, regarding the mechanical properties,
an improved ductility of the material was attained.
However, any evidence about what can be the trend
of thermal and mechanical behaviour as a function
of composition was not reported.
The present work, is devoted to investigate the use
of a biodegradable plasticizer Glyplast OLA8 (OLA8)
based on oligomeric PLA, in combination with nucle-
ating agents, poly(D-lactic acid) (PDLA) or LAK301
(LAK), in PLA formulation in order to improve the
mechanical and thermal properties of PLA control-
ling its processing. In particular, in order to systemat-
ically study this system as a function of composition,
in the present study the effects of four mixture com-
ponents PLA, OLA8 (as plasticizer) and LAK and

PDLA (as nucleating agents) on the thermal and
mechanical properties of the blends were investi-
gated by using multivariate statistical methods which
allowed identifying the compositional region where
the crystallization rate is maximized and where a syn-
ergistic effect between plasticizer and nucleation
agents can be observed. The work was planned using
an extension of the Design of Experiments (DoE)
method called Mixture Design approach, in which
the weight fraction of formulations components con-
stitute the input factors. DoE represents a very impor-
tant tool complementary to the traditional approaches
(based on one factor variation at a time) in order to
improve the performances of the process correlated
both to the material design and to its synthesis [39].
Specifically, the Mixture Design considers the dif-
ferent components of formulation as not completely
independent from each other, allowing estimating
how the ratios between ones to each other directly
affect the target properties [40].

2. Experimental section
2.1. Materials and methods
PLA NatureWorks LLC INGEO 2003D, (average
molecular weight 200 000, melting point tempera-
ture Tm = 160°C, glass temperature Tg = 55–58°C;
D-lactic acid content in the range 4–4,5% [41]) has
been used. The plasticizer Glyplast OLA8 (Figure 1),
an alkyl terminated oligoester of lactic acid, and the
PDLA were provided by Condensia Quimica, Spain.
LAK-301 (LAK) is an aromatic sulfonate deriva-
tive produced by Takemoto oil&fat Co.Lt, Japan and
currently employed in Ingeo(TM) 3801X (Nature-
Works, PLA resin) formulation as nucleating agent.
The blends extrusion was carried out in a Haake
Minilab at 180 °C, 90 rpm, recovering the molten
material after 1 min of recirculating time. The start-
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Figure 1. Structure of the additives used in this work



ing polymers were previously dried at 60°C in vac-
uum for four days. After extrusion, the molten mate-
rials were transferred through a preheated cylinder to
the Haake MiniJet II mini injection moulder (Thermo
Scientific Haake GmbH, Karlsruhe, Germany), oper-
ating at 650 bar pressure, mould temperature of
35°C, for 15 sec, to obtain Haake type 3 specimens
(557–2290) used for measurements and analysis. The
specimens were placed in plastic bags for vacuum
sealing to prevent moisture absorption. Tensile tests
were carried out on an Instron 5500R universal test-
ing machine at 10 mm/min with a load cell of 1 kN.
By this tests the elastic modulus (E), the stress at
break (!b), the yield stress (!y) and the elongation at
break ("b ) were determined.
DSC measurements for determining the thermal prop-
erties and time of crystallization were carried out on
a DSC Q200 TA instrument, setting a first run from
20°C to 190 at 10°C/min, an isothermal step of 5 min
at 190°C, a fast cooling step to 105°C, and an iso -
thermal step at 105°C for 30 min. The latter step was
performed to measure the crystallization half-time
t1/2, since it has to be at least three times longer than
the time required for crystallization. Finally the sam-
ple is heated up to 190°C at 10°C/min.
The blends crystallinity, developed during the rapid
cooling (15 seconds) in the mini injection moulder, is
determined by calculating the difference (!Hm)
between the area under the melting peak and the area
under the cold crystallization peak. Thus the crys-
tallinity of PLA (% cryst. I) was determined accord-
ing to Equation (1):

% cryst. I.                               (1)

where !H100%C is the melting enthalpy of 100%
crystalline PLA (93.0 J/g).
From the thermogram of the final heating step the
area of the melting peak (!H) and the percentage of
crystallinity developed after the isothermal process
(% cryst. II) were also calculated.
Dynamic mechanical thermal analysis was performed
on a GABO Eplexor 100N Instrument, working in
tensile mode, on 20"5 mm specimen cut from the
Haake type 3 specimens, with an average thickness of
1.6 mm, at a heating rate of 2 °C/min, from –100 to
150°C, and 1 Hz frequency. By means of the dynamic
mechanical thermal the glass transition temperature
was determined.

The compositions investigated in this study were
planned by using the Mixture Design in which two
main constrains were used: the first regarding the
proportion of the constituent proportion xi in the
mixture (Equation (2)):

0 # xi # 1,$i = 1, 2, 3 … q,$            (2)

where q are the constituents. The second regards the
additional boundary constrains on the constituent
proportion.
In mixture design, there are some additional bound-
ary constraints on the constituents proportion (xi),
which limit the feasible space of components between
the lower (Li) and the upper (Ui) constraints. The gen-
eral form of the constrained mixture problem is
given by (Equation (3)):

i = 1, 2, 3, …. Q,$0 < Li < xi < Ui < 1                (3)

Restrictions reported in Equation (3) reduce the
constraint region given by Equation (2) to an irreg-
ular dimensional space.
Mixture models, most commonly used in fitting data,
are the functions known as the Scheffé canonical
[37] polynomials (Equation (4)) and given by:

                       (4)

where E(Y) is the response, #i and #ij are the regres-
sion coefficients calculated from the experimental
data by multiple regression, and xi and xj are the lev-
els of the independent variables. Table 1 reports the
components considered in this work and their spe-
cific range.
The resulting experimental region is an irregular
polyhedron, thus the mixture components were trans-
formed in U-Pseudo components (reported in Table 1
as Low and High coded), where the maximum value
of each component becomes zero and the minimum
value approaches one, according to equation reported
in literature [40, 42].
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Table 1. Composition data and their ranges

Component Name Low
actual

High
actual

Low
coded

High
coded

A OLA8 0.05 0.20 0.750 0
B PLA 0.7 0.90 1.000 0
C LAK 0 0.05 0.250 0
D PDLA 0 0.05 0.250 0



Sixteen experiments, including five center points
(that are also replicated points) were planned as
detailed in Table 2. The experiments were performed
according to the randomized run order. In most of the
tested formulations LAK and PDLA were simulta-
neously present.
For E, !b, !y, Tg, t1/2, % cryst I, % cryst II and !H dif-
ferent models were analyzed and their validity were
ascertained through the ANOVA analysis by using
commercially available software (Design Expert 7,
Stat-Ease). The resulting models allowed describing
the relationships between the starting composition
and the final measured responses.

2.2. Data analysis
The regression analysis of the data was conducted by
the analysis of variance called ANOVA. It is a sta-
tistical method in which two F-tests (F-test of the
model and lack of fit test) were used to assess the
validity of the model [40, 42].
The residual analysis is generally used to point out
potential deviating experiments. The regression coef-
ficients of the model were analysed and all the terms
with a p-value higher than 0.05 were not considered
as statically significant and therefore neglected in the
model formulation. The trace and the response con-
tour plots are used for a deeper explanation of the
role of the mixture components on the final proper-
ties. The interpretation of these plots is strongly con-
nected to the use of U-pseudo components used in
this work.
In detail, the trace plot shows the effects of changing
each component (main effect) along an imaginary
line from the reference blend (defaulted the center

point) to the vertex. In this plot, the effect (y-axis)
produced by the factor variation (x-axis) should be
interpreted considering that each component is at the
lower real value in the right side of the x-axis, and it
is at the higher real value in the left side of the same
axis. Generally, the graph lines explain the effect of
each component on the analysed response; a horizon-
tal line (the slope is zero) implicates that the response
value does not change varying the amount of a com-
ponent while linear or parabolic trend indicates a
strong variation of the response value (keeping the
ratio on the proportions of the remaining components
constant at the reference mixture) depending by the
composition [38]. The response contour plot shows
graphically the obtained results also in terms of inter-
actions and quadratic effects and it is also helpful for
choosing the best point at which the desired final
properties can be satisfied (optimization perspec-
tive). In the contour plot the amount of each factor
changes in the opposite way with respect to the usual
one in simplex lattice design [38].

3. Results and discussion
3.1. Mechanical properties 
The experimental results of tensile tests (E, !y, "y, !b,
"b) and dynamic thermal mechanical analysis (Tg)
are reported in Table 3.
A general good reproducibility of the experimental
data is observed, because, especially for the E, !b, !y
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Table 2. Experimental plan
Sample Order of run OLA 8 POLY L LAK PDLA

1 11 0.066 0.834 0.05 0.05
2 2 0.200 0.700 0.05 0.05
3 7 0.100 0.900 0 0
4 6 0.138 0.812 0 0.05
5 4 0.200 0.722 0.028 0.05
6 14 0.200 0.782 0 0.018
7 10 0.200 0.750 0.05 0
8 15 0.133 0.805 0.037 0.025
9 8 0.056 0.900 0.009 0.035

10 3 0.055 0.890 0.05 0.005
11 1 0.129 0.820 0.026 0.026
12 5 0.129 0.820 0.026 0.026
13 9 0.129 0.820 0.026 0.026
14 12 0.129 0.820 0.026 0.026
15 13 0.129 0.820 0.026 0.026
16 16 0.200 0.782 0 0.018

Table 3. Results of mechanical tests and dynamic thermal
mechanical analysis

$: Young’s modulus, !y: yield stress, "y: elongation at yield, !b:
stress at break, "b: elongation at break, Tg: glass transition temper-
ature

Sample
Mechanical properties DMTA

E
[GPa]

!y
[MPa]

"y
[%]

!b
[MPa]

"b
[%]

Tg
[°C]

1 2.6 47 2.2 40 8.6 57
2 1.2 11 3.5 20 278 45
3 2.7 47 1.9 38 5.6 57
4 2.1 42 2.3 32 5.3 53
5 2.0 18 2.9 23 285 45
6 1.7 17 2.8 28 340 47
7 2.2 28 2.2 18 247 47
8 3.1 41 2.0 31 15.3 53
9 3.1 50 2.1 39 11.0 61

10 3.2 36 1.7 28 9.2 63
11 2.6 39 2.2 31 9.5 53
12 2.5 42 2.2 32 13.5 53
13 2.8 40 1.8 20 15.5 55
14 2.8 38 1.9 30 9.0 51
15 2.7 40 1.8 30 10.5 53
16 1.2 16 2.5 23 310 47



the values corresponding to the replicated tests (11,
12, 13, 14, 15¸and 6, 16) are close to each other with
a low variation compared to the variation of the
entire data.
During the tensile test, all samples showed yielding,
flow softening and even strain hardening. After yield-
ing, on the specimen, a necking zone was observed
and the neck extended until final fracture.
The effect of the selected input factors on the
mechanical properties can be described using a lin-
ear model for E and !b, and a quadratic one for !y.
The experiment 10 is not used in the data analysis of
both !b and !y since it was highlighted as deviating
experiments.
Table 4 summarizes the ANOVA results for each
model.
The F-values are higher than one (p-value < 0.05),
and the Lack of Fit is not significant (p-value > 0.05),
thus satisfying the two F-tests. Moreover R-Squared,
Adj R-Squared and Pred R-Squared for !b and !y
are higher than 0.8 pointing out the validity of the
model. On the contrary the ANOVA parameters for
E are not excellent and particularly the Pred R-
Squared value (0.51) clearly suggests that a more
complex model should be developed in order to
ensure an appropriate prediction power. Anyway, the
aim of this work is mainly focused on a screening
perspective, therefore all the models (including that

for E) can be used to describe quantitatively and for
E just qualitatively, the effect of the blend composi-
tions on the mechanical properties.
Moreover, further analysis of the model coefficients
(not reported in this work) suggests that only OLA8
and PLA play a significant role on elastic modulus E
excluding any influence of both LAK and PDLA. The
trace (reported as example of a trace plot) and con-
tour plots reported in Figure 2a and 2b respectively,
show in detail the influence of each factor on E. The
first one (Figure 2a) clearly points out that decreas-
ing the amount of OLA8 (from the left to the right
side of the plot) the modulus of elasticity increases,
while PLA produces the opposite effect. The same
information can be also derived from the contour
plot reported in Figure 2b. The correlation between
E and the OLA8 content is in agreement with the
plasticizing effect of this additive.
For the yield stress (!y) the overall results of the sta-
tistical analysis reveals that a decrease in PLA and
LAK content leads to a decrease in !y, while by
decreasing OLA8 and PDLA the !y value increases.
For this properties the presence of quadratic terms in
the model has been observed and among them the
LAK*PDLA is the most significant one. Moreover, it
is worth noting that the highest amount of LAK and
the lowest amount of PDLA leads to the highest value
of !y, as illustrated in Figure 3 (two components mix
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Table 4. ANOVA results for the mechanical properties: modulus of elasticity (E), stress at break (!b), yield stress (!y)

ap-value associated to the F-Test of the regression model
bp-value associated to the lack of fit test

F-value p-valuea Lack of fit p-valueb R-Squared Adj R-Squared Pred R-Squared
E 11.70 0.0007 4.79 0.052 0.75 0.69 0.51
!b 47.30 < 0.0001 1.46 0.350 0.93 0.91 0.82
!y 168.32 < 0.0001 1.16 0.390 0.99 0.99 0.93

Figure 2. Trace (a) and contour plot (b) of E



graph). Possible explanation of the correlation
between PDLA content and !y can be derived consid-
ering that this component in the blend can promote
stereo complexes formation as detailed by Wei et al.
[35]. In general, when PLLA/PDLA 1:1 solution
casted blend are prepared the tensile properties E, !y
and !b increase [36], because the formation of these
complexes inside the blend structure leads to an
increased structural rigidity due to the formation of
a branched/crosslinked system but when the content
of PDLA is lower in melt processed blend a decrease
in these properties was recently observed [44, 45].
Probably the melt extrusion, having a short resi-
dence time, cannot allow an optimal dispersion of
PDLA in PLA. In general, in PLA containing less
than 10% of PDLA prepared in the melt, an effect
onto crystallization behaviour and melt viscosity
[46] of the formation of stereocomplexes is reported,
but not significant improvement of tensile proper-
ties are observed [47]. The maximization of !y is thus
essentially due to the synergy in increasing crys-
tallinity content when both PDLA and LAK are used
and will be more extensively discussed in the fol-
lowing.
As in the case of elastic modulus, the !y decreasing
by increasing OLA8 concentration can be ascribed
to the improved free volume between PLA macro-
molecules and increased mutual mobility of the
PLA chains [36].
Concerning the stress at break (!b), which is a meas-
ure much dependent on the presence of defects in the
material and less reliable than !y, the coefficients
and the trace plot analysis (not reported) reveal that
this property is mainly influenced by OLA8 and
PLA content (p-value associated to each coefficient

is less than 0.05) (Figure 4). Moreover, as observed
for E, also in this case the most significant effect is
played by the content of OLA8 in the blend. On the
contrary, while a very slight effect of LAK is
reported, the PDLA does not produce any significant
variation on !b. In detail, by decreasing the OLA8
content %b increases whereas a decrease in the LAK
content leads to a decrease of this mechanical prop-
erty.
The addition of OLA8 to PLA leads to reduction of Tg
and also E, !y and !b as the normal effect of plasti-
cization, thanks to the increased mobility of macro-
molecular chains at room temperature, making the
material less resistant but more ductile. Interest-
ingly !y varies monotonously with LAK concentra-
tion.
The statistical analysis for elongation at break "b is
not reported since the model is not significant. The
high values of elongation at break (>200%) at the
highest content of OLA8 (20 wt%), are in agreement
with the high miscibility of these additive with PLA
[14, 15].
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Figure 3. Two components mix graph (a) and contour plot (b) of yield stress (!y)

Figure 4. Contour plot of stress at break (!b)



3.2. Thermal properties 
The experimental results of DSC analysis reported
in Table 5 are codified in terms of time to achieve
50% crystallization at 105 °C (t1/2), crystallinity %
determined at the first DSC scan (% cryst I) and
crystallinity % determined at the second DSC scan
(% cryst II). The glass transition temperature val-
ues, determined by DMTA tests (Table 4), were also
codified as Tg.
In the DSC thermograms during the heating steps (I
or II run) two peaks were observed in the melting
region. The first peak can be attributed to the melt-
ing of more irregular &‘ crystals and the second to
the more ordered & crystals [4].
In sample 3, without nucleating agents, there was no
crystallization in isothermal treatment at 105 °C,
therefore the isothermal crystallization parameters
(t1/2 and !Hc II) were not recorded. In this case the
t1/2 is higher than 1800 s. The use of PDLA alone
(run 6) result in a t1/2 of 151 s, in good agreement
with the nucleating properties reported for this addi-
tive [35]. The use of LAK alone (run 7) determined
the decrease of t1/2 to 61 s, showing a better efficiency
of LAK with respect to PDLA as yet reported by
Shi et al. [38] for PLA plasticized with PEG.
LAK and PDLA were simultaneously present in most
of the prepared samples and their synergy in nucle-
ation, yet evidenced by Shi et al. [38], is evident by
comparing the first heating scan of the plasticized
PLA with the two nucleating agents (St 2) and the
one with only LAK (St 7) (Figure 5). In the former
trend the crystallization temperature is quite lower

than in the latter, while the crystallinity is higher
(Table 5). Moreover the t1/2 is 48 s if both LAK and
PDLA are used and it is 61 s if only LAK is added.
The presence of only PDLA (run 4) resulted in a t1/2
of 112 s. The presence of both the nucleating agents
is thus necessary to increase effectively crystalliza-
tion rate. 
Concerning the statistical analysis it is worth noting
that for !Hc%, % cryst I and % cryst II significant
models can be derived.
The experiment 5 (considered as an outlier by the
residual analysis) is neglected in the !Hc, % cryst I
and % cryst II statistical data analysis.
The ANOVA analysis shows that while the effect of
the mixture components on Tg is well described
through the linear model, for !Hc, % cryst I,
% cryst. II and t1/2 quadratic terms need to be
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Table 5. Thermal properties of the investigated samples 
I Run ISO T 105°C II Run

St !Hc I
[J/g] 

Tm1
[°C]

Tm
[°C]

Tc
[°C] % cryst. I t1/2

[s]
!Hc II
[J/g]

!H
[J/g]

Tm1
[°C]

Tm
[°C] % cryst. II

1 0.25 134 152 87 0.3 51 32.5 21.5 140 151 23.1
2 6.1 130 150 77 6.5 48 14.0 14.7 140 150 15.9
3 1.5 141 155 97 1.6 n. d. n. d. 23.4 144 154 25.1
4 0.2 140 153 87 0.3 112 41.0 21.3 142 153 22.9
5 6.8 136 152 76 7.3 46 18.0 12.2 140 151 13.1
6 4.0 133 152 84 4.3 151 50.6 20.7 140 151 22.2
7 3.9 143 152 97 4.2 61 20.5 16.2 145 153 17.4
8 3.0 141 153 94 3.3 60 24.5 19.6 145 153 21.1
9 4.4 144 155 98 4.7 152 56.2 23.2 146 155 24.9

10 2.6 145 155 100 2.8 76 16.0 21.1 147 155 22.7
11 3.2 137 153 91 4.6 38 19.0 22.5 143 154 24.1
12 4.3 136 152 90 4.6 40 20.3 22.2 143 153 23.8
13 7.9 138 158 91 4.5 45 20.0 21.4 144 153 22.9
14 5.1 136 152 88 4.5 44 23.0 20.4 142 152 21.9
15 5.1 138 153 90 4.5 41 20.5 22.5 143 153 24.2
16 4.3 132 150 83 4.5 152 45.7 21.4 139 150 23.0

Figure 5. First heating thermogram of St 2 (with both LAK
and PDLA) and St 7 (with only LAK)



included to improve the goodness of the models. In
particular LAK*PLA for both % cryst II and !Hc,
OLA8*PLA, OLA8*LAK, PLA*LAK, LAK*PDLA
for % cryst I and OLA8*PLA, OLA8*LAK,
OLA*LAK, OLA8*PDLA, PLA*PDLA for t1/2.
The models are consistent (p-values of the F-test <
0.05), the Lack of Fit is not significant and the model
parameters (Table 6) reveal a good fitting and pre-
dictive power, except for t1/2 for which a high dif-
ference between R-Squared and Pred R-squared
(0.38) and data clusters were observed.
The normal distribution of the residuals for the
investigated properties satisfy the statistical require-
ments and therefore are not reported here. Only for
the t1/2 the residual analysis suggests the presence of
a fair normal distribution anyway the high values of
R-Squared (0.99) and Adj R-Squared (0.99), together
with an insignificant Lack of Fit, allow us to use the
obtained model to explore the possible region of
interest, as suggested in other works [43].
The coefficients analysis and the trace and contour
plots for the Tg reported in Figures 6a and 6b sug-
gests that OLA8 and PLA are significant factors in
defining the Tg trend. In particular an increase in
OLA8 leads to a decrease of Tg while an almost neg-

ligible similar effect of LAK was observed. The glass
transition temperature value is thus mainly affected
by OLA8 plasticization, increasing the mobility of
macromolecular chains and thus reducing the tem-
perature at which the flexible amorphous material
can be converted in a rigid amorphous glass.
LAK and OLA 8 concentrations play a moderate
effect on % cryst. II and !Hc (Figure 7 and Figure 8):
decreasing OLA8 and LAK content leads to the
increase of both the properties notwithstanding the
effect of LAK is lower with respect to that produced
by OLA8. These results show that when the material
is annealed for long time at 105°C, the presence of
LAK does not lead to crystallinity increase. These
results confirm that the effect of a nucleating agent is
increasing the nuclei density, but as the number of
nuclei is increased, for long annealing time, the crys-
tal growth is limited, leading to crystallinity decrease
with respect to not nucleated PLA. This effect was
noticed for many other nucleation agents [4]. In a
similar way the presence of plasticizer on one side
increases the mobility of the chains favouring the
crystalline packing, but on the other side introduces
disorder in the system, partially replacing inter-
macromolecular interactions, significant for crystals
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Table 6. ANOVA results for the thermal properties glass transition temperature (Tg), crystallization enthalpy (!Hc) and per-
cent crystallinity (% cryst. I and % cryst. II) and crystallization half-time (t1/2)

ap-value associated to the F-Test of the regression model
bp-value associated to the lack of fit test

F-value p-valuea Lack of fit p-valueb R-Squared Adj R-Squared Pred R-Squared
Tg 108.6 <0.0001 0.67 0.70 0.96 0.95 0.93
!Hc 23.7 <0.0001 1.18 0.43 0.90 0.87 0.82
% Cryst. I 31.9 <0.0001 0.94 0.45 0.97 0.87 0.94
% Cryst. II 23.7 <0.0001 1.17 0.43 0.90 0.88 0.82
t1/2 491.39 <0.0001 1.15 0.33 0.99 0.99 0.61

Figure 6. Trace (a) and contour plots (b) of glass transition temperature (Tg)



formation, with plasticizer-macromolecule ones. In
the specific case of OLA8 the introduction of disor-
der is given by the presence of the terminal groups,
as the chain structure is the same as PLA. Thermo-
dynamic driving forces thus predominate on kinetic
ones. This explains why for high annealing time the
crystallinity decreases as a function of OLA8 con-
tent [32].
Differently, changes in PDLA content do not pro-
duce any variation of % cryst. II and !Hc.
The analysis of the crystallization half-time (t1/2)
shows that all terms, including the interaction ones,
cover an important role in the variation of this prop-
erty. From the trace plot (not showed) it was observed
that both LAK and PDLA can contribute to a t1/2
variation with a parabolic trend. From the low to the
intermediate concentration of LAK the crystalliza-
tion half-time decreases, but the further increase of
LAK leads to an increase of t1/2. PDLA has an oppo-
site effect with respect to LAK. Moreover, it is worth
noting that the region in which the crystallization
half-time is at the minimum level, underlined in the
contour plot in Figure 9, is the one in which signifi-
cant crystallinity can be developed more rapidly.

On this trend a strong responsibility is played by the
non-linear terms such as the OLA8*LAK: modifying
this factor allows achieving the lower t1/2 values.
The synergistic effect of plasticizer and nucleation
agent in increasing the crystallization rate was already
suggested and reported in literature but the impor-
tant value added by this work derive by the defini-
tion of a specific region in which this synergy occurs.
Hence, this study allows the understanding of the role
played by each components and their mutual inter-
action on the t1/2 decreasing [24, 32–33, 46]. The syn-
ergy of OLA8 and LAK plays a key role in the crys-
tallization rate properties of the mixture and in
particular, an intermediate concentration with respect
of the explored range encounters the condition of
maximum crystallization rate. In this peculiar range
the optimal concentration of LAK to determine the
increase of nuclei density is reached and the further
addition of LAK is detrimental with respect to het-
erogeneous nucleation. On the other side an inter-
mediate value of OLA8 content is required to mini-
mize t1/2. As the plasticizer is reported to increase the
spherulitic growth rate [32] thanks to the increased
mobility, we can observe that probably a high con-
centration of it introduces excessive dilution of
macromolecular PLA chains in the system, thus lim-
iting the growth rate. In the composition range
where the minimum t1/2 is found the correct balance
between formation of nuclei rate and spherulitic
growth rate can be found.
Since the development of crystallinity in its early
stage covers a fundamental role during processing,
especially during injection moulding, the % cryst. I
(Figure 10), developed during the cooling in the
injection molding press, represents a quite interest-
ing technological parameter. The rapid development
of crystallinity can allow the rapid development of
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Figure 7. Contour plot of % Cryst. II

Figure 8. Contour plot of crystallization enthalpy !Hc

Figure 9. Contour plot of crystallization half-time t1/2



mechanical resistance and the easy removal of the
injection molded part from the mould assuring a
short industrial cycle. Among the linear terms LAK
displays the most important role, and its effect can
be described considering that moving from the max-
imum to the intermediate value (while maintaining
constant the ratio between the other components) an
increase of the % cryst. I can be observed. On the
contrary, further decrease in the LAK content (mov-
ing to the minimum value) leads to a decrease in the
% cryst. I.
In agreement with t1/2 results, an intermediate con-
tent of LAK with respect to the explored range can
assure the highest content of crystallinity, probably
thanks to the same capacity of increasing nuclei
density up to an optimal concentration.
Concerning the crystallinity of the mixture a quite
different trend is observed with respect to % Cryst. II.
In fact a parabolic trend with a minimum was
observed as a function of OLA8 content: the high-
est value of % Cryst. I is achieved when the content
of plasticizer is the highest. This effect is in contrast
with the trend observed for the use of only a plasti-
cizer in PLA, because usually the crystallinity devel-
oped during rapid cooling increases by increasing the
plasticizer content [16, 29, 30]. In this case is the het-
erogeneity introduced by the plasticizer in nucleat-
ing crystals. This is in agreement with the recent
use of miscible polymers as nucleating agents [20].
On the other hand, in the presence of a nucleating
agent the beginning of crystals growth occurs start-
ing on the nuclei surface. When the concentration of
plasticizer is low (up to 10%), it hinders the crystal
growth with respect to pure PLA. As the chemical
structure of OLA8 is identical to the one of PLA, this
action is certainly attributable to the higher concen-
tration of terminals, creating local disorder and thus

disabling crystal packing close to nucleating agent
surface. It is possible to hypothesize that the termi-
nal groups are more concentrated close to the nucle-
ating agent surface because of the attraction between
the terminal groups of OLA and the polar groups on
the LAK particles surface. On the contrary, when
the concentration is high the main effect of OLA8 is
allowing the spatial separation of macromolecules
providing a higher free volume for segments motions,
allowing the chains fragments to assemble in crys-
tals more easily. Hence the plasticizer, which was
reported to favour in general crystal growth [32], is
found here to disturb crystal growth in the early
stage of crystal formation if present at intermediate
concentration and to favour it if present at high con-
centration. Hence during the rapid cooling below
glass transition the availability of free volume is con-
firmed to be a factor that improves crystal growth
rate on a kinetic point of view but only at high
OLA8 content.

3.3. Comparison between thermal and
mechanical data

Thermal data related to the first DSC heating step
and mechanical data can be correlated as resulting
from testing on specimens underwent to identical
thermal treatment. The application of the Mixture
Design approach to PLA containing a plasticizer and
two different nucleating agents evidenced that the
mechanical properties, such as E, !b and !y decreased
by increasing OLA8 because of plasticization. On
the other hand the crystallinity % Cryst. I corre-
spondingly showed a minimum-like trend. How-
ever the crystallinity content of the sample devel-
oped in the cold mould at 35°C is quite low. If we
consider the semi-crystalline PLA as a particulate
composite consisting in an amorphous matrix with
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Figure 10. (a) Two components mix graph and (b) contour plot of % Cryst. I



dispersed crystalline domains, we can consider that
(Equation (5)):

!b = !crystVcryst + !amorVamor                                  (5) 

where !b is the measured stress at break of PLA and
!cryst, Vcryst, !amor and Vamor are the stress at break
and volume fractions of its crystalline and amor-
phous phases, respectively. We have to notice that
Equation (5) represents a strong approximation,
since !crystVcryst is probably the sum of contribu-
tions of two different kinds of crystals: & and &'. In
fact both kinds of crystals are present, as revealed
by DSC analysis. However, as the material is mainly
amorphous (in fact the crystallinity varies in the
range 0.3–7.3%) in this case the mechanical proper-
ties strongly depend on the rigidity of the amor-
phous phase. In fact the elastic modulus of the
amorphous phase, as well as the Tg value, decreases
as the OLA8 content increases. This can easily
explain the trend of E, !y and !b as a function of
OLA8 content.
On the other hand E, !b and !y were found to increase
with LAK content whereas the % Cryst. I crys-
tallinity showed a maximum at about 3% LAK. The
trend can be explained again keeping into account
that mechanical properties are mainly consequence
of the rigidity of the amorphous phase. In this case,
we can consider the interaction of LAK or small
LAK aggregates with PLA macromolecules, acting
as physical cross-linking points, thus resulting in an
increased modulus of the amorphous matrix. In
accordance this can explain why E, !b and !y
increase upon increasing LAK concentration.

4. Conclusions
The application of a Mixture Design approach
allowed investigating the influence of plasticization
and nucleation onto thermal behaviour and mechan-
ical properties of PLA based materials in a system-
atic way, by clearly identifying composition regions
where the crystallization rate is maximized and
where a synergistic effect can be observed between
plasticizer and nucleation agents, attributed to the
optimization of balance between formation of nuclei
rate and spherulitic growth rate. LAK resulted effi-
cient as nucleating agent since the half time of crys-

tallization of PLA in the blends with LAK and PDLA
was significantly reduced.
Interestingly the crystallinity developed during injec-
tion moulding resulted maximized at intermediate
LAK content with respect to the investigated range,
whereas it presents a minimum-like trend as a func-
tion of OLA8 concentration. Hence the plasticizer,
which was reported to favour in general crystal
growth [32], is found here to disturb crystal growth
in the early stage of crystal formation if present in
intermediate concentration and to favour it if pres-
ent at higher concentration.
However the mechanical properties were found to
be mainly dependent on the amorphous phase rigid-
ity of the PLA based compounds as the crystallinity
content developed was low, in the range 0,3–7,3%
in the experimented conditions. Hence E, !b and !y
were found to increase as a function of LAK content
increase and decrease as a function of OLA8 increase.
The former trend was attributed to specific interac-
tion between LAK and PLA macromolecules improv-
ing amorphous phase rigidity and the latter can be
attributed to reduction of amorphous phase rigidity
thanks to plasticization.
The technological exploitation of this study can
occur by correctly modifying mould temperature
(close to cold crystallization temperature) and hold-
ing time (it should be increased) in injection mould-
ing to benefit of the improved crystallization rate in
the composition range where a synergy between
plasticization and nucleation was found. In the case
of fast cooling below glass transition temperature
(condition experimented in the present work) this
study demonstrates that the developed crystallinity
is quite low, but can be maximized by using inter-
mediate concentration of LAK and a high content of
OLA8, to find, even in these less favourable condi-
tions for crystallization, the best compromise between
the increase of nuclei density due to LAK and the
increase of spherulite growth rate due to OLA8.
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1. Introduction
Wood/polyvinyl chloride composites (WPVC) can be
converted into numerous products for specific appli-
cations, such as in the construction and automotive
industries, and are widely used due to their desirable
properties including cost-effectiveness and easy cus-
tomization [1, 2]. For outdoor applications, various
additives, e.g. stabilizers, reinforcing fillers, and bio-

cides, must be added to WPVC in order to prevent
the degradation of the composites [3–11].
Pilarski and Matuana [1] observed a decrease in flex-
ural properties of WPVC due to the accelerated aging
effect of freeze-thaw cycles and found that the aging
leads to more moisture uptake in the composites,
resulting in some deterioration of interfacial adhe-
sion between the wood flour and the PVC matrix.
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Naumann et al. [10] and Dawson-Andoh et al. [4]
reported the occurrence of surface micro- and
macro-cracks in wood composite materials due to
the accelerated weathering aging effect. The results
suggest that the accelerated weathering aging effect
under UV radiation, water spray, and repeated freeze-
thaw cycles causes enhancement of moisture sorp-
tion and microbial attacks. According to studies on
biological attack on materials, colonization by a
variety of fungal species (wood-decay fungi, stain-
ing fungi, yeasts, and yeast-like fungi) has been
mostly found on the surfaces of materials [4, 12–16].
Gumargalieva et al. [3] reported that Aspergillus
niger, a degradative fungal species, colonizes the sur-
faces of plasticized-PVC (p-PVC), causing losses of
plasticizer. Kaczmarek and Bajer [17] reported that
the biodegradation process was significantly more
accelerated in p-WPVC as compared with p-PVC
when exposed to soil burial conditions, i.e. in forest
soil and in soil enriched with microorganisms.
Typically, commercial biocides can be divided into
two types: inorganic and organic. Inorganic biocides,
which are derived from a chemical reaction process,
are generally considered to have high thermal sta-
bility; while organic biocides, usually made from
plant parts or produced by biochemical processes of
living organisms, are normally subject to biodegra-
dation in outdoor environments. Coulthwaite et al
[18] reported 2-n-octyl-4-isothiazolin-3-one (OIT)
encapsulated on silica or zeolite and showed the
best long term anti-fungal performance of pPVC
materials. Kositchaiyong et al. [19] reported that
addition of anti-fungal agent (Carbendazim or IPBC)
in WPVC composites tended to increase the anti-fun-
gal (Aspergillus niger) efficacy. 2-Hydroxypropyl-
3-piperazinyl-quinoline carboxylic acid methacry-
late (HPQM), or BioCleanAct™ (product code BCA-
101A0; Micro Science Tech Co., Ltd., Hwaseong,
South Korea), is a new commercial anti-microbial
agent that is claimed to be an environmental friendly
organic biocide with low toxicity, light elution, and
excellent color stability under UV light and pyroly-
sis conditions. Evidence [20, 21] shows that HPQM
performs well against a broad range of the micro-
bial spectrum. Kawahara et al. [22] reported that
HPQM has an anti-microbial effect against both
gram-negative (e.g., Escherichia coli, Pseudomonas
aeruginosa, and Salmonella typhimurium) and gram-
positive (e.g., Staphylococcus aureus, Bacillus sub-
tilis, and Streptococcus aureus) bacteria.

Thus, the objective of this work was to study the
effects of UV-accelerated weathering aging and nat-
ural weathering conditions on the mechanical and
physical properties and the anti-fungal efficacy of
polyvinyl chloride (PVC) and wood/polyvinyl chlo-
ride (WPVC) composites containing propylene gly-
col-based HPQM (as an anti-microbial agent). Propy-
lene glycol-based HPQM with content ranging from
0 to 50000 ppm was doped in PVC and in WPVC
with wood flour content of 50 and 100 pph (WPVC-
50 and WPVC-100). Fungal growth inhibition test
and dry weight technique, using Aspergillus niger as
a testing fungus, were employed to evaluate anti-fun-
gal performance.

2. Experimental
2.1. Materials and chemicals
Suspension PVC with a K value of 58 (Siamvic
258RB; Vinythai Public Co., Ltd., Rayong, Thai-
land), necessary additives, and wood flour from hard-
wood (V.P. Wood Co., Ltd., Bangkok, Thailand) were
used in this work. The PVC and necessary additives
were manufactured following the formulations given
in our previous study [7]. Wood flour with an average
particle size of 100 to 300 !m was chemically treated
with N-2(aminoethyl)-3-aminopropyl trimethoxysi-
lane (KBM-603; Shin-Etsu Chemical Co., Ltd.,
Tokyo, Japan) as a coupling agent. Propylene glycol-
based HPQM (HPQM), in the form of a light yellow
liquid, was used as an anti-fungal agent (Koventure
Co., Ltd., Samut Prakan, Thailand), with the chem-
ical formulation of 2-hydroxypropyl-3-piperazinyl-
quinoline carboxylic acid methacrylate thiazole,

Srimalanon et al. – eXPRESS Polymer Letters Vol.10, No.4 (2016) 289–301

                                                                                                    290

Table 1. Ingredients in PVC and WPVC compounds

*pph: parts per hundred; **ppm: parts per million

Chemical name Content
[pph*]

Suspension PVC (Siamvic 258RB) 100.0
Emulsion PVC (Siamvic 167GZ) 4.0
Thermal stabilizer
(Pb–Ba-based organic, PF 608A) 3.6

Thermal stabilizer (PF 601) 1.5
External lubricant (Finalux-G 741) 0.6
Internal lubricant (calcium stearate) 0.6
Filler (calcium carbonate, Omyacarb® 2T) 12.0
Impact modifier
(modified chlorinated polyethylene) 7.7

Processing aid (acrylic, PA-20) 6.0
Wood flour 0, 50, 100
Silane coupling agent (KBM-603) 1 wt% of wood
Anti-microbial agent
(propylene glycol-based HPQM) 0–50000 ppm**



freezing point of –59°C and boiling point of 188°C.
Aspergillus niger was used as a testing fungus (A.
niger, TISTR 3245; Thailand Institute of Scientific
and Technological Research, Thailand). Necessary
additives included thermal stabilizers, external and
internal lubricants, calcium carbonate as a filler, mod-
ified chlorinated polyethylene as an impact modi-
fier, and an acrylic polymer as a processing aid
(Table 1).

2.2. Sample preparation
The wood flour was chemically surface-treated with
N-2(aminoethyl)-3-aminopropyl trimethoxysilane
at 1.0 wt% of wood flour content using a high-speed
mixer at 1000 rpm for 5 min. Treated wood flour was
then dried in a hot-air oven at 80°C for 72 h [7]. The
PVC compound was dry-blended with treated wood
flour and HPQM using a high-speed mixer at
1000 rpm for 5 min. The components of PVC and
WPVC, including the necessary additives, are listed
in Table 1. HPQM at a content of 0, 1000, 5000,
10000, 15000, 20000, and 50000 ppm of PVC com-
pound was doped in PVC and in WPVC containing
wood flour at 50 and 100 pph of PVC compound
(WPVC-50 and WPVC-100). All compositions were
melt-blended using a counter-rotating twin-screw
extruder (HAAKE™ Rheomex CTW 100 QC;
Thermo Scientific, Waltham, MA, USA) at temper-
atures of 140, 150, 160 and 160°C for feed zone to
die, respectively. A screw speed of 40 rpm was used
to produce pellets of PVC, WPVC-50, and WPVC-
100 with different HPQM contents; the pellets were
then dried in a hot-air oven at 80 °C for 24 h to
remove moisture. Test specimen pellets were prepared
using a compression molding machine (LP-20M;
Labtech Engineering, Samut Songkhram, Thai-
land) at 170 °C under a pressure of 150 kg/cm2 for
8 min.

2.3. Material characterizations
2.3.1. Flexural properties
Flexural properties were measured following the
standard test method ASTM D790 (2010), using a
universal testing machine (Autograph AG-I; Shi-
madzu, Kyoto, Japan). The flexural properties of
specimens were investigated in terms of flexural
modulus and strength. The results were averaged
from at least five independent determinations.

2.3.2. Surface contact angle measurement
Surface contact angle value was determined follow-
ing ASTM D7334 (2008) using a contact angle
goniometer (100-00; Ramé-hart Instrument Co., Suc-
casunna, NJ, USA). Surface contact angle value
referred to changes of surface chemistry, surface
energy, and hydrophobicity of PVC and WPVC.
The results were averaged from at least five inde-
pendent droplets at 100 !L/time of dropped volume
size in advancing stage using distilled water as wet-
ting liquid.

2.3.3. Surface morphology
The morphological properties of PVC and WPVC
were photographed using a scanning electron micro-
scope (JSM-6301F; JEOL, Tokyo, Japan) under
15 kV of accelerating voltage and backscattering
detection mode. The aim of the tests was to study the
fracture surface of specimens before and after weath-
ering testing. For specimen preparation, all samples
were dried, cleaned, and then gold-coated using a
sputter coater before being photographed.

2.3.4. Surface color change
Surface color change of the specimens was measured
with a UV-Vis-NIR recording spectrophotometer
(UV-3100; Shimadzu, Japan) in accordance with
ASTM D1746 (2009), using the Hunter Lab system.
The surface color change of specimens was investi-
gated in terms of lightness level (L*). The results were
averaged from at least five independent determina-
tions.

2.4. Evaluation of fungal growth
2.4.1. Fungal growth inhibition test
Fungal growth inhibition [19] against A. niger, a test-
ing fungus, was used for anti-fungal evaluation of
specimens. The procedure was commenced by prepar-
ing an initial fungal spore suspension containing
104 spores/mL in 100 mL of 1:1 potato dextrose broth
(PDB)/potato dextrose agar (PDA). One piece of
specimen (30"30 cm2) was placed on PDA in a Petri
dish (9 cm diameter). Prepared fungal spores were
then poured onto the specimen in the dish and incu-
bated at a temperature of 25°C for 7 days. The results
were reported as percent of fungal growth inhibi-
tion, as shown in Equation (1):

Percent of fungal growth inhibition   (1)5
AC

AS
~
1005

AC

AS
~
100
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where AC and AS are the area of fungal growth inhi-
bition on the specimen surface [mm] and the area of
the specimen surface [mm], respectively. Each area
was calculated using the ImageJ program.

2.4.2. Dry weight technique
The technique was modified from the determination
of fungal growth as described in previous studies
[23, 24]. The procedure was commenced by prepar-
ing an initial fungal spore suspension containing
104 spores/mL in 100 mL PDB. Two pieces of spec-
imens (2.5"5 cm2) were placed into the prepared fun-
gal medium in an Erlenmeyer flask and then shaken
at 150 rpm at an incubation temperature of 25°C for
14 days. After the incubation period, the specimens
were collected from the PDB medium and the grow-
ing fungi removed by vacuum filtration using high
wet-strength Whatman No. 1 filter paper. The filtered
fungi were oven-dried at 80 °C for 48 h and then
cooled in a desiccator until reaching a constant
weight. The weight of growing fungi was calculated
by subtracting the weight of the filter paper from the
total weight, and was reported in terms of dry weight
of fungi in mg/L, as governed by Equation (2):

Dry weight of fungi                                 (2)

where Wd is the dry weight of filtered fungi [mg] and
Vm is the volume of the PDB medium used (100 mL).

2.5. Accelerated weathering studies
2.5.1. UV-accelerated weathering aging testing
Testing was performed following ASTM G154
(2012) cycle I using a QUV Accelerated Weathering
Tester (Q-LAB, Westlake, OH, USA). The conditions
of UV-weathering aging testing included exposure
to UVA radiation at a wavelength of 340 nm and
intensity of 0.77 W/m2 at 60°C for 8 h, and water
condensation at 50°C for 4 h. The aging times were
varied at 0, 4, 8, 16, and 32 days.

2.5.2. Natural weathering testing
Testing was performed in accordance with ASTM
D1435 (2005). The specimens were exposed on
racks at a 45° angle in a southerly direction on a roof
deck at the School of Energy, Environment and Mate-
rials building at King Mongkut’s University of Tech-
nology Thonburi, Bangkok, Thailand, for 52 days
during March and April 2014. The conditions for nat-
ural weathering testing included UVA radiation at a

wavelength of 340 nm and intensity of 0.67 W/m2

tested by spectroradiometer series CAS140CT-154
(approved by the National Institute of Metrology of
Thailand), temperature 26.7 to 36.9 °C, rainfall
23.7 mL/day, and relative humidity 72.5%. Climate
data were provided by National Institute of Metrol-
ogy of Thailand and The Thai Meteorological Depart-
ment. The natural weathering times were varied at
0, 14, 28, 42, and 56 days.

3. Results and discussion
3.1. Effects of HPQM and wood flour contents
The results of the fungal growth inhibition test and
the dry weight technique against A. niger for PVC,
WPVC-50, and WPVC-100 with different HPQM
contents are shown in Figure 1. In general, a greater
percentage of fungal growth inhibition usually indi-
cates better anti-microbial efficacy of a material. Fig-
ure 1a shows the anti-microbial efficacy in terms of
percent of fungal growth inhibition against A. niger
of PVC at 0, 50, and 100 pph of wood flour doped
with HPQM. The minimum HPQM contents to attain
100% fungal growth inhibition for PVC, WPVC-50,
and WPVC-100 were 50000, 15000, and 10000 ppm,
respectively. It was found that the anti-fungal effi-
cacy of PVC increased with increasing HPQM and
wood flour contents. This suggests that the wood
flour allows more HPQM to migrate onto the WPVC
composite surfaces. An explanation for this phe-
nomenon is that introducing the wood flour, which is
highly hydrophilic in nature [25, 26] into the WPVC
makes the PVC become more hydrophilic. As a con-
sequence, more water molecules can be absorbed
into/onto the HPQM/WPVC surfaces [19]. Another
possible reason was that the methoxy groups
(–OCH3) in the aminosilane could be hydrolyzed to
produce silanol [–OSi(OH)3] and these silanol groups
would develop covalent siloxane bonds by reaction
with OH groups of wood during the wood flour pre-
treatment process, and then the PVC could bond with
the amine group of aminosilane modified wood
flour by an acid–base interaction [27–29]. Accord-
ingly, wood flour acts as an anti-fungal promoter
for the WPVC due to its preliminary treatment with
amino-based silane coupling agent which reduces
the degree of water absorption [30].
Figure 1b shows the anti-fungal efficacy in terms of
dry weight against A. niger of PVC at 0, 50, and
100 pph of wood flour doped with HPQM. In general,
the lower the dry weight of the fungus, the better

5
Wd

Vm
5

Wd

Vm
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the anti-fungal efficacy of the material. In this case,
the dry weight of A. niger (Figure 1b) decreased
with increasing wood flour and HPQM contents. This
suggests that wood flour acts as an anti-fungal pro-
moter for WPVC [31]. This property was clearly seen
for wood flour contents of 50 and 100 pph. The find-
ings also correspond well to the percent of fungal
growth inhibition results shown in Figure 1a.
Table 2 shows the surface contact angle values of
PVC and WPVC with different HPQM and wood
flour contents. It was observed that adding HPQM
tended to lower the surface contact angle values of

PVC and WPVC materials. This implies greater
hydrophilicity of the PVC and WPVC when HPQM
was introduced into the composites due to the high
polarity and hydrophilicity of HPQM, which proba-
bly migrated onto the PVC and WPVC surfaces. It
was also found that the higher the wood flour con-
tent, the lower the surface contact angle values. This
would be associated with the hydrophilicity of the
wood flour in WPVC composites, with high water
absorption and polarity. The changes in the hydro -
philicity of WPVC by adding wood flour are related
to the increase in the number of hydroxyl groups in
the wood fiber structure.

3.2. Effects of QUV-accelerated weathering
aging and natural weathering conditions

Anti-fungal efficacy and surface morphology of the
PVC and WPVC specimens from the effects of QUV-
accelerated weathering are shown in Figures 2 and 3
with respect to the degree of fungal growth inhibi-
tion (quantitative analysis) and the results of scanning
electron micrographs (SEM) (qualitative analysis),
respectively. Figure 2a shows the anti-fungal effi-
cacy in terms of fungal growth inhibition for neat
PVC with varying HPQM content under the effect of
QUV-accelerated weathering. The degree of fungal
growth inhibition for the PVC samples decreased sig-
nificantly with increasing QUV aging time. The water
condensation process accompanying the degrada-
tion of the neat PVC during QUV aging could be the
main reason for this drastic reduction in the anti-
fungal activity of PVC samples. When the PVC sam-
ples encountered UV light, some cracks would occur
due to PVC degradation. The HPQM was thus able to
migrate more easily, or be released through the
cracks, and was eventually washed away in the water
condensation process during QUV aging. The num-
ber of cracks for neat PVC increased with increas-
ing aging time (Figure 3a–3c). These results corre-
spond well with Sributr et al. [32]. The findings
indicate that HPQM in neat PVC was not capable of
maintaining anti-fungal efficacy under prolonged UV
light exposure.
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Figure 1. Anti-fungal efficacy of PVC, WPVC-50, and
WPVC-100 with different HPQM content: (a) fun-
gal growth inhibition values, and (b) dry weight
values

Table 2. Contact angles of PVC, WPVC-50, and WPVC-100 with different HPQM content. Mean (±SD).
Wood flour

content
[pph]

HPQM content
[ppm]

0 1000 5000 10000 15000 20000 50000
0 90.9° (±0.7) 88.3° (±0.3) 88.5° (±0.9) 86.8° (±0.5) 84.9° (±1.0) 80.8° (±1.2) 72.9° (±2.2)

50 81.6° (±2.1) 80.6° (±1.6) 80.1° (±1.8) 79.2° (±1.5) 77.9° (±1.0) 75.3° (±0.5) 70.5° (±1.8)
100 78.2° (±1.0) 77.8° (±1.1) 77.3° (±2.0) 74.1° (±0.2) 73.6° (±0.3) 73.4° (±0.2) 66.7° (±0.1)



Figure 2b shows the anti-fungal efficacy in terms of
fungal growth inhibition for WPVC-50 with varying
HPQM content under the effect of QUV-accelerated
weathering. From day 0 to day 8, it was observed that
the degree of fungal growth inhibition for the WPVC-
50 sample with HPQM content of 5000 ppm increased
with increasing QUV aging time. Then, from day 8
to day 32 the degree of fungal growth inhibition for

the WPVC-50 sample decreased with increasing
QUV aging time. During the first few days of aging,
the low anti-fungal efficacy of WPVC-50 was caused
by HPQM being trapped by the PVC matrix, thus
limiting the diffusion rate of HPQM in the compos-
ites. The limited diffusion rate of HPQM may be
caused by both H-bonding between HPQM and the
coupling agent and dipole–dipole interaction between
HPQM and carbon atoms in the PVC matrix. The
decrease in the degree of fungal growth inhibition
for the WPVC-50 sample after day 8 involved the
water condensation process accompanying the degra-
dation of the WPVC-50 during QUV aging, which
initiated some cracks on the WPVC-50 composite,
thereby increasing the diffusion rate of HPQM
through the cracks. The number of cracks for WPVC-
50 increased with increasing aging time, as shown
in Figure 3d–3f. These results correspond well with
Sributr et al. [32]. During the condensation process,
some of the HPQM was washed away from the com-
posite samples, resulting in a decrease in anti-fun-
gal growth inhibition, as shown in Figure 2b. Simi-
lar results, but with more pronounced anti-fungal
efficacy, were shown for WPVC-100 with varying
HPQM content under the effect of QUV-accelerated
weathering (Figure 2c); the surface morphological
properties illustrating the results are shown in Fig-
ure 3g–3i.
Figures 4 and 5 show the effects of natural weather-
ing conditions on the anti-fungal efficacy and sur-
face morphology (from SEM) of neat PVC and of
WPVC-50 and WPVC-100 composites with varying
HPQM content. Figure 4a shows the effects of natural
weathering conditions on the anti-fungal efficacy of
neat PVC with varying HPQM content. Before nat-
ural weathering, the anti-fungal efficacy of neat PVC
with 50 000 ppm HPQM reached 100% of fungal
growth inhibition. Under natural weathering, the
anti-fungal efficacy of PVC was generally found to
decrease with increasing weathering time. This can
be explained by the water condensation process
accompanying the degradation of the neat PVC, as
mentioned previously. However, at day 56 neat PVC
regained some of its anti-fungal efficacy, from 20 to
around 48%. In this case, when the PVC samples
were exposed to UV light, some cracks would occur
due to PVC degradation (Figure 5c). The HPQM was
then able to migrate more easily (or be released
through the cracks), thus increasing the anti-fungal
efficacy of neat PVC.
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Figure 2. Fungal growth inhibition values for (a) PVC,
(b) WPVC-50, and (c) WPVC-100 with different
HPQM content, after QUV-accelerated weather-
ing aging



Figure 4b shows the effects of natural weathering
conditions on the anti-fungal efficacy of WPVC-50
with varying HPQM content. Before natural weath-
ering, the minimum concentration of HPQM which
resulted in 100% of fungal growth inhibition was
15000 ppm. Under natural weathering, the anti-fun-
gal efficacy of WPVC-50 was found to decrease with
increasing weathering time for any given HPQM
content (other than 50000 ppm) until day 56, when
the anti-fungal efficacy of WPVC-50 increased. As
in the case of neat PVC, when the WPVC-50 sam-
ples encountered UV light, some cracks would occur
due to WPVC-50 degradation (Figure 5d–5f), allow-
ing the HPQM to migrate more easily (or be released
through the cracks) and thus increase the anti-fun-
gal efficacy of WPVC-50.
Figure 4c shows the effects of natural weathering
conditions on the anti-fungal efficacy of WPVC-

100 with varying HPQM content. Before natural
weathering, the minimum concentration of HPQH
necessary to achieve 100% of fungal growth inhibi-
tion was 10 000 ppm. Under natural weathering, the
anti-fungal efficacy of WPVC-100 was found to
decrease with increasing weathering time and then
increase at day 56. Figure 5g–5i shows the surface
morphology during natural weathering of WPVC-
100 doped with 10 000 ppm HPQM. When compar-
ing between QUV weathering (Figure 2) and natural
weathering (Figure 4), the reduction of anti-fungal
efficacy for neat PVC and WPVC was more pro-
nounced for QUV weathering. It is known that radi-
ation from sunlight under natural weathering condi-
tions includes visible light, UV, and infrared radia-
tion; whereas the radiation from a UVB lamp under
QUV weathering conditions contains only UV radi-
ation (280–380 nm) [33]. In general, radiation at UV
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Figure 3. Scanning electron micrographs showing the surface morphology of PVC (a–c), WPVC-50 (d–e), and WPVC-
100 (g–i) doped with HPQM, after QUV-accelerated weathering aging



wavelengths is primarily responsible for PVC degra-
dation. In this case, UV radiation under natural
weathering was much lower than under QUV weath-
ering. This is the reason for greater PVC and WPVC
degradation under QUV weathering as compared
with natural weathering.

Figure 6 shows the release behavior model of HPQM
in the WPVC matrix when exposed to QUV-accel-
erated weathering aging and natural weathering. The
release behavior of HPQM is composed of four
stages: I) initial stage, II) water discharge, III) sur-
face cracks, and IV) more surface cracks with respect
to time or severity of QUV-accelerated weathering
aging. Figure 6a shows stage I of the WPVC matrix,
before applying weathering aging. This stage shows
three types of HPQM activity on the WPVC com-
posites: 1) forming H-bonds with the silane cou-
pling agent, 2) forming dipole–dipole interaction with
carbon atoms in the WPVC matrix, and 3) releasing
HPQM species on the WPVC surface. Figure 6b
shows stage II, the water-discharge stage, of the
release behavior of HPQM in the WPVC matrix. In
this stage, the degree of fungal growth inhibition for
the WPVC decreased with increasing weathering
time. This is because only the free HPQM on the top
surface could achieve anti-fungal efficacy. Most of
the HPQM was trapped by the PVC matrix. Figure 6c
shows stage III, surface cracks, of the release behav-
ior of HPQM in the WPVC matrix. In this stage, the
degree of fungal growth inhibition for the WPVC
increased with increasing weathering time. This is
because the water condensation process accompa-
nying the degradation of the WPVC generated some
cracks; this allowed HPQM to migrate more easily,
or be released through the cracks, and eventually be
washed away in the water condensation process dur-
ing QUV aging. In general, HPQM is replaced by
water molecules, forming H-bonds with the OH–
groups of the wood flour. Figure 6d shows stage IV,
more surface cracks from the release behavior of
HPQM in the WPVC matrix. In this stage, the degree
of fungal growth inhibition for the WPVC decreased
with increasing weathering time. This is because
less HPQM is left in the WPVC.
Figure 7 shows the timeline of the release behavior
of HPQM in the WPVC matrix when exposed to
QUV-accelerated weathering aging and natural
weathering. Natural weathering occurs in three
stages: (I) initialization, (II) water-discharge, and
(III) surface cracks. However, for QUV-accelerated
weathering aging, there are four stages: (I) initializa-
tion, (II) water-discharge, (III) surface cracks, and
(IV) more surface cracks. Both natural weathering
and QUV-accelerated weathering aging had similar
effects on the anti-microbial performance changes for
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Figure 4. Fungal growth inhibition values for (a) PVC,
(b) WPVC-50, and (c) WPVC-100 with different
HPQM content, after natural weathering
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Figure 5. Scanning electron micrographs showing the surface morphology of PVC (a–c), WPVC-50 (d–f), and WPVC-
100 (g–i) doped with HPQM, after natural weathering

Table 3. Flexural and physical properties of PVC and WPVC before and after QUV-accelerated weathering aging. Mean (±SD).

Sample
HPQM
content
[ppm]

QUV-accelerated weathering aging
Flexural modulus

[MPa]
Flexural strength

[MPa]
Lightness

(L*)
Before After Before After Before After

PVC

0 2347.52 (±128.06) 2477.54 (±78.40) 60.84 (±1.33) 70.64 (±1.22) 80.32 (±0.46) 54.23 (±3.55)
5000 2332.90 (±89.58) 2327.12(±156.40) 60.04 (±0.61) 70.85 (±2.46) 80.25 (±0.11) 54.86 (±0.56)

10000 2096.87 (±88.31) 2358.64 (±33.53) 55.45 (±2.51) 64.71 (±3.42) 79.71 (±0.41) 53.27 (±3.22)
15000 2147.14 (±72.09) 2229.32(±107.60) 53.02 (±1.12) 65.78 (±1.35) 80.26 (±0.27) 50.49 (±0.99)
20000 2033.49 (±71.46) 2247.46 (±97.20) 52.30 (±0.88) 64.42 (±1.65) 79.28 (±0.31) 44.89 (±1.46)
50000 2015.70 (±14.35) 2019.31(±153.02) 45.62 (±1.03) 56.06 (±1.46) 75.89 (±0.42) 42.07 (±0.52)

WPVC-50

0 2903.49 (±124.63) 1936.92 (±71.72) 38.35 (±1.62) 33.05 (±1.82) 28.92 (±0.31) 79.84 (±0.23)
5000 3019.40 (±147.11) 2028.31(±101.44) 40.48 (±1.40) 31.53 (±1.19) 28.99 (±0.30) 77.59 (±0.73)

10000 3089.78 (±98.48) 2036.32 (±53.53) 40.61 (±1.82) 32.13 (±0.88) 29.20 (±0.08) 78.62 (±0.51)
15000 3009.10 (±160.80) 1980.18 (±94.87) 40.65 (±3.38) 28.55 (±1.38) 28.61 (±0.29) 75.46 (±0.59)
20000 2972.06 (±122.81) 2263.35(±102.86) 39.90 (±1.47) 33.02 (±2.33) 29.17 (±0.16) 76.47 (±0.37)
50000 3024.31 (±116.08) 2132.36 (±91.84) 40.02 (±2.12) 31.99 (±1.77) 28.41 (±0.06) 76.28 (±0.29)

WPVC-100

0 3434.00 (±111.41) 1617.47(±157.51) 37.54 (±1.23) 21.33 (±0.95) 28.43 (±0.17) 74.41 (±0.28)
5000 3502.67 (±284.04) 1877.49 (±56.98) 40.78 (±2.27) 26.23 (±1.80) 28.62 (±0.33) 72.97 (±0.24)

10000 3691.17 (±50.71) 2056.45(±122.58) 37.46 (±0.05) 24.63 (±2.83) 28.10 (±0.01) 72.51 (±0.59)
15000 3471.54 (±155.10) 2188.33 (±198.51) 37.80 (±2.30) 26.61 (±2.93) 28.28 (±0.10) 73.45 (±0.91)
20000 3464.02 (±122.43) 1934.47(±160.18) 40.59 (±2.13) 26.94 (±0.91) 26.97 (±0.23) 72.03 (±0.92)
50000 3421.22 (±136.13) 1800.69(±190.37) 39.11 (±0.39) 25.45 (±2.63) 27.30 (±0.14) 69.23 (±0.42)



PVC and WPVC composites, but the changes were
slower for natural weathering. This can also be
explained by the differences in energy provided by
natural weathering and QUV aging, as discussed
earlier and in Chaochanchaikul et al. [33].
Tables 3 and 4 show the flexural and physical prop-
erties of PVC and WPVC before and after QUV-
accelerated weathering aging and natural weather-
ing. The results show that the flexural modulus for
neat PVC was not affected by QUV-accelerated
weathering aging and natural weathering. This is
because of the high polarity and strong molecular
interaction of PVC molecules. When considering
the effect of wood flour, the flexural modulus of the
WPVC-50 and WPVC-100 composites decreased
with increased QUV-accelerated weathering aging

and natural weathering time. This can be explained
by the moisture absorption ability of the wood flour.
During the aging process, wood flour absorbed mois-
ture, decreasing the interfacial adhesion between
wood fibers and the polymer matrix. Moreover, the
presence of wood appeared to accelerate the pho-
todegradation of WPVC under QUV-accelerated
weathering aging conditions and to decrease the
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Figure 6. Release behavior of HPQM in the WPVC matrix when exposed to QUV-accelerated weathering aging or natural
weathering: (a) initial stage, (b) water discharge, (c) surface cracks, and (d) more surface cracks with respect to
time or severity of QUV-accelerated weathering aging

Figure 7. Timeline of release behavior of HPQM in the
WPVC matrix when exposed to QUV-accelerated
weathering aging and natural weathering



mechanical properties of the WPVC. This can be
explained by the induced dipole–dipole interaction
between OH– groups of wood flour and Cl atoms
on the PVC chain [33].
The flexural strength of neat PVC increased during
QUV-accelerated weathering aging and natural
weathering. The increased flexural strength after
aging can be explained by the presence of polyene
[33]. In the case of WPVC-50 and WPVC-100, the
flexural strength decreased during QUV-acceler-
ated weathering aging and natural weathering. The
decrease in flexural strength after aging can be
explained by the same reason given above. When
comparing between QUV-accelerated weathering
aging and natural weathering, the reduction of flex-
ural strength for WPVC-50 and WPVC-100 was
more pronounced for QUV weathering. This is
because the UV radiation under natural weathering
was much lower than under QUV-accelerated weath-
ering aging, which explains the greater WPVC degra-
dation under QUV-accelerated weathering aging as
compared with natural weathering.
The results of discoloration testing (Tables 3 and 4)
for QUV-accelerated weathering aging and natural
weathering indicate that the lightness (L*) of neat
PVC decreased with aging. This can be explained
by the degradation of PVC, which is confirmed by
the presence of polyene. However, the lightness of

WPVC-50 and WPVC-100 increased with aging.
The increase in lightness of the WPVC composites
after QUV-accelerated weathering aging and natu-
ral weathering can be explained by the lignin struc-
ture in wood flour changing from hydroquinone to
para-quinone [34].

4. Conclusions
Adding wood flour to the PVC matrix could improve
the anti-fungal efficacy of the WPVC composites. For
killing fungi, the optimal dosages of propylene gly-
col-based HPQM in PVC, WPVC-50, and WPVC-
100 were 50 000, 15 000, and 10 000 ppm, respec-
tively. When comparing QUV-accelerated weathering
aging and natural weathering, it was observed that
the reduction of flexural strength for WPVC-50 and
WPVC-100 was more pronounced for QUV weath-
ering. The flexural properties of WPVC were found
to decrease with increasing QUV-accelerated weath-
ering aging and natural weathering, but this was not
the case for neat PVC samples. The anti-fungal eval-
uation indicated that the samples doped with less
than 20000 ppm propylene glycol-based HPQM had
a more pronounced effect than the ones doped with
higher dosages. The release behavior of HPQM in the
WPVC matrix was dependent on the type of aging,
PVC degradation, and water condensation during the
aging process. The change in the anti-fungal per-
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Table 4. Flexural and physical properties of PVC and WPVC before and after natural weathering. Mean (±SD).

Sample
HPQM
content
[ppm]

Natural weathering
Flexural modulus

[MPa]
Flexural strength

[MPa]
Lightness

(L*)
Before After Before After Before After

PVC

0 2347.52 (±128.06) 2386.68 (±261.33) 60.84 (±1.33) 64.81 (±1.08) 80.32 (±0.46) 74.15 (±0.16)
5000 2332.90 (±89.58) 2364.36 (±234.67) 60.04 (±0.61) 65.37 (±0.70) 80.25 (±0.11) 70.21 (±0.25)

10000 2096.87 (±88.31) 2225.36 (±107.51) 55.45 (±2.51) 64.72 (±0.05) 79.71 (±0.41) 69.30 (±0.14)
15000 2147.14 (±72.09) 2236.44 (±138.36) 53.02 (±1.12) 60.17 (±2.51) 80.26 (±0.27) 68.34 (±0.03)
20000 2033.49 (±71.46) 2172.27 (±99.78) 52.30 (±0.88) 56.87 (±2.25) 79.28 (±0.31) 67.25 (±0.06)
50000 2015.70 (±14.35) 2008.24 (±139.28) 45.62 (±1.03) 50.58 (±2.43) 75.89 (±0.42) 53.00 (±0.45)

WPVC-50

0 2903.49 (±124.63) 2345.43 (±125.86) 38.35 (±1.62) 35.74 (±1.31) 28.92 (±0.31) 70.56 (±0.75)
5000 3019.40 (±147.11) 2423.23 (±72.72) 40.48 (±1.40) 35.72 (±1.00) 28.99 (±0.30) 73.88 (±0.90)

10000 3089.78 (±98.48)1 2365.63 (±79.67) 40.61 (±1.82) 35.04 (±0.47) 29.20 (±0.08) 74.78 (±1.03)
15000 3009.10 (±160.80) 2404.08 (±67.88) 40.65 (±3.38) 35.86 (±4.27) 28.61 (±0.29) 74.19 (±1.19)
20000 2972.06 (±122.81) 2360.26 (±235.72) 39.90 (±1.47) 37.35 (±0.42) 29.17 (±0.16) 72.83 (±0.60)
50000 3024.31 (±116.08) 2347.39 (±139.47) 40.02 (±2.12) 37.23 (±2.04) 28.41 (±0.06) 71.47 (±0.64)

WPVC-100

0 3434.00 (±111.41) 2400.56 (±68.82) 37.54 (±1.23) 29.03 (±0.07) 28.43 (±0.17) 74.98 (±0.33)
5000 3502.67 (±284.04) 2528.45 (±128.96) 40.78 (±2.27) 30.04 (±0.53) 28.62 (±0.33) 73.89 (±0.16)

10000 3691.17 (±50.71) 2300.54 (±189.01) 37.46 (±0.05) 30.39 (±2.25) 28.10 (±0.01) 74.85 (±0.28)
15000 3471.54 (±155.10) 2346.40 (±42.29)- 37.80 (±2.30) 29.54 (±0.52) 28.28 (±0.10) 74.32 (±0.64)
20000 3464.02 (±122.43) 2220.97 (±272.09) 40.59 (±2.13) 28.09 (±2.29) 26.97 (±0.23) 73.78 (±0.17)
50000 3421.22 (±136.13) 2149.28 (±98.26)- 39.11 (±0.39) 29.35 (±1.32) 27.30 (±0.14) 73.98 (±0.35)



formance of WPVC under natural weathering was
the same as that under QUV-accelerated weathering
aging, but the rate of change was slower.

Acknowledgements
The authors would like to thank the Thailand Research Fund
(TRF) for a Senior Research Scholar Grant (RTA 5580009)
and a Researchers and Research for Industry Grant (MSD
56I0082). Appreciation is also expressed to the Office of the
Higher Education Commission (Thailand) under the National
Research Universities program, and to Koventure Co., Ltd.
(Thailand), for financial support. The authors are grateful to
the College of Industrial Technology, King Mongkut’s Uni-
versity of Technology North Bangkok (KMUTNB), for the
use of laboratory facilities.

References
  [1] Pilarski J. M., Matuana L. M.: Durability of wood

flour-plastic composites exposed to accelerated freeze–
thaw cycling. Part I. Rigid PVC matrix. Journal of
Vinyl and Additive Technology, 11, 1–8 (2005).
DOI: 10.1002/vnl.20029

  [2] Pattamasattayasonthi N., Chaochanchaikul K., Rosarpi-
tak V., Sombatsompop N.: Effects of UV weathering
and a CeO2-based coating layer on the mechanical and
structural changes of wood/PVC composites. Journal of
Vinyl and Additive Technology, 17, 9–16 (2011).
DOI: 10.1002/vnl.20246

  [3] Gumargalieva K. Z., Zaikov G. E., Semenov S. A.,
Zhdanova O. A.: The influence of biodegradation on the
loss of a plasticiser from poly(vinyl chloride). Polymer
Degradation and Stability, 63, 111–112 (1999).
DOI: 10.1016/S0141-3910(98)00071-8

  [4] Dawson-Andoh B., Matuana L. M., Harrison J.: Mold
susceptibility of rigid PVC/wood-flour composites.
Journal of Vinyl and Additive Technology, 10, 179–186
(2004).
DOI: 10.1002/vnl.20027

  [5] Sombatsompop N., Phromchirasuk C.: Effects of acrylic
based processing aids on processability, rheology, ther-
mal and structural stability, and mechanical properties
of PVC/wood sawdust composites. Journal of Applied
Polymer Science, 92, 782–790 (2004).
DOI: 10.1002/app.13641

  [6] El-Aghoury A., Vasudeva R. K., Banu D., Elektorowicz
M., Feldman D.: Contribution to the study of fungal
attack on some plasticized vinyl formulations. Journal of
Polymers and the Environment, 14, 135–147 (2006).
DOI: 10.1007/s10924-006-0004-9

  [7] Chaochanchaikul K., Sombatsompop N.: Stabiliza-
tions of molecular structures and mechanical proper-
ties of PVC and wood/PVC composites by Tinuvin and
TiO2 stabilizers. Polymer Engineering and Science,
51, 1354–1365 (2011).
DOI: 10.1002/pen.21893

  [8] Faruk O., Bledzki A. K., Fink H-P., Sain M.: Biocom-
posites reinforced with natural fibers: 2000–2010.
Progress in Polymer Science, 37, 1552–1596 (2012).
DOI: 10.1016/j.progpolymsci.2012.04.003

  [9] Jeamtrakull S., Kositchaiyong A., Markpin T., Rosarpi-
tak V., Sombatsompop N.: Effects of wood constituents
and content, and glass fiber reinforcement on wear
behavior of wood/PVC composites. Composites Part B:
Engineering, 43, 2721–2729 (2012).
DOI: 10.1016/j.compositesb.2012.04.031

[10] Naumann A., Stephan I., Noll M.: Material resistance
of weathered wood-plastic composites against fungal
decay. International Biodeterioration and Biodegrada-
tion, 75, 28–35 (2012).
DOI: 10.1016/j.ibiod.2012.08.004

[11] Fang Y., Wang Q., Guo C., Song Y., Cooper P. A.: Effect
of zinc borate and wood flour on thermal degradation
and fire retardancy of polyvinyl chloride (PVC) compos-
ites. Journal of Analytical and Applied Pyrolysis, 100,
230–236 (2013).
DOI: 10.1016/j.jaap.2012.12.028

[12] Kırba# Z., Keskin N., Güner A.: Biodegradation of poly -
vinylchloride (PVC) by white rot fungi. Toxicology Bul-
letin of Environmental Contamination, 63, 335–342
(1999).
DOI: 10.1007/s001289900985

[13] Gu J-D.: Microbiological deterioration and degradation
of synthetic polymeric materials: Recent research
advances. International Biodeterioration and Biodegra-
dation, 52, 69–91 (2003).
DOI: 10.1016/S0964-8305(02)00177-4

[14] Lugauskas A., Levinskaite L., Peciulyte D.: Micro -
mycetes as deterioration agents of polymeric materi-
als. International Biodeterioration and Biodegradation,
52, 233–242 (2003).
DOI: 10.1016/S0964-8305(03)00110-0

[15] Lucas N., Bienaime C., Belloy C., Queneudec M., Sil-
vestre F., Nava-Saucedo J. E.: Polymer biodegradation:
Mechanisms and estimation techniques – A review.
Chemosphere, 73, 429–442 (2008).
DOI: 10.1016/j.chemosphere.2008.06.064

[16] Lomelí-Ramírez M. G., Ochoa-Ruiz H. G., Fuentes-
Talavera F. J., García-Enriquez S., Cerpa-Gallegos M.
A., Silva-Guzmán J. A.: Evaluation of accelerated decay
of wood plastic composites by Xylophagus fungi. Inter-
national Biodeterioration and Biodegradation, 63, 1030–
1035 (2009).
DOI: 10.1016/j.ibiod.2009.08.002

[17] Kaczmarek H., Bajer K.: Biodegradation of plasticized
poly(vinyl chloride) containing cellulose. Journal of
Polymer Science Part B: Polymer Physics, 45, 903–
919 (2007).
DOI: 10.1002/polb.21100

Srimalanon et al. – eXPRESS Polymer Letters Vol.10, No.4 (2016) 289–301

                                                                                                    300

http://dx.doi.org/10.1002/vnl.20029
http://dx.doi.org/10.1002/vnl.20246
http://dx.doi.org/10.1016/S0141-3910(98)00071-8
http://dx.doi.org/10.1002/vnl.20027
http://dx.doi.org/10.1002/app.13641
http://dx.doi.org/10.1007/s10924-006-0004-9
http://dx.doi.org/10.1002/pen.21893
http://dx.doi.org/10.1016/j.progpolymsci.2012.04.003
http://dx.doi.org/10.1016/j.compositesb.2012.04.031
http://dx.doi.org/10.1016/j.ibiod.2012.08.004
http://dx.doi.org/10.1016/j.jaap.2012.12.028
http://dx.doi.org/10.1007/s001289900985
http://dx.doi.org/10.1016/S0964-8305(02)00177-4
http://dx.doi.org/10.1016/S0964-8305(03)00110-0
http://dx.doi.org/10.1016/j.chemosphere.2008.06.064
http://dx.doi.org/10.1016/j.ibiod.2009.08.002
http://dx.doi.org/10.1002/polb.21100


[18] Coulthwaite L., Bayley K., Liauw C., Craig G., Verran
J.: The effect of free and encapsulated OIT on the biode-
terioration of plasticised PVC during burial in soil for
20 months. International Biodeterioration and Biodegra-
dation, 56, 86–93 (2005).
DOI: 10.1016/j.ibiod.2005.06.001

[19] Kositchaiyong A., Rosarpitak V., Sombatsompop N.:
Antifungal properties and material characteristics of
PVC and wood/PVC composites doped with carba-
mate-based fungicides. Polymer Engineering and Sci-
ence, 54, 1248–1259 (2014).
DOI: 10.1002/pen.23672

[20] Abuo-Rahma G. E. A. A., Sarhan H. A., Gad G. F. M.:
Design, synthesis, antibacterial activity and physico-
chemical parameters of novel N-4-piperazinyl deriva-
tives of norfloxacin. Bioorganic and Medicinal Chem-
istry, 17, 3879–3886 (2009).
DOI: 10.1016/j.bmc.2009.04.027

[21] Zhang Z., Zhou W., Yu A.: Synthesis and antibacterial
activity of 7-(Substituted)aminomethyl quinolones. Bio -
organic and Medicinal Chemistry Letters, 14, 393–395
(2004).
DOI: 10.1016/j.bmcl.2003.10.059

[22] Kawahara K., Tsuruda K., Morishita M., Uchida M.:
Antibacterial effect of silver-zeolite on oral bacteria
under anaerobic conditions. Dental Materials, 16, 452–
455 (2000).
DOI: 10.1016/S0109-5641(00)00050-6

[23] Ikeda Y., Park E. Y., Okuda N.: Bioconversion of waste
office paper to gluconic acid in a turbine blade reactor
by the filamentous fungus Aspergillus niger. Biore-
source Technology, 97, 1030–1035 (2006).
DOI: 10.1016/j.biortech.2005.04.040

[24] Gitchaiwat A., Kositchaiyong A., Sombatsompop K.,
Prapagdee B., Isarangkura K., Sombatsompop N.:
Assessment and characterization of antifungal and
antialgal performances for biocide-enhanced linear low-
density polyethylene. Journal of Applied Polymer Sci-
ence, 128, 371–379 (2013).
DOI: 10.1002/app.37675

[25] Danilov R. A., Ekelund N. G. A.: Comparison of use-
fulness of three types of artificial substrata (glass,
wood and plastic) when studying settlement patterns of
periphyton in lakes of different trophic status. Journal
of Microbiological Methods, 45, 167–170 (2001).
DOI: 10.1016/S0167-7012(01)00247-0

[26] Lewin M., Goldstein I. S.: Wood structure and compo-
sition. Marcel Dekker, New York (1991).

[27] Matuana M. L., Woodhams T. R., Balatinecz J. J., Park
B. C.: Influence of interfacial interactions on the prop-
erties of PVC/cellulosic fiber composites. Polymer
Composites, 19, 446–455 (1998).
DOI: 10.1002/pc.10119

[28] George J., Sreekala S. M., Thomas S.: A review on
interface modification and characterization of natural
fiber reinforced plastic composites. Polymer Engineer-
ing and Science, 41, 1471–1485 (2001).
DOI: 10.1002/pen.10846

[29] Yue P., Chen G., Zhou S.: Improved interfacial bonding
of PVC/wood-flour composites by lignin amine modi-
fication. Bioresources, 6, 2022–2034 (2011).
DOI: 10.15376/biores.6.2.2022-2044

[30] Yim H., Kim S. D.: Physical properties of PVC/amino -
silane-treated wood flour/organoclay composites. Poly-
mers for Advanced Technologies, 23, 1441–1445 (2012).
DOI: 10.1002/pat.2065

[31] Prapruddivongs C., Sombatsompop N.: Roles and evi-
dence of wood flour as an antibacterial promoter for tri-
closan-filled poly(lactic acid). Composites Part B: Engi-
neering, 43, 2730–2737 (2012).
DOI: 10.1016/j.compositesb.2012.04.032

[32] Sributr A., Yamsaengsung W., Wimolmala E., Kosit -
chaiyong A., Israngkura K., Sombatsompop N.: Effects
of solution and solid forms of 2-hydroxypropyl-3-
piperazinyl-quinoline carboxylic acid methacrylate on
antibacterial, physical and mechanical properties of
polypropylene sheeting. Journal of Plastic Film and
Sheeting, 31, 248–268 (2014).
DOI: 10.1177/8756087914561137

[33] Chaochanchaikul K., Rosarpitak V., Sombatsompop
N.: Photodegradation profiles of PVC compound and
wood/PVC composites under UV weathering. Express
Polymer Letters, 7, 146–160 (2013).
DOI: 10.3144/expresspolymlett.2013.14

[34] Muasher M., Sain M.: The efficacy of photostabilizers
on the color change of wood filled plastic composites.
Polymer Degradation and Stability, 91, 1156–1165
(2006).
DOI: 10.1016/j.polymdegradstab.2005.06.024

Srimalanon et al. – eXPRESS Polymer Letters Vol.10, No.4 (2016) 289–301

                                                                                                    301

http://dx.doi.org/10.1016/j.ibiod.2005.06.001
http://dx.doi.org/10.1002/pen.23672
http://dx.doi.org/10.1016/j.bmc.2009.04.027
http://dx.doi.org/10.1016/j.bmcl.2003.10.059
http://dx.doi.org/10.1016/S0109-5641(00)00050-6
http://dx.doi.org/10.1016/j.biortech.2005.04.040
http://dx.doi.org/10.1002/app.37675
http://dx.doi.org/10.1016/S0167-7012(01)00247-0
http://dx.doi.org/10.1002/pc.10119
http://dx.doi.org/10.1002/pen.10846
http://dx.doi.org/10.15376/biores.6.2.2022-2044
http://dx.doi.org/10.1002/pat.2065
http://dx.doi.org/10.1016/j.compositesb.2012.04.032
http://dx.doi.org/10.1177/8756087914561137
http://dx.doi.org/10.3144/expresspolymlett.2013.14
http://dx.doi.org/10.1016/j.polymdegradstab.2005.06.024


1. Introduction
Atom transfer radical polymerization (ATRP) is one
of the most rapidly developing areas of polymer sci-
ence, allowing to obtain effective control over molec-
ular weights (MWs), narrow molecular weight dis-
tributions (MWDs), architectures, and well-defined
compositions [1–9]. However, normal ATRP has
one significant limitation – it requires a large amount
of the catalyst, which is sensitive to air and other
oxidant. In order to overcome this drawback, Maty-
jaszewski’s group has developed an improved
ATRP technique, known as supplemental activator
and reducing agent (SARA) [10]. This method pro-
vides a continuously controlled polymerization
with reduction of the amount of copper-based cata-
lyst complex (<50 ppm) due to constant regenera-
tion of the CuI activator species by reducing agent
(zerovalent metal – Cu0), which compensates for any

loss of CuI by termination [11]. Lowering the con-
centration of the catalysts not only results in ‘greener’
polymerization processes but also allows for the
synthesis of polymers with high MW and high chain-
end functionality [12]. Moreover, SARA ATRP offers
simple removal and reuse of unreacted solid Cu0,
control of the polymerization rate by the amount of
ligand and the surface area of Cu0 [13, 14].
SARA ATRP, has CuI/CuII reactions as the major acti-
vation/deactivation ones, with Cu0 acting as a sup-
plemental activator of alkyl halides and a reducing
agent for excess CuII, and limiting disproportiona-
tion of CuI (Figure 1) [15, 16].
Meanwhile, Percec group has proposed a single elec-
tron transfer living radical polymerization (SET-
LRP) mechanism [18–22], which postulates Cu0 as
the major activator of alkyl halides, CuII as the major
deactivator and assumes that CuI not participating
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in activation reactions and instead undergoing very
rapid disproportionation to Cu0 and CuII [19]. Tak-
ing into account the Matyjaszewski’s researches
[17, 23, 24] it can be stated that the SARA ATRP
mechanism is correct.
SARA ATRP/SET-LRP was successfully applied to
relatively nonpolar monomers (e.g., styrene [25],
butyl acrylate [26], methyl acrylate [14, 24, 26, 27],
2-(diisopropylamino) ethyl methacrylate [26, 28],
methyl methacrylate [19, 26, 29]), as well as polar
monomers (e.g., oligo(ethylene oxide) monomethyl
ether acrylate [13], N-isopropylacrylamide [30]) for
the preparation of a variety of polymeric materials
with different structures and architectures, includ-
ing homopolymers, and well-defined block copoly-
mers.
However, tri-block copolymers have sparked much
interest and their potential has been realized in many
areas. These block copolymers have been used com -
mercially as thermoplastic elastomers, adhesives, sur-
factants, hot-melt adhesives, blend compatibilizers,
membranes, drug delivery polymers and biodegrad-
able polymers [31]. Block copolymers are an inter-
esting class of materials that possess different and
often desirable properties compared to those of each
individual homopolymer segments they are com-
posed of [32]. As block length is playing a major role
on the properties of the block copolymers, effective
control of the block lengths is important and this
can easily be achieved using different ATRP meth-
ods [31].
Bearing in mind the progress in application of the
ATRP methods, it appears to be promising to use
the SARA technique for obtaining urethane-styrene
copolymers, which have been synthesized so far
within a very limited scope by means of the ATRP
classical mechanism [33, 34]. Therefore in this arti-
cle, we have focused on the polymerization of styrene
in the presence of tetraphenylethane-urethane macro -
initiator (TPE-PU-TPE), CuIIBr2 as a catalyst, and

tris(2-pyridylmethyl)amine (TPMA) as a complex-
ing agent. The resulting polystyrene-b-polyurethane-
b-polystyrene (PSt-b-PU-b-PSt) tri-block copolymers
obtained through SARA ATRP are reported now for
the first time. It is also worth noticing that urethane-
styrene copolymers are already commonly used as
adhesives, emulsifiers, modifiers of surface proper-
ties and polymer blend compatibilizers [35, 36].

2. Experimental section
2.1. Materials
4,4"-Methylene diphenyl diisocyanate (MDI),
dibutyltin dilaurate (DBTDL), and Cu0 wire (#99%)
were used as received from Sigma-Aldrich, USA.
Polyoxytetramethylene glycol of molecular weight
1000 (PTMO; Merck, Germany) was purified by
heating at 105°C under vacuum for 3 h before use.
Benzophenone (99%; ABCR GmbH, Germany),
CuIIBr2 (99.999%; Sigma-Aldrich, USA) were used
without further purification. Tris(2-pyridylmethyl)
amine (TPMA) was prepared according to the pub-
lished procedure [37]. Styrene (St; 99%; Sigma-
Aldrich, USA) were passed through a column filled
with basic alumina prior to use to remove any
inhibitor. Tetraphenylethane-1,2-diol (TPED) was
prepared from benzophenone and 2-propanol in the
presence of acetic acid as reported in the literature
[35]. Tetraphenylethane-urethane macroinitiator
(TPE-PU-TPE) was synthesized from PTMG, MDI,
and TPED according to the published procedure
(Mn = 7600 g/mol) [35]. Acetic acid (99.5%), cyclo-
hexane (99.9%), methanol (99.9%), acetone (99.5%)
and 2-propanol (99%) were obtained from Chempur,
Poland. Analytical grade N,N-dimethylformamide
(DMF; Sigma-Aldrich, USA) and methyl ethyl ketone
(MEK; Sigma-Aldrich, USA), were distilled and
the middle portions were used after storing over
type 4 Å molecular sieves.

2.2. Characterization techniques
Molecular weights and molecular weight distribu-
tions were determined by GPC (Polymer Standards
Services (PSS) columns (guard, 104, 103, and 102 Å),
with THF eluent at 25°C, flow rate 1.00 mL/min,
and with a differential refractive index (RI) detector
(Viscotek, T60A)). The apparent molecular weights
and dispersity (Mw/Mn) were determined with a cal-
ibration based on PS standards using TRISEC soft-
ware from Viscotec Corporation. 1H and 13C NMR
spectra of the macroinitiator and copolymers were
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Figure 1. Mechanism of SARA ATRP. Line thickness denotes
the contributions of the reactions (bold – major
reactions, solid – contributing reactions, and dashed
– negligible reactions) [17]



recorded on a FT-NMR Bruker Avance 500II spec-
trometer using DMSO as a solvent and tetramethyl-
silane (TMS) as an internal standard. Monomer
conversion and theoretical number-average molec-
ular weight (Mn,th) were determined by NMR based
on the previous research [31, 35].

2.3. Synthesis of urethane-styrene copolymers
through SARA ATRP

The synthesis of tri-block copolymers was con-
ducted, in the presence of 250 ppm of copper cata-
lyst (Figure 2).
TPE-PU-TPE (5.09 g, 0.67 mmol) was placed in a
Schlenk flask, and the flask was sealed with a glass
stopper. The flask was evacuated and backfilled with
nitrogen 5 times. Then, 20 mL of nitrogen purged
DMF, 20 mL of N2 purged St (18.12 g, 174 mmol)
were added to the flask placed in an oil bath. Subse-
quently, 0.67 mL of CuIIBr2/2TPMA stock solution
(0.05 M in DMF) was injected into the reaction solu-
tion. Next, Cu0 wire (0.77, 1.69, 2.60 or 3.52 g) was
immersed in the reaction solution. To initiate the
polymerization reaction mixture was heated to
90°C. Samples were withdrawn periodically to fol-
low monomer conversion, using 1H NMR. The poly-
merization was stopped after 46 h by opening the

flask and exposing the catalyst to air. The products
were purified by precipitation against MeOH, washed
with cyclohexane, collected and dried under vac-
uum. Then the Mn and Mw/Mn were determined by
GPC measurements (with PS standard curve).

2.4. Synthesis of urethane-styrene copolymers
through radical polymerization

TPE-PU-TPE (5.09 g, 0.67 mmol) was placed in a
Schlenk flask, and the flask was sealed with a glass
stopper. The flask was evacuated and backfilled with
nitrogen 5 times. Then, 20 mL of nitrogen purged
DMF, 20 mL of N2 purged St (18.12 g, 174 mmol)
were added to the flask placed in an oil bath. To ini-
tiate the polymerization reaction mixture was
heated to 90°C. Samples were withdrawn periodi-
cally to follow the monomer conversion and Mn by
1H NMR, and to determine Mw/Mn by GPC measure-
ments with PS standard curve.

3. Results and discussion
In this paper SARA ATRP polymerizations of styrene
in the presence of TPE-PU-TPE are reported for the
first time. Polymerizations were conducted utilizing
copper wire as an in situ reducing agent. The results
are summarized in Table 1.
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Figure 2. Synthesis of the urethane-styrene copolymers from tetraphenylethane-urethane macroinitiator [35, 38]



The effect of initiation system on the tri-block copoly-
mer formation was evaluated by comparing radical
polymerization and SARA ATRP systems (Table 1,
entries 1–4 vs. 5, Figure 3a, 3b vs. Figure 4a, 4b).
It was observed that the conventional radical poly-
merization of styrene was not controlled (Figure 3a,
3b), with broad polydispersity, MWD = 2.38 (Table 1,
entry 5). In contrast, in the polymerizations con-
ducted with TPE-PU-TPE/CuIIBr2/2TPMA/Cu0/St
system, monomer conversion reached 70–84% and
evolution of experimental MW with conversion fol-
lowed the theoretical prediction (Figure 4a, 4b). In
this case, contributions of side reactions are lower,

because SARA ATRP initiating system lower the
concentration of primary radicals in the initiating step
as in the case of normal ATRP. Briefly, a polymer-
ization with TPE-PU-TPE/CuIIBr2/2TPMA/Cu0/St
system were 9–14 times faster (compare kp

app; Table 1,
entries 1–4 vs. 5) than with TPE-PU-TPE/St system.

3.1. Influence of the surface area of Cu to
volume of reaction mixture ratio (S/V)

Since Cu0 in the form of a wire (Table 1, entries 1–4)
acts as a supplemental, rather than the major activa-
tor of alkyl halides [17], four experiments were
conducted with varying amounts of Cu0 surface
area to solution volume ratio (S/V), from 0.09, 0.19,
0.29, to 0.39 cm–1 (Figure 4a, 4b, 5a–5d, and 6).
Figure 4 illustrates the polymerization kinetics and
molecular weight evolution with conversion. In this
case, as the surface area of Cu0 was decreased (S/V
from 0.39 to 0.09 cm–1), the rate of polymerization
declined, kp

app from 0.041 to 0.027 h–1. These results
suggest the involvement of Cu0 in the rate-deter-
mining step of the reaction, see Equation (1):

                        (1)

where Ra is defined as an activation rate of macro -
initiator [13]. Moreover, molecular weights increased
linearly with conversion (Figure 4b), and were almost
identical to theoretical ones. This result comes from
maintaining a constant number of chains through-
out the polymerization, which requires sufficiently
fast initiation (all chains are propagated before the
reaction is stopped) and an absence of chain transfer

Ra 5 kp
app a S

V
bRa 5 kp

app a S
V
b
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Table 1. SARA ATRP of PSt-b-PU-b-PSt utilizing copper
wire

General reaction conditions: T = 90°C; Vtot = 40 mL, time = 46 h,
copper wire (L = 11, 24, 37, and 50 cm, d = 1 mm); [St]:[TPE-PU-
TPE calculated per 2 Br]:[CuIIBr /2TPMA] = 130:1:0.05 (except
entry 5: [St]:[TPE-PU-TPE calculated per 2 Br] = 130:1); [TPE-
PU-TPE]0 = 16.7 mM; [St]0 = 4.3 M.
aRatio of surface area (S) of Cu0 to total volume of reaction mixture
(V);

bMonomer conversion and apparent propagation rate constant (kp
app)

were determined by 1H NMR, through the comparison of the inte-
gration of one vinyl proton of the remaining styrene at 5.25 ppm
with the integration of the region at 7.96 ppm, which contained
proton of the DMF;

cMn,theo = ([M]0/[I]0)·conversion·Mmonomer + Mmacroinitiator;
dMn,GPC and MWD were determined by GPC with PS standards.

Entry S/Va

[cm–1]
kp

appb

[h–1]
Convb

[%]
Mn,theo

c

(·10–3)
Mn,GPC

d

(·10–3) Mw/Mn
d

1 0.09 0.027 70 26.6 27.0 1.29
2 0.19 0.031 75 27.9 28.8 1.28
3 0.29 0.034 79 28.9 29.6 1.26
4 0.39 0.041 84 30.4 31.0 1.18
5 – 0.003 13 11.1 13.3 2.38

Figure 3. Polymerization of St. (a) First-order kinetic plot, and (b) Mn and Mw/Mn versus monomer conversion. Reaction
conditions: [St]:[TPE-PU-TPE calculated per 2 Br] = 130:1; [TPE-PU-TPE]0 = 16.7 mM; [St]0 = 4.3 M, T =
90°C; Vtot = 40 mL.



reactions (which increases the total number of
chains) [39].
Furthermore, molecular weight distributions were
independent of cooper surface area and remained

low, with MWD = 1.18 at 84% of monomer conver-
sion (S/V = 0.39 cm–1) (Figure 5d).
Importantly, because the reaction rate was depend-
ent on the Cu0 surface area to reaction volume ratio
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Figure 4. SARA ATRP of St as a function of the ratio of surface area of Cu0 to total volume of reaction solution (S/V = 0.09,
0.19, 0.29, and 0.39 cm–1). (a) First-order kinetic plot of monomer conversion versus time, and (b) Mn and Mw/Mn
versus monomer conversion. Reaction conditions: [St]:[TPE-PU-TPE calculated per 2 Br]:[CuIIBr2/2TPMA] =
130:1:0.05; [TPE-PU-TPE]0 = 16.7 mM; [St]0 = 4.3 M, T = 90°C; Vtot = 40 mL.

Figure 5. GPC traces during the SARA ATRP of St as a function of the ratio of surface area of Cu(0) reducing agent to total
volume of reaction mixture ((a) S/V = 0.9 cm–1, (b) S/V = 0.19 cm–1, (c) S/V = 0.29 cm–1 and (d) S/V = 0.39 cm–1)



(S/V) and not on the total amount of cooper used, it
also seemed feasible to increase this rate by either
increasing the surface area of metallic cooper or
decreasing total reaction volume [30]. As expected

a linear relationship between the kp
app and the square

root of (S/V) was observed [40] (Figure 6), due to
the surface uniformity and monodispersity of Cu0

wire. It was demonstrated that the rate of polymer-
ization (associated with kp

app), scales appropriately
with the approximate surface area of Cu0 utilized.

3.2. Chemical structure of the tri-block
copolymers

The chemical structure of the synthesized PSt-b-
PU-b-PSt tri-block copolymer (Table 1, entry 4) was
confirmed by 1H NMR and 13C NMR spectroscopy
(Figure 7 and 8).
All the peaks corresponding to PU and PSt blocks
are present in the 1H and 13C NMR, which is a clear
evidence for the formation of tri-block copolymer
(Table 1, entry 4). In the 1H NMR spectrum of copoly-
mer (Figure 7), the CH protons of PSt ($) appear at
1.70–1.95 ppm and CH2 protons of PSt (%) appear at
1.30–1.42 ppm. The phenyl protons of PSt generally
appear at 6.20–6.80 ppm (z) and at 6.80–7.30 ppm
(z", z&), to some extent merged with the peak of
phenyl protons of MDI. In the 13C NMR spectrum of
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Figure 6. Relationship between the apparent propagation
rate constant (kp

app) versus the square root of the
surface area of Cu0 to total volume of reaction
solution (S/V = 0.09, 0.19, 0.29, and 0.39 cm–1).
Reaction conditions: [St]:[TPE-PU-TPE calcu-
lated per 2 Br]:[CuIIBr2/2TPMA] = 130:1:0.05;
[TPE-PU-TPE]0 = 16.7 mM; [St]0 = 4.3 M, T =
90°C; Vtot = 40 mL.

Figure 7. 1H NMR spectrum of PSt-b-PU-b-PSt copolymers (Table 1, entry 4); Mn = 31000, ! = 1.18) after purification (in
DMSO)



the urethane-styrene copolymer (Figure 8), the CH
carbon atoms of PSt ($) appear at 29.01 ppm and CH2
protons of PSt (%) appear at 35.89 ppm. The phenyl
protons of PSt (30–33) appear at 125.54–135.56 ppm,
to some extent merged with the peak of phenyl pro-
tons of MDI.
The formation of a tri-block structure can be assumed
based on the use of a symmetrical macroinitiator,
but obtainment of precisely symmetrical tri-block
copolymers cannot be supported by the NMR data.

4. Conclusions
Tetraphenylethane-urethane macroinitiator (TPE-
PU-TPE) has been used to synthesize polystyrene-
b-polyurethane-b-polystyrene (PSt-b-PU-b-PSt) tri-
block copolymers through supplemental activator
and reducing agent atom transfer radical polymeriza-
tion (SARA ATRP). The influence of surface area
of Cu0 acting as a supplemental activator of alkyl
halides and a reducing agent for excess CuII on the

polymerization was examined. Excess of reducing
agent slightly accelerates ATRP but does not interfere
with the controlled growth. The DP of the resulting
copolymers increased linearly with monomer con-
version and semilogarithmic kinetic plots were lin-
ear, which confirmed the living nature of the SARA
ATRP of styrene. The results from 1H and 13C NMR
spectral studies support the formation of PSt-b-PU-
b-PSt tri-block copolymers. Therefore SARA ATRP
– method without pre-disproportionation of CuI

species provide a powerful tool for the synthesis of
a broad range of copolymers with controlled chain
length and narrow molecular weight distributions.
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Figure 8. 13C NMR spectrum of PSt-b-PU-b-PSt copolymers (Table 1, entry 4); Mn = 31000, ! = 1.18) after purification
(in DMSO)
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1. Introduction
A general feature of the morphogenesis of semi-
crystalline polymers is the regular stacking of chain-
folded lamellar crystals alternating with amorphous
layers. This stacking s characterized by an intercrys-
talline long period Lp including the crystalline lamella
and amorphous layer thicknesses. The stacking long
period is in the range of a few nanometers to a few
tens. When crystallization is performed from a qui-
escent melt, the resulting microstructure is isotropic
with a spherulitic arrangement of the lamella stacks
as a result of the radial growth of the crystals from a

common multiple nucleus often designated as axi-
alite [1]. The size scale of spherulites ranges from a
few to several hundred microns.
Upon plastic deformation at large strains, isotropic
semicrystalline polymers transform into fibrillar
materials that aroused a great interest from both aca-
demic and industrial standpoints owing to their
remarkable mechanical performances [2–6] to be
used as ropes, textile fibers for high performance tis-
sues and fabrics, reinforcing fibers for polymer-based
composites, etc.
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The so-called fibrillar microstructure occurs via a
plastic instability process, accompanied by a more
or less pronounced geometric necking. The fibrillar
microstructure consists of bundles of microfibrils
parallel to the draw direction, each microfibril being
made of a succession of crystal blocs and amor-
phous layers. It is generally admitted that this micro -
structure originates from the fragmentation of the
crystalline lamellae into blocs during the plastic insta-
bility phenomenon [7–11]. These blocks rearrange
into strings of pearls thanks to the molecular inter-
connections generated by the partial unfolding of
chains. From small-angle X-ray scattering (SAXS)
experiments, it was shown that the crystal blocs are
regularly arranged with a long period, Lpf, along the
microfibril axis that is different from the long period
of original isotropic material. For various kinds of
semi-crystalline polymers, Lpf proved to be essen-
tially dependent on the draw temperature in a simi-
lar way as Lp depends on the temperature of quies-
cent crystallization from the melt or from solution,
i.e. the higher the temperature the greater the long
period [7–10]. Considering this complete reconstruc-
tion of the stacking long period, many authors claimed
that fibrillar transformation necessarily involves a
strain-induced melting-recrystallization process [11,
12]. Several phenomena have been proposed for pro-
viding physical support to this hypothesis: the chain-
unfolding mechanism that necessarily goes through
a transitory state of disordered chain segments anal-
ogous to the amorphous state, the conversion of
plastic work into heat that may generate significant
temperature increase at high strain rates, the stress-
induced depression of the melting point, etc. It was
even suggested by Mandelkern and co-workers that
the initial morphology was completely erased by the
strain-induced melting-recrystallization [13, 14].
In parallel, a few SAXS studies have been per-
formed for characterizing the microfibril transverse
dimension or width thanks to a Guinier analysis of
the transverse intensity profile of the characteristic
2-streak of the one-dimensional fibrillar stacking [7,
15–20]. In this analysis framework, the transverse
intensity profile is considered to be governed by the
form factor of the scattering microfibrils. It turned
out that both draw temperature and draw ratio, and
subsequent annealing treatment as well, have an
influence of the microfibril width. However, no cor-
relations were made with structural features of the
initial semi-crystalline morphology.

The above remarks regarding the fibrillar morphol-
ogy contrast with the numerous studies dealing with
the incidence on the elementary mechanisms of
plastic deformation of the initial morphology and
molecular topological of semi-crystalline polymers,
such as crystallinity, crystal thickness, chain entan-
glement and tie chain densities, etc. together with
deformation conditions [21–36]. It was shown in
some cases that these structural or experimental fac-
tors could have an impact on the mechanism of frag-
mentation of the crystalline lamella via the local
stress distribution on the crystalline lamellae [22, 25,
30]. So that one may foresee some consequences on
the microfibril morphology in spite of the melting-
recrystallization process.
In a previous paper [37] we reported an in situ SAXS
study of the fibrillar transformation at room temper-
ature of a series of polyethylene materials covering
a wide range of crystallinity 0.48 < Xc < 0.80 and
long period 17 nm < Lp < 37 nm. It was shown that
though the fibrillar long period did not depend on
the initial morphology, the width of the microfibrils
displayed a correlation with the initial semi-crys-
talline morphology. It was suggested that the micro -
fibril width was related to the average size of the ini-
tial crystal fragments via the formation of protofib-
rils that retaind the memory of the crystallization
conditions via the density of tie chains and chain
entanglements that might survive the strain-induced
melting-recrystallization.
The present study is an extension over a large tem-
perature range of our former work of the post-yield
drawing of PE. In contrast to most of the previous
works dealing with ex situ analysis of fibrillar struc-
ture at room temperature, SAXS measurements were
carried out in situ during drawing in order to pre-
vent eventual post-drawing crystallization and topo-
logical rearrangements. This is likely to provide infor-
mation closely related to the morphogenesis of the
microfibrils during drawing and help understanding
the mechanical behavior of the drawn materials in
relation to their processing and crystallization con-
ditions. The morphological changes that occur dur-
ing ultra-drawing beyond the fibrillation stage [4]
are not discussed in this work.

2. Experiment
2.1. Materials and sample preparation
Four linear polyethylenes with different hexene co-
unit contents and very close molecular weights
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were provided by Total Petrochemicals (Feluy, Bel-
gium). The molecular characteristics are given in
Table 1. It is worth noticing that is spite of their very
close Mn and Mw values and similar co-units contents,
PE-C and PE-D have significantly different Mz val-
ues. This is relevant to the presence of a small amount
of very long chains in PE-D that is expected to influ-
ence the crystallization behavior [38, 39].
The four polymers have been submitted to three dif-
ferent thermal treatments in order to modify their crys-
talline microstructure and chain-topology. Quench-
ing is expected to keep the entanglement topology of
the melt and generate thin crystals. In contrast, anneal-
ing in the solid state and isothermal crystallization
from the melt are expected to reduce the entangle-
ment density and generate thick crystals, the latter
treatment being more efficient than the former one as
evidenced through the data of Table 2. The polymer
pellets were compression-molded at 170 °C into
500 !m sheets between aluminum foils in a heating
press and then quenched into water at room temper-
ature (RT). These samples were called ‘quenched’.
Some of the quenched samples were heat treated via
two different ways in order to modify the crystalline
microstructure. The samples labeled ‘annealed’ were
heated up to the temperature Tc = 122°C for 15 hours
and subsequently slowly cooled down to RT (see Tc
determination below). The samples called ‘isotherm’
were melted at 170°C and then cooled in a thermo-
static oil bath at the temperature Tc and held at this
temperature for 15 hours. More details on the sam-
ple preparation are given elsewhere [37, 40].

2.2. Differential scanning calorimetry (DSC)
Thermal analysis was conducted on a DSC7 appara-
tus from Perkin-Elmer using samples of 5–7 mg.
The temperature and heat flow scales were cali-
brated using high purity indium. The heating and
cooling scans were recorded at a rate of 10°C/min.
The crystal weight fraction, Xc, was computed from
the melting enthalpy of the samples, using the value
"Hm° = 290 J/g for the heat of fusion of perfectly

crystalline PE [41]. The standard deviation of Xc
data is about 1%.

2.3. SAXS measurements
Small-angle X-ray scattering (SAXS) experiments
were performed on the BM02 beamline of the Euro-
pean Synchrotron Radiation Facility (Grenoble,
France) using a wavelength ! = 0.154 nm. The 2D-
SAXS patterns were recorded on a CCD camera from
Princeton Instruments (Trenton NJ, USA) which was
set at sample-detector distance of 158 cm. In situ
recording of SAXS patterns during uniaxial tensile
testing was performed using a home-made tensile
stage allowing symmetric stretching of the sample.
This ensured that all data were recorded from the
same location on the sample during deformation. The
dumbbell-shaped samples were 11 mm in gauge
length, 4 mm in width and 0.5 mm in thickness. The
nominal or engineering strain is defined as " =
(L –#L0)/L0 with L0 and L the sample gauge length
before and during tensile drawing. The strain rate
was 6.4·10–4 s–1 to make sure that the strain increment
was less than 0.1% during the 5 s time for every
pattern recording. The experiments were performed
at several draw temperatures in the range 25°C < Td
< 100°C for each sample.
The Lorentz-corrected intensity profiles of the iso -
tropic samples prior to straining were obtained by
azimuthal integration of the 2D patterns according
to Equation (1):

                                       (1)

where # is the azimuthal angle. The average long
period of the lamellar stacking, Lp, was then deter-
mined from the Bragg’s relation (Equation (2)):

                                                          (2)

where qmax is the scattering vector at the maximum
of the correlation peak as determined by a Gaussian
fitting. The standard deviation of the Lp data does
not exceed 1.0 nm.
The crystal thickness, Lc, of the isotropic samples
was computed from Equation (3):

                                                       (3)Lc 5 LpXc
r

r
c
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2p
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2p
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Table 1. Molecular characteristics of the row PE materials

Material Co-unit
[mol%]

Mn
[kg/mol]

Mw
[kg/mol]

Mz
[kg/mol]

PE-A 1.8 14.3 231 2770
PE-B 0.8 15.8 187 1770
PE-C 0.1 15.4 216 2770
PE-D 0.1 15.0 229 4100



where $c = 1.00 g/cm3 is the density of the crys-
talline phase. This relation assumes much larger
length and width of the crystalline lamellae as com-
pared with thickness.
Regarding the drawn samples displaying the char-
acteristic two-streak meridian pattern, the one-
dimension intensity profile along the meridian was
obtained by projection on the meridian of the 2D-
pattern according to Stribeck’s method [19]. Then the
long period along the draw axis, Lpf, was estimated
by using Equation (2).
The structural data of all isotropic PE samples at RT
are reported in Table 2. Also are reported the weight
fraction of interfacial zone between crystal and
amorphous regions as assessed from Raman spec-
troscopy, Xi, the concentration of stress transmitters
[ST] according to Brown-Huang’s theoretical
approach, and the natural draw ratio at RT, !N, as
already determined in a previous study via in situ
mechanical testing [38, 42].
A convenient way for quantifying the microfibril
width is to analyze the transverse intensity profile of
the lobes of the 2-streak SAXS patterns. The scat-
tering objects were supposed to be individually
embedded in a medium of lower electron density con-
sisting of amorphous chains and cavities, without
interference between them. The corresponding model
consists of either elongated cylinders or discs. In both
instance, the analysis of the transverse intensity
profile of the streak-like lobes can be performed via
Guinier’s approximation of the form factor leading
to an estimation of the transverse dimension of the
scattering elements. In the case of scattering cylin-
ders, the relevant Guinier’s approximation function
is given by Equation (4) [43]:

                                  (4)

where Df is the cylinder diameter with Df = 2Rf
where Rf is the radius of gyration. Fitting the exper-
imental intensity data with Equation (4) enabled com-
puting only one diameter value for each sample as
demonstrated in the previous study [37]. The stan-
dard deviation of the Df data was about 1.0 nm or
less.

3. Results
All the SAXS data regarding the fibrillar structure
of the materials in the present work are relevant to
samples drawn at the same engineering strain " = 1.3.
At this strain level the fibrillar transformation has not
reached the whole sample length but the necking
process is stabilized at the so-called natural draw
ratio, !N, and propagates along the sample [44, 45].
This enables to study the nascent fibrillar structure of
each material, irrespective of its macroscopic behav-
ior.
Firstly, it is to be noticed that the !N data of Table 2
vary over a very large range and do not display cor-
relation with either Xc or Lp. On the other hand, the
!N data depend on the thermal treatment for every PE
type. This is an evidence that the microfibrillar struc-
ture does depend on the initial crystalline microstruc-
ture is not thoroughly erased by the strain-induced
melting recrystallization process. This strong corre-
lation enabled using !N as an indicator of the long-
term mechanical properties via the correlation with
the initial molecular topology [46, 47].
Figure 1 shows the typical shape of a SAXS pattern
recorded from the quenched PE-A after necking at

I1q 2 5 I0 exp a 2 q2Df
2

4
bI1q 2 5 I0 exp a 2 q2Df

2

4
b
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Table 2. Structural and physical characteristics of the isotropic PE samples at RT

Materials Xc
[%] [ST] Xi

[%] !N
Lp

[nm]
Lc

[nm]

PE-A
quenched 48 0.24 13 3.5 17 8
annealed 52 0.17 14 4.0 23 11
isotherm 53 0.15 11 4.7 24 12

PE-B 
quenched 54 0.19 8 4.2 19 9
annealed 62 0.14 8 4.7 22 13
isotherm 65 0.09 4 5.5 26 16

PE-C 
quenched 65 0.19 5 4.5 20 12
annealed 73 0.08 5 6.0 30 21
isotherm 75 0.03 5 7.5 36 26

PE-D 
quenched 69 0.17 3 5.0 22 14
annealed 77 0.08 5 5.7 30 22
isotherm 80 0.03 – 7.0 37 29



Td = 50 °C. This figure schematically shows the
methodology of calculation of the microfibril long
period Lpf and diameter Df. The strong central scat-
tering extending in equatorial direction arises from
interfibrillar cavities or low density regions [19]. The
electron density contrast between these regions and
the microfibrils is so high that this scattering can
turn extremely intense and merge onto the streak-like
scattering, particularly for high crystallinity materi-
als. In this instance, the analysis of the structural char-
acteristics of the microfibrils is prohibited. How-
ever increasing the draw temperature reduces the
propensity for cavitation or interfibrillar density
fluctuations [48] so that more samples can be inves-

tigated during drawing at elevated temperature than
in the case of the drawing at RT. This is one of the
major benefits from the present study compared to
our previous one [37].
Figure 2 shows the evolution of the meridian inten-
sity profile of quenched PE-A as a function of strain
at two different Td. The SAXS patterns change from
isotropic to highly anisotropic patterns with two
streak-like scattering patterns during the elongation
of samples.
The central SAXS patterns of Figures 2a and 2b
show the SAXS patterns about the onset of the streak-
like reflections characteristic of the fibrillar struc-
ture, for both Td. The actual strain onset decreases
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Figure 1. Schematic SAXS pattern and molecular model of the fibrillar microstructure (borrowed from Stribeck ref. 19)

Figure 2. SAXS patterns and meridian intensity profile of quenched PE-A as a function of strain : (a) Td = 50 °C;
(b) Td =100°C



with increasing Td suggesting that the fully orien-
tated structure forms faster at higher Td. The gener-
ation of microfibrils from the crystalline lamella
fragmentation should indeed be strongly promoted
at higher Td due to the temperature dependence of the
crystal stiffness in the temperature domain of the
crystal mechanical relaxation. Besides, at a given Td,
the streak-like scattering intensity strongly increases
during elongation due to the gradual conversion of
lamellae into microfibrils, and the gradual improve-
ment of orientation as well.
Figure 3 shows Lpf as a function of initial Lp for all
samples at different Td. At low Td, annealed and iso -
therm samples could not be quantitatively analyzed
due to the merging of the intense void scattering
onto the microfibrillar scattering. However, more Lpf
data could be obtained when elevating Td due to the
reduced propensity of the samples for cavitation, as
judged from the significant decrease of the scatter-
ing about the beamstop (Figure 2).
Figure 3a shows that Lpf is generally smaller than the
initial Lp indicating dramatic reconstruction of the
periodic stacking of amorphous and crystalline
phases as a result of the plastic deformation. If con-
sidering the SAXS intensity profiles of Figure 2, this
phenomenon seems to be rather gradual as a func-
tion of increasing strain. In addition, Lpf increases
with increasing Td. These findings are in perfect
agreement with the melting-recrystallization concept
already observed for various semi-crystalline poly-
mers [49–51].
The roughly linear increase of Lpf as a function of ini-
tial Lp, for every Td value, may be assigned to the

crystallization potential of the various PEs, i.e. a
chemical structure dependence including counit con-
tent and molecular weight. The chemical structure
of the chains indeed governs in a similar way the
generation of Lp from the quiescent crystallization in
the melt and that of Lpf from the strain-induced
recrystallization upon drawing.
It appears from Figure 3a that the Lpf data at RT
(black symbols) are surprisingly close to and even
overlap the Lpf data at 50 °C (blue symbols). This
apparent insensitivity of the fibrillar long period to
the draw temperature in the range 25°C < Td < 50°C
has been formerly reported by Peterlin and Balta-
Calleja for PE materials covering a similar Xc range
as the present one and for a similar Td domain [22].
These authors conjectured that the roughly invari-
ant behavior of Lpf for Td < 50°C can be assigned to
the super-cooling effect consecutive to the strain-
induced self-heating and melting of the fibrillated
material in the destruction zone during the course of
the fibrillar transformation. The reason would be that
the crystallization rate turns so high with decreasing
temperature that recrystallization of the molten
material is almost complete before the actual tem-
perature of the sample reaches the experimental Td
value. It results that Lpf gradually turns Td-indepen-
dent with decreasing Td.
Regarding Figure 3b, samples of the same PE mate-
rial with different crystalline microstructures gener-
ated by thermal treatments exhibit very small differ-
ence in Lpf at given Td, in the range of experimental
accuracy. This finding is an additional evidence of
the strain-induced melting-recrystallization process
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Figure 3. Microfibril long period versus initial Lp at various Td: (a) influence of chemical structure for quenched samples;
(b) influence of thermal treatment (full colors refer to draw temperatures; symbol shapes refer to the various poly-
mers, declining tint of every color refers to thermal treatments)



that completely erases the initial crystalline micro -
structure, from the standpoint of crystal stacking in
the microfibrils.
Figure 4 shows the microfibril diameter as a function
of long period at different Td. Similar trends could
be obtained if using Df versus Lp. The Df values per-
fectly agree with transmission electron microscopy
measurements by Tarin and Thomas for high density
PE crystallized from the melt under similar condi-
tions [45]. Furthermore, the Df data of Figure 4a
exhibit a linear variation with Lp at a given Td, that is
an evidence of a chemical structure dependence of
Df similar to that of Lpf.
Regarding the Df evolution with thermal treatment
in Figure 4b for a given PE type and for a given Td, it
appears a faint increase with increasing Lp, i.e. from
quenched to annealed and isotherm sample. The
above observations suggest that Df is slightly corre-
lated to the initial crystalline microstructure. But the
most striking feature of Figure 4 is that Df is temper-
ature-dependent over the whole Td range, in contrast
to Lpf that no longer depends on temperature for
Td $ 50°C. This latter finding lets us foreseeing that
Df is influenced by the melting-recrystallization
process in the same way as Lpf is. Notwithstanding no
global correlation appears between Df and Lp which
is a parameter characteristic of the initial micro -
structure.
So an attempt has been made to correlate Df to a
parameter characteristic of the chain topology. Fig-
ure 5 shows Df as a function of the natural draw
ratio !N which is a macroscopic indicator of the
concentration of stress transmitters [ST] as deduced
from Brown-Huang’s model [40, 42]. The reason for

choosing a macroscopic indicator !N instead of the
actual molecular parameter [ST] is that the occur-
rence of large scale chain rearrangements such as
chain reeling together with regular chain-folding dur-
ing crystallization at high temperature of highly crys-
talline PEs likely decreases the occurrence of tie
chains and chain entanglements. This phenomenon
is not taken into account in the [ST] computation that
is performed in the framework of Fischer’s model
assuming that the global chain coil conformation of
the molten state is preserved in the solid state. This
point will be further argued in the Concluding Dis-
cussion. In contrast, !N is an experimental parame-
ter that does account for the topological modifica-
tions occurring during crystallization. So only the
variation direction of [ST] is shown on the x-axis of
Figure 5 for the sake of the discussion.
Figure 5 shows that, at a given temperature, the Df
data for the samples having the same thermal treat-
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Figure 4. Microfibril diameter versus stacking long period: (a) influence of chemical structure for the quenched samples;
(b) influence of thermal treatment

Figure 5. Microfibril diameter versus natural draw ratio at
different temperatures



ment linearly increase with increasing !N and decreas-
ing [ST]. This is again in agreement with the chem-
ical structure dependence. Quenched samples exhibit
smaller Df than annealed and isothermal samples.
However, Df shows little if any dependence on ther-
mal treatment for a given PE material. There is again
no global correlation between Df and the topologi-
cal parameter, !N or [ST], as it was the case for the
structural parameter Lp.
Alternatively, we have tried a mixed correlation with
crystalline microstructure and chain topology by
using Nitta’s parameter, Lc/[ST]0.5 [52]. Nitta’s
approach considers yielding as a fragmentation
process, the size of the crystal fragment being basi-
cally determined by the average distance between
tie chains. These topological features are the locus of
stress concentration that initiates the lamella frag-
mentation. From a mechanical standpoint, the Lc fac-
tor in this parameter can be seen as featuring the shear
stress to which it is roughly proportional according
to the dislocation theory at the onset of the lamellae
fragmentation [23]. The 1/[ST]0.5 factor accounts for
the distribution of stress on the lamella surface via
the density of the stress transmitters. The unreported
data displayed no clear correlation between Df and
Lc/[ST]0.5 for the various Td values of the present
experiments. This is in agreement with our previous
findings at RT.
Finally a correlation was attempted with the interfa-
cial layer thickness which worked fairly well at RT
[37]. Figure 6 shows the Df versus Xi plots at various
Td. For a given Td value, all the Df data fall on the
same curve, irrespective of the thermal treatment.
Moreover, this finding applies to every temperature,
each curve being shifted upward with increasing Td.

Worth noticing is that Xi is not much dependent on the
thermal treatment, but rather on the chemical struc-
ture of the polymer. So that it is not clear whether Df
actually depends on the initial crystalline microstruc-
ture and chain topology of the samples via Xi or
depends on the chemical structure of the polymer in
a similar way as Xi (see Table 1).

4. Conclusions
Two major findings have been disclosed regarding
the microfibril structure. First, Df depends on Td over
the whole temperature range 25 °C < Td < 100 °C,
in strong contrast with Lpf that levels off for
Td $ 50°C. This can be taken as an evidence that the
microfibril diameter and long period do not depend
in a similar way on the strain-induced melting-
recrystallization process. Second, Df obeys a unique
correlation with Xi at every Td value. This suggests
that Df mainly depends on the mechanism of lamella
fragmentation at the onset of yielding, the correla-
tion with Xi being the footprint of the chain topol-
ogy on the lamella fragmentation process.
However, it is quite surprising that Df steadily
increases with decreasing Xi in parallel to an increase
of !N as observed in Figure 5. Indeed a greater !N
value is indicative of a greater drawability of the
microfibrils, namely a high potentiality for chain-
unfolding. Two mechanisms may be proposed in con-
sideration that high crystallinity PEs develop regu-
lar chain-folding during crystallization from the
quiescent melt due to the reeling phenomenon. In the
case of samples having low Xi that goes along with
high crystallinity (Table 2), lamellae may initially
break into smaller crystal fragments owing to the high
rate of regular chain-folding so that the microfibrils
could develop to greater length according to Peter-
lin’s string of pearls model. Thereby, their diameter
should gradually be reduced at constant crystal vol-
ume fraction. Alternatively, the crystal fragments in
the protofibrils may display greater capability for
chain-unfolding resulting in reduced Df in the final
microfibrils. Both these issues should in principle
result in a reduction of Df which contrasts with the
observed increase of Df.
For reconciling the concomitant increases of Df and
!N, one may assume that the chains unfolded during
the generation of the microfibrils are able to aggre-
gate onto the lateral surface of the protofibrils. By
this process, the final Df of the microfibrils may grow
significantly bigger that the initial Df of the proto -
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Figure 6. Microfibril diameter versus interfacial layer thick-
ness at different draw temperatures



fibrils extracted for the fragmented lamellae. More-
over, this process should be more effective for highly
crystalline PEs having small co-unit content and high
ability for chain unfolding.
This explanation also applies to the observation that
Df increases with increasing Td at a given Xi value
(Figure 6): indeed, the increase of chain mobility with
increasing temperature in the present Td range should
promote the gathering of unfolded chains onto the lat-
eral surface of the microfibrils resulting in bigger Df.
To sum up, the morphogenesis of the microfibrils
should be essentially dependent on the chemical
structure of the polymer that governs its initial crys-
tallization ability and its chain topology and the
various stages of the microfibril construction.
At the light of the present data, Peterlin’s scenario for
the fibrillar transformation may be modified regard-
ing the morphogenesis of the microfibrils as shown
in Figure 7, disregarding the classical plastic processes
in the crystal such as crystal shear, phase transition
and twinning:
–%stage 1: protofibrils are generated like string of

pearls via fragmentation of lamella stacks and sub-
sequent extraction of the crystal fragments via
chain-unfolding from the fracture surfaces of the
crystal lamellae. The remaining chain-folded crys-
tal fragments undergo a gradual strain-induced
melting owing to the self-heating generated by
the plastic work or energy delivered by the partial
destruction of the crystals via chain-unfolding.
The presence of these remaining chain-folded
crystal fragments is due to the more or less irreg-
ular chain-topology at the crystal/amorphous inter-
face (Xi) that prevents or at least hinders chain-
unfolding. These topologically coherent entities
are the ones that preserve the protofibril integrity
in spite of strain-induced melting. The protofibril
should not be as perfectly oriented as shown on
the picture and their uniaxial orientation must
develop gradually during the protofibril buildup. 

–%stage 2: benefiting from the self-heating, the partly
molten protofibrils undergo elongation and thin-
ning down thanks to further chain-unfolding up to
the natural draw ratio. Then, the chain-unfolding
potential of the topologically coherent entities is
exhausted. The concomitant strain-hardening
entails the stopping of plastic deformation. Self-
heating stops and the local drop of temperature
enables recrystallization of the protofibrils into
incipient microfibrils with new long period. At this

stage, incipient microfibrils and protofibrils may
coexist for a while.

–%stage 3: the completion of recrystallization within
the microfibrils together with aggregation and
additional crystallization of unfolded chains along
the microfibrils finally leads to wider and stable
microfibrils. The diameter of the stable microfib-
rils strongly depends on the material and Td: the
higher are the crystallization potential and Td, the
higher is Df. An interfibrillar amorphous phase
consisting of non-crystallizable unfolded chains
should remain due to topological defects such as
entanglements and chain defects such as co-units
that both prevent the chains to set up in crystallo-
graphic register despite good alignment with the
microfibrils. This conclusion is consistent with
the fact that thermal treatments do not signifi-
cantly affect Df.

The question of the long period evolution is some-
what more complex. Figure 3a shows that the fibril-
lar long period, Lpf, is always lower than the initial
long period, Lp, in the limits of experimental accu-
racy. For annealed and isothermal samples, this find-
ing may be rationalized in consideration that the draw
temperature, 25 °C < Td < 100 °C, is always lower
than the temperature of thermal treatment, Tc =
122°C, so that one should expect Lpf < Lp after melt-
ing-recrystallization (Figure 3b). However, for
quenched samples (Figure 3a), it is hardly believable
that the structural transformation could occur at a
local temperature Td

* lower than the quenching tem-
perature. This is especially true for Td = 100°C. More-
over, self-heating is liable to increase the local tem-
perature Td

* above the Td value. Thereby,Td
* is likely

to exceed the Tc of quenched samples so that melt-
ing-recrystallization cannot account for the finding
Lpf < Lp.
One may thus propose a complementary mecha-
nism to that of the model of Figure 7. One may con-
sider that the melting point could not be reached
during the transformation process, so that crystal
destruction-recrystallization should be more appro-
priate than melting-recrystallization [11]. This implies
that only a part of the crystalline phase should be
only concerned by the phenomenon. This part should
depend on the sample initial crystalline microstruc-
ture and chain topology, and experimental condi-
tions as well.
Figure 8 shows a scenario of microfibril generation
based on partial strain-induced crystal destruction-
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recrystallization. This model borrows from Thomas
and coworkers observations [45, 53] regarding the
fibrillar transformation of high density PE in rela-
tion to the chain topology, and the correlation with
the natural draw ratio. Protofibrils (a) are first formed
by fragmentation of the crystalline lamellae stacks.
Then the stretched chains between the crystal frag-
ments (b) in the protofibrils are prone to gradually
crystallize benefiting from the strain-induced chain
orientation. Then, stretching and self-heating pro-
mote chain unfolding and thinning down of the
protofibrils (c) that gradually turn into microfibrils
thanks to further crystallization and aggregation of
unfolded chains (d). By this way, the final average
Lpf value may be lower than the initial Lp value,
although the local Td

* could be higher than Tc.
Besides, the amount of new crystal blocks grown
under strain is likely to be lower for high Td than for

low Td owing to lesser density of critical nuclei. This
could explain that Lpf is higher at high Td.
The presence of surviving crystal fragments with
different crystal thickness than the strain-induced
crystal blocks should disrupt the regular stacking in
the microfibrils. As a matter of fact, none of the drawn
samples displayed harmonics on the 2-streak SAXS
patterns.
The amount of surviving crystal fragments may
depend on both the sample initial crystalline micro -
structure and experimental conditions. High Td and
low initial Xc or Lp are favorable to crystal destruction
owing to better chain relaxation in the crystalline
phase. However, this quantity is hardly accessible
to experiments.
The later refinement of the proposed fibrillar trans-
formation model is perfectly consistent with the
observation that Lpf turns roughly constant for Td $
50°C. Indeed, below the temperature of the crystal
relaxation, molecular motions in the crystal are pro-
hibited at usual tensile strain rates. Besides, consid-
ering that the &-relaxation in high density PE occurs
at about –40°C and the glass transition temperature
at –120°C [54], the molecular motions in the amor-
phous phase are little affected in the range –40°C <
Td < 50 °C. Therefore, the fibrillar transformation
process should be practically insensitive to temper-
ature in this Td range.
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Figure 7. Schematic of the fibrillar transformation upon
uniaxial drawing of polyethylene based on Peter-
lin’s model including data from the present study
(see text for details)

Figure 8. Alternative mechanism of microfibril generation
in case of partial strain-induced melting (see text
for detail)
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1. Introduction
Nowadays, thermoplastic or linear polyurethanes
(PUs) are produced in large quantities for different
applications, such as linear elastomers and foams [1,
2]. Their market penetration is due to their physico-
mechanical properties, which can be tailored upon
request via their chemical synthesis. Due to their out-
standing properties, PUs are widely used in automo-
tive (instrument panel, belt, seals), electric/elec-
tronic (cable jacketing, mobile phones), transporta-
tion (conveyor belt, tyres), footwear (shoe and shoe
sole), medical (catheters) fields, sporting goods,
leisure articles (grips) etc. [3–8]. Linear PUs are tra-

ditionally produced by reacting diisocyanates (hard
segments), long-chain diols of polyesters and/or poly-
ethers (soft segments) and with short-chain diols (so-
called chain extenders). These covalently bonded
segmented chains undergo phase separation upon
cooling from the melt [9]. The resulting morphol-
ogy is characteristic for traditional thermoplastic
elastomers which are ‘physically crosslinked’. More-
over, this structure meets the requirements of shape
memory polymers (SMPs). SMPs contain ‘net points’
accounting for shape fixing and reversible ‘switches’
via which the temporary shaping occurs [10]. In seg-
mented PUs the hard domains form the net points,
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whereas the soft segment may overtake the switch
function. The reversible switch is linked either with
the glass transition (Tg) or with the melting temper-
ature (Tm) depending whether the long-chain soft
segments are amorphous or semicrystalline [11].
The SM behavior of segmented PUs was early rec-
ognized thereby credit should be given to Tobushi
et al. [12].
Nowadays, already a large body of works addressed
the preparation and characterization of shape mem-
ory PUs (SMPUs) [13–16]. Research strategies focus
now on the creation of multifunctional polymers [17,
18]. As far as SM concerns, attempts are in progress
to combine it with self-healing [19]. For self-healing
different concepts have been introduced and fol-
lowed [20]. One of them exploits thermoreversible
Diels-Alder (DA) reactions [21, 22]. Due to the ther-
mal reversibility and mild reaction conditions of the
Diels-Alder (DA) reaction widely used in the poly-
mer syntheses. The other advantages of this reaction
are as follows: both DA and retro-DA (rDA) reac-
tion undergo without catalyst and no byproducts
forms. The DA adducts form by the reaction of a con-
jugated diene and a dienophile at a temperature range
from 20 to 90°C and can be cleaved via rDA reac-
tion above 120°C [23–27]. The retro reaction, i.e.
break-up of the DA adduct, has a very promising
additional benefit for linear PUs, namely reduction of
the melt viscosity. Low melt viscosity is essential for
molded parts having fine surface pattern, long flow
routes, or the like. In addition, through DA adducts
the degradation behavior of PUs may also be tuned.
Therefore, it is of great interest to study the effect of
DA adducts in the segmented chain of PUs on their
mechanical and shape memory behavior.
This work is aimed at synthesizing various seg-
mented linear PUs containing DA couplings in the
main chains and studying their basic mechanical,
shape memory and thermomechanical behaviors.
Based on our former works [28] poly("-caprolac-
tone) (PCL) with different high molecular weights
proved to act as an excellent ‘switch’ in SMPUs [29].
Therefore, for the syntheses of shape memory PUs
PCLs with high molecular weights served as diols.
As diisocyanates aliphatic and aromatic types have
been selected. DA adducts in the main chain were
produced by furan-maleimide reaction [23].

2. Experimental section
2.1. Materials
For synthesis of the obtained PUs the following mate-
rials were used. As diols PCL (Mn = 10 kg/mol,
Sigma-Aldrich Chemical Co (Chemie GmbH, Ger-
many); CAPA® 6250, Mn = 25 kg/mol; CAPA®

6500, Mn = 50 kg/mol, Perstorp Holding AB, Malmö,
Sweden) were selected. For the hard segment forma-
tion 4,4#-methylene diphenyl diisocyanate (MDI),
2,4-toluene diisocyanate (TDI), 1,6-hexamethylene
diisocyanate (HDI) (reagent grades, Sigma-Aldrich
Chemical Co (Chemie GmbH, Germany)) served.
Furfurylamine (FA) and 1,1#-(methylene di-4,1-
phenylene)bismaleimide (BMI) (reagent grade) was
purchased from Sigma-Aldrich Chemical Co (Chemie
GmbH, Germany). Toluene (analytical grade of Lab-
Scan Analytical Sciences, Gliwice, Poland) was
distilled over P2O5 and stored on sodium wire until
use.

2.2. Synthesis of PUs
The PUs differed in the Mn of PCL, type of the diiso-
cyanates and ratio of the components used for their
synthesis. PU 1 was produced as described below.
Typical procedure for the synthesis of PU 1: 5.0 g
PCL (5·10–4 mol, Mn = 10 kg/mol) was dissolved in
hot toluene 60–80°C (50 mL) under a nitrogen atmos-
phere in a 250 mL four-neck flask (equipped with
mechanical stirrer, dropping funnel, condenser and
nitrogen inlet). Tin(II) ethylhexanoate (reagent grade,
Sigma-Aldrich) in 2 mol% amount was used as cat-
alyst. To prepare the prepolymer with isocyanate end
groups 0.375 g MDI (1.5·10–3 mol/5 mL toluene,
3 equiv.) was added to the mixture and reacted for
2–3 hour [h] at 100–110 °C. To form the DA adduct,
0.05 g (49 µL) FA (1·10–3 mol, 2 equiv.) was added
to the isocyanate ended pre-polymer in one portion
at 20 °C and heated to 80 °C and kept there for
0.5 h. It was followed by the addition of 0.18 g BMI
(5·10–4 mol, 1 equiv.) at the same temperature and
heated at 100–110°C for 1 h. Accordingly, the com-
position of this PU 1 is PCL(10)-MDI-FA-BMI/
1:3:2:1, where (10) refers to the Mn of PCL in
kg/mol unit.
PU 2–PU 10 were synthesized according to the pro-
cedure described above except that the amounts of
BMI were doubled. The PUs were prepared using the
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following compositions: PCL (different Mn)-diiso-
cyanate (MDI, TDI, HDI)-FA-BMI/1:3:2:2. The syn-
thetic pathway of the PUs is summarized in Fig-
ure 1.
It is the right place to mention that the above com-
position ratios were selected according to our expe-
rience. During the related works it turned out that
the OH/NCO ratio for the prepolymer formation
should be preferentially 1:3 [28], corresponding to
the above molar ratio, viz. 1:3. During the syntheses
the Mn of PCL and the type of the diisocyanate were
systematically changed to examine their effects on
the properties of the resulting PUs.
Diels-Alder adducts were obtained through the reac-
tion between furan and maleimide groups. The for-
mer was obtained by reacting the isocyanate function-
alized prepolymer with FA. Coupling of FA end-
functionalized polymers with BMI resulted in the
formation of DA adducts. Note that no additional
chain extending diol was involved in the synthesis.
For the syntheses of PU 2 to PU 10 the molar ratio of
BMI was raised from 1 to 2, which yielded improved
mechanical properties. Yield of the synthesis of the
PUs varied between 85 and 98% for this PU series.
The solutions containing the final linear PUs were
poured onto Teflon® plates and dried in air resulting
in yellow elastic films. Their coding, composition,
Mn and Shore A hardness data are listed in Table 1. 

2.3. Characterization
Size-exclusion chromatography (SEC) was used to
determine the number- and weight-average molecu-
lar weight (Mn and Mw, respectively) and thus the
polydispersity (Mw/Mn) of the linear PUs prepared.
SEC chromatograms were recorded in tetrahydrofu-
ran (THF) at a flow rate of 0.5 mL/min with a Waters
chromatograph equipped with four gel columns
(4.6$300 mm, 5 %m Styragel columns: HR 0.5, 1, 2
and 4), Waters Alliance e2695 HPLC pump, and with
a Waters 2414 refractive index detector, Waters
Corp., Milford, MA, USA). SEC was calibrated with
polystyrene standards.
1H-NMR spectra were recorded with a Bruker AM
360 (360/90 MHz for 1H/13C) spectrometer (Bruker,
Karlsruhe, Germany). Deuterated chloroform was
used as solvent. Chemical shifts were referenced to
the 1H signal of Me4Si, that was used as standard. FA
and BMI were reacted separately at different temper-
atures in toluene and their 1H–NMR spectra recorded
and analyzed in order to support the proper assign-
ments of the 1H signals of DA adducts in the 1H-NMR
spectra of the PUs.
Attenuated total reflectance (ATR) Fourier-trans-
form infrared (AT-FTIR) spectra were recorded on a
Perkin Elmer Instruments Spectrum One FTIR spec-
trometer equipped with a Universal ATR Sampling
Accessory (PerkinElmer Inc. Waltham, MA, USA).
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Figure 1. Synthetic pathway for the preparation of DA-adduct containing linear polyurethanes



The polymer was irradiated by IR beam through a
special diamond-zinc-selenium composite prism.
The average film thickness of the specimens was ca.
0.5 mm. Four scans were taken for each sample. The
spectra were evaluated by Spectrum ES 5.0 pro-
gram.
Heat treatment of polymers was carried out by hot
pressing using 20 bar pressure at 90 °C for 45 min.
This treatment was expected to improve the DA
coupling in the main chain.
Shore A hardness was measured according to the
EN ISO 868 standard with a Zorn type instrument.
Tensile tests were carried out according to the EN ISO
527-1 standard. Computer-controlled Instron 4302
type tensile testing machine (Instron, Darmstadt, Ger-
many), equipped with a 1 kN load cell, was used. At
least three dumbbell specimens were cut (clamped
length 60 mm) and tensile loaded at a crosshead
speed of 50 mm/min. The thickness of the speci-
mens varied between 0.3–1.1 mm.
The thermal properties of the synthesized PUs were
examined by Differential Scanning Calorimetry
(DSC). DSC tests were carried out in a DSC Q2000
(TA Instruments, Newcastle, DE, USA) equipment
operating at 10°C/min heating rate. Nitrogen flushing
was used as protective atmosphere. The weight per-
centage of the crystalline PCL (Cr) was calculated
by Equation (1) [30]:

                                           (1)

where &Hm is the heat of fusion of the investigated
PU, !A is the weight fraction of PCL in the corre-
sponding PU, &Hm° is the heat of fusion of the pure
100% crystalline PCL. For the latter 135.31 J/g has
been taken [31].
Dynamic mechanical analysis (DMA) testing of the
PUs was carried out in DMA Q800 device of TA
Instruments (Newcastle, DE, USA). DMA traces
were monitored in tension mode (dimension of the
specimens: length: 25 mm, clamped length: 12 mm,
width: 7 mm, thickness: ca. 0.5 mm) at an oscillation
amplitude of 0.2% setting a frequency of 1 Hz and a
static load of 1 N. The temperature was varied between
–10 and 130°C with a heating rate of 3 °C/min.
Shape memory properties were evaluated in tensile
mode using the above DMA device. The specimens
(clamped length$width$thickness = ca. 12$7$
0.5 mm) were stretched after 10 min holding at 80°C
at a strain rate of 40%/min, followed by cooling

quickly the specimen to 20°C. The stress was then
released and the shape fixity (Rf) determined. Shape
recovery (Rr) was measured at 0.1 N loading of the
specimens (quasi free recovery) by reheating the
specimens at 1 °C/min heating rate from 20 to 80°C
and holding there for 10 min. The shape fixity (Rf)
and shape recovery ratios (Rr) are defined as by
Equations (2) and (3):

                                   (2)

                                       (3)

where ld – the sample length after removal of the ten-
sile load during shape fixing at 20°C, l0 – the clamped
length of the sample at 20°C, l80% – the length after
tensile stretching for 80%, and lf – the final recov-
ered length of the stretched specimen.

3. Results and discussion
3.1. Molecular characteristics of the linear PUs
According to Figure 1, linear segmented PUs, com-
posed of soft segment PCL with varying Mn, hard
segment diisocyanate (MDI, HDI, TDI) and the DA
coupling (by reacting the furan of FA and BMI),
were produced. The compositions of PUs synthe-
sized PU 1 to PU 10 are listed in Table 1. All PUs
were highly ductile materials with rather high
Shore A hardness.
The SEC traces of the starting PCLs and the synthe-
sized linear PUs 1–10 are shown in Figure 2. The
SEC traces of the synthesized PUs appeared at lower
retention volumes (i.e., at higher Mn) than those of
the starting PCLs, supporting a successful coupling.

Rr 3, 4 5 ld 2 lf
ld 2 l0

~
100

Rf 3, 4 5 ld 2 l0
l80, 2 l0

~
100

Cr 5
DHm

xA~DHm8
~
100Cr 5

DHm

xA~DHm8
~
100

Rf 3, 4 5 ld 2 l0
l80, 2 l0

~
100

Rr 3, 4 5 ld 2 lf
ld 2 l0

~
100
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Figure 2. SEC traces of starting PCLs and the synthesized
PUs 1–10
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Table 1. Composition and basic molecular characteristics of the linear PUs synthesized

Code Composition/monomer ratio Mn
[kg/mol] Mw/Mn Shore A hardness

PCL(10) 10.4 1.60 –
PCL(25) 23.2 1.80 –
PCL(50) 51.9 1.80 –

PU 1 PCL(10)-MDI-FA-BMI/1:3:2:1 76.0 1.95 94
PU 2 PCL(10)-MDI-FA-BMI/1:3:2:2 66.4 1.90 95
PU 3 PCL(10)-HDI-FA-BMI/1:3:2:2 53.6 1.90 81
PU 4 PCL(10)-TDI-FA-BMI/1:3:2:2 57.0 2.00 84
PU 5 PCL(25)-MDI-FA-BMI/1:3:2:2 67.3 1.60 96
PU 6 PCL(25)-HDI-FA-BMI/1:3:2:2 67.2 1.60 94
PU 7 PCL(25)-TDI-FA-BMI/1:3:2:2 61.6 1.60 90
PU 8 PCL(50)-MDI-FA-BMI/1:3:2:2 116.7 1.60 92
PU 9 PCL(50)-HDI-FA-BMI/1:3:2:2 95.9 1.50 94

PU 10 PCL(50)-TDI-FA-BMI/1:3:2:2 85.8 1.70 90

b)

Compound Protons ! [ppm] in CDCl3

FA

a
b
c
d
e

7.35
6.31
6.12
3.82
1.45

BMI
f
g
h

6.84
7.31–7.26

4.03

DA adduct

1 endo
1 exo

2.3 exo, endo
4 endo, exo + h

endo exo
5 endo

6 endo + 5 exo
6 exo

5.36
4.53

6.58–6.22
4.01–3.90

3.33
3.15–3.00

2.65

Figure 3. Proton assignments of FA, BMI and the corresponding DA adduct (a, b) and a representative 1H-NMR spectrum
of DA reaction between FA and BMI at 25°C (c)



The Mn and polydispersity (Mw/Mn) values, obtained
from SEC measurements, are compiled in Table 1.
Mn values of the DA adduct containing linear PUs
with PCL of Mn = 10 kg/mol (PUs 1–4) are between
53.6 and 76 kg/mol. This suggests the formation of
PU chains containing 5–7 PCL units. In contrary,
PUs 5–7 with PCL of Mn = 25 kg/mol includes 2
PCL units based on the measured Mn values (61.6–
67.3 kg/mol). Similar amount (i.e. 2 units) of PCL
(according to the measured Mn values (85.8–116.7))
may be incorporated in PUs 8–10 containing PCL of
Mn = 50 kg/mol. The polydispersity changed within
a narrow range (cf. Table 1).
Comparing PUs 5–7 and PUs 8–10, where the cou-
pling diisocyanates were different the Mn decreased
according to the order MDI > HDI > TDI. This ten-
dency is more pronounced for the PUs containing
PCL with the highest Mn (PU 8–10) than for the
series with Mn = 25 kg/mol PCL (PU 5–7). How-
ever, incorporation of HDI resulted in the lowest Mn
value (53.6 kg/mol) for PUs 2–4. In addition, as gen-
eral trend it can be established that MDI provided
PUs with the highest Mn.
To identify the proton signals of the DA adducts in
the 1H-NMR spectra of linear PUs, first the reaction
of unprotected FA and BMI was studied as model
reaction. FA and BMI were reacted at 25, 60, 100 and
120°C for up to 23 h in dry toluene. Figure 3 illus-
trates the composition of the reaction mixture after
1 hour at 25 °C. The distinct peaks at " = 6.84,
4.03 ppm are assigned to protons f and h of BMI
while peak at 3.82 ppm belongs to proton d of FA.
New chemical shifts at " = 6.58–6.22, 5.36, 4.53,
4.01–3.90, 4.33 and 2.65 ppm can be assigned to the
protons 1–6 of DA adduct. Considering the nature
of DA reaction exo- and endo-adducts may be

formed, the ratio of exo- to endo-adducts changed
with the temperature and the reaction time.
Figure 4 shows the superimposed proton NMR spec-
tra of FA, BMI and the DA adduct formed from them
at 60°C. As seen in Figure 4 the amount of the endo
to that of exo DA adduct increases with conversion.
The data of Table 2 show the effects of reaction tem-
perature and time on the formation of the DA adducts
(endo+exo; unreacted). Based on the integrals of pro-
tons f and 1 after 23 h the conversion was 84%, while
at 100°C after 23 h the reaction almost completed.
As it can be seen from these results, the DA addition
reaction takes place already at room temperature with
moderate conversion: i.e. the amount of the DA
adducts is 54% after 23 h at ambient temperature.
Upon raising the reaction temperature the conversion
increases. Further increase in the temperature (120°C)
induces the rDA reaction since proton signals of the
starting materials reappear in the 1H-NMR spectra.
To support the proposed structure presented in Fig-
ure 1, the 1H-NMR spectrum of PU 5 will be shown

Lakatos et al. – eXPRESS Polymer Letters Vol.10, No.4 (2016) 324–336

                                                                                                    329

Figure 4. Superimposed 1H-NMR spectra of DA reaction
between FA and BMI at 60°C

Table 2. Composition of the reaction mixture at 25, 60, 80, 100 and 120°C based on 1H-NMR spectra
Temperature

[°C]
Starting material

% (1h) % (2h) % (3h) % (4h) % (5h) % (6h) % (7h) % (23h)
25 83 85 87 85 84 81 80 45
60 31 30 28 27 28 26 21 16
80 36 36 37 37 36 36 35 30

100 29 28 25 29 28 26 32 2
120 13 13 22 16 24 23 21 5

Product
% (1h) % (2h) % (3h) % (4h) % (5h) % (6h) % (7h) % (23h)

25 17 14 12 14 15 19 19 54
60 68 69 71 73 71 74 78 84
80 64 64 64 64 64 64 65 69

100 71 72 75 71 72 74 68 98
120 88 70 78 84 76 77 79 95



and analyzed next. The amide, urethane or urea NH
protons (f) of PU-5 appear in Figure 4 at 8.63,
7.69 ppm, while the aromatic signals (MDI) are vis-
ible at 7.30, 7.11 ppm. The protons (f and d), which
belongs to the components of DA adduct, can be
found at 6.85 (BMI) and 3.75 (FA) ppm, respec-
tively. The low intensity peaks of the adduct (1–3)
are visible in the magnified insets at 6.75, 6.61 and
5.36 ppm. The CH2 proton signals of PCL are around
4.06, 2.31, 1.72-1.62  and 1.38 ppm (cf. Figure 5).
The DA and rDA reactions were also studied by
1H-NMR spectroscopy (PU 1, Figure 6). The DA
reaction was induced at 100°C by addition FA and
BMI (2) to the isocyanate terminated prepolymer (1),
while the cleavage of the DA adduct was followed at
125°C for 2 h (3). The peaks at 6.85, 3.88 ppm belong
to FA and BMI, while those at 6.73 and 6.57 ppm
are assigned to CH protons of the DA adduct. In the
1H-NMR spectrum (3) the peaks of BMI and the DA
adduct are not visible, only the low intensity peaks
(6.31, 6.23 ppm) of FA appear at 3.68 ppm (Figure 6).
In order to study how the heat treatment influences
the properties of the PUs via completion of the DA
reaction PU 2 was heated at 90°C for 45 min in a hot
press. The corresponding 1H-NMR spectra are shown
in Figure 7.
The increasing intensities of the signals related to the
DA adduct at 6.72, 6.55, 5.36, 3.13 and 3.02 ppm,

confirm that the additional thermal treatment
improved DA coupling.
Further information on the chemical structure of the
linear PUs was expected from AT-FTIR measure-
ments. Figure 8 shows the IR spectra of PUs 2, 5–8.
The absorption bands belonging to amide bonds 
–NH and amide II, are not visible in the FTIR spec-
tra of PUs. The absorption bands at 2860, 2935 cm–1,
associated with –CH2 vibrations, are well identifiable.
Nevertheless, no absorption band could be resolved
around 2230 cm–1, indicating the complete reaction
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Figure 5. Structure and 1H-NMR spectrum of PU 5

Figure 6. Investigation of the DA and rDA reaction by
1H-NMR spectroscopy in the case of PU 1



of the NCO functional groups. The band appearing
at 1185 cm–1 can be assigned to =C–O and –C–O–C–
groups (Figure 8). In the structures of segmented PUs
the urethane and amide NH groups act as H-bond
donors, while the C=O groups in the PCL segments
and urethane bonds overtake the role of H-bond
acceptors [32, 33]. The H-bonded structure may
influence numerous properties of the PU including
e.g. the crystallization process. The presence of
bond –N–H…O=C can be demonstrated by AT-
FTIR. As seen in the enlargement of C=O band (Fig-
ure 8), the free C=O band reflecting the ester (PCL)
and urethane C=O appears around 1727–1733 cm–1,
whereas the H-bonded C=O is reflected by a weak
shoulder between 1694–1700 cm–1. The PUs 2 and
5 were also investigated by IR spectroscopy before
and after heat treatment. Our observations confirm

also that additional DA reaction takes place upon
heating, which is in good agreement with 1H-NMR
results (see Figure 7). So, the applied heat treatment
supported additional DA adduct formation.
Figure 9 reveals the FTIR spectra of PU 2 and 5
with and without additional heat treatment. In the IR
spectra of heat treated PUs a band is visible at
1772 cm–1 (C=O) and the increasing intensity of
peak at 1185 cm–1 refers to an additional formation
of DA-adduct [33]. The results of 1H-NMR and AT-
FTIR investigations indicate that the DA reaction in
the case of high molecular weight PUs takes place at
lower conversion than in the model reaction between
FA and BMI. However, the DA conversion can be
further enhanced by heat treatment.
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Figure 7. 1H-NMR spectra of PU 2 with heat treatment at 90°C for 45 min (b) and without heat treatment (a)

Figure 8. AT-FTIR spectra of PUs 2 and 5–8 Figure 9. Comparison of the AT-FTIR spectra of PU 2 and 5
with and without thermal treatment at 90°C for
45 min



3.2. Tensile mechanical behavior
The mechanical properties were examined by ten-
sile measurements and the results are summarized
in Table 3. Comparing PU 1 and 2 one can recognize
that increasing the BMI amount in the composition
was accompanied with decreasing the stiffness (E-
modulus), strength (maximum and stress at break, #m
and #R, respectively) and ductility (elongation at max-
imum stress and ultimate elongation, $m and $R,
respectively) characteristics.
PCL (10 kg/mol) combined with MDI showed good
mechanical properties (PUs 1 and 2), the tensile
strength (#R) 18 and 19 MPa. Applying HDI and TDI
instead of MDI (PU 3, 4), PUs with poorer mechan-
ical properties were obtained, which can be attrib-
uted to the decreasing molecular weight of the corre-
sponding PUs (see Table 1.) In the series of PUs 5–10
containing PCL of Mn = 25 and 50 kg/mol (PUs 6
and 9) PCLs resulted in polymers with the highest
tensile strength (#R) 22 and 25 MPa and elongation
($R) 619 and 580%. This may be due to the higher
flexibility provided by HDI. However, it should be
noted that the E-modulus increased, which may be
linked with a higher secondary bond (H-bonds, Van
der Waals interactions) density. Considering the HDI
containing PU series, i.e., PUs 3, 6 and 9, one can
observe that the stiffness, strength and ductility data
steeply increase with increasing molecular weight
of the PCL from Mn = 10 kg/mol to 25 kg/mol. How-
ever, incorporation of PCL with Mn = 50 kg/mol
resulted in a small drop in each of the above mechan-
ical parameters. In contrast, for the TDI series a dif-
ferent scenario can be observed. Unlike PUs 4 and
10 having the lowest and highest Mn of PCL incor-
porated into the chain, poor mechanical data were

found for PU 7 containing PCL with Mn = 25 kg/mol.
The best mechanical performance can be attributed
to the MDI series of the PUs (PU 2, 5 and 8), espe-
cially when they contained PCLs with Mn = 10 and
25 kg/mol as soft segments (PU 2 and 5). Therefore,
these polymers were studied with respect to shape-
memory properties.

3.3. Thermal, thermo-mechanical and shape
memory behavior

DA adduct formation provides a reversible linkage
between the PCL-based prepolymers thereby enhanc-
ing the molecular weight of the resulting PU. Longer
chains participate in more molecular entanglements
and affect the final morphology (physical crosslink
structure), which may be associated with better SM
performance. Furthermore, DA adducts may over-
take the role of reversible ‘switch’ in SMPUs, as
well. However, as underlined before, the reversible
main ‘switch’ function of this series of SMPUs is due
to the melting and crystallization of the PCL seg-
ments. On the other hand, the DA bonding between
the furan and maleimide may influence the crystal-
lization of PCL and thus affect the shape memory
properties. For this reasons, the crystallization behav-
ior of PCL in selected PUs (PUs 1–3, 5, 6, 8 and 9)
was investigated by DSC (see Figure 10). The data
obtained from the DSC curves and the calculated
crystallinity values are summarized in Table 4.
As shown in Figure 10 only the melting peaks of
PCL were detected by DSC measurements. No ther-
mal effects belonging to the DA adducts appeared in
the DSC curves. The latter, might be hidden by the
PCL melting. Furthermore, the crystallinity of poly -
urethanes can be influenced by the length of the soft
segment and the amount of hard segment [34]. Con-
sidering PUs 1 and 2 the higher BMI amount seems
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Table 3. Tensile mechanical properties of the PUs (PUs 1–
10). Designations: E-elastic modulus (Young’s
modulus), #m – maximum stress, $m – elongation at
the maximum stress, $R – is the ultimate elonga-
tion, and #R – is the stress at break

Code E
[MPa]

!m
[%]

"m
[MPa]

!R
[%]

"R
[MPa]

PU 1 360±9 490±4 18±0.6 490±4 18±0.6
PU 2 179±22 778±9 19±0.7 778±9 19±0.7
PU 3 113±15 165±76 9±0.5 165±76 9±0.5
PU 4 162±11 175±55 9±1.0 175±55 9±1.0
PU 5 179±36 695±107 15±4.0 695±107 15±4.0
PU 6 383±21 619±23 25±0.4 619±23 25±0.4
PU 7 145±66 16±5 6±2.0 26±8 5±0.6
PU 8 174±34 75±45 9±0.7 160±45 10±2.0
PU 9 285±26 580±63 22±0.1 580±63 22±0.1
PU 10 235±41 102±30 13±1.0 102±30 13±1.0 Figure 10. DSC curves of PUs 1–3, 5, 6 ,8 and 9



to reduce the crystallinity thereby lowering Tm, as
well. With the increasing Mn of PCL, the PCL crys-
tallinity shows maximum for the MDI series (cf. PU 2,
5, and 8 in Table 4). Based on these results PU 5 has
the highest crystallinity, which may explain the bet-
ter shape memory properties. No change in the crys-
tallinity was detected, when the Mn of PCL was
increased for the HDI containing PUs (cf. PU 6 and

9 in Table 4). However, the crystallinity of the PU
decreased, when the main segment was PCL with
Mn = 10 kDa (PU 3). The reason for this may be
linked with the flexibility of HDI.
Thermal stability and shape memory properties of
PUs were analyzed by dynamic mechanical analy-
sis (DMA) using tensile mode. Storage modulus of
PUs 1, 2, 5, 6 and 9 as a function of temperature are
shown in Figure 11. The DMA curves exhibit rub-
bery-like plateau above Tm of the PCL for PU 1, 2,
5 and 6. No such feature could be detected for PU 9.
The term rubbery-like is used due to some analogy
with the rubbery plateau in crosslinked polymers. The
fact that it is declining with increasing temperature
is a confirmation for the presence of a segregated
morphology in the physically networked thermoplas-
tic PUs. Nevertheless, the presence of this plateau is
an excellent tool for SM programming [35]. In the
DMA traces of PUs 1 and 2, containing PCL of Mn =
10 kg/mol, additional peaks can be found in this rub-
ber-like plateau region. These additional peaks may
be due to the microstructure of the PUs and/or to the
advancement of the DA coupling which was also
confirmed by 1H-NMR and AT-FTIR spectroscopy.
PUs 2 and 5 showing well developed rubbery-like
plateaus were subjected to SM tests. First thin strips
cut of PU 2 and 5 were tested for shape memory
performance (Figure 12). The samples were deformed
at 70°C (i.e. above the melting temperature of PCL
block) in water bath and then cooled to room tem-
perature to set the temporary shape. Its re-immer-
sion in the warm water bath resulted in the expected
shape recovery.
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Table 4. Melting temperature (Tm), melting enthalpy (&Hm)
and crystallinity values obtained from DSC meas-
urements

Code PCL Mn
[kg/mol]

Tm
[°C]

PCL
[wt%]

!Hm
[J/g]

Crystallinity
[%]

PU 1 10 61.8 88.5 74.6 62.0
PU 2 10 60.3 86.0 65.6 56.5
PU 3 10 61.4 90.0 49.9 41.0
PU 5 25 61.6 94.0 85.8 68.0
PU 6 25 61.8 95.0 78.7 61.5
PU 8 50 63.1 97.0 66.7 51.0
PU 9 50 62.5 97.0 81.2 62.0

Figure 11. Storage modulus as a function of temperature for
PUs 1, 2, 5, 6 and 9

Figure 12. Illustration of the shape memory behavior for PU 2 (a–c) and PU 5 (d–f): a, d) permanent, b, e) temporary,
c, f) recovered shape



The SM behavior was quantified in tensile loading
using the DMA device. PUs 2 and 5 had similar
shape fixities (Rf = 99 and 100%, respectively) after
deformation at 80°C for 80% strain. The shape recov-
ery of PU 5 at 80°C (Rr = 56%) was higher than the
PU 2 version containing PCL with Mn = 10 kg/mol
(Rr = 43%). The reason for this is most likely linked
with the difference in the main segments’ molecular
weights, viz. PCLs with 25 and 10 kg/mol. Thus PU 2
has lower crystallinity and reduced elasticity which
affect negatively the shape recovery. It is supposed,
however, that Rr changes as a function of the shape
programming, i.e. temperature and strain values. It is
noteworthy that due to rubber-like behavior and the
thermoreversible feature of the DA coupling, these
PUs may show shape memory assisted self healing
[36, 37] that will be checked next.

4. Conclusions
DA reaction was applied for the preparation of ther-
moreversible bond containing linear segmented poly -
urethanes (PUs). The soft segments composed of
poly("-caprolactone) (PCL) with different molecu-
lar weights (Mn = 10, 25 and 50 kg/mol), while the
hard segments were three types of diisocyanates
(4,4#-methylene diphenyl diisocyanate (MDI), 2,4-
toluene diisocyanate (TDI), 1,6-hexamethylene diiso-
cyanate (HDI)), furfurylamine (FA) and 1,1#-(meth-
ylene di-4,1-phenylene)bismaleimide (BMI). The
molecular weight of the linear PUs was determined
by size-exclusion chromatography (SEC) and var-
ied from 53.6 to 116.7 kg/mol. It was demonstrated
that heat treatment close to the melting temperature
(Tm) of PCL supported the DA reaction. The PCL-
related crystallinity of the PUs changed slightly as a
function of PCL molecular weight and diisocyanate
type. This was attributed to the effects of H-bonding
and characteristics of the hard segments formed.
MDI and HDI outperformed the TDI-containing PUs
with respect to the mechanical performance irre-
spective of the PCL molecular weight. The stiff
molecular structure of MDI proved to be beneficial
for the mechanical performance of PUs with PCL of
10 kg/mol molecular weight, while the more flexi-
ble HDI worked well in the PUs with higher molec-
ular weight PCL (50 kg/mol). Above Tm of the PCL
a well-developed rubber-like plateau was found
attesting the efficient physical networking via the
hard segments composed of isocyanates and DA
adducts. This plateau range allows to set different

programming for shape memory function that was
shown on selected examples. The good recovery
along with the thermoreversible feature of the DA
adducts are prerequisites of shape memory assisted
self-healing which, however, still has to be con-
firmed.
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1. Introduction
Due to their superior specific strength, stiffness and
design flexibility, fiber reinforced polymeric (FRP)
composites are widely used in numerous aerospace
and engineering applications. However, their poor
out-of-plane mechanical properties make them sus-
ceptible to various damages like impact, inter-ply
delamination and interlaminar shear that result in per-
formance degradation of composite structures [1–3].
Moreover, in most cases, these damages lie beneath
the surface or barely visible and a lot of non-destruc-
tive (NDT) inspections are necessarily performed to
seek their presence and prevent catastrophic failure
of structure [4, 5]. Consequently, large factors of
safety are incorporated in design to ensure their
safety and reliability, which lead to composite struc-
tures with higher weight and thicker sections. How-

ever, mimic to self-healing capabilities of biologi-
cal organisms, recent development of self-healing
FRP composites that can heal themselves upon dam-
age has proved to be an excellent solution to these
problems [6–8].
In FRP composites, self-healing capabilities can be
achieved using modified self-healable matrices,
SHA-filled microcapsules and SHA-filled micro -
channels. In modified healable matrix systems [9–
11], weak chemical bonds are created within matrix
that preferentially breakdown upon damage and
reform on heating. Microcapsule-filled healing sys-
tems [12–15] contain monomer-filled microcap-
sules along with solid-phase catalyst throughout the
matrix, while microchannel-based healing systems
[16–18] comprise SHA-filled vascular channels set-
in at different locations in the structure. Upon dam-
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age, these chemicals react with each other to repair
the damage. Among them, healing through SHA-
filled microchannels are getting more and more atten-
tions these days due to additional benefits, such as
multifunctional uses for self-sensing [19], enhanced
damage visualization [18, 20], active-cooling [21],
continuous supply of SHA for higher number of
damage-repair cycles [22, 23], autonomous self-
healing [24] and accelerated self-healing [25].
In the last decade or so, researchers have employed
a variety of manufacturing techniques to vascularize
polymeric composites [26] and have studied the
effect of different damages on their mechanical prop-
erties, their healing via microvascules and restora-
tion of strength under different loading conditions.
Among them, Bleay et al. [27] placed 5 !m internal
diameter, hollow glass fiber (HGFs) plies within a
composite laminate and then infused them with
SHA for self-healing (in the cured laminate). Com-
pression after LVI testing of their composite panels
indicated limited healing due to partial access of
resin to the damage area. To improve the healing effi-
ciency, Bond and co-workers utilized 60 !m HGFs
and a two part epoxy resin as SHA (separately
loaded). However, instead of LVI, they carried out
pseudo impacts followed by flexural testing to eval-
uate the strength restoration after self-repair and
found it significant (~97%) [20, 28]. Following same
methodology, William et al. [29] produced self-heal-
ing carbon fiber reinforced composites (CFRC) and
conducted flexural test after quasi-static impact and
compression test after LVI [30] and in both cases
got >90% healing efficiency. Similarly, using mil-
limeter scale HGFs, Zainuddin et al. [31] researched
the multiple LVI properties of e-glass/epoxy compos-
ites and reported good recovery in multiple LVI prop-
erties. Moving a step ahead, Norris et al. [24]
employed an autonomous healing approach (self-
sense and self-heal) on CFRC and achieved ~94%
recovery in compression after LVI strength. Like-
wise, Yue et al. [32] used SHA-filled capillaries for
self-healing, but they also monitored the click chem-
istry in real time in an elastomer composite by
dynamic mechanical analyses. They found their
approach quick and versatile in restoring the storage
modulus of composite. So far, researchers have either
used compression test after drop-weight impact or
flexural test after pseudo impact (indentation) to
assess the restoration of strength due to self-healing.
However, only Kling and Czigány [33] studied the

self-healing in HGF reinforced composites through
LVI (drop-weight) and three point bend test, but they
used HGF fabric. Besides, these studies on healing
and restoration of mechanical strength after impact,
Kessler and White [34] have studied the healing of
delamination damage via restoration of mode-I frac-
ture toughness. However, instead of SHA-filled
microchannels, they either directly injected the SHA
in the delamination crack or employed SHA-filled
microcapsules [35]. Whereas, Patrick et al. [36] have
studied the restoration of mode-I fracture toughness
through healing of delamination damage via vascu-
lar network. Therefore, more research is needed to
evaluate the effect and healing of LVI (by drop-
weight) and delamination damage (by mode-I load-
ing) on CFRC under different loading conditions.
This study investigates the self-healing of LVI (by
drop-weight) and delamination damage (by mode-I
loading) in microchanneled carbon-epoxy compos-
ites by employing four-point-flexural after impact/
delamination protocol and SHA-filled microchan-
nels. The effect of healing on the flexural failure of
undamaged, LVI-damaged and M1D-damaged micro -
channeled carbon-epoxy composites is also studied.
In this research a novel scheme has also been devised
and adopted for the self-activation of self-healing
upon mode-1 delamination damage. Microchan-
neled carbon-epoxy composites samples for M1D
were designed and manufactured in such a way that
HGTs with variable lengths were carefully placed at
specific distances from the Polytetrafluoroethylene
(PTFE) film. So, when a mode-I tensile load was
applied on the sample, the M1D was generated and
during its growth at the specific distance, it hit the
circular edge of SHA-filled HGT to release SHA
for self-healing.

2. Experimental
2.1. Materials
Carbon fabric (CF3011) used in this study was pro-
duced by Weihai Tuozhan Fiber Co. Ltd, China and
two-part epoxy resin (Resin-GCC135/Hardener-
W93) were purchased from Kunshan Chemicals,
China. Whereas, Hollow glass tubes (HGTs) were
obtained from Huaxi University, China. Carbon fab-
ric was used as reinforcement and two-part epoxy
resin was used as matrix as well as SHA with
100:30; Resin-Hardener ratio. The carbon fibers
were PAN based having 3550 MPa tensile strength,
230 GPa tensile modulus, 3000 filaments in one
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bundle. Carbon fabric was plain weaved having
200 g·m–2 aerial weight. The epoxy resin was Bisphe-
nolic-A based with a viscosity of 700–1100 mPa·s
and curing cycle of 24 hours at 25 °C. HGTs with
0.9 mm internal diameter were inserted in carbon-
epoxy composites to create microchannels.

2.2. Preparation of microchanneled carbon-
epoxy composites

A dry layered-preform was prepared by placing an
array of HGTs in the longitudinal direction (with
sealed ends) at the mid-plane of carbon fabric layers
upon a polished mold surface. Then peel ply, flow
media, spiral tubing and resin in-out pipes were posi-
tioned accordingly and whole assembly was sealed
using Capron film and tacky tape. A vacuum pump
was then connected through reservoir to suck-out all
the air present inside the bag and among layers.
Room temperature cured, low-viscosity epoxy resin
was then infused to fill up the vacuum cavities among
carbon fabric layers. After curing, microchanneled
carbon-epoxy composite laminate was de-molded,
peel ply was removed and laminate edges were
trimmed to expose the edge faces of HGTs. Schematic
diagram of the process is shown in Figure 1.

Two similar composite sheets with HGTs were pre-
pared, one for flexural after LVI (FAI) and other for
flexural after M1D (FAD) testing. The second sheet
was slightly different from the first. In it, a 15 !m
thick PTFE film was used at the mid-plane to gener-
ate the starter crack. Additionally, HGTs with lengths
60, 65, 70 and 75 mm were carefully placed at 20,
15, 10 and 5 mm distances from the PTFE film
respectively to generate four different sets of sam-
ples. Piano hinges were bonded to the samples for
load transmission. The thin and long edges of the
samples were coated with white corrector fluid and
scaled for every 2.5 mm length to visually observe
and measure the delamination crack length [37].
Nominal dimensions of M1D samples were; length
l = 150 mm, width b = 25 mm and starter crack length
a0 = 50 mm. While dimensions of FAD, LVI and FAI
samples were length l = 80 mm, width b = 25 mm
as shown in Figure 2. Samples for LVI, M1D and
FAD were cut from their respective laminate sheets.
Separate sample IDs of FAI4, FAI6, FAI9, FAI11
and FAD5, FAD10, FAD15, FAD20 were assigned
to each set of samples. Where FAI represented flex-
ural after impact, 4, 6, 9, 11 were the impact ener-
gies with 4, 6, 9, 11 J, FAD for flexural after delam-
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Figure 1. Preparation of microchanneled carbon- epoxy composites; (a-i and a-ii) placement of HGTs between dry fabric
layers, (b-i and b-ii) composite processing by resin infusion and (c-i and c-ii) cured microchanneled carbon/
epoxy composite



ination and 5, 10, 15, 20 were the delamination
lengths in 5, 10, 15, 20 mm

2.3. Characterization
Microchanneled carbon-epoxy samples were infused
with SHA with help of vacuum and both ends of
microchannels were sealed using commercially avail-
able quick-set steel-putty, before they were sub-
jected to LVI drop-weight and mode-I delamination
test.
Impact damage was induced by dropping a steel
hammer of weight 4.62±0.12 kg with 12±0.1 mm
punch diameter from varying heights on the flat
surface of each sample with rubber pad supported
back face. The weight was dropped from variable
heights to get four specific impact energies (4.62,
6.93, 9.24 and 11.55 J) which resulted in impact
damage of variable intensities in separate sets of sam-
ples. These impact energies were carefully selected
so as to induce only slight damage in embedded
microchannels (to release SHA) and composite sam-
ples and not to cause the complete failure of com-
posite samples.
M1D damage was generated by applying a tensile
load to the piano hinges bonded to each sample.
Mode-I tests were carried out on a tensile testing
machine (CMT-5105, SANS, China) at
1.5 mm·min–1 crosshead speed.  The growth of M1D
front was observed visually and tests were termi-
nated after producing four specific mode-I delami-
nations (5, 10, 15 and 20 mm) in four different sets
of samples. The mode-I delaminations lengths were
selected in such a manner that they hit the circular
edge of microchannels (to release SHA).

Upon impact and delamination damage, the SHA in
the microchannels was released to fill the damage
and the samples were allowed to self-heal. The sub-
sequent flexural testing was performed to investi-
gate the efficiency of self-healing for LVI and M1D
damage. Four-point bending tests were also carried
out on CMT5105 testing machine using test fix-
tures, as described in ASTM D6272 [38]. The sup-
port spans were kept at 32 and 64 mm and cross-
head speed was set as 2 mm·min–1. The average value
of the flexural strength was calculated by five indi-
vidual measurements
Surface morphologies of the LVI, M1D damaged,
FAI, FAD and healed samples were characterized
by scanning electron microscope (SEM, Hitachi
SU8010, Japan).

3. Results and discussion
3.1. Impact damage
The damage that appeared on the impact face surface
of each sample by LVI with energies 4.62, 6.93, 9.24
and 11.55 J was roughly elliptical and is shown in
Figure 3. The minor axis of the impression was
aligned with the long axis of the samples due to
higher bending stiffness of the laminate in this direc-
tion. No significant difference in impact damage was
found between three groups of microchanneled car-
bon-epoxy samples, with (I) microchannels, (II) SHA-
filled microchannels and (III) healed samples.

3.2. Delamination damage
The mode-I delamination damage produced was rec-
tangular in shape and located at the mid-plane of the
sample with no visible damage onto the front or back
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Figure 2. Schematics of samples for (a) LVI, (b) M1D, (c) FAI and (d) FAD



surface of the laminate. The length of the delamina-
tion was aligned with the long axis of the sample. No
significant damage was observed on the fiber’s sur-
face and the delamination was caused only due to fail-
ure of matrix. The mode-I delamination damage in
assorted samples is presented in Figure 4.

3.3. Four-point-flexural strength
The four-point-flexural strength of undamaged, LVI
damaged, M1D damaged and healed microchan-
neled carbon-epoxy composites were calculated
using the following Equation (1) as described in
ASTM D6272 [38]:

                                                            (1)

where ! is the flexural strength [MPa], P is the load
[N], L is the support span [mm], b is the width of sam-
ple [mm] and d is the depth of sample [mm]. The heal-
ing efficiency [39] was calculated by Equations (2)
and (3):

                                   (2)

                                  (3)

where !Healed is the flexural strength of the healed sam-
ple after impact/delamination damage and !Undamaged

is the flexural strength of undamaged sample. The
four-point-flexural strength of undamaged, LVI
damaged, M1D damaged and healed microchan-
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Figure 3. Digital photographs of impact damage at the impact face of microchanneled carbon- epoxy samples due to impact
energy (a) 4.62 J, (b) 6.93 J, (c) 9.24 J and (d) 11.55 J



neled carbon-epoxy composites are summarized in
Figure 5.

3.4. Effect of LVI damage on flexural strength
The LVI with impact energies in the range of (4.62–
11.55 J) reduced the flexural strength of microchan-
neled carbon- epoxy composites. It is clear from Fig-
ure 5 that the loss in flexural strength due to LVI
increased steadily with impact energies. The amount
of energy absorbed due to 11.55 J (impact energy)
was approximately 3 times higher than the energy
absorbed due to 4.62 J, so was its effect. The flex-
ural strength decreased 16.77% due to 4.62 J and
28.69% due to 11.55 J, which was almost twice than
due to 4.62 J. This decrease in flexural strength due
to LVI was directly related to the breakage of carbon

fibers in the damage region and widely spread matrix
cracks and delaminations, shown in the SEM micro-
graph in Figure 6, obtained from the region of LVI
of microchanneled composite sample.

3.5. Effect of LVI damage on flexural failure
When a four-point-bending load was applied to a
LVI damaged microchanneled carbon-epoxy com-
posite sample, initially it was taken-up by top ply
carbon fibers, but subsequently it was shifted to the
remaining plies through fiber/ resin interface. With
increasing load the sample started bending, but the
ruptured fibers and matrix microcracks (Figure 6) at
the LVI damaged zone acted as stress concentration
points and caused the sample to fail at much lower
loading value. Final failure of the sample occurred
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Figure 4. Digital photographs of delamination damage at the mid-plane of microchanneled carbon-epoxy samples with
mode-I delamination length (a) 5 mm, (b) 10 mm, (c) 15 mm, (d) 20 mm, where ‘PD’ is prefabricated delamina-
tion and ‘ID’ is induced delamination

Figure 5. Flexural strength of undamaged, LVI damaged,
M1D damaged and healed microchanneled car-
bon-epoxy composites

Figure 6. SEM micrograph of LVI damaged microchan-
neled carbon-epoxy composite sample, showing
fiber damage and matrix microcracks in the
impact region



with the breakage of top ply carbon fibers under com-
pression and bottom ply carbon fibers under tension
(Figure 7).
In addition to breakage of carbon fibers of top and
bottom plies a very minute shearing among lami-
nate plies was also found during SEM of the FAI
failed microchanneled carbon-epoxy composite sam-
ples, as shown in the SEM micrograph in Figure 8.

3.6. Restoration of flexural strength after LVI
The flexural strength of microchanneled carbon-
epoxy composites which were not subjected to any

external damage (LVI) was 663.85 MPa. However,
when these samples were subjected to LVI, the
impact energy penetrated into the composite sample
and ruptured some fibers at the point of impact along
with some microcracks and delaminations in matrix
(shown in Figure 6). Furthermore, the LVI also pro-
duced fissures in the SHA-filled HGTs and caused
the SHA to release, reach the damage zone and fill
the microcracks. This release of SHA through cracked
HGT is shown in Figure 9a and healing by SHA is
shown in Figure 9b.
Figure 9 contains the SEM micrographs of the frac-
ture surfaces, obtained from the region of LVI and
four-point-bend flexural failed sample after healing.
After 48 hours at room temperature, SHA was fully
cured and caused the LVI damage samples to restore
their flexural strength (~90%). This healing behavior
of LVI-damaged microchanneled carbon-epoxy com-
posite sample is presented in Figure 10.
Figure 11 presents the healing efficiencies of micro -
channeled carbon-epoxy composite samples dam-
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Figure 7. Digital photograph of FAI failed microchanneled
carbon-epoxy composite sample

Figure 8. SEM micrographs of Four-point-bend flexural
failure of LVI damaged microchanneled carbon-
epoxy composite sample before healing, showing
interlaminar shear marks; Hackles

Figure 9. SEM micrographs of LVI-damaged microchanneled carbon-epoxy composite samples after healing (a) showing
crack in HGT and release of SHA and (b) showing healing by SHA

Figure 10. Representative load-displacement curves of
undamaged, LVI-damaged (9.24 J) and healed
carbon-epoxy composites samples by flexural
testing



aged by a range of LVI. It was observed that the heal-
ing and restoration of flexural strength was higher
for LVI with smaller impact energies and vice versa.
This was because of the reason that the higher impact
energies caused greater damage with dense network
of microcracks, which could not be completely
filled by SHA due to its higher viscosity.

3.7. Effect of healing on the failure of FAI
As the healing mechanism involved the release of
liquid SHA to the damage region, which filled the
microcracks in the matrix phase and restored the
flexural strength upon curing. In case of LVI, carbon
fibers were also damaged along with resin and SHA
only repaired the microcracks in resin not fibers.
Hence, damage in terms of ruptured fibers remained
there, also not all the microcracks were fully repaired.
So, when LVI-damaged-healed samples were flexural
loaded, the LVI damage zone still acted as stress con-
centration point and caused the healed-samples (Fig-
ure 12) to fail in a similar way as that of un-healed
samples (Figure 7). Hence, healing did not signifi-
cantly affect the failure behavior of FAI samples.

3.8. Effect of M1D damage on flexural strength
Effect of a series of M1D damage on the flexural
strength of microchanneled carbon-epoxy compos-
ites was similar to the effect of LVI damage, but dif-
ferent in magnitude. 5 mm long M1D caused 11%

decrease in the flexural strength of microchanneled
carbon-epoxy composites that increased linearly with
increase in M1D length (Figure 5). Figure 5 showed
that the highest fall in flexural strength (20%) was
due to presence of 20 mm long M1D. This loss was
caused mainly due to the separation of layers by
M1D. The applied load peeled the sample by ripping
the resin not fibers, as the applied load was out of
the plane of fiber plies. This breaking of resin in the
opening tensile mode, left special marks in resin,
known as river pattern, which can be seen in Fig-
ure 13.
SEM micrograph of the fracture surface of M1D
damage region before healing is presented in Fig-
ure 13. Carbon fibers were found intact; their surfaces
were smooth with no visible fiber breakage or dam-
age. Hence, the M1D caused failure in matrix phase
only. It can also be observed that loss of flexural
strength after LVI damage was higher than the loss of
flexural strength after M1D. This difference was
found due to the type of damage both produced in
the host laminate. LVI produced diverse type of dam-
age that affected both fiber and matrix phases in all
layers (Figure 6) with highest damage on the top ply
(impact face) and lowest on the bottom layer (non-
impact face). While M1D damaged only the mid-
plane and mainly in the matrix phase without any
fiber damage (Figure 13).

3.9. Effect of M1D damage on flexural failure
Similarly, on application of four-point-bending load
on a microchanneled carbon-epoxy composite sam-
ple with induced M1D damage, it was taken by top
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Figure 11. Healing efficiency of carbon-epoxy composites
after LVI and M1D damage

Figure 12. Digital photograph of healed-FAI failed micro -
channeled carbon-epoxy composite sample

Figure 13. SEM micrographs of M1D damaged microchan-
neled carbon-epoxy composite sample before
healing, showing mode-I delamination failure;
River Pattern



ply first which was successively transferred to the
remaining plies through fiber/resin interface. As the
load increased, the sample started bending, but at the
same time the delamination crack in the sample prop-
agated and caused some slippage among carbon fiber
layers. This slippage was the interlaminar shear that
appeared as hackles in resin, which can be seen in
SEM micrographs of Figure 14.
It was also noted that as the induced M1D damage
increased, so was the interlaminar shearing among
carbon fiber layers. However, final failure of the sam-
ple occurred with the breakage of top ply carbon
fibers under compression and bottom ply under ten-
sion (Figure 15) i.e. similar to LVI damaged samples
but with significant amount of shearing among lam-
inate plies, which depended upon the induced M1D
length.

3.10. Restoration of flexural strength after M1D
The flexural strength of undamaged microchan-
neled carbon-epoxy composites with HGTs of lengths
75, 70, 65 and 60 mm were 665.01, 671.49, 683.33
and 699.16 MPa respectively. In order to induce M1D
damage, these samples were mode-I tensile loaded,
which separated the layers by damaging the resin
not fibers (Figure 13). Likewise, the lengths of M1D

were such selected that the delamination crack struck
the circular edge of SHA-filled HGTs to release the
SHA and fill the damage zone. This release of SHA
and filling of delamination crack is shown in Fig-
ure 16. After release and fill of SHA, each sample
was left for curing for 48 hours at room tempera-
ture. This curing of SHA re-bonded the detached lay-
ers and repaired the M1D damage and restored the
flexural strength (~93%).
Similar to LVI damaged samples, healing and restora-
tion of flexural strength after M1D damage was
higher for smaller delamination lengths and lower for
bigger delamination lengths (as shown in Figure 11).
The reason for this analogous behavior was believed
to be the same, i.e. viscosity build-up (with time) of
resin limited the filling of larger M1D damage. This
healing behavior of M1D-damaged microchanneled
carbon-epoxy composite sample is presented in
Figure 17.
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Figure 14. SEM micrograph of four-point-bend flexural
failed after M1D damaged microchanneled car-
bon-epoxy composite sample before healing,
showing significant interlaminar shear marks;
Hackles

Figure 15. Digital photograph of healed-FAD failed micro -
channeled carbon-epoxy composite sample

Figure 16. SEM micrographs of M1D damaged microchan-
neled carbon-epoxy composite sample after
healing, showing release and filling of damage
by SHA

Figure 17. Representative load-displacement curves of
undamaged, M1D-damaged (15 mm) and healed
carbon-epoxy composites samples by flexural
testing



3.11. Effect of healing on the failure of FAD
In comparison to impact, delamination occurred only
in the matrix phase, which was comprehensively
repaired by the action of SHA. So, when a flexural
load was applied to M1D damaged-healed samples,
they failed with the breakage of top and bottom plies
carbon fibers (Figure 18) and a very minute shearing
among plies due to absence of any starter delamina-
tion crack. Hence, healing significantly affected the
failure behavior of FAD samples. The main differ-
ence was the amount of interlaminar shearing.

4. Conclusions
A biomimetic approach was used to develop and
demonstrate a self-repairing capability of carbon-
epoxy composites, which proved to be an efficient
way to recover flexural strength after a range of LVI
and M1D damage events. Damage produced by LVI
was diverse that consisted of locally damaged fibers
and widespread matrix microcracks, whereas M1D
damage was limited to mid-plane and matrix phase
only. Due to this reason LVI damage caused more
loss in flexural strength and less healing efficiency
than the M1D damage. The loss in flexural strength
increased linearly with impact energy and delami-
nation length. However, healing efficiency was found
to decrease with increase in impact and delamina-
tion damage, which was believed to be due to inac-
cessibility of SHA to some microcracks as a conse-
quence of its viscosity build-up with time. Failure of
FAI and FAD samples were significantly different.
FAI samples failed due to fiber breakage in the LVI
region, while FAD samples failed due to interlami-
nar shearing in the delamination region and fiber
breakage in the center of sample.
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1. Introduction
Shape memory polymers (SMPs) are a class of
smart materials which can recover their primary
shape after being deformed to temporary shape [1].
Nowadays these polymers have attracted tremen-
dous attention owing to wide potential applications
being expected for these materials in different
industries. Smart textiles [2, 3], intelligent medical
devices [4, 5] and heat shrinkable films [6] are only
some current usages of these polymers. Many sci-
entific studies on this materials are being done and
several articles and reviews have been published on
this area [1, 7–11].  The stimuli used for activation
of SMPs are basically classified into three types;
heat (thermo-responsive), light (photo-responsive)
and chemical (chemo-responsive) [12]. Thermo-

and chemo-responsive shape memory effects (SME)
are intrinsic feature of most polymers and are not
special characteristic of some special polymers [12].
Thermo-responsive SME is the most popular case
and includes both heating and cooling [13]. Heating
can be applied directly or non-directly. Stimuli such
as electrical resistive heating [14], magnetic field
[15], infrared and UV heating light [16, 17] are exam-
ples of non-direct heating. Although there are vari-
ous actuation methods for activating SMPs, but most
of shape memory polymers are only able to be actu-
ated through direct heating [18] and triggering with
other stimulus is more complex. Nevertheless, many
new actuation methods enable remote controlling of
SMPs which expand their application in the areas
that were impossible for traditionally thermally
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responsive SMPs. Therefore, SMPs being respon-
sive to other types of stimuli have been gaining
increasing interest over the recent years. SMPs
based on biopolymers are in spotlight more than the
other polymers due to their potential usage in phar-
maceutical and medical devices such as surgical
sutures, vascular stents, shaping tissue and con-
trolled drug delivery systems [19–23]. Among them
poly(lactic acid) (PLA) is one of the most promis-
ing biopolymers derived from 100% renewable
resources such as corn, tapioca roots and sugarcane
which can be readily degraded to lactic acid through
hydrolysis [24]. Therefore, it has more extensive
application in the medical industry compared to
other bio-polymers [25]. Due to its bio properties and
intrinsic shape memory abilities, this polymer has
attracted interests of researchers and industries in this
field and its shape memory properties have been stud-
ied by some researchers until now [23, 24, 26–32]
However, most of mentioned studies have focused
on thermal actuation and researches on multi-stim-
uli poly(lactic acid) shape memory are still lacking.
Paakinahoet and coworkers [18, 33] reported water
induced poly(D,L-lactide) shape memory polymer
which is able to recover its shape at the aqueous
environment at body temperature. Zhang et al. [22],
and Zheng et al. [34] produced PLLA-Fe3O4 shape
memory composite with thermal and magnetic field
responsiveness.
Actuation by stimuli other than heat needs special
functionalities in the polymer which are acquired
through different ways. One of the facile and effec-
tive routes is the incorporation of special fillers into
polymeric systems. Among the fillers, graphene is
one of the most important carbonaceous fillers which
has a range of extraordinary mechanical, thermal
and electrical properties [35, 36] attracted a lot of
attention in the polymeric systems. Introduction of
graphene into polymers confers novel properties to
shape memory composites including quicker response
to thermal activation and the capability of respond-
ing to other stimuli such as infrared (IR) light, elec-
tricity, magnetic and others. These unique proper-
ties of graphene have been used to produce differ-
ent multi-stimuli responsive SMPs. Infrared light
actuated SMPs are a class of these materials and
some studies have been done in this regard [17, 37,
38]. Kashif et al. [37] have produced shape memory
polyolefin elastomer/modified graphene nanocom-
posites responding to infrared light with healing

properties. Feng et al. [38] have prepared IR actuated
shape memory polyurethane with the aid of reduced
graphene oxide and carbon nanotube hybrids. Park
and Kim [17] have studied on the semi-crystalline
poly urethane/graphene shape memory nanocom-
posite system responding to infrared light. Tang et
al. [39] have added graphene to polyester/carbon
nanofibers composite to improve its capability in
responding to various stimuli. However, literature
reporting on the graphene based biodegradable
SMPs respondent to infrared light is still limited.
Herein, we reported one type of graphene-containing
shape memory PLLA which is capable of responding
to direct thermal heating and infrared light. The
effect of graphene on crystallinity and its correlation
with shape memory and thermomechanical proper-
ties are studied. To the best of our knowledge,
although some studies have been done on the PLLA/
graphene system [40–44] until now, but this system
is not already reported and described in the literature
in terms of shape memory behavior. On the other
hand, the infrared triggering of shape memory PLLA
has not been investigated so far and our experimen-
tal evidence regarding infrared sensitivity of PLLA/
graphene composites can be helpful for designing
remote controlling shape memory devices.

2. Experimental
2.1. Materials
Poly(L-lactic acid) PLLA 3251D (1.4 mol% D-lac-
tic acid, 98.6 mol% L-lactic acid content, average
molecular weight of 90~120 kg/mol) was obtained
from Natureworks (USA). Graphene nanoplatelets
GNPs (grade C-750, the average thickness of 1–5 nm,
length of less than 2 !m and superficial area 750 m2/g)
were purchased from XG Sciences (Lansing, USA).
Chloroform was supplied by Sigma-Aldrich.

2.2. Sample preparation
At first, PLLA and GNPs were dried in a vacuum
oven at 80 °C for 12 h to remove moisture com-
pletely. PLLA/GNPs nanocomposite samples were
prepared by solution casting at 0.5, 1, 2, 4 and 6 wt%
loading of GNPs. Desired amounts of the dried GNPs
were added to chloroform (75 mL) and stirred at
room temperature for 1 day with a magnetic stirrer,
then 75 mL of PLLA solution (200 mg/mL) was
added to the suspension, after that,  it was put in the
ultrasonic bath (Elma T460) for 15 minutes, at last,
final products were poured into Petri dish and left for
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1 day at room temperature to allow chloroform evap-
oration following by drying in vacuum oven at
60°C for 24 h for complete evaporation of solvent.
After drying, the films were pressed in an electrically-
heated hydraulic press at 210 °C under 1000 kPa
pressure for 3 min after 5 min preheating and then
quickly cooled to room temperature by circulating
cold water. The samples were denoted according to
GNPs [wt%] loadings as PLLA-GNP0.5, PLLA-
GNP1, PLLA-GNP2, PLLA-GNP4 and PLLA-
GNP6 with 0.5, 1, 2, 4 and 6 wt% of GNPs, respec-
tively.

2.3. Characterization
2.3.1. Morphology
Fractured surfaces of the PLLA/GNPs nanocom-
posites were observed using a high-resolution field
emission gun SEM microscope (FEG-SEM, Nova
NanoSEM 450, FEI of USA). The samples were
fractured in liquid nitrogen prior to FEG-SEM
imaging.

2.3.2. DSC and WAXD
To study thermal properties of specimens and effect
of graphene on these properties, differential scanning
calorimetry (DSC) (TA Instruments DSC 2010, New
Castle, DE, USA) analysis was carried out at nitro-
gen atmosphere. Thermal history of specimens was
erased through a first heating scan from 0 to 250 °C
at a heating rate of 10 °C/min, then cooled to the
room temperature at a cooling rate of 10 °C/min,
followed by a third scan at the same heating rate to
250°C. The mid-point of the start and end of the tran-
sition in DSC curves was taken as the Tg

DSC value.
The glass transition temperature (Tg

DSC), cold crys-
tallization temperature (Tcc), cold crystallization
enthalpy ("Hcc), melting temperature (Tm) and melt-
ing enthalpy ("Hm) were determined from the second
heating curve. The degree of crystallization (!c) was
obtained using the following Equation (1):

                            (1)

where "H and "Hcc are the melting enthalpy and the
cold crystallization enthalpy of test sample respec-
tively, "Hm

0 is the melting enthalpy of the 100% crys-
talline PLLA (93.0 J/g [45]) and "f is the weight
percentage of filler.
For a better analysis of crystallinity, wide angle X-
ray diffraction (WAXD) test was done on samples

using Panalytical X' Pert Pro instrument. Test scan-
ning rate was 5°/min at 40 kV and 100 mA with Cu-
K#1 irradiation (# = 1.54 Å) in the range of 10~60°.

2.3.3. Shape memory performance
Shape memory performances of samples were inves-
tigated by two actuation methods, direct heating, and
infrared light. Programming of temporary shape in
direct heating actuation was carried out through a
four-stage thermo-mechanical cycle by means of a
dynamic mechanical thermal analysis instrument
(DMA Q800, TA Instruments, New Castle, DE, USA).
Rectangular strips of samples were programmed
under fixed-strain condition according to later steps:
(1) deforming the specimen at TH = 75 °C under a
loading ramp at 10 MPa·min–1 up to 100% strain,
(2) cooling the specimen to TL = 0 °C instantly by
keeping the attained strain constant, (3) maintaining
the sample at TL for 30 min after removal the load,
and (4) raising the temperature from TL to TH then
maintaining at the latter for 30 min. Under these con-
ditions, shape fixity rate (Rf) and shape recovery rate
(Rr) are defined according to following Equations (2)
and (3) [46]:

                              (2)

                (3)

where $u(N) is the tensile strain after unloading at
TL in the Nth cycle (N), $m is maximum strain. $p(N)
and $p(N –$1) are the unrecovered strains after heat-
ing the sample to TH in the Nth cycle and previous
one, respectively.
Bending test [47, 48] was utilized to study the feasi-
bility of IR actuation of SMP composites. Rectangu-
lar strips of PLLA/GNPs nanocomposites (60 mm%
5 mm%1 mm) were deformed into U-like shape at
75°C followed by rapid cooling with liquid nitrogen
to fix deformation. An infrared (IR) lamp (Philips,
150 W) was used as the IR activation light source.
The distance between lamp and specimen was
25 cm. The power density to samples was around
20 mW/cm2 measured by a light density meter. The
recovery ratio (Rr) was calculated according to Equa-
tion (4), in which % is the returned angle of the strip
from temporary U-like shape to the original one. In
all cases, more than three samples were tested, from
which the mean and standard deviation were calcu-

Rr1N 2 5
em 2 ep1N 2

em 2 ep1N 2 1 2 ~100,

Rf1N 2 5 eu1N 2
em

~
100,

xc 3, 4 5 DHm 2 DHcc

DHm
0 11 2 wf 2 ~

100xc 3, 4 5 DHm 2 DHcc

DHm
0 11 2 wf 2 ~

100

Rf1N 2 5 eu1N 2
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~
100,

Rr1N 2 5
em 2 ep1N 2

em 2 ep1N 2 1 2 ~100,
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lated. An infrared video camera (InfRec Thermo
GEAR, G120) was used in our study to monitor the
temperature distribution and shape recovery behav-
ior simultaneously (Equations (4)):

(0° < & < 180°)                      (4)

2.3.4. Dynamic mechanical thermal analysis
(DMTA)

Thermomechanical properties of the samples were
measured by means of DMA Q800 (TA Instruments,
New Castle, DE, USA) using rectangular strips (over-
all length: 25 mm; length between grips: 8 mm;
width: about 5 mm, thickness: 1 mm) operating in the
tensile mode at an oscillation frequency of 1 Hz
with a static force of 10 mN and a oscillation strain
of 0.05%. The samples were measured over a tem-
perature range from room temperature to 160°C at
a heating rate of 5 °C/min.

3. Results and discussion
3.1. Microstructure
Figure 1 shows the FEG-SEM micrographs of frac-
tured surface of PLLA/graphene with 1 and 4 wt%
of GNPs at the magnification of 12 000%. As can be
seen, graphene nanoplatelets exhibited fine disper-
sion and uniform distribution in the matrix with a
little aggregation in the latter sample (squares in
Figure 1b) due to higher filler content. Therefore, it
seems that better thermal and mechanical properties
can be attained in nanocomposites with lower GNPs
content. The homogenous distribution of graphene
in the matrix is associated to the relatively good inter-
action of PLLA and GNPs resulting in uniform

infrared absorption in the shape memory test which
is investigated further.

3.2. Thermal and crystallinity analysis
Glass transition temperature (Tg) and crystallinity sta-
tus are two important factors in Tg based semi-crys-
talline SMPs which are considered as the switching
temperature and fixed phase of SMPs, respectively.
So it is important to investigate the effect of graphene
on the Tg and crystallinity of PLLA prior to shape
memory studying. Figure 2 depicts cooling thermo-
grams and 2nd heating thermograms of DSC scans
and the detailed data derived from them are summa-
rized in Table 1. As can be seen, Tg values of
PLLA/ GNPs composites are slightly increased
with addition of GNPs compared to pure PLLA.
This may be attributed to chain mobility restriction
caused by GNPs particles resulting in higher Tg
temperatures. However, owing to small shifting in
glass transition temperature, the switching tempera-
ture of all samples in shape memory tests can be
considered identical. The peaks specified in the
cooling thermograms are related to the crystalliza-
tion temperature (Tc) of specimens. As can be seen,
at low graphene loading (0.5 and 1 wt%) nanocom-
posites, the Tc peak intensified drastically and
shifted to higher temperatures compared to pure
PLLA. This means that the incorporation of
graphene into PLLA at low contents favored the
formation of crystalline domains and enhanced
crystallinity percentage (%Xc) which are presented
in Table 1. Undoubtedly, this significant rise of
crystallinity is associated to the nucleating effect of
graphene which enhances the crystallization kinetic
of PLLA and leads to the formation of more crys-

Rr 5
u

1808 ~
100,Rr 5

u

1808 ~
100,
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Figure 1. FEG-SEM images of (a) PLLA-GNP1 nanocomposite and (b) PLLA-GNP4 nanocomposite



tals. However, over 1 wt% graphene loading, Tc peaks
shift back to lower temperatures and their intensity
are decreased drastically. Meanwhile, their crys-
tallinity percentage (%Xc) are reduced to as low as
pure PLLA in these samples. This is because, with
the rise of graphene percentage, particles would be
tending to aggregate as already illustrated in Figure 1.
Therefore, although they act as the nucleating agent,
but they would hinder chain mobility and depress
the crystallinity at the same time. Following the
changes in the crystallinity, addition of GNPs caused
in shifting of cold crystallization temperature (Tcc)
(Figure 2b) to lower temperatures at low graphene
loadings (0.5 and 1 wt%) from 98.4 to 92.9 °C and
shifting back to higher values as GNPs composition
rises to 2 and higher wt% of GNPs . Therefore, few
amounts of GNPs are seemed suitable for enhance-
ment of crystallinity through providing nucleation
sites.
Double melting point which is ascribed to melt-
recrystallization mechanism or crystals with differ-
ent structures or different degree of perfections [49]
is observed in pure PLLA and nanocomposites. The
sharp peak of Tm1 in the pure PLLA may be related
to melt re-crystallization of less perfect crystals
formed during cold crystallization. However, pres-
ence of GNPs caused to decrease of this peak in the
PLLA-GNP0.5 and PLLA-GNP1 due to their nucle-

ating effect that leaded to faster crystallinity kinetics
with the formation of more perfect crystals directly
in the cooling process. As already mentioned, with
increase of GNPs to more than 1 wt%, crystallinity
percentage showed decreasing trend and melting
peaks merged together and Tm1 appeared as a step in
main melting peak of PLLA-GNP2 and disappeared
in the PLLA-GNP4 and PLLA-GNP6.
The disappearance of Tm1 peak in the latter compos-
ites may correspond to their higher Tcc compared to
pure PLLA which would result in the formation of
more stable and perfect crystals during cold crystal-
lization process due to enhancement of segment
mobility at higher Tcc temperatures.
To gain more insight into crystallinity and effect of
GNPs, WAXD analysis was carried out. Figure 3
exhibits the WAXD patterns of GNPs, pure PLLA,
and its nanocomposites. The peak at 2% = 26.5° in
GNPs is associated to the (002) diffraction peak of
pristine graphene nanosheets. The GNPs peak is not
observed in the composites containing of 0.5 and
1 wt% of graphene indicating a good exfoliation that
was confirmed by FEG-SEM images (Figure 1a for
PLLA-GNP1), however this peak appeared slightly
(shown by arrow in Figure 3) beyond 2 wt% of GNPs
loading (PLLA-GNP4 and PLLA-GNP6) which is
related to the agglomerates that are not completely
separated (as specified in Figure 1b for PLLA-
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Figure 2. (a) cooling thermograms and (b) 2nd heating thermograms of pure PLLA and its nanocomposites with various
loading of GNPs

Table 1. Thermal properties of PLLA and its composites derived from DSC analysis

Sample
DSC Data

%GNPs Tg
DSC Tcc Tm1 Tm2 Tc !Hcc !Hm %Xc

Pure PLLA 0 59.9 98.4 150.9 168.6 96.0 41.2 49.3 8.7
PLLA-GNP0.5 0.5 61.3 96.2 149.6 169.2 97.2 13.4 47.5 36.8
PLLA-GNP1 1 61.0 92.9 150.1 169.3 99.2 6.9 44.7 41.1
PLLA-GNP2 2 60.1 112.2 162.8 170.3 95.9 32.0 40.5 9.4
PLLA-GNP4 4 60.5 110.0 – 170.1 95.3 32.3 39.3 7.8
PLLA-GNP6 6 60.0 104.5 – 169.2 97.8 32.1 39.8 8.8



GNP4). The peaks around 2% = 16.7 and 19° are
ascribed to # crystals of PLLA [28]. These peaks are
observed in all of nanocomposites suggesting the
crystalline structure of PLLA is not changed with
the incorporation of GNPs. The intensity of peaks
increased enormously at low graphene loading (0.5
and 1 wt%). However, marginal changes are seen over
2 wt% GNPs fraction. These observations are in line
with the DSC results and correspond to higher crys-
tallinity percentage at lower GNPs content due to bet-
ter dispersion and nucleating of graphene particles.

3.3. Thermo-mechanical analysis
Storage modulus (E') and damping factor (tan &)
diagrams of pure PLLA and its nanocomposites are
shown in Figure 4. As expected, storage modulus of
nanocomposites is enhanced below Tg compared to
that of pure PLLA due to the reinforcing effect of
GNPs particles. Moreover, as already has reported
[50], in the nano-sized polymer composites, the size
of fillers is similar to the size of polymer segments,

so the thermomechanical behavior of polymer seg-
ments is more affected by the fillers which is consid-
ered as the friction interactions resulting to improved
mechanical properties. However, the increasing is not
in a monotonic trend and starts dropping beyond
4 wt%. This may be corresponding to the aggre-
gates at the higher GNPs fractions (Figure 1b) low-
ering stiffening effect of graphene and leading to
decrease of storage modulus. Meanwhile, as reported
by Zhenge et al. [32], higher glassy modulus will
result in larger shape fixity in the cooling cycle and
larger shape recovery in the heating process which
is further corroborated by the shape memory results.
The peaks of tan& curves are related to the glass
transition temperatures (Tg

DMTA) of the samples. The
Tg

DMTA of pure PLLA is ~80°C and the addition of
GNPs is caused to increase of Tg

DMTA due to the
restriction effect of GNPs on the chain mobility of
PLLA. The Tg obtained through DMTA is higher than
the Tg acquired by DSC results. This is related to the
difference of Tg definition in two techniques and
also the heat transport hysteresis for larger scale
samples in DMTA, while the DSC transition being
measured is in smaller scale segmental mobility,
which occurs at lower temperatures [51, 52]. In
addition, the peak height of tan& decreases in the
nanocomposites compared to pure PLLA due to
decreasing in the energy dissipation as a result of
elastic GNPs presence.

3.4. Shape memory properties
3.4.1. Thermal-activation
The typical cyclic shape memory test for pure PLLA
and PLLA-GNP1 are plotted in Figure 5 which
shows temperature and strain as a function of time.

Lashgari et al. – eXPRESS Polymer Letters Vol.10, No.4 (2016) 349–359

                                                                                                    354

Figure 3. WAXD patterns of (a) pure PLLA, (b) PLLA-
GNP0.5, (c) PLLA-GNP1, (d) PLLA-GNP2,
(e) PLLA-GNP4, (f) PLLA-GNP6 and (g) GNPs

Figure 4. Temperature dependence of (a) storage modulus (E') and (b) loss factor (tan&) of pure PLLA and its nanocompos-
ites with GNPs



Detailed shape memory parameters including shape
fixity (Rf), shape recovery (Rr) and stress at maxi-
mum deformation derived from the plots are pre-
sented in Table 2. As can be observed, Rf and Rr of
pure PLLA at the first cycle are 98.3 and 85%
respectively. The shape memory effect of PLLA is

associated to the crystalline and amorphous phase
of PLLA acting as fixed and reversible phase respec-
tively [24, 53]. The stress at maximum deformation
is higher for nanocomposites compared to pure PLLA
due to the enhancing effect of GNPs in the mechan-
ical properties of nanocomposites already men-
tioned. Figure 6 shows the shape recovery and shape
fixity of samples as a function of graphene content.
By incorporating of graphene into PLLA, its shape
memory properties increases and reaches to opti-
mum at the PLLA-GNP1 then starts reduction at the
higher contents of graphene. However, nearly all
nanocomposites exhibited higher shape fixity and
shape recovery compared to pure PLLA. This may be
attributed to the enhancement of crystallinity and
thermomechanical properties of nanocomposites
resulting in more stable fixing phase leading to bet-
ter fixation and recovery. Meanwhile, graphene
improves heat conductivity which results in more
efficient heat transfer during cooling and heating
processes leading to faster response with less dissi-
pation of energy and higher values of shape fixity
and shape recovery in the nanocomposites.
As it is well known [21] the crystalline part of PLLA
polymer has more effect on shape memory proper-
ties than the amorphous phase, so decreasing trend
of shape memory parameters for composites beyond
1 wt% graphene can be attributed to the occurrence
of aggregates (Figure 1b) and crystallinity reduc-
tion leading to weakening of fixed phase and lower-
ing shape memory performance. With increasing
cycle number in the shape memory test, Rr shows
decreasing trend due to irreversible processes such
as slippage of crystalline domains, plastic deforma-
tion of PLLA chains, breaking down of some phys-
ical linkage  and other factors which cannot be
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Figure 5. Shape memory cycle of (a) pure PLLA and (b) PLLA-GNP1 utilized with DMA instrument

Table 2. Shape memory properties of pure PLLA and its
composites with GNPs actuated by thermal heating
at 100% deformation strain

*$p(N) is the unrecovered strain at the Nth cycle after heating the
sample to TH temperature

**Rr(N) is the shape recovery rate at the Nth cycle
***Rf(N) is the shape fixity rate at the Nth cycle

Cycle
no.

!p(N)*

[%]
Rr(N)**

[%]
Rf(N)***

[%]

Stress at max.
deformation strain

[MPa]
Pure PLLA

1 14 85±3 98.3 1.0
2 25 80±2 98.2 0.8
3 34 71±1 98.0 0.7

PLLA-GNP0.5
1 8 91±3 99.2 1.6
2 19 84±2 99.1 1.5
3 30 76±1 98.6 1.3

PLLA-GNP1
1 2 97±2 99.1 1.7
2 11 89±3 99.0 1.6
3 21 84±2 99.0 1.5

PLLA-GNP2
1 9 90±3 99.3 1.7
2 20 84±2 99.2 1.4
3 29 78±2 99.1 1.3

PLLA-GNP4
1 9.1 90±2 99.4 1.7
2 21.1 83±3 99.2 1.3
3 31.0 76±3 99.1 1.2

PLLA-GNP6
1 11.3 88±2 99.4 1.6
2 23.4 81±2 99.1 1.3
3 32.6 74±3 99.0 1.1



recovered during recovery process and result in
decreasing Rr. The reduction of Rf may also be cor-
related to the deformation and displacement of crys-
talline phase which acts as the fixing part.

3.4.2. Infrared activation
Figure 7 illustrates the thermo-camera images of a
free recovery process in the pure PLLA, PLLA-
GNP1 and PLLA-GNP6 composites actuated by
infrared radiation. The infrared absorption of pure
PLLA was low as did not start recovering after 25 s.
Graphene enhanced IR absorption of PLLA remark-
ably which resulted in faster and higher recovery of
original shape. The recovering is through trans-

forming infrared light into heat and increasing tem-
perature to switching temperature. As can be seen,
at t = 20 s, pure PLLA did not start recovering but
PLLA-GNP1 and PLLA-GNP6 recovered around
50 and 90% respectively. The PLLA-GNPs speci-
mens with higher GNPs loadings exhibited faster
recovery with lower induction time. This is because
more infrared energy is absorbed and transformed
into thermal energy within the same radiation time.
However, equilibrium recovery which is presented
in Table 3 had optimum and reached to maximum
(99%) in PLLA-GNP1. This shows that shape recov-
ery of polymers with Tg based switching tempera-
ture is accompanied by softening of the glassy
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Figure 6. (a) Recovery ratio and (b) fixity ratio relationship versus %GNPs of thermo-activated PLLA nanocomposites;
N indicates cycle number

Figure 7. Temperature distribution snapshots of pure PLLA and its nanocomposites during infrared actuation recovery



amorphous phase to the rubbery state. This phe-
nomenon is done through energy absorption and
chain motion due to entropic elasticity. Although
higher GNPs loading helps more energy absorption,
but at the same time, it can disturb chain recovery.
This should depress shape recovery at graphene
loading of higher 2 wt%. The pure PLLA reaches to
equilibrium recovery of 86% after 5 min, indicating
low infrared absorbability of this polymer.
The maximum surface temperature of samples due to
exerting infrared light is shown in Figure 7 and writ-
ten in Table 3. PLLA may crystallize upon heating
over 95°C during infrared heating which would
worse its SME remarkably. Therefore, over heating
by infrared would be a big concern in the cyclic acti-
vation test. To overcome this problem, the light inten-
sity should be adjusted in such a way that leads to not
more than 90~95°C surface temperature increment.

4. Conclusions
In summary, using GNPs in shape memory PLLA
enables infrared triggering of shape memory PLLA
which is very intriguing in novel applications due to
remote control ability of this biodegradable SMP.
The effect of GNPs on morphology, crystallinity
and thermomechanical properties of PLLA and their
correlation to shape memory performance were
studied. GNPs had a fine and uniform dispersion in
the PLLA matrix at low fractions of GNPs which was
resulted in remarkable enhancement of PLLA crys-
tallinity due to nucleating effect of GNPs that was
also confirmed by WAXD results. At higher GNPs
loading (beyond 2 wt%), the particles started aggre-
gating which was proved by FEG-SEM images and
resulted in crystallinity reduction. Thermo-mechan-
ical properties of PLLA were improved by GNPs
addition and were leaded to the enhancement of
shape memory performance. Recovery ratio of pure
PLLA by infrared triggering was only 86% which
reached to more than 95% in all of the nanocompos-
ites. Meanwhile, improved mechanical properties
of nanocomposites resulted in higher stress defor-
mation of SMPs that is a positive point in SMPs.

Finally, compared to pure PLLA, PLLA-graphene
nanocomposites showed higher shape memory recov-
ery, stronger recovery stress and quicker response
to the stimulus in both activating method.
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