
Great opportunities in science appear when signifi-

cant technology leaps take place simultaneously in 
several complementary areas. This is the case in poly-

meric biomaterials’ technology.

Amazing advances have been made in the additive 
manufacturing technologies, i.e. 3D-printing. It is a 
family of different layer by layer manufacturing meth-

ods like fused deposition modeling, powder laser sin-

tering, ink-jet printing, stereo lithography, two or multi 
photon polymerization and hydrogel 3D-printing. 
All of them applicable for processing of polymeric 
materials. Essential developments have taken place 
also in biomedical imaging and 3D-design to create 
the necessary digital models needed for the 3D-print-

ing. At the same time great progress has been achieved 
in biopolymers’ development. They can be tailored to 
be biostable or bioresorbable in a controlled way, or 
in some cases even bioactive. Bioactivity has been 
achieved through addition of bioactive compounds 
like bioactive glass or through functionalization of 
the polymeric structure (www.kunststoffe-interna-

tional.com/1332070, DOI: 10.1016/j.actbio.2011.06. 
039, DOI: 10.1016/j.compscitech.2012.10.014, DOI: 
10.1002/jbm.b.32863, DOI: 10.1002/pola.27400, 
DOI: 10.1039/C5TB01468A).
The parallel advance which has taken place in the 
biomedical sciences has significantly improved the 
options in regenerative medicine and may even en-

able tissue engineering. For polymer research this 
important and fast developing area offers great op-

portunities of high societal impact. However, the de-

mands for polymer properties are strict for the novel 
biomaterials. They should meet the various physical

criteria set by the needs of the application, but in ad-

dition the demand of non-toxicity is a self-evident

must in biomedical applications. Successful 3D-ad-

ditive manufacturing sets requirements to master the

viscosities and liquid to solid transitions in the print-

ing process. In stereo lithography the oligomeric low

viscosity prepolymers need to be fast photo curing;

with photo curing chemistry that is non-toxic in the

biological environment and can get approved by the

authorities. Especially for resorbable polymers there

is a need to find alternative curing chemistries in ad-

dition to acrylate or methacrylate based systems.

(www.kunststoffe-international.com/1325854) Com-

plementary research interplay is essential in this field

of science. An excellent example of such an effort

has been the ArtiVasc 3D-project funded by the 7th

Framework Program of the European Union to pre-

pare polymeric scaffolds for vascularized, cell tissue

cultivated skin like tissue. Outcome of the project is

presented in the video: ArtiVasc 3D on the Way to

Bio-Artificial Tissue. Novel technologies, break-

throughs in biomedical sciences together with inno-

vative novel polymers enable jointly significant en-

hancements for life!
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1. Introduction

In the past decades, polymer dielectrics with low di-

electric constant (low-k) and low dissipation factor

features have been paid increasing attention in ultra-

large scale integrated circuit (ULSI) fabrication due

to their abilities to lower the line-to-line noise in in-

terconnects and alleviate power dissipation issues by

reducing the capacitance between the interconnect

conductor lines so as to achieve faster signal trans-

mission speed [1–3]. Among various polymer di-

electrics, polyimides (PIs) have been investigated

more extensively as high performance interlayer di-

electrics (ILDs) than most other polymers due to their

desirable high-temperature stability, excellent me-

chanical and dielectric properties for ULSI fabrica-

tions [4–6]. However, conventional PI dielectrics usu-

ally have k values around 3.0, which cannot meet the

rapid development of ULSI assembly. For example,

according to the prediction of International Technol-

ogy Roadmap for Semiconductors (ITRS), by 2016,

a k value below 2.0 at 1 GHz and a dielectric loss

below 0.003 have to be met for the ILDs [7]. It has

been proven that the common methodologies reduc-

ing the k values for conventional PIs (k ≈ 3.0), in-

cluding introduction of substituents with low molar

polarizability (fluorinated groups, alicyclic groups,

etc.) or with large molar volumes (phenyl, fluorene,

etc.) could only achieve a lowest k value around 2.5

[8].

In recent years, it was found that incorporation of air

voids (k = 1.0) into the polymers is efficient to achiev-

ing a k value less than 2.0. Thus, various macroporous,
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mesoporous or nanoporous low-k polymer films have

recently been very attractive for ILD applications to

reduce k to a minimum value [9]. By this methodol-

ogy, various ultra low-k PIs have been reported [10–

14]. However, the attempts further reducing the k val-

ues of PIs below 1.5 seem to be more challenging

because the conventional methods could only achieve

a very limited air loading (<60%, volume ratio).

Very recently, aerogel dielectrics have been becom-

ing one of the most important research topics for high

performance ILDs using in ULSI due to their ex-

tremely high porosity, low density, low thermal con-

ductivity, and ultra-low dielectric constants [15]. The

porosity of an aerogel material can usually reach over

80% (volume ratio). The trapped air efficiently de-

creases the k values of the aerogels to a low level ex-

tremely close to 1.0 for air. Among various aerogels,

organic polymeric aerogels are more suitable to be

used as ILDs for ULSI due to their intrinsically flex-

ible and tough nature compared with their fragile in-

organic counterparts, such as silica, alumina aerogels,

etc. [16]. Various polymer aerogels, such as poly -

urethane, polyurea, polystyrene, and polydicyclopen-

tadiene aerogels have been widely investigated in the

literature and have been finding a variety of applica-

tions in high-tech fields [17]. However, common or-

ganic aerogels usually suffer from their low thermal

and dimensional stability at elevated temperatures;

thus cannot meet the severe demands of interlayer

electrical insulation process for ULSI fabrications.

Thus, as a representative high-temperature resistant

organic aerogels, PI aerogels have been developed

rapidly in recent years [18–22]. The dielectric con-

stants and dissipation factors for PI aerogels have

also been investigated in detail. For instance,

Meador and coworkers studied the dielectric prop-

erties of PI aerogels and investigated their potential

applications as substrates for lightweight patch an-

tennas for aerospace applications [23, 24]. Relative

k values as low as 1.16 at a frequency of X-band

(~11–12 GHz) were obtained for PI aerogels made

from 3,3′,4,4′-biphenyl tetracarboxylic dianhydride

(BPDA), 2,2′-dimethylbenzidine (DMBZ), and 1,3,5-

tris(4-aminophenoxy)benzene (TAB) crosslinker.

Shen and coworkers have reported intrinsically high-

ly-hydrophobic semi-alicyclic fluorinated PI aerogel

with ultra-low k values of 1.17–1.19 in the frequency

range of 2–12 GHz [25].

The dielectric constants and dissipation factor of PI

aerogels have been investigated in the literature; how-

ever, other dielectric behaviors for PI aerogels have

been rarely addressed in the literature although they

are also very important for their applications in ULSI.

For example, in addition to low dielectric constants,

the next generation of ILDs for submicron and nano-

level electronics must also satisfy a variety of other

requirements, including high dielectric strength and

resistivity, high thermal and dimensional stability,

low moisture adsorption, and good adhesion to semi-

conductor and metal substrates in order to achieve

high reliability [26]. As we know, for porous low-k
polymers, while increasing porosity can reduce the

k values; however, the dielectric strength is often ad-

versely affected. To the best of our knowledge, the

dielectric breakdown behavior for PI aerogels or even

organic aerogels has been rarely involved in the lit-

erature. In the current paper, a PI aerogel was first pre-

pared from BPDA, APBO and OAPS via a scCO2

drying procedure, and then the thermal and dielectric

properties for the aerogel were investigated in detail.

Especially the dielectric breakdown behavior for the

aerogel was studied.

2. Experimental

2.1. Materials

3,3′,4,4′-Biphenyltetracarboxylic dianhydride (BPDA)

and 5-amino-2-(4-aminophenyl)-benzoxazole (APBO)

were purchased from Tokyo Chemical Industry Co.,

Ltd. (TCI), Japan. BPDA was dried in vacuo at 180°C

overnight prior to use and APBO was used as re-

ceived. Octa(aminophenyl) silsesquioxane (OAPS)

was purchased from Meilian Composite Co. Ltd.,

Liaoning, China and used as received. N-methyl-2-

pyrrolidinone (NMP) was purified by vacuum dis-

tillation over CaH2 and stored over 0.4 nm molecular

sieves prior to use. The other commercially available

reagents were used without further purification.

2.2. Characterization

Fourier transform infrared (FT-IR) spectrum was ob-

tained on a Bruker Tensor-27 FT-IR spectrometer.

Field emission scanning electron microscopy (FE-

SEM) was obtained on a Hitachi S-4800 microscope.

PI aerogel surface area (σ) and pore size distribution

were measured by nitrogen adsorption and desorption

at 77 K using a Micromeritics ASAP 2000 surface
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areas and porosity analyzer. Before testing, the PI

aerogel sample was outgassed at 80 °C for 10 h in
vacuo. The surface area was calculated by Brunauer-

Emmet-Teller (BET) method and pore size distribu-

tion was calculated by Barret-Joyner-Halenda (BJH)

method. The bulk density (ρb) and skeletal density

(ρs) were measured by mercury intrusion porosime-

try using a Micromeritics Auto Pore IV9520 porosi -

meter. The percent porosity was calculated as: poros-

ity (%) = (1–ρb/ρs)·100. The thermogravimetric analy-

ses (TGA) were recorded on a TA-Q50 thermal analy-

sis system at a heating rate of 20°C/min in nitrogen.

Thermal mechanical analyses (TMA) were performed

on a TA-Q400 analyzer over 50–400 °C at a heating

rate of 5 °C/min in nitrogen. The compression prop-

erties of the PI aerogels were measured on an Instron

5567 according to the ASTM Standard D 695-10.

The Young’s modulus was determined as the initial

linear portion of the slope of the stress-strain curve.

The electrical insulation properties were measured

on a PC68 digital high-voltage and high-resistance

Megger instrument. The surface resistivity (ρs) and

volume resistivity (ρv) of PI aerogel were measured

according to ASTM D-257-91. The samples were

dried at 120°C for 1 h prior to measurement. Dielec-

tric strength of PI aerogel film (d = 2.5 mm) were

measured according to ASTM D-149-81, which

were subjected to 60 cycles AC voltage at 100 V/s

rate of rise to the breakdown voltage. The broadband

dielectric constant (k) and dissipation factor (δ) is

measured by an Agilent vector network analyzer

(Model 8510) at room temperature. The frequency

was in the range of 2–12 GHz and the sample size

was 50 mm ×30 mm×2.5 mm.

2.3. Synthesis of PI aerogel

To a three-necked 250 mL flask equipped with a me-

chanical stirrer, a nitrogen inlet and a cold water bath

was charged with APBO (1.3885 g, 6.1644 mmol) and

NMP (25 g) at 10–15 °C under a nitrogen flow of

10 mL/min. After stirring for 20 min, a clear solution

was obtained. Then, BPDA (1.8722 g, 6.3632 mmol)

was added in one batch and an additional volume of

NMP (26 g) was added to wash the residual dianhy-

dride and adjust the solid content of the reaction so-

lution to be 6 wt%. The cold water bath was removed

after 2 h. The mixture was stirred at room tempera-

ture for 12 h to yield a viscous poly(amic acid)

(PAA) solution. To the solution, OAPS (0.0575 g,

0.0497 mmol) was added and the reaction mixture

was stirred at room temperature for another 12 h to

afford a pale-brown viscous solution. Acetic anhy-

dride (3.1 mL, 31.6 mmol) and pyridine (2.6 mL,

31.6 mmol) were then added to the PAA solution.

After stirring at room temperature for 30 min, the so-

lution was poured into pre-prepared molds. The molds

were pre-made into various required shapes accord-

ing to the demands of different measurement stan-

dards. For example, disk-shape molds were made for

dielectric properties measurements; cylinder-shape

for compression measurements; and rectangular shape

for TMA measurements, etc.

The PAA solution gelled within 2 h and further aged

for 24 h in the molds. Then, the gels were continuous-

ly immersed into a solution of 75% NMP in ethanol

for 24 h, then a 25% NMP in ethanol for 24 h, and

finally a 100% ethanol for 24 h. The obtained wet gels

were then dried in a 160 L supercritical CO2 (scCO2)

autoclave (maximum temperature: 80°C; maximum

pressure: 32 MPa; and maximum flow: 400 L/h) at

the condition of 45°C under 15 MPa for three cycles,

2 h each time. Then, the PI aerogel (BPDA/APBO/

OAPS) was dried in vacuo at 80°C for 24 h to afford

the target aerogels as yellow monolithic solids with

various shapes.

3. Results and discussion

3.1. PI aerogel preparation

A PI aerogel was designed and synthesized from

rigid BPDA dianhydride, benzoxazole-containing

APBO diamine, and POSS-containing OAPS cross -

linking agent, as shown in Figure 1. Basically rigid

molecular skeleton structures would guarantee the

high thermal and dimensional stability for the PI aero-

gel. Introduction of benzoxazole moiety into the mo-

lecular structure of the PI aerogel via diamine mono -

mer is to endow the polymer with good dielectric

properties. As we know, polybenzoxazole (PBO) has

an advantage over other polar high-temperature poly-

mers (PI, polyamide, polybenzimidazole, etc.) due

to the absence of polar groups in its repeating unit.

The absence of polar groups in the polymer prevents

the formation of hydrogen bond between the poly-

mer and water, therefore resulting in less water ab-

sorption in the polymer and low dielectric constant

(<2.9 at 1 MHz) and dielectric loss factor [27]. Ad-
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ditionally, PBO is also known for its excellent ther-

mal and thermo-oxidative resistance, high electrical

resistivity, and high dielectric strength over a long

temperature period. Thus, the benzoxazole moiety in

the current PI aerogel might provide various desir-

able properties for the target aerogel. At last, OAPS

was chosen to be an end-capper to crosslink the PI

system affording the three-dimensional network mi-

crostructure. The nanoporous cage structure for OAPS

is undoubtedly beneficial to decreasing the k values
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Figure 1. (a) Synthesis of PI (BPDA/APBO/OAPS) aerogel, (b) appearance of PI wet gel (above) and PI aerogel (below)



for the PI aerogel. Actually, OAPS has been widely

used as components to develop low-k PI films. PI

composite films with k values around 1.9 have been

prepared by OAPS functionalized graphene oxide

and PI matrix [28].

In the preparation, excessive BPDA was first reacted

with APBO to give a anhydride-capped PI precursor,

poly(amic acid) (PAA) solution. Then, OAPS was

added into the PAA solution inducing a crosslinking

reaction of the PAA. Dehydrating agent (acetic anhy-

dride/pyridine system) was then added into the solu-

tion affording a PI wet gel. The PI wet gel exhibited

excellent flexibility and toughness, which could be

bent with a large radius of curvature (picture inserted

in Figure 1). Then, the PI wet gel was immersed into

ethanol to extract the NMP solvent. At last, the resid-

ual NMP and ethanol trapped in the gel was dried with

scCO2 at 45°C with a pressure of 15 MPa to give the

final PI aerogel (Figure 1). This drying condition is

more efficient and gentle than that of other supercrit-

ical fluids, such as supercritical ethanol (critical point:

243°C, 6.38 MPa). The prepared PI aerogel exhibited

good mechanical properties. The stress-strain corre-

lation in the compression tests indicated linear elastic

regions below 10% strain and yielded in a relatively

low slope for the aerogel. The compression stress of

the PI aerogel at 10% strain is 0.92 MPa and the

Young’s modulus is 18.2 MPa. These values are com-

parable to those mechanically strong PI aerogels re-

ported in ref, [21]. The good mechanical properties

for the PI aerogel are mainly attributed to the flexible

and tough nature for the PI resin containing rigid

biphenyl and benzoxazole moieties. In our experi-

ments, PI aerogels with various shapes and sizes, in-

cluding rods, films, sheets, and bulks were prepared

for further measurements.

The chemical structures of the PI aerogel were iden-

tified by FT-IR measurements, illustrated in Figure 2.

The characteristic absorption bands due to the vibra-

tion of the carbonyl groups (C=O) in the imide seg-

ments are clearly observed at 1766 and 1722 cm–1,

which are assigned to the asymmetric and symmetric

stretching vibrations, respectively. In addition, the

stretching vibration of C–N bond located at 1371 cm–1

and the imide ring deformation at 740 cm–1 further

confirm the formation of PI. Meanwhile, the absence

of absorbing band around 1855 cm–1 (υC=O in BPDA)

indicated the complete reaction of the dianhydride.

Similarly, absorbing bands around 3392 cm–1 (υN–H

in APBO) and 1640 cm–1 (υamide, C=O in PAA) are

also absent, indicating the completion reaction of the

APBO and the successful conversion from the PAA

precursors to PIs by chemical imidization.

3.2. PI aerogel morphology

The microtopography and physical parameters of the

PI aerogel, including density, porosity, surface area,

and volume shrinkage were investigated in detail.

First, the FE-SEM measurement was performed to in-

vestigate the morphology of the PI aerogel, as shown

in Figure 3. For the polymer, the open-pore structure

consisting of three-dimensional networks with tan-

gled nanofibers morphology having diameters at the

nanometer scale were observed. This morphology

determined the properties of the PI aerogel. The open-

pore structure might endow the aerogel with low den-

sity and low dielectric constants, while the three-di-

mensional networks tangled with nanofibers might

provide good mechanical properties for the aerogel.

The morphology-property correlations will be sub-

sequently discussed in detail.

This three-dimensional network microstructures for

the PI aerogel are mainly caused by the highly cross -

linked structure of the molecular chains in the aero-

gel. The solvents in the networks were continuously

extracted by the solvent exchange process and follow-

ing supercritical drying procedures, leaving nano

pores in the final aerogels. The volume of the PI aero-

gel shrinks 14.5% of its original value during the su-

percritical drying process. This value is comparable

to the PI aerogels reported in the literature [29]. The

low shrinkage and microtopography for the current
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aerogel prove that supercritical drying is an efficient

procedure producing polymer aerogels. It has been

established that supercritical fluids obtained above

the critical point in temperature-pressure diagram

enable drying the wet polymer gels without capillary

stress due to absence of liquid-vapor interfaces in the

phase [30]. In addition, scCO2 is a clean and versa-

tile solvent, which has been widely used for the pro-

cessing of a range of porous polymers due to the

chemical, environmental, and economic advantages

[31]. Using this technique, porosity higher than 85–

90% and dielectric constants below 1.5 can usually be

obtained. Adversely, for other porous gels, such as

Xerogels prepared by common drying techniques, the

gels are easily collapsed by capillary stress induced

at the liquid-vapor interfaces during drying process,

resulting in apparent shrinkage for the nanoporous

gels (>30%). The porosity is usually lower than 60–

80% and the k values are always higher than 1.50

[32, 33].

The structural parameters for PI aerogel are tabulat-

ed in Table 1. The ρb and ρs values of PI aerogel were

measured by mercury intrusion porosimetry method.

The nanoporous structure for the aerogel endows

them with low bulk density (ρb) of 0.21 g/cm3. Air

occupies the free empty space in the aerogel with a

porosity of 85.6% as calculated from the ρb and

skeletal density (ρs) of the aerogel. The surface areas

(σ) and pore size distribution of the PI aerogel were

measured by N2 adsorption and desorption isotherms,

using the Brunauer-Emmet-Teller (BET) method. As

deduced from the N2 adsorption-desorption isotherm

shown in Figure 4, the PI aerogel shows BET surface

area of 428.6 m2/g. The pore size distribution of PI

aerogel calculated by Barret-Joyner-Halenda (BJH)

method (Figure 4b) indicates that the average pore

diameter in PI aerogel is 19.2 nm. In addition, it can

be seen from Figure 4 that PI aerogel showed rapid

increases in adsorbed volumes at relative pressure

above 0.9 and the desorption plots exhibited narrow

loops. All this information indicates that both meso-

porous and macroporous structures exist in the PI

aerogel.
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Figure 3. SEM image of PI aerogel

Table 1. Structural parameters and thermal properties of the PI aerogel

aBulk density. bSkeletal density. cCalculated by 1–(ρb/ρs). 
dBrunauer-Emmett-Teller (BET) surface area. eAverage pore diameter from the

BJH desorption plot. fTemperature at 5% weight loss. gResidual weight ratio at 750°C in nitrogen. hGlass transition temperature.

Sample
ρb

a

[g/cm3]

ρs
b

[g/cm3]

Porosityc

[%]

σd

[m2/g]

de

[nm]

T5%
f

[°C]

Rw750
g

[%]

Tg
h

[°C]

PI aerogel 0.21 1.46 85.6 428.6 19.2 502 66.7 358.3

Figure 4. (a) N2 adsorption-desorption isotherm data for PI aerogel. (b) pore size distribution plot (BJH plot)



3.3. Thermal properties

Thermal properties of the PI aerogel were evaluated

by thermogravimetric analyses (TGA) and thermal

mechanical analyses (TMA) measurements and the

data were tabulated in Table 1. The TGA measure-

ments of the PI aerogels were performed in nitrogen

from 50 to 750°C and the results are shown in Fig-

ure 5. From the plot, it can be observed that the aero-

gel showed good thermal stability up to 450°C. The

smooth plots around 300°C indicated the complete

remove of residual NMP solvent by the supercritical

drying procedure and the complete imidization in the

system. The 5% weight loss temperatures (T5%) are

505°C and the residual weight ratio (char yield) of

the aerogel at 750°C is 66.7% in nitrogen, indicating

good thermal stability of the aerogel.

The dimensional changes of aerogel at elevated tem-

peratures were investigated by TMA measurements,

as depicted in Figure 6. The aerogel showed expan-

sion behavior after the occurrence of glass transition

around 350°C. A Tg value was recorded at 358.3°C

for the aerogel. This value is much higher than those

of common polymer aerogels, which can guarantee

the good reliability of the aerogel in ULSI fabrication.

3.4. Dielectric properties

The dielectric properties of the PI aerogel, including

surface (ρs) and volume (ρv) resistivity, dielectric

strength, dielectric constant and dissipation factor

were investigated. These dielectric parameters are

critical for their applications in ULSI applications. As

shown in Table 2, the ρv and ρs values for the aerogel

are 5.45·1014 Ω·cm and 8.74·1013 Ω, respectively, in-

dicating excellent electrical insulation properties.

The dielectric breakdown strength of the aerogel is

132 kV/cm at a thickness of 2.5 mm in our measure-

ment. This value is a bit higher than that expected for

porous materials. Similar phenomenon has also been

observed by Hrubesh and  Pekala [34] in their re-

search on inorganic silica aerogels. In their investiga-

tion, the dielectric strength of 128 kV/cm was record-

ed for silica aerogels and this value was higher than

those of common ceramics, such as alumina

(110 kV/cm) although lower than those of pure poly-

mers (160–500 kV/cm). The authors ascribed this un-

expected high dielectric strength for aerogels to the

small pore sizes in the air-filled aerogels. The pore

sizes are of the same order as the mean free path for

electron collisions. Thus, electrons in aerogel pores

tend to collide with the solid before gaining sufficient

kinetic energy to ionize upon impact. In the current

work, the dielectric strength of 132 kV/cm at a thick-

ness of 2.5 mm was recorded, which is comparable to

that of inorganic silica aerogels.

We further investigated the dielectric breakdown be-

havior for the PI aerogel. Figure 7 compares the sur-

face macro- and micro-topographies of PI aerogel

before and after dielectric breakdown under high
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Figure 5. TGA plot of PI aerogel

Figure 6. TMA plot of PI aerogel

Table 2. Dielectric properties of the PI aerogel

aρV and ρs: volume and surface resistivity at 23°C and 50% relative humidity, respectively; bPI aerogel thickness for k measurements; cdi-

electric breakdown strength; ddielectric constant at 2.75 GHz; edielectric loss factor at 2.75 GHz.

ρv
a

[Ω·cm]

ρs
a

[Ω]

db

[mm]

DS
c

[kV/cm]
kd δe

PI aerogel 5.45·1014 8.74·1013 2.5 132 1.15 0.0023



voltage. From the illustration, we can obviously ob-

serve that high level electrical voltage induces not

only the dielectric breakdown, but apparent surface

ablation phenomena in the tested area. Many pin-

holes were observed at the tested area, indicating di-

electric breakdown of the PI solid. Basically, the di-

electric properties of aerogels are dominated by the

large volume fraction of trapped gas in the pores.

However, during our measurement for dielectric

breakdown, bright spark was observed at the mo-

ment of electrical breakdown, indicating a gaseous

discharge. Meanwhile, high voltage breakdown oc-

curred in the dense PI solid. Thus, the dielectric break-

down for PI aerogel might be ascribed to the simul-

taneous actions of high voltage to the trapped air and

the dense PI solid. High temperature induced by the

air discharge caused the surface ablation of the aero-

gel. At the same time, the instantaneous high temper-

ature caused the expansion of the trapped air in the

aerogel, resulting in the swelling at the surface of the

aerogel (Figure 7b). Nevertheless, the high dielectric

breakdown strength makes the current PI aerogel to

be effective and lightweight dielectric insulators for

high-voltage insulating applications.

The broadband dielectric constant (k) and dissipation

factor (δ) of PI aerogel in the frequency range of 2–

12 GHz were measured at room temperature and the

curve is illustrated in Figure 8. The monolithic PI
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Figure 7. Surface macro- and micro-topographies of PI aerogel before (a) and after (b) dielectric breakdown, (c) SEM image

before dielectric breakdown, (d) SEM image after dielectric breakdown

Figure 8. Dielectric constant (k) and loss tangent for PIA as

a function of frequency



aerogel sample (50 mm×30 mm×2.5 mm) exhibited

nearly a constant k value (1.15–1.13) over the entire

frequency range. Thus, introduction of air within the

PI reduced the k value significantly. The loss tangent

(δ) value of PI aerogel also changed in a narrow

range of 2.3·10–3–4.0·10–3. The frequency-indepen-

dent feature of k and δ values for PI aerogel is mainly

attributed to the high air loading (porosity: 85.6%)

in its structure. The phenomena indicate that the di-

electric constant of the PI aerogel is dominated by

the trapped air rather than by the solid PI matrix.

4. Conclusions

New PI aerogel was synthesized from BPDA, APBO

and OAPS via two-step chemical imidization proce-

dure, followed by ScCO2 drying procedure. The orig-

inal purpose of molecular design aiming at develop-

ing functional PIs with potential applications as ILDs

for ULSI was successfully achieved by the derived

PI aerogel. Experimental results revealed that the cur-

rent PI aerogel possessed various advantages com-

pared with the other organic aerogels reported be-

fore. First, the polymer exhibited excellent thermal

stability and Tg over 350°C, which is among the most

thermally stable polymers reported in the literature.

Secondly, the current PI aerogel shows excellent di-

electric characteristics, including ultra-low k value

and dissipation factor over a broad frequency range

of 2–12 GHz, high surface and volume resistivity,

and high dielectric strength. The k value around 1.15

at a frequency of 2.75 GHz is one the lowest values

for PI materials reported in the literature. Thus, good

combined properties make the PI aerogel a good can-

didate as interlayer dielectric for advanced semicon-

ductor chip interconnection.
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1. Introduction

Poly(lactide) (PLA) is receiving much attention in

the polymer materials space because it is produced

from renewable resources and is biodegradable/com-

postable. Thanks to the commercialization processing

improvements of PLA producing companies like Na-

tureWorks, LLC, its cost is around $1/lb, making it an

intriguing cost-competitive alternative to traditional

petroleum based plastics [1]. However, PLA possess-

es certain inherent polymer properties such as low im-

pact toughness [2], poor heat [3] and hydrolytic sta-

bility [4], and weak melt strength [5] that have pre-

vented it from more wide scale commercial use.

Compared to poly(styrene), PLA has very similar

mechanical properties such as tensile strength and

modulus, as well as similar brittleness and low im-

pact strength [6]. These limitations of poly(styrene)

led to the development of modified high-impact poly-

mers and copolymers (ex. ABS, HIPS) to further its

commercial viability. Now in recent years, the tough-

ening of PLA has undergone the same level of inter-

est in effort to develop a toughened PLA. The typical

methods of this include plasticization, copolymeriza-

tion, and melt blending.

Some research has been done utilizing vinyl function-

ality to graft reactive groups onto PLA’s backbone,

making it more susceptible to modification. The in-

troduction of new functional groups onto PLA al-

lows for the creation of new materials, with poten-

tially increased properties due to the incorporation of

new reactive chemistries. While many different func-

tionalities have been grafted onto PLA, including

acrylic acid [7] and acrylamides [8], the most popu-

lar method of PLA melt grafting is with maleic an-
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hydride. This grafting is typically done using reac-

tive extrusion (REX) processing making it cost-com-

petitive and commercially scalable. Maleic anhy-

dride grafted PLA polymers (MA-g-PLA) have been

used as compatibilizers for native [9] and thermo-

plastic starches [10] where they have promoted strong

interfacial adhesion and better dispersion for these

biocomposites. Other researchers have used MA-g-

PLA as an reactive intermediary to graft more flex-

ible compounds such as poly(ethylene glycol) [11]

and citrate [12] onto PLA to increase its toughness.

PLA can also be toughened by introducing an appro-

priate level of crosslinking into the material. The two

common procedures to crosslink thermoplastic poly-

mers are copolymerization with a multifunctional

monomer and introducing reactive compounds onto

the polymer backbone. Such reactive compounds in-

clude the vinyl functionalities previously described,

followed by additional crosslinking steps. Crosslink-

ing through the grafting of a reactive compound route

has been commonly done with triallyl isocyanurate

(TAIC). This has been performed both in the melt

via free radical initiation [13] and crosslinking pre-

fabricated samples via radiation curing [14]. TAIC

is a highly reactive material making it difficult to

control the extent of grafting. And while crosslinking

is an effective method of increasing impact toughness,

it typically results in a loss in ductility and therefore

a decrease in tensile toughness.

Vinylalkoxysilane grafting appears to be an excellent

combination of the two methods. The vinyl function-

ality can be easily incorporated onto the PLA back-

bone via free radical grafting in the melt phase, while

the alkoxysilane functionality is capable of forming

crosslinks through moisture curing. This procedure

was first introduced by Dow Corning for the crosslink-

ing of polyolefins and termed the SioPlas method

[15]. This two-step method of free radical grafting fol-

lowed by moisture cured crosslinking increases the

chemical and thermal resistance of the polyolefins,

while also increasing the crack propagation and im-

pact resistance [16]. The advantages of this crosslink-

ing method compared to other common techniques

such as initiation by high energy radiation and per-

oxides are energy saving, higher productivity, and

the crosslinked products contain stable siloxane

(Si–O–Si) bonds [17]. However, this method still does

result in a loss in ductility. Han et al. [18] reported a

study adopting this SioPlas method to PLA in which

an improvement in thermal stability, hydrolysis re-

sistance, and strength/stiffness properties occurred.

The crosslinked PLA showed an increase in tensile

strength and modulus along with a decrease in duc-

tility/elongation, similar to SioPlas. In addition, they

only achieved very low grafting efficiency (max of

37%). This study used a hot water crosslinking step,

which Rahmat et al. [19] recently showed leads to

excessive hydrolytic degradation of PLA. At long

crosslinking times, hydrolytic degradation becomes

the dominant mechanism leading to network defects,

causing loose gel structures.

In this paper, improvements to the REX processing

are discussed in detail and their effects on the graft-

ing efficiency of VTMOS onto PLA are reported.

The improvements result in drastically better graft-

ing efficiency and therefore less VTMOS is needed.

After process optimization, a silanol-terminated poly

(dimethylsiloxane) (OH-PDMS) was added into the

system to aid in the crosslinking. This resulted in

longer and more flexible crosslinks being formed

which had a large positive impact on mechanical

properties. Crosslinking was done without the pre-

viously used hot water bath to prevent excessive hy-

drolytic degradation. Tensile and impact properties

where determined and the siloxane crosslinking ef-

fect was examined.

2. Experimental

2.1. Materials

PLA resin pellets (3051D) with a weight average

molecular weight of 150000 g/mol (PDI = 1.7) and

8% meso-lactide content (Tm = ~155°C) were pur-

chased from NatureWorks LLC (NE, USA). Vinyl -

trimethoxysilane (VTMOS, bp = 123 °C) and 2,5-

Bis(tert-butylperoxy)-2,5-dimethylhexane (Luperox

101) were obtained from Sigma-Aldrich (WI, USA).

The silanol terminated polydimethylsiloxane (OH-

PDMS) was from Gelest and possessed a molecular

weight of ~550 g/mol.

2.2. Compounding and sample preparation

The PLA resin pellets were dried for 24 hours in a

70 °C oven to remove moisture. This is crucial for

PLA in extrusion processes because it has a tendency

to hydrolytically degrade as a result of back-biting and

intermolecular transesterification reactions [20]. The
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VTMOS grafting process was carried out using a

ZSK 30 mm co-rotating twin screw extruder (Wern-

er Pfleiderer, NJ, USA) with an L/D ratio of 30. The

dried PLA pellets were premixed with the required

amounts of VTMOS, OH-PMDS, and Luperox be-

fore being fed into the hopper using a gravimetric

feeder. All samples were compounded at a through-

put of 6 kg/hr, cooled in a water bath, and then pel-

letized. The pellets were tumbled in a bin with ab-

sorbent towels to remove the surface moisture. Some

moisture was retained in the sample to promote hy-

drolysis of the methoxy groups and promote the

crosslinking chemistry during downstream process-

ing. The screw speed and temperature profile for all

compounding were 125 rpm and 120, 140, 160, 170,

170, 165°C, respectively. It is necessary for the first

temperature zone to be 120 °C or lower to prevent

flash evaporation of the VTMOS in the hopper. Pre-

viously, Han et al. [18] used an initial feed zone tem-

perature of 170°C and noted very low grafting, even

though large percentages were used. This could be

because a large amount of it did not even enter the ex-

truder due to flash evaporation as soon as it entered

the hopper. This same study used a screw speed of

60 rpm which is rather slow and results in poor mix-

ing. Poor mixing leads to slower reactions, which is

another potential reason for the low grafting percent-

ages.

Tensile and impact test specimens were compression

molded using a Carver Laboratory Press (IN, USA),

immediately after tumble-drying of the pellets. Im-

mediate processing was done to ensure that the cross -

linking reaction had not started prior to sample fab-

rication. The platen were heated to 180 °C and the

filled mold was pressed at a minimum of 10 ton for

3 minutes. Cooling water was then turned on to cool

the platen. The mold was removed when the temper-

ature reached below 40°C, or approximately 10 min-

utes. After removal from the mold, the specimens

were placed into a 50°C oven for 3 days to pull off

any residual water and subsequently drive the conden-

sation reaction forward to form the siloxane cross -

links. In the past, this crosslinking step was done by

placing the samples in hot water for up to 20 hours,

which led to significant degradation of the PLA [19].

Test specimens were stored in a zip-top bag with as

much air removed as possible and were allowed to

rest for 2 weeks prior to mechanical testing.

2.3. Percent grafting determination

The grafting percent of VTMOS onto PLA was meas-

ured immediately after compounding and then again

prior to mechanical testing using two different tech-

niques, TGA and proton NMR. In the TGA method,

the amount of free or ungrafted VTMOS can be de-

termined by isothermally holding the sample above

the boiling point of VTMOS (123 °C), for 20 min-

utes. At this temperature, the free VTMOS evapo-

rates and the weight loss represents the un-grafted

VTMOS. Also at this temperature, PLA begins to

slightly decompose as seen by a gradual negative

slope in the weight percent versus time graph. To cor-

rect for this, the slope of the line in the 18–20 minute

range is extrapolated back to time zero and is used for

determining the percent grafting. The slope is calcu-

lated at the end of the isotherm since all free VTMOS

has been removed and a steady slope is reached. The

extrapolated time zero weight % is the grafted

VTMOS and PLA percentage in the sample. There-

fore the weight % difference from the extrapolated

and starting values, is due to the loss of the ungrafted

VTMOS.

Proton NMR was also used to establish percent graft-

ing. The ratio of the vinyl to methoxy proton integra-

tions from neat VTMOS was compared to that of the

reacted material. Neat VTMOS shows an integration

ratio of 1:3 for vinyl to methoxy protons. So as the

VTMOS grafts onto PLA through the reaction of the

vinyl group, the signal corresponding to this vinyl

group decreases. This results in a decrease in the vinyl

to methoxy proton integration ratio. Therefore per-

cent grafting can be calculated with NMR by Equa-

tion (1):

(1)

where [v:m]neat and [v:m]exp are the integration ratios

corresponding to the vinyl and methoxy groups of

VTMOS for the pure/neat material and the experi-

mentally reacted materials, respectively. For the pure

material, this in theory should be 1:3, however in prac-

tice it is typically slightly higher due to the hydroly-

sis of some methoxy groups.

NMR was primarily used to verify the grafting per-

centage determinations obtained by TGA. The graft-

ing percentages calculated by TGA and NMR showed

less than 5% statistical variation. Therefore it was con-

%
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cluded that TGA can accurately determine VTMOS

grafting efficiency, and was then used as the primary

method to determine grafting. This TGA/NMR

method for experimentally determining VTMOS graft-

ing efficiency has been used to monitor/determine

VTMOS grafting onto soybean oil [21].

2.4. Mechanical testing

The tensile properties of the siloxane crosslinked sam-

ples were tested using a United Testing Systems (CA,

USA) SFM-20 load frame with a 1000 lb (4448 N)

load cell. The dog-bone shaped specimens had a

2 inch gage length and cross-sectional dimensions of

0.5×0.125 inches (12.7×3.175 mm). The testing rate

used was 0.2 inch/min (5.08 mm/min), which result-

ed in most failures occurring between 30–120 sec-

onds. A minimum of 5 replicates were tested for each

compound.

The notched IZOD impact properties were deter-

mined using a TMI pendulum impact tester (Testing

Machines, Inc., DE, USA), following ASTM D256

utilizing a 1 ft-lb (0.113 Nm) pendulum. The speci-

mens had cross-sectional dimensions of 0.5×0.125

(12.7×3.175 mm) inches, and the notch was 0.1

(0.254 mm) inch deep. After notching, the specimens

were allowed to rest at least 24 hours prior to impact

testing. A minimum of 5 replicates were impact test-

ed for each sample set.

2.5. Morphology (SEM)

The morphologies of the siloxane crosslinked sam-

ples were studied using a JEOL 6610V (Japan Elec-

tron Optics Laboratories, Japan) Scanning Electron

Microscope (SEM). The fractured surfaces following

tensile and impact testing were analyzed after coat-

ing with osmium.

3. Results and discussion

3.1. Determination of VTMOS grafting

The previous study by Han et al. [18] showed that

VTMOS can be grafted onto the backbone of PLA

using a free radical initiator through reactive extru-

sion (REX) processing. However, with the process-

ing conditions used, very low grafting percentages re-

sulted. Due to this low grafting efficiency, these re-

searchers used high concentrations of VTMOS, up to

8 wt%. This VTMOS concentration results in a molar

ratio of ~70 VTMOS per PLA chain (based on a num-

ber average molecular weight of 120 000 g/mol),

which is excessive and could lead to an extremely

high crosslink density as well as a dramatic increase

in the cost of the final material. Therefore, the initial

portion of this study was to optimize the process to

give enhanced grafting efficiency for our materials

while using lower concentrations of VTMOS, and

thereby reducing costs.

In attempt to increase the grafting efficiency, a lower

VTMOS concentration (0.5 and 1.0 wt%), a lower

feed zone temperature (starting at 120 °C – so no

VTMOS loss due to evaporation), and higher screw

speed (125 rpm) were used. Initially a higher free

radical initiator (Luperox) concentration was also

used (0.5 wt%), however this resulted in a rigid and

highly brittle thermoset material (incapable of dis-

solving in solvent). This was caused by an unwanted

additional reaction of Si–O–C linkages formed

through the methoxy groups and PLA during extru-

sion. This two sided reaction resulted in the forma-

tion of the thermoset. Reducing the Luperox concen-

tration to 0.25 and 0.1 wt% yielded products with

slightly lower grafting efficiencies of 87.49 and

82.91%, respectively. However, this reaction was

without the unwanted Si–O–C linkages responsible

for the formation rigid thermoset. Both samples were

fully dissolvable in solvent, indicating that no cross -

linking occurred through REX, but rather the graft-

ing was done solely via the vinyl attachment onto

PLA.

The mechanism for the vinyl attachment of VTMOS

onto the PLA backbone is shown in Figure 1. This

mechanism for melt free radical grafting utilizing

vinyl functionality is well accepted and has been used

to incorporate many different chemical species onto

PLA. The first step is the thermal decomposition of

a free radical initiator (Luperox) resulting in the pro-

duction of radicals. The generated radical abstracts

hydrogen from the α-carbon, creating radicals on the

PLA chain. This hydrogen abstraction of PLA was

first shown by Avella et al. [22] in the reaction with

butyl acrylate. The PLA radicals are then capable of

coupling with radicals on the vinyl group of VTMOS,

as shown below. A potential side reaction involves

the PLA radicals coupling with another material, the

initiator radical, hydrogen, or another polymer radi-

cal, potentially leading to an unwanted result such

as β-scission, which is noted by a molecular weight
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decrease in processing. The vinyl grafting efficiency

was determined by NMR using the decrease in the

vinyl to methoxy proton integration ratio as well as

a slight change in the ratio of the PLA peaks corre-

sponding to the methyl hydrogens and the hydrogen

on the C-backbone. These two components prove

that VTMOS is grafted onto the PLA backbone as

described in Figure 1.

Following VTMOS grafting, a moisture induced

crosslinking of the grafted polymers can occur. First

the methoxy groups of VTMOS readily hydrolyze in

the presence of water, forming silanol functionality

(Si–OH). The silanols condense to form siloxane link-

ages leading to the formation of crosslinked com-

pounds. These short siloxane linkages from the cou-

pling of two VTMOS molecules is not flexible enough

to impart any toughening benefit. In fact, just cross -

linking PLA with VTMOS yields a material with less

ductility. Therefore, in effort to lengthen the siloxane

linkages and create a true toughening effect, a silanol

functionalized PDMS (OH-PDMS) was incorporat-

ed to take part in the condensation portion of the

crosslinking reaction. This hydrolysis and condensa-

tion crosslinking reaction is shown in Figure 2.

After fabrication of test specimens and the following

moisture cure, samples were again analyzed to deter-

mine grafting efficiency and for the formation of gels.

Over this crosslinking period, the compounds expe-

rienced very little change in grafting of VTMOS and

some samples showed a slight increase. This increase

in grafting can be explained by some of the free, or

unreacted VTMOS being incorporated in the cross -

linking reaction thereby becoming part of the cross -

linked material. A few of the samples showed a de-

crease in grafting which can be attributed to the

weight loss of methanol during testing, which is cre-

ated through the hydrolysis step. VTMOS can also

migrate to the surface and evaporate instead of cross -

linking. The grafting percentages for the compounds

after REX and after the crosslinking period are shown

in Table 1. For the VTMOS only samples, the higher

Luperox concentration results in slightly higher graft-

ing. With the addition of OH-PDMS, the opposite

trend occurs where 0.1% Luperox results in higher

grafting. The other trend to notice is that there was

lower grafting efficiency for the 0.5 wt% VTMOS

samples compared to the 1 wt% VTMOS samples.

This is probably due to small losses of VTMOS in

processing due to evaporation, where when using

less material, the small losses result in larger per-

centages.

After the moisture curing step, the compounds were

again placed in dichloromethane to dissolve. All of

the samples experienced gel-swell rather than dis-

solving. This indicates that the siloxane crosslinking

had in fact occurred through the hydrolysis and con-
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Figure 1. A schematic mechanism for the free radical initiated grafting of VTMOS on PLA



densation steps shown. The REX procedure used

was shown to be effective in its ability to enhance

VTMOS grafting efficiency onto PLA compared to

previous reports.

3.2. Mechanical properties

The tensile properties of neat and REX modified

PLA samples are shown in Table 2. The yield stress

(σy) was taken as the maximum stress value achieved
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Figure 2. A mechanism showing the hydrolysis of the methoxy groups and the condensation resulting in siloxane crosslinked

PLA



for the specimens and the elongation at fracture (εf)

is the strain at break. The modulus (E) of the speci-

mens was determined by measuring the slope of the

stress-strain curve in the linear elastic region, within

the first 0.5% strain. It should first be mentioned that

the mechanical properties experimentally determined

for neat PLA are comparable to the properties report-

ed by NatureWorks in their technical data sheet. As

mentioned earlier, crosslinking PLA with only

VTMOS results in a decrease in ductility. This was

observed in our results as the test specimens showed

an increased modulus coupled with a loss in elonga-

tion. This is due to the formation of a crosslinked net-

work where the crosslinks are short, and rather stiff

in nature. As OH-PDMS is added and incorporates

in the crosslinking, the siloxane crosslinks become

longer and much more flexible due to the physical

characteristics of this bond. The short siloxane link-

ages formed by the coupling of VTMOS does not

impart flexibility like the longer OH-PDMS chains.

With an increase in OH-PDMS content, an increase

in elongation is experienced along with a slight re-

duction in yield stress. In fact, the VTMOS only spec-

imens did not show a true yield stress but rather an

increase in stress until fracture, and the neat PLA frac-

tured immediately following yielding. When OH-

PDMS is incorporated, a true yielding is experienced

and examples of such samples are shown in Figure 3.

However, it is possible that some of the increase in

elongation observed for the samples with OH-PDMS

is due to a lubricating effect from un-reacted OH-

PDMS.

From Figure 3 it is clear to see that by incorporating

OH-PDMS, much higher elongations to failure are

experienced. However, the very unique result from

this modification is that the elongation was increased

without reduction in moduli of the specimens. In fact,

the crosslinked samples with OH-PDMS showed a

significantly higher modulus than neat PLA. This is

caused by crosslinking a stiff material with a very

ductile polymer. The crosslinked structure initially

provides rigidity, raising the modulus. Yet these duc-

tile crosslinks are capable of stretching under the ap-

plied load until they reach their limit, where the PLA

then fails. This explains why even with increased
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Table 1. Determination of percent VTMOS grafting post REX processing and post two week crosslinking period

% VTMOS % OH-PDMS % Luperox % Graft.intial % Graft.2 weeks

0.5 1 0.10 78.2 70.5

0.5 1 0.25 66.1 75.1

0.5 3 0.10 63.5 50.3

0.5 3 0.25 63.7 73.1

1.0 1 0.10 89.5 83.6

1.0 1 0.25 86.4 86.5

1.0 3 0.10 79.3 77.8

1.0 3 0.25 76.4 79.8

1.0 0 0.10 82.9 79.9

1.0 0 0.25 87.4 86.8

Table 2. Tensile properties of the siloxane crosslinked PLA

samples

% VTMOS % OH-PDMS % Luperox
E

[GPa]

σy

[MPa]

εf
[%]

0.5 1 0.10 3.40 54.68 53.07

0.5 1 0.25 3.25 55.02 5.94

0.5 3 0.10 3.67 44.95 9.97

0.5 3 0.25 3.07 45.51 4.45

1.0 1 0.10 3.43 55.36 3.59

1.0 1 0.25 3.33 53.16 4.05

1.0 3 0.10 3.71 45.44 3.24

1.0 3 0.25 3.48 45.30 4.49

1.0 0 0.10 3.73 58.67 2.40

1.0 0 0.25 3.46 55.92 1.92

0 0 0 2.62 58.67 2.93

Figure 3. Representative stress-strain curves of neat PLA,

VTMOS crosslinked PLA, and crosslinked sam-

ples incorporating 1 and 3% OH-PDMS



elongation, a brittle failure was still observed. All

tensile specimens showed a flat and smooth fracture

surface, indicating a brittle fracture. The OH-PDMS

crosslinked samples are both stiffer and more ductile

in comparison to neat PLA, resulting a significant

increase in the tensile toughness, as seen by the area

under the curves. The addition of OH-PDMS does

result in a slight reduction in ultimate stress, but with

the increases in elongation and modulus, an increase

in toughness is still experienced.

Another thing of note is how the crosslink density

affects the tensile properties. Assuming 80% grafting

efficiency, 0.5 and 1 wt% of VTMOS results in ~4

and ~8 VTMOS groups grafting onto each PLA chain,

respectively. Therefore these samples experience dif-

ferent crosslink densities. The lower crosslink density

samples (0.5 wt% VTMOS) show higher elongations

to failure, while the high crosslink density samples

have a higher modulus. This fits with theory and is

what would be expected when dealing with cross -

linked samples. The higher amount of crosslinks in

a specific area result in the material not being able

to stretch and deform as much, coincidentally result-

ing in a higher modulus. However, regardless of the

VTMOS content in the samples, a significant in-

crease in tensile toughness was observed with the

presence of OH-PDMS due to increases in both

elongation to failure and modulus compared to neat

PLA.

IZOD Impact testing also showed a significant in-

crease in toughness (~25%) for the modified sam-

ples. However there was no discernible trend based

on VTMOS, OH-PDMS, or Luperox concentrations,

as seen in Table 3. It appears that with such a dynamic

and fast fracture, the extent of crosslinking (VTMOS

concentration) and the crosslink length (OH-PDMS

concentration) has no direct effect. But rather, a silox-

ane crosslinked sample of any nature shows approx-

imately a 25% increase in impact toughness over

neat PLA. The quick fracture likely doesn’t allow for

the longer siloxane linkages to stretch and absorb

more energy, yielding a higher toughness as is seen

with higher OH-PDMS concentrations in tensile test-

ing. But rather the presence of these siloxane cross -

links is enough to increase the impact toughness

compared to neat PLA.

3.3. Morphology

The tested samples were analyzed using SEM to de-

termine if the siloxane crosslinks affected the mor-

phology of the fractured surfaces. Figure 4 shows the

fractured surfaces of select samples following tensile

testing. The neat PLA sample in Figure 4a shows an

extremely rough surface in comparison to the others

which are just VTMOS crosslinked (Figure 4b) and

containing both VTMOS and OH-PDMS crosslink-

ing (Figure 4c). This extremely rough surface corre-

sponds to the brittle fracture experienced by the neat

PLA samples during testing. Not only do the silox-

ane crosslinked samples exhibit a smoother fracture

surface but they show siloxane pullout. In these sam-

ples, small holes (black circles) of where the silox-

ane was pulled out are visible along with the analo-

gous opposite, the stretched siloxane (white circles).

The sample containing OH-PDMS shows the pres-

ence of long white strands which are most likely the

long siloxane linkages from the PDMS polymers.

The morphologies of the impact test samples are

shown in Figure 5. All of the fractured surfaces ex-

hibited a rippled pattern morphology, seen by the
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Table 3. Notched IZOD impact toughness of siloxane crosslinked samples compared to neat PLA

% VTMOS % OH-PDMS % Luperox
Impact energy

[J/m]
Standard deviation % Increase vs neat PLA

0.5 1 0.10 26.71 0.35 22.6

0.5 1 0.25 28.36 0.29 30.2

0.5 3 0.10 27.14 0.66 24.6

0.5 3 0.25 27.30 0.44 25.3

1.0 1 0.10 27.51 1.05 26.3

1.0 1 0.25 27.51 0.61 26.3

1.0 3 0.10 27.45 0.08 26.0

1.0 3 0.25 25.39 0.50 16.5

1.0 0 0.10 26.71 0.25 22.6

1.0 0 0.25 27.83 0.36 27.7

0 0 0 21.78 2.86 0



vertical columns in the figure. The crosslinked sam-

ples show more visual connectivity of the raised sec-

tions of the surface, which are from the crosslinking.

For the sample with OH-PDMS, the same long link-

ages are visible as seen in the tensile samples, due

to the longer siloxane crosslinks. This added connec-

tivity and ability to deform prior to fracture is the

cause of the increase in impact energy.

4. Conclusions

VTMOS was grafted onto PLA using REX process-

ing and moisture cured to form a siloxane cross -

linked PLA material. Process improvements com-

pared to a previous study resulted in greater than a

two fold increase in grafting efficiency of VTMOS

onto the PLA backbone. This resulted in less VTMOS

used, lowering the cost of the final product. OH-

PDMS was added to lengthen the siloxane cross -

links, resulting in improved tensile toughness. The

samples crosslinked with only VTMOS showed im-

provements in modulus, strength, and impact prop-

erties with a decrease in ductility, as previously re-

ported. However, by incorporating OH-PDMS into

the crosslinking reaction, not only did an increase in

modulus and impact toughness occur compared to

neat PLA, but increased elongation to failure was

observed resulting in the improvement in tensile

toughness. SEM of the fractured surfaces showed the

presence of the stretched siloxane crosslinks for the

impact samples and siloxane pullout for the tensile

samples. This enhanced ability for the material to de-

form and absorb energy gives reason for the increase

in toughness.
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1. Introduction

Atom transfer radical polymerization (ATRP) is

proven to be one of the most versatile reversible de-

activation radical polymerization (RDRP) methods

that enables the preparation of polymers with con-

trolled molecular weights (MWs), narrow molecular

weight distributions (Mw/Mn, MWDs), and targeted

degrees of polymerization (DP) [1–13]. The advent of

low amount catalyst ATRP system, such as simplified

electrochemically mediated ATRP (seATRP) [14] of-

fers more environmentally friendly reaction condi-

tions for the synthesis of polymers [15]. In seATRP a

desired amount of the catalyst complex (X–CuII/L)

can be electrochemically reduced to (CuI/L) activators

to start a controlled polymerization [16]. The reduced

activator then spreads out into reaction mixture by

vigorous stirring, and reacts with initiators (P–X) to

form radical species (P•) and is oxidized back to

(X–CuII/L). Consequently, the radical species propa-

gate to form polymeric chains by reacting with

monomers (M), or are deactivated back to the dormant

species (Pn–X) (Figure 1) [14, 15, 17, 18].

This method has been applied to hydrophobic (meth)

acrylates [14, 15, 19–26], and hydrophilic (meth)acry-

lates and (meth)acrylamides [14, 16–18, 25, 27–31]

for the synthesis of well-defined polymeric architec-
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Figure 1. Mechanism of seATRP [19]



tures. Star-shaped cationic polymers, consisting of

multiple arms linked to a central β-cyclodextrin (β-

CD) core, have recently attracted much attention, be-

cause of their dense branched architecture with mod-

erate flexibility, tunable properties like solubility,

chemically crosslinked structure, temperature or pH

sensitivity, which could be manipulated by the pa-

rameters such as the block composition, MW, and

arm number [32–44].

Amphiphilic star copolymers composed of poly(2-

dimethylaminoethyl methacrylate)-block-poly(n-butyl

acrylate) (PDMAEMA-b-PBA) arms covalently

linked to a β-CD core are especially interesting, be-

cause they can be used in biomedical applications,

including drug delivery and tissue engineering.

PDMAEMA is the most extensively studied pH-re-

sponsive polymer [45–50], because it is able to func-

tion as the pH-responsive component as it has a ni-

trogen moiety, which can be protonated by lowering

the pH of the solution [48, 49], and shows pH-de-

pendent lower critical solution temperature behavior

[45] and upper critical solution temperature behavior

at low temperatures in the presence of multivalent

counter ions [47]. Furthermore PBA is an industrially

important polymer because of its low glass-transition

temperature, durability, and potential use as a soft seg-

ment in thermoplastic elastomers [51, 52].

The main objective of this article is to report the first

example of the preparation of well-defined star-shaped

cationic polymers, consisting of the β-CD core and

the respective PDMAEMA and PDMAEMA-b-PBA

arms by seATRP, under both potentiostatic and gal-

vanostatic conditions. In this case, the arm of the star

polymer is composed of a cationic PDMAEMA block

and a hydrophobic PBA block. It was presented that

polymerization conditions were optimized (includ-

ing the effect of applied potential on the polymeriza-

tion behavior) to provide fast reactions while em-

ploying low catalyst concentrations and preparation

of star copolymers with narrow MWDs. Therefore,

well-defined cationic block star copolymers, with a

β-CD core were successfully produced through ap-

propriate selection of experimental conditions.

2. Experimental section

2.1. Materials

β-Cyclodextrin (β-CD, Mn = 1,135), 2-bromoisobu-

tyryl bromide (BriBBr, 98%), N-methyl-2-pyrroli-

done (NMP, >99%), dichloromethane (DCM,

>99.5%), n-hexane (95%), sodium bicarbonate

(>99.7%), tetrabutylammonium perchlorate (TBAP,

>98%), copper(II) bromide (CuIIBr2, 99.999%), and

methylated cellulose (Tylose, MH = 300) were pur-

chased from Aldrich, USA. N,N-Dimethylformamide

(DMF, 99.9%) was purchased from Acros, Belgium.

These reagents were used without further purifica-

tion. Tris(2-pyridylmethyl)amine (TPMA) was pre-

pared according to a published procedure [53]. Stock

solutions of CuIIBr2 and TPMA were prepared ac-

cording to a previously described in reference [18].

The β-CD-Br21 ATRP initiator was prepared by re-

acting β-CD with BriBBr in NMP according to pro-

cedure described in reference [54] and characterized

according to our previous work [15]. 2-(Dimethy-

lamino)ethyl methacrylate (DMAEMA; 98%; Sigma-

Aldrich, USA) and n-butyl acrylate (BA; >99%;

Sigma-Aldrich, USA) were passed through a column

filled with basic alumina prior to use to remove any

inhibitor. Platinum (Pt) wire, Pt gauge mesh and Pt

disk (3 mm diameter, Gamry) were purchased from

Alfa Aesar, USA. All cyclic voltammetry (CVs) and

preparative electrolysis were conducted in electro-

chemical cell kit (Gamry, USA).

2.2. Analysis
1H NMR spectra in CDCl3 were measured using

Bruker Avance 500 MHz spectrometer. Monomer

conversion and theoretical number-average molecu-

lar weight (Mn,th) were determined by NMR based on

the previous research [17]. MWs and MWDs were

determined by GPC (Polymer Standards Services

(PSS) columns (guard, 105, 103, and 102 Å), with THF

eluent, flow rate 1.00 mL/min, and with a differential

refractive index (RI) detector (Viscotek, T60A)). The

apparent molecular weights (MWs) and dispersity

(Mw/Mn) were determined with a calibration based

on PS standards using TRISEC software. CVs and

preparative electrolysis were recorded on a Metrohm

Autolab potentiostat (AUT84337) using GPES soft-

ware from EcoChemie B. V. Corporation. The elec-

trolysis were carried out under Ar atmosphere using

a Pt disk for CV, (A = 0.071 cm2) and Pt mesh for

preparative electrolysis, (A = ~6 cm2) working elec-

trodes (WE). The counter electrode (CE, sacrificial

anode) was Al wire (l = 10 cm, d = 1 mm). Values for

potentials applied for preparative electrolysis were
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established from CV measurements at a 100 mV/s

scan rate using saturated calomel electrode (SCE;

Gamry) reference electrode (RE) according to the

previous research [15].

2.3. Synthesis of β-CD-(PDMAEMA)21 star

polymers by seATRP

The synthesis of β-CD-(PDMAEMA)21 star poly-

mers was conducted under potentiostatic and gal-

vanostatic conditions (Figure 2).

TBAP (1.64 g, 5 mmol) was placed in an electrolysis

cell maintained at 50 °C under an Ar purge. Then,

12 mL of Ar purged DMAEMA (71 mmol), DMF

(8.9 mL) and 57 µL of CuIIBr2/2TPMA stock solu-

tion (0.05 M in DMF) were added to the reaction cell.

The CV was recorded using a Pt disk WE, a SCE RE,

and an Al wire CE for determining the appropriate

applied potential (Eapp = Epc, Eapp = Epc–30 mV,

Eapp = Epc–60 mV, and Eapp = Epc–100 mV). A solu-

tion of 451 mg of β-CD-Br21 (0.11 mmol) in 3 mL of

DMF was injected to the reaction solution and the CV

was measured to confirm an increased cathodic re-

sponse. Then the Pt mesh WE, Al wire CE, and SCE

RE were prepared and immersed in the polymeriza-

tion solution and the selected potential was applied

using the preparative electrolysis method.

After the initial seATRP polymerization under po-

tentiostatic conditions the proper applied current val-

ues were calculated based on I = Q/s for each step. An

identical reaction mixture was prepared and the poly-

merization was carried out under multiple applied

currents (Iapp,1 = (–) 0.52 mA (0.33 h), Iapp,2 =

(–) 0.30 mA (0.33 h), Iapp,3 = (–) 0.19 mA (0.56 h),

Iapp,4 = (–) 0.09 mA (0.56 h), Iapp,5 = (–) 0.04 mA

(1.22 h)). In both cases samples were withdrawn pe-

riodically to follow the monomer conversion, using
1H NMR. The Mn and Mw/Mn were determined by

GPC measurements (with PS standard curve). The

product was purified by dialysis against water (Spec-

tra/Por dialysis membrane, MWCO 1000, Spectrum

Laboratories Inc.), dried by air, dissolved in acetone,

passed through a neutral alumina column in order to

remove catalyst, and dried under vacuum for 5 days.

The polymer was then isolated and characterized

using 1H NMR.

2.4. Chain extension of a β-CD-(PDMAEMA)21

star macroinitiator with BA

The synthesis of β-CD-(PDMAEMA-b-PBA)21 star

block copolymers was conducted under potentiosta-

tic and galvanostatic conditions (Figure 3).

The seATRP method was also used for the chain ex-

tension of the β-CD-(PDMAEMA-Br)21 macroini-

tiator with BA. Polymerization conditions: [BA]0/[β-

CD-(PDMAEMA-Br)21]0/[CuIIBr2/2TPMA]0 =

32/1/0.0013, [BA]0 = 2.1 M in DMF, [CuIIBr2/

2TPMA]0 = 0.08 mM, [TBAP]0 = 0.2 M, Eapp =

Epc–60 mV (vs. SCE), T = 50°C, WE = Pt mesh, CE =

Al wire, and RE = SCE. An identical reaction mix-

ture was prepared and seATRP was carried out under

multiple applied currents (Iapp,1 = (–) 0.38 mA (0.67 h),

Iapp,2 = (–) 0.15 mA (0.67 h), Iapp,3 = (–) 0.04 mA

(0.67 h), Iapp,4 = (–) 0.01 mA (1.0 h)). In both cases

samples were withdrawn periodically to follow the

monomer conversion, using 1H NMR. The Mn and

Mw/Mn were determined by GPC measurements (with

PS standard curve). The product was purified by dial-

ysis against water and methanol (MWCO 1000), and

Chmielarz – eXPRESS Polymer Letters Vol.10, No.10 (2016) 810–821

812

Figure 2. Synthesis of β-CD-(PDMAEMA)21 star polymers via seATRP



dried under vacuum for 5 days. The polymer was then

isolated and characterized using 1H NMR.

3. Results and discussion

Well-controlled ATRP synthesis of star polymers is

challenging when chain extension occurs from a

macroinitiator of lower activity to a more active

monomer [24]. The rate of activation of a bromo-ter-

minated PDMAEMA chain end is faster than the ac-

tivation of a 2-bromoisobutyrate β-CD chain ends

(ω-functional arms) [55, 56]. Typically, halogen ex-

change procedures [55–58] are employed to solve

this problem, but it can’t be used for systems with

low concentrations of catalyst, because of poor ini-

tiation efficiency.

Here we have demonstrated new proposition of solv-

ing the problem with poor initiation efficiency by

seATRP procedure. In this paper synthesis of cation-
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Figure 3. Synthesis of β-CD-(PDMAEMA-b-PBA)21 star block copolymers via seATRP

Table 1. Summary of cationic star polymers synthesis by seATRP

General reaction conditions: T = 50 °C; Vtot = 24 mL (except entry 6 and 7: Vtot = 16 mL); t = 3 h; [M]0: [DMAEMA]0 = 3.0 M (except
entry 6 and 7: [BA]0 = 2.1 M); [I]0: [β-CD-Br21]0 = 4.4 mM calculated per 21 Br (except entry 6 and 7: [β-CD-(PDMAEMA-Br)21]0 =
3.1 mM calculated per 21 Br); [CuIIBr2/2TPMA]0 = 0.12 mM except entry 6 and 7: = 0.08 mM); [TBAP]0 = 0.2 M. seATRP under poten-
tiostatic conditions (WE = Pt mesh, CE = Al wire (l = 10 cm, d = 1 mm), RE = SCE): entries 1–4 and 6; seATRP under galvanostatic con-
ditions (WE and CE without RE): entry 5 and 7.
aEapp were selected based on CV analysis (ν = 100 mV/s); bMonomer conversion, apparent propagation constants (kp

app), and apparent prac-
tical degree of polymerization of monomer unit per arm (DPapp) were determined by NMR; cMn,theo = ([M]0/[MI]0) × conversion × Mmonomer

+ Minitiator; dapparent Mn and MWD were determined by THF GPC with PS standard; eIapp = –0.52, –0.30, –0.19, –0.09, and –0.04 mA for
each steps; fIapp = –0.51, –0.22, –0.11, –0.05, and –0.03 mA for each steps.

Entry [M]0/[I]0/[CuIIBr2/2TPMA]0 Eapp
(a) kp

app(b)

[h–1]

Conv(b)

[%]
DPapp

(b) (per arm) Mn,theo
(c) (·10–3) Mn

app(d) (·10–3) Mw/Mn
(d)

1 32/1/0.0013 Epc 0.202 45 14 51.5 45.0 1.08

2 32/1/0.0013 Epc–30 mV 0.417 70 23 78.7 67.7 1.09

3 32/1/0.0013 Epc–60 mV 0.772 90 29 99.3 80.7 1.09

4 32/1/0.0013 Epc–100 mV 0.947 94 30 103.9 135.0 1.63

5 32/1/0.0013
Galvanostatic
conditions(e) 0.709 88 28 97.1 78.5 1.08

6 32/1/0.0013 Epc–60 mV 0.577 82 26 167.7 135.6 1.15

7 32/1/0.0013
Galvanostatic
conditions(f) 0.523 79 25 165.1 132.0 1.14



ic star copolymers by seATRP are reported for the

first time using only 40 ppm of CuII/L in solution.

Table 1 summarizes the results of the star polymers

synthesis using the β-CD based macroinitiator (Mn =

4260, Mw/Mn = 1.06) under both potentiostatic and

galvanostatic conditions.

The structure of the ligand, monomer, dormant species

as well as reaction conditions (solvent, temperature

and pressure) can strongly influence the values of

the rate constants (ka, kda and KATRP (= ka/kda)) [5, 19].

In most cases electrochemically mediated ATRP re-

actions were carried out in DMF [14, 15, 19, 23, 24]

and acetonitrile (MeCN) [20] as solvents. The poly-

merization in DMF was faster in comparison to the

reactions conducted in MeCN, this is because more

polar system could enhance ATRP equilibrium con-

stants (KATRP = ka/kda) [59]. For example, KATRP value

in aqueous condition is ca. 103 times higher than

MeCN condition. In contrast, less polar solvent con-

dition such as anisole mixture would require higher

concentration of the supporting electrolyte to achieve

better conductivity [60]. Moreover it is well known

that temperature plays a vital role in controlled poly-

merization systems, because the activation rate con-

stants increased with increasing temperature [61,

62]. Thus, the objective of this study was to investi-

gate and optimize polymerization conditions for

seATRP of DMAEMA (in terms of Rp, controlled

MWs and narrow MWDs).

3.1. Influence of different applied potential

The effect of applied potential (Eapp = Epc, Eapp =

Epc–30 mV, Eapp = Epc–60 mV, and Eapp =

Epc–100 mV) on the polymerization behavior was

investigated as reported in Table 1, entries 1–4, and

Figure 4. In essence, the fastest kp
app (thereby Rp) and
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Figure 4. Synthesis of β-CD-PDMAEMA star-shaped polymers as a function of applied potential; (a) current profile versus
time, (b) first-order kinetic plots, (c) Mn and Mw/Mn versus monomer conversion, and (d) GPC results of DMAEMA
polymerization for different Eapp values (final GPC traces for each reactions). Reaction conditions: [DMAEMA]0/
[β-CD-Br21 (per –Br)]0/[CuIIBr2/2TPMA]0 = 32/1/0.0013, [DMAEMA]0 = 3.0 M, [CuIIBr2/2TPMA]0 = 0.12 mM,
T = 50°C, [TBAP]0 = 0.2 M, Vtot = 24 mL, Eapp = Epc, Eapp = Epc–30 mV, Eapp = Epc–60 mV, Eapp = Epc–100 mV
(vs. SCE).



larger cathodic currents (faster rate of reduction)

were observed when more negative potential was ap-

plied (compare kp
app; Table 1, entries 4 vs. 1–3). In

this case, faster rates of reduction provide a higher

[CuI/L] and [P•] leads to a higher Rp [19].

The polymerization results for more positive applied

potentials (Epc, Epc–30 mV and Epc–60 mV) showed a

linear increase of Mn with conversion (Figure 4c),

and low Mw/Mn values of obtained stars (Figure 4c–

4d). On the other hand GPC trace of β-CD-PDMAEMA

received at the most negative Eapp (Epc–100 mV, Fig-

ure 4d) showed the presence of a significant high

molecular weight shoulder attributed to a higher oc-

currence of star-star intermolecular X-linking reac-

tion via a coupling process as well as intramolecular

coupling, which lead to less uniform growth of arms

[63].

3.2. Synthesis of 21-arm star block

copolymers

The preparation of CD star homopolymers with 21-

arms of PDMAEMA under potentiostatic and gal-

vanostatic conditions were carried out and the results

are reported in Table 1, entries 3 and 5, Figure 5 and

6. Nearly identical first-order kinetic plots were ob-

served (Figure 5b), with linear MW evolution (Fig-

ure 5c), and GPC analysis indicated narrow MWD

(Figure 5a, 6a and 6b).

Chain end functionality was evaluated by chain ex-

tension from β-CD-(PDMAEMA28)21 macroinitiator

(Mn = 97100, Mw/Mn = 1.08; Table 1, entry 5) with

BA as the second monomer to form a star block

copolymers under both copolymers under potentio-

static and galvanostatic conditions (Table 1, entries

6–7, Figure 7 and 8).
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Figure 5. Multi-step preparative electrolysis for seATRP; (a) preparative electrolysis results from applied potential conditions
(grey line) and applied current (black line), (b) first-order kinetic plot of monomer conversion versus time, and
(c) Mn and Mw/Mn versus monomer conversion by potentiostatic and galvanostatic conditions. Reaction conditions:
[DMAEMA]0/[β-CD-Br21 (per –Br)]0/[CuIIBr2/2TPMA]0 = 32/1/0.0013, [DMAEMA]0 = 3.0 M, [CuIIBr2/2TPMA]0 =
0.12 mM, T = 50°C, [TBAP]0 = 0.2 M, Vtot = 24 mL.



Close to identical first-order kinetic plots were ob-

served (Figure 7b), and DP of resulting copolymers

increased linearly with monomer conversion (Fig-

ure 7c) indicating high initiation efficiency. The dif-

ferences between theoretical and measured MW orig-

inate the differences in hydrodynamic radius of star

and linear polymer standards for GPC. Moreover,

GPC analysis indicated narrow MWD (Figure 7c and

8a–b) confirming that the halogen end groups were

preserved during the seATRP of BA. In this case the

% of chains terminated by radical means are below

1%, what indicating that seATRP was conducted
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Figure 6. GPC traces of DMAEMA polymerization in the presence of β-CD-Br21 under potentiostatic seATRP (a) and gal-
vanostatic seATRP (b)

Figure 7. Multi-step preparative electrolysis for seATRP; (a) preparative electrolysis results from applied potential conditions
(grey line) and applied current (black line), (b) first-order kinetic plot of monomer conversion versus time, and
(c) Mn and Mw/Mn versus monomer conversion by potentiostatic and galvanostatic conditions. Reaction conditions:
[BA]0/[β-CD-(PDMAEMA-Br)21 (per –Br)]0/[CuIIBr2/2TPMA]0 = 32/1/0.0013, [BA]0 = 2.1 M, [CuIIBr2/2TPMA]0 =
0.08 mM, T = 50°C, [TBAP]0 = 0.2 M, Vtot = 16 mL.



with preserved chain end functionality, therefore the

bimodality cannot be detected by GPC, even if ter-

mination will be 100% of coupling. Probability of

the intramolecular termination of acrylates can be

enhanced due to a close proximity of radicals but

also can be diminished due to radical segregation

[15, 64].

3.3. Chemical structure of the 21-arm star

polymers

The chemical structure of the synthesized β-CD-

(PDMAEMA28)21 star polymer (Table 1, entry 5) and

β-CD-(PDMAEMA28-PBA25)21 star block copoly-

mer (Table 1, entry 7) were confirmed by 1H NMR

spectroscopy (Figure 9 and 10).

The 1H NMR spectrum shown in Figure 9 confirms

the structure of β-CD-(PDMAEMA28)21 star cationic

polymer obtained through seATRP under galvanos-

tatic conditions (Table 1, entry 5). The chemical

shifts, 0.75–1.17, 1.72–2.09, 2.20–2.50, 2.51–2.86,

and 3.78–4.34 ppm, are mainly attributable to the 

–CH3 (α), –CH2– (β), –CH3 (g), –CH2– (f), and 

–OCH2– (e) groups of the PDMAEMA units in the

arms, respectively, indicating the presence of

PDMAEMA chains [65]. While, in the 1H NMR

spectrum of the star block copolymer (Figure 10),

the chemical shifts, 0.75–1.18m, 1.31–2.02, 2.18–

2.55, 2.57–2.86, and 3.78–4.34 ppm, are mainly at-

tributed by the –CH3 (d), –CH2– (β′+b+c), –CH–

(α′), and –OCH2– (a) groups of the PBA units in the
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Figure 8. GPC traces of BA polymerization in the presence of β-CD-(PDMAEMA-Br)21 under different conditions: poten-
tiostatic seATRP (a) and galvanostatic seATRP (b)

Figure 9. 1H NMR spectrum of CD star homopolymers with PDMAEMA arms (β-CD-(PDMAEMA28)21; Table 1, entry 5;
Mn = 97100, Ð = 1.08) after purification (in CDCl3)



arms, respectively, indicating the presence of PBA

chains [15].

4. Conclusions

The controlled 21-arm star polymers consisting of a

β-CD core and PDMAEMA arms were successfully

prepared via simplified electrochemically mediated

atom transfer radical polymerization with low con-

centrations of catalyst (40 ppm of CuII species). The

rate of the polymerizations was controlled by apply-

ing less negative Eapp and therefore eliminating in-

termolecular termination reactions between growing

arms. Chain extension of the initially formed hy-

drophilic star polymer with a more hydrophobic

monomer (BA), confirmed the preservation of ter-

minal halogen end group during the seATRP of

methacrylates. The use of a galvanostatic technique

provided similar results to polymerizations conduct-

ed under potentiostatic conditions, providing poly-

mers with molecular weight evolution close to theo-

retical values, while generating stars with narrow

molecular weight distribution. Furthermore, the re-

sults from 1H NMR spectral studies support the for-

mation of star block (co)polymers. These new am-

phiphilic polyelectrolyte star copolymers are prom-

ising candidates for potential applications in biomed-

ical fields, such as drug delivery, gene delivery, and

antifouling coatings.
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1. Introduction

Magnetic nanomaterials are essential components of

modern technology in a wide range of applications,

including catalysis [1], sensors [2], data storage [3],

biotechnology/biomedicine [4], magnetic resonance

imaging [5], environmental remediation [6], spintron-

ic [7] and microwave devices [8, 9]. Nanoscale mag-

netic materials are so attractive because they show

remarkable novel phenomena compared to their bulk

counterparts, such as superparamagnetism, ultrahigh

magnetic anisotropy and coercive force, and giant

magnetoresistance. These phenomena arise from fi-

nite size and surface effects that dominate the mag-

netic behavior of individual nanoparticles [10, 11].

Among magnetic nanomaterials, ferromagnetic nano-

sized metals, metal alloys and metal oxides are the
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most exploited ones due to their distinctive magnetic

properties [12, 13]. However, drawbacks of such ma-

terials, including corrosion, high density (weight), and

physical rigidity, make alternatives desirable in many

technological areas. Incorporation of ferromagnetic

metallic nanomaterials into polymer matrices is re-

garded as a good strategy to overcome their short-

comings. Polymer nanocomposites doped with fer-

romagnetic metallic nanomaterials (FMNMs-PNCs)

retain the key features of polymers such as light-

weight, exceptional processability, flexibility and cor-

rosion resistance. Meanwhile, they display new func-

tionalities such as magnetism and electrical conduc-

tivity as well as enhanced mechanical and thermal

properties as compared to the neat polymer due to

metallic inclusions. Therefore, FMNMs-PNCs can

emerge as promising alternatives to ferromagnetic

metallic nanomaterials in various disciplines [14,

15]. It is well known that, intensive filler-matrix in-

terfacial interactions should dominate the PNC struc-

ture, in order to attain a unique combination of con-

stituents’ properties. Accordingly, this has become a

focal point of significant interest in the design and

development of PNCs, by controlling the size, geom-

etry, orientation, dispersion and distribution of nano-

sized fillers within polymer matrix and bonding at

the filler-matrix interface [15, 16].

Nanocrystalline (nc) Fe-Ni alloy is among the most

attractive ferromagnetic metallic nanomaterials for

electro-magnetic applications including magnetic-

field sensors, read-write heads in magnetic data stor-

age devices, magnetic actuators and motors, electro-

magnetic shielding and transformers magnetic cores

[17]. The attention to this alloy is attributed to its

unique soft magnetic properties, excellent mechani-

cal stiffness, strength and thermal dimensional sta-

bility (rigidity) and good electrical properties [17–19].

In particular, nc Fe20Ni80 alloy is known of permal-

loy anomaly [17, 20]. The potential of using nc Fe-Ni

alloy, as a nano-filler in polymers has been explored

for the first time by the authors [21]. In that study, the

room-temperature mechanical properties of nc Fe-Ni

alloy/Polyamide 6 nanocomposites (Fe-Ni/PA6 PNCs)

were determined as a function of the compounding

technique and nano-filler content. It was concluded

that the mechanical stiffness and strength of PA6

were significantly enhanced for low content of nc

Fe-Ni alloy (up to 3 wt%) when the Fe-Ni/PA6 PNCs

were prepared by ultrasound-assisted master batch

(UMB) technique, indicating the great promise of nc

Fe-Ni alloy as a nano-reinforcement to polymers.

In electro-magnetic applications, components are ex-

posed to thermal stresses, thus requiring the material

to have good thermal stability in terms of rigidity,

magnetism and electrical properties [17]. According-

ly, this study focuses on the investigation of the rigid-

ity and magnetic properties of Fe-Ni/PA6 PNC as

function of temperature, in order to explore the po-

tential use of such nanocomposite in electromagnetic

applications. The alteration of the nanocomposite mi-

crostructure and subsequently thermal stability in

terms of rigidity and magnetism due to different alloy

geometries, was the focal point of interest through-

out the research. 2 wt% Fe-Ni/PA6 PNCs based on

nc Fe20Ni80 alloy with two different particle geome-

tries; spherical-sea urchin particles and necklace-like

chains, were prepared by compounding via the UMB

process followed by injection molding. The morphol-

ogy, crystalline structure, softening temperature and

temperature-dependent coefficient of thermal expan-

sion and magnetic properties of the nanocomposites

were investigated.

2. Experimental

2.1. Materials

The polymer used is PA6 pellets (Tecomid® NB40

NL E). It was obtained in a sealed package from Eu-

rotec® Engineering Plastics, Tekirdag, Turkey. Formic

acid (HCO2H, 98%) and ethanol (C2H5OH, 96%) used

as a solvent and a precipitant for PA6, respectively,

were obtained from Chem-Lab NV, Zedelgem, Bel-

gium and VWR, Pennsylvania, USA, respectively.

2.2. Preparation of Fe20Ni80/PA6 PNCs

nc Fe20Ni80 fine particles with two different geome-

tries; spherical-sea urchin particles (SU) and neck-

lace-like chains (NC), were chemically synthesized.

Crystal sizes are 16 and 20 nm for the alloy particles

with SU and NC geometries, respectively. Detailed

information on the synthesis process as well as on the

morphology, nanocrystalline structure and magnetic

properties of the alloys with the two geometries can

be found in Mohamed’s prior study [22]. The 2 wt%

Fe20Ni80/PA6 PNCs samples were made in a two-step

process: i) SU and NC nc Fe20Ni80 particles were sep-

arately compounded with PA6 pellets and ii) the com-
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pounded material was injection molded into standard

Izod bars (ASTM-D256).

The typical compounding process is as follows. nc

Fe20Ni80 particles were compounded with half of the

PA6 amount via ultrasound-assisted solution mixing

(USM) to prepare concentrated USM composite pow-

der containing 4 wt% nc Fe20Ni80. The USM PNCs

were then compounded (diluted) with the rest of PA6

pellets via melt mixing to prepare UMB PNCs with

2 wt% nc Fe20Ni80. Specifically, a 15 wt% PA6-formic

acid solution was prepared. Then, nc Fe20Ni80 parti-

cles were dispersed and sonicated into a second very

dilute 1 wt% PA6-formic acid solution for 30 min,

using ultrasonic bath. The alloy particles/PA6 ratio

was 1:1 wt/wt. The particles suspension was then

added to the 15 wt% PA6-formic acid solution, so

that the concentration of polymer in the mixture was

10 wt% and the mixture was vigorously stirred for

1 h. Addition of ethanol, with the volumetric ethanol/

formic acid ratio being 2:1, initiated the precipitation

of PA6 after 30 min and led to formation of the com-

posite powder which was completed within 30 min-

utes. The composite powder was separated from mixed

solvent through filtration and dried in vacuum oven

at 80°C for 48 h.

A DSM Micro 15 cc extruder (vertical, co-rotating

twin-screw micro extruder) and 10 cc injection mold-

ing machine (Xplore Instruments, Geleen, The Nether-

lands) were then used for compounding the USM

PNCs with the rest of PA6 pellets and fabrication of

the UMB PNCs, respectively. The conditions used

were: 240°C as Tbarrel in the compounder and injec-

tion molding machine, screw speed of 150 rpm, res-

idence time of 4 min, Tmold of 70 °C and injection

pressure of 0.8 MPa. Before compounding, the PA6

pellets were dried in a vacuum oven at 80°C for 48 h.

After molding, the specimens were sealed and placed

in a desiccator for a minimum of 24 h prior to test-

ing. The detailed codes of PNCs’ samples are listed

in Table 1.

2.3. Characterizations

Thermomechanical (TMA) analysis measurements

were performed, using a Shimadzu TMA-60H ther-

momechanical analyzer (Shimadzu Corporation,

Tokyo, Japan). Compression and penetration testing

modes were employed to determine the coefficient

of thermal expansion (CTE, ASTM-D696) and soft-

ening temperature, respectively, for neat PA6, UMB2-

SU and UMB2-NC PNCs. Samples with dimensions

of 5×5×3 mm were cut from the standard Izod bars

and heated at a rate of 5 °C/min to 180°C. Constant

loads of 0.05 and 0.3 N were applied during the TMA

analysis, when compression and penetration testing

modes have been respectively employed. The reported

results reflect an average of three measurements.

The magnetic properties of neat PA6, UMB2-SU and

UMB2-NC PNCs were measured at room-tempera-

ture using a vibrating sample magnetometer (7410-S

VSM, Lake Shore Cryotronics Inc, Ohio, USA),

with an applied field –25 kG≤H≤25 kG. The mag-

netic properties of the composite sample with the

best room-temperature soft magnetic performance

were also characterized as a function of temperature

up to 150°C. For magnetization measurements, thin

sheets with dimensions of 10 mm×5 mm×0.5 mm

were cut from the central region of the Izod bars and

tested along their longitudinal direction.

Morphology of the composites was investigated by

scanning electron microscopy (SEM) of the impact

fracture surfaces, using a JEOL JSM 6360 LV SEM

(JEOL Ltd., Tokyo, Japan) operating at accelerating

voltage of 20 kV. The samples were gold coated to

avoid charging.

Melting and crystallization behaviors of neat PA6

and PA6 phase in the PNCs were studied using mod-

ulated differential scanning calorimeter (MDSC

Q200, TA instruments, Delaware, USA). The degree

of crystallinity, melting and crystallization tempera-

tures were determined. Slices had a net weight of

about 8 mg were cut from the standard Izod bars.

The sliced samples were heated from ambient tem-

perature to 270°C, held at this temperature for 3 min

to erase the thermal history and then cooled to 25°C.

All MDSC runs were conducted under nitrogen at-

mosphere with heating/cooling rates of 5 °C/min.

The degree of crystallinity, XC, was calculated from
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Table 1. Nanocomposite samples’ codes

Sample Code

Control PA6 UMB0

2 wt% spherical-sea urchine Fe20Ni80/PA6 PNC UMB2-SU

2 wt% necklace-like chains  Fe20Ni80/PA6 PNC UMB2-NC



the enthalpy evolved during melting based on the

heating scans, using Equation (1):

(1)

where ∆Hm is the apparent heat of fusion of the sam-

ple, ∆H0
m is the heat of fusion of the 100% crystalline

pure PA6, which is 190 J/g, and Φ is weight fraction

of nc Fe20Ni80 in the PNCs [23, 24].

X-ray diffraction (XRD) was employed to determine

the relative fraction of α and γ crystalline phases in

neat PA6 and PA6 phase within the PNCs. This is

important in interpreting the thermomechanical per-

formance of Nylon compounds, because α-phase is

much stronger and less ductile than the γ-phase [25,

26]. The average crystallite sizes of nc Fe20Ni80 al-

loys within the UMB2-SU and UMB2-NC PNCs

were also determined, in order to understand the in-

fluence of thermal processing on the alloy nanocrys-

talline structure. XRD patterns were obtained using

X’Pert PRO Alfa-1 diffractometer (PANalytical,

Almelo, The Netherlands) in reflection mode (45 kV,

40 mA; Cu Kα + Ni-filtered radiation, λ = 0.154 nm).

The analysis was performed on the Izod specimens,

at ambient temperature with a 2θ range between 8

and 80°, at a scanning rate of about 4°/min and a

scanning step of 0.016°. Diffraction peaks assigned

to PA6 were de-convolved to peaks corresponding

to amorphous phase and crystalline phase, which is

composed of α and γ crystal forms, using xPert Pro

software. The percentage of γ-phase with respect to

the total crystalline PA6 phase was calculated by

Equation (2):

(2)

where Aα is the area under α diffraction peaks and

Aγ is the area under γ diffraction peaks [27].

3. Results and discussion

3.1. Thermomechanical behavior of

Fe20Ni80/PA6 PNCs

Figure 1 presents the coefficient of thermal expan-

sion (CTE) of neat PA6, UMB2-SU and UMB2-NC

PNCs at different temperature intervals. It is obvious

that UMB2-SU and UMB2-NC PNCs possess con-

siderably lower CTE values than that of neat PA6,

through the temperature interval of 25–50°C that is

below the Tg of PA6 (~50–60°C) [28]. This indicates

that the interfacial interactions between nc-Fe20Ni80

alloy of either SU or NC geometry and glassy PA6

phase are strong enough to modify the polymer

chains dynamics and lead to significantly improved

bulk thermal dimensional stability of PNCs relative

to that of neat PA6. It is notable that the improvement

in thermal dimensional stability is much more pro-

nounced for the case of alloy particles with the SU

geometry rather than the NC one as the CTE of

UMB2-SU PNC is 43% lower while that of UMB2-

NC PNC is only 18% lower, compared to that of neat

PA6.

For temperature intervals above the Tg of PA6 and

up to 150°C, although PA6 becomes in the rubbery

state, UMB2-SU PNC still exhibits better thermal

dimensional stability relative to neat PA6. The CTE

UMB2-SU PNC at higher temperatures i.e., 100–125

and 125–150°C range, is almost the same as that of

neat PA6 at lower temperatures i.e., 75–100°C range,

indicating that more energy is required to activate

the segmental motion of polymer chains in the pres-

ence of SU nc Fe20Ni80 particles. However, the en-

hancement of PA6 thermal dimensional stability by

SU nc Fe20Ni80 particles when the polymer is in the

rubbery state is decreased to around half that when

it is in the glassy state. This is expected and can be

attributed to the increased mobility of polymer mol-

ecules in the rubbery state. Such phenomenon coun-

teracts the reinforcing effect of SU nc Fe20Ni80 par-

ticles which restricts the PA6 chains mobility, leading

to less net improvement in the nanocomposite ther-

mal dimensional stability. On the other hand, the en-
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Figure 1. Coefficient of thermal expansion of neat PA6,

UMB2-SU and UMB2-NC PNCs at different tem-

perature intervals



hancement of PA6 thermal dimensional stability by

NC nc Fe20Ni80 particles is highly deteriorated beyond

PA6 Tg. Thus, UMB2-NC PNC exhibits slightly im-

proved thermal dimensional stability relative to neat

PA6 within temperature range 50–150 °C. The re-

markable thermal dimensional stability of UMB2-SU

PNC over neat PA6 and UMB2-NC PNC, in both

glassy and rubbery states of PA6, implies stronger

filler-matrix interfacial interactions within the

Fe20Ni80/PA6 PNC when alloy particles assume the

SU geometry rather than the NC one.

In penetration test, a fixed load of 0.3 N was applied

on the sample by a needle and the variation of needle

level with increased temperature from ambient to

180°C was recorded. The plots, demonstrating nee-

dle level versus temperature, for PA6, UMB2-SU and

UMB2-NC PNCs are displayed in Figure 2. For all

the samples, the needle level increases initially with

increased temperature until a certain temperature be-

yond which decreases dramatically. This is due to

thermal expansion of samples with heating up until

could be penetrated by the needle at a certain tem-

perature that expresses the material softening tem-

perature (TS). Beyond TS the penetration depth with-

in sample is increased as the temperature is getting

higher due to further material softening. It is clearly

obvious that UMB2-SU and UMB2-NC PNCs have

significantly higher TS than neat PA6 and UMB2-SU

PNC shows synergistic softening temperature as com-

pared to UMB2-NC one. Thus, the TS of UMB2-SU

and UMB2-NC PNCs are higher by 113 and 63% re-

spectively relative to that of neat PA6. Higher TS is

in good agreement with lower CTE of Fe20Ni80/PA6

PNCs compared to neat PA6, confirming pinning of

polymer chains by nc Fe20Ni80 particles of either SU

or NC morphology leading to restricted molecular

segmental motions within nanocomposites under ther-

momechanical stresses. Further, the highly synergis-

tic TS agrees well with the significantly suppressed

CTE of UMB2-SU PNC as compared to those of

UMB2-NC one, indicating remarkable rigidity of

UMB2-SU PNC against thermomechanical stresses

rather than UMB2-NC PNC does.

3.2. Microstructure of Fe20Ni80/PA6 PNCs

3.2.1. Morphology

SEM micrographs of SU and NC nc Fe20Ni80 parti-

cles and their corresponding nanocomposites are pre-

sented in Figure 3. SU nc Fe20Ni80 alloy, Figures 3a–b,

exhibits spherical morphology with average particle

diameter of about 230 nm. In addition, many sea

urchin-like particles are also observed. Such sea

urchin-like architecture is composed of several den-

drites with average diameter of about 122 nm, grow-

ing out from the surface of the spherical core, as clear-

ly seen in the high magnification image (Figure 3b).

On the other hand, necklace-like chains with average

diameter of about 225 nm dominate the architecture

of NC nc Fe20Ni80 alloy, as shown in Figures 3c–d.

Unlike the spherical-sea urchin like particles, the

necklace-like chains appear quite smooth and little

bit branched, few dendritic branches can be hardly

seen at high magnification (Figure 3d). At this point

the architecture of SU nc Fe20Ni80 alloy can be con-

sidered quasi-isotropic while that of NC nc Fe20Ni80

alloy is anisotropic.

Regarding UMB2-SU PNC, Figure 3e illustrates good

distribution of submicron aspheric nc Fe20Ni80 par-

ticles within PA6 matrix. In the high magnification

SEM image, Figure 3f, spherical and sea-urchin alloy

particles, denoted by black and white arrows respec-

tively, can be clearly distinguished within PA6 ma-

trix. The good distribution of SU nc Fe20Ni80 parti-

cles within PA6 matrix along with the highly branched

nature of sea-urchin particles allow large filler-ma-

trix interface and therefore extensive interfacial inter-

actions between the two phases, leading to efficient

reinforcement of PA6 phase by SU alloy particles.

Magnified view of the area within the white square

shows constrained polymer regions, with a width in

the order of tens nanometer, in between dendrites of

alloy sea urchin particles. Often, confinement effect
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Figure 2. Thermomechanical penetration behavior of neat

PA6, UMB2-SU and UMB2-NC PNCs
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Figure 3. SEM micrographs of (a–b) SU nc Fe20Ni80 alloy, (c–d) NC nc Fe20Ni80 alloy, (e–f) UMB2-SU PNC and

(g–i) UMB2-NC PNC



of SU nc Fe20Ni80 particles on the polymer chains in

these narrow constraint regions is much more pro-

nounced than on those in the free volume of UMB2-

SU PNC. Therefore, such constrained polymer re-

gions are characterized by dramatically restricted

chains mobility rather than polymer segments in the

free volume of UMB2-SU PNC. Thus, their abun-

dance within UMB2-SU PNC can enable a second-

ary reinforcing mechanism which in addition to the

primary reinforcing effect of SU nc Fe20Ni80 particles

significantly contributes to the macroscopic proper-

ties of the nanocomposite, leading to the dramatical-

ly enhanced thermomechanical rigidity of UMB2-

SU PNC as compared to that of neat PA6.

SEM micrographs of UMB2-NC PNC, Figures 3g–i,

at various regions of the specimen reveal the pres-

ence of three different forms of NC nc Fe20Ni80 par-

ticles within PA6 matrix. Thus, NC nc Fe20Ni80 par-

ticles appear either as short dispersed rods, agglom-

eration of short rods or long dispersed rods within

PA6 matrix, as seen in Figures 3g, h and i respective-

ly. Obviously, the short rods, with a length of hun-

dreds nanometers, are considerably shorter than the

nc Fe20Ni80 necklace-like chains, which are few mi-

crons in length as depicted in Figures 3c–d. On the

other hand, the long rods are almost comparable in

length to the nc Fe20Ni80 necklace-like chains. This

reveals the breaking up of some alloy necklace

chains while preparing UMB2-NC PNC, due to the

intensive mixing forces applied during the UMB com-

pounding process. Such intensive mixing forces,

however, could not homogeneously disperse the nc

Fe20Ni80 short rods, originated from breakage of

alloy necklace chains, as SU nc Fe20Ni80 particles,

leading to some extent of nc Fe20Ni80 agglomeration

within UMB2-NC PNC. The worse dispersibility of

NC nc Fe20Ni80 particles compared to SU nc Fe20Ni80

particles can be attributed to the substantial increase

of the alloy permanent magnetic moment as the de-

gree of particle anisotropy increases. It has been noted

that the remanent magnetization value at zero mag-

netic field (Mr) for the NC nc Fe20Ni80 alloy is

12.3 emu/g as compared to 8.5 emu/g for the SU nc

Fe20Ni80 alloy [22]. The crucial role of the magnetic

nanofiller’s geometry in controlling its particles’ dis-

persion and distribution within PNCs due to chang-

ing their magnetic characteristics, can be considered

among the most important new findings of this study.

It is possible that few filler agglomerates within

UMB2-NC PNC reduce the available interface and

therefore the interfacial interactions between NC nc

Fe20Ni80 particles and PA6 matrix, limiting thus the

reinforcing effect of alloy particles on polymer chains.

Further, short and long dispersed rods of NC nc

Fe20Ni80 alloy within UMB2-NC PNC appear un-

branched, as shown in the inset in Figure 3i, which

clearly indicates that the rod surface is entirely

smooth and unbranched. This results in absence of

constrained polymer regions in between alloy seg-

ments which, in turn, eliminates the secondary rein-

forcing effect within UMB2-NC PNC. The limited

reinforcing effect of NC alloy particles as compared

to SU alloy particles on PA6 chains along with the

absence of the secondary reinforcing effect within

UMB2-NC PNC, are mainly responsible for the worse

thermomechanical rigidity of UMB2-NC PNC as

compared to the UMB2-SU one.

3.2.2. Crystalline structure

The degree of crystallinity (XC), melting (Tm) and crys-

tallization temperatures (Tc) of neat PA6 and PA6

phase within the nanocomposites have been charac-

terized, using DSC melting and crystallization ther-

mograms. The results, which reflect an average of

three measurements, are listed in Table 2. It is noted

that the Tm of PA6, dictated by the lamellar thickness

of crystals, is insensitive to the presence of nc Fe20Ni80

alloy of either SU or NC particle geometry within

polymer matrix. Unlike Tm, clearly the PA6 degrees

of crystallinity in UMB2-SU and UMB2-NC PNCs

are higher than that of neat PA6. Also, the PNCs ex-

hibit slightly higher Tc of PA6 phase, as compared

to neat PA6. This can be because the nc Fe20Ni80 par-

ticles act as effective nucleating centers, allowing

thus the PA6 crystallization to start earlier and in-

ducing the rate of crystallization leading eventually

to increased degree of crystallinity. Figure 4 further

supports such hypothesis, as the observed sub-Tm

exotherm in the displayed DSC heating scans is more
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Table 2. DSC data for neat PA6, UMB2-SU and UMB2-NC

PNCs

Sample
XC

[%]

Tm

[°C]

Tc

[°C]

UMB0 32.3±0.4 222.7±1.2 198.3±0.10

UMB2-SU 37.5±0.9 222.3±0.5 198.9±0.30

UMB2-NC 36.4±0.4 221.7±1.0 199.1±0.07



pronounced for UMB2-SU and UMB2-NC PNCs as

compared to neat PA6. The enhancement of the sub-

Tm exotherm, which is attributed to the recrystal-

lization of PA6 chains prior to melting, upon addition

of nc Fe20Ni80 alloy to PA6 confirms the nucleating

action of alloy particles within both PNCs. Although

the alloy surface available for nucleation of polymer

chains is significantly larger within UMB2-SU PNC

than in UMB2-NC one, as evidenced from the SEM

micrographs, crystallization of PA6 phase has not

been further induced within UMB2-SU PNC; values

of the area under the sub-Tm exotherm, Tc and XC for

the PA6 phase are almost comparable within both

PNCs. Most probably, this is due to the increased re-

striction of PA6 chain mobility which, in turn, in-

creasingly hinders the crystallization of PA6 mole-

cules within UMB2-SU PNC as compared to the

UMB2-NC one.

It is worth mentioning that the increased degree of

crystallinity of PA6 phase in both PNCs is a possible

reinforcing mechanism that contributes to the signif-

icantly enhanced thermomechanical rigidity of such

nanocomposites as compared to neat PA6. However,

the parameter doesn’t contribute to the considerably

improved thermomechanical rigidity of UMB2-SU

PNC over UMB2-NC one, as both nanocomposites

possess a comparable PA6 degree of crystallinity.

XRD patterns for neat PA6 and the nanocomposites

are presented in Figure 5. The peaks around 2θ ≈ 20

and 23° are assigned to α1 and α2 crystal planes of

PA6, respectively while those around 2θ ≈ 10 and

21° are assigned to γ1 and γ2 crystal planes of PA6,

respectively [24, 29]. The observed peaks at 2θ =

44.4, 51.6, 76.2° in the XRD patterns of UMB2-SU

and UMB2-NC PNCs, are corresponding to the

(111), (200) and (220) crystal planes of FCC-

Awaruite FeNi3, respectively [22].

It is noticed that the nanocomposites exhibit in-

creased relative fraction of γ-form to α-form PA6

crystals, as compared to neat PA6. Thus, the percent-

age of γ-form crystals with respect to the total crys-

talline PA6 phase measures 20, 26 and 41% for neat

PA6, UMB2-SU and UMB2-NC PNCs, respectively.

This indicates that the less ordered γ PA6 crystalline

phase is favored in the presence of nc Fe20Ni80 par-

ticles, in particular, when alloy particles assume the

NC geometry. This is probably because the nc Fe20Ni80

particles disturb the PA6 crystals while being formed

during the crystallization process. Higher degree of

alloy particles agglomeration within the UMB2-NC

PNC as compared to the UMB2-SU one, may be re-

sponsible for the significantly increased PA6 γ-phase

[%] within the former nanocomposite than in the lat-

ter one. This is because as the alloy particles are get-

ting larger in size, they further disturb the PA6 crys-

talline order, leading to the profusion of less ordered

PA6 γ-phase crystals in the nanocomposite. The sig-

nificantly higher PA6 γ-phase [%] within UMB2-NC

PNC than in UMB2-SU one, might be one reason

for the smaller thermomechanical rigidity of the for-

mer nanocomposite as compared to the latter one.

The average crystallite sizes of nc Fe20Ni80 alloys

within the UMB2-SU and UMB2-NC PNCs, calcu-

lated based on the full width at half maximum of the

(111) peak using the Scherrer formula [30], are 27

and 43 nm, respectively. They are significantly larger
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Figure 4. MDSC heating traces of neat PA6, UMB2-SU and

UMB2-NC PNCs

Figure 5. XRD patterns of neat PA6, UMB2-SU and UMB2-

NC PNCs



than the crystallite sizes of the corresponding as syn-

thesized nc Fe20Ni80 alloys; which are 16 and 20 nm

for the alloy particles with SU and NC geometries, re-

spectively [22]. This indicates some extent of alloy

crystal growth during the thermal processing of PNCs,

but eventually the nanocrystalline nature of Fe20Ni80

alloy is still preserved within both nanocomposites.

The significantly lower nanocrystallite size of SU nc

Fe20Ni80 alloy versus NC nc Fe20Ni80 alloy, reveals

remarkable thermomechanical rigidity and soft mag-

netic properties of the alloy within the UMB2-SU

PNC as compared to the UMB2-NC one. This con-

tributes to the considerably improved overall per-

formance of UMB2-SU PNC over UMB2-NC one.

3.3. Magnetic properties of Fe20Ni80/PA6 PNCs

Figure 6 shows the room-temperature magnetic hys-

teresis loops, representing the magnetization (M)

versus magnetic field (H), for neat PA6, UMB2-SU

and UMB2-NC PNCs. Neat PA6 exhibits a weak dia-

magnetic response to the applied magnetic field; the

up-right inset in Figure 6 indicates a very low mag-

netization of 0.01 emu/g for neat PA6 at the maxi-

mum applied magnetic field (≈25 kG). Thus, it can be

considered a nonmagnetic material. Impressively,

UMB2-SU and UMB2-NC PNCs exhibit a ferromag-

netic behavior with dramatically higher saturation

magnetization (Ms) than the maximum magnetiza-

tion of neat PA6; Ms equals 0.43 emu/g for UMB2-

SU PNC and 0.54 emu/g for UMB2-NC one. It is

found elsewhere that PNCs filled with other pristine

(not functionalized or surface modified) ferromag-

netic nanocrystalline metallic materials such as

Fe3O4 [31], Fe2O3 [32], Ni-Zn ferrite [33], and Ba-

ferrite [34] exhibit Ms of about 0.5 emu/g at 5–9 wt%

filler content. Herein, Fe20Ni80/PA6 PNCs (UMB2-

SU and UMB2-NC PNCs) can attain such Ms value

at significantly lower filler content, indicating that nc

Fe20Ni80 alloy based PNCs can be of great potential

in the electromagnetic applications.

Important magnetic parameters including initial

magnetic susceptibility (χini), saturation magnetiza-

tion (Ms), saturation field (Hs), remanent magnetiza-

tion (Mr), squareness (Mr/Ms) and coercivity (Hc), have

been extracted from the M-H initial curves and hys-

teresis loops of the UMB2-SU and UMB2-NC PNCs,

using IDEAS-VSM4 software. The data are summa-

rized in Table 3. The corresponding magnetic param-

eters of the as synthesized SU and NC nc Fe20Ni80

alloys, reported in Mohamed’s previous work [22],

are also listed in Table 3. χini is equal to (dM/dH)H→0;

it is determined from the initial magnetization curve.

Ms is the magnetization value to (1/H) = 0, Hs is the

magnetization field when dM/dH→0, Mr is the re-

manent material magnetization value at zero field,

Mr/Ms is a measure of how square the hysteresis loop

is and Hc is the field strength required to bring the

material back to zero magnetization. As shown the

SU nc Fe20Ni80 alloy possesses slightly higher χini

and Ms and lower Hs by 6, 3 and 3% respectively, as

compared to the NC nc Fe20Ni80 alloy. On the other

hand, Mr, Mr/Ms and Hc of the SU nc Fe20Ni80 alloy

are significantly smaller than those of the NC nc

Fe20Ni80 alloy by 45, 48 and 26% respectively. High-

er χini implies greater permeability of alloy particles

to the magnetic moment when assuming quasi-iso -
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Figure 6. Room temperature magnetic hysteresis loops of

neat PA6, UMB2-SU and UMB2-NC PNCs

Table 3. Room-temperature magnetic properties of nc Fe20Ni80 alloys of SU and NC geometries and their PA6 based

nanocomposites

Sample
χini

[emu/g/G]

Ms

[emu/g]

Hs

[G]

Mr

[emu/g]
Mr/Ms

Hc

[G]

SU-Fe20Ni80 0.146 78.820 14848 8.500 0.108 85.760

UMB2-SU 0.76·10–3 0.433 6233 0.066 0.153 92.584

NC-Fe20Ni80 0.138 76.650 15290 12.300 0.160 108.330

UMB2-NC 0.63·10–3 0.544 7500 0.123 0.227 197.980



tropic architecture (SU geometry) rather than aniso -

tropic one (NC geometry). Therefore the SU nc

Fe20Ni80 alloy exhibits easier magnetization/demag-

netization behavior, evidenced by higher χini and Ms

along with lower Hs, Mr, Mr/Ms and Hc, i.e. improved

soft magnetic character than the NC nc Fe20Ni80

alloy does.

Considering the effect of alloy crystallite size be-

sides the predominant effect of alloy geometrical ar-

chitecture on the magnetic properties, interprets why

Ms is slightly decreased but Mr and Hc are significant-

ly increased as transfer from SU to NC nc Fe20Ni80

alloy. It is known that the Ms of ferromagnetic nano -

crystalline metallic materials is suppressed with de-

creased crystallite size due to the enhanced surface

spin disorder which conflicts with the magnetic mo-

ment induced by the external applied magnetic field.

On the other hand, Mr and Hc are reduced with the

decreased crystallite size because the crystal mag-

netic behavior is getting toward the single-domain

behavior. Such single-domain behavior, character-

ized by Mr and Hc tend to zero, dominates at crystallite

size lower than the critical size (dc). The estimated dc

is about 20–30 nm for ferromagnetic nanocrystalline

metallic materials [35]. Thus, the little increase of

crystallite size from 16 nm in the SU nc Fe20Ni80

alloy to 20 nm in the NC nc Fe20Ni80 alloy, has re-

sulted in a small increase in the alloy Ms. This coun-

teracted the main decrease in Ms due to the increased

anisotropy of alloy architecture. Consequently, a

slight net decrease in the Ms value is observed for the

NC nc Fe20Ni80 alloy. On contrary, both factors i.e.,

increased anisotropy of alloy architecture and alloy

crystallite size, enhance the Mr and Hc values. Ac-

cordingly, NC nc Fe20Ni80 alloy possesses consider-

ably higher Mr and Hc than SU nc Fe20Ni80 alloy.

Regarding the polymer nanocomposites, χini of

UMB2-SU PNC is higher than that of UMB2-NC

PNC by 20%, indicating that the UMB2-SU PNC is

significantly more permeable to the magnetic mo-

ment than the UMB2-NC one. Therefore, the magne-

tization/demagnetization of UMB2-SU PNC is con-

siderably facile, as compared to that of UMB2-NC

PNC. This is confirmed as Hs of the UMB2-SU PNC

is 20% smaller than that of the UMB2-NC one. More-

over, the UMB2-SU PNC possesses almost one-half

Mr and Hc and two-third Mr/Ms, compared to the

UMB2-NC one. Thus, UMB2-SU PNC with a coer-

civity less than 95 G can be considered a magneti-

cally soft material [36], whereas UMB2-NC PNC

with a coercivity of about twice that limit is a hard

magnetic material.

Lower Ms of UMB2-SU PNC than that of UMB2-NC

PNC by about 20%, doesn’t mean difficult magneti-

zation of the former PNC as compared to the latter

one. This is because the behavior of other magnetic

properties, χini, Hs, Mr, Mr/Ms and Hc, contradicts such

hypothesis. The magnetic performances of the

Fe20Ni80/ PA6 PNCs are determined by, in addition

to the magnetic properties of the corresponding as

synthesized alloys, other three factors: (a) filler-ma-

trix interfacial interactions, (b) presence of narrow

constrained polymer regions in between branches of

the sea urchin alloy particles within the UMB2-SU

PNC and (c) different crystallite sizes of the nc

Fe20Ni80 alloys within PNCs as compared to the as

synthesized ones. The constrained polymer regions

in between alloy segments are often largely influ-

enced by the alloy characteristics rather than poly-

mer segments in the free volume and therefore can

enable a secondary soft magnetic effect within the

UMB2-SU PNC. Thus, the extensive interfacial in-

teractions between PA6 matrix and SU alloy parti-

cles rather than NC ones and the secondary soft mag-

netic effect present in the UMB2-SU PNC, have

made the PA6 matrix within the UMB2-SU PNC less

resistive to the magnetic moment than that within the

UMB2-NC PNC. Consequently, this lead to consid-

erably easier magnetization/demagnetization of

UMB2-SU PNC. The increased gap between crystal-

lite sizes of SU nc Fe20Ni80 alloy (27 nm) and NC nc

Fe20Ni80 alloy (43 nm) within PNCs, as compared to

the case for the as synthesized alloys, has resulted in

two effects. First, it has caused the Mr and Hc of SU

alloy to be lower than those of NC alloy within PNCs,

by significantly more percentages than those record-

ed for the as synthesized alloys. This has subsequent-

ly contributed to the large gap between the Mr and Hc

of UMB2-SU PNC and those of UMB2-NC one.

Second, it might cause the Ms to invert its trend i.e.

Ms of SU alloy becomes lower than that of NC alloy

and this may be the reason for the lower Ms of the

UMB2-SU PNC than that of the UMB2-NC one.

The UMB2-SU PNC is regarded a better suit for the

electromagnetic devices requiring good soft magnet-

ic properties, where the nc Fe20Ni80 alloy has been
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extensively exploited, due to its distinctive morpho-

logical features, remarkable thermomechanical rigid-

ity and room-temperature soft magnetic character.

Accordingly, the temperature-dependent magnetic

behavior has been only investigated for the UMB2-

SU PNC, in order to explore its thermal soft mag-

netic stability.

Figure 7 displays the M-H hysteresis loop of UMB2-

SU PNC as a function of temperature up to 150°C.

The corresponding magnetic parameters are listed in

Table 4. It is noted that all the magnetic parameters

including χini, Ms, Mr and Hc are reduced; indicating

suppressed ferromagnetic nature of the nanocompos-

ite, with the increased temperature. This is due to the

greater thermal activation energy of spins at higher

temperature [37]. Interestingly, χini and Ms at 100°C

are little lower than those at room temperature by 9

and 16% respectively. This reveals that the ferromag-

netic performance of the UMB2-SU PNC is still rel-

atively good at such high temperature, i.e. good ther-

mal soft magnetic stability of the nanocomposite.

4. Conclusions

Results of the study reveal a major role of the nc

Fe20Ni80 alloy geometry in controlling the bulk prop-

erties of the 2 wt% Fe20Ni80/PA6 PNC. The UMB2-

SU PNC, filled with alloy particles of SU geometry,

exhibits remarkable thermomechanical rigidity and

room-temperature soft magnetic properties, relative

to neat PA6 and to the UMB2-NC PNC, which is

filled with alloy particles of NC geometry. Variant

nanocomposites’ overall performances can be due to

the distinctive microstructural differences between

them, evidenced from the SEM and XRD analyses.

Morphological observations disclose good disper-

sion and distribution of SU nc Fe20Ni80 particles with-

in the UMB2-SU PNC while some agglomerates of

NC nc Fe20Ni80 short rods are present in the UMB2-

NC PNC. The crucial role of the magnetic nano -

filler’s geometry in controlling its particles’ disper-

sion and distribution within PNCs is first recognized

in this study and attributed to changes in the filler

magnetic properties. Thus, improved filler-matrix in-

terfacial interactions dominate the UMB2-SU PNC

as compared to the UMB2-NC one. Additionally, the

SEM images reveal the presence of narrow constraint

polymer regions in between branches of the sea urchin

alloy particles within the UMB2-SU PNC. Whereas

such phenomenon is absent in the UMB2-NC PNC

because NC alloy particles are unbranched. These

constrained polymer regions enable secondary rein-

forcing and soft magnetic effects within the UMB2-

SU PNC. Thus, the extensive filler-matrix interfacial

interactions and the significantly lower alloy crys-

tallite size within the UMB2-SU PNC as compared

to the UMB2-NC one, along with the secondary re-

inforcing and soft magnetic effects present in the

UMB2-SU PNC are the main factors responsible for

the superior overall performance of UMB2-SU PNC.

The considerably lower PA6 γ-crystal type [%] with-

in the UMB2-SU PNC than in the UMB2-NC one,

contributes also to the improved thermomechanical

rigidity of the UMB2-SU PNC. The PA6 degree of

crystallinity, however, is comparable in both nano -

composites and therefore doesn’t contribute to their

variant thermomechanical rigidities. On the other

hand, the temperature-dependent magnetic behavior

of the UMB2-SU PNC indicates that its ferromag-

netic performance is quite good up to 100°C. Over-

all, the good thermomechanical rigidity and thermal

soft magnetic stability of UMB2-SU PNC infer that

the material can sustain the thermal stresses present

in the electromagnetic applications. Accordingly, the

Fe20Ni80/PA6 PNCs based on nc Fe20Ni80 alloy of SU
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Figure 7. Magnetic hysteresis loop of UMB2-SU PNC as a

function of temperature

Table 4. Magnetic properties of UMB2-SU PNC at different

temperatures

Temperature

[°C]

χini

[emu/g/G]

Ms

[emu/g]

Mr

[emu/g]

Hs

[G]

25 0.76·10–3 0.433 0.066 92.584

50 0.76·10–3 0.404 0.064 87.615

100 0.69·10–3 0.363 0.051 75.145

150 0.63·10–3 0.305 0.042 66.630



particle geometry can lead to new promising struc-

tural material for electromagnetic applications.
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1. Introduction

The most important polymers in bioplastic engineer-
ing are aliphatic polyesters such as polylactic acid
(PLA) [1]. Blending of PLA with other polymers such
as polypropylene, natural rubbers, polyglycols (PEG),
polyvinyl acetate, polyolefins, polymethyl methacry-
late, and polycarbonate is an useful route towards
modifying properties [2]. In addition, oligomers/poly-
mers from lignocellulosic resources have been used
as additives in order to reduce cost [3–5]. In fact, many

advantages are recognized in binary and ternary
blends regarding well dispersion into the PLA-ma-
trix, and the nucleating effect of certain biopolymers
which induced dramatic changes on mechanical prop-
erties [6].
Moreover, lignin and condensed tannin (poly-
flavonoids) have been successfully blended with PLA
[7]. However, there are few reports which describe the
effect of polyflavonoids on the PLA physicochemi-
cal properties. Polyphenols properties such as an-
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tioxidant capacity, strong UV-absorption, and remark-
able biological activity (antibacterial/antifungal) en-
ables utilizing polyflavonoids as functional building-
blocks for PLA-based composites. Such selected
properties might be considered in order to design
functional materials based on key polyphenols prop-
erties such as O2-active barrier for food packaging,
UV-filter for selected outdoor applications, antimi-
crobial surfaces for food industry, as well as function-
al films and plastic devices for agriculture.
On the other hand, polyflavonoids are highly abun-
dant in bark that is expected to play an important role
in bioplastics engineering, and thermosetting sys-
tems [8, 9]. However, limited solubility in organic sol-
vents and molten thermoplastics, and low thermal
resistance of polyflavonoids are well-known draw-
backs for polymer formulation, that is why chemical
modification with alkylene oxides enabling less
polar derivatives highly desirable for biomaterial de-
sign [10]. Hydroxypropyl polyflavonoids (HPT, Fig-
ure 1) from pine bark is easily synthesized at room
temperature with propylene oxide, and the versatility
as macro building-blocks has been demonstrated in
several chemistries [11].
This work reports the preparation and characteriza-
tion of several PLA-based blends using bark poly -
flavonoids (with and without chemical modification)
as the main functional additive. Rheological, morpho-
logical, molecular, thermal, and flexural analyses were
performed. The new types of PLA-based coloured ma-
terials are expected to play an important role beyond
the traditional food-packaging applications of PLA.

2. Materials and methods

2.1. Chemicals

2.1.1. Polylactic acid (PLA)

Partially crystalline PLA (Polylactic acid) of Nature-
works Ingeo™ Biopolymer 3251 grade supplied by
NatureWorks® Co. LLC, USA, was the thermoplas-
tic used in this study: average Mw 90000–150000 Dal-
ton, polydispersity (D) 1.6, melting tempetarure (Tm)
170°C, glass transition temperature (Tg) 61°C, and
L-lactide content of 98%.

2.1.2. Polyflavonoid

Non-water soluble radiata pine bark polyflavonoids
(PRI) extracted with methanol/water solution (1:20,
w/v) at 120 ºC was used [12]. Briefly, PRI are repre-
sented by a broad mixture of polyphenols (D: 1.5–
2.8) mostly 4→8 linked [13, 14].

2.1.3. Hydroxypropyl polyflavonoid (PRI-3)

PRI-3 was synthesized by open-ring reaction (SN2)
using propylene oxide (PO) in alkali media (pH: 12)
at room temperature (20–22°C) as described by Gar-
cía et al. [8]. The parameters of the derivatization
were described in detail elsewhere [9].
Briefly, PRI (100 g, ca. 80 mmol) was dissolved in
500 mL aq. 2molL-1 NaOH, adjusted to pH 12 and
stoichiometric PO-charge added. The reaction was
carried out for 24 h with stirring. Before that, HCl
(40% v/v) was added to adjust the pH to 2, producing
a precipitate that was centrifuged. The supernatant
was collected by decantation and the precipitate was
washed five times with distilled water and freeze-
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Figure 1. Chemical structure of hydroxypropyl polyflavonoid (C15 unit fully modified by hydroxypropylation)



dried. Reaction yields ranged from 82–90 wt% and
the substitution degree (DS) was determined by
1H-NMR (DS: 3.0±0.2).

2.1.4. Plasticizer

CARBOWAX™ (polyethylene glycol-Mw 400 g·mol–1)
supplied by Dow Chemical Company (Chile) was
used as a conventional plasticizer. Technical specifi-
cations are described as follow: density: 1.13 g·cm–3,
viscosity (100°C): 7.3 mPa·s, average number of re-
peating oxyethylene units (n): 8.7.

2.2. Blends formulation

Blends based on PLA were prepared at 170 °C for
15 min in a torque rheometer (Brabender 50 EHT,
Germany). Binary blends were prepared in order to
understand the effect of components on physicochem-
ical properties (Table 1). Ternary blends were formu-
lated with modified and unmodified polyflavonoids
(10, 20, 30 wt%), as well as PEG.

2.3. Preparation of the blends

Solid components (PLA, PRI, and PRI-3) were pre-
treated by oven-drying at 60°C for 72 h to eliminate
possible absorbed water on the surface of the parti-
cles. In a specific order components were added in a
rheometer. PLA and polyflavonoids were mixed for
2 min in a mixer (mini SWJB Lab mixing equip-
ment, China), and loaded into the chamber (time mix-
ing, tmix: 0). In ternary blends, PEG was loaded after

the PLA-melting (tmix: 1.5 min). Three blends of each
formulation were prepared.

2.3.1. Cold-blend processing

Blends were ground in an electric mill (IKA, Basic
MF10, China) and 30 g charges were compression
moulded on a LabTech LP20-B press (T: 175°C, t:
5 min, p: 32 bar). Laminates of 100 mm2 (thickness:
1.5 mm) were used for the flexural, and microscopy
testing.

2.4. Physicochemical properties

2.4.1. Rheology

Rheology measurements were carried out in a torque
rheometer with roller blades. The rotor speed was
50 rpm, and the free volume of the chamber was 20%
of the total volume.

2.4.2. Confocal microscopy (particle size

distribution)

Particle morphology of the blends was assessed by
confocal fluorescence microscopy.
The fluorescense emission pattern of polyflavonoids
(powder), and blends (laminate) were assessed by a
systematic analysis. Dry samples were irradiated
(Laser I: λ405 nm, Laser II: λ488nm, and Laser III: λ561 nm),
and fluorescence emission recovered. A Zeiss LSM
780 confocal microscope with several diode laser and
a Coherent Chameleon laser (Ti:sapphire) for one-
photon, was used in the experiments. Samples were
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Table 1. Composition of PLA-based blends prepared at 170°C

PLA: poly-lactic acid, PRI: unmodified radiada pine polyflavonoid, PRI-3: hydroxypropyl radiata pine polyflavonoid (DS: 3), PEG: poly-
ethylene glycol

Blend

Component

[wt%] Code

PLA PRI PRI-3 PEG

PLA/PRI

80 20 0 0 PLA80/PRI20

70 30 0 0 PLA70/PRI30

60 40 0 0 PLA60/PRI40

PLA/PRI-3

80 0 20 0 PLA80/PRI-320

70 0 30 0 PLA70/PRI-330

60 0 40 0 PLA60/PRI-340

PLA/PEG

80 0 0 20 PLA80/PEG20

70 0 0 30 PLA70/PEG30

60 0 0 40 PLA60/PEG40

PLA/PRI/PEG

60 10 0 30 PLA60/PRI10/PEG30

60 20 0 20 PLA60/PRI20/PEG20

60 30 0 10 PLA60/PRI30/PEG10

PLA/PRI-3/PEG

60 0 10 30 PLA60/PRI-310/PEG30

60 0 20 20 PLA60/PRI-320/PEG20

60 0 30 10 PLA60/PRI-330/PEG10



observed with a C-Apochromat objective lens (63×,
numerical aperture 1.2) in the opposite side of the
cover slip. The images were obtained by the average
of two scans. In all experiments, at least three sites of
the blend were studied, and no appreciable variation
was observed in the fluorescence properties among
or within-sample. Considering the numerical aper-
ture and the wavelength of excitation, the spatial res-
olution was approximately 200 nm. The optical zoom
was 63×. A further digital zoom was used. The per-
centages of the lasers nominal powers were 1.2%
(~20 μW) for a 20× objective.
Image-analysis of the maximum intensity projection
was used in order to estimate the polyflavonoid par-
ticle size distribution as a referential parameter of com-
ponent miscibility. IMARIS software (version 7.5.2,
module Pro program) allowed estimating various types
of numerical values based on the three-dimensional
structures in confocal images.
Volume calculation of polyflavonoid particles was
carried out using an automatic segmentation tool
(Spots). The following parameters were considered:
(1) different sizes, (2) estimated diameter, (3) quality
above automatic threshold, (4) region growing -ab-
solute intensity threshold with 7000 (for red channel)
and 7500 (for green channel)-, and (5) diameter from
volume. The segmented particles volume values of
each image were plotted in a normalized histogram
(in logarithmic scale). A range of relationship be-
tween volume, and volume sum of particles corre-
sponding to this range was performed. Three repli-
cates were averaged in order to define particle size
distribution trends.

2.4.3. Molecular weight (Mw) distribution

Molecular weight distribution of the PLA after pro-
cessing was acquired by size exclusion chromatog-
raphy (SEC). Neat-PLA, processed-PLA and pow-
dered blends (1 g) were dissolved in 70 mL of chlo-
roform at room temperature (20–22°C) during 7 days
under stirring. The resulting suspension was cen-
trifuged for 5 min at 4000 rpm, and an aliquot
(50 µL) was analyzed using isocratic chloroform-
eluted at 22°C. Instrument (GPC Shimadzu, Japan)
was equipped with DAD, and RID detectors. Poly-
styrene-divinylbenzene standards (Phenogel®) were
used for calibration.

2.4.4. Thermal properties

Differential scanning calorimetry (DSC)
DSC analysis was performed on a NETZSCH DSC
instrument (204 F1 Phoenix, Germany). Samples
(7±3 mg) were sealed in high pressure steel pans; at
a cooling rate of 10°C·min–1, and heated from 50 to
160°C at 20°C·min–1 heating rate under N2 atmos-
phere, flow rate 20 mL·min–1. The sample was then
cooled back to 50°C at 10°C·min–1, and heated again
from 50 to 250°C at 20°C·min–1. The glass transi-
tion temperature (Tg) of the blends was taken as the
mid-point in the Cp step on the 2nd run associated at
the second order thermal transition.

Thermal stability
Thermal stability was carried out using thermogravi-
metric analysis (TGA) performed on a NETZSCH
TGA instrument (TG 209 F3 Tarsus, Germany). Sam-
ples of 6±2 mg was heated at 10°C·min–1 from 25 to
600°C under N2 atmosphere, flow rate 20 mL·min–1.
The degradation temperature (Td) was determined
from the temperature peak obtained in the 1st deriv-
ative curve. The T5% (5% of mass loss) was deter-
mined based on the TGA thermogram.

2.5. Flexural testing

Pressed laminated samples were cut with a die (gage
length 60 mm, width 1.5±0.2 mm) and kept in a cli-
mate chamber oven overnight (T: 23±1°C, p: 1.0 atm,
relative humidity: 50±3%), and the Young’s modulus
(E) were determined [15]. Universal tensile testing
machine (SmarTens 005, KARG Industrietechnik,
Germany) was used employing a crosshead speed of
10 mm·min–1. Eight laminate samples for each treat-
ment were used for the flexural test analysis.

3. Results and Discussion

3.1. Evaluation of processability by torque

rheometer

Selected torque-rheometer plots as a function of time
at 50 rpm is provided (Figure 2).
Modified (PRI-3), and unmodified polyflavonoids
(PRI) reduced the PLA-softening point. The decreas-
ing of the torque on PRI-based blends associated to
the PLA-softening point was clear, and it can be ob-
served around 1.5 min. Modified polyflavonoid favors
the earliest PLA-softening point (tmix: 0.8 min) re-
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gardless blend-composition. The dramatic influence of
polyflavonoids on the PLA behavior is unexpected.
However, the structure of polyphenol in terms of
aromatic-content might be affecting the heat-transfer
process during the mixing. In addition, the low heat-
capacity of aromatic compounds in binary and ternary
thermodinamical systems is a well-known issue [16].
However, the apparent low heat-capacity of poly -
flavonoids is not enough reason for the remarkable
shifting of the PLA-softening point. Chemical interac-
tion between PLA-chain and modified polyflavonoids
grafting moieties apparently affects PLA-thermal be-
havior. In fact, is important to bring the homogeniza-
tion times to a minimum. However, modified poly -
flavonoid reduced the mixing-time significantily at

the expense of the higher torque values (torque: 40–
80 Nm). In contrast, unmodified polyflavonoids re-
duced slightly the torque in comparison to the neat
PLA (Figure 3).
Blends prepared with modified polyflavonoid (PRI-3)
induced the higher torque values. The high aliphatic
OH-content of polyflavonoid derivatives in compar-
ison to the lower ones of neat polyflavonoids appar-
ently increases the viscosity during the melting, and
in consequence the resistance to the rheometer blades.
The differences in torque values can be explained
considering that the viscoelastic properties of poly -
flavonoids dramatically change upon hydroxypropy-
lation [9–11]. Is well-known that the aliphatic –OH
functionalities enhance hydrogen-bridge interaction
between polymer chains. In addition, strong associ-
ation between linear aliphatic PLA’s chain, and the
hydroxypropyl grafting from the derivatives during
blending might be also considered.
On the other hand, low interaction between neat poly -
flavonoids and PLA-chains can be explained in terms
of the high differences in polarity of the two biopoly-
mers [10, 17]. However, molecular association be-
tween PLA and polyflavonoids in the molten-state
has not been documented before.

3.2. Molecular weight distribution

A dramatic effect of the blend-composition, and the
processing strategy on the PLA-Mw was observed
(Figure 4).
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Figure 2. Rheological behaviour of neat PLA, and selected
PLA-based blends prepared at mixture tempera-
ture of 170°C (tmix: 15 min)

Figure 3. Maximal torque associated to the PLA-melting in function of the polyflavonoid-content for PLA-based blends
prepared at 170°C (tmix: 15 min). (a) binary blends (PLA/PRI, and PLA/PRI-3). (b) ternary blends (PLA/PRI/PEG,
and PLA/PRI-3/PEG). N = 3. Note: data illustrate the torque variation during the first two minutes of mixing.



PEG as a blend-components affected sligtly the MwPLA.
However, degradation of PLA in polyflavonoid-
based binary blends was the highest regardless the
polyflavonoid-type. The degradation mechanisms of
PLA-based materials have been well-described [1,
17, 18]. In fact, several components on blends have
been recognized as degradation promoters of PLA-
degradation [22–26]. MwPLA decreased in ca
40000 g·mol–1 suggesting random cleavages on the
polymer chains apparently by the effect of the poly -
flavonoid acidity (natural pH: 3.0–4.5). However,
15 minutes of PLA-proccesing on the rheometer (T:
170 °C) also affects the MwPLA from 15.4·104 to
13.8·104 g·mol–1.
Unmodified polyflavonoids had the biggest influ-
ence in PLA-degradation (Figure 5a). The results
highlight the influence of polyphenols as the main
source of PLA-degradation.
On the other hand, increased D as (dispersity) a func-
tion of the polyflavonoid-content can be interpreted
as a greater diversity of degraded polymer-chains
during the blending [11].
It is worth noticing that the modified polyflavonoids
(PRI-3) had a minor effect on polydispersity even at
the highest derivatives-charge (Figure 5b). Appar-
ently the replacement of the acidic hydroxyl groups
(–OH, pKa: 9–10) by the hydroxypropyl chain (–OH,
pKa: 13–16) decreases the detrimental effect of poly -
flavonoids on PLA-degradation during processing.
The remarkable influence of polyflavonoids on the
MwPLA can be used as an advantage for PLA/poly -
flavonoid blend formulation, considering that the

biodegradability and disintegration of PLA, and PLA-
based materials are strongly associated to the Mw of
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Figure 4. Selected GPC-traces of PLA from PLA-based blends illustrating changes of the molecular weight distribution.
Thermal treatment:170°C, 15 min.

Figure 5. Molecular weight features of PLA-based blends
prepared at 170 °C (tmix: 15 min). (a) Molecular
weight distribution in function of the component-
content, (b) dispersity values (D) in function of the
blend-type. N = 3.



the polymer-matrix, the crystallinity degree, and the
chemical lability of selected functional groups [18].
That is why polyflavonoids can be used for tailoring
PLA’s molecular properties. In addition, poly -
flavonoids also might be advantageous as functional
additives for several biopolymers such as starch, cel-
lulose, and commercial biodegradable aliphatic
copolymers (Ecoflex® and Ecovio®) [3, 24, 26].

3.3. Morphology

3.3.1. Confocal fluorescence microscopy

(spectrum pattern)

Confocal fluorescence microscopy is an extremely
useful tool enabling polyphenols quantification [19].
The strong fluorescence pattern of polyflavonoids can
be used to estimate particle size and particle shape,
considering the fact that polyflavonoid-derived com-
posites have a typical dark appearance.
Considering that polyflavonoid blends are colored
composites (image not-shown), the evaluation of flu-
orescence emission pattern was performed consider-
ing that PLA, and PEG are not-active fluorescent mol-
ecules. Such features were utilized in order to study
the morphological features of PLA-based blends [11,
20].
The emission spectra of PRI and PRI-3 were as-
sessed by the three types of lasers (λI: 405 nm, λII:
488 nm, λIII: 561 nm). Chemical modification has a
negligible influence on the emission pattern (Fig-
ure 6a). Results allowed concluding that fluorescence
measurements are not affected significantly by hy-
droxypropylation. Apparently, the structural varia-
tions upon derivatization do not affect the energy
emission pattern.
Based on such findings, fluorescence emission pat-
tern of binary and ternary PLA-based blends was as-
sessed by two lasers (λI and λIII) covering the entire
range of wavelength. As expected, marginal differ-
ences regarding emission pattern in function of
blend-composition were observed (Figure 6b).
Regardless blend-composition, maximal fluores-
cence emission (λI) oscillated between 480 and
520 nm, while Laser III (λ: 561 nm) induces an emis-
sion pattern in a narrow range of wavelength (600–
630 nm). That is why red light was used in order to
assess the morphological features of the blends.

3.3.2. Particle size distribution

(image-processing)

Maximal intensity projection of selected PLA-based
blends is shown (Figure 7).
Image-processing revealed remarkable differences
in morphology of polyflavonoid particles dispersed
on the PLA-matrix (N). The methodology allowed a
high count of particles. Particle volumes were deter-
mined on the basis of a selective channel (red, λIII:
561 nm). PRI-3-based blends exhibited the smallest
particles volume, which describes the better misci-
bility of polyflavonoid derivatives (Figure 8a),
whereas the particle size of PRI, and PRI-3 were rather
similar (see Figure 8b).
However, PRI particles volume was the biggest in ter-
nary blends. Apparently, certain interaction between
polyflavonoids and PEG affects significantly the con-
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Figure 6. Fluorescense emission features of polyflavonoids,
and polyflavonoids-based blends prepared at 170°C
(tmix: 15 min). (a) emission spectra of modified
(PRI-3), and unmodified (PRI) polyflavonoids,
(b) emission spectra of PLA-based blends,
(1) PLA70/PRI30 (Laser λI: 405 nm), (2) PLA70/
PRI30 (Laser λII: 561 nm), (3) PLA60/PRI-320/
PEG20 (Laser λI: 405 nm), and (4) PLA60/PRI-320/
PEG20 (Laser λII: 561 nm).



formational features during the blending. The result
matches with the spherical particle morphology clear-
ly visible on the maximum intensity projection image
(see Figure 7c). In fact, is well-known that PEG inter-
acts strongly with polyflavonoids via hydrophobic
domains [11, 21]. The H–H interaction enables an
open-conformation of the polyflavonoid molecules,
so increasing volumen was apparently associated to
molecular complexation during the melt-blending.
Normalized histogram (Figure 8) shows that poly -
flavonoid chemical modification enhances the mis-
cibility on the PLA-matrix regardless the blend-type.
On the other hand, unmodified polyflavonoids show
similar particle volume distribution to the referential
PRI volume (see Figure 8b). Limited solubility of

polyphenols on the PLA-matrix can be explained
considering the high difference in polarity between
PRI, and PLA.
As described previously by image-processing, PEG
affects dramatically the polyflavonoid particle vol-
ume.
The low polarity of PRI-3 is a key factor to understand
the better compatibility features of modified poly -
flavonoids on the PLA-matrix. Maximum interaction
between the hydroxypropyl moieties with the PLA-
chain, and PEG during the mixing highlights that the
chemical modification is a feasible strategy in using
polyflavonoids in bioplastics.
In addition, it worth to highlight that confocal mi-
croscopy (fluorescense emission) coupling to image-
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Figure 7. Maximum intensity projection of selected PLA-based blends prepared at 170 °C (tmix: 15 min). (a) PLA70/PRI30,
(b) PLA70/PRI-330, (c) PLA60/PRI20/PEG20, (d) PLA60/PRI-320/PEG20.



processing is a usefull technique in estimating the mor-
phological parameters of PLA biopolymer blended
with natural polyflavonoids.

3.4. Thermal properties

3.4.1. DSC analysis

Selected thermograms illustrate the Tg, and Tm of the
neat PLA, and PLA-based blends (Figure 9). It is ev-
ident that neat PLA has a Tg of 60 °C, and Tm of
170°C. In binary blends polyflavonoids did not sig-
nificantly influence the TgPLA value. However, such
polyphenols induce the PLA-crystallization (Tc:
100°C) to a high extent. The nucleating effect of poly -
flavonoids in PLA-based blends has been not well-
clarified in previous works. Differences in polarity, hy-
droxyl-content, and conformational features are fac-
tors apparently affecting the PLA-crystallization be-
havior induced by polyflavonoids.
On the other hand, PEG induces a reduction of TgPLA

(55.6 °C), as well as the TcPLA. The synergetic effect
of PEG on the PLA-thermal properties has been pre-

viously reported, as well as on the crystallization be-
havior [22–26]. The remarkable effect on thermal
properties can be explained considering that PEG fa-
vors the breaking of intermolecular hydrogen bridges
of PLA during processing, prone to an early melting,
and a significant Tg reduction.
In addition, Figure 9b, 9c shows in detail the thermal
behavior of all tested blends according to the com-
ponent-loading. Polyflavonoid induces a significant
TmPLA and TcPLA reduction in ternary blends. How-
ever, the variation of Tg, Tc, and Tm in binary blends
was negligible. In contrast, PEG significantly affects
the TgPLA, TmPLA and TcPLA values.
It is worth noticing that the depression of the TgPLA,
and TcPLA was remarkable in PRI-3-based blends. The
results describe the advantageous effect of the chem-
ical modification on the miscibility features.
Apparently, polyflavonoids act as an effective nucle-
ating agent in PLA-based blends. The PLA-crystal-
lization during the blend-cooling has an important
impact on the mechanical properties. Several salts
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Figure 8. Normalized polyflavonoids particle volume of PLA-based blends assessed by emission fluorescence microscopy.
(a) Polyflavonoids particle volumen (reference), (b) polyflavonoids particle volumen in blends (binary blend:
PLA70%, ternary blends: PLA60%/PEG10%). Note: polyflavonoid particles volume is expressed in logarithmic scale.



(talcs), organic compounds (amines), fibers, nano -
tubes, and commercial nucleating (3801X, and LAK)
have been reported as nucleating agent in PLA-based
blends [23, 24]. However, to our knowledge it is the
first time that polyphenols from pine bark are report-
ed as nucleating agents in PLA-matrix in a wide
range of composition.
The synergic effect between PEG and polyflavonoids
on the PLA thermal behavior (Tg, Tc, Tm) has been
also reported in several systems [25, 26]. The simi-
larities regarding functional groups of PEG and PLA
apparently favor the mobility of the chain and breaks
the intermolecular hydrogen bonds which reduce
transitional temperatures.
Since the Tg value is an excellent indicator of chain
mobility, plasticizing efficiency has therefore been
evaluated by measuring the Tg shifting as a function
of plasticizer concentration. All the binary blends
show only one Tg in the DSC-thermogram indicating
an apparent good miscibility between PLA, PRI-3,
and PEG. The decrease of Tg highlights the effect of
the plasticizer in PLA compositions with increasing
molecular mobility. The plasticizing effect is con-
firmed by the modification of Tg which is signifi-
cantly decreased by comparison to the neat PLA ma-
trix (Tg: ~60 ºC).

3.4.2. TGA analysis

The selected thermograms showed that a significant
change to the degradation temperatures according to
the blend-composition was observed (Figure 10).
The Td values were above 300 ºC. However, a re-
markable effect of components on the T5%, and Td of
ternary blends was noticed.
Thermal behavior of binary and ternary-blends re-
veals a significant effect of the polyflavonoids-con-
tent (Figure 10).
Neat polymers (PLA, PEG), exhibited a single de-
composition peak, indicating that they degraded
mainly in one step (data not-shown). Polyflavonoid-
content affects the T5%, and Td significantly. The re-
sults can be explained considering that polyphenols
are thermally unstable building-blocks, prone to yield
carbonaceous residues as a consequence of pyrolytic
processes [9, 11].
PRI-3-based ternary blends show the lowest Td. The
result is unexpected considering the high thermal
stability of PRI-3 in comparison to unmodified bark
polyflavonoids described in previous reports [11].
However, polyflavonoid’s DS cannot be considered
as the unique factor affecting thermal decomposition
of the blends. The substitution pattern on the C15 poly -
flavonoid unit (see Figure 1) seems to be a key factor
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Figure 9. Thermal behavior (DSC) of PLA-based blends prepared at 170 °C (tmix: 15 min) considering the second heating.
(a) Selected DSC-traces, (b) transitional temperatures in function of polyflavonoid-content (binary blends), (c) tran-
sitional temperatures in function of polyflavonoid-content (ternary blends). N = 3.



for polyphenols degradation [8, 9]. The low Mw dis-
tribution of the water-insoluble tannin fraction (PRI),
as well as the lipophilic character of such poly -
flavonoids as a consequence of concomitants appar-
ently affects the thermal stability of the blends in a
differentiated manner.
On the other hand, all PLA-blends showed signifi-
cant residues at 600°C (<20%). Residual weight in-
creased with increasing polyflavonoid-content, ex-
cepting in PLA-based ternary blends (Figure 11).
The results point out that the polyflavonoid-based
pyrolytic residues are significant products during the
blend decomposition. However, a strong interaction
between PEG, and polyflavonoids on the residual

weight was evidenced. Apparently, polyphenol-PEG
complexation favored the volatilization rate at high
temperatures (>400°C).

3.5. Flexural testing

PLA-based blends exhibited a typical stress-strain
curve which describes that the samples breaks before
yielding (Figure 12). Curve morphology was affect-
ed by the blend-composition.
The flexural behaviour of the neat PLA showed char-
acteristics of glassy polymers with low deformation
at break. In contrast, PLA-based blends showed a dif-
ferent behaviour (Table 2).
In general, PLA/PRI blends show poor performance
in term of Young’s modulus (E). In contrast, the high-
est PRI-3-charge the highest E-values. The behavior
can be explained by incompatibility between the neat
polyflavonoids, and the PLA polymer due to the dif-
ference in polarity, and molecular features.
In addition, the E-modulus value dropped dramati-
cally from 88 to 22 MPa with incorporation of PRI
(10 wt%); indicating incompatibility. In contrast, E-
modulus was improved in 15 MPa when PRI-3 was
loaded from 10 to 30 wt%. This can be explained by
the role of hydroxypropyl-chain which apparently
acts as a compatibilizer moiety in binary-, and ter-
nary-blends.
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Figure 10. Thermal behavior (TGA) of PLA-based blends prepared at 170°C (tmix: 15 min). (a) Selected TGA-traces, (b) de-
composition temperatures in function of polyflavonoid-content (binary blends), (c) decomposition temperatures
in function of polyflavonoid-content (ternary blends). N = 3.

Figure 11. Residual weight at 600°C of binary-, and ternary-
blends prepared at 170°C (tmix: 15 min). N = 3.



4. Conclusions

PLA-based blends have been successfully prepared
with P. radiata bark polyflavonoids, by melt-blend-
ing at 170ºC during 15 min. This compounding strat-
egy is easy and potentially commercially viable for
PLA applications beyond the food-packaging.
Modification of radiata pine polyflavonoids is a valu-
able alternative in order to improve the performance
of such building-blocks in binary-, and ternary-blends.
Chemical structure of the polyflavonoid’s grafting
influences: (1) the blend processability, (2) the com-
ponent miscibility, (3) the PLA’s melting-, and crys-
tallization-processes, (4) the thermal resistance, and
(5) the flexural performance.
Rheological behavior of PLA-based blends is dramat-
ically affected by the type-, and component-compo-

sition. Considering the torque-rheometer data mod-
ified, and unmodified radiata pine polyflavonoids im-
proved the processability of PLA in term of a short-
mixing.
The image-processing using confocal fluorescence
microscopy was successfully utilized in order to es-
timate the particle volume as an indicator of poly -
flavonoid’s miscibility. The modified polyphenols
showed higher compatibility features as a conse-
quence of the dramatic reduction of the particle vol-
ume.
Polyflavonoid induces PLA-crystallization in a high
extent. The synergetic effect of PEG with poly -
flavonoids is related to the chemical similarity of the
polymer chains enhanced upon grafting (hydrox-
ypropyl-chain). The result is highly relevant in view
of polyflavonoid-based composites preparation.
Modified polyphenol decreases slightly the thermal
stability of the blends below 300°C. Such drawback
is negligible considering that the PLA-processing
temperature is around 170°C.
On the other hand, the tannin acidity affects the PLA
molecular weight distribution which influences the
flexural performance. Also the thermal processing of
the neat PLA affects the Mw of the polymer.
The increasing of the E-modulus of the blends as ef-
fect of a good mixing of polyflavonoids derivatives
on the PLA-matrix was achieved.
P. radiata bark polyflavonoids might be used for
PLA-based blends formulations in view of novel en-
visaged applications. Polyflavonoid-based compos-
ites seem to play a key role in polymer engineering
in a near future.
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Figure 12. Mechanical performance of PLA-based blends prepared at 170°C (tmix: 15 min). (a) Selected stress-strain curves,
(b) E-modulus in function of the polyflavonoid content. N = 8.

Table 2. Mechanical performance of PLA-based blends pre-
pared at 170°C for 15 min

Average±standard deviation, Fm: maximum force, σfM: flexural
strength, εfM: flexural strain. N = 8.

Blend
Fm

[N]

σfM

[MPa]

εfM

[%]

PLA 37.5±5 2.70±1.0 16.6±5.0

PLA80/PRI20 18.1±3 0.30±0.01 6.1±0.1

PLA70/PRI30 12.4±2 0.15±0.01 4.5±0.3

PLA60/PRI40 7.2±1 0.11±0.01 2.12±0.1

PLA80/PRI-320 13.6±5 1.82±0.21 4.13±0.5

PLA70/PRI-330 10.0±2 1.88±0.30 4.23±0.4

PLA60/PRI-340 2.0±1 1.62±0.41 1.12±0.1

PLA60/PRI10/PEG30 11.3±2 0.46±0.33 14.7±0.9

PLA60/PRI20/PEG20 10.6±2 0.19±0.02 12.8±0.9

PLA60/PRI30/PEG10 9.6±1 0.09±0.01 11.6±0.7

PLA60/PRI-310/PEG30 8.0±1 0.21±0.02 12.4±0.9

PLA60/PRI-320/PEG20 10.4±2 0.25±0.02 10.87±0.6

PLA60/PRI-330/PEG10 15.0±3 0.46±0.03 14.4±0.3
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1. Introduction

1.1. Radiation cross-linking of polyamide 66

Radiation cross-linking is a well-known and estab-

lished technique for enhancing the properties of ther-

moplastic polymers. Typical radiation sources are

gamma rays, electron beams and X-rays [1]. The ra-

diation induced cross-links between the macromole-

cules lead to improved physical properties and allow

a wide range of industrial applications like for ex-

ample pipes and tubes, hip joint pans, foams, shrink-

ing-fit products or automotive applications [1–3]. In

1952, Charlesby described the influence of radiation

on the properties of polyethylene for the first time [4,

5]. Subsequent investigations extended the knowl-

edge about radiation cross-linking and the possible

material range [6].

The process of cross-linking can be divided into two

main reactions. High-energy radiation transfers en-

ergy to the atoms and results in an ionization or ex-

citation of the atoms during the primary reaction [1,

2]. Further reactions lead to the formation of radi-

cals. These radicals enable cross-linking of the poly-

mer in its amorphous region in a secondary reaction

[1, 2]. Aside from the formation of covalent bonds,

degradation, chain scission and oxidation can occur,

possibly causing the material properties to deterio-

rate [1].

The resulting three dimensional covalent networks

between the macromolecules results in an increase

in the short-term temperature resistance and a rub-

bery-elastic behavior above the crystallite melting

temperature, Figure 1 [7, 8]. These covalent bonds also

influence the melting and crystallization behavior to-

wards lower temperatures [1, 3, 8, 9]. Aside from

polyethylene, other polymers, such as polyamide,

can be cross-linked by high energy radiation [6]. In

order to attain economical radiation exposure rates,

cross-linking agents are needed. These polyfunction-

al monomers, e.g. triallyl isocyanurate (TAIC), allow

a cross-linking at lower and economical radiation
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doses and temperatures [10–13]. Previous investiga-

tions into vibration welding of radiation cross-linked

polyamide 66 have shown that cross-linking with its

changed material properties leads to a varied rela-

tionship amongst the process, structure, and proper-

ties for vibration welding cross-linked polyamides

[7, 14]. Especially processing time and temperature

influence the material characteristics of cross-linked

polyamide [14]. It was shown that during vibration

welding the energy input and the resulting weld tem-

perature in the weld zone differs between the select-

ed material and process settings and exhibits an in-

consistency with the time [7]. These inconsistencies

make it difficult to analyze the influence of the tem-

perature during the joining process on the resulting

welds. Therefore a joining technology with a homog-

enous energy input like infrared welding is used to

investigate the influence of the temperature on the

process, structure, and properties for welding cross-

linked polyamides.

1.2. Infrared welding

Welding is an established way of joining polymer

parts. The different welding technologies can be clas-

sified according to the heating method employed [15].

Technologies which use friction to heat up the join-

ing area are for example vibration welding or friction

stir spot welding. The oscillating movement of the

joining partner relative to each other with a defined

joining pressure is characteristic for vibration weld-

ing. Friction stir spot welding uses a rotating punch

to heat up the joining partners. This process can be di-

vided in the typical phases preheating, joining, con-

solidation, waiting and tool retraction [16, 17]. In-

frared welding is a welding technology that uses an

infrared (IR) emitter to heat up the samples. Com-

pared to other joining technologies, such as hot plate

welding, the temperature in the joining zone is a func-

tion of the machine and material parameters [18].

Advantages of infrared welding are the contactless

heating of the samples and the higher geometry free-

dom, compare to hot plate welding, vibration weld-

ing or stir spot welding.

The infrared emitters can be separated into short

wavelength (near infrared), medium wavelength

(near infrared) and long wavelength emitters (mid

wavelength and far infrared), Table 1 [19–21].

These radiators emit electromagnetic radiation. The

primary, effective radiation is infrared radiation with

a maximum intensity dependent on the surface tem-

perature of the radiator [22]. The emitted infrared
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Figure 1. Residual stiffness of radiation cross–linkable, poly -

amide 66 (DMA) [7]: (a) complete temperature

range, (b) within range of crystallite melting tem-

perature

Table 1. Classification of infrared emitters and their wavelength, based on DIN 5030 part 2, DIN EN 60519-12 and DIN EN

62798 [19–21]

IR-Radiation Type
Wavelength

[µm]

Wave number

[cm–1]
Examples of emitters

IR-A
Short wavelength

(near infrared)
0.78–1.4 12821–7143 Halogen emitters

IR-B
Medium wavelength

(near infrared)
1.4–3.00 7143–3333 Metal foil emitters

IR-C
Long wavelength

(mid wavelength and far infrared)
3.00–1000 3333–10 Ceramic emitters



light is, based on the optical properties of the irradi-

ated material, partly reflected from the surface of the

polymer [23]. This reduced radiation intensity pen-

etrates the material and is either absorbed or trans-

mitted [23].

The degree of absorption of the infrared light by the

thermoplastic polymer depends on the wavelength

as well as on the chemical and morphological struc-

ture of the polymer [23]. A characteristic absorption

band for polymers is at a wavelength of 3.4 µm

(wavenumber 2941 cm–1) [18, 23]. This wavelength

is characteristic for [C–H]n groups stretching vibra-

tions [23, 24]. Additives or fillers can also affect the

absorption properties [18]. The crystalline structure

of semi-crystalline polymers affects the transmission

of the infrared light. The light is refracted and reflect-

ed on the boundary layer between amorphous and

crystalline areas and spherulites. The optical pene-

tration depth decreases at an increasing wavelength,

which is caused by increasing scattering [23]. The

resulting temperature level depends on the emission

spectrum of the emitter and the absorption properties

of the material [18].

Therefore, the scope of this article is to investigate

the first time for radiation cross-linked polyamide;

to what extent radiation dose, the resulting degree of

crosslinking and heating time affect the resulting

weld line’s temperature during infrared welding and

whether these parameters influence the weld strength

of infrared-welded, cross-linked polyamide 66. Fur-

thermore, these results shall be correlated with non-

cross-linked polyamide 66. 

2. Experimental section

2.1. Materials and test specimens

For the research, polyamide 66 (V-Creamid A3H2),

supplied by PTS Plastic Technologie Service, Adels-

hofen, Germany was used. The material is radiation

cross-linkable due to the modification by 3 wt% of

the triallyl isocyanurate (TAIC) cross-linking agent.

Injection molding was used to process the cross-link-

able material into plate-shaped specimens with a size

of 150 mm×68 mm×4 mm. The specimens were filled

through a film gate and produced with an Arburg 370

injection-molding machine (Arburg GmbH + CoKG,

Loßburg, Germany) at a mold temperature of 80°C,

a melt temperature of 275°C and an injection speed

of 100 cm3·s–1. The test specimens were cut and fi-

nally milled out of the plates, Figure 2. The joining

zone was milled to get a flat surface and a uniform

sample height of 51 mm. To avoid moisture absorp-

tion and a contamination of the surface, the plates

were sealed separately in a vapor proof foil. These

plates were exposed to electron irradiation with a

10 MeV electron accelerator. The radiation doses

were 33 and 99 kGy. To exceed the radiation dose of

33 kGy, the electron radiation treatment was per-

formed repeatedly, each with a dose of 33 kGy, in

order to minimize the thermal load. Tests were also

carried out on non-cross-linked material, which is

termed 0 kGy in the following.

2.2. Test methods

Gel value
The degree to which the polyamide 66 plates were

crosslinked was determined by a gel value analysis.

With reference to DIN 16892, sections of the test spec-

imens were boiled in a solvent (concentrated formic

acid) for six hours, filtered through a glass frit POR 2

(pore size 40–100 µm) and were subsequently dried.

The gel value was determined as the quotient of the

mass remaining after boiling and drying and the ini-

tial mass of the specimen. For each gel value analy-
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Figure 2. Dimensions of two welded test plates, places of

sampling for mechanical investigations and di-

mensions of tensile bar



sis, the arithmetic mean and the standard deviation of

the gel value from three separate measurements were

determined.

Fourier transform infrared spectroscopy (FTIR)
To determine the optical properties of cross-linked

polyamide in infrared wavelength ranges, a Fourier

transform infrared spectroscopy (FTIR) analysis was

performed with a Nicolet 6700 device from Thermo

Scientific Inc. (Waltham, USA).

Transmission of cross-linked and non-cross-linked

polyamide was identified between a wavenumber of

550 and 4000 cm–1 (wavelength of 2.5 to 19 µm)

based on the attenuated total reflectance (ATR). The

polyamide’s extinction is defined as the measured

transmission as reduced by reflection and absorption.

Infrared welding
To determine to which extent the material and pro-

cessing parameters influenced the weld strength, in-

frared welding tests were conducted. The infrared

welding tests were performed on the infrared and lin-

ear vibration welding machine Branson M-112HR

(Branson Ultraschall, Dietzenbach, Germany). The

welding machine is equipped with an inductive sen-

sor to pick up the meltdown. Two, 1.6 kW, medium-

wavelength metal foil emitters from Krelus AG

(Oberentfelden, Switzerland) were used to heat up

the upper and lower samples. The wavelength range

was between 2.5 and 8 µm (wavenumber 1250 to

4000 cm–1). The distance between the samples and

IR emitter was 3 mm. To measure the temperature in

the weld area, thermocouples Type K were used. The

thermocouples were placed between the two welding

plates, Figure 2. After welding, the thermocouples

were cut off and new couples were used for the next

trial. Simultaneously, measuring the meltdown and

temperature during the process facilitates accurately

detecting the weld line temperature when the sam-

ples come into first contact (Tc) with one another.

This temperature was used to gauge the effect of the

different processes and materials on the resulting

temperature before joining. For the initial heating tri-

als, thermocouples in different depths were placed in

the welding plate. In the infrared welding tests, the

heating time varied between 8 to 15 s and the joining

pressure between 3 and 5 N·mm–2, Table 2.

Mechanical testing (tensile test)
Tensile tests were carried out in accordance with

DIN ISO 527-2 [25]. Tensile test bars of type 5 A ac-

cording to EN ISO 527 were milled from the welded

plates, Figure 2. Each test was performed under stan-

dard testing conditions (T = 23°C, relative air humid-

ity: 50%). Before testing, the specimens were dried

to a constant weight at 70°C in a vacuum furnace. The

tensile strength, strain at break as well as stress at

break of 3 samples were recorded. The mean and stan-

dard deviation were calculated from these 3 samples.

The pull-off speed was 3 mm·min–1 for all specimens.

Light microscopic investigations
Light microscopic investigations on welds before and

after mechanical testing were performed with an Ax-

ioplan light microscope from Carl Zeiss AG (Ober-

kochen, Germany). In order to avoid any thermal in-

fluences on the welds while preparing the specimen,

the weld region was cut out of the welded plates (be-

fore mechanical testing) and the tested tensile bars

with a water-cooled, low-revolution saw.

The microscopic analysis of the specimens was con-

ducted in the transmitted light procedure on 10 µm

thin cuts. Polarized light was utilized in order to char-

acterize the morphology and geometry of the weld.

3. Results and discussion

3.1. Effect of the radiation dose on the degree

of cross-linking

The electron irradiation of the polymer results in a

three-dimensional network of covalent bonds be-

tween the macromolecules. With radiation at 33 kGy,

a gel value of 49% with a standard deviation of 0.44

is attained. With a higher radiation dose of 99 kGy,

the gel value increased to 64% with a standard devi-

ation of 0.62.

3.2. Effect of cross-linking on the optical

properties of cross-linkable polyamide 66

The extinction in relation to the wavenumber of cross-

linkable polyamide 66 with and without electron
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Table 2. Welding parameters

Welding partner
Joining pressure

[N·mm–2]

Heating time

[s]

PA66 0 kGy/PA66 0 kGy 3/5 10/15

PA66 33 kGy/PA66 33 kGy 3/5 8/10/12/15

PA66 99 kGy/PA66 99 kGy 3/5 8/10/12



beam irradiation is shown in Figure 3. At around

3000 cm–1, polyamide has the typical characteristic

absorption bands for [C–H]n groups stretching vibra-

tions [23, 24]. Further, the absorption for the bending

vibration of the amide group is visible at bands be-

tween 1640 and 1550 cm–1 [24]. The peak around

2360 cm–1 could be related to the absorption doublet

band of carbon dioxide from the ambient air during

the measurement [26]. This peak height may also like-

ly change between measurements and is independent

from the tested material. The covalent bonds between

the macromolecules do not seem to be IR-active in

the wavelength range of a metal foil IR emitter and

therefore do not affect the absorption of cross-link-

able polyamide 66 or the heating during the infrared

welding process.

3.3. Temperature and meltdown of

cross-linkable polyamide 66 during

infrared welding

During infrared heating, the temperature measured

in the weld line rapidly increased, as is evident in Fig-

ure 4. The initial peak the first couple of seconds could

be attributed to the melting of the non-cross-linked

polyamide. At the beginning of the heating process,

no melt layer exists and the thermocouples lie on the

surface of the weld line. At this position, the meas-

urement can be affected by the environment (e.g. hot

air) and lead to an inaccurate weld line temperature.

At temperatures above the crystallite melting tem-

perature, a melt layer forms and the thermocouples

sink inside the melt. Here, the environmental influ-

ences are reduced and the temperature of the molten

material can be measured. Inside the molten material

the temperature is lower than on the weld line surface.

This fact can be seen in the temperature plateauing

before joining. Longer heating times caused the tem-

perature at the moment of joining (Tc) to rise from

234 to 254°C. This fact could be explained by the in-

creasing heat energy saved in the molten material.

Additionally, longer heating times increased the melt

layer’s thickness and the resulting meltdown from

0.4 mm after 10 seconds of heating to 1.4 mm after

12 seconds.

Cross-linked polyamide 66 showed a rapid increase

in temperature within the first seconds, Figures 5 to

8. The temperature rose over time without any tem-

perature reductions or plateaus as was the case with

the non-cross-linked polyamide. This permanent ris-

ing of the temperature is also visible in different

depths of the material, Figure 5. The temperature on

the surface of the weld line is higher and reaches a

value of 485°C. In this stage, the thermocouples on

the surface can be affected by the environment and

lead to an inaccurate measurement. Therefore the tem-

perature at moment of joining (Tc) was used to com-

pare the different measurements. In a depth of 0.3 mm,
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Figure 3. Extinction of radiation cross-linkable polyamide 66 (FTIR), a) radiation dose 0 kGy, b) radiation dose 33 kGy,

c) radiation dose 99 kGy

Figure 4. Influence of heating time on temperature in the

weld line and meltdown while infrared welding

non-cross-linked polyamide 66



with a minimized impact of the environment on ther-

mocouples, the temperature rose to a maximum of

389°C. At this temperature a thermal degradation of

the material is possible. The convergence of the tem-

perature between 0.3 and 0.4 mm could be explained

with the increasing of the temperature affected area

during heating. After the heating, during the move-

ment of the IR emitter, a convergence of the temper-

ature of all three measured depths is visible. After this

movement, the temperature at the moment of joining

(Tc) rose from 238°C after 10 seconds of heating to

277°C after 12 seconds, Figure 6. The increase in tem-

perature is higher than for non-cross-linked poly -

amide. This fact could be explained by the rubbery,

elastic state of the cross-linked polyamide above the

crystallite melting temperature, Figure 1. In this state,

the material cannot flow. The cross-linked material

remains in its rubbery, elastic state at a distance of

3 mm between the IR emitter and the sample. This

allows energy inputs and resulting temperatures high-

er than non-cross-linked polyamide at increasing dis-

tances based on melt flow. Further, the energy out-

flow from the melt flow is impeded and the contact

with oxygen during the heating could lead to a ther-

mal degradation.

The increased temperature affected areas of the

cross-linked polyamide 66 can be estimated with the

resulting meltdown, Figure 7. The material has sig-

nificantly lower mechanical properties (Figure 1)

than the base material unaffected by heat and can be

squeezed by the joining pressure. Therefore, the melt-

down rose with longer heating times, Figure 7. The

squeezing of the material leads also to a stretching of

the heated material in the weld line. The maximum

stretching is in the middle of the weld line [27]. The

gap between the peak temperature and the tempera-

ture at the moment of joining (Tc) is based on the IR

welding process. After heating, the IR emitters must

be removed between the samples, whereupon the

same samples must be pushed together by the joining

pressure. During this period, the temperature in the

joining area decreases.

As depicted in Figure 8, the radiation dose hardly af-

fected the contact temperature (Tc) in the weld line.

This could be due to nearly equal absorption bands in

the wavelength range of the metal foil emitter, Fig-

ure 3. The meltdown also showed minimal effects on

the radiation dose. This could be attributed to differing

residual stiffness in the cross-linked material beyond

the crystallite melting temperature being induced by

the radiation, Figure 1. The higher sample stiffness

with the higher dose of 99 kGy leads to a reduced de-

formation from the joining pressure. The impact of the
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Figure 5. Influence of infrared heating cross-linked poly -

amide 66 on temperature in the weld zone in dif-

ferent depths

Figure 6. Influence of heating time on temperature in the

weld line and meltdown while infrared welding

cross-linked polyamide 66

Figure 7. Influence of the radiation dose on temperature in

the weld line and meltdown while infrared welding

cross-linked polyamide 66



joining pressure could also be seen in Figure 8. Higher

pressures while joining resulted in an increase in the

meltdown. Compared to non-cross-linked polyamide,

the measured meltdown is, in general, lower.

3.4. Weld strength of cross-linkable

polyamide 66 from infrared welding

The representative stress-strain curves from the ten-

sile test on cross-linked polyamide 66 base material

and the infrared welded samples with no radiation,

a dose of 33 kGy and a dose of 99 kGy are shown in

Figure 9. The curves of the base material show a duc-

tile mechanical fracture of the samples and the sam-

ples without radiation show a lower stress at break.

After exposing polyamide 66 to radiation, the base

material strength increased from 80.5 N·mm–2 for

the non-cross-linked polyamide to 92.8 N·mm–2 for

the polyamide with a radiation dose of 99 kGy, Fig-

ure 9a and 10. Compare to the base material the in-

frared welded samples show a brittle mechanical

fracture, Figure 9b.

The average contact temperature and weld strength

attained by the weld specimen in contrast to non-

cross-linked polyamide 66 and the base material is

shown in Figure 10. The resulting weld strength ex-

hibited a dependency on the chosen processing pa-

rameters. For the non-cross-linked polyamide 66, there

is no clear correlation between the weld strength, the

contact temperature and the processing parameter

joining pressure and the heating time, Figure 10.

For the non-cross-linked polyamide with a heating

time of 10 seconds and a joining pressure of

5 N·mm–2, the maximum weld strength was

67 N·mm–2 with an average contact temperature of

239°C. In contrast to a lower joining pressure, an in-

creasing joining time led to a small decrease in the

weld strength at 65 N·mm–2 with an increasing av-

erage contact temperature of 278 °C. The decrease

in the mechanical properties could be attributed to

the thermal aging of the material with longer heating

times. At higher joining pressures, the aged material

is transferred to the weld flash and comes into con-

tact with the unaged material. At lower joining pres-

sures and with shorter heating times, the transfer of

the aged material into the weld flash is reduced and
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Figure 8. Impact of joining pressure on temperature in the

weld line and meltdown while infrared welding

cross-linked polyamide 66

Figure 9. Stress-strain curve of cross linkable polyamide 66:

(a) base material, (b) infrared welded samples

Figure 10. Weld strength and contact temperature of radia-

tion cross-linkable polyamide 66



the requisite thickness of the melt layer cannot be

achieved. Fuhrich indicated that a sufficient melt

layer thickness is necessary for a high weld strength

[18].

For the cross-linked polyamide 66, a correlation be-

tween joining pressure and the weld strength is evi-

dent, Figure 10. With identical heating times, the weld

strength increased at higher joining pressures. A rea-

son for the joining pressure affecting the weld strength

could be the increase in the joining area, based on

the squeeze of the heat-affected material and better

surface contact with the joining partner.

For both radiation doses, their maximum strength

was at 10 seconds heating time and at an average con-

tact temperature of around 250°C. Bonten showed for

hot plate welding cross-linked polyethylene, that a

specific temperature leads to maximum weld strength.

An increasing or decreasing of this temperature leads

to lower weld strength [28]. The maximum weld

strength was 53 N·mm–2, with a radiation dose of

33 kGy and a joining pressure of 5 N·mm–2. For

99 kGy, the maximum weld strength was 48 N·mm–2.

An increasing heating time led to the weld strength

decreasing. These weld strengths are lower than the

results of vibration welding radiation cross-linked

polyamide 66. In these investigations weld strength

up to 86 N·mm–2 have been achieved [7]. An expla-

nation for this decrease in the weld strength of in-

frared welded cross-linked polyamide 66 could be

the thermal aging of the material. Figure 6 shows in

the heat affected zone a temperature of 389°C after

a heating duration of 12 seconds. This temperature

could cause a thermal ageing of the material, espe-

cially in conjunction with the oxygen on the surface.

In contrast to the non-cross linked polyamide 66, the

aged material transferring out from the weld line due

to the squeeze flow is impeded. With longer heating

times, the aging in the weld line increases and could

lead to worse adhesion between the joining partner.

A higher radiation dose with possible degradation,

chain scission or oxidation could enhance the effect

of thermal aging.

3.5. Morphology of the weld of cross-linkable

polyamide 66 from infrared welding

The results from the light microscope investigations

into radiation cross-linked polyamide 66 that had

been welded are shown in Figure 11 and Figure 12.
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Figure 11. Transmitted light microscopy upon welding radi-

ation cross-linkable polyamide 66 (photographs’

conditions: linearly polarized light, polarization

axes in the depicted image at 45°): IR heating

time 10 s, 33 kGy (both parts), joining pressure

5 N·mm–2, weld strength 53.1 N·mm–2

Figure 12. Transmitted light microscopy upon welding radi-

ation cross-linkable polyamide 66 (photographs’

conditions: linearly polarized light, polarization

axes in the depicted image at 45°): IR heating

time 15 s, 33 kGy (both parts), joining pressure

5 N·mm–2, weld strength 25.9 N·mm–2, a) detail

view, b) overview



The light microscopic investigations of the tested

samples are shown in Figure 13 and 14. A welded,

cross-linked polyamide 66 with a high weld strength

of 53 N·mm–2 can be seen in Figure 11. The birefrin-

gent regions originating from the center of the spec-

imen are clearly recognizable. These may indicate

orientations of the cross-linked material caused by the

squeeze deformation during the joining process. Fur-

ther, a smooth weld line is visible. In contrast to con-

ventional welds between semicrystalline thermoplas-

tics, no typical flow structures are visible. Figure 12

shows a weld with low weld strength. The size of the

heat-affected material with the birefringent region is

larger than the size of the sample with 10 seconds

heating time and further an increase in the zone to-

wards the edges of the sample is visible. This fact is

due to longer heating times and the lateral radiation

from the metal foil IR emitter, which results in a

higher energy input particularly around the edges.

Additionally, a hole in the wavy weld line is visible.

This may be attributed to the longer heating times

with the material’s resulting aging.

The light microscopy investigations of specimens

after the tensile tests are shown in Figure 13 and Fig-

ure 14. The position of failure during the test was

mostly located in the weld line. For the specimen with

the highest and the lowest weld strength a similar

fracture surface, with a smooth fracture along the

weld line, is visible, Figure 13 and Figure 14. With a

higher joining pressure of 5 N·mm–2 the length of the

weld line increased slightly. The notches of the weld

seam were probably not a starting point for the frac-

ture of the samples. The specimen with a heating du-

ration of 15 seconds shows a fracture across the tem-

perature affected area.
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Figure 13. Transmitted light microscopy upon tensile tests of radiation cross-linkable polyamide 66 (photographs’ conditions:

linearly polarized light, polarization axes in the depicted image at 45°), a) 33 kGy, 5 N·mm–2 , 8 s, b) 33 kGy,

5 N·mm–2, 12 s, c) 33 kGy, 5 N·mm–2, 10 s, d) 33 kGy, 5 N·mm–2, 15 s



4. Conclusions

The results obtained within the framework of the

present research show that radiation cross-linking

significantly affects the processing characteristics of

infrared welding.

Electron beam irradiation led to no significant

changes in the absorption bands in the wavelength

range of a metal foil IR emitter but to alterations in

the softening behavior above the crystallite melting

temperature toward a rubber, elastic state. This state

prevents squeeze flow during heating and, thus, led

to the IR emitter exerting an altered energy input into

the weld line. The energy outflow was impeded by the

lack of squeeze flow and the material remained at a

constant distance from the IR emitter during infrared

heating. This is in contrast to the non-cross-linked

polyamide with an increasing distance from the IR

emitter, based on the melt flow.

For the cross-linked polyamide, the weld temperature

showed a steady increase throughout the joining

process and reached temperatures above the crystal-

lite melting temperature. The resulting contact tem-

perature increases with the heating duration. The melt-

down proved to depend on the cross-linking-induced

residual stiffness above the crystallite melting temper-

ature and the heating time and joining pressure of the

welding process. At higher radiation doses, the de-

gree of cross-linking, and thereby the residual stiff-

ness, increased. This stiffness emerging within the

heat-affected material led to a different meltdown.

With lower rates of cross-linking-induced residual

stiffness, longer heating times, and higher joining

pressures, the meltdown during the joining process in-

creased. With a higher joining pressure the length of

the weld line increases slightly and thus the possible

joining area. Of the investigated parameters, heating

duration and the resulting contact temperature ex-

hibited a significant effect on the weld strength.

If the heating time was too short and the contact tem-

perature was low, the specimens reflected lower val-

ues. Conversely, if the heating time was too long, the

weld strength would also decrease. Around a heating

time of 10 seconds, the maximum weld strength for

the chosen process parameters was reached. A pos-

sible explanation for this effect could be thermal

aging. The specimens with a longer heating duration

exhibited a temperature which could lead to oxida-

tive degradation of the material and subsequently to

lower mechanical properties of the cross-linked ma-

terial. Further investigations should explore this claim.
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Figure 14. Transmitted light microscopy upon tensile tests of radiation cross-linkable polyamide 66 (photographs’ conditions:

linearly polarized light, polarization axes in the depicted image at 45°), a) 99 kGy, 3 N·mm–2, 10 s, b) 99 kGy,

3 N·mm–2, 12 s
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1. Introduction

Vacuum-assisted resin transfer molding (VaRTM)
has attracted attention because of its capability to re-
place the autoclave molding method with a low-cost
composite material molding method [1–3]. Howev-
er, resin impregnation of the VaRTM may be insuffi-
cient due to the inhomogeneity of the fabrics used for
reinforcement [4, 5], resulting in the formation of cav-
ities or voids, which decrease the strength of the final
product [6–8]. The voids formed during the impreg-
nation may be classified as macro-scale voids, meso-
scale voids or micro-scale voids depending on their
size. A macro-scale void is also called a dry spot and
is formed in the domain where the fabric is not im-
pregnated by the resin because of inappropriate mold-
ing conditions [9–11]. A meso-scale void is caused
by inter-bundle air trapping resulting from the differ-

ences between the high value of the intra-bundle resin
velocity and the low value of the inter-bundle resin
velocity [12–14]. A micro-scale void is formed by the
air trapped in the bundles due to the differences be-
tween the low value of the intra-bundle resin flow ve-
locity and the high value of the inter-bundle resin flow
velocity [13, 15, 16].
Various studies have been conducted on the preven-
tion of void formation. To prevent the appearance of
macro-scale voids, various simulations were per-
formed to determine the optimal gate location [17–20].
Unlike the macro-scale voids, meso-scale and micro-
scale voids are caused by the unevenness of the fab-
ric microstructure, which depends on the capillary
number, and numerical models for predicting the void
fraction values have been developed in previous stud-
ies [13, 21, 22]. Park et al. [21] proposed a method
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for predicting the meso-scale and micro-scale void
fractions by calculating the intra-bundle and inter-
bundle flow velocities. Matsuzaki et al. [23] present-
ed a model for predicting the meso-scale void-frac-
tion in the warp and weft directions of anisotropically
woven fabrics. They constructed a model for predict-
ing the amount of void formation based on the void-
formation process observed in the experiment and
compared the void-formation estimation and meas-
urement results. However, these previous studies nei-
ther developed nor validated a prediction model that
takes into account the effects produced by the angle
and velocity of the resin impregnation on void forma-
tion in an anisotropic or any other type of fabric; only
the relationship between the resin flow velocity and
void formation during 1D resin impregnation was in-
vestigated. During resin impregnation in a real struc-
ture, the resin flows through the fabric at an arbitrary
angle and velocity owing to the complexity of the fab-
ric structure and the effects of the resin infusion point.
Therefore, it is necessary to evaluate the amount of
void formation in relation to the impregnation angle
and resin velocity because void formation is thought
to be predicted by estimating the amount of void for-
mation in relation to the resin velocity for impregna-
tion in an arbitrary direction, with the actual impreg-
nation being not just in the warp and weft directions.
In addition, the resin impregnation path through the
microscopic structure of the fabric may change with
the resin impregnation angle, and there may possibly
be an optimal value of the angle that reduces the void
fraction compared to when the resin is injected in the
warp or the weft direction.
The purpose of this study is to evaluate the effect of
the resin impregnation angle in an anisotropic fabric
on the relationship between the amount of voids
formed and the resin velocity. We performed exper-

imental 2D radial-injection VaRTM and investigated
the meso-scale void fraction distribution and the void
formation mechanism for one-layered anisotropical-
ly woven fabrics. Henceforth in this paper, the word
‘void’ refers to a meso-scale void. Based on the ex-
perimental results, we also developed an analytical
model for predicting the void fraction for an arbitrary
resin impregnation angle and velocity, and for deter-
mining the optimal minimum-void angle. The devel-
oped model was validated by comparing its predic-
tions with the experimental results. It should be noted
that because the subject of the present study is plain-
woven fabric, the model presented is for fabric that
has sufficiently large inter-bundle cavities for which
the void fraction can be estimated if the size of the
voids formed in inter-bundle cavities exceeds the
thickness of the fabric.

2. Void observations in the 2D

radial-injection VaRTM

2.1. 2D radial-injection VaRTM

To study the relationship between the resin flow ve-
locity and the void fraction during resin impregna-
tion in a fabric at an arbitrary angle, an experimental
2D radial-injection VaRTM was performed from the
fabric center. Figure 1 shows a schematic of the ex-
perimental device used in this work. A one-layer glass
fabric was inserted between the upper and the bot-
tom glass molds. The circumference of the mold was
sealed with a sealant tape, while the glass mold was
fixed with a vice. Spacers made from a 0.3 mm thick
glass-fiber reinforced plastic were used to adjust the
gap between the glass molds, while the thickness of
the fabric was maintained constant. The pressure in
the vacuum pump was controlled by a pilot-type vac-
uum regulator (Koganei, NVR200-01). Table 1 lists
the material properties of the two fabrics used in the
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Figure 1. A schematic of the 2D VaRTM experiment. (a) Top view: the resin is impregnated radially from the center. (b) Side
view: the fabric is laid between the transparent glass boards. The void fraction and void distribution are observed
by a microscope and a camera.



experiments: M155K104 and M200K104 (Unitika
Glass Fiber; henceforth referred to as M155 and
M200, respectively; see also Figure 2). The fiber bun-
dle of M200 was bigger than that of M155, while the
macroscopic cavity ratio of the former material was
smaller. The material properties of the unsaturated
polyester resin (DH material, Sundhoma PC184-C)
are listed in Table 2. In addition, the impregnation
angle of the resin was set to 0° for the warp direction
of the fabric and to 90° for the weft direction. In Fig-
ure 1a, the resin impregnation direction is denoted
by n. The resin impregnation angle θ was defined as
the angle between the warp direction and the resin
impregnation direction n. The vacuum pressure Pvac

was set to 50 kPa for M155 and 30 kPa for M200 dur-
ing the experiments. In a preliminary experiment,
micro-scale void formation was hardly observed. Vac-
uum pressures under which meso-scale void forma-
tion was likely to be observed were sought out in the

respective fabrics, and the experiments were per-
formed at the appropriate pressure.
To determine the void distribution for an arbitrarily
set resin impregnation angle in the fabric, we used a
camera to photograph the entire material after the
completion of the resin impregnation process. The x
axis and the y axis were defined as the warp and weft
directions, respectively, with the origin at the resin
inlet point. Because the resin impregnation was per-
formed radially it was assumed to be symmetrical,
and the measurements were only conducted in the
domain of x > 0 and y > 0. To evaluate the effect of
the impregnation direction on the relationship be-
tween the resin flow velocity and the void fraction,
the void fraction value was determined at different
impregnation angles. A microscope (Keyence VHX-
900) was used to photograph the fabrics after the
flow front had passed at an arbitrary angle. As shown
in Figures 3, the photographic images were digitally
processed to extract the outline of the voids and meas-
ure the void fraction. The voids are columnar in shape,
thus it was assumed that the 2D void fraction value
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Table 1. Material properties of the fabrics used in this work

Property
Value (SD)

M155 M200

Macroscopic porosity, Φ [%] 19.6 (±0.68) 15.2 (±0.62)
Height of a fiber bundle in the warp direction, hwarp [m] 1.50·10–4 (±0.04·10–4) 1.8·10–4 (±0.04·10–4)
Height of a fiber bundle in the weft direction, hweft [m] 1.10·10–4 (±0.04·10–4) 1.2·10–4 (±0.13·10–4)
Distance between the bundles in the warp direction, lwarp [m] 4.80·10–4 (±0.27·10–4) 4.2·10–4 (±0.26·10–4)
Distance between the bundles in the weft direction, lweft [m] 6.50·10–4 (±0.41·10–4) 6.8·10–4 (±0.38·10–4)
Macroscopic permeability in the warp direction, Kx [m2] 4.01·10–10 (±3.94·10–11) 4.49·10–10 (±1.62·10–10)
Macroscopic permeability in the weft direction, Ky [m2] 5.39·10–11 (±5.73·10–12) 5.61·10–11 (±2.72·10–11)
Width of a fiber bundle in the warp direction, wwarp [m] 5.70·10–4 (±0.16·10–4) 6.9·10–4 (±0.32·10–4)
Width of a fiber bundle in the weft direction, wweft [m] 1.00·10–3 (±0.53·10–4) 1.1·10–3 (±0.49·10–4)
Porosity inside a bundle, φf [%] 48 (±8.1) 48 (±8.1)
Fiber radius r [µm] 4.5 4.5

Figure 2. Fabrics used for the experiments in this work:
(a) M155, (b) M200

Table 2. Material properties of the resin at 25°C
Property Value

Viscosity, µ [Pa·s] 0.169
Product of the surface energy γ and the cosine of the con-
tact angle θc, (cosθc) [Nm]

0.025

Figure 3. A method of measuring the void fraction: (a) voids
observed with a microscope, (b) an image analysis
of the obtained voids to determine the void frac-
tion value



measured by means of the image analysis was equal
to the volumetric void fraction [24].

2.2. Experimental results and discussion

Figures 4 show the resin impregnation and void for-
mation in the microscopic structures of the M200 fab-
ric at impregnation angles of 30 and 75°, respectively.
The domains surrounded by the two warp bundles and
two weft bundles are indicated by the red dotted lines.
For both impregnation angles, the voids formed by
the air trapping between the bundles were due to the
fingering caused by the difference between the inter-
bundle and intra-bundle resin flow velocities. In ad-
dition, the air trapping at the 30° impregnation angle
was due to the completion of the resin impregnation
in the weft bundle after that in the warp bundle. In
contrast, the air trapping at the 75° impregnation angle
was due to the completion of the resin impregnation
in the warp bundle after that in the weft bundle. These
observations confirm that the pattern of the intra-bun-
dle resin impregnation vary with the impregnation
angle. It should be noted that the formation of an un-
dulating flow front is not considered problematic, be-
cause when observed microscopically, it can be re-
garded as impregnation at an oblique angle in the
normal direction of the flow front. Moreover, the resin
impregnation of crimps is extremely fast owing to the
high fiber content and high capillary pressure. Fur-
thermore, because crimps are present in both warp and
weft fiber bundles, there is little impact on the resin
impregnation when voids are shaped.

Figures 5a and 5b show the void distributions in the
M155 and M200 fabrics, respectively. The black points
represent the voids, and the white part corresponds to
the domain of the impregnated resin. The figures
show that it is very difficult for voids to appear at the
minimum-void angle value θmin. The ‘minimum-void
angle’ was obtained by measuring, in the void distri-
bution images, the direction where the void distribu-
tion was the smallest. Moreover, the change in the
void formation pattern occurs at the minimum-void
angle (as observed in Figure 4). From the void distri-
butions, the minimum-void angle θmin was determined
to be approximately 49° for M155 and 53° for M200.
Figures 5c and 5d show the relationships between the
void fractions and the capillary number Ca* for M155
and M200, respectively. The void fraction was meas-
ured at resin impregnation angles of 0, 30, 75, and 90°,
and θmin values of 49° for M155 and 53° for M200.
The results shown in the figure indicate that the void
fraction increases with decreasing the macroscopic
resin flow velocity regardless of the impregnation
angle; this happens because the difference between
the intra-bundle and inter-bundle flow velocities in-
creases with decreasing the macroscopic flow veloc-
ity resulting in an increase in the trapped air volume
[24–26]. In addition, the resin flow velocity at the be-
ginning of void formation (i.e. the flow velocity when
air gets trapped between bundles and voids start to
form) was highest at an impregnation angle of 0° and
lowest at the minimum-void angle θmin for both fab-
rics. The reason for the difference in the velocity of
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Figure 4. Resin impregnation and void formation in the microscopic structure of M200 as observed with a microscope at
impregnation angles of (a) 30° and (b) 75°



void formation depending on the impregnation angle
is attributed to the fact that the time required for
intra-bundle and inter-bundle resin impregnation
varies with the changes in the impregnation path
length. The variation in the length of the intra-bundle
impregnation path is larger than that of the length of
the inter-bundle impregnation distance, as the impreg-
nation angle inclines at an angle ranging from 0 to
90°. Moreover, because the physical properties and
the macroscopic infiltration coefficient of the fiber
bundles differ in the warp and weft directions, the
timing of the void formation varies.

3. Analytical model for the void fraction

prediction

3.1. Void formation

Figure 6 depicts a unit cell of the fabric used for the
development of the void fraction prediction model.
The unit cell is representative of the 2D composition
of the fabric and contains two weft bundles and two
warp bundles. In general, the unit cell was defined
to consist of bundles, crimps, and an inter-bundle
cavity.
The resin impregnation process of the unit cell used
for developing the void fraction prediction model is

shown in Figure 7. The first stage shown in Figure 7a
corresponds to the start of the impregnation process
(0 s, Figure 4a), and the macroscopic flow front reach-
es one of the crimps in the unit cell. At this time, the
macroscopic flow front makes contact with the lower
fiber bundle at the red dotted line shown in Figure 7a.
The resin impregnation thereafter progresses to the
second stage shown in Figure 7b, which corresponds
to the image at 10 s in Figure 4a. At this stage, resin
impregnation in the transverse fiber bundle on the up-
stream side of the unit cell is completed, and the im-
pregnation in the inter-bundle cavity begins as indi-
cated by the red dotted line in Figure 7b. The resin im-
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Figure 5. An observed void fraction distribution in the 2D radial injection VaRTM. The black points indicate voids, and the
red line represents the impregnation angle corresponding to the minimum void fraction: (a) M155, (b) M200. An
experimentally determined relationship between the capillary number and the void fraction at different flow direc-
tions: (c) M155, (d) M200.

Figure 6. A unit cell of the woven fabric used for the void
fraction prediction model



pregnation then progresses to the third stage shown
in Figure 7c, which corresponds to the image at 19 s
in Figure 4a. The intra-bundle resin impregnation in
the unit cell is completed earlier than the inter-bun-
dle impregnation due to the difference between the

respective resin flow velocities. After the completion
of the intra-bundle resin impregnation, the progress
of the inter-bundle impregnation ceases, and the air
trapped in the inter-bundle cavity forms a void. It
should be noted that the inter-bundle impregnation
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Figure 7. Stages of the resin impregnation in the unit cell: (a) Phase 1. Impregnation begins in the unit cell; the mechanism
of the transverse bundle impregnation is shown. (b) Phase 2. After the completion of the transverse bundle im-
pregnation, the resin impregnation of the inter-bundle cavity begins. (c) Phase 3. The intra-bundle resin impreg-
nation is complete, and the air trapping process begins.

Figure 8. Descriptions of the impregnation paths in the unit cell: (a) Pattern 1, (b) Pattern 2



path was modeled as the impregnation of the up-
stream transverse bundle and the impregnation of the
inter-bundle cavity surrounded by fiber bundles.
Based on the void formation pattern for each impreg-
nation angle in Figure 4, the impregnation paths were
determined for Patterns 1 and 2 corresponding to the
small and large impregnation angles, respectively, as
shown in Figure 8. Detailed impregnation path mod-
eling for each pattern will be performed in Sections
3.2 and 3.3.

3.2. Intra-bundle impregnation path

An intra-bundle resin flow velocity for each bundle
(warp or weft) is defined by Equation (1), which is
based on the Darcy’s law with an additional term for
the capillary pressure gradient [21, 25]:

(1)

where μ is the viscosity of the resin, Pc is the capillary
pressure in the intra-fiber bundles, φcr is the crimp
porosity, ∆l is the intra-bundle impregnation dis-
tance. ∂P/∂naxis denotes the macroscopic pressure gra-
dients in the warp and weft bundle directions defined
by Equations (2) and (3), respectively:

(2)

(3)

where ∂P/∂n is the macroscopic pressure gradient in
the resin impregnation direction. k is the permeability
of each warp and weft bundle depending on the crimp
permeability [27]. The crimp permeability is deter-
mined by the ratio of the longitudinal fiber bundle
thickness to the transverse bundle thickness as shown
in Figure 9a as well as the by the permeabilities of the

warp and weft bundles in both directions (Equa -
tion (4)):

(4)

where h║ and h┴ are the heights of each bundle in the
bundling and transverse directions, respectively, and
k║ and k┴ are the permeabilities of the fiber bundles
in the axial and transverse directions determined by
the Gebart model as expressed by Equations (5) and
(6) [28]:

(5)

(6)

where rf is the radius of the fiber filament, and C║,
C┴, and Vf max are the shape functions. The fibers are
assumed to be hexagonally arranged; hence, C║ =
53, C┴=16/(9�√

–
6), and Vf max = �/√

–
6. In addition, the

fabric section corresponding to the gap between the
molds is homogenized to form the 2D model shown
in Figure 9b. φcr is the average porosity of the gaps
between the molds in the crimps defined by Equa-
tion (7):

(7)

where H is the height of the gap between the molds,
and φf is the porosity of the fiber bundles. It should
be noted that the porosity of the fiber bundles is as-
sumed to be the same in both directions [23, 24].
In addition, the capillary pressure in Equation (1) is
determined using the Young-Laplace equation rep-
resented by Equation (8) [29]:

(8)
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Figure 9. An effect of the thickness in the bundling direction on the superficial intra-bundle zone: (a) a realistic model, (b) an
ideal model



where γ is the surface tension of the resin, C is the
geometric correction factor, θc is the contact angle be-
tween the resin and the fibers, and rc is the capillary
radius of the fiber bundles specified by Equation (9).
The geometric correction factor C is obtained by fit-
ting the data from the measurement results in the void-
fraction experiments with the results acquired using
the estimated model. The average porosity in the gaps
between the molds φ is defined by Equation (10):

(9)

(10)

where h is the height of the bundles in the warp or
weft direction.
The intra-bundle impregnation distance ∆l is different
for Patterns 1 and 2 as indicated by the yellow ar-
rows in Figure 8. Although both longer and shorter
intra-bundle impregnation paths exist, the longer im-
pregnation path was used to calculate the intra-bun-
dle impregnation distance because it determines the
intra-bundle impregnation time. Moreover, it was as-
sumed for simplicity that the two intra-bundle impreg-
nation fronts contact each other at the middle point
of the downstream transverse bundle. The intra-bun-
dle impregnation distances for the two patterns are
determined by Equatios (11) and (12):

Pattern 1: θ < θmin

,  (11)

Pattern 2: θ > θmin

, (12)

By integrating Equation (1), the intra-bundle impreg-
nation time function ∆t defined as the time required
for the resin to cover a distance ∆l in each warp and
weft bundle was determined as shown by Equa-
 tion (13):

,

(13)

Because the ∂P/∂naxis is 0 at an impregnation angle
of 90° for the impregnation of the warp bundles and
at an impregnation angle of 0° for the impregnation
of the weft bundles, the intra-bundle impregnation
time at the respective angles is denoted by Equa-
tion (14):

,  (14)

The warp impregnation time ∆twarp and the weft im-
pregnation time ∆tweft are obtained by substituting
the material properties of each bundle, namely the
macroscopic pressure gradient in each bundle direc-
tion (Equations (2) and (3)), and the impregnation
distances for each bundle (Equations (11) and (12))
into Equations (13) and (14), respectively. The total
intra-bundle resin impregnation time ∆ttotal is speci-
fied by Equation (15):

(15)

The intra-bundle impregnation time increases with
the impregnation angle for Pattern 1, whereas the re-
verse is true for Pattern 2. The minimum-void angle
θmin is an angle, at which the relationship between
the lengths of the intra-bundle resin impregnation
times in Patterns 1 and 2 is reversed. In other words,
an angle that satisfies the following equation is the
minimum-void angle θmin (Equation (16)):

(16)

where ∆t1 and ∆t2 are the intra-bundle impregnation
times for Patterns 1 and 2, respectively.

3.3. Inter-bundle impregnation path and void

formation

Assuming that the resin flow velocity through the
inter-bundle cavity is the same as the macroscopic
flow velocity, the macroscopic resin flow velocity Un
in the inter-bundle cavity in the impregnation direc
tion can be expressed by Equation (17) based on the
Darcy’s law:

(17)

where Kn is the permeability in the resin impregna-
tion direction, and Φn is the sectional porosity of the
fabric at the mold gap in the resin-impregnation di-
rection. The subscript n denotes the resin impregna-
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tion direction at the flow front. Considering the
minuteness of the unit cell, if the resin flow velocity
during the resin impregnation in the inter-bundle
cavity is constant, the resin impregnation time in the
inter-bundle cavity at an arbitrary angle ΔTinter can
be expressed as Equation (18):

(18)

where L is the length of the inter-bundle cavity in the
flow direction, and lwarp and lweft are the distances
between the fiber bundles in the warp and weft di-
rections, respectively (see Figure 6).
In addition, the resin impregnation of the inter-bun-
dle cavity begins after the completion of that in the
upstream transverse bundle shown in Figure 7b, and
the impregnation time for the upstream transverse
fiber bundle is added to the impregnation time for the
inter-bundle path. As shown in Figure 7a, the resin
impregnation of the transverse bundle begins at the
two crimps (with an intra-bundle velocity ubundle) and
proceeds at the boundary between the upstream inter-
bundle cavity and the transverse bundle (with a macro-
scopic velocity Un). Knowing the flow volume and
the transverse bundle width, the impregnation time
∆Tbundle of the transverse bundle can be determined
by Equations (19) and (20):

(19)

where 

(20)

Here wbundle is the width of the transverse bundle, and
ubundle can be calculated using Equation (1). From
Equations (18) and (19), the total inter-bundle impreg-
nation time ∆Ttotal can be obtained (Equation (21)):

(21)

Assuming the regularity and continuity of the unit
cell, the mean value of the void fraction Vv of the unit
structure can be determined by Equation (22) [22]:

(22)

where Φ is the macroscopic porosity of the fabric ob-
tained from the ratio of the inter-bundle domain to the
whole fabric area. The macroscopic porosity is ob-
tained by measuring the ratio occupied by inter-bun-
dle cavities by analyzing images of the fabric taken
from above.

4. Validation of the analytical prediction model

4.1. Void distribution

The prediction model was applied to determine the
void fraction. The material properties of the fabrics
and resin used in this model are given in Tables 1 and
2. From fitting the experimental data, the geometric
correction factor C for the capillary pressure was cal-
culated to be 2.4 for M155 and 1.4 for M200. In ad-
dition, a resin infusion point radius r0 of 0.003 m and
a gap between the molds H of 0.0003 m were used for
the model calculations. The macroscopic resin flow
velocity and the pressure gradient values were cal-
culated analytically (see Appendix A).
Using Equation (16), the minimum-void angle θmin

in the prediction model was determined to be 53° for
M155 and 56° for M200. Little deviations exist be-
tween the minimum-void angle values obtained by
the prediction model and those determined by the ex-
periment (49° for M155 and 53° for M200) for both
fabrics. The difference between the impregnation an-
gles is very small for the elliptical shape indicating
that the minimum-void angle θmin predicted by the
model is in good agreement with the experimentally
determined value. Figures 10 show the predicted void
distributions for M155 and M200 demonstrating that
void formation in the direction of the minimum-void
angle is very difficult, and that the void distribution
changes at the boundary of the minimum-void angle
for both fabrics. This is in agreement with the exper-
imental observations presented in Figure 5a and 5b.

4.2. Relationship between the void fraction

and the macroscopic resin flow velocity

The analytically obtained curves of the void fraction
as a function of the logarithm of the resin flow veloc-
ity for both fabrics are shown in Figures 11a and 11b,
where the experimental results are also presented for
comparison. The obtained theoretical and experimen-
tal results are in good agreement, thus validating the
void fraction prediction model described in this work.
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The curves of the void fraction as a function of the
resin impregnation angle for both fabrics at a con-
stant resin flow velocity are shown in Figures 11c and
11d. Capillary number Ca* = 0.00142 and 0.000406
were used for M155 and M200, respectively. Due to
a very low value of the resin flow velocity, the exper-
imental results for M200 were not measurable at im-
pregnation angles of 0 and 30°. At constant resin flow
velocities, the void fraction was the largest at an im-
pregnation angle of 0° for both Patterns 1 and 2 and
smallest at the minimum-void angle value. The devi-
ation between the results predicted by the model and

experimental results was due to experimental varia-
tion and the model being constructed with simplified
fabric. However, as the void-formation trends could
be reproduced, we think that it is useful for the con-
structed void-formation prediction model. The reason
why the deviation between the experimental and the-
oretical values is large in places is thought to be that
the impregnation differed from the ideal situation be-
cause of disordered impregnation caused by the creas-
es and wrinkles of the fabric. Moreover, because the
measured area was small, the difference between the
void formation and non-formation increased. Further-
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Figure 10. Void distributions produced by the single-point resin injection into the woven fabric determined by the void frac-
tion prediction model: (a) M155, (b) M200

Figure 11. A comparison of the theoretical and experimental results. A relationship between the capillary number and the
void fraction for different flow directions in (a) M155 and (b) M200. Void fraction as a function of the angle be-
tween the flow direction and the fiber orientation at a constant flow velocity in (c) M155 and (d) M200.



more, deviations also occurred because the model for
the present study was simplified and omitted the ef-
fect of the impregnation time for the crimps and per-
pendicular tilts and twists of the fiber bundles.
Nonetheless, because as a trend the relationship be-
tween the impregnation angle and capillary number
were virtually consistent between the experimental
and predicted results, we consider the proposed
model to be useful for predicting void formation.

5. Conclusions

Experimental 2D radial-injection VaRTM was per-
formed using two types of an anisotropic plain-
woven fabric. The void distributions during resin im-
pregnation were obtained. We determined the rela-
tionship between the void fraction and the resin flow
velocity for an impregnation direction inclined at an
arbitrary angle to the fiber-bundling direction. Void
formation was also demonstrated to be a function of
the resin impregnation angle in the microscopic struc-
ture of the fabric. Our observations reveal that void
formation varies with the resin impregnation angle
and is minimized at the minimum-void angle, which
corresponds to the border between the two void for-
mation patterns. Based on the variations in the void
formation pattern with the resin impregnation angle
in the microscopic structure of the fabric, a theoret-
ical model was developed for predicting the void frac-
tion value at arbitrary values of the resin impregna-
tion angle and velocity in the anisotropic fabric. This
model can also be used to predict the minimum-void
angle values, for which void formation is minimized.
The model predictions were compared with the ex-
perimental results indicating a good agreement be-
tween them.
For simplicity, the present study was devoted to void
formation in a single fabric layer. However, a realis-
tic composite structure contains multiple layers, which
may induce air trappings between the layers in ad-
dition to those existing within the layers. Therefore,
further studies are required to develop an analytical
model for predicting void formation in multiple lay-
ers. The proposed model would necessarily consider
spatial uncertainties in mesoscale structures caused
by overlapping layers.

Appendix A.

Derivations of the macroscopic resin flow

velocity and pressure gradient parameters

for elliptical resin impregnation

The experiments in this study were related to the 2D
radial-injection VaRTM, in which the resin was in-
fused from the center of the fabric and impregnated
in the radial direction, as shown in Figure 1a. There-
fore, the macroscopic resin flow velocity and the pres-
sure gradient for elliptical resin impregnation param-
eters were derived for a comparison with the exper-
imental results.
The 2D pressure governing equation for the resin im-
pregnation by one-point injection can be obtained
from Equation (A.1) [30, 31]:

(A.1)

where Kx and Ky are the macroscopic permeabilities
in the x and y directions, respectively (taking into con-
sideration the sectional porosity).
By using the quasi-isotropic distances x– and y– deter-
mined by Equation (A.2), the domain in Equa -
tion (A.1) was modified into the quasi-isotropic one
expressed by Equation (A.3) for a pressure field:

(A.2)

(A.3)

By converting Equation (A.3) into polar coordinates,
an ordinary differential equation containing a quasi-
isotropic radius r– is obtained (Equation (A.4)):

(A.4)

where the quasi-isotropic radius r– is defined by
(Equation (A.5)):

(A.5)

From Equation (A.4), the quasi-isotropic macro-
scopic pressure gradient is obtained for the boundary
condition P = 0 at a flow front r– = r–f and P = Pvac at
an injection point r– = r–0 as Equation (A.6):

(A.6)
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where r–0 is the quasi-isotropic injection point deter-
mined by Equation (A.7) for an injection point ra-
dius r0 and an angle φ formed by the center point:

(A.7)

The quasi-isotropic permeability K– in the resin im-
pregnation direction can be calculated by using Equa-
tion (A.8), whereas the quasi-isotropic resin flow ve-
locity U– is defined by Equation (A.9):

(A.8)

(A.9)

Using the quasi-isotropic resin flow velocity calcu-
lated earlier, the real resin flow velocity value can
be obtained. The coefficients used to convert the
quasi-isotropic resin flow velocities in the x and y
directions into the real flow velocities are (Kx/Ky)1/4

and (Ky/Kx)1/4, respectively, whereas the tensor cK

used to convert the quasi-isotropic resin flow veloc-
ity into the real flow velocity at an arbitrary impreg-
nation angle is defined by Equation (A.10):

(A.10)

The real resin flow velocity for an arbitrary angle in
terms of the tensor cK can be determined using Equa-
tion (A.11):

(A.11)

where c is the transformation matrix. From Equa-
tion (A.11), the real resin flow velocity Un in the resin
impregnation direction can be expressed as Equa-
tion (A.12):

(A.12)

Here the permeability Kaniso and flow velocity Uaniso

values at an arbitrary angle in anisotropic fabrics are
expressed using the macroscopic pressure gradient
of the resin impregnation direction ∂P/∂n [32] (Equa -
tions (A.13) and (A.14)):

(A.13)

(A.14)

Assuming that the real resin flow velocity Un is the
same as the flow velocity Uaniso in the flow direction,
∂P/∂n can be expressed as Equa tions (A.15):

(A.15)
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