
Hydrogen bonds are by far not the strongest interac-
tions in chemistry – they are about 10 times weaker
than the covalent bonds between the atoms but still
some 3–5 times stronger than the van der Waals
forces. While the establishment of covalent or ionic
bonds results in creation of new compounds differ-
ing in their chemical composition, the H-bonding is
responsible for the formation and preservation of
the 3-D shape of molecules, particularly in the case
of macromolecules, and thus determining to a great
extent the functional properties of the latter. For
example, the double helical structure of DNA is due
largely to H-bonding, similarly to the secondary
structures of proteins. This type of bond occurs also
in inorganic molecules, such as water and it is the
main reason for the peculiar properties of water.
Many polymers are strengthened by hydrogen
bonds in their main chains. Among the synthetic
polymers the best known example are polyamides,
while the greatest effect observed is in aramide
fibre. H-bonds are also important in the structure of
cellulose and derived polymers in its many different
forms in nature, such as wood and natural fibers
(cotton and flax).
Hydrogen bonding in polymer blends is a topic of
great interest to polymer scientists because such
systems have many potential applications. For exam-
ple, introducing functional groups to one compo-
nent to make it capable of forming hydrogen bonds
to another, thereby enhancing miscibility of other-
wise immiscible blends, is one of the major achieve-

ments during the past 20 years of polymer science,
as stated in a recent review on hydrogen bonding in
polymer blends (DOI: 10.1002/pola.22632).
The H-bonding, as reported recently (DOI: 10.3144/
expresspolymlett.2011.46), represents a powerful
instrument for creating a desired final nano-mor-
phology during the conversion of bulk polymers
into nano-sized materials. It was established that
this morphology is of two basic types: (i) as indi-
vidual not interconnected smooth nanofibrils, or
(ii) as 3-D nanofibrillar nanoporous network. The
first type is realized when in the starting polymer
blend no H-bonding exists, and the second type –
when H-bonds between the blend partners are
formed. What is more, via suppressing the H-bond-
ing in the second case it is possible to obtain the
first type of nano-morphology, i.e. not intercon-
nected individual nanofibrils.
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1. Introduction
Owing to the fact that the field of polymers has a
wide range of applications compared to any other
class of materials available to mankind, polymer
industry has grown up more rapidly than any other
industry in recent years. Their applications extend
from adhesives, coatings, packaging to precursors
for high-tech ceramics. The first potential use of
polymer as an electrolyte material was examined by
Wright and Armand in 1970s which paved the growth
of a new area of research called ‘Polymer elec-
trolytes’. Polymer electrolytes are essentially poly-
mer-salt complexes formed by dissolving salts in a
polymer matrix containing heteroatoms such as O,
N, S, etc.
Polymer electrolytes are known to exhibit several
advantages like flexibility, ease of thin film forma-

tion and good mechanical stability over liquid elec-
trolytes which are deemed to be hazardous as they
may leak, produce undesirable gases on overcharg-
ing and even explode. Even though battery technol-
ogy was developed one hundred years ago, the
search for new materials possessing better perform-
ance, high energy density and extended cycles of
rechargeability has only been the main subject of
considerable attention, whereas the use of non-toxic
and non-hazardous surrogate materials has not yet
been systematically developed [1].
Most of the experimental research work on polymer
electrolytes carried out towards development of
lithium polymer batteries was based on poly (ethyl-
ene oxide) (PEO) with various inorganic salts dis-
solved within its matrix. A few attempts have already
been made on biodegradable natural polymers such
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as cellulose acetate (CA) [2], starch [3], gelatin [4]
and chitosan [5] and biodegradable synthetic poly-
mer such as poly (vinyl alcohol) (PVA) [6] which
are being used as polymer hosts for obtaining new
polymer electrolytes for their applications in vari-
ous electrochemical devices such as batteries, sen-
sors and electrochromic windows.
It is worthwhile to mention that poly-!-caprolac-
tone (PCL) is a linear aliphatic semicrystalline ther-
moplastic polyester having a low melting point of
around 60°C and a glass transition temperature of
about –60°C which may be completely degraded in
the presence of microbes or aqueous medium by the
hydrolysis of ester bonds [7] and its mechanical
property is good as well. As a consequence, PCL is
now enjoying a wide range of application from pack-
aging to biomedical implants [8]. A very few
researchers have attempted to fabricate compostable
battery systems using biodegradable polymer elec-
trolyte with PCL as polymer host [9–13].
Although lithium ion battery has several advan-
tages, safety and environmental issues associated
with lithium ion battery cannot be ignored [14].
Zinc would be a good alternative for lithium since
the sizes of Li+ and Zn2+ ions are comparable and
safety problems associated with zinc are minimal
and hence may be handled easily. From the litera-
ture survey it is quite evident that studies on solid
polymer electrolytes related to zinc batteries are
scanty [15–18].
Thus in this paper, the biodegradable polymer PCL
has been used to prepare a new series of zinc ion
conducting polymer electrolytes in order to replace
traditional polymer electrolytes which are more
harmful to the environment.

2. Experimental
2.1. Materials and method
PCL with Mn = 80 kDa and zinc trifluoromethane-
sulfonate Zn(CF3SO3)2 (zinc triflate, ZnTr) with
Mw = 363.53 g/mol were procured from Sigma-
Aldrich, USA. ZnTr was dried at 100°C for an hour
prior to use as the incorporating salt, while PCL
was used, as received. Zinc ion conducting polymer
electrolytes consisting of PCL complexed with
ZnTr in various composition were prepared by
solution casting technique. Appropriate amounts of
polymer and salt with various PCL:ZnTr ratio in
wt% were dissolved in a common solvent namely
tetrahydrofuran (THF). The mixtures were stirred

continuously for several hours at room temperature
in order to obtain homogenous viscous solutions.
Such solutions were then cast into different glass
petri dishes and maintained at 50°C for THF to
evaporate and then vacuum dried at 50°C for 15 h.
The films were further dried slowly at room tem-
perature inside a desiccator for 2 days to remove
any traces of solvent. Self-standing translucent films
were obtained up to 25 wt% loading of salt, beyond
which the films were no longer mechanically sta-
ble. The average thickness of the films measured by
air wedge technique was around 60–70 µm.

2.2. Characterizations
FTIR spectroscopy has been employed to investi-
gate molecular level interactions occurring between
the polymer-host and salt system. The spectra were
recorded on neat film in the transmission mode at
room temperature using a Perkin-Elmer RX1 spec-
trophotometer with a wavenumber resolution of
4 cm–1 over the wavenumber range 4000–500 cm–1.
AC impedance measurements were carried out in
the frequency range 1 MHz–20 Hz with an excita-
tion signal of 500 mV using a computer-controlled
Hewlett-Packard Model HP 4284A Precision LCR
Meter in the temperature window 25–50°C. The poly-
mer electrolyte films were sandwiched between two
polished stainless steel (SS) disks and such sym-
metrical cells involving blocking interfaces with the
configuration – [SS/polymer electrolyte/SS] were
used for impedance measurements.
X-ray diffraction measurements were performed
using a Bruker D8 Advance diffractometer equipped
with monochromatic Cu K# radiation (! = 1.54 Å) at
40 kV and 30 mA with a step size of 0.1° from 10–
80° at room temperature. Thermal behavior of the
polymer electrolytes was analyzed using a differen-
tial scanning calorimeter by using NETZSCH DSC
204. The samples were heated in closed aluminum
pans under nitrogen atmosphere to 90°C, cooled to
–90°C and then heated to 90°C at a heating rate of
10°C/min. The thermograms corresponding to sec-
ond heating were recorded and used for analysis.
Surface morphology of the samples was character-
ized at room temperature by means of a Hitachi S-
3400 model scanning electron microscope at 15 kV.
The samples were coated with a thin layer of gold
by vacuum sputtering for 20 s in order to prevent
electrostatic charging.
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The electrochemical stability window of the pre-
pared polymer electrolyte was determined by linear
sweep voltammetry (LSV) employing inert stain-
less steel disc as working electrode and zinc metal
plate as reference and counter electrodes. The Zn/
polymer electrolyte/SS cell was constructed and
utilized at a scan rate of 10 mV/s from 0 to 5 V vs.
Zn/Zn2+. The reversibility of Zn plating/stripping at
room temperature has been verified by cyclic voltam-
metry at a scan rate of 10 mV/s using the symmetric
Zn/polymer electrolyte/Zn cell configuration from -
1.5 to +1.5 V. Prototype Zn|polymer electrolyte|
MnO2 cell has also been fabricated based on the
prepared polymer electrolyte and its discharge char-
acteristics has been tested.

2.3. Preparation of
Zn|polymer electrolyte|MnO2 cell

The manganese dioxide cathode was prepared using
battery grade $-MnO2 (electrolytic manganese diox-
ide, EMD). A mixture of EMD (80 wt%), graphite
powder (10 wt%) and polymer electrolyte (10 wt%)
as a binder was taken in a mortar and ground together
along with a small amount of acetone and then the
slurry was applied onto a nickel grid. The nickel
grid was subjected to degreasing in NaOH solution
and etching in dilute HCl, prior to use. The nickel grid
along with the slurry was heated at 80°C for about
5 min and then pressed at a pressure of 250 MPa.
Polymer electrolyte film was sandwiched between
this MnO2 cathode and zinc foil. The open-circuit
voltage was measured without any load, and short
circuit current was measured when the cell was
short-circuited whereas, the discharge characteris-
tics of the cell were monitored under a constant
load of 1 M% with the aid of a digital voltmeter and
ammeter, connected parallel and in series to the
load, respectively.

3. Results and discussion
In this study, FTIR spectroscopy has been used to
confirm the coordination or the complexation of the
dopant salt with the host polymer. Figure 1 shows
the FTIR spectra recorded at room temperature in
the case of PCL:ZnTr complexes with various weight
ratios.
In the case of pure polymer PCL, the carbonyl
(C=O) group absorption region appears at 1800–
1650 cm–1 and is highly sensitive to ionic interac-
tions. Since the carbonyl group is a strong electron

donor within this polyester-based polymer elec-
trolyte, zinc ion tends to coordinate with oxygen atom
of carbonyl group [19]. In addition to a peak at
1720 cm–1 for pure PCL, a shoulder peak at around
1650 cm–1 appears upon addition of salt and grows
on increasing the salt concentration as shown in
Figure 2 which confirms the formation of PCL:ZnTr
complex or the successful doping of the biodegrad-
able polymer, PCL.
In general, on dissolution of salt into polymer, oxy-
gen atom of triflate remains uncoordinated or either
coordinated with Zn2+. While coordinating with
Zn2+ ion, the asymmetric stretching of SO3 seen at
1274 cm–1 corresponding to the free triflate, splits
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Figure 1. FTIR spectra recorded at room temperature for
PCL:ZnTr complexes with various compositions

Figure 2. The C=O stretching region of PCL:ZnTr complex
with different compositions showing the growth
of a shoulder peak at 1650 cm–1 corresponding to
Zn2+ ion interaction



into two components at 1313 and 1241 cm–1 [20].
Thus, the overlapping complex spectra in the region
1350–1200 cm–1 implies the presence of contact ion
pair and ion aggregates in addition to free triflate
ions even at lower concentration of salt. A peak at
1033 cm–1 is observed in all the spectra of polymer-
salt complexes and it is attributable to the symmet-
ric stretching vibration mode of SO3 which come
from free triflate ions [21]. Since the area under
peak is representative of abundance of that particu-
lar entity, the observed increase in peak intensity
and area at 1033 cm–1 with progressive addition of
salt from 0 to 25 wt% directly indicates an increase
in the number of free triflate ions as shown in Fig-
ure 3. The peak at 640 cm–1 corresponding to the
bending of CF3 and SO3 groups and CS symmetri-
cal stretching also increases with the increase in the

salt concentration thus confirming the above fact. In
addition, characteristic peaks of PCL are observed at
1172, 1238, 1292, 1165, 1190 and 960 cm–1 corre-
sponding to symmetric and asymmetric COC stretch-
ing, C–O and C–C stretching in crystalline and amor-
phous phases, OC–O stretching and CH2 rocking
respectively.
Nyquist plots of PCL incorporated with different
concentrations of ZnTr at room temperature are
shown in Figure 4a and 4b.
Nyquist plot of each sample shows two well defined
regions. The high frequency semicircle represents
the relaxation process associated with the bulk of
the polymer electrolyte which can be viewed into a
parallel combination of bulk resistance and bulk
capacitance arising from the migration of ions and
immobile polymer chains polarized by the applied
field respectively. The centre of the semicircle is dis-
placed below the x-axis with more than one relax-
ation time of the ions in the polymer electrolyte.
The low frequency spike represents the built-up of
charges resulting from the polarization at the elec-
trode/electrolyte interface and is supposed to be
parallel to the imaginary axis, but in this case, the
spike is found to be inclined making an angle with
the imaginary axis and is related to the double layer
formation at the blocking electrodes [22].
From the literature survey, the conductivity of the
pure PCL at room temperature is found to be
1.86"10–11 S/cm [10]. The conductivity of PCL-
ZnTr complex increases to 2.3"10–8 upon a addition
of 5 wt% of the salt and it is observed that the value
of conductivity increases with the increase of salt
content and reaches a maximum of 8.8"10–6 S/cm
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Figure 3. Area under the peak at 1033 cm–1 owing to free
triflate ion as a function of salt concentration over
the range 0 to 25 wt%

Figure 4. Nyquist plots obtained at room temperature for the complex PCL:ZnTr with (a) 5, 10 and 15; (b) 20 and 25 wt%
loading of the salt



for 25 wt% loading of the salt which is five orders
of magnitude higher than that of the reported value
of conductivity of pure PCL. A plot of variation of
ionic conductivity against salt concentration is
given in Figure 5 showing the increasing trend in
the value of conductivity of the PCL-ZnTr complex
with increase in the salt content at room tempera-
ture (25°C).
The salt concentration dependence of dielectric
constant ("&) at different frequencies is plotted in
Figure 6. Since the dielectric constant is a direct
measure of the number density of ions, the increase
in the dielectric constant values may be related to
the increase in the number of charge carriers avail-
able for conduction [13]. With the increase in the

frequency of measurement, "& is found to decrease
and this aspect may be due to the fact that the peri-
odic reversal of the applied field is so rapid that
Zn2+ ions could not diffuse in the direction of the
electric field and hence could not contribute to the
increase in the value of the dielectric constant. It is
also found that the observed dielectric constant
increases with increase of salt concentration and
hence the number of ions for conduction increases
as confirmed from the present FTIR studies.
Figure 7 shows the linear dependence of logarithm
of ionic conductivity of PCL:ZnTr complex with
25 wt% loading of the salt on inverse of tempera-
ture and follows an Arrhenius-type thermally acti-
vated process. Hence, it may be inferred that Zn2+

ions are transported via the hopping mechanism
which could be explained on the basis of Equa-
tion (1):

                                         (1)

where #0 is the pre-exponential factor, Ea the activa-
tion energy, k the Boltzmann constant and T is the
temperature. The activation energy (Ea) has been
calculated by considering the slope after linear fit-
ting the data and is found to be 0.54 eV.
Figure 8 depicts the room temperature XRD pat-
terns of PCL:ZnTr complexes with different weight
ratios. The XRD pattern of pure PCL illustrates
three strong diffraction peaks at 2$ = 21.4, 22 and
23.7° which correspond to the orthorhombic [23]
planes (110), (111) and (200) and a halo centered at
21° indicating that the film is semicrystalline com-
prising both crystalline and amorphous phases.

s 5 s0exp a 2 Ea

kT
bs 5 s0exp a 2 Ea

kT
b
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Figure 5. Variation of ionic conductivity with respect to salt
concentration in the region 0 to 25 wt% at room
temperature (25°C)

Figure 6. Variation of dielectric constant with respect to salt
concentration at four different frequencies of
measurement namely 10, 5, 1 kHz and 100 Hz
repectively

Figure 7. Ionic conductivity as a function of temperature
for PCL:ZnTr with 25 wt% loading of the salt



Upon addition of ZnTr salt, the intensity of diffrac-
tion peaks corresponding to the crystalline phases
decrease due to the transformation of crystalline
into amorphous phases thus indicating the complex-
ation of salt and polymer. Since the conductivity is
supported by the amorphous phase of the polymer
electrolyte, the result inferred from XRD is in good
agreement with the conductivity measurements.
The average crystallite size of the polymer com-
plexes has been calculated from the full-width-half-
maximum (FWHM) using the Scherrer’s formula
(Equation (2)):

                                                  (2)

where ! is the wavelength of the X-ray used which
is 1.5406 Å, % the FWHM of the peak and $ is the
Bragg diffraction angle. The average crystallite size
of the nanocrystals is found to be in the range of
42.6–30 nm. The fact that, no peaks corresponding
to the salt are seen in the XRD patterns of
PCL:ZnTr complexes tends to confirm the com-
plete dissolution of the salt into the chosen polymer
matrix [13].
The crystallinity of the sample has been calculated
by deconvoluting peaks due to amorphous and crys-
talline phases on diffraction pattern [24] using peak
separation software Origin Pro 8 and according to
Equation (3):

                                                       (3)

where Ic represents the total crystalline area under
21.4, 22 and 23.7° and Ia represents amorphous area

under the halo at 21°. The deconvoluted XRD pat-
tern of pure PCL is shown in Figure 9. The calcu-
lated value of degree of crystallinity is found to
decrease from 44.3 to 27.8% while increasing the
ZnTr salt content from 0 to 25%.
Thermograms of PCL:ZnTr complexes with differ-
ent weight ratios are given in Figure 10. Pure PCL
showed a phase transition at –63.3°C, which is
attributed to the glass transition temperature (Tg).
The backbone chain of PCL exhibits a higher flexi-
bility characterized by a low glass transition tem-
perature [25] and requires low activation energy to
allow any conformational changes within the poly-
mer, satisfying the basic criteria to use a polymer as
a host material to prepare polymer electrolytes.
Upon addition of ZnTr salt, the interaction of salt
with polymer hinders bond rotation and therefore,
stiffens the polymer chain thereby increasing the

xc 5
Ic

Ic 1 Ia

C 5 0.94
l

bcosu
C 5 0.94

l

bcosu

xc 5
Ic

Ic 1 Ia
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Figure 8. XRD patterns of different compositions of
PCL:ZnTr complexes

Figure 9. Deconvoluted XRD pattern of pure PCL showing
Gaussian fittings of (110), (111), (200) and halo

Figure 10. DSC thermograms of different compositions of
PCL:ZnTr complexes



value of Tg to a maximum of –57.3 for 25 wt%
loading of salt.
In the case of pure polymer, a sharp endotherm
observed at 55.3°C may be attributed to the melting
of crystalline phase of relatively larger spherulites
associated with the semicrystalline polymer. With
the addition of 5 wt% of salt, the melting peak shifts
to 54.7°C which is due to the complexation occur-
ring between the salt and polymer. With further
increase of salt content within the polymer elec-
trolyte, the melting peak shifts towards lower tem-
perature and reaches a minimum of 50.6°C for
25 wt% loading of salt may be due to the increase in
the percentage of complexation between the poly-
mer and salt as confirmed by analyzing the car-
bonyl stretching region of FTIR spectra which in
turn increases the disorder of the crystalline phases.
The enthalpy of melting of the polymer complexes
decreases with the progressive increase of salt con-
tent and is a confirmation of increase in the amor-
phous phase or disorder within the crystalline phase
of the polymer electrolyte. The relative degree of
crystallinity has been calculated as the ratio of
enthalpy of fusion of polymer electrolyte ('Hm) to
enthalpy of fusion of hypothetical crystal of of PCL
('H0

PCL). From the literature, the value of 'H0
PCL is

found to be 136 J/g [26]. The degree of crystallinity
is found to decrease from 45.2 to 31% while increas-
ing the salt content from 0 to 25%. In all the sam-
ples, the degree of crystallinity calculated from DSC
is slightly greater than that of the crystallinity cal-
culated from XRD due to the possibility of recrys-
tallization during DSC measurements [27].
All the prepared samples were analyzed using scan-
ning electron microscopy (SEM) in order to study
the surface morphology of these polymer elec-
trolytes. Figure 11a-c shows the SEM images of the
PCL:ZnTr complex for 0, 15, 25 wt% loading of the
salt. It is interesting to note that pure PCL polymer
film exhibits the spherulite texture with individual
spherulite sizes in several thousands of micrometer
in diameter with spherulites occurring via sporadi-
cal nucleation and growing radially until they impose
upon each other at straight boundaries [28] as can
be seen from Figure 11a which is a characteristic of
a semi-crystalline polymer. The surface of the film is
comparatively rough with spherulites closely packed
with each other.  Upon addition of salt the spherulite
size significantly reduces with the increase in the

number of spherulites. On further increase in the
amount of salt content in the polymer-salt complex,
the surface becomes smoother with the appearance
of amorphous phases and boundaries become clearly
visible. It is also found that in the case of the best
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Figure 11. SEM images of PCL:ZnTr complex in (a) 100:0;
(b) 85:15 and (c) 75:25 weight ratios



conducting complex, PCL:ZnTr 75:25 wt%, the
smoother portion increases much more and favors
ionic conduction.
From the application point of view, determination
of electrochemical stability window of an elec-
trolyte where no oxidation/reduction takes place
within the polymer electrolyte system is essential
for fabricating an electrochemical device. In this
regard, the stability window of the highly conduct-
ing complex, 75:25 wt% PCL:ZnTr was experimen-
tally determined using linear sweep voltammetry.
From the voltammogram shown in Figure 12, anodic
current was negligible below +2.7 V and when the
voltage crosses +2.7 V, the anodic current begins to
flow and increases gradually. For (PEO)8LiClO4
system, Scrosati [29] attributed this anodic current
with the oxidation of anion followed by the degra-
dation of the polymer chains by the attack of hydro-
gen. Therefore, in the present system also, the triflate
oxidation and polymeric degradation may take place
in the higher voltage region (above +2.7 V) accord-
ing to the following reactions:

CF3SO3
–                     CF3SO3• + e– (triflate oxidation)

                        |                                          |
CF3SO3• + H–C–                CF3SO3H + •C–
                        |                                          |
                                           (polymeric degardation)

The upper limit of the electrolyte stability was gen-
erally taken to be the point of intersection obtained
by extrapolating the higher voltage linear current

with the x-axis [30] which is found to be 3.7 V for
the present case, which is fair enough to construct a
zinc primary as well as rechargeable battery based
on Zn2+ intercalating/deintercalating &-MnO2 elec-
trode, since &-MnO2 is an extensively used elec-
trode to intercalate/deintercalate Zn2+ in liquid elec-
trolyte-based rechargeable batteries [31].
Further, cyclic voltammetry was also carried out
with a view to obtain an evidence of the zinc plating/
stripping process. Cyclic voltammogram recorded
in the case of 75:25 wt% PCL:ZnTr complex is
shown in Figure 13, in which the ratio of anodic to
cathodic peak current provided an yield of 82% at a
scan rate of 10 mV/s. This reveals the possibility of
dissolution of zinc into and deposition from poly-
mer electrolyte during discharging and charging by
the oxidation of zinc metal into Zn2+ and reduction
of Zn2+ into Zn respectively as reported in other
divalent cationic systems like Mg2+ [32].
The observed discharge characteristics in the case
of the cell Zn|polymer electrolyte|MnO2 at room
temperature (25°C) for a constant load of 1 M% is
shown in Figure 14. The open-circuit voltage and
short-circuit current of the freshly prepared cell
were found to be 1.6 V and 0.71 mA, respectively.
Interestingly, the discharge voltage-time character-
istics of the cell exhibited a stable and constant
behavior with a plateau at ~1.4 V for about 100 h
thus confirming the electrochemical compatibility
and stability of the PCL:ZnTr complex as a polymer
electrolyte system.
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Figure 12. Linear sweep voltammogram of 75:25 wt%
PCL:ZnTr complex employing Zn/Polymer
Electrolyte/SS cell at 25°C

Figure 13. Cyclic voltammogram recorded for 75:25 wt%
PCL:ZnTr complex showing the zinc plating/
stripping process of Zn/Polymer Electrolyte/Zn
cell at 25°C



4. Conclusions
The possibility of developing a biodegradable poly-
mer electrolyte based on PCL complexed with zinc
triflate has been successfully demonstrated. The com-
plexation between the salt and polymer was con-
firmed using FTIR studies. With the introduction of
salt, the ionic conductivity of PCL was found to
increase dramatically from 10–11 to 10–6 S/cm for
25 wt% loading of salt. The reduction in crys-
tallinity has been confirmed from XRD analysis
and further supported by DSC data whereas the
rough surface of PCL becomes a smoother one due
to the addition of salt as observed from SEM fea-
tures. Additionally, the highly conducting composi-
tion exhibited an appreciably good elctrochemical
stability window of 3.7 V with an excellent reversibil-
ity. A prototype electrochemical cell based on the
Zn/MnO2 electrode couple has also been fabricated
and the cell showed stable and constant discharge
characteristics at room temperature, thus indicating
its practical applications.
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1. Introduction
In the last two decades, the electrically conductive
polymer nanocomposites materials based on con-
ductive carbon nanofillers or nanoparticles have
become the subject of intensive research [1, 2]. In
general, polymer nanocomposites consist of two-
phase systems containing polymers with high sur-
face area of nanofillers or nanoparticles. The field
of polymer nanocomposites has been greatly illus-
trated with the incorporation of carbon nanotubes
(CNTs) to improve their electrical, mechanical and
thermal properties. The electrical conductive prop-
erties of polymer nanocomposites reinforced with
CNTs at low concentration make a great advantage

in the different field of applications. The homoge-
neous dispersion and distribution of CNTs through-
out the matrix polymer is the main key that can help
to decrease the filler loading concentration and
improve the electrical, mechanical and thermal
properties of the host polymer. The insulating poly-
mer matrix can be changed to conductive polymer
with the incorporation of sufficient amount of
CNTs into host polymer. In the matrix polymer, an
infinite cluster of interconnected conductive net-
work structure has been developed with the incor-
poration of CNTs throughout the matrix polymer
which helps to increase the electrical, thermal and
mechanical properties of the polymer nanocompos-
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ites. The polymer nanocomposites can be used in
different field of applications such as organic LEDS
[3], fuel cell membranes, photovoltaic devices [4],
chemical sensors, transistors [5], catalysts [6], bio-
luminescent probes, high-performance and actua-
tors [7] due its light weight and better processabil-
ity. However, due to van der Waals interaction and
lack of interfacial interactions among the CNTs,
they are agglomerated in the host polymer and com-
paratively more amounts of CNTs are required to
make the electrical conductive path in the polymer
nanocomposites. The electrical conductivity of the
polymer nanocomposites strongly depends on the
concentration of nanofiller. The electrical conductiv-
ity of the nanocomposites was greatly improved by
several orders of magnitude at the percolation thresh-
old of the nanofiller in the matrix polymer. The per-
colation threshold coincides with the formation of
an infinite interconnected conductive continuous
network path throughout the polymer phase which
help to increase the electrical conductivity. The key
challenge for preparation of polymer-CNT nanocom-
posites is that individual dispersion of CNTs through-
out the host polymer matrix upon melt blending.
Generally, it has been demonstrated that there are
excellent ways to disperse CNTs into thermoplastic
matrices by three different methods for the prepara-
tion of polymer nanocomposites, such as (i) in-situ
polymerization of monomer in presence of nano -
fillers, (ii) solution blending of polymer in presence
of nanofillers, and (iii) melt blending of polymer
with nanofillers [8].
PC has high impact resistance, toughness, dimen-
sional stability and good optical clarity, and is
mostly used in many engineering applications. PC
has been modified by blending with various poly-
mers for different applications and compounding
with different kinds of CNTs to enhance the electri-
cal, mechanical and thermal properties of the PC [9–
12]. For instance, Wu et al. [9] have observed elec-
trical conductivity of 2!10–8 S·cm–1 with 2 wt%
loading of MWCNT in melt blended PC/MWCNT
nanocomposites, prepared by diluting solution
blended PC/carboxylic acid functionalized MWCNT
(10 wt%) mixture. Hornbostel et al. [10] reported
the percolation threshold of melt blended PC/
MWCNT nanocomposites in between 1.5 to 2.0 wt%
loading of MWCNT. Sathpathy et al. [11] have
studied the electrical conductivity of melt blended
PC/MWCNT nanocomposites and electrical con-

ductivity of 2!10–8 S·cm–1 was achieved at 2 wt%
loading of MWCNT, prepared by diluting a PC/
MWCNT (15 wt%) mixture. Yoon et al. [12] have
studied the electrical percolation of melt blended
PC/MWCNT nanocomposites prepared by diluting
a PC/MWCNT mixture containing 20 wt% loading
of MWCNT. They have shown the percolation
threshold at ~3 wt% MWCNT loading in the PC/
MWCNT nanocomposites.
This paper reported the preparation of highly elec-
trical conducive PC/MWCNT nanocomposites at
very low loading of MWCNT using the conven-
tional melt-mixing technique and analyses the mor-
phological and thermal properties of nanocompos-
ites. To achieve this, melt blending of PC with
MWCNT was carried out at ~350°C (well above
the processing temperature of PC) that resulted in
uniform dispersion and distribution of the MWCNTs
throughout the host polymer and largely improved
the electrical property even at very low MWCNT
loading. Melt-mixing at this high temperature
reduced the melt viscosity of PC and thus, increases
the wettability of the polymer with the CNT that
facilitated better dispersion of MWCNTs through-
out the matrix polymer. Thus, high electrical con-
ductivity of the PC/MWCNT nanocomposites was
achieved at very low loading of MWCNT with
lower percolation threshold. Literature on PC/CNT
nanocomposites revealed the preparation of the
melt-mixed nanocomposites at the processing tem-
perature (~280°C) of PC. In all the reported articles
on PC/CNT nanocomposites, the percolation of
CNT in the composites is relatively of higher value.
Thus, we assumed that the very high melt-viscosity
of the PC may be one of the many reasons for poor
dispersion of the CNTs in the matrix, due to insuffi-
cient wettability of the molten PC to the CNTs.
Thus, lowering the melt-viscosity of the PC during
melt-mixing of PC and CNT may improve the wet-
tability of the polymer with CNTs and hence, lead
to better dispersion of the CNTs in the PC matrix.
To achieve this, we prepared the PC/MWCNT
nanocomposites through conventional melt-mixing
at a high temperature (350°C). The morphological,
electrical and thermal properties of the PC/
MWCNT nanocomposites were studied by trans-
mission electron microscopy (TEM), field emission
electron microscopy (FESEM), dielectric measure-
ment analysis, dynamic mechanical analysis (DMA)
and thermogravimetric (TGA) analysis study.
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2. Experimental
2.1. Materials details
General purpose, transparent PC (Lexan 143; den-
sity: 1.19 g/cc; MFI: 10.5 g/10 min at 300°C and
1.2 kg load) pellets (average diameter "2.75 mm
and length "3.35 mm) were obtained from SABIC
Innovative Plastics (formerly General Electric).
MWCNT employed in this study was of industrial
grade (NC 7000 series; average diameter of 9.5 nm
and length 1.5 #m; surface area 250~300 m2/g;
90% carbon purity), purchased from Nanocyl S.A.,
Belgium. The electrical conductivity of the MWCNT
is in the order of around 104 S·cm–1. The MWCNTs
were used as received, without any purification or
chemical modification.

2.2. Preparation of the PC/MWCNT
nanocomposites

PC/MWCNT nanocomposites with different MWCNT
loading were prepared by simple melt blending. At
first, pure PC and unmodified MWCNTs were air
dried at 100°C for 12 h to remove the moisture.
After that, PC/MWCNT nanocomposites with dif-
ferent MWCNT (0.3, 0.5, 0.8, 1.0 and 2.0 wt%)
loading were prepared by simple melt blending
using internal mixer (Brabender Plasticorder, with
chamber capacity of 20 cc) at 350°C and 60 rpm for
15 min. PC/MWCNT nanocomposites were also
prepared by melt-mixing PC with MWCNT for
15 min at 280°C and 60 rpm for comparative stud-
ies. All the melt-mixed PC/MWCNT nanocompos-
ites with different MWCNTs loadings were com-
pression molded at 270°C and 4 MPa pressure for
further characterizations.

3. Characterizations
3.1. Electrical conductivity
The DC conductivity measurements were done on
the molded specimen bars of dimensions 30!10!
3 mm3. The sample was fractured at two ends and
the fractured surface was coated with silver (Ag)
paste to ensure good contact of the sample surface
with electrodes. The electrical conductivities of the
conducting composite were measured with a four-
probe technique. The specimens were prepared under
similar conditions to avoid the influence of the pro-
cessing parameters on the electrical properties. We
applied current and measured the voltage in the four
probe method. In the present study, the applied cur-
rent was in the region from 10–2 to 10–5 A and the

voltage obtained was in the range of 1 to 0.1 Volt
for different samples.
Minimum of five tests were performed for each
specimen and the data was averaged. For the dc
electrical conductivity measurements, electrodes
were in contact with the surface of the specimens.
Direct current (DC) was applied for the dc electrical
conductivity measurements. A current source forces
a constant current and an ammeter measures the
amount of current (I) passing through the sample. A
voltmeter simultaneously measures the voltage (V).
The distance between electrodes is 1.25 mm.
The dc electrical conductivity of the samples was
calculated with the help of following Equations (1)
and (2):

Resistivity (", [$·cm]) =                         (1)

Conductivity (!, [S·cm–1]) =                            (2)

where V is the measured voltage, I is the applied
current, w is the width of the sample bar, h repre-
sents height of the sample bar, d stands for distance
between two points and A* is the geometric correc-
tion factor. The value of A* is ~1.
The frequency dependent AC conductivity and dielec-
tric permittivity of the composites (disc type sample
with thickness 0.3 cm and area 1.88!10–1 cm2) were
obtained using a computer controlled precision
impedance analyzer (Agilent 4294A) by applying
an alternating electric field (amplitude 1.000 Volt)
across the sample cell in the frequency region of
40 Hz to 10 MHz. A parallel plate configuration is
used for all the electrical measurements. Molded
disc type composites sample was coated with silver
(Ag) paste to act as both side electrodes. After elec-
trode application, the samples were heated at 150°C
in air to impart better adhesion between the sample
and contacts. A sample holder using Pt probe was
used for all the electrical measurements.
The parameters like dielectric permittivity (#%) and
dielectric loss tangent (tan$) were obtained as a
function of frequency. The AC conductivity (!ac)
was calculated from the dielectric data using the
Equation (3): 

!ac " %#0#%tan$                                                      (3)

where % is equal to 2!f (f is the frequency), and #0 is
vacuum permittivity. The dielectric permittivity (#%)
was determined with the following Equation (4):

1
r

VwhA*

Id
VwhA*

Id

1
r
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                                                              (4)

where Cp is the observed capacitance of the sample
(in parallel mode), and C0 is the capacitance of the
cell. The value of C0 was calculated using the area
(A) and thickness (d) of the sample, following the
Equation (5):

                                                            (5)

3.2. High resolution transmission electron
microscope (HRTEM)

The extent of dispersion of the MWCNTs in the PC
matrix phase was studied by HRTEM (HRTEM,
JEM-2100, JEOL, JAPAN), operated at an acceler-
ating voltage of 200 kV. The PC/MWCNT nanocom-
posites were ultra-microtomed at cryogenic condi-
tion, with sample thickness of around 70~90 nm.
Since, the MWCNTs have higher electron density;
they appeared as black lines in the TEM images.

3.3. Field emission scanning electron
microscope (FESEM)

The surface morphology of the PC/MWCNT nano -
composites was studied using FESEM (FE-SEM,
Carl Zeiss-SUPRA™ 40), with an accelerating
voltage of 5 kV. The injection molded samples were
dipped into the liquid nitrogen chamber for 35~40 s,
and were fractured under liquid nitrogen atmos-
phere. The cryo-fractured surfaces of the injection
molded samples were gold coated with a thin layer
(approx ~5 nm) to avoid the electrical charging.
This gold coated nanocomposite samples were
scanned in the vacuum order of 10–4 to 10–6 mm Hg
and FESEM images were taken on the fractured
surface of the samples.

3.4. Dynamic mechanical analysis (DMA)
Thermo-mechanical properties of the pure PC and
its nanocomposites with different MWCNTs load-
ing were characterized by DMA (DMA 2980 model,
TA Instruments Inc., USA). The dynamic mechani-
cal spectra of the composites were obtained in ten-
sion film mode at a constant vibration frequency of
1.0 Hz, with a preload force of 10 mN, static stress/
dynamic stress amplitude ratio (‘force tracking’) of
110%, temperature range of 30–180°C at a heating

rate of 5°C/min, under N2 atmosphere. The dimen-
sion of the specimen was 30!6.40!0.42 mm3.

3.5. Thermogravimetric analysis (TGA)
The thermal stability of the pure PC and its
nanocomposites with different MWCNTs loading
were studied using TGA (TGA-209F, from NET-
ZSCH, Germany; temperature accuracy: ±0.5°C).
TGA was carried out from room temperature to
800°C under N2 atmosphere with a heating rate of
10°C/min. The degradation temperatures of the
samples at various stages were calculated from the
TGA curves.

4. Results and discussion
4.1. Electrical analysis
4.1.1. DC conductivity
Figure 1a shows the DC electrical conductivity of
the melt-mixed PC/MWCNT nanocomposites pre-
pared at 280°C. At low CNT loading (below 1 wt%),
the nanocomposites resemble the conductivity value
similar to that of the pure PC. It was noteworthy; a
rapid increase (3 orders of magnitude) in conductiv-
ity of the nanocomposites was observed when the
MWCNT loading was increased to 1.1 wt%. Beyond
this loading, electrical conductivity of the nanocom-
posites gradually increases with increasing content
of MWCNT. Thus, electrical conductivity of
2.31!10–9 S·cm–1 was achieved at high MWCNT
loading (1.6 wt%). The DC electrical conductivity
of the nanocomposites was 5.12!10–8 S·cm–1 at
2.0 wt% of MWCNT loading and 2.12!10–6 S·cm–1

of electrical conductivity was achieved at very high
MWCNT loading (3.0 wt%), as shown in Figure 1a.
Sathpathy et al. [11] have also studied the electrical
conductivity of melt blended PC/MWCNT nano -
composites and reported the electrical conductivity
value of 2!10–8 S·cm–1 at 2 wt% MWCNT loading.
From the plot, the percolation threshold (pc) of
MWCNT in the nanocomposites was calculated
using Equation (6), as given below. A well fitted lin-
ear plot of log!DC vs. log(p–pc) was plotted (shown
in inset Figure 1a) with the help of the Equation (6)
to calculate the value of ‘pc’ for the PC/MWCNT
nanocomposites and the pc was found at "1.1 wt%
(~0.98 vol%) MWCNT in the nanocomposites.
Thus, the !DC of the polymer nanocomposites as a
function of pc can be expressed by the following
scaling law Equations (6) and (7):

C0 <
e
~
A

d

e9 <
Cp

C0

e9 <
Cp

C0

C0 <
e
~
A

d
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for p > pc                         (6)

for p < pc                         (7)

where pc stands for the percolation threshold,
depends on the lattice in which particles are accom-
modated and ‘s’ and ‘t’ symbolize for critical expo-
nents. The ‘s’ and ‘t’ values depend on the dimen-
sionality and the percolation threshold value of the
polymer nanocomposites [13].
The DC electrical conductivity (!DC) of the PC/
MWCNT nanocomposites, prepared at 350°C, with
different MWCNT loading is shown in Figure 1b. It
is clearly observed from the figure that the !DC
value of the PC/MWCNT nanocomposites gradu-
ally increased with increasing the wt% of MWCNT
loading into the PC/MWCNT nanocomposites. The
!DC value of 1.19!10–4 S·cm–1 was achieved when
PC/MWCNT nanocomposites was prepared with
extremely low loading (0.3 wt%) of MWCNT. This
high electrical conductivity of the PC/MWCNT
nanocomposites at very low loading of MWCNTs is
the indication for the development of continuous
conductive interconnected network structure of
CNT-CNT throughout the matrix polymer. This is
the reason for increasing the net !DC of the PC/
MWCNT nanocomposites with increasing the
MWCNT loading in the nanocomposites. We assume
that the obtained high conductivity values are due
to good dispersion of the MWCNT in PC matrix as
a result of relatively low melt-viscosity of the PC
during melt-mixing at high temperature.
Initially, !DC value (1.1!10–14 S·cm–1) of the PC/
MWCNT nanocomposites with 0.01 wt% MWCNT
loading was almost same with the electrical con-
ductivity value of insulating pure PC. Thus, the elec-
trical conductivity of the pure PC was not affected
with the incorporation of very small amount
(0.01 wt%) of MWCNTs in the nanocomposites.
However, when PC/MWCNT nanocomposites was
prepared with 0.3 wt% loading of MWCNTs, the
!DC value of the nanocomposites tremendously
increased to 1.19!10–4 S·cm–1. This rapid change in
electrical conductivity of the nanocomposites by
several orders (10 orders) of magnitude from 10–14 to
10–4 is the indication for the formation of continu-
ous interconnected conductive network chains of
CNT-CNT throughout the host polymer, which is
well known as percolation network. Furthermore,
the !DC of the PC/MWCNT nanocomposites again
increased with increasing the MWCNTs loading in
the nanocomposites, as shown in Figure 1b. Thus,
the !DC of 1.38!10–3 S·cm–1 was achieved at 0.5 wt%
MWCNT loading, 9.46!10–3 S·cm–1 at 0.8 wt%

sDC1p 2 5 s01pc 2 p 2 t
sDC1p 2 5 s01p 2 pc 2 tsDC1p 2 5 s01p 2 pc 2 t
sDC1p 2 5 s01pc 2 p 2 t
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Figure 1. Plot of DC conductivity vs. MWCNT loading of
PC/MWCNT nanocomposites prepared at
(a) 280°C; (b) 350°C; and (c) log&DC vs. p–1/3 for
PC/MWCNT nanocomposites prepared at 350°C.
The inset in Figure 1a and 1b represents the plot
for log!DC vs. log(p–pc) for the nanocomposites.
The straight line in the inset (Figure 1b) is a
least-square fit to the data using Equation (6)
giving the best fit values pc " 0.11 wt% and t "
3.38.



MWCNT loading and 2.73!10–2 S·cm–1 at 1.0 wt%
loading of MWCNT.
Basically, percolation theory [7, 14] explained the
variation of !DC with the different loading (p) of
conducting nanofillers or nanoparticles in conduct-
ing polymer nanocomposites. The percolation theory
can be defined both theoretically and experimen-
tally. According to percolation theory, the transition
occurred from an insulating materials to a conduc-
tor at a certain concentration of the conducting
nanofillers, known as critical concentration, where
the filler concentration are enough to form a contin-
uous interconnected conductive network path through
the insulating polymer phase. This minimum con-
centration of the conducting nanofillers at which
electrical conductivity of the nanocomposites rap-
idly increased is known as the percolation threshold
(pc). A schematic representation for arrangement of
MWCNTs in the PC/MWCNT nanocomposites at
the percolation threshold is shown in Figure 2.
A well fitted linear plot of log!DC vs. log(p–pc) was
plotted with the help of the Equation (6) to calculate
the value of ‘t’ and ‘pc’ for the PC/MWCNT nano -
composites, as shown in the inset of Figure 1b. The
calculated pc and ‘t’ values for the PC/MWCNT
nanocomposites was (0.11 wt% (~0.097 vol%)
MWCNT loading and ~3.38, respectively. This very
low pc value (0.11 wt%) suggested that 0.11 wt%
MWCNT loading is sufficient for the formation of
continuous conductive CNT-CNT network path
throughout the host polymer. Thus, this kind of net-
work path of MWCNTs throughout the matrix phase
is the reason behind the high !DC of the PC/
MWCNT nanocomposites.
Several researchers [6, 15] have studied the critical
exponent (t) values of different polymer nanocom-
posites systems. They have explained it on the basis
of theoretical study especially for two dimensional
(2D) and three dimensional (3D) lattices. The cal-
culated ‘t’ value for 2D lattice is varied from 1.10 to

1.43 and for 3D lattice system, obtained ‘t’ value is
lower than 2.02. Several research groups [16, 17]
have studied the electrical conductivity of different
polymer/CNT nanocomposites and the estimated 't'
values are observed in the range from 1.3~3.9,
depending on the matrix polymer and the type of
CNT in the composites.
Balberg et al. [18] expressed that the percolation
threshold is related with average excluded volume
by the following Equation (8):

                                                        (8)

where pc represents the percolation threshold which
is expressed as the partial volume of the nanofiller
and L is considered as the length of the randomly
oriented stick particles and R signifies the radius of
the stick particles.
Grossiord et al. [19] have explained that the electri-
cal conductivity in the polymer nanocomposites
might be developed because of tunneling mecha-
nism effect. Two particles are supposed to be con-
nected when they are in physical contact. Due to the
inter-particle conduction mechanism, polymer nano -
composites are showing higher electrical conduc-
tivity than that of the insulating polymer matrix
before formation of continuous interconnected net-
work path of nanofillers in the nanocomposites.
Ryvkina et al. [20] expressed that electron tunneling
mechanism dominated the conduction in the poly-
mer/CB nanocomposites and explained it with the
help of following theoretical model shown in Equa-
tion (9): 

(9)

where A signifies the tunnel parameter and d stands
for the tunnel distance, respectively. In recent times,
tunneling conduction mechanism in the different
nanocomposites systems has been well explained in
the literature [21, 22]. According to tunneling con-
duction mechanism, the charge carriers move through
the polymer nanocomposites across insulating gaps
between nanofillers and generated electrical con-
duction in the nanocomposites. The charge carriers
can be developed by physical contact between the
nanofillers or even they are separated by insulating
gaps in their pathways. Thus, electrical conductiv-
ity of the polymer nanocomposites can be varied
due to the existence of tunneling conduction which
contributes to the current through the polymer

sDC r exp1 2 Ad 2

pc a L
R
b < 3pc a L

R
b < 3

sDC r exp1 2 Ad 2
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Figure 2. A schematic presentation for the arrangement of
MWCNTs before percolation threshold and at per-
colation threshold in PC/MWCNT nanocomposites



nanocomposites [23]. The current in a tunnel junc-
tion exponentially decreases with the barrier width.
If nanofillers are randomly distributed, then the
mean average distance (d) among the nanofillers
would be barrier width. This mean average distance
is considered, in the first approximation, to be
directly proportional to the nanofillers concentra-
tion in weight, p–1/3 and can be expressed by the fol-
lowing Equation (10) [24]:

                                                          (10)

Thus, the combination of the Equations (9) and (10),
shows that tunneling assisted conductivity (log!DC)
is directly proportional with p–1/3 and expressed by
the following Equation (11):

                                              (11)

Figure 1c shows the linear variation of log!DC with
p–1/3 for PC/MWCNT nanocomposites. This linear
variation of log!DC with p–1/3 supported the exis-
tence of tunneling mechanism in the nanocompos-
ites which is the one of the reasons behind the elec-
trical conductivity. Kilbride et al. [25] expressed that
the electrical contact between the nanofillers will be
less and contact resistance among them will be high
when individual nanofillers were coated by insulat-
ing polymer matrix in the polymer nanocomposites.
The dispersion of MWCNTs during the preparation
of the polymer nanocomposites is such that the
‘arms’ of the MWCNTs get entangled while their
centers still form a random distribution. Thus, elec-
trically conductive MWCNTs are separated by the
insulating thin polymer in the nanocomposites [26,
27]. Therefore, tunneling of the electrons happened
among the adjacent CNTs through very thin layer of
insulating polymer matrix. Here, MWCNT acts as
an electrode and cannot contact with each other
exactly. They are always separated in a margin of
nm apart. We are not able to predict the exact field
intensity and exact number of conducting path as
the cross section of MWCNTs is differing from
CNT to CNT. Tunneling is also sensitive to the dis-
tance between the MWCNTs. Generally, a charge
carrier cannot hop in insulating polymer from a
conductive site to another adjacent one due to high
potential energy barrier. This high energy barrier
gap can be reduced by applying voltage from the
source between the two electrodes (or conductive
sites). Thus, electrons move freely between the elec-
trodes by tunneling conduction mechanism when

energy barrier is sufficiently less. Thus, contact resist-
ance is reduced and the electrical conductivity of
the polymer nanocomposites is increased. The prop-
erty of the energy barrier depends on the matrix
polymer and also the fabrication method. In the case
of polymer nanocomposites with semicrystalline
polymer, nanofiller may act as a nucleating agent
on the amount of lamellae that may develop around
the nanofiller [4].

4.1.2. AC conductivity
The AC electrical conductivity of the PC/MWCNT
nanocomposites as a function of frequency (f) is
observed in Figure 3. This measurement is carried
out in the broad band frequency range of 101 to
107 Hz at room temperature. As can be seen, 0.1 wt%
PC/MWCNT nanocomposite is showing slightly
higher electrical conductivity than that of pure PC.
However, the electrical conductivity of the PC/
MWCNT (0.1 wt%) nanocomposites gradually
increased with frequency like pure PC. In the begin-
ning, the electrical conductivity of the nanocom-
posites was increased drastically with increasing
the loading of MWCNT in the nanocomposites and
later, the rate of increase was comparatively less in
case of higher loading, shown in Figure 3.
In the beginning, the AC electrical conductivity of
the PC/MWCNT nanocomposites does not depend
on frequency and shows almost same value up to a
certain frequency. 
Thus, AC electrical conductivity remains almost
constant until a certain frequency, known as critical
frequency (fc). This incident is clearly shown in Fig-

log1sDC 2 r p21>3

d r p21>3d r p21>3

log1sDC 2 r p21>3
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Figure 3. AC conductivity of the pure PC and PC/MWCNT
nanocomposites prepared at 350°C versus fre-
quency at different MWCNT loadings



ure 3. Thus, the AC electrical conductivity strongly
depends on the frequency when the frequency (f) is
greater than the critical frequency (fc) (i.e. f > fc).
This kind of behavior of frequency dependent AC
electrical conductivity, in the first approximation
value, can be expressed by the following Equa-
tion (12).

!AC ! f s                                                              (12)

where s signifies as an exponent.
According to percolation theory, variation of AC
electrical conductivity with the frequency is expected
to be caused by the influence of large polymeric
gaps among the conducting clusters. As finite-size
clusters are self-similar fractals [28], the size of the
finite-size cluster is increased with increasing the
frequency. This is the reason for increasing electri-
cal conductivity of the nanocomposites with the fre-
quency. As nanofiller concentration increases, a
continuous conductive network of physically con-
nected nanotubes appears through the polymer [29].
AR von Hippel [30] discusses about ac conductivity
in its bible of dielectrics ‘Dielectrics and waves’
and defines that ac conductivity is the summation of
all dissipative effects including an actual ohmic
conductivity. This is caused by migrating charge
carriers as well as a frequency dielectric dispersion.
Several research groups [31, 32] explained that the
electron hopping and electron tunneling mechanism
among the nanofillers is the reason for the develop-
ment of AC electrical conductivity in the polymer
nanocomposites. In the polymer nanocomposites,
nanofillers form an interconnected conductive net-
work structure throughout the host polymer and this
will help to improve the rate of electron hopping or
electron tunneling above a percolation threshold.
Thus, AC electrical conductivity in the nanocom-
posites is increased and it is directly proportional
with the electron hopping and also electron tunnel-
ing. With the increasing of nanofillers concentration
in the nanocomposites, development of the intercon-
nected conductive network structure increased and
significantly increased the electrical conductivity of
the nanocomposites.
The AC electrical conductivity (!AC) of any dielec-
tric material below fc (at low frequency range) is the
summation of two components and can be expressed
in terms of DC electrical conductivity (!DC), angu-
lar frequency (', which is equal to 2!f) and dielec-
tric loss factor (()) by the following Equation (13):

!AC = !DC + %#)                                                 (13)

The first component of the equation is the !DC which
arises due to the ionic or electronic conductivity
and the value of the second component (%#)) in the
relation strongly depends on the extent of polariza-
tion of dipoles (permanent and induced) and accu-
mulated interfacial charges, known as Maxwell-
Wagner-Sillars (MWS) effect [33, 34]. Polarization
effects based on different physical origins appear at
various frequency regions. Electrode polarization
and/or interfacial polarization occur at low fre-
quency regions. At relatively higher frequencies
glass to rubber transition process is observed, and at
even higher frequencies weak phenomena resulting
from local motions of small parts of the polymer are
present. The frequency where a relaxation process
is recorded is related to the nature of the specific
dipole and to their inertia to the field’s alternation
(relaxation time). At low frequency region, more
and more charge carriers accumulate at the inter-
face between the samples and electrode, which help
to drop in ac conductivity at low frequency region
[35]. The effect of interfacial polarization becomes
more significant at low frequency region (below fc)
as the dipoles/induced dipoles get enough time to
orient themselves with the direction of applied elec-
tric field (relaxation phenomena). Thus, the value
of !AC for a conductive system truly represents the
!DC at low frequency region. The frequency inde-
pendence of electrical conductivity for different
disordered materials below critical frequency (fc)
has already been reported [36, 37].
At high frequency region (above fc), the polariza-
tion effect becomes unimportant as the dipoles get
less relaxation time to orient themselves in the
direction of applied electric field. The applied AC
electric field (periodic alternation) above fc results
in the radical reduction of space charge accumula-
tion and orientation of dipoles in the applied field
direction that reduce in value of polarization. Thus,
the value of !AC strongly depends on the excitation
of the charge particles and flow of electrons through
the continuous conductive network in the matrix
phase. At high frequency region, localized charge
carriers motion makes it possible to take maximum
advantage for high conductivity. While at low fre-
quency region, charge transport must extend over
longer distances and resulted low conductivity [31].
Conductivity increases rapidly with frequency, after
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a critical value, because charge carriers migrate to
shorter distances as frequency is raised due to the
alternation of the field. Adjacent conductive sites
facilitate carriers to move back and forward over-
coming low energy barriers, enabling thus higher
values of conductivity.

4.1.3. Dielectric permittivity
The dielectric permittivity (#%) of the pure PC and
PC/MWCNT nanocomposites as a function of fre-
quency was measured in the broad band frequency
range 50~107 Hz at room temperature. The variation
of dielectric permittivity of the pure PC and PC/
MWCNT nanocomposites with frequency is shown
in Figure 4a.
Initially, the dielectric permittivity of neat PC has a
low value, which decreased marginally with increas-
ing frequency. The dielectric permittivity of the
PC/MWCNT nanocomposites was high and then
slowly decreased with increase in the frequency at
lower frequency range. This is the well known behav-
ior of any dielectric materials [38]. The polarization
effect is the reason for the variation of dielectric
permittivity with the frequency at low frequency
region. The dielectric permittivity of the materials
strongly depends on the polarizability [39]. At low
frequency region, the polarization effect is more
significant and molecules of dielectric materials get
enough relaxation time to orient them in the direc-
tion of the applied electric field when voltage is
applied. This is the reason for high dielectric per-
mittivity of the nanocomposites at low frequency
region. However, polarization effect become insignif-
icant at high frequency region because of molecules
is not getting sufficient relaxation time for orienta-
tion themselves in the direction of applied alterna-
tive electric field. Thus, dielectric permittivity is
sharply reduced in the nanocomposites after a cer-
tain frequency, as shown in Figure 4a.
The dielectric permittivity of the nanocomposites
not only depends on the frequency but also on the
nanofiller concentrations. As observed, dielectric
permittivity is increased with increasing the con-
centration of MWCNTs in the nanocomposites at
constant frequency (~104 Hz). Figure 4b represents
the plot dielectric permittivity (#%) vs. MWCNT
loading, at constant frequency. This Figure 4b con-
cluded that the value of #% increases with increasing
the MWCNT loading in the nanocomposites at con-
stant frequency (~104 Hz). The incorporation of

nanofillers in the nanocomposites may increase the
dielectric permittivity due to several factors, such
as (i) the morphology of the polymer in the nano -
composites is changed in the presence of nano -
fillers, (ii) the large surface area and nano-sized
nanofillers creates a large interaction zone with the
neighbors in the polymer nanocomposites [2], (iii) the
space charge distribution in the nanocomposites has
been changed for the high electrical conductive
nature of nano-sized nanofillers [8], and (iv) also
changes the scattering mechanism of the nanocom-
posites. Dissado and Hill [40] explained the dielec-
tric permittivity of the nanocomposites and stated
that the value of the dielectric permittivity is high at
low frequency region due to ‘quasi-dc’ conduction.
Lewis [41] explained ‘quasi-dc’ conduction with
the help of O’Konski’s model [42] and a double
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Figure 4. Dielectric Permittivity vs. frequency of the pure
PC and PC/MWCNT nanocomposites with
(a) different MWCNT loading and (b) dielectric
permittivity vs. MWCNT loading at constant fre-
quency of the PC/MWCNT nanocomposites, pre-
pared at 350°C at different MWCNT loadings



layer approach. According to the O’Konski’s
model, the charge carriers are efficiently moved
around the interface by the field leading to an
induced polarization at the polar ends of the fillers
or particles [41]. In the case of nanocomposites
materials reinforced with nanofillers, the nano -
fillers leads to a remarkably large interfacial area in
the nanocomposites due to its high surface area.
Thus, nano fillers hold a much greater interface with
their surroundings rather than macrofillers due to its
nano-sized and high aspect ratio and the degree of
interfacial interaction between the nanofiller and
the matrix polymer has been demonstrated by this
interface. 

4.2. Morphology study
The scanning electron micrographs of PC/MWCNT
nanocomposites are shown in Figure 5. Figure 5a
represents the FESEM image of the PC/MWCNT
nanocomposites, which indicated the formation of a
continuous interconnected conductive network struc-
ture of the MWCNTs throughout the polymer phase
in the nanocomposites. These micrographs also indi-
cated that MWCNTs were homogeneously and reg-
ularly distributed throughout the matrix phase along
with minor agglomeration. We assume that the extent
of distribution and dispersion of the MWCNTs at
0.3 wt% loading was sufficient to develop the con-
tinuous interconnected conductive network struc-
ture in the nanocomposites which resulted in the
electrical conductivity. From the TEM image (Fig-
ure 5b), random and homogeneous dispersion of

rod like structures clearly indicated the MWCNTs
with retention of their aspect ratio (without much
breaking or damage of nanotubes) in matrix phase
of the nanocomposites prepared by melt-blending
followed by compression molding.

4.3. Thermal analysis
4.3.1. TGA
The thermal stability of the host polymer is signifi-
cantly increased with the addition of MWCNTs
because of its restricted chain mobility of the poly-
mer near the nanofillers surface. During combus-
tion, MWCNTs act as inflammable anisotropic
nanoparticles forming a jammed network of char
layers that retards transport of the decomposition
products. Thermal stability of the pure PC and PC/
MWCNT nanocomposites, prepared at 350°C, was
characterized by the TGA thermogram under N2
atmosphere, as shown in Figure 6. From the figure,
it is clearly seen that the thermal decomposition tem-
perature and the residual mass of the PC/MWCNT
nanocomposites increased when MWCNT was incor-
porated into the PC matrix. The initial degradation
temperature (T1; the temperature corresponds to
10% weight loss) and 50% degradation temperature
(T50) of the pure PC and its nanocomposites with
different MWCNT loading were calculated.
The pure PC shows its initial degradation (T1) tem-
perature at (475°C and T50 at ~510°C. The calcu-
lated values of T1 and T50 for the PC/MWCNT
nanocomposites containing 0.3 wt% MWCNT load-
ing were (502°C and ~547°C, respectively. Thus,
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Figure 5. FESEM micrograph (a), and TEM micrograph (b) of PC/MWCNT nanocomposites, prepared at 350°C, contain-
ing 0.3 wt% of MWCNT



thermal stability of the PC/MWCNT naocompos-
ites with 0.3 wt% MWCNT loading was superior to
the pure PC. MWCNT acts as a protective barrier
against thermal decomposition of the nanocompos-
ites. Pack et al. [43] reported that CNT layers exhib-
ited a good barrier effect to hinder the transport of
volatile decomposed products on the thermal degra-
dation as well as the slowdown the thermal decom-
position of the nanocomposites. The CNT also acts
as a reinforcing material and restricted the chain
mobility of the polymer. Similar observation has
also been reported where CNT layers exhibited a
good barrier effect on the thermal degradation
process, leading to the retardation of the weight-
loss rate of thermal degradation products as well as
thermal insulation of polymer in the nanocompos-
ites [44]. The T1 and T50 of the nanocomposites
were little increased with the increasing amount of
MWCNT, indicating that the MWCNTs were well-
dispersed in the PC matrix and well-interacted with
the PC chains at low loading. Consequently, a small
amount of MWCNT is sufficient to create the
inflammable jammed network that retards transport
of the decomposition products.

4.3.2. DMA
The dynamic mechanical behavior of pure PC and
its nanocomposites, prepared at 350°C, with differ-
ent loading of MWCNTs is shown in Figure 7.
From the figure, it can be seen that storage modulus
of the pure PC was improved with incorporation of

MWCNT in the PC/MWCNT nanocomposites. The
well and homogeneous distribution of MWCNT
throughout the polymer matrix is mainly accountable
for increasing the dynamic mechanical behavior of
the nanocomposites. Individual dispersion of the
MWCNTs throughout the polymer matrix leads to
utmost interaction between polymer and MWCNTs
even at low MWCNT loading. This interaction is
well known as interfacial interaction which play
major role to increase the storage modulus of the
nanocomposites. Thus, storage modulus of the nano -
composites enhanced sharply compared to the pure
polymer with the incorporation of MWCNT. The
high aspect ratio and large surface area of the
MWCNT make a strong interfacial interaction with
the neighboring polymer chains and developed an
interphase zone, even at low loading of MWCNT
[45]. In addition, the incorporated MWCNT acts as
reinforcing agent in the nanocomposites which
enhanced surface compatibility among the host
polymer and MWCNT.
Sternstein and Zhu [46] studied the visco-elastic
properties of the nanocomposites materials and
reported that nanometric dimension of the nano -
fillers in the nanocomposites contribute to the
process of tether chain entanglement, which might
have significant impact on this interaction zone.
The tethered zones will be more significant with the
addition of high aspect ratio nanofillers in the
nanocomposites because of high surface area of the
filler. Thus, a cross linking physical bond has been
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Figure 6. TGA thermograms of pure PC, and PC/MWCNT
nanocomposites containing 0.1 wt% MWCNT
loading, 0.3 wt% MWCNT loading, 0.5 wt%
MWCNT loading, 0.8 wt% MWCNT loading. All
the nanocomposites were prepared at 350°C.

Figure 7. Plot of storage modulus vs. temperature for pure
PC, and PC/MWCNT nanocomposites containing
0.1 wt% MWCNT loading, 0.3 wt% MWCNT
loading, 0.5 wt% MWCNT loading, 0.8 wt%
MWCNT loading. All the nanocomposites were
prepared at 350°C.



developed between the polymers and nanofillers in
the nano composites that reduced polymer chain
relaxation in the nanocomposites. This restricted
the movement of the polymeric chains in the
nanocomposites, leading to an increase in storage
modulus of the nanocomposites.
The tan$ curve for the pure PC and its nanocompos-
ites, prepared at 350°C, with different loading of
MWCNT is shown in Figure 8. As observed, tan$
peaks for pure PC appeared at ~161°C. In the nano -
composites, tan$ peaks are shifted towards higher
temperature compared to pure PC, indicating that
MWCNT acts as a shielding material in the nano -
composites. The Horowiyz-Metzger analysis [47]
discussed that the incorporation of the CNTs into
the matrix polymer could raise the activation energy
for thermal decomposition and lead to the enhance-
ment of the thermal stability of the nanocomposites,
resulting from physical barriers effects of CNTs
against thermal decomposition. As observed, the
tan$ significantly increases with an increase in
MWCNT loading and the damping peak is sharply
decreased with the addition of MWCNTs. This is
indicating that the MWCNTs in the nanocomposites
significantly obstructed and restricted chain seg-
mental motion of the PC. However, Tg determined
from the tan? peak increased slightly with increase

in MWCNTs loading, from ~161 to ~163°C, ~164
and ~166°C with the incorporation of 0.3, 0.5 and
0.8 wt% of MWCNTs loading, respectively. 

5. Conclusions
In conclusion, an entire DC and AC electrical con-
ductivity, dielectric permittivity of the PC/MWCNT
nanocomposites, prepared at 350°C, were carried
out in broad frequency region at room temperature.
The DC conductivity of the nanocomposites is meas-
ured at room temperature and very low percolation
threshold (0.11 wt%) was achieved. The frequency
dependent dielectric permittivity behavior of the
nanocomposites indicated that it can be applicable
as well dielectric materials. This high electrical con-
ductive PC/MWCNT nanocomposites was prepared
by very easy and industrially feasible melt blending
method at high temperature (~350°C) using internal
mixer followed by compression molding without
any purification or chemical modifications of the
MWCNTs. The homogeneous and regular disper-
sion of MWCNTs throughout the matrix polymer is
the reason behind the high electrical conductivity at
very low concentration of MWCNTs. The linear
variation in the plot of log!DC versus p–1/3 confirms
the existence of tunneling conduction between
MWCNTs. Thermal and storage modulus of the PC
was also increased in the presence of small amount
of MWCNTs.
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1. Introduction
Nanofibers are used in various applications includ-
ing membranes [1–3], biomedical devices [4], and
tissue engineering scaffolding [5–9]. Nanofibers can
be prepared by electrospinning [10–13], sea-island
conjugated melt spinning, single-orifice melt blow-
ing [14], and jet blowing [15]. While electrospin-
ning is widely used to fabricate various nanofibers,
it cannot be applied to polymers that show really
high resistance to solvents, such as polyolefins and
fluoropolymers.
We have developed a new approach for producing
nanofibers, which we term carbon dioxide (CO2)
laser supersonic drawing (CLSD). CLSD can be
used to easily prepare various nanofibers because it
involves only CO2 laser irradiation; it does not
require any other processes or solvents. It involves
irradiating a fiber with radiation from CO2 laser
while air drawing it at a supersonic velocity. A super-
sonic jet is generated by blowing air into a vacuum

chamber through the orifice used to inject the fiber
into the vacuum chamber. Adiabatic expansion of
the injected air across the orifice cools the jet. Irra-
diating the cold supersonic jet by a high-power laser
beam instantly melts the fiber. It is then tremen-
dously deformed by the shear and compressive
forces generated by the supersonic flow and is ultra-
drawn to a draw ratio of the order of 105. Nano -
fibers obtained by CLSD can be made indefinitely
long because the fiber is supplied at a constant
speed and is continuously irradiated by the laser
beam. Both its amorphous and crystalline phases are
oriented parallel to the fiber axis. Because CLSD is
performed in vacuum, the nanofibers are not scat-
tered in air. This closed-system technique also offers
superior environmental safety than electrospinning
and melt blowing, which are performed in open sys-
tems. CLSD has been used to produce poly(L-lactic
acid) [16], polyethylene terephthalate [17], poly(eth-
ylene-2,6-naphthalate) [18], poly(glycolic acid) [19],
and isotactic polypropylene [20] nanofibers.
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Ethylene tetrafluoroethylene (ETFE) is a thermo-
plastic fluororesin that is formed from the copoly-
mers tetrafluoroethylene (C2F4) and ethylene (C2H4).
It is chemically resistant and has electrical proper-
ties equivalent to those of poly(tetrafluoroethylene)
(PTFE), poly(tetrafluoroethylene-co-perfluoropropyl
vinyl ether) (PFA), and poly(tetrafluoroethylene-
co-hexafluoropropylene) (FEP), which are typical
fluororesins. ETFE exhibits an excellent chemical
resistance in almost all reagents including strong
acids and alkalis, has a high weather resistance, and
has stable mechanical and electrical properties over
a wide temperature range. However, ETFE nano -
fibers cannot be produced by electrospinning due to
the excellent chemical resistance of ETFE.
In this study, ETFE fibers having various melt flow
rates (MFRs) were drawn at various air drawing
conditions. We investigated the relationship between
the drawability and the MFR and the properties of
ETFE nanofibers produced by CLSD.

2. Experimental
As-spun ETFE fibers with four different MFRs sup-
plied by Asahi Glass Co., Ltd., Japan (see Table 1)
were used as the initial ETFE fibers used in this
study. The morphologies of the produced nanofibers
were investigated by scanning electron microscopy
(SEM; JSM-5700, JEOL Ltd., Japan) using an accel-
erating voltage of 10 kV. Prior to SEM observations,
the samples were sputter coated with platinum. The
average diameter and the diameter distribution of
the nanofibers were measured using an image ana-
lyzer. The average fiber diameter was obtained by
averaging the diameters measured at 100 different
locations on the collected nanofibers.
To observe the supersonic drawing process, necking
of the fiber formed by heating laser was observed
using a high-speed camera (Motion Analysis Micro-
scope VW-6000, Keyence, Japan) equipped a long-
range zoom lens (VH-Z50L/W, Keyence, Japan). This
high-speed camera can record up to 24 000 frames·s–1

and the zoom lens has a focal distance of 85 mm at
a maximum magnification of !500.
Wide-angle X-ray diffraction (WAXD) patterns of
the nanofibers were obtained using an imaging-
plate (IP) film and an IP detector (R-AXIS DS3C,
Rigaku Co. Japan). The IP film was attached to an
X-ray generator (Rigaku Co. Japan) operated at
40 kV and 200 mA. The radiation used was Ni-fil-
tered Cu K". The sample-to-film distance was
40 mm. The fiber was exposed for 5 min to the X-ray
beam from a 0.4 mm-diameter pinhole collimator.
The d-spacing and crystal size were determined
from the WAXD patterns with using the software
for data analysis (RIGAKU R-AXIS, Rigaku Co.
Japan).
Differential scanning calorimetry (DSC) measure-
ments were conducted using a calorimeter (Therm
Plus 2 DSC 8230C, Rigaku Co., Japan). DSC scans
were performed in the temperature range 25–290°C
at a heating rate of 10°C·min–1. All DSC measure-
ments were performed under a nitrogen purge. The
DSC instrument was calibrated using indium. The
degree of crystallinity (Xc) was determined from the
heat of fusion (#Hm) using Equation (1):

                                           (1)

where the heat of fusion of ETFE was taken to be 
–113.4 J·g–1 [21].
Figure 1 shows the apparatus used for CLSD. It
consists of a spool that supplies the fiber, a continu-
ous-wave CO2 laser (output wavelength: 10.6 $m;
maximum power: 40 W), a vacuum chamber with
Zn–Se windows and a 0.5 mm-diameter fiber injec-
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Table 1. Fiber diameters (dav) of initial fibers with four dif-
ferent melt flow rates (MFRs)

Fiber MFR
[g!10 min–1]

dav
[µm]

MFR308 308 125.1
MFR653 653 116.6
MFR899 899 120.2
MFR1473 1473 123.1

Figure 1. Schematic diagram of apparatus used for CO2
laser supersonic drawing



tion orifice for supplying the fibers to the laser irra-
diation point, a power meter, a movable platen, and
a vacuum pump. The vacuum chamber was placed
on the movable platen, which consists of a micro-
alignment stage, a laboratory jack, and a turntable.
The turntable can be moved parallel to the Y and Z
axes and can be rotated about the laser irradiation
point on the fiber, allowing fine adjustments to be
made. Over 90% of the laser power was contained
in a 3.6 mm-diameter spot. The nanofiber was col-
lected as a nonwoven fabric on the net placed about
10 cm away below the orifice, as shown in Figure 2.

3. Results and discussion
The fiber drawability in CLSD strongly depends on
the melt viscosity of the necking formed by laser
irradiation of the initial fiber. To elucidate the super-
drawing mechanism in CLSD, fibers produced
using four different MFRs were drawn under vari-
ous air drawing conditions and the relationship
between the air drawing conditions, the MFR, and
their characteristics was investigated.

3.1. MFR dependence of drawability
The drag force that draws the fiber in CLSD is gen-
erated in the supersonic jet when the chamber pres-
sure is low. In a previous study [17], we investigated
the relationship between the chamber pressure, the
flow rate of the air jet, and the drag force by using a
three-dimensional finite element method to esti-

mate the drag force acting on a fiber in the super-
sonic jet. The drag force is the result of the parallel
and perpendicular forces acting on the fiber surface
(shear and compressive forces, respectively). It
increases with decreasing chamber pressure.
Figure 3 shows the chamber pressure dependences
of the average diameter of fibers obtained by air
drawing initial fibers with four different MFRs. In
this series of experiments, the fiber supply speed
was 0.1 m·min–1 and the laser power was 20 W. As
the chamber pressure (pch) decreases, the average
fiber diameter decreases significantly for each
MFR; it is less than 1 µm at pch = 70 kPa for all four
MFRs. The MFR dependence of the average diame-
ter is large at high chamber pressures, but is small at
low chamber pressures. A reduction in the chamber
pressure implies an increase in the drag force and a
larger drag force induces a higher plastic flow rate,
resulting in a thinner nanofiber being produced.
Figures 4 and 5 show histograms of the diameter
together with SEM micrographs and the MFR
dependence of the standard deviation of the fiber
diameter for fibers obtained by air drawing the ini-
tial fibers with four different MFRs at pch = 20 and
90 kPa. For pch = 20 kPa, the nanofiber diameter
depends very little on the MFR; it is in the range
0.30–0.35 µm and the diameter distributions are
narrow. The standard deviation at pch = 20 kPa is
0.1 µm or smaller and is almost independent of the
MFR. For pch = 90 kPa, the fiber diameter hardly
depends on the MFR, and the fiber distributions are
considerably wider than those of fibers obtained at
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Figure 2. Photograph of nonwoven fabric collected on the
net

Figure 3. Chamber pressure dependence of the average
diameters of the fibers obtained by air drawing
the initial fibers with MFRs of % 308, & 653,
' 899, and ( 1473 g·10 min–1



pch = 20 kPa. The average diameters of the fibers
obtained at pch = 90 kPa are over 1.0 µm, and the
standard deviation increases linearly with decreas-

ing MFR. The fiber with the lowest MFR (i.e., high-
est melt viscosity) is not stably drawn because the
drag force is low at the higher chamber pressure.
Unstable air drawing widens the fiber diameter dis-
tribution and increases the average fiber diameter.
For air drawing at pch = 20 kPa, even the fiber with
the lowest MFR is stably drawn and it has a uni-
form diameter due to the large drag force.
Figure 6 shows photographs (magnification: !500)
showing necking produced by laser heating of the
initial fibers with four different MFRs at pch = 20
and 90 kPa. These photographs were taken perpen-
dicular to the laser beam using the high-speed cam-
era equipped with the long-range zoom lens. The
initial fibers were irradiated by light from a laser
located on the left side of the photographs.
In melt spinning, a melted polymer ejected from the
spinneret expands; this phenomenon is known as the
Barus effect [22]. In the case of CLSD performed at
pch = 20 kPa, all the initial fibers were drawn with-
out exhibiting the Barus effect, whereas in CLSD
performed at pch = 90 kPa, except for the MFR1473
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Figure 4. Histograms of fiber diameters along with SEM micrographs of fibers obtained by air drawing initial fibers with
four different MFRs at pch = 20 and 90 kPa

Figure 5. MFR dependence of standard deviations of diam-
eter of fibers obtained at chamber pressures of
& 20 and % 90 kPa

Figure 6. Photographs (magnification: !500) of necking during laser heating of initial fibers with four different MFRs at
pch = 20 and 90 kPa



fiber, the initial fibers were drawn with the Barus
effect. In CLSD performed at pch = 20 kPa, the
larger drag force generated in the supersonic jet
inhibits expansion of the melt fiber due to its vis-
coelasticity, but the melted fiber expands because
the drag force generated at pch = 90 kPa is small.
The MFR1473 initial fiber has the lowest melt vis-
cosity; consequently, it did not exhibit the Barus
effect even at pch = 90 kPa.
Figure 7 shows the fiber supply speed dependence
of the average fiber diameter for the drawn fibers
with four different MFRs. In this series of experi-
ments, the chamber pressure was 20 kPa and the
laser power was 20 W. The average fiber diameter
of the MFR308 fiber is largely influenced by the
fiber supply speed; those with higher MFRs are lit-
tle affected by the fiber supply speed. In CLSD of
the MFR308 initial fiber, the melt viscosity does not
decrease enough because the heating time is too
short when the fiber supply speed is fast. Thus, the
fiber diameter does not decrease. In contrast, nano -
fibers are produced when the supply speed is suffi-
ciently low that the fiber is melted by laser heating,
even at the lowest MFR. For very low MFRs, the
fiber supply speed is strongly dependent on the
MFR.

3.2. MFR dependence of superstructure
To investigate the effect of the MFR on the super-
structure and thermal properties of the fibers
obtained for various air drawing conditions, the

fibers were characterized by WAXD and DSC meas-
urements.
Figure 8 shows WAXD patterns obtained from the
initial fibers with four different MFRs and the
fibers obtained by air drawing the initial fibers at
pch = 20 and 90 kPa. The WAXD patterns of the ini-
tial and drawn fibers were obtained from bundles
and nonwoven fabrics as shown in Figure 2, respec-
tively. Only the WAXD pattern of the initial MFR308
fiber exhibits equatorial arc reflection due to ori-
ented crystallites. The WAXD patterns of the other
initial fibers exhibit Debye–Scherrer rings due to
the crystallites being randomly oriented. These reflec-
tions are attributable to hexagonal (100) reflections
[23] from crystallites that formed by strain-induced
crystallization during melt spinning. The initial fibers,
which were produced by conventional melt spin-
ning, generally exhibit Debye-Scherrer rings, whereas
only the initial MFR308 fiber has oriented crystal-
lites formed by strain-induced crystallization during
melt spinning. Because MFR308 was melt spun at a
high pressure due to its high melt viscosity, the
melted MFR308 was subjected to a large shear
force at the spinneret so that crystallites oriented
parallel to the fiber axis formed without orientation
relaxation.
The nonwovens of the air-drawn fibers exhibit
Debye-Scherrer rings in their WAXD patterns. In
addition, the drawn fibers contain crystallites that
formed by flow-induced crystallization during CLSD.
These WAXD patterns, which were obtained from
nonwoven fibers, do not indicate whether the crys-
tallites are oriented parallel to the fiber axis.
To confirm the existence of oriented crystallites
formed by flow-induced crystallization during CLSD,
WAXD measurements were performed on nano -
fiber bundles. Figures 9a and 9b respectively show
an SEM micrograph and a WAXD pattern of the
MFR1473 nanofiber drawn at pch = 20 kPa. The
WAXD pattern shows a wide equatorial arc reflec-
tion due to oriented crystallites because the fila-
ments are not perfectly aligned in the bundle, as the
SEM micrograph shows. However, the equatorial
arc reflection indicates that even the MFR1473 initial
fiber with the highest MFR, CLSD forms crystal-
lites aligned with the fiber axis. The equatorial reflec-
tion observed in the MFR308 initial fiber is also
observed in the WAXD pattern of the MFR1473 fiber
drawn by CLSD, although the equatorial reflection
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Figure 7. Fiber supply speed dependence of average fiber
diameter for fibers drawn with MFRs of % 308,
& 653, ' 899, and ( 1473 g·10 min–1



is not visible in the WAXD pattern of the MFR1473
initial fiber. These WAXD patterns experimentally
demonstrate that the crystallites formed by flow-
induced crystallization during CLSD are oriented
parallel to the fiber axis and they did not undergo
orientation relaxation. Even for the initial fiber with
the highest MFR (i.e., the lowest intermolecular

force) oriented crystallites were formed by super-
sonic-drawing and quenching in the low-tempera-
ture supersonic jet, which was cooled by adiabatic
expansion at the fiber injection orifice.
Figure 10 shows DSC curves obtained from the ini-
tial fibers with the four different MFRs and from
the fibers produced from them at pch = 20 and
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Figure 8. WAXD patterns of initial fibers with four different MFRs and fibers obtained by drawing them at pch = 20 and
90 kPa

Figure 9. (a) SEM micrograph and (b) WAXD pattern of MFR1473 nanofiber drawn at pch = 20 kPa



90 kPa. The initial and drawn fibers exhibit a broad
endothermic peak (melting) in the temperature
range 245–250°C. This melting peak can be attrib-
uted to crystals formed by strain-induced crystal-
lization during melt spinning and that grew during
DSC scanning. Except for the MFR1473 initial fiber,
which has a melting point (Tm) of 249°C, the initial
fibers have Tm > 253°C (see Table 2). For all four
MFRs, the Tm of the drawn fibers is 1–4°C lower
than that of the initial fibers. This reduction in Tm
indicates that the degree of perfection of the crystal
decreases and that the crystal formed by flow-
induced crystallization during CLSD has a lower
degree of perfection than the crystal formed by
strain-induced crystallization during melt spinning.
The MFR308 fiber has the smallest difference in Tm

between the initial and drawn fibers of the four
MFR fibers. CLSD of the MFR308 initial fiber is
likely to form crystallites with the highest degree of
perfection because effectiveness of the air drag
force to elongate the molecular chains in the
MFR308 fiber is the strongest.
Table 2 lists the melting temperature (Tm), the degree
of crystallinity (Xc) estimated from the heat of
fusion, the d-spacing, and the crystal size of the ini-
tial fibers with the four different MFRs and the
fibers drawn from them at pch = 20 and 90 kPa. The
MFR1473 initial fiber has Xc = 42% and the highest
Xc of the initial fibers. The MFR1473 ETFE fiber that
has a high fluidity is easy to crystallize during melt
spinning, whereas ETFE fibers with low MFRs are
difficult to crystallize during melt spinning due to
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Table 2. Melting temperature (Tm), degree of crystallinity (Xc), d-space (d), and crystal size (Xs) for initial fibers with four
different melt flow rates (MFRs) and fibers drawn them at chamber pressures (pchs) of 20 and 90 kPa

Sample MFR308 MFR630 MFR899 MFR1473

Tm
[°C]

Xc
[%]

d
[Å]

Xs
[Å]

Tm
[°C]

Xc
[%]

d
[Å]

Xs
[Å]

Tm
[°C]

Xc
[%]

d
[Å]

Xs
[Å]

Tm
[°C]

Xc
[%]

d
[Å]

Xs
[Å]

Initial fiber 253 36 5.01 57 253 39 4.97 60 256 35 5.03 57 249 42 5.00 67
pch = 20 kPa 252 54 4.98 46 252 45 5.01 41 254 54 5.00 53 245 49 5.04 48
pch = 90 kPa 252 47 5.01 44 251 43 5.04 42 253 49 5.03 45 246 48 5.04 45

Figure 10. DSC curves of initial fibers with four different MFRs and of their fibers obtained at pch = 20 and 90 kPa



its lower fluidity. The Xc values of the initial fibers
depend on MFR: as MFR decreases, Xc tends to
decrease.
Xc increases on CLSD and nanofibers obtained at
pch = 20 kPa have higher Xc values than the initial
fibers and the fibers obtained at pch = 90 kPa. The
MFR308 and MFR889 nanofibers obtained at pch =
20 kPa have the highest Xc of the drawn fibers.
CLSD promotes crystallization of fibers with a low
MFR more effectively than melt spinning. CLSD
performed at the lower chamber pressure generates
a larger drag force, which rapidly deforms the molten
polymer at a higher plastic flow rate and the larger
MFR produces a stronger intermolecular force. The
larger drag force and the stronger intermolecular
force are effective in promoting flow-induced crys-
tallization.
The d-spacing values are independent of the MFR
and whether the fiber has been drawn; they have a
constant value of about 5 Å. The crystal sizes of the
drawn fibers are obviously smaller than those of the
initial fibers although the drawn fibers have larger
Xc values than the initial fibers. This suggests that
CLSD produces a superstructure in which many
small crystals are dispersed. The crystal size tends
to increase at lower chamber pressures, whereas no
clear relation was observed between the crystal size
and the MFR.

4. Conclusions
ETFE initial fibers with MFRs in the wide range of
308–1473 g)10 min–1 were ultradrawn by CO2 laser
irradiation of a supersonic jet, which was cooled by
adiabatic expansion at the fiber injection orifice.
The nanofibers obtained at pch = 20 kPa have aver-
age fiber diameters in the range of 0.30–0.40 µm.
The MFR significantly affects the drawability of
fibers in CLSD and is extremely important in form-
ing the superstructure. CLSD performed at a lower
chamber pressure generates a larger drag force,
which rapidly deforms the molten polymer at a
higher plastic flow rate and the larger MFR pro-
duces a stronger intermolecular force. A large drag
force and a strong intermolecular force are effective
for generating flow-induced crystallization.
CLSD can be used for all thermoplastic polymers
containing polyolefins and fluoropolymers, which
are almost insoluble in solvents. CLSD can produce

indefinitely long nanofibers because the fiber is
supplied at a constant speed and is continuously
irradiated by a laser beam. CLSD can easily be used
to prepare various nanofibers using only CO2 laser
irradiation; it does not require any additional
processes. It is a novel technique for simple produc-
tion of nanofibers using only a CO2 laser.
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1. Introduction
Shape memory polymers (SMPs) belong to an
emerging and fast developing branch of smart mate-
rials. SMPs can fix temporary shapes and recover
their original one upon exposure to external stimuli.
According to the latter SMPs can be grouped in ther-
mal-, electro-, magnetic-, light-, solution (water)-
activated versions. Other categorizations consider
the chemical structure, the number of shapes SMP
can memorize in one cycle and the possibility to
repeat temporary/original shaping just upon exter-
nal stimulus [1–3]. Nowadays, exhaustive reviews
are available on the structure, properties and appli-
cations of SMPs [2–5].
SMPs consist of permanent netpoints and molecular
switches of reversible nature. The latter are exploited
for setting the temporary shape whereas the former
memorize the original shape. For cured thermosets

the netpoints are given by covalent crosslinks of the
chemical network. This network architecture enables
keeping the stable (original) shape also after recov-
ery. The segments between the crosslinks act as
molecular switches. They undergo a reversible
phase transition at the glass transition temperature
(Tg) range upon heating, where heating is the exter-
nal stimulus. The transition between the glassy and
rubbery states is associated with a large drop in the
modulus of SMPs (covering almost 3 orders of mag-
nitude). Temporary shaping, performed in the rub-
bery state, yields a conformational rearrangement
in the segments of the chemically crosslinked struc-
ture. This causes a prominent entropy reduction. The
shape is fixed upon cooling to the glassy state
whereby energy is stored via ‘freezing in’ the related
network deformation. When the material is heated
above the Tg again, the stored energy is released by
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increasing segmental movements. As a conse-
quence, the thermoset material recovers its original
shape. Therefore, the switching or transformation
temperature for thermal-activated shape memory
thermosets is the Tg. The above description suggests
that shape memory is an intrinsic property of ther-
mosets. This is basically true, but many internal
(molecular structure) and external parameters (load-
ing mode, stimulus etc.) should be set in order to
achieve efficient shape memory properties.
The interest for thermosetting SMPs and especially
for epoxy resin (EP) based ones is due to their
resistance to environmental attacks (solvents, radia-
tion [6]) and versatility. Versatility means that the
thermomechanical behaviour of EPs can be tailored
upon request. The related tools for shape memory
thermosets, including epoxies, are: resin type, type
and thus curing mechanism of the hardener, stoi-
chiometry and deviation from that [6–10], hybridiza-
tion of hardeners [11], mixing of differently curable
resins (i.e. generation of interpenetrating and semi-
interpenetrating structures [12]), and last but not
least filling and reinforcing with different additives.
SMPs have also limitations. Among them the low
recovery stress, long cycle time (time from tempo-
rary shaping to recovery) and limited cycle life
(repeatability of temporary shaping) should be men-
tioned, as outlined by Rousseau [4]. To enhance the
recovery stress and eventually reduce the recovery
time the most straightforward strategy is the rein-
forcement of the matrix. In the past trials were
mostly made by using nanofillers [13–16]. Less
attention was devoted to traditional reinforcements
such as fibres in various assemblies (woven, unidi-
rectional, nonwoven etc. [17–19]). This is possibly
due to the facts that (i) the ratio of the glassy to the
rubbery modulus decreases with the reinforcement
and (ii) the deformability of the composite may be
markedly hampered. Nevertheless, considerable
efforts are undertaken to produce shape memory
composites enabling to reach high recovery stress
and fast recovery, especially as potential actuators.
This development resulted in a new term for shape
memory composites, viz. to elastic memory com-
posites [20, 21].
Effect of the asymmetric layering of textile fabrics
on the shape memory function was not yet addressed
for temperature-sensitive shape memory EP com-
posites. This was, however, the topic of a polyure -
thane matrix composite reinforced with woven car-

bon fibre (CF) fabric [22]. Based also on the anal-
ogy with shape memory EP bilayers [23], developed
to memorize two temporary shapes, the asymmetric
reinforcement may be an interesting approach.
Therefore, this work was devoted to this issue. Two
and four CF fabric layers were positioned in one
side of EP matrix-based composites resulting in
reinforcing asymmetry. They were tested in flexure
in a dynamic mechanical analysis (DMA) device
allowing us to justify the shape fixity and recovery
both in unconstrained and constrained modes. The
reinforcing layers in the asymmetric composites
were subjected to tensile or compression loadings.
The shape memory properties of the asymmetric
composites were compared with those measured on
the plain EP resin.

2. Experimental section
Reference EP resin and EP/CF fabric composites,
containing two or four CF layers were fabricated.
The EP was an aliphatic, glycerol-based triepoxide
(ipox MR3012, Ipox Chemicals, Budapest, Hun-
gary) cured by an aliphatic, propyleneoxide-based
diamine (Jeffamine D230, Huntsman, Bergkamen,
Germany). The triepoxide and the diamine hardener
were mixed in stoichiometric ratio. EP was pro-
duced by pouring this mixture into a glass mould
[18]. Asymmetrically reinforced composites were
fabricated in two steps. Firstly the CF fabrics (Sigra-
tex KDL 8048, SGL Group, Wiesbaden, Germany)
were impregnated with the above EP mixture on a
polyethylene-terephthalate (PET) foil, which was
sprayed with a mould release agent (Lusin Alro LL
261, Chem-Trend, Howell, MI, USA). Two or four
impregnated CF fabrics were placed on one another
and covered by a PET foil also from the top. Air
bubbles were removed by using a roll. Laminates
were precured at 80°C for 40 min. After that, the
PET foils were removed, and the laminates were
put in a glass mould. Remaining space in the mould
was filled with EP mixture. This resulted in com-
posites with a reinforcement-rich/matrix layers of
1/4 and 1/2, respectively – cf. Figure 1.
Curing was performed at 80 and 125°C for 2 hours
each. After demoulding the specimens were cut in
10 mm"40 mm slabs. The thickness of specimens
was kept constant (~2 mm). Schematic picture of
the samples’ cross sections along with their coding
can be seen in Figure 2. Specimens with two and
four CF fabric layers were subjected to flexure from
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both sides. Accordingly, the layer rich in CF fabrics
was located either on the bottom (b) or on the top (t)
of the specimens (cf. Figure 2). Each test was con-
ducted on a single specimen.
Dynamic mechanical thermal analysis (DMA) were
performed with a Q800 (TA Instruments, New Cas-
tle, DE, USA) device. Span length, oscillation ampli-
tude and heating rate were 20 mm, 15 µm and
3°C/min, respectively. Stress (") and strain (#) val-
ues were calculated by the software of the device.
Because of the asymmetric arrangement of the rein-
forcement, the corresponding stress and strain val-
ues are apparent. Nevertheless, they can be used for
differentiations between the samples.
In order to determine the maximal bending strain
(#m) at the deformation temperature (Td), the speci-
mens were subjected to force-controlled bending
tests in DMA setting a loading speed of 3 N/min.
Shape memory behaviour was assessed in both
unconstrained and fully constrained shape memory
tests. Steps of these tests, also conducted in the
DMA device, are listed in Table 1. 

Shape fixity ratio (Rf) and shape recovery ratio (Rr)
were calculated according to Equations (1) and (2):

                                        (1)

                      (2)

where #u means the fixed temporary shape, #m is the
required temporary shape, #p is the recovered shape,
and N is the number of cycle.
From constrained shape memory test different stress
values can be determined. Loading stress ("load) is
defined as a maximum of stress needed to bend the
specimen at Td. Fixing stress ("fix) is the stress,
which was needed to keep #m at storage temperature
(Ts). Recovery stress ("rec) is the maximum of stress
measured during reheating (step IV – cf. Table 1).
Cyclic unconstrained shape recovery test were per-
formed through five cycles on the EP, EPCF2b and
EPCF4b systems.

3. Results and discussion
Figure 3 shows how the storage modulus changes in
function of temperature. In cases of EP and EPCF2
composites this change is at about two orders of
magnitude, while for the EPCF4 composites change
between the glassy and rubbery moduli is smaller.
This already suggests that EPCF4b will have lower
shape fixity and shape recovery ratios than EPCF2b.
The DMA curves in Figure 3 indicate that the Tg of
the composites are around ambient temperature.

Rr1N 2 5 em 2 ep1N 2
em 2 ep1N 2 1 2 ~100,

Rf1N 2 5 eu1N 2
em

~
100,Rf1N 2 5 eu1N 2

em
~
100,

Rr1N 2 5 em 2 ep1N 2
em 2 ep1N 2 1 2 ~100,
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Figure 1. Optical microscopic pictures taken from the cross sections of the two (a) and four CF layers (b) containing speci-
mens

Figure 2. 3-point bending arrangements of the samples

Table 1. Steps of unconstrained and constrained shape memory tests (Td deformation temperature, Ts storage temperature,
#m required temporary shape)

Step Unconstrained test Constrained test
I. Heating up to Td = 50°C, while keeping 0.05% strain Heating up to Td = 50°C, while keeping 0.05% strain

II. Bending up to #m = 2.5% with strain rate of 0.5%/min Bending up to #m = 2.5% with strain rate of 0.5%/min
III. Cooling down to Ts = –15°C, while keeping #m = 2.5% Cooling down to Ts = –15°C, while keeping #m = 2.5%

IV. Heating up to Td = 50°C with heating rate of 10°C/min, while
applying a minimal force of 0.01 N

Heating up to Td = 50°C with heating rate of 10°C/min, while
keeping #m = 2.5%



Therefore, –15°C and 50°C have been chosen for Ts
and Td, respectively.
From bending test at Td (Figure 4), #m was deter-
mined. Stress-strain curves of EPCF4b and EPCF4t
(running together) end at 3% strain, because the
force at this strain reached the limit of the DMA
device. Therefore, #m = 2.5% was chosen for the
shape memory testing.
Temperature, stress and strain in function of time
for the unconstrained and constrained shape mem-
ory tests are plotted in Figures 5 and 6, respectively.
In these tests, samples having the reinforcing CF
fabrics in the same positions (i.e. at the bottom or at
the top) delivered similar responses. Therefore only
curves of EP, EPCF2b and EPCF2t are presented in
Figures 5 and 6.
Between step III and step IV in Figure 5 a sharp
change in strain can be observed. This change is
+0.03, +0.09, –0.17, –0.02, –0.14% for EP, EPCF2b,
EPCF2t, EPCF4b and EPCF4t, respectively. For the
EP this change is due to thermal expansion in thick-
ness direction. In case of EPCF2b this change is
rather due to an anisotropic thermal expansion in

length direction but across the thickness. Note that
CF fabric composites have negative thermal expan-
sion coefficient in length direction, while EP has a
positive one. This causes the spring back phenome-
non observed for example when a hot-cured asym-
metrically reinforced EP/CF + EP/glass fibre hybrid
composite is cooled to room temperature [24]. This
spring back phenomenon is more prominent when
CF fabrics are at the tensioned side in the speci-
mens. In case of EPCF4b spring back cannot sup-
port the shape memory in flexure because fabrics
situated also at compressed side.
Another interesting feature appeared in step IV for
EPCF2t. The strain begins to rise before and also
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Figure 3. DMA curves of the specimens

Figure 4. Flexural behaviour of the specimens at Td = 50°C.
Note: curves of EPCF4b and EPCF4t are running
together

Figure 5. Behaviour of the samples under unconstrained
recovery test; (a) EP (b) EPCF2b (c) EPCF2t.
Notes: circles indicate the observed spring back
effects; the inset in picture (c) shows how the
thermal expansion (spring forward) affected the
shape recovery



after shape recovery as indicated by the inset in Fig-
ure 5c. This is also due to the difference in the ther-
mal expansion coefficients, but during heating.
Therefore it can be termed as spring forward effect.
In constrained shape memory test the stress can be
measured also during reheating (i.e. step IV accord-
ing to Table 1). However, in fully constrained con-
ditions the stress values in step IV would only be
correct when the specimens had a shape fixity ratio
of 100%. Recovery stress (!rec) can be compared to

the loading one (!load). If failure happens in the com-
posite, !rec will be smaller than !load. In our case !rec
was always equal with !load within the DMA
device-related experimental error.
A further characteristic stress value can be obtained
from constrained shape memory tests, viz. the fixa-
tion stress (!fix). For EP and EPCF2b !fix is zero
reflecting good shape fixity of these samples. By
contrast, !fix is higher, even than !load for EPCF2t.
Results from the unconstrained and constrained
shape memory tests are summarized for EP and
EP/CF fabric composites in Table 2. Shape fixity
ratio improved in case of EPCF2b and worsened in
other cases comparing to EP. Shape recovery ratio
comparing to EP decreased remarkably in case of
EPCF2t, and was not changed in case of EPCF2b.
Table 2 also lists the maximum recovery speed
(|d"/dt|max). The reinforcement lowers the recovery
speed, except in case of EPCF2t.
For EP, EPCF2b and EPCF4b cyclic unconstrained
shape memory tests were also performed. Results in
Table 3 demonstrate that the shape fixity and shape
recovery ratios did not change significantly over
five consecutive cycles.

4. Conclusions
This work was devoted to study the shape memory
behaviour epoxy (EP)-based composites reinforced
with carbon fibre (CF) fabrics in asymmetrical
arrangements. Strong and slight asymmetric layer-
ing was achieved by incorporating two and four CF
fabric layers. Based on the results achieved on spec-
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Figure 6. Behaviour of the samples under constrained
recovery test; (a) EP (b) EPCF2b (c) EPCF2t

Table 2. Shape memory characteristics of the EP and asymmetrically reinforced composite specimens
Properties EP EPCF2b EPCF2t EPCF4b EPCF4t

Rf [%] 101 104 93 99 94
Rr [%] 103 103 93 100 100
|d"/dt|max [%/min] 2.8 2.6 2.9 2.6 2.4
!load [MPa] 0.7 3.2 2.9 9.6 8.5
!fix [MPa] 0.0 0.0 8.9 0.1 7.9
!rec [MPa] 0.7 3.3 2.9 9.7 8.5

Table 3. Cyclic shape memory properties of the EP, EPCF2b
and EPCF4b systems

N EP EPCF2b EPCF4b
Rf

[%]
Rr

[%]
Rf

[%]
Rr

[%]
Rf

[%]
Rr

[%]
1 102 99 104 99 99 99
2 103 100 113 99 101 100
3 103 100 109 100 101 100
4 103 100 108 97 103 100
5 103 100 108 100 103 99



imens subjected to flexure, whereby considering
the position of the CF rich layers, the following
conclusions can be drawn:
–#Recovery stress can be strongly enhanced by the

CF fabric reinforcement. As expected the more
CF is incorporated, the higher is the recovery
stress. The shape fixity and recovery ratios
change marginally as a function of CF reinforce-
ment content.

–#Recovery stress is higher when the CF fabric rich
layers are on the tension than on the compression
side of the bent specimens. For this arrangement
the shape memory performance over five repeated
cycles did not change practically. Shape fixity
ratios were markedly smaller when the CF fabric
rich layers experienced local compression. This
was caused by a spring back effect owing to the
thermal expansion mismatch between the matrix
and CF-rich layers.
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1. Introduction
The surface modification of solid substrates by
plasma exposure is mostly used for etching, cross-
linking, surface activation (radical formation) and
as pre-deposition process. The modification processes
is not restricted to plasma irradiation, since the per-
formed air exposure also leads to significant surface
changes. The process of aging is characterized by
significant surface chemistry changes, the forma-
tion of new functional groups, branching, cross-
linking and low molecular species formation [1–3].
Plasma can be described as an energetic medium
composed of electrons, positively and negatively
charged ions, radicals, atoms and molecules, which

are obtained by using outer energetic source [4] and
can be also quantitatively characterized. Plasma
sources are characterized by electron density, uni-
formity and type of energetic source. Mostly used
sources are RF (radio-frequency) or microwave
excitation sources. The first group of reactions
involves the reaction of surface with active species
contained in plasma (oxidation, scissoring), the sec-
ond group is the restructuring of the surface due to
free radicals creation (degradation, oxygen incorpo-
ration) [5]. Polymer matrix can be also improved by
various type of particles, e.g. graphite nanoplatelets
[6]. In case of reactive plasma modification the
electrical field causes acceleration of free electrons
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and the kinetic energy of electrons is sufficiently
high to cause ionization, fragmentation and excita-
tion processes of gas molecules. Thus the activated
atoms and molecules generate a highly reactive gas
mixture, which is able to react with the exposed sur-
face. Plasma exposure causes four main effects that
occur during the plasma modification process itself:
(i) surface cleaning, (ii) surface ablation or etching,
(iii) cross-linking and (iv) modification of chemical
properties.
The velocity of electrons is typically much higher
than ion velocity. Exposure to plasma discharge can
lead to the introduction of chemical functionalities,
the nature of the functionalities highly depending
on the chemical composition of the biomaterial and
the process gas [7, 8]. The depth of modification
arises from plasma power and exposure time. Typi-
cally it is few hundred of Ångströms (determined
by RBS, Rutherford backscattering) and the modi-
fied layer can be measured e.g. with RBS and XPS
(X-ray photoelectron spectroscopy) method. Øiseth
[1] has stated that the depth probed by the instru-
ment can reach approximately 10 nm. A gradient of
incorporated oxygen into polymer surface can be
present. Surface modifications induced by plasma
processes can be mainly divided into three cate-
gories: etching, functionalization and deposition.
The volatile species can be created during plasma
exposure. The commonly used gases for plasma
treatments are argon or nitrogen [1–3, 5]. The degree
(efficiency) of etching during plasma processes
depends on the density of active species and inten-
sity (power) of ion bombardment towards the sur-
face. The etching degree also strongly depends on
polymer temperature, i.e. the temperature of base
table [6]. Plasma etching can be performed also on
metals, semiconductors which in combination with
polymer’s etching can find a variety of applications
in electronics or biotechnological engineering.
The plasma exposure induces physico-chemical
changes of the polymeric surface. The interaction of
polymer surface with plasma can cause hydrogen
separation from polymeric chains and free radical
creation. Radicals are created due to Ar+ or electron
impacts, the C–C and C–H bonds being disrupted
[6]. With the CASING phenomenon (Cross-linking
by activated species of inert gases) radicals interact
with each other [4]. Grace and Gerenser [9] intro-
duced PE, PP, PS surface modifications induced by

a plasma only supplied with a rare gas (and so with-
out any reactive gas such as O2) that do not provide
new functional groups on the PE, PP or PS surface
during exposure in the chamber, the groups are
mainly created due to exposure to the modified sur-
face to air. The radicals created by plasma activa-
tion can interact with oxygen or nitrogen from air
and thus the new functional groups may be incorpo-
rated into the polymer surface [1, 4, 6]. From some
polymers containing oxygen (e.g. PET, PC or
PMMA) the CO or CO2 groups can be released. The
H2O plasma can be used for incorporation of
hydroxyl groups on the polymer surface. The oxida-
tion reaction plays mostly the main role [9]. Plasma
containing nitrogen (N2 or NH3 plasma) improves
wettability, biocompatibility and printability of
polymeric surfaces.
The physico-chemical changes of selected polymer
surfaces (PET, HDPE, PTFE, PLLA) induced by
argon plasma are introduced in this paper. The sur-
face contact angle and aging studies were per-
formed. The influence of plasma interaction on sur-
face morphology is described. Physico-chemical
changes were characterized in connection to the cell
adhesion and proliferation on selected substrate.

2. Materials and methods
2.1. Materials and plasma treatment
Polyethyleneterephthalate (PET, Goodfellow Cam-
bridge Ltd., Cambridge, Great Britain, 1.4 g·cm–3,
50 !m), high-density polyethylene (HDPE, Grani-
tol Moravsky Beroun a.s. Czech Republic,
0.95 g·cm–3, 50 !m), (polytetrafluoroethylene
(PTFE, Goodfellow Cambridge Ltd., Cambridge,
Great Britain, 2.2 g·cm–3, 50 !m) and biopolymer
poly(L-lactic acid) (PLLA, Goodfellow Cambridge
Ltd., Cambridge, Great Britain, 1.25 g·cm–3, 50 !m)
were used for the experiments. The samples were
modified in diode plasma discharge on Balzers
SCD 050 device for 0–400 s (BalTec Maschinen-
bau AG, Pfäffikon, Switzerland), using DC Ar
plasma (gas purity was 99.997%, power 5 and
10 W). Process parameters were: Ar flow 0.3 L·s–1,
Ar pressure 10 Pa, electrode area 48 cm2, the inter-
electrode distance of 50 mm, chamber volume
1000 cm3. The sample is located on the cathode
during the modification and its position is perpendi-
cular to the flow.
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2.2. Measurement techniques
Contact angles were determined by goniometry
with static water drop method. The Sessile Drop
Technique was used for the characterization. The
measurements of the water contact angles (error
±5%) were performed using distilled water on 10
different positions using the Surface Energy Evalu-
ation System (Advex Instruments, Brno, Czech
Republic).
Surface morphology and roughness of the pristine
and modified polymer samples were examined by
the AFM technique using a Bruker Corporation CP-II
setup (Santa Barbara, CA, USA) device working in
tapping mode. A Si probe RTESPA-CP, with the
spring constant 20–80 N·m–1, was used. The mean
roughness value (Ra) represents the arithmetic aver-
age of the deviations from the centre plane of the
sample. We have performed the AFM measurements
on 3 different places for each modification.
The gravimetric analysis of the ablated surface layer
after plasma treatment was performed using an ultra
micro-balance Mettler Toledo UMX2 (Metler Toledo
LLC, Columbus, USA). The thickness of the ablated
layer was converted from the change in weight of
8 samples of same surface area before and after the
treatment using tabulated polymer density. A depo-
larization high-frequency gate was used to achieve
surface discharge in order to minimize the influence
of surface electrostatic charge on the measurement
with Mettler Toledo UMX2.

2.3. Cell culture, adhesion and proliferation
For cell culture in vitro experiments, 4 samples
from each modification and for each time interval
were used. The samples were sterilized for 1 h in
ethanol (75%), air-dried, inserted into polystyrene
12-well plates (TPP, Switzerland; well diameter
20 mm) and seeded with vascular smooth muscle
cells (VSMCs) derived from the rat aorta by an
explantation method [10]. The procedure of cell's
seeding is well described in [3]. The cell prolifera-
tion activity was estimated from the increase in the
cell numbers achieved on the 1st, 3rd and 7th days after
seeding [3]. The number and the morphology of the
cells on the sample surface were then evaluated on
microphotographs taken under an Olympus IX 51
microscope (Olympus, Prague, Czech Republic). The
number of adhered and proliferated cells was deter-
mined from the 3 samples. 1 sample from the each

modification was used for determination of the via-
bility of the cells [3].

3. Results and discussion
3.1. Contact angle measurement and surface

aging
Contact angles immediately after treatment were
measured on polymers modified with 5 and 10 W
and exposure time 10–240 s. The dependence of
contact angle on exposure time for polymers is
introduced in Figure 1. The PTFE exhibited the
smaller decrease of contact angle. From value for
pristine PTFE (108.7±3.8°) a decrease to (83.7±3.8°)
for treated PTFE with 10 W and 10 s and a decrease
down to (45.6±3.1°) for PTFE treated with 10 W
and 240 s were observed. The higher the plasma
power applied the more pronounced decrease of
contact angle was observed. Exposure to plasma
leads to a partial defluorination by –C–F bond scis-
sion or polymer chain breakage. The –"–F may
arise from the ion interaction, which can react with
other radical on polymer surface, air oxygen, 
–C=C– bonds may be created on the plasma acti-
vated surface [11]. The PTFE surface exhibits lower
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Figure 1. Dependence of the contact angle on the plasma
exposure time for plasma-treated PET, HDPE,
PTFE and PLLA. The exposure powers were 5
and 10 W



free radical count available for reaction with oxy-
gen or nitrogen in comparison to other polymers
[11]. The crystallinity of polymer may also be
affected [12]. The incorporation of the previously
mentioned species into polymer surfaces may not
be as progressive as for PET or PLLA, and the wet-
tability is lower in comparison to above spoken
polymers.
PET exhibited significantly higher decrease of con-
tact angle due to treatment in comparison to PTFE.
The higher decrease was observed for samples
treated with 10 W, the contact angle decreased from
(71.1±3.1°) to (24.1±3.1°). There is also an appar-
ent interval of non-regular decrease and increase of
contact angle for shorter exposure times, which is
caused by the ablation of polymer surface at the
beginning of the modification, where the contact
angle for PET decreased from (72.9±6.1°) for pris-
tine PET to minimal value of (18.6±2.4°) for
plasma power 10 W. The decrease of contact angle
is connected to changes in surface chemistry and
indicated increase of surface polarity. The interac-
tion of PET [13] with plasma leads to the –C–O–
bond breakage in ester groups the polymer chain
being disrupted. The lower plasma power led to
lower decrease of contact angle for all studied poly-
mers (PET, HDPE, PTFE, PLLA). This phenomenon
is probably caused by lower kinetic energy, charge
and density of impacted argon ions towards to poly-
mer surface. The interaction of plasma with poly-
mer surface, e.g. polyethylene can induce several
changes in surface wettability but also morphology
[14–16] as well as deposition of biologically active
compounds [17, 18]. The significant changes of
polymer surface properties (both morphology and
contact angle) due to modification by application of
He+ N2 dielectric barrier discharge was observed by
Borcia et al. [19]. It was also shown that at low
energy densities the plasma treatment at medium
pressure is more energy-efficient in incorporating
oxygen functionalities than plasma treatment at
atmospheric pressure [20]. At elevated pressure
also the changes of applied gas (helium vs. argon)
plays an important role [21, 22]. Several reviews
about plasma treatment of polymers for biomedical
applications have been published recently [23–25].
Biopolymers have been also studied [26].
For HDPE the contact angle decreased from the
original value (99.1±4.1°) down to (18.3±1.0°) for

polymer treated for 10 s and 10 W. With higher
exposure time the contact angle further decreases
down to (9.6±0.9°) for HDPE modified with 10 W
and 240 s. On the HDPE surface the three types of
radicals can be created: alkyl, allyl and DBS (dan-
gling bond sites) with different stabilities [1]. The
functional radicals cause the creation of double
bonds in the polymeric layer and forming of oxi-
dized functional groups on the surface. These groups
are created by the interaction of activated surface
with gases from the atmosphere during the modifi-
cation or, more often after the procedure [1].
The aging of polymer was determined after poly-
mer surface modification and during this period the
contact angle stabilization was achieved for the
studied polymers. The data for selected polymers
aging are introduced in Figures 2a–2c.
The aging of HDPE surface is introduced in Fig-
ure 2a. The surface underwent aging process finish-
ing after 384 hours. The exception was the sample
modified with highest exposure time, where a slight
increase of contact angle was observed. The values
of contact angles after the aging period (384 hours)
remained constant above (99.1±4.1°), the exception
was the sample modified with 10 s. This sample after
the aging process exhibited significantly lower
value close to 80°, the value being lower than that
of pristine HDPE. We suppose that this phenomenon
was caused by the amount of oxygenated groups on
the modified surface and more importantly by the
amount of oxygenated groups which rotated during
the aging process into the polymer bulk (this phe-
nomena is more pronounced for the HDPE modi-
fied with 10 s).
In case of PET the CO and CO2 release during the
polymer surface aging can occur [27]. The benzene
core is not attacked. The free radicals are created
during the modification process and the oxygenated
groups (–OH, –COOH) are incorporated into the
polymer surface partially during the modification
process and immediately after the contact of modi-
fied samples with the oxygen in air. The multiple
bonds are also created and this may result in poly-
mer casing formation [27]. From Figure 2b it is obvi-
ous, that during aging process the contact angle
increases for all applied exposure times, the constant
value being achieved approximately after 336 hours.
The value of aged surface is higher than value for
pristine PET (72.9±6.1°). The exception is sample
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treated with 10 s, where this value is approximately
similar. The values during aging process are lower
for the sample treated only with 10 s during whole
aging period in comparison to 80, 160 and 240 s.
The PTFE aging process is accomplished with –!–F
radicals creation induced by interaction with Ar+

ions. The consequent reaction with air oxygen may
occur as well as relaxation of polymer chain, where
the polar groups are rotating into the polymer sur-
face and also the diffusion of non-modified seg-
ments towards to the very surface may occur [28].
From Figure 2c it can be concluded, that the contact
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Figure 2. The dependence of contact angle of modified HDPE (a), PET (b) and PTFE (c) on aging time for applied plasma
power 10 W



angle of PTFE surface becomes constant after
approximately 336 hours. The values stabilize at
contact angles smaller than value of pristine PTFE
(108.7±3.8°). The exception was found for PTFE
activated with 10 W and 240 s, the contact angle
being stabilized slightly above the value of pristine
PTFE.
The use of lower plasma power (5 W) had no signif-
icant effect of the aging behaviour of the above spo-
ken polymer substrates. The contact angle achieved
a constant value after approximately similar interval
as those exposed to 10 W (i.e. aging time 336 hours
and higher). For the demonstration, the aging of
PLLA samples treated with 5 and 10 W (240 s) is
introduced in Figure 3. Such treatment parameter
(time 240 s) was chosen for aging study (and intro-
duction of different plasma power influence) since
it exhibited the most pronounced decrease of the
contact angle immediately after the modification.
For PLLA the contact angle increases rapidly with
increasing aging time and after about 100 hours of
aging it achieves a saturation at about 83° and 87°

for 5 and 10 W discharge power respectively (com-
pare with 71.1° of pristine PLLA).

3.2. Surface morphology and mass loss
(ablation)

The surface morphology of pristine polymers and
plasma treated polymers are introduced in Figure 4.
The plasma activation leads to an increase in the
surface roughness of PET (Figures 4a, 4b). The
granular structure of PET is more pronounced after
plasma modification. The analysis of HDPE surface
morphology has shown (Figures 4c, 4d) that due to
plasma activation the HDPE surface morphology
significantly changes, the roughness being slightly
increased. On the contrary, plasma modification of
PTFE does not significantly change the surface
roughness, the surface structure being significantly
altered (Figures 4e, 4f). The pronounced lamellar
structure was observed on plasma activated PTFE.
The effect of plasma activation was also observed
for PLLA foil. For the sake of clarity the scan
10!10 was chosen, so that the changes of PLLA foil
could be clearly visible. The pristine PLLA exhibits
the surface morphology with no obvious surface
irregularities and surface roughness Ra = 7.0 nm
(Figure 4g, 4h). As a result of plasma irradiation the
surface roughness dramatically increases and sharp
fragments appear on the modified surface. During
the ablation (see later), the amorphous phase is pref-
erentially ablated while the crystalline amount of
PLLA surface being revealed.
The ablation during the plasma treatment has been
studied by gravimetry. The ablation mass loss of
polymer was consecutively converted to polymer
thickness. The mass losses determined after plasma
treatment (power 10 W, time 240 s) are introduced
in Figure 5. With increasing exposure time the higher
ablation loss was apparent. The highest ablation
loss was observed for PLLA. The thickness of
ablated material was 73 nm (see Figure 5). The mass
loss for the same treatment parameters resulted to
ablation loss approximately 39 nm PTFE and 27 nm
for PET. The lowest ablation loss has been observed
for HDPE. It can be concluded, that the highest
ablation due to Ar plasma (the lowest resistance to
plasma discharge) exhibits biodegradable polymer
PLLA.
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Figure 3. Dependence of the contact angle of PLLA on
sample aging time. The plasma discharge powers
were 5 and 10 W. Contact angle of pristine poly-
mer is shown by solid line



3.3. Cytocompatibility
Since our earlier studies have been focused on the
biocompatibility of HDPE and PLLA (modified
under different conditions) we chose for the cell

adhesion and proliferation tests PTFE substrate.
The PTFE substrate was modified with 5 and 10 W
(240 s). The former one (5 W) will be discussed
further, the values being similar in a trend to that of
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Figure 4. AFM images: pristine PET (a), PET modified with 10 W and 240 s (b), pristine HDPE (c), HDPE modified with
10 W and 240 s (d), pristine PTFE (e), PTFE modified with 10 W and 240 s (f), pristine PLLA (g), PLLA modi-
fied with 10 W and 240 s (h). Ra is the average surface roughness in nm.



higher plasma power. The initial seeding number of
cells (17 000 cm–2) was followed by the decrease up
to 6700 cells·cm–2 (PTFE/5W) due to initial process
of cell adhesion, where the cell’s dying takes place.
The cells which successfully survive and adhere on
the PTFE surface further proliferate. The increase
up to 15000 cm–2 was observed after 48 hours on
the plasma activated PTFE. The lowest number of
adhered cells was observed on pristine PTFE after
24 and 48 hours from seeding. Third day after seed-
ing a sharp increase of cell number was observed on
plasma exposed PTFE (up to 65 000 cells·cm–2),
while the pristine PTFE exhibited cell numbers
below 3000 cells·cm–2. After 7 days from seeding
the cell number on plasma modified PTFE was fur-
ther doubled up to numbers exceeding
100 000 cells·cm–2. The appropriate photographs of
the pristine PTFE and plasma activated PTFE sur-
face with adhered and proliferated VSMC cells is
introduced in Figure 6. The plasma exposure was
confirmed to be significantly improving tool for the
PTFE biocompatibility.

4. Conclusions
Physico-chemical properties of plasma-treated
PET, HDPE, PTFE and PLLA samples were deter-
mined. Plasma treatment leads to dramatic changes
in the surface polarity (wettability). The wettability
increase caused by plasma activation was depend-
ent on plasma power and exposure time, the most
pronounced changes were observed for 10 W and
240 s. The PLLA samples exhibited saturation of wet-
tability (aged surface) after approximately 100 hours,
while the PET and PTFE achieved constant values
of contact angle after 336 hours. Irradiation by
plasma leads to polymer ablation, the highest mass
loss being observed for PLLA. The changes in the
surface roughness and morphology are observed,
the lamellar structure being induced on PTFE. The
plasma exposure was confirmed to be a powerful
tool for enhancing PTFE biocompatibility.

Acknowledgements
This work was supported by the GACR under project
P108/12/G108.

                                              Slepi!ka et al. – eXPRESS Polymer Letters Vol.7, No.6 (2013) 535–545

                                                                                                    542

Figure 5. The ablated thickness of polymer (HDPE, PET,
PTFE, PLLA) for plasma treatment power 10 W,
exposure time 240 s
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1. Introduction
Owing to their unique properties such as electrical
insulating property, high weather resistance, good
biocompatibility as well as physiological inertness,
silicone rubbers gain numerous applications in
practice. However, as compared to other rubbers
(e.g. natural rubber, styrene butadiene rubber), sili-
cone rubbers have relatively weak mechanical prop-
erties, so that their applications are limited signifi-
cantly; this case is especially serious for the room
temperature vulcanized silicone rubbers (RTV),
since they possess low crosslink density in compar-
ison with the high temperature vulcanized silicones
(HTV). To reinforce RTV, the common way is to
introduce nano-sized rigid inorganic particles to it,
which include SiO2, Al2O3, CaCO3, TiO2, carbon
black etc. [1–5]. Normally, reinforcing particles are
randomly distributed in RTV without any align-
ment. If the particles can be aligned to form fiber-
like structure, they would result in more significant
reinforcing effects, as well as enhancements in elec-

trical and thermal conductivity along the aligning
direction, provided that the particles are electrically
or thermally conductive in nature [6–13]. Actually,
force, electrical and magnetic fields are normally
applied to make particles align in polymers. For
example, at the temperatures above their melt points
thermoplastics can be drawn to polymer fibers or
films with applied force; meantime, the particles in
the polymers (e.g. carbon nanotubes, layered fillers)
are able to align along the force direction. It has
been reported that the force field could be also
applied to thermosetting polymers for aligning par-
ticles, when the thermosetting polymers are semi-
cured, showing the ability to undergo large deforma-
tion [14, 15]. Note this method is only used for man-
ufacturing polymer fibers or films. Instead, external
electrical or magnetic fields can be applied to make
particle alignment in bulk polymers [16–24].
In this work we reinforced RTV composite samples
filled with micro- or nano- nickel (Ni) particles. By
applying a magnetic field, both micro- and nanopar-
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ticles can align along the direction of the magnetic
field. The key mechanical properties of the silicone-
based composites were compared with/without
applying the magnetic field.

2. Experimental
Hydroxyl-terminated ploydimethysiloxane prepoly-
mer (molecular weight = 20000, Wacker Chemie
AG, Germany) was used as polymer matrix in this
study. Both micro- and nano- Ni particles were pro-
vided by Hebao Nanomaterial Co. Ltd, China. Their
SEM images are shown in Figure 1, respectively.
According to the SEM images, the diameters of the
micro-particles and nanoparticles were measured to
be in the range of 2–10 !m and 100–200 nm, respec-
tively.

The Ni particles were mixed with the ploydimethy -
siloxane prepolymer and stirred intensively by a
high-speed dissolver (DISPERMAT AE, Germany)
at a speed of 5000 rpm for 1 h. The mixture was fur-
ther processed by a three-roll mill machine (EXAKT
80E, Germany) at room temperature for 30 min,
followed by adding appropriate amounts of curing
agent (TEOS) and accelerator (dibutyltin dilaurate);
accordingly, the mixture was poured into a rectan-
gular PTFE mold (120 mm"#"120 mm"#"3 mm), which
was placed between a pair of permanent magnets
with the magnetic field of 0.05 T. Figure 2 shows
the experimental setup and related photo. In some
cases, xylene was added to the mixture so as to
reduce viscosity of the mixture and promote mobil-
ity of Ni particles under magnetic field. The mix-
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Figure 1. SEM micrographs of Ni particles: (a) micro-particles, (b) nanoparticles

Figure 2. Configuration of preparing silicone composite samples with aligned particles: (a) a schematic diagram and (b) a
photo



ture was cured at room temperature for several days
until complete cure.
The alignment process of Ni particles in the pre-
polymer was in-situ observed by a transmission
optical microscope (TOM, Leica DM4000M, Ger-
many). Additionally, the cured samples were placed
into liquid nitrogen and then fractured along the
alignment direction; the broken surfaces were
observed by a scanning electron microscope (SEM,
Hitachi S-4800, Japan).
The mechanical properties of composite samples
were measured with/without applying magnetic
field. Tensile test and tear test of the composite
samples were performed without applying magnetic
field, using a SANS CMT2000 Tester (Shenzhen
Sans Material Test Instrument Co., Ltd., China) at a
crosshead speed of 50 mm/min in accordance to
GB/T-528. Dynamic mechanical properties of these
samples were measured by a dynamic mechanical
analyzer (Triton Technology Ltd, UK, model Tritec
2000B) coupled with a self-made electromagnet
that can generate a variable magnetic field from 0 to
1000 mT. The sample had dimensions of 10 mm"#

3 mm"#"3 mm, in which the particle chains (if they
were aligned) were distributed along the thickness
direction. The DMA test was performed at room
temperature, in shear mode with the shear strain
amplitude of 0.1%. The detail of experiment configu-
ration is schematically shown in Figure 3.

3. Results and discussion
3.1. Alignment process of micro- and

nano-sized Ni particles in silicone resin
The viscosity of the Ni/RTV mixture has significant
influence on the alignment process of Ni particles.
Takahashi et al. [25] found in the vapor-grown car-
bon fiber/silicone oil systems the fiber alignment and
the subsequent network formation was almost pro-
portional to the matrix viscosity, because the high
viscosity can effectively impede the fiber rotation
and movement under dc electric field. In the present
work, the rheological behavior of the Ni/RTV mix-
ture was measured and shown in Figure 4. As seen,
the micro-particles only slightly increase the vis-
cosity of the mixture, compared to the nanoparticles
at the same filler content. This is because that the
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Figure 3. Configuration of measuring the shear storage modulus of silicone composite samples: (a) a photo of the modified
DMA, (b) a photo of specimen and (c) a schematic diagram of specimen



nanoparticles have much larger specific surface
area, which may interact with the matrix during
flow. At high filler content of 20 wt%, the nanopar-
ticle/RTV mixture is found to present obvious
thixotropic effect.
The mixture of micron-sized Ni/uncured resin is
placed under a magnetic field and in-situ observed
by TOM to study the alignment process of particles.

At a filler content of 5 wt% (Figure 5a–5d), the chain-
like microstructures begin to form at the time of
120 s (Figure 5b); with further increasing the time
up to 480 s, the chain-like microstructures become
longer and clearer (Figure 5c); after 600 s, the amount
and dimensions of the chain-like micro structures
are no longer changed (Figure 5d), suggesting the
alignment process finishes. Figure 6 presents the
relationship between the time to finish alignment
process, Tf, and the filler content. It can be seen that
with increasing of filler content, the Tf value
increases significantly. This phenomenon is easy to
understand. At higher filler content, the blend
becomes more viscous (Figure 4); the high viscos-
ity will prevent the Ni particles from alignment and
therefore, increase the time to finish alignment.
Regarding the nano-sized Ni particles, it is difficult
to observe their distribution with TOM due to their
small size and the low optical transparency of the
uncured nanocomposite sample. However, their dis-
tribution can be observed by SEM after the mixture
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Figure 4. Complex viscosities of neat RTV resin and RTV
composites with micro- or nanoparticles

Figure 5. Optical microscope images showing the alignment of Ni micro-particles (5 wt%) in RTV resin at various times:
(a) 0 s, (b) 120 s, (c) 480 s and (d) 600 s



is fully cured. Figure 7a shows the distribution of the
nanoparticles in the absence of the magnetic field. It
can be seen that the nano-sized Ni particles ran-
domly distribute in the silicone matrix; in addition,
some agglomerates still exist in the RTV matrix.
However, when the magnetic field is applied to the
mixture, the nanoparticles appear to form the chain-
like microstructure (Figure 7b), as indicated by the
arrows.

3.2. Mechanical properties of silicone
composites

3.2.1. At zero magnetic field
We measured the key mechanical properties of the
RTV samples filled with micron- and nano-sized Ni
particles without application of magnetic field. The
results are shown in Figure 8. The modulus at 100%
strain, tensile strength, elongation at break as well
as tear strength of the RTV samples increase rapidly
with increasing of the filler content, regardless of
the filler size and alignment. The nano-sized Ni par-
ticles exhibit much better reinforcing effects than

the micron-sized ones at different filler contents.
This is due to the fact that the former has much
larger specific surface area than the latter, and
therefore the nanoparticles shows stronger interac-
tions with RTV polymer. Moreover, the alignment
of particles is found to improve the mechanical
properties of the RTV samples further, even though
the effect is relatively minor. As an example of the
RTV samples containing 30 wt% nanoparticles, the
improvements in modulus, tensile strength, elonga-
tion at break and tear strength are 3.7, 10.3, 7.2 and
5.0%, respectively, for the aligned samples than for
the random samples.

3.2.2. At various magnetic fields
We also studied the mechanical properties of RTV
composite samples tested at various magnetic field
strengths. Due to the limitation of research condi-
tions, only the shear storage modulus was meas-
ured; the test configuration is illustrated in Figure 3.
For the purpose of comparison, the shear storage
modulus of samples measured at zero field (without
magnetic field) is also plotted in Figure 9a. As seen
in this figure, the shear storage moduli of samples
develop a tendency similar to that of the tensile
modulus and tensile strength (Figure 8), that means:
(i) the shear storage modulus increases with the
filler content; (ii) the nanocomposites show larger
shear storage modulus than the micro-composites at
given filler content; (iii) the samples with aligned
particles show higher shear storage modulus than
those with random particles. When a magnetic field
(1000 mT) is applied to the samples, the basic ten-
dency as mentioned above does not appear to change
significantly, as shown in Figure 9b; however, if
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Figure 6. The relationship between time to finish alignment
process and filler content

Figure 7. SEM micrographs of Ni nanoparticles in RTV composites (a) without magnetic field and (b) with magnetic field



comparing the Figure 9a with Figure 9b carefully,
one can find that application of the magnetic field
can further enhance the shear storage modulus. As
an example of the RTV samples containing 30 wt%
randomly-distributed nanoparticles, its shear stor-
age modulus is 0.69 MPa at zero field, however,
this value becomes 0.73 MPa at the magnetic field
of 1000 mT, i.e. slight improvement is achieved.
In order to better study the effect of magnetic field
strength on the shear modulus of samples studied,
their relationship is plotted in Figure 10. Here, only

the results of the RTV samples containing 30 wt%
micron- or nanoparticles are plotted. It is interesting
to find from this figure that with increasing the
magnetic field strength, the shear storage modulus
improves more significantly for the samples con-
taining the aligned particles than for the samples
containing the random particles. As the magnetic
field strength ranges from 0 to 1000 mT, the shear
storage modulus of the sample with aligned nano -
particles increases by 35% (from 0.97 to 1.31 MPa),
however for the sample with random nanoparticles
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Figure 8. Key mechanical properties of RTV composite samples measured in the absence of magnetic field (a) modulus at
100% strain, (b) tensile strength, (c) elongation at break and (d) tear strength

Figure 9. Comparison of shear storage modulus of RTV samples measured under (a) zero and (b) 1000 mT magnetic fields.
The test frequency was 10 Hz



only 4% increase is achieved (from 0.69 to
0.73 MPa). Similar phenomenon is also found for
the samples containing micro-particles. Having the
chain-like structure, the aligned particles could be
united more strongly under magnetic fields and
play the role like short fibers, therefore, the stress
transfer from matrix to particles could be promoted
efficiently. Comparatively, for the random particles,
the stress transfer level would be lower due to their
unordered structure.

4. Conclusions
RTV-based composite samples filled with different-
sized Ni particles were prepared. Under magnetic
field, both micron- and nano-sized particles aligned
along the magnetic field direction and thus forming
chain-like micro-structures, favoring the stress
transfer from matrix to particles. The aligning process
occurred easily at low filler content (i.e. lower vis-
cosity). In comparison with the micro-composites,
the nanocomposites had the better mechanical prop-
erties in the absence of magnetic fields, which
including tensile modulus, tensile strength, elonga-
tion at break as well as tear strength. Moreover, the
alignment of particles indeed improved these key
mechanical properties further, even though the
effects are relatively mild. In the presence of mag-
netic fields, the samples with the aligned particles
showed faster improvements in shear storage mod-
ulus than those with the random particles.
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1. Introduction
In order to avoid the environmental pollutions by
synthetic polymeric materials, in the recent few
decades, the number of reports of the biodegradable
polymers or green composites has been rapidly
growing [1–5]. Certainly, electrospinning is a sim-
ple and very effective technique for the fabrication
of nanofibers and nanocomposite fibers [6]. In par-
ticular, the fabrication of nanofibers using cellulose
and its derivatives has played important role due to
their excellent properties [7], especially due to their
biodegradability in nature [8–11]. Moreover, due to
potential compatibility, excellent optical and mechan-
ical properties, cellulose acetate (CA) has been
used for the applications in diverse areas such as

fibers, films, laminates, adhesives, coatings, plastic
products, etc. [12–16]. In fact, the significant amounts
and varieties of synthetic plastics, especially poly-
olefins, polystyrene (PS), etc. are currently pro-
duced from fossil fuels, consumed and discarded
into the environment, ending up as nondegradable
wastes. Their disposal by burning produces a con-
siderable increase in carbon dioxide (CO2) and, in
some cases, toxic gases, which contribute to global
pollution or green house effects. As a result, there is
considerable interest in biodegradable polymers,
which can be used as alternatives to traditional plas-
tics, thus reducing the amount of wastes. Hence in
order to control environmental pollution, researchers
have been paid attention to green composites/fibers.
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Incorporation of electrically conductive nano-addi-
tives, such as carbon nanotubes (CNTs) and High
Purity Graphene (HPG) [17], into these fibers can
both improve mechanical properties and enable the
multi-functionality needed for electrical energy
storage [18], sensing [19], and actuation [20]. Many
of the possible applications would greatly benefit
from increased fiber toughness, which is the ability
to absorb mechanical energy before rupture. Most
importantly, the dispersion of carbon nanomaterials
into the polymer matrices has been the subject of
intensive research during the last decade [21–27].
The wonderful prospective of graphene nano -
platelets inside the polymer matrices has generated
much interest among researchers. Because of their
unique mechanical and electrical properties [29–
30], the carbon materials incorporated hybrid nano -
fibers give much more interests to study their mor-
phologies and to improve the mechanical and
electrical properties.
In this work, we report the morphologies, crystal
structures and mechanical properties of CA/
graphene and CA/graphene-COOH hybrid nano -
fibers measured by scanning electron microscopy
(SEM), transmission electron microscopy (TEM)
and X-ray diffraction (XRD), respectively. FT-IR
and Raman spectroscopy were carried out for the
resultant hybrid nanofibers to confirm the interac-
tions between polymer matrix and graphene or
graphene-COOH nano-additives.

2. Experimental section
2.1. Materials
Cellulose acetate (CA, 39.8% acetyl content, aver-
age Mw = 30 kDa) were obtained from Aldrich
Chemical Company. Graphene with an average par-
ticle size of 800!300 nm, thickness of 5 nm, surface
area of 150 m2/g, and a purity of > 99% (Graphene-
150) were kindly supplied from Quantum Materials
Co., India. DMF and acetone were purchased from
Wako pure chemicals, Japan, and used directly
without further purification.

2.2. Electrospinning
A high-voltage power supply (Har-100*12, Matsu-
sada Co., Tokyo, Japan), capable of generating volt-
ages up to 80 kV, was used as the source of the elec-
tric field. The CA solutions were made from CA
2.345 g, acetone 6.0 g, and DMF 4.0 g. The concen-
tration of CA solutions was 19 wt%. In order to

improve the solubility of the CA polymer in ace-
tone/DMF mixture, the CA solutions were heated to
about 60°C for 2 hours and then this CA solutions
were supplied through a plastic syringe attached to
a capillary tip with an inner diameter of 0.6 mm.
The copper wire connected to a positive electrode
(anode) was inserted into the CA polymer solution,
and negative electrode (cathode) was connected to a
metallic collector. The voltage was fixed at 12 kV
and the distance between the capillary tip and the
collector was 15 cm.

2.3. Preparation of CA/graphene and
CA/graphene-COOH hybrid nanofibers

In order to prepare the CA/graphene hybrid nano -
fibers, the dispersion of graphene was prepared in
acetone/DMF (6:4 by weight) mixture (2.0 g) under
sonication for 30 min, and CA (2.345 g) was dis-
solved in acetone/DMF (6:4 by weight) mixture
(8.0 g) by stirring at 60°C, respectively. For the fab-
rication of graphene incorporated CA hybrid nano -
fibers, CA solution (8.0 g) was mixed with graphene
solution (2.0 g) described above and stirred for
10 min after sonicating for 30 min. This process
was repeated three times. The CA/graphene-COOH
hybrid nanofibers were also obtained using the
same strategy. The concentrations of graphene and
graphene-COOH were 0.5, 1.0, 2.0 3.0, 4.0 and
5.0 wt%, respectively. All solutions were electro-
spun onto a rotating metallic collector at room tem-
perature under identical conditions.

2.4. Characterization
The morphologies of hybrid nanofiber mats were
observed by scanning electron microscopy (SEM S-
3000N, HITACHI, Japan). Transmission electron
microscopy (TEM) (JEM-2100 JEOL Japan, accel-
erating voltage 120 kV) was used to investigate the
dispersion and alignment of the graphene and
graphene-COOH in the resulting CA/graphene and
CA/graphene-COOH hybrid nanofibers. At least
more than 100 fiber measurements form SEM images
were used in order to ensure reproducible statistics
when measuring fiber size distributions. Fiber diam-
eters were measured by image processing software
(Image J, NIST). The Raman spectra were recorded
with a Raman spectrometer (Hololab 5000, Kaiser
Optical Systems Inc., USA), and argon laser at
532 nm, with a Kaiser holographic edge filter. The
wide-angle X-ray diffraction (WAXD) experiments
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were performed at room temperature with hybrid
nanofiber samples using a Rotaflex RTP300 (Rigaku
Co., Japan) X-ray diffractometer operating at 50 kV
and 200 mA. Nickel-filtered Cu K" radiation was
used for the measurements, along with an angular
range of 5#<#2$#<#30°. The FT-IR spectra were meas-
ured at room temperature with hybrid nanofiber
samples using a NEXUS670 FTIR spectropho-
tometer (Thermo Nicolet Co., USA). The spectra
were recorded from 750 to 4000 cm–1 at a resolu-
tion of 4 cm–1. The mechanical behavior of result-
ant hybrid nanofibers mats was determined by a
universal testing machine (TENSILON RTC1250A,
A&D Company, Ltd, Japan) under a crosshead
speed 5.0 mm/min at room temperature. In accord-
ing with ASTM D-638, the specimens were pre-
pared in the form of a dumbbell-shape by compres-
sion molding form fiber mats and then at least five
specimens were tested for tensile behavior and the
average values were reported. Two parameters were

determined from each stress-strain curve: Young’s
modulus and tensile strength. Then the values of
Young’s modulus for resultant hybrid nanofibers
were calculated from the initial slope of stress-
strain curves.

3. Results and discussion
3.1. Morphologies of CA/graphene and

CA/graphene-COOH nanofibers
SEM images (Figure 1) and average fiber diameters
(Figure 2) for pure CA and graphene or graphene-
COOH incorporated CA nanofibers were taken in
order to study the changes of average fiber diameters
on different loading of graphene or graphene-COOH
into the CA nanofibers. It was observed that the
diameters of CA hybrid nanofibers largely decreased
as increasing the graphene or graphene-COOH con-
tents, typically ranging from 580±200 nm for pure
CA nanofibers to about 290±75 nm for both 4.0 wt%
graphene/CA or 4.0 wt% graphene-COOH/CA nano -
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Figure 1. SEM micrographs of pure CA (a), CA/graphene – (b) 1.0 wt%, (c) 3.0 wt%, (d) 4.0 wt%, (e) 5.0 wt%, and
CA/graphene-COOH – (f) 1.0 wt%, (g) 3.0 wt%, (h) 4.0 wt%, (i) 5.0 wt% nanofibers



fibers, respectively. The diameter of nanofiber was
given as the average of more than 50 measurements.
This can be attributed to an increased conductivity
of the CA solutions blended with graphene or
graphene-COOH, which resulted in the formation of
thinner fibers (Figure 2) [31]. This result also well
coincided with those obtained in our previous
works [32]. That is, the fiber diameter of graphene
incorporated CA nanofibers gradually decreased until

graphene concentration increased up to 5.0 wt%.
The fiber diameter of CA/graphene nanofibers at
graphene content = 5.0 wt% was about 270±80 nm.
On the other hand, the CA/graphene-COOH
nanofibers exhibited the smallest fiber diameter
(~290±75 nm) at graphene-COOH contents =
4.0 wt%. When the graphene contents further
increased to 5.0 wt%, the average diameter increased
to 440±70 nm consequently. Such hybrid nano -
fibers formed under this condition were not uniform
due to the formation of few droplets and beads via
severe graphene aggregations (Figure 1i). As a result,
it confirmed that at higher graphene or graphene-
COOH contents the formation of continuous hybrid
nanofibers was forbidden due to incapability to pre-
serve the stable flow of the polymeric solution at
the tip of the needle [32]. The formation of beads
may suggest that the graphene-COOH and graphene
at such higher concentration are not evenly dis-
persed in the CA solution.
In order to investigate the dispersions of graphene
and graphene-COOH into the nanofibers, TEM
images were taken for CA/graphene and CA/
graphene-COOH nanofibers. As seen in Figures 3a
and 3b, the morphologies showed that the graphene
or graphene-COOH (content ~ 4.0 wt%) were well
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Figure 2. Distribution of fiber diameters for pure CA, CA/
graphene, and CA/graphene-COOH nanofibers pre-
pared from different weight ratios of graphene or
graphene-COOH

Figure 3. TEM micrographs of graphene – (a) 4.0 wt%, (c) 5.0 wt%, and graphene-COOH – (b) 4.0 wt%, (d) 5.0 wt%
incorporated CA hybrid nanofibers. The scale bar is 500 nm.



embedded in the hybrid nanofibers during electro-
spinning process. This could be due to higher elec-
trostatic fields during electrospinning process and
are expected to result in a good incorporation of the
graphene or graphene-COOH into the nanofibers
[32]. On the other hand, as seen in Figures 3c and
3d, the CA nanofibers with graphene or graphene-
COOH contents of 5.0 wt% exhibited severe aggre-
gation of graphene or graphene-COOH, aggregates
are formed on their surfaces as well as inside of the
fibers.

3.2. FT-IR spectral studies
In order to investigate the specific interactions of
graphene or graphene-COOH with CA matrix, FT-
IR spectral studies were carried out for pure CA and
graphene or graphene-COOH incorporated CA
hybrid nanofibers (Figure 4). FT-IR spectrum of
pure CA shows characteristic peaks at 1738, 1369
and 1225 cm–1 due to the !C=O, !C–CH3 and !C–O–C
stretching, respectively. In Figure 4b, FT-IR spectra

of the graphene-COOH incorporated CA hybrid
nano fibers revealed the presence of functional
groups whose absorption frequencies correspond to
C=O (slightly shifted from 1738 to 1734 cm–1). The
absorption band broadening of carboxyl groups for
CA/graphene-COOH samples was also observed,
which indicates hydrogen bonding interactions
between CA matrix and graphene-COOH. The shift
in the absorption band of the hybrid nanofibers
strongly suggests strong interactions between 
–COOH groups of graphene-COOH and C=O groups
of CA via hydrogen bonding. However, the IR spec-
tra of pure graphene incorporated CA hybrid nano -
fibers (Figure 4a) showed no significant shift in the
peaks, suggesting no interaction between graphene
and CA molecules [33].

3.3. Raman spectral studies
Raman spectroscopy was recorded, in order to
study the interfacial interactions between CA molec-
ular chains and graphene or graphene-COOH nano-
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Figure 4. FT-IR spectra of graphene (a) and graphene-COOH (b) incorporated CA hybrid nanofibers



additives in the resultant hybrid CA nanofibers
(Figure 5). In Figure 5, Raman spectra of the pure
CA nanofibers showed two characteristic bands at
1376 and 1748 cm–1 due to –CH3 (anti-symmetric
deformation vibrations of the methyl groups) and 
–C=O vibrations, respectively. Similarly, Raman
spectra of the both CA/graphene and CA/graphene-
COOH hybrid resultant nanofibers also showed the
same characteristic bands at 1376 and 1748 cm–1.
Furthermore, a new band at 1572 cm–1 (correspond-
ing to G band of graphene) was observed except for
pure CA nanofiber, suggesting that the graphene or
graphene-COOH were well incorporated into the
CA fibers during electrospinning [34]. Such G band
of graphene or graphene-COOH is red-shifted by
about 6 cm–1 compared with those of pure graphene
and graphene-COOH. There may be several reasons
for this which include 1) an enhanced specific sur-
face area of graphene and graphene-COOH [35],
2) the rough/wrinkled surface texture [36] of
graphene and graphene-COOH which can lead to a
mechanical interlocking, and 3) the abundance of
defects [37] in graphene and graphene-COOH which
may provide chemical handles for good adhesion
with CA polymer chains. The shift in the peak at
1572 cm–1 also confirms that there is a good adhe-
sion and stress transfer between the CA polymer
chains and the graphene or graphene-COOH nano-
additives, suggesting the hydrogen bonding interac-
tions between the C=O functional groups of CA and
–COOH groups of graphene-COOH, which also
well coincided with the previous FT-IR data. It is
therefore expected that the graphene or graphene-
COOH incorporated CA nanofibers show good

Young’s modulus when compared with that of pure
CA nanofibers.

3.4. Wide angle X-ray diffraction
In order to explain the interfacial interaction and the
dispersion/incorporation of carbon nanomaterials
into the CA matrix, WAXD was taken for pure CA
and graphene or graphene-COOH incorporated CA
hybrid nanofibers (Figure 6). The pure CA exhib-
ited typical crystalline peaks at 8.7 and 17.2°, corre-
sponding to the (110) and (200) reflections, as seen
in Figure 6. It could be also seen from Figure 6, as
increasing the graphene or graphene-COOH con-
tents, the peak intensity at 8.7° decreased first and
then increased again. That is, in case of the CA/
graphene-COOH hybrid nanofibers the peak inten-
sity at 8.7° started to increase above graphene-
COOH = 2.0 wt%, while the CA/graphene hybrid
nanofibers increased above graphene = 3.0 wt%.
Such increased peak intensity revealed enhanced
crystallinity of CA polymer chains, suggesting that
the incorporated graphene and graphene-COOH
might act as a heterogeneous nucleation points, and
thus the crystallinity of the CA was improved [38].
Besides, it might be attributed to enhanced align-
ment of the CA crystals, which was induced by
increased solution conductivity of the CA/graphene
and CA/graphene-COOH solutions during the elec-
trospinning process [39]. However, at higher load-
ing (5.0 wt%), the graphene or graphene-COOH
tend to aggregate and therefore the CA and the
graphene or graphene-COOH are to be separated
from each other, which results in an increased peak
intensity at 26.5°, corresponding to the (002) reflec-

                                            Gopiraman et al. – eXPRESS Polymer Letters Vol.7, No.6 (2013) 554–563

                                                                                                    559

Figure 5. Raman spectra of graphene (a) and graphene-COOH (b) incorporated CA hybrid nanofibers



tion of the incorporated graphene and graphene-
COOH, in both CA/graphene and CA/graphene-
COOH hybrid nanofibers, as seen in Figures 6a(h)
and 6b(h). As expected, the peak intensity at 26.5°
became evident gradually as the graphene or
graphene-COOH contents increased. In addition,
such peak intensity at lower loading of graphene or
graphene-COOH disappeared (at loading contents
ranging from 0.5 to 1.0 wt%), suggesting the disor-
der and loss of structure regularity of the graphene
and graphene-COOH. Thus, the graphene and
graphene-COOH are considered to be well-dis-
persed at the molecular level into the CA matrix
[38]. Moreover, Figure 6 showed the shift in the
peak at 26.5° for graphene-COOH incorporated CA
nanofibers (approximately from 26.5 to 27.1°) when
compared to that of graphene incorporated CA
hybrid nanofibers (very little shift). It may be due to
the fact that –COOH group of graphene effectively
acted as nucleation center, which therefore resulted
in higher Young’s modulus of CA/graphene-COOH
hybrid nanofibers [39]. Furthermore, slight shift in
the peak at 8.7° (from 8.7 to 8.3°) also strongly
revealed that CA matrix was effectively disturbed
by graphene and graphene-COOH [38].

3.5. Mechanical properties
Figure 7 shows Young’s modulus of pure CA nano -
fiber, CA/graphene nanofibers and CA/graphene-
COOH nanofibers as a function of graphene or
graphene-COOH contents at room temperature.
Young’s modulus of graphene-COOH incorporated
CA hybrid nanofibers increased gradually as increas-

ing the graphene-COOH contents. In particular, the
CA/graphene-COOH hybrid nanofiber mat with
4.0 wt% graphene-COOH showed the highest
Young’s modulus, which was approximately 3.7
times higher than that of pure CA nanofiber mat
(~245.5 MPa, see Table 1), suggesting that mechani-
cal properties of such hybrid nanofibers [40] were
increased with increasing the amounts of graphene-
COOH nano-additives. A similar tendency was also
observed for CA/graphene hybrid nanofibers.
Young’s modulus of CA hybrid nanofiber mat with
4 wt% graphene was found to be 739.8 MPa, which
was about 3 times higher than that of pure CA nano -
fiber mat (Table 1). However, at 5 wt% graphene or
graphene-COOH contents, Young’s modulus of the
hybrid CA nanofibers started to decrease again. This
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Figure 6. WAXD patterns of graphene (a) and graphene-COOH (b) incorporated CA hybrid nanofibers

Figure 7. Young’s modulus of CA/graphene nanofibers and
CA/graphene-COOH nanofibers as a function of
graphene or graphene-COOH contents at room
temperature



may be due to the beads formed on fiber’s surface
and hence a poorer mechanical performance of the
nanofiber mats. Although the added amounts of
graphene or graphene-COOH were the same,
graphene-COOH showed higher Young’s modulus
values (Figure 7). It certainly demonstrated that the
hydrogen-bonding between-COOH groups in the
graphene-COOH and –C=O groups in the CA mole-
cules was formed at the interfaces in the CA hybrid
nanofibers, and thereby resulted in the higher
Young’s modulus of CA/graphene-COOH nano fiber
membranes [41], which is also well correlated with
the results of FT-IR, WAXD and Raman analysis.

4. Conclusions
We have prepared the pure CA, CA/graphene and
CA/graphene-COOH nanofibers by electrospinning
process, and studied the effects of graphene or
graphene-COOH contents on the morphologies,
microstructures and mechanical properties of the
resultant CA hybrid nanofibers. SEM analysis
demonstrated that the diameters of CA hybrid nano -
fibers were dramatically decreased as graphene or
graphene-COOH contents increased, typically rang-
ing from 580±200 nm for pure CA nanofibers to
about 290±75 nm for both 4.0 wt% graphene/CA or
4.0 wt% graphene-COOH/CA nanofibers, respec-
tively. This can be attributed to the increased con-
ductivity which resulted in the formation of thinner
fibers. Moreover, the hybrid nanofibers electrospun
from the CA solution with 4 wt% graphene or
graphene-COOH contents exhibited the smallest
fiber diameter, and the fiber diameter distributions
were also narrower, suggesting  good distribution of
the graphene or graphene-COOH onto the CA nano -
fiber matrix, which was also confirmed by TEM
analysis. Specific interactions between –COOH
groups in acid-treated graphene and C=O groups in
CA via hydrogen bonding were demonstrated by

FT-IR and Raman spectroscopic analysis. The broad-
ening and slight shifting from 1738 to 1734 cm–1 of
C=O absorption band in the CA/graphene-COOH
samples clearly indicated strong interactions between
–COOH groups of graphene-COOH and C=O groups
of CA via hydrogen bonding. WAXD results also
confirmed the good incorporation of graphene or
graphene-COOH and good interfacial interaction
between CA matrix and graphene or graphene-
COOH nano-nano-additives. In addition, it was found
that the CA hybrid nanofiber mat with 4.0 wt%
graphene-COOH showed the highest Young’s mod-
ulus, which was approximately 3.7 times higher than
that of pure CA nanofiber mat (~ 245.5 MPa). It
suggested that the brittleness of such hybrid nano -
fibers increased with increasing the amounts of
graphene-COOH additives.
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