
Long chain paraffin-based phase change materials
(PCM) for energy storage are materials that can
store and release thermal energy through melting
and solidification processes. Over the years a fair
amount of work has been done to determine the
suitability and properties of such materials. The
first challenge was to find ways to prevent the leak-
ing or flow of the molten paraffins. Some solutions
e.g. encapsulation of the PCM by a thin polymeric
shell and the formation of immiscible polymer/
PCM blends were investigated. The most recently
investigated challenge is to improve the thermal
conductivity of the systems, because both polymer
and paraffin have relatively high thermal resistivi-
ties.
A few papers were published during the past four
years where the PCM was directly mixed with the
conductive filler. These investigations included
expanded graphite, carbon nanofibres and carbon
nanotubes as fillers mixed into several paraffin-
based PCMs. Generally the thermal conductivity
increased, but several factors such as particle shape
and orientation and particle dispersion were found
to influence the extent of improvement in thermal
conductivity. Another approach was the microen-
capsulation of a PCM by an inorganic conductive
shell. The most investigated approach was the
impregnation of thermally conductive, porous
fillers with the liquid PCM. It was observed that the
PCM was trapped inside the pores of the fillers, and
generally no leakage was observed after melting of

the PCM. The last approach, which involves poly-
mers, is the formation of immiscible polymer/PCM
blends containing conductive fillers. The effective-
ness of such systems is determined by the extent of
immiscibility of the polymer and PCM, and the
strength of the interaction between the polymer or
PCM and the conductive filler.
To me the last approach is the most interesting from
a polymer scientist’s viewpoint, because there are a
number of factors that may determine the properties
and effectiveness of such a phase-change system,
e.g. crystallization kinetics of polymer and PCM,
extent of co-crystallization, location and dispersion
of conductive filler particles, extent of interaction
of the filler particles with respectively the polymer
and the PCM, to name a few. This may not be
groundbreaking research, but the results of such
research will certainly contribute to the finding of
solutions for the provision of renewable energy.
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1. Introduction
With fast depletion of crude oil, ever increasing
environmental problems associated with the end-of-
life disposal of plastics obtained from petroleum
oils and geo-political uncertainties associated with
reliable supply of crude oil, alternate biodegradable
plastics like poly(hydroxyalkanoate)s (PHAs) have
gained considerable interest due to their biocompat-
ibility, biodegradability, and renewable- resource-
based origin [1]. Poly(3-hydroxybutyrate) (PHB), a
homo-polymer with a highly stereo-regular struc-
ture that leads to high crystallinity is the most exten-
sively known poly(hydroxyalkanoate). Though this
high degree of crystallinity is useful in some appli-
cations, but it leads to a stiffness-toughness imbal-
ance which limits its usage in many commercial
applications [2]. Also, from processing point of view,
PHB has a very narrow processing window, and

undergoes extensive thermal degradation above its
melting temperature during extrusion or injection
molding [3]. In order to overcome these drawbacks,
PHB has been copolymerized with hydroxyvalerate
(HV), resulting in poly(3-hydroxybutyrate-co-4-
hydroxybutyrate) PHBV, copolymers which have
higher flexibility and lower processing tempera-
tures [4].
One major disadvantage of PHBV polymers is its
poor mechanical properties. In order to overcome
this there are many reports on reinforcing effects of
fibers and nano-particles in PHBV. PHBV rein-
forced with natural fibers such as cellulose [5], jute
fibers [6], other agricultural fibers [7, 8], bamboo
pulp [9], peach palm particles [10], starch [11],
kenaf fibers [12], tapioca flour [13], the so-called
‘green composites’ have been reported. But the
strength of these green composites is less than
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desirable. Reinforcement of nano-particles in PHBV
like zinc oxide [14, 15], silica [16], calcium phos-
phate [17, 18], attapulgite [19], hydroxyapatite [20]
etc. have also been reported. But among these nano-
scaled reinforcing agents, fillers with lamellar or
layered structure have special significance of which
nano-clay [21–23], boron nitride [24], layered dou-
ble hydroxides [25], halloysite [26] are noteworthy.
The advantage of lamellar fillers is it acts as barrier
material which increases the air impermeability of
the membrane, besides the reinforcing effect which
also improves its mechanical properties.
In recent years nano-carbons like carbon nanotubes
and carbon nanofibers has attracted attention due to
their excellent mechanical, thermal and electrical
properties. Graphene, the new generation carbona-
ceous layered material has shown considerable
potential as reinforcing material in polymer nano-
composites [27–29]. Though there are some research
reports showing property improvements in bio -
degradable PHBV with the addition of carbon nan-
otubes [30] and carbon nanofibers [31] and utiliza-
tion of graphene in poly(3-hydroxybutyrate, PHB)
[32, 33], graphene reinforced PHBV nanocompos-
ites have never been reported. In this study we
report a systematic study on the effect of addition of
graphene on the morphology, thermal and dynamic
mechanical properties of PHBV. The effect of
graphene on biodegradability of PHBV is also pre-
sented.

2. Materials and experimental
2.1. Synthesis of graphene
Graphene was synthesized by our previously
reported microwave method using hydrogen perox-
ide as the eco-friendly oxidizing agent and ammo-
nium peroxy disulfate as the radical initiator [34].
The procedure involves mixing of expandable
graphite (Samjung C & G, Seoul, Korea), ammo-
nium peroxy disulfate and hydrogen peroxide (both
from Sigma-Aldrich, Seoul, Korea) at weight ratio
of 2:1:0.5 in a glass tube at room temperature and
ultrasonicating the mixture for 3 min. Subsequently,
the glass tube was placed in a domestic microwave
oven (Daewoo) and irradiated at 500 W. Under
microwave irradiation, the precursors exfoliated
rapidly to graphene worms, which were ultrasoni-
cated in DMF for 10 mins. The thick graphene
pieces and partially exfoliated graphite flakes set-
tled down and were subsequently removed by cen-

trifugation, wherein few-layered fluffy graphene
nano-sheets rise to the top of the glass tube. A repre-
sentative TEM of the graphene sheets obtained by
this method is shown in Figure 1.

2.2. Preparation of graphene/PHBV
nano-composite films

The biodegradable poly(3-hydroxybutyrate-co-3-
hydroxyvalerate), PHBV with 13 mol% hydroxy-
valerate content, under the trade name Biopol with
a molecular weight ~ 450 000, and 13% valerate
content was procured from Biomer, Germany. Solu-
tion-cast film samples of pure PHBV and PHBV
reinforced with 2, 4, and 6 wt% of graphene were
prepared with a dry film thickness of around 100 !m,
using chloroform as a solvent. Graphene oxide
solution in chloroform were mixed in an ultrasonic
homogenizer for 10 min and then stirred with the
polymer solution at room temperature for 24 hours.
Subsequently, the material was cast onto Petri dishes
to obtain films after solvent evaporation at room
temperature.

2.3. Characterization and testing
2.3.1. Morphology
Bright-field TEM images were recorded using a
Philips EM 420 instrument at an accelerating volt-
age of 120 kV. SEM (scanning electron microscopy)
images were recorded using a cold field emission
scanning electron microscope (S-4700, Hitachi,
Japan).

2.3.2. X-ray analysis
X-ray diffraction (Rigaku, Japan, D/Max, 2500V,
CuKa radiation: 1.54056A) experiments were car-
ried out on both the pristine PHBV and the graphene/
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Figure 1. TEM micrograph of graphene synthesized by
eco-friendly microwave method



PHBV nanocomposite samples. The solvent cast
films were cut into a size of about 15 mm"#"15 mm
and the X-ray diffractograms were recorded in the
range ca 5–40° (2!) with a step size of 0.04, and a
time per step of 1 s.

2.3.3. Mechanical testing
The static tensile tests were performed on Instron
5564, Universal Testing Machine (England) at a
cross-head speed of 5 mm/min, according to ASTM
D 638-99 standards at room temperature.

2.3.4. DMA experiments
The dynamic viscoelastic properties of PHBV and
the nano-composites were measured using a Q800
DMTA (TA instruments, USA) operating in the ten-
sile mode at a frequency of 1 Hz and oscillating
amplitude of 15 min. Frequency dependent mechani-

cal characteristics were studied at room temperature
in the range of 0.1 to 100 Hz.

2.3.5. DSC
DSC measurements were carried out on a DSC
2920 (TA Instruments, USA) using nitrogen as a
purge gas. The temperature and heat flow were cal-
ibrated with indium. Samples of around 7 mg were
cut from the solvent cast films and DSC traces of
specimens were recorded upon heating at a rate of
10°C/min.

3. Results and discussion
Scanning electron microscopy was used to investi-
gate the dispersion of graphene in the polymer
matrix and a representative micrograph is shown in
Figure 2a. A typical layered structure of graphene
layers which are indicated by arrows in the polymer

                                               Sridhar et al. – eXPRESS Polymer Letters Vol.7, No.4 (2013) 320–328

                                                                                                    322

Figure 2. Morphology of graphene reinforced PHBV nanocomposites (a); stress-strain curves of recast and graphene rein-
forced PHBV nanocomposites (b); representative SEM micrographs of fracture surface of graphene reinforced
PHBV nano composites at low (c) and high (d) magnifications. The arrows indicate graphene layers embedded in
the polymer matrix.



matrix is observed; suggesting that during the sol-
vent evaporation of solution-cast films enhances the
alignment of graphene layers parallel to the surface
of PHBV fibrils. A similar observation in alignment
of graphene in diblock polymers has been reported
earlier [35]. SEM micrographs also indicate that the
graphene sheets were dispersed uniformly in the
composite and there is no obvious aggregation of
sheets in the polymer matrix. The influence of
graphene content on the stress-strain properties of
the nano composites is shown in Figure 2b. With
the incorporation of 2, 4 and 6 wt% of graphene the
modulus at break increased to 97.3, 108.7 and
115 MPa which is about 10.2, 19.7, 25.71% higher
than that of pure PHBV (85.7 MPa). This progres-
sive increase in modulus at break is a manifestation
of the reinforcing ability of graphene in PHBV
matrix. The improvement in the modulus could also
be attributed to the lamellar structure of the graphene,
which allows better wettability and enhanced poly-
mer-filler interactions between the filler and poly-
mer matrix, thereby leading to better stress transfer.

Figure 2c and 2d is SEM taken from the fracture
surface, showing significant crack deflection at low
and high magnifications, respectively. As is evident
from the fractographs, the surface of the fractured
sample appears to be rough and crack appears to
grow along the interface of graphene layers, sug-
gesting a poorer interfacial adhesive strength when
compared to the inherent cohesive strength of the
PHBV matrix. Fracture in heterogeneous systems
like filler reinforced polymer nanocomposites, is
initiated from imperfections introduced due to addi-
tion of fillers. These imperfections are the stress
concentration points and initiate crack growth
under an applied load, until one or more of them
coalesce to reach sufficient size for fracture. So, when
this crack encounters a rigid inclusion (graphene in
this case), the crack tilts and twists, generating an
increase in the total fracture surface area, resulting
in greater energy absorption. Additionally, the
lamellar nature of graphene can also cause crack
deflection, crack bifurcation and can even arrest the
propagation of micro-cracks.
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Figure 3. WAXD of PHBV and graphene reinforced PHBV nanocomposites (a); deconvoluted XRD peak profile analysis
of recast (b) and graphene reinforced PHBV nanocomposites (c); FTIR spectra of recast and graphene reinforced
PHBV nanocomposites showing variation in crystallinity (d)



Figure 3a shows X-ray patterns in the range 5 to 35
of pristine PHBV and its nanocomposites with
graphene. The WAXD diffractograms of recast
PHBV and PHBV/graphene nanocomposites show
a semicrystalline nature with its characteristic reflec-
tions corresponding to an orthorhombic cell [25].
Both PHBV and PHBV/Graphene shows reflec-
tions at the same values as for the neat biopolymer,
indicating that addition of graphene does not alter
the unit cell after incorporation of graphene. How-
ever, the addition of graphene results in increase in
FWHM, when compared to that of pure PHBV. The
crystallite size L [nm] calculated for the (020)
reflection peak using Scherrer’s equation is 14.19
and 18.22 nm in recast PHBV and graphene/PHBV
nanocomposites respectively, indicating that the
crystallization of PHBV chains is promoted due to
the presence of graphene. In order to further study
this increase in crystallization, we have deconvo-
luted the XRD peaks of recast PHBV (Figure 3b)
and graphene reinforced PHBV (Figure 3c) in the
range of 9 to 18°. Deconvoluted XRD of graphene/
PHBV shows substantial increase in the percentage
of crystalline peak occuring at 15.5 when compared
to its pristine counterpart which indicates that a por-
tion of amorphous PHBV chains are bound to the
surface of graphene thereby forming an interphase
layer. More evidence of changes in crystallinity can
be observed from FTIR spectra.
Bloembergen et al. [36] defined a crystallinity index,
CI, in PHBV polymers, determined by normalising
the intensity of 1185 cm–1 band to that of the
1382 cm–1 band, which was found to be sensitive to
the degree of crystallinity. Figure 3d shows infrared

spectra of recast and 4 wt% graphene reinforced
PHBV samples. Though both the bands are similar in
shape, there was tremendous change in the intensity
in the two spectra. When the absorbance intensity
of the 1382 cm–1 band was divided by that of the
1185 cm–1 band the IR spectrum of pristine PHBV
exhibited a lower CI value compared to the graphene/
PHBV spectrum. Solvent recast PHBV film yielded
a CI value of 1.03 while that of graphene/PHBV
yielded a CI value of 1.164. Combining these val-
ues with the crystallinity obtained by deconvoluted
XRD analysis it can be concluded that addition of
graphene into PHBV results in higher crystallinity.
Figure 4a shows the differential scanning calorime-
try (DSC) data for neat PHBV and its graphene
nanocomposites. A bimodal endothermic melting
peak in the heating mode is observed in all the sam-
ples corresponding to the formation of two crys-
talline phases with different sizes of lamellae of
varying thickness. With increase in graphene con-
centration, there was a progressive decrease in
melting peak temperatures. This can be explained
on the basis of hetero and homogeneous nucleation
of PHBV. It has been reported that the two melting
peaks of PHBV correspond to the heterogeneous
nucleation of PHBV occurring due to chain aggre-
gation and the higher temperature peak is related to
homogeneous nucleation. Our result indicates that
the addition of graphene influences both types of
nucleation and is consistent with earlier reports on
solvent cast layered nano-clay reinforced PHBV
nanocomposites [22].
Figure 4b shows the differential thermal analysis
(DTA) for neat PHBV and its graphene reinforced
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Figure 4. DSC heating curves (a) and Differential thermal analysis (b) of recast and PHBV/graphene at increasing concen-
trations



nanocomposites. From the plots it is evident that the
thermal degradation process of PHBV and PHBV/
graphene nanocomposites occurs in only one weight
loss step and there is a progressive increase in tem-
perature of maximum weight loss from 281 to
292°C. This indicates that layered structure of
graphene improves the thermal stability of the
PHBV matrix. It is noteworthy that the thermal sta-
bility of PHBV nanocomposite with 6 wt% graphene
is lower than that of nanocomposites with its 2 and
4 wt% counterparts. It is widely known that layered
fillers like graphene and nano-clay act as a barrier
to permeability of volatile degradation products of
the nanocomposites, which increases the thermal
stability of polymer matrix. When compared to tra-
ditional layered fillers like nano-clay, graphene also
has the additional advantage of being a very good
electron acceptor and is capable of forming donor-
acceptor complexes with the byproducts of nucle-
ophilic chain scission of PHBV during its thermal
degradation.
In many real time applications, a polymer nano -
composite will be subjected to many temperature
and frequency fluctuations. Dynamic mechanical
thermal analysis (DMTA) can provide reliable infor-

mation over the relaxation behavior of the materi-
als. In order to evaluate the effect of graphene on
temperature dependent relaxation behavior of PHBV
matrix, thermo-mechanical properties were meas-
ured from –20 to 100°C and plotted in Figure 5a.
The glass transition temperature (Tg) of the nano -
composites shifted slightly to higher temperature
with the increase of the graphene content: Tgs were
22.73, 22.82, 24.97 and 23.9°C at the graphene con-
tent of 0, 2, 4 and 6 wt% respectively. The increase
in Tg with addition of graphene is marginal and is
consistent with that of MWNT/PHBV nanocom-
posites [28].
Figure 5b shows the variation in storage modulus
with temperature. In the tested temperature range,
graphene reinforced nanocomposites show substan-
tially higher modulus values than pristine PHBV
and the magnitude of this increase in modulus is
more than 100% in the whole range of temperature
spectrum. In the rubbery region (until 10°C), the
increase in the rubbery modulus can be attributed to
the immobilization of polymer chains onto the
graphene surface increasing the effective volume of
the filler. Samples with 6 wt% graphene concentra-
tion show substantially higher storage modulus
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Figure 5. Variation in loss tangent (a) and storage modulus (b) in PHBV and PHBV/graphene nanocomposites as a function
of temperature. Frequency dependent variations in storage modulus (c) and loss tangent (d).



which can be attributed to increased immobilization
of PHBV chains onto the graphene surfaces. The
rubbery modulus is also known to depend on the
degree of crystallinity of the material. The crys-
talline regions act as physical crosslinks and also
act as filler particles because of their finite size,
which would increase the modulus substantially.
The substantial increase in modulus is also consis-
tent with the increase in crystallinity of PHBV due
to the presence of graphene as discussed earlier in
XRD and DSC sections. With increase in tempera-
ture as the nanocomposite pass through a ‘terminal
zone’, corresponding to the melting of crystalline
domains, the elastic shear modulus becomes lower
and lower with temperature. Even in this region the
modulus of graphene reinforced PHBV samples is
more than double than that of pristine PHBV, indi-
cating the tremendous reinforcing potential of
graphene.
Though there are many studies on the carbonaceous
filler reinforced dynamic mechanical properties of
PHBV, frequency dependent characteristics of PHBV
has never been reported [37]. Dynamic frequency
sweep tests were conducted on PHBV and PHBV/
graphene composites at 25°C. The effects of varia-
tion in graphene content on the storage modulus
(G$) and loss tangent are shown in Figure 5c and 5d
respectively. It is known that the rheological behav-
ior of unfilled polymers is typical of a visco-eleastic
fluid, whereas addition of nano-scaled fillers weak-
ens the frequency dependence of storage and loss
tangent in the low-frequency region, thereby result-
ing in a pseudo-solid-like behavior.
It can be seen that with incorporation of graphene,
the storage modulus is enhanced in the whole fre-
quency range, which could be ascribed to the
increase in stiffness by the graphene layers that
allow efficient stress transfer between the filler and
polymer chains. With further increase in the
graphene concentration, graphene/graphene inter-
actions become stronger resulting in percolation
and formation of an interconnected structure, the
formation of percolation limit. This phenomenon is
more observable in the dependence of loss tangent
with frequency, wherein all the samples show an
abrupt 'hump' in loss tangent at 10 Hz implying the
onset of transition from liquid-like to solid-like vis-
coelastic behavior.
It is well known that PHBV is a biodegradable plas-
tic, however there are some conflicting reports on

the cyto-toxic nature of graphene. So, in order to
check the biodegradability, PHBV/graphene nano -
composites were buried under soil and representa-
tive SEM micrograph of the sample after 60 days of
burial is shown in Figure 6. The surface of the sam-
ple is all roughed up accompanied by presence of
fibrillar byproducts of PHBV biodegradation. How-
ever, the degree of degradation of PHBV chains in
the vicinity of the graphene sheets is less when
compared to the bulk. Additionally, layered graphene
sheets can be still observed in the degraded sample
(indicated by arrows). This infers that even though
graphene itself is non-degradable, but its addition
has marginal effect on the overall biodegradability
of PHBV.

4. Conclusions
Graphene reinforced PHBV nanocomposites were
successfully prepared by solution casting method.
SEM morphology showed good dispersion of
graphene layers in the PHBV matrix, whereas SEM
fractographs indicated the crack pinning ability of
graphene. Deconvoluted XRD and DSC studies
showed increase in crystallinity accompanied with
increase in crystallite size due to addition of
graphene. DMA and tensile testing showed substan-
tial increase in modulus of the samples. DTA analy-
sis showed improvement in thermal degradation
behavior due to anti-oxidant nature of graphene.
Frequency dependent dynamic mechanical analysis
showed a visco-elastic liquid to solid transitions at
10 Hz. Soil biodegradation tests showed that the
degradation occurs predominantly in the bulk of the
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Figure 6. SEM micrographs of biodegradation of PHBV/
graphene nanocomposites after 60 days



sample, with less degradation of PHBV chains
adhering to the graphene surface.
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1. Introduction
Carbon nanotubes (CNTs)-based polymer compos-
ites have many potential applications due to their
extraordinary properties [1–9]. CNTs offer signifi-
cant improvements in the various properties of
polymers for wide variety of applications. Initial aca-
demic research on polymer/CNT nanocomposites
has been focused on single wall carbon nanotubes
(SWCNT) because of their simpler structure. How-
ever, the extremely high cost of SWCNT consider-
ably restricts the commercialization of CNT-based
composites. Nowadays, the production of multiwall
carbon nanotubes (MWCNT) has already been scaled
up by the industries and therefore the research inter-
est has been diverted towards the technological pro-

liferation of MWCNT–based systems [10–12]. How-
ever, the strong tendency of MWCNT to form
agglomerates (due to Van der Waals forces) makes
the nanotubes incompatible with the polymer matrix.
Hence, homogeneous dispersion of MWCNT still
remains as a great challenge. Several strategies
such as high shear mixing, ultrasonication, surface
oxidation (covalent functionalization) and the use
of surfactant have been addressed to overcome the
obstacle of agglomeration [13–14]. The surface oxi-
dation is most widely used to achieve the desired
properties. However, generation of functional groups
due to the surface oxidation create the structural
defect to the MWCNT (which disturb the ! electron
cloud) and deteriorate the intrinsic properties of
MWCNT.
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Recently, ‘cation-!’ interaction by using surfactant
has been realized as the best way to achieve good
dispersion of MWCNT and interfacial interaction
[15–18]. The cation of such modifiers interacts with
the ! electron clouds of MWCNT and reduces the
Van der Waals force. This method does not disturb
the ! electron clouds of MWCNT. In the present
paper, we described the cation-! interaction using a
sodium salt of 6-aminohexanoic acid (SAHA) as a
modifier and MWCNT into the epoxy matrix.
Though the modifier has been used for melt blend-
ing process by others [16], to our knowledge it has
not been directly used for thermoset epoxy matrix.
Studies on epoxy/MWCNT composites are reported
to date are mostly related to high Tg (glassy) epoxy
systems [19–24]. In the present paper, we used rub-
bery epoxy matrix (Tg ~5°C) to study the reinforc-
ing effect of MWCNT because the reinforcing
effect in a flexible matrix is more prominent than
that observed in a glassy one [25]. The rubbery epox-
ies are particularly important because of their use
for vibration damping application [26]. However,
poor mechanical properties of such flexible epoxies
are a major drawback which restricts their applica-
tion. That is why we used MWCNT to improve the
mechanical properties of such rubbery epoxy. The
modifier SAHA is designed in such way that it con-
tains a cation (Na+), which interacts with the ! elec-
tron clouds of MWCNT via cation-! interaction
and the free –NH2 group can form chemical bond-
ing with the epoxy resin. In this way, the nanotubes
become an integral part of cross linking through
chemical bonding between SAHA and epoxy resin.
This provides an effective load transfer from epoxy
matrices to nanotubes for the enhancement of
mechanical properties. The nanocomposites pre-
pared by using the present method is expected to
improve dispersion of MWCNT in the flexible epoxy
matrix. The effect of SAHA modified MWCNT on
the mechanical, dynamic mechanical properties and
morphology of the epoxy matrix will be discussed
in the present paper.

2. Experimental
2.1. Materials
Epoxy resin diglycidyl ether of bisphenol A
(DGEBA) (LY556) was purchased from Vantico
(USA). Poly(oxypropylene) diamine (Jeffamine
ED900, Sigma Aldrich, USA) was added as a cur-
ing agent for epoxy. MWCNT (Baytube® 150P)

was procured from Bayer Material Science AG
(Leverkusen, Germany). The MWCNTs synthe-
sized by the chemical vapor deposition (CVD)
method having purity 95% with diameter in the
range of 5–20 nm and the length 1–10 "m. 6-amino-
hexanoic acid (purity – 98%) and sodium hydroxide
(98%) were purchased from Merck chemical, Ger-
many. Acetone and tetrahydrofuran were used as
received and purchased from Merck chemical, Ger-
many.

2.2. Preparation of nanocomposites
The SAHA modified MWCNT was prepared by
mixing of 6-amino hexanoic acid, sodium hydrox-
ide (1:1 mass ratio w/w) and MWCNT in 100 mL
distilled water in 250 mL beaker. The mixture was
sonicated for 20 min using a probe sonication (Ban-
delin Ultrasonic homogenizer, SONOPULS HD-
3200, working frequency 20 kHz, Germany), keep-
ing the beaker immersed in cold water. The water
was removed by applying vacuum and the mixture
was dried at 100°C for 24 h. Composites with unmod-
ified and SAHA-modified MWCNT were prepared
using small amount (20 wt%) of solvent. A typical
procedure for preparation of nanocomposites using
solvent is described as follows. 0.125 g MWCNT
was added into solvent and sonicated using a probe
sonication for 1 h. 25 g epoxy resin was added into
it and the mixture was again sonicated for 20 min,
keeping the beaker immersed in cold water. The sol-
vent was removed by applying vacuum. Then,  19 g
of curing agent (JeffamineED 900) was added into
the mixture, mixed uniformly for 15 min, degassed
for 10 min and allows to cure in Teflon mold at
80°C for 6 h. Figure 1 illustrates the flow chart of
nanocomposites preparation by using solution. The
composites prepared using solvent with unmodified
MWCNT and SAHA-modified MWCNT are desig-
nated as epoxy/MWCNT(0.5 wt%) and epoxy/
MWCNT (0.1, 0.25, 0.5, 0.75, 1, 1.5 and 2 wt%)/
SAHA, respectively.
For comparison the epoxy composite with SAHA
modified MWCNT was also made without using
solvent. A typical procedure for nanocomposites
prepared without using solvent is described as fol-
lows. 0.125 g MWCNT was added into 25 g epoxy
resin and stirred for 2 h using mechanical stirrer.
The mixture was sonicated for 20 min, keeping the
beaker immersed in cold water. The 19 g of Jef-
famine 900 was added into it, mixed uniformly for
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15 min, degassed for 10 min and allowed to cure in
Teflon mold at 80°C for 6 h.

2.3. Characterization
2.3.1. Tensile properties
The tensile strength, tensile modulus and % elonga-
tion at break of neat epoxy and nanocomposites
sample were measured using a (Hounsfield 50 KS
Instron, UK) Universal Testing Machine (UTM)
according to ASTM D 638. The crosshead speed
was 100 mm/min and the gauge length was 50 mm.
All the tests were performed at 27±2°C and the
results are expressed in MPa. The quoted result is
an average of the values obtained from four dumb-
bells.

2.3.2. Microscopic properties
A high resolution scanning electron microscope
(FEG-SEM, Zeissa Supra 40 VP, Germany) was
used to study the fractured surface morphology of
epoxy/MWCNT composite samples. The compos-
ite samples were quenched in liquid nitrogen and
cryogenically fractured to obtain the cross sections,
which were sputter coated with carbon to avoid the
charging before the SEM observation. High resolu-
tion transmission electron microscope (HRTEM)
analysis of the epoxy/MWCNT composite samples
was conducted on a JEOL, (JEM-2100, Japan) elec-
tron microscope at 200 KV. Ultra-thin sections of
composite films were prepared with the thickness
of 130–150 nm for TEM imaging using Leica ultra-
cut microtome (Leica Mikrosysteme, GmbH, A-
1170, Austria) using liquid nitrogen.

2.3.3. Spectroscopic properties
Fourier transform infrared (FTIR) spectra of
MWCNT, SAHA-modified MWCNT and their
composite samples were taken with attenuated total

reflection (ATR) mode by a Nicolet 510 FTIR spec-
trometer, Germany over a scanning range from
1000 to 2000 cm–1 with a nominal resolution of
2 cm–1. For each spectrum 64 runs were collected and
averaged. Raman spectra of unmodified MWCNT,
SAHA modified MWCNT and epoxy/MWCNT/
SAHA composite samples were recorded using a
Renishaw 2000, UK system with an Argon ion laser
exciting wavelength of 514 nm over a scanning
range of 500–2000 cm–1.

2.3.4. Thermal properties
Thermal behavior of neat epoxy and epoxy/
MWCNT composites was studied with DSC (TA
instruments Q100 series, USA). About 6–10 mg of
sample was placed in an aluminium pan and heated
from –80 to 100°C with a heating rate of 5°C·min–1

and cooled to room temperature. The reference was
an empty aluminium pan. Thermogravimetric analy-
sis (TGA) of neat epoxy and the epoxy/MWCNT
composite samples were carried out on a thermo-
gravimetric analyzer, TA Instrument (TGA Q500,
USA). 6–8 mg of sample was heated from room
temperature to 800°C at a heating rate of 20°C·min–1

under nitrogen atmospheres.

2.3.5. Dynamic mechanical analysis
Dynamic mechanical analysis (DMA) of the neat
epoxy and epoxy/MWCNT composite samples was
carried out using a dynamic mechanical thermal
analyzer (MK IV, Rheometric Scientific, USA).
The test specimen was cooled to –80°C, allowed to
stabilize and then heated at a rate of 3°C/min to
100°C. Liquid nitrogen was used for sub ambient
region. Dynamic modulus and loss modulus were
obtained by a dual cantilever mode for the sample
of size 30#$10#$2 mm3 using a fixed frequency of
1 Hz.
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Figure 1. Flow chart of preparation of epoxy/MWCNT nanocomposites by using solvent



3. Results and discussion
3.1. Reaction of modified MWCNT with the

epoxy resin
A good dispersion of MWCNT and interfacial
adhesion with the polymer matrix are absolutely
necessary to achieve desirable properties of com-
posites. In the absence of sufficient interfacial adhe-
sion between the nanotubes and the polymer, the
tubes will be simply pulled-out and will not con-
tribute towards the enhancement of mechanical
properties of the composites. We used SAHA to
resolve the problem of the good dispersion and
interfacial adhesion. SAHA can interact with ! elec-
tron clouds of MWCNT (via cation-! interaction)
which improves dispersion of MWCNT and also it
can form chemical bonding with the epoxy resin. In
this way, the nanotubes become an integral part of
cross linking through chemical bonding between
SAHA and epoxy resin. This provides an effective
load transfer from epoxy matrices to nanotubes for
the enhancement of mechanical properties. The

cation-! interaction and chemical modification of
MWCNT will be discussed subsequently in spec-
troscopic analysis section. Schematic representa-
tion of the cation-! interaction between SAHA with
MWCNT, chemical bonding of amino groups of
SAHA with epoxy resin and formation of epoxy
network is shown in Figure 2.

3.2. Tensile properties of composites
Table 1 shows the tensile properties of epoxy/
MWCNT(0.5 wt%)/SAHA composites, made using
two solvents namely acetone and tetrahydrofuran
separately. For comparison the composites with
0.5 wt% SAHA modified MWCNT was also made
without using solvent (Table 1). The MWCNT to
SAHA ratio was maintained as 1:1(w/w). It was
observed that the epoxy/MWCNT(0.5 wt%)/SAHA
composite made using solvent is much more effec-
tive in improvement of tensile properties compared
to the composite made without using solvent. This
can be attributed to the fact that solvent interacts
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Figure 2. Representation of cation-! interaction (cation of the modifier with ! electron clouds of MWCNT) between the
modifier (SAHA) with MWCNT and H-bonding of carboxylic acid of SAHA with epoxy



strongly with the nanotubes and establishes a stable
suspension by breaking the agglomeration of
MWCNT. Further, we compared the tensile proper-
ties of epoxy/MWCNT(0.5 wt%)/SAHA compos-
ites prepared by using THF and acetone. The epoxy/
MWCNT(0.5 wt%)/SAHA composite prepared by
using tetrahydrofuran showed better performance.
This explained that the nature of the solvent is also
an important factor to improve the performance of
MWCNT in the epoxy matrix. The amine groups of
SAHA provides good compatibility with THF com-
pared to the acetone, this leads to debundling of
MWCNT and stable suspension of MWCNT. About
54 and 150% improvement in tensile strength and
tensile modulus was obtained for composite pre-
pared using THF. In this case, only 20 wt% of sol-
vent was used (low molecular weight) for compos-
ites preparation, which is much less compared to
that used for thermoplastics composite (> 90%).
From the above results, THF was used as a solvent
for further synthesis and characterization of epoxy/
MWCNT composites.
The tensile properties of epoxy/MWCNT(0.5 wt%)/
SAHA composites were made with different
MWCNT to SAHA ratio is presented in Table 2.
The ratios of MWCNT to SAHA were maintained
as 1:0.5, 1:1, 1:1.5, and 1:2 (w/w). Among all the
composites, the composites prepared by using 1:1.5
MWCNT to SAHA ratio showed the best improve-
ment in the tensile strength and tensile modulus
(Table 2). It exhibited around 68 and 170% improve-
ment in the tensile strength and tensile modulus,

respectively. This indicates that the addition of opti-
mum concentration (1:1.5) of SAHA and MWCNT
resulted in a significant improvement in tensile
properties of the composites. This improvement in the
tensile property is a combined effect of improved
dispersion of MWCNT in the epoxy resin and chem-
ical bonding between the SAHA and the epoxy
resin. The good dispersion of MWCNT can be
explained in terms of cation-! interaction between
cation of SAHA and ! electron of MWCNT. This
type of interaction reduces the Van der Waals inter-
action present within the nanotubes and promotes
their debundling. Beyond the optimum concentration
of modifier (1:1.5), it does not contribute towards
improvement in dispersion and interfacial adhesion,
but interfere in curing reaction because of the pres-
ence of free amine group. This increases the stoi-
chiometric imbalance in the epoxy/reaction, result-
ing in deterioration in properties. Similar observa-
tion was reported in literature [18]. Hence, 1:1.5
MWCNT to SAHA ratio (referred as SAHA modi-
fied MWCNT) was considered as an optimum one
and the same was used further for preparation of
varying concentration of epoxy/MWCNT compos-
ites.
A series of epoxy/MWCNT composites were made
using varying concentration of SAHA modified
MWCNT and their tensile properties were evalu-
ated. The representative stress-strain curve of neat
epoxy, epoxy/MWCNT(0.5 wt%), and epoxy/
MWCNT(0.5 wt%)/SAHA composites are pre-
sented in Figure 3 and the tensile properties are
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Table 1. Tensile properties of epoxy/MWCNT(0.5 wt%)/SAHA composites prepared by using solvent (THF and acetone)
and without using solvent

Table 2. Tensile properties of epoxy/MWCNT(0.5 wt%)/SAHA having different ratio (w/w) of MWCNT to SAHA

Samples Tensile strength
[MPa]

Tensile modulus
[MPa]

Elongation at breaks
[%]

Neat epoxy 0.61±0.02 0.61±0.03 121±7
Epoxy/MWCNT(0.5 wt%)/SAHA (1:1) without solvent 0.81±0.03 0.84±0.05 117±4
Epoxy/MWCNT(0.5 wt%)/SAHA (1:1) in THF 0.94±0.04 1.52±0.08 77±3
Epoxy/MWCNT(0.5 wt%)/SAHA (1:1) in acetone 0.84±0.03 1.11±0.05 85±5

Samples Tensile strength
[MPa]

Tensile modulus
[MPa]

Elongation at breaks
[%]

Neat epoxy (100:0:0) 0.61±0.02 0.61±0.03 121±7
Epoxy/MWCNT(0.5 wt%) (100:1:0) 0.72±0.03 0.87±0.02 94±4
Epoxy/MWCNT(0.5 wt%)/SAHA (100:1:0.5) 0.93±0.02 1.38±0.08 73±3
Epoxy/MWCNT(0.5 wt%)/SAHA (100:1:1) 0.94±0.04 1.52±0.06 77±2
Epoxy/MWCNT(0.5 wt%)/SAHA (100:1:1.5) 1.03±0.04 1.65±0.05 75±4
Epoxy/MWCNT(0.5 wt%)/SAHA (100:1:2) 0.79±0.03 1.33±0.04 69±4



summarized in Table 3. The % elongation at break
was found to decrease significantly due to the
incorporation of MWCNT into the epoxy matrix
(Figure 3). The increased tensile modulus is more
prominent in case of modified MWCNT compared
to unmodified MWCNT composites. It can be seen

that from Table 3, the tensile properties of epoxy/
MWCNT composite increased with increasing con-
centration of MWCNT up to 1 wt % and decreased
thereafter. Addition of 1 wt% SAHA modified
MWCNT into epoxy matrix showed around 90, and
264% improvement in tensile strength and tensile
modulus, respectively. This improvement can be
attributed to the good dispersion of MWCNT into
the epoxy matrix. The decreased tensile properties
of composites beyond 1 wt% due to agglomerated
MWCNT, as evidenced by SEM and TEM which
will be discussed in subsequent section.

3.3. Microscopic analysis
The epoxy composite prepared using unmodified
MWCNT and SAHA modified MWCNT were char-
acterized by SEM to study the dispersion state of
MWCNT in the epoxy matrix. The composite sam-
ples were cryogenically fractured and the fracture
surface was subjected to SEM analysis. Figure 4
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Figure 3. Stress-strain curve of neat epoxy, EP/MWCNT
(0.5 wt%) and EP/MWCNT(0.5 wt%) /SAHA

Table 3. Tensile properties of epoxy/MWCNT/SAHA (1:1.5) composite having varying concentration [wt%] of MWCNT
Samples

(wt% SAHA modified MWCNT)
Tensile strength

[MPa]
Tensile modulus

[MPa]
Elongation at breaks

[%]
0 0.61±0.02 0.61±0.03 121±7
0.1 0.66±0.02 0.98±0.03 102±6
0.25 0.74±0.04 1.00±0.04 90±3
0.5 1.03±0.04 1.65±0.05 75±4
0.75 1.09±0.02 1.85±0.07 64±2
1 1.16±0.05 2.22±0.05 63±3
1.5 0.96±0.04 1.42±0.06 58±5
2 0.81±0.03 1.40±0.02 50±2

Figure 4. SEM photographs of epoxy/MWCNT composites with (0.5 wt%) (a), unmodified MWCNT and SAHA-modified
MWCNT (b)



shows the photographs of epoxy/MWCNT(0.5 wt%)
and epoxy/MWCNT(0.5 wt%)/SAHA composite
samples. The agglomerated nanotubes can be seen
on the fractured surface of the epoxy/MWCNT
(0.5 wt%) composite (Figure 4a). The broken ends
of unmodified MWCNT simply pulled out from the
matrix indicating poor dispersion and absence of
interfacial adhesion. On the other hand, the epoxy/
MWCNT/SAHA composite showed well dispersed
nanotubes throughout the epoxy matrix (Figure 4b).
This implies that the modification of MWCNT by
SAHA provides not only good dispersion but also
good interfacial adhesion.
In order to substantiate the dispersion of MWCNT,
the epoxy/MWCNT composite samples were fur-
ther characterized by TEM. TEM photographs of
epoxy/MWCNT, epoxy/MWCNT(0.5 wt%)/SAHA,
epoxy/MWCNT(1 wt%)/SAHA and epoxy/MWCNT
(1.5 wt%)/SAHA composites are shown in Fig-
ure 5. Epoxy/MWCNT(0.5 wt%) clearly demon-

strate poor dispersion of MWCNT and high degree
of agglomeration (Figure 5a). The well separated
nanotubes can be seen for the epoxy/MWCNT
(0.5 wt%)/SAHA and epoxy/MWCNT(1 wt%)
/SAHA composites (Figure 5b and 5c). This can be
explained by considering fact that the debundling of
nanotubes due to the cation-! interaction and chem-
ical bonding as described in Figure 2. TEM photo-
graph of epoxy/MWCNT(1.5 wt%) /SAHA com-
posite indicates that at higher concentration of
MWCNT it is difficult to prevent the agglomera-
tion. This explains why tensile property decreases
beyond 1 wt% MWCNT as discussed earlier.

3.4. Spectroscopic analysis
Raman spectrum for MWCNT, SAHA modified
MWCNT and epoxy/MWCNT(1 wt%)/SAHA com-
posite is shown in Figure 6. The spectrum of unmod-
ified MWCNT shows two characteristics peak of G
and D band. The D band of MWCNT arises due to
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Figure 5. TEM photographs of epoxy /MWCNT composites (a) unmodified-MWCNT(0.5 wt%); (b) (0.5 wt%) SAHA-
modified MWCNT, (c) (1 wt%) SAHA-modified MWCNT and (d) (1.5 wt%) SAHA modified MWCNT



the disorder graphitic structure, and corresponding
G band is due to tangential stretching of carbon car-
bon bond. There is no shift in the peak position of G
band and D band of MWCNT, when MWCNT mixed
with SAHA. This observation confirms that the mod-
ification of MWCNT with SAHA did not generate
any defect on to the surface of MWCNT. It was also
observed that upon modification the peak intensity
of G and D band shifted towards higher intensity.
Epoxy/MWCNT/SAHA composite also shows the
higher peak intensity of G and D band of MWCNT
compared to the unmodified MWCNT and SAHA
modified MWCNT. The higher peak intensity of
MWCNT after modification can be explained by
considering the cation-! interaction (between SAHA
and MWCNT) which is responsible for reduction of
Van der Waals force within the MWCNT resulting
in their good dispersion in polymer matrix [18, 27].

The FTIR spectra of SAHA, SAHA modified
MWCNT, neat epoxy and epoxy/MWCNT(1 wt%)/
SAHA composite samples are presented in Figure 7.
The SAHA shows a characteristic peaks at 1563 cm–1

corresponds to C=O stretching of carboxylate group.
The C=O stretching peak of carboxylate group is
shifted from 1563 to 1571 cm–1 for SAHA modified
MWCNT. This can be explained by considering the
cation-! interaction between the SAHA and
MWCNT. The cation of SAHA interact with ! elec-
tron cloud of MWCNT and reduces the effective-
ness of dislocation of negative  charge on oxygen
atom of the carboxylate ion by reducing the electron
density on the charged oxygen atom; resulting in
higher wave number of the carboxylate group. The
epoxy/MWCNT(0.5 wt%)/SAHA composite also
exhibits a shift of the peak of corresponding C=O
group of the carboxylate ion from 1563 to 1580 cm–1.
It can be noted that the less intense peak at 1580 cm–1

appear also in case of the neat epoxy which corre-
sponds to Ar–C=C–H stretching. The same peak
obtained for epoxy/MWCNT(0. 5wt%)/SAHA com-
posite has stronger intensity. This can be attributed
to overlapping of carboxylate ion peak and
Ar–C=C–H group stretching in this region.

3.5. Thermal analysis
Table 4 shows glass transition temperature of the
neat epoxy, epoxy/MWCNT and epoxy/MWCNT/
SAHA composites measured by DSC and DMA. It
was observed that the Tg of all composite sample
shifted towards the lower temperature compared to
Tg of the neat epoxy which will be discussed in
DMA analysis in subsequent section. In order to study
the effect of addition of the modified MWCNT on
the thermal stability of composites, the neat epoxy
and the epoxy/MWCNT/SAHA composite samples
were subjected to TGA and results are shown in
Figure 8. It can be seen that, the epoxy/MWCNT/
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Figure 6. Raman spectra for pristine MWCNT, SAHA mod-
ified MWCNT and epoxy/SAHA/MWCNT com-
posite

Figure 7. FTIR spectra for SAHA, SAHA modified MWCNT,
neat epoxy and epoxy/MWCNT(1 wt%)/SAHA
composite

Table 4. Glass transition temperature of neat epoxy and
epoxy/MWCNT composites measured by DSC
and DMA

Sample
DSC
Tg

[°C]

DMA
Tg

[°C]
Neat epoxy –8 5
Epoxy/MWCNT(0.5 wt%) –7 6
Epoxy/MWCNT(0.5 wt%)/SAHA –10 3
Epoxy/MWCNT(0.75 wt%)/SAHA –10 2
Epoxy/MWCNT(1 wt%)/SAHA –13 1
Epoxy/MWCNT(1.5 wt%)/SAHA –11 4



SAHA composite exhibited higher thermal stability
compared to the neat epoxy. This improvement in
the thermal stability of the epoxy/MWCNT com-
posite is due to well dispersed nanotubes and strong
interfacial adhesion between nanotubes and epoxy
matrix. The strong interfacial adhesion of MWCNT
with epoxy matrix reduces the mobility of the
epoxy matrix around the nanotubes and thereby
enhances the thermal stability [28].

3.6. Dynamic mechanical analysis
The storage modulii as a function of temperature for
the neat epoxy, epoxy/MWCNT(0.5 wt%), epoxy/
MWCNT(0.5 wt%)/SAHA, epoxy/MWCNT(1 wt%)
and epoxy/MWCNT(1.5 wt% SAHA) composite are
shown in Figure 9. The epoxy/MWCNT(0.5 wt%)
composite exhibits the moderate improvement in the
storage modulus compared to the neat epoxy. This
can be explained by the inert surface of unmodified
MWCNT cannot make any kinds of interaction
with epoxy matrix (Figure 4 and Figure 5). On the
other hand, epoxy/MWCNT(0.5 wt%)/SAHA and
epoxy/MWCNT(1 wt%)/SAHA composites show

significant improvement in the storage modulus.
This is due to the reinforcing effect of MWCNT.
The reinforcing effect is a result of good dispersion
and strong interfacial adhesion (chemical bonding)
between nanotubes and epoxy matrix. The good
dispersion of MWCNT is believed to originate from
the cation-! interaction and interfacial adhesion due
to the chemical bonding of SAHA and epoxy matrix
(Figure 2). The lowering of storage modulus in case
of epoxy/MWCNT(1.5 wt%)/SAHA compared to
epoxy/MWCNT(1 wt%)/SAHA composites clearly
indicated that reinforcing effect of MWCNT
decreased when concentration of MWCNT goes
beyond 1 wt%. This supports the tensile, SEM and
TEM results as discussed earlier.
The loss tangent vs. temperature plot of neat epoxy,
epoxy/MWCNT(0.5 wt%), epoxy/MWCNT(0.5 wt%)/
SAHA, epoxy/MWCNT(1 wt%)/SAHA and epoxy/
MWCNT(1.5 wt%)/SAHA are shown in Figure 10.
All the composites show reduction in the tan! peak
height due to the addition of MWCNT. This indi-
cates that the restricted mobility of polymer chain
which increases rigidity and stiffness of the com-
posites. The moderate reduction in the tan! peak
height in case of epoxy/MWCNT composite indi-
cates the absence of any interaction (cation-! and
chemical bonding) between MWCNT with epoxy
matrix. On the other hand, a significant decrease in
the tan! peak height was observed due to the addi-
tion SAHA modified MWCNT (Figure 10). This is
because SAHA modified MWCNTs (well dispersed)
restrict the segmental motion of the epoxy around
the nanotubes surface. The glass transition tempera-
ture of neat epoxy and all the composite samples
are listed in Table 4. It can be noted that the glass
transition temperature (Tg) tends to decrease due to
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Figure 8. TGA plots of neat epoxy and epoxy/MWCNT/
SAHA composite

Figure 9. Storage modulus vs. temperature plots for neat
epoxy, epoxy/MWCNT(0.5 wt%), epoxy/MWCNT
(0.5 wt%)/SAHA, epoxy/MWCNT(1 wt%)/SAHA
and epoxy/MWCNT(1.5 wt%)/SAHA

Figure 10. Loss tangent vs. temperature plots for neat epoxy,
epoxy/MWCNT(0.5 wt%), epoxy/MWCNT
(0.5 wt%)/SAHA, epoxy/MWCNT(1 wt%)/
SAHA and epoxy/MWCNT(1.5 wt%)/SAHA



the addition of SAHA modified MWCNT com-
pared to neat epoxy. The lowering of Tg is due to the
reaction of amine group of SAHA with epoxy resin
resulting non-stoichiometric balance between
epoxy resins and curing agent, and thus leading to
the inhibition of crosslinking reaction to a certain
extent between them [29].

4. Conclusions
A detailed study on effect of SAHA modified
MWCNT on tensile properties; thermomechanical
properties and dispersion of MWCNT have been
conducted. The dispersion of MWCNT in the epoxy
matrix is significantly improved due to the use of
SAHA as a modifier. The addition of optimum con-
centration of modified MWCNT(1 wt%) resulted in
around 90 and 264% improvement in the tensile
strength and tensile modulus, respectively. The good
dispersion of MWCNT is a result of cation-! inter-
action between SAHA and MWCNT. The present
approach does not disturb the ! electron cloud of
CNT as opposed to chemical functionalization.
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1. Introduction
The production of polymer/organoclay nanocom-
posites to enhance the performance of materials has
been a rapidly expanding field of research. Organo-
montmorillonite (OMMT) is one of the commercial
organoclays that has been widely utilized as reinforc-
ing filler in polymer nanocomposites [1–3]. Numer-
ous authors have reported on the enhancement in
strength and modulus [4–6], gas barrier [7] and
flame retardant properties [8–9] of polymer/OMMT
nanocomposites. In recent years, attention has been
devoted to the nanocomposites based on biodegrad-

able polymers and organoclay due to the increasing
awareness on the plastic waste pollution.
Poly(butylene succinate) (PBS) is a biodegradable
polyester with many desirable properties including
biodegradability, melt processability, thermal and
chemical resistance [10–14]. Fujimaki [13] has com-
pared the properties between the biodegradable PBS
and the conventional plastic packaging materials.
He reported that the yield strength of PBS (Bionolle
#1020) was 264% higher than that of low-density
polyethylene (LDPE), and was 10.3% higher than
that of polypropylene (PP). In this research, OMMT
was incorporated into the PBS matrix in order to
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produce a ‘green’ nanocomposite, which is focusing
on the potential application in the environmental-
friendly packaging films. In our previous work, the
effects of OMMT loading on the mechanical and
rheological properties of biodegradable PBS/OMMT
nanocomposites were reported. The optimum
mechanical properties of PBS nanocomposites were
observed at 2 wt% OMMT loading [15–16]. How-
ever, the improvement is rather limited due to the
low polarity of PBS, which restricted the dispersion
of clay platelets because of the absence of any strong
interactions [17]. Therefore, to obtain a homoge-
neous dispersion of OMMT in PBS matrix has
become a major challenge. Compatibilization turns
out to be the most potential way to further enhance
the properties of PBS/OMMT nanocomposites.
Maleic anhydride (MA)-grafted polymers have been
used as compatibilizers in many composite systems,
by reason of their polar functional group that will
improve the filler-matrix interactions [18–21]. L!pez-
Quintanilla et al. [22] reported on the better interfa-
cial adhesion between PP and clay after compatibi-
lized with MA-grafted PP, subsequently improved
the mechanical properties of the nanocomposites.
Kusmono et al. [23] discovered that the incorpora-
tion of MA grafted styrene-ethylene/butylene-
styrene was able to enhance the strength and ductil-
ity of polyamide 6/polypropylene nanocomposites.
Although studies on PBS nanocomposites are rather
abundant [10–12], study on the PBS nanocompos-
ites compatibilized with MA-grafted polymers is
rare. To date, PBS-g-MA is not commercially avail-
able and there is limited literature reported on this
material. In this study, PBS-g-MA was produced
through reactive melt-grafting method in the pres-
ence of dicumyl peroxide (DCP) as initiator at vari-
ous contents, i.e. 1 and 1.5 phr. At our previous
research, the optimum mechanical properties of
PBS nanocomposites were observed at 2 wt%
OMMT loading [15–16]. Hence, as an extension of
the previous study, PBS-g-MA was added into the
2 wt% OMMT filled PBS nanocomposites, to inves-
tigate the effects of initiator content on the grafting
efficiency, and its compatibilizing effects on PBS
nanocomposites. In addition, the mechanical, ther-
mal and morphological properties of PBS/OMMT
nanocomposites were studied.

2. Experimental
2.1. Materials
PBS (Bionolle #1020) was supplied by Showa
Highpolymer Co., Ltd., Japan with MFI value of
25 g/10 min (190°C, 2.16 kg) and melting tempera-
ture of 115°C. OMMT (Nanomer® I.30TC, Nanocor
Inc, USA) with cation exchange capacity (CEC) of
110 mequiv/100 g, containing MMT (70 wt%) inter-
calated by octadecylamine (30 wt%) was used.
DCP (Aldrich Luperox®, purity "99.0%) from
Sigma-Aldrich Inc, USA was used as initiator. MA
(purity "99.8%) was obtained from R&M Chemi-
cals, UK.

2.2. Synthesis of PBS-g-MA
First, PBS, MA and DCP were physically premixed.
The reactive grafting process was carried out in an
internal mixer (Haake Polydrive R600, Germany)
at 135°C for 7 min. Two different PBS-g-MA, vary-
ing from the initiator content, labeled as C1 and C2
were produced as shown in Table 1. After that,
purification process was carried out. PBS-g-MA
was refluxed in chloroform for 4 h, and the hot solu-
tion was filtered into cold methanol. The precipi-
tated polymer was washed with methanol several
times, in order to remove any unreacted reagents,
followed by drying in an oven at 60°C for 24 h. The
purified PBS-g-MA was obtained.

2.3. Degree of grafting determination
The degree of grafting (Gd) for PBS-g-MA was
determined through titration. 1 g of purified PBS-g-
MA was refluxed in 100 mL of chloroform for 1 h.
Then, 10 mL of distilled water were added. It was
titrated immediately with 0.025 M potassium hydrox-
ide (KOH) using phenolphthalein as indicator. Gd
can be calculated as shown by Equation (1):

                 (1)Gd 3, 4 5 N1V1 2 V0 2 ~98.06

2
~
W
~
1000 ~

100,Gd 3, 4 5 N1V1 2 V0 2 ~98.06

2
~
W
~
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Table 1. Compositions for a Preparation of PBS-g-MA

*phr = part per hundred resin

Component
C1 C2

Amount [phr] Amount [phr]
PBS 100 100
MA 10 10
DCP 1 1.5



where N is the KOH concentration [M], W is the
sample weight [g], V0 and V1 is the KOH volume
[mL] for blank solution and for titration of PBS-g-
MA, respectively.

2.4. Fourier transform infrared (FTIR)
spectroscopy

FTIR analysis was carried out on the PBS-g-MA at
ambient temperature by using Perkin-Elmer Spec-
trum One FT-IR Spectrometer (USA). It was per-
formed through the scanning wavelength from
4000–550 cm–1 with 32 scanning times.

2.5. Nuclear magnetic resonance (NMR)
spectroscopy

NMR test were conducted in deuterated chloroform
(CDCl3) solution under ambient temperature on a
Bruker Avance 300 MHz spectrometer (Germany)
with 13.2 #s pulse and acquisition time of 3.0 s.
Tetramethylsilane (TMS) was applied as internal
chemical shift standard. Two-dimensional correla-
tion spectroscopy (COSY) was recorded with relax-
ation-delay time of 1.62 s and sweep width of
1930.5 Hz.

2.6. Gel permeation chromatography (GPC)
The molecular weight of PBS was measured by gel
permeation chromatography (GPC) analysis. GPC
analysis was performed at 40°C on an Agilent Tech-
nologies 1200 Series GPC system (USA) equipped
with a refractive index detector (RID) and SHODEX
K-806M and SHODEX K-802 columns. The cali-
bration of the columns was carried out using a poly-
styrene standard of known molecular weight and
polydispersity. The samples were then dissolved in
chloroform at ambient temperature, followed by fil-
tration to eliminate the contaminants. Chloroform
was used as the eluent with a flow rate of
0.8 mL/min, and the injected sample volume was
50 #L with a polymer concentration of 1 mg/mL.
The weight-average molecular weight (Mw) and num-
ber-average molecular weight (Mn) were obtained
from the GPC analysis.

2.7. Preparation of nanocomposites
PBS nanocomposites were prepared by the addition
of 2 wt% OMMT and 5 wt% PBS-g-MA into the
PBS resin. PBS, OMMT and PBS-g-MA were phys-
ically premixed and melt-mixed in an internal mixer
(Haake PolyDrive R600, Germany) at 135°C for

5 min with a rotary speed of 50 rpm. It was then
molded on a compression molding machine (GT
7014-A30C, Taiwan) at 135°C and 3 min into vari-
ous shapes of specimen.

2.8. Mechanical properties
Mechanical tests were performed using universal
testing machine (Instron 3366, Instron Co., Ltd.,
USA) at 23±2°C and 50±5% relative humidity. Ten-
sile test was carried out using ASTM D638-03
(Type IV) with a gauge length of 50 mm and a
cross-head speed of 5 mm/min. Flexural test (three-
point bending) was performed according to ASTM
D790-03 with a support span length of 50 mm and a
cross-head speed of 5 mm/min.

2.9. X-ray diffraction (XRD)
XRD analysis was carried out with PANalytical
X’pert Pro Mrd PW2040 XRD diffractometer
(Netherlands) in a scan range from 2–10° and
2.0°/min scanning rate. The X-ray source was Cu-
K$ radiation with a wavelength (!) of 0.154 nm.
The interlayer spacing of OMMT was calculated
from d001-reflections using Bragg’s equation: n! =
2d001·sin", where " is the measured diffraction
angle [24].

2.10. Transmission electron microscopy
(TEM)

The morphologies of the nanocomposite samples
were observed using an Energy Filter Transmission
Microscope (EFTEM) (Zeiss Libra 120, Nether-
lands) operated at 200 kV. The ultrathin sections of
sample with the thickness 70–80 nm were prepared
via ultramicrotomy technique using Reichert Ultra-
microtome Supernova.

2.11. Scanning electron microscopy (SEM)
The tensile-fractured surface of the samples was
observed under a field-emission scanning electron
microscope (FESEM) (Zeiss LEO Supra 35VP, Ger-
many). Prior to the observations, the samples were
sputter-coated with a thin layer of gold to avoid
electrical charging during examination.

2.12. Differential scanning calorimetry (DSC)
The DSC analysis was carried out using Perkin-
Elmer DSC-6 (USA) machine in a nitrogen atmos-
phere. Sample was heated from 30 to 150°C at a heat-
ing rate of 10°C/min. The sample was then cooled
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from 150 to 30°C at a same heating rate. Next, sec-
ond heating was performed from 30 to 150°C.
Finally, it is cooled to 30°C. The thermal behavior
of PBS nanocomposites is studied from the second
heating and cooling in DSC in order to eliminate
the thermal history. Degree of crystallinity (#c) was
calculated by using Equations (2) and (3):
For pure PBS,

                                               (2)

where %Hc crystallization enthalpy of sample, %Hm
0

melting enthalpy of 100% crystalline PBS
(110.3 J/g) [25].
For polymer nanocomposites,

                                (3)

where Wf weight fraction of fillers in the nanocom-
posite.

2.13. Thermogravimetry (TGA)
TGA was conducted in the Perkin-Elmer Pyris 6
TGA Analyzer (USA) from room temperature to
700°C at the heating rate of 10°C/min under nitro-
gen atmosphere.

3. Results and discussion
3.1. Characterizations of PBS-g-MA
3.1.1. Degree of grafting (Gd) determination
In the previous study, Mani et al. [26] performed
the grafting of MA onto PBS by varying the initia-
tor content from 0.3–1.0 wt%. They reported that
the grafting efficiency was the highest at 1.0 wt% of
initiator. By using this as a reference, in this study,
1.0 and 1.5 phr of initiator was incorporated. Gen-
erally, Gd is influenced by various factors such as
monomer and initiator concentration, temperature,
rotor speed and residence time [26, 27]. In the pres-
ent research, other parameters were kept constant.
Therefore, the changes in Gd are mainly attributed
by the initiator concentration. Table 2 shows that
C1 possess Gd of 3.89%, while C2 exhibits a Gd of

4.84%. This reveals that the grafting efficiency
increased as the initiator content increased, owing
to the increase radical formation through the decom-
position of initiator. Higher radical concentration
would provide higher chain transfer to the polymer
backbone and hence, higher the grafting efficiency.
Note that high initiator concentration may cause
crosslinking to the polymers. C1 and C2 were com-
pletely dissolved in chloroform, indicating no
crosslinking takes place in the grafting process.
The Gd of PBS-g-MA that synthesized in this work
is appeared to be higher than that of the conven-
tional grafted polymers such as MA-grafted PP,
with the Gd ranged between 0.5–1.2% [28]. This
shows the potential of PBS-g-MA to be applied as
compatibilizer in the polymer composite system,
with respect to its higher ability to diffuse into the
polymer matrix and provide enough sites for attach-
ment to the fillers.
Besides that, the molecular weight of C1 and C2
was determined through gel permeation chromatog-
raphy (GPC) analysis. The weight-average molecu-
lar weight (Mw) and number-average molecular
weight (Mn) were determined and shown in Table 2.
Based on the datasheet, the initial Mw of the PBS is
1.4·105 g/mol. Thus, this shows that as the PBS is
grafted with MA, the molecular weight is lowered
as a result from chain degradation via the beta-scis-
sion reaction [26].

3.1.2. Fourier transform infrared (FTIR)
spectroscopy

The performance of the grafting process was further
evaluated through FTIR spectroscopy, as reported
in Figure 1. The peak at 917 cm–1 corresponds to
the –C–OH bending in the carboxylic acid groups
of PBS. The bands at 1044–1046 cm–1 were due to
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Table 2. Degree of grafting and molecular weight at differ-
ent initiator concentrations

Compatibilizer
DCP

concentration
[phr]

Degree of
grafting

[%]

Mw
[g/mol]

Mn
[g/mol]

C1 1.0 3.89 28 620 14 450
C2 1.5 4.84 24 620 12 450 Figure 1. FTIR spectra of PBS, PBS-g-MA and MA



–O–C–C– stretching vibrations in PBS. Peaks in the
range of 1144–1264 cm–1 resulted from the stretch-
ing of the –C–O–C– group in the ester linkages of
PBS. The band at the 1710–1713 cm–1 region was
attributed to the C=O stretching vibrations of ester
groups in PBS. Meanwhile, the peaks at 1330 and
2945 cm–1 were assigned to the symmetric and asym-
metric deformational vibrations of –CH2– groups in
the PBS main chains, respectively [29].
There is a clear signal at the transmittance bands of
1780 and 1849 cm–1 in the grafted PBS, while were
absent in the neat PBS. These bands are assigned to
the symmetric (1780 cm–1) and asymmetric
(1849 cm–1) stretching of C=O bonds for the suc-
cinic anhydride groups [27, 30]. Higher peak inten-
sities were also observed on C2 at the 1780 and
1849 cm–1 bands as compared to C1, corresponded
to higher content of succinic anhydride groups in
C2. Furthermore, an additional band at 3058 cm–1

was found in PBS-g-MA and neat MA, ascribed to
the =CH2 vibration in the cyclic MA.

3.1.3. Nuclear magnetic resonance (NMR)
spectroscopy

The 1H-NMR spectra of pure PBS and PBS-g-MA
are shown in Figure 2. The 1H-NMR resonance sig-
nal of pure PBS appearing at 2.55 ppm was associ-
ated with the methylene protons (Ha) in the succinic
moiety. The resonances at 4.05 and 1.64 ppm were
respectively assigned to the methylene protons $
(Hb) and & (Hc) in the 1,4-butanediol unit. An addi-
tional signal is observed in the PBS-g-MA spectra
at approximate 3.7 ppm region (Figure 2b and 2c),
which is related to the resonance of the methane pro-
ton formed due to the grafting of MA [26]. This sup-
ports the evidence that MA is attached to the poly-
mer chains after the reactive grafting process.
The 2D COSY 1H-NMR spectra (Figure 3) pro-
vides additional information on the grafting mecha-
nism, which reveals the coupling relationships
between the protons presence in the grafted PBS. In
Figure 3a, the off-diagonal peaks or cross corre-
lated peaks show a single coupling interaction
between the neighboring carbon atoms in the 1,4-
butanediol unit (Hbc) of pure PBS. A similar cou-
pling interaction is seen in the PBS-g-MA, as shown
in Figure 3b and 3c. However, there is an additional
coupling interaction between the methine proton of
the anhydride with protons of the $ carbon atom
(Hb') in the 1,4-butanediol unit. This result suggests

that the grafting reaction take place at the diol unit
of PBS, which is proposed in Figure 4. Thus, the
COSY 1H-NMR demonstrated a successful con-
struction of the PBS-g-MA product.
Figure 4. represents a proposed scheme of the reac-
tions during the reactive melt grafting of PBS-g-
MA. The initiator decomposes at the initial step to
form primary radicals (Scheme I). These primary rad-
icals abstract the hydrogen atom from PBS back-
bone and yield PBS radicals (Scheme II). Scheme III
shows the grafting of MA molecules onto the PBS
radicals to form PBS-MA radicals, and followed by
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Figure 2. 1H-NMR spectra of (a) pure PBS, (b) C1 and
(c) C2
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various termination reactions. The PBS-MA radi-
cals might undergo hydrogen transfer from another
polymer chains, MA, or the initiator (Scheme IV)
and form the final product of PBS-g-MA. Scheme V
presents the possible reactions of PBS-MA radicals
with other radicals in the system, such as MA, PBS
or primary radicals to form a different structure of
PBS-g-MA.

3.2. Characterizations of nanocomposites
3.2.1. Mechanical tests
The mechanical properties of PBS nanocomposites
are presented in Table 3. It can be seen that the pres-
ence of PBS-g-MA decreased the tensile and flex-
ural strength, as well as the elongation at break of
PBS. The low molecular weight of PBS-g-MA is

believed to responsible for this reduction. It was
reported in our previous publication that the mechan-
ical strength and modulus were increased, after
incorporation of 2 wt% OMMT into PBS to form a
nanocomposite [15]. After compatibilization with
C2, tensile and flexural strength of the nanocom-
posites are improved by 10.4 and 6.1%, respec-
tively. The polar MA groups may interact with the
amine groups on the OMMT surface by forming
hydrogen bonding on one side, and with the carbonyl
groups on the PBS chains on the other side. This
may consequently improve the filler-matrix interac-
tion, meanwhile, enhance the filler dispersion through
the intercalation of MA groups between the silicate
galleries [19, 21, 31]. Besides that, the higher amount
of grafted MA contained in C2 is able to provide

Figure 3. 2D COSY 1H-NMR spectra of (a) pure PBS, (b) C1 and (c) C2



higher intercalation of the OMMT galleries, which
in turn provides a better dispersion of the clay
platelets.
The addition of stiff reinforcements, such as OMMT
was able to improve both the tensile and the flex-
ural modulus [15–16, 29]. Table 3 shows that the
modulus is slightly increased after the incorporation
of PBS-g-MA into the nanocomposites. Moreover,
nanocomposite compatibilized with C2 exhibits a
higher tensile modulus than that of compatibilized
with C1. Mishra et al. [32] and Tserki et al. [27]

explained that the intercalation of polymer chains
inside the silicate layers led to an increase in the
surface area of interaction between the organoclay
and polymer matrix, subsequently caused the mod-
ulus enhancement. However, the effect of Gd on the
flexural strength and modulus is negligible. Never-
theless, the incorporation of PBS-g-MA does not
show significant effect on the elongation at break. It
is believed that the better interfacial interaction
between polymer and organoclay has compensated
the negative effect of MA that was often reported to
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Figure 4. Proposed grafting mechanism of MA onto PBS

Table 3. Mechanical properties of PBS nanocomposites

Properties
Compound

PBS PBS/C1 PBS/C2 PBS/2%OMMT PBS/2%OMMT/C1 PBS/2%OMMT/C2
Tensile

Strength [MPa] 32.6±2.7 29.8±0.69 29.0±2.2 33.6±1.2 34.2±1.3 37.1±1.3
Modulus [MPa] 589±6.8 603±12 599±14 631±9.1 634±4.3 650±7.2
Elongation at break [%] 10.9±2.6 6.99±0.45 6.67±1.4 12.9±2.4 10.5±2.0 12.5±1.8

Flexural
Strength [MPa] 33.3±1.9 31.2±0.80 32.1±1.3 36.1±0.91 38.2±1.2 38.3±0.18
Modulus [MPa] 570±14 595±9.5 598±21 619±11 627±9.4 626±3.9



reduce the elongation at break [22, 32]. The improved
matrix-filler interfacial interactions could enhance
the stress transfer efficiency from matrix to filler
when the composites were subjected to an external
load, subsequently yield a higher elongation at break.
Hence, the elongation at break in PBS/2%OMMT/
C2 was retained. The improvement in mechanical
properties could therefore be a combination of
improved clay dispersion and interfacial interac-
tions between polymer and clay.

3.2.2. X-ray diffraction (XRD)
The OMMT dispersion in the nanocomposites was
studied through the XRD analysis. Figure 5 pres-
ents the wide-angle XRD patterns of OMMT and the
nanocomposites. A clear peak showing the inter-
layer spacing associated with the d001 plane of
MMT was observed. The XRD spectrum of OMMT
exhibits a broad intense peak at 2" = 3.17°, corre-
sponding to a d001 spacing of 2.79 nm. It is clear that
the peaks tend to broaden and shift toward a lower
value of 2" after the formation of nanocomposites,
suggesting the formation of intercalated and exfoli-
ated structures in the nanocomposites [33–35]. The
XRD patterns of PBS/2%OMMT, PBS/2%OMMT/
C1 and PBS/2%OMMT/C2 reveal the diffraction
peaks at 2" = 2.46, 2.32 and 2.23°, corresponding to
the d001 spacing of 3.59, 3.81 and 3.95 nm, respec-
tively.
Addition of PBS-g-MA into the nanocomposites is
proven to further facilitate the expansion of gallery
space between the organoclay layers. Moreover,
nanocomposite compatibilized with C2 shows bet-
ter OMMT dispersion with larger d001 spacing than

that with C1. This can be correlated with the greater
enhancement in mechanical properties of C2 com-
patibilized nanocomposite, as discussed earlier.

3.2.3. Transmission electron microscopy (TEM)
TEM images of the nanocomposites are displayed
in Figure 6. As observed from Figure 6a, a mixed
region of tactoids, stacks of intercalated clay platelets,
and individual exfoliated platelets are present in the
uncompatibilized nanocomposites. After compati-
bilization using PBS-g-MA, a higher degree of inter-
calated and exfoliated clay platelets has been
obtained, as presented in Figure 6b and 6c. The clay
agglomerations and tactoids were obviously reduced,
contributed to better filler dispersion. The TEM
images have provided a direct visualization of the
improved dispersion of OMMT in PBS matrix, which
is in good agreement with the observed mechanical
properties and XRD results. It is also noted that C2
compatibilized nanocomposite shown better clay
dispersion as compared to C1 compatibilized nano -
composite.

3.2.4. Scanning electron microscopy (SEM)
Figure 7 shows the tensile fractured surface of PBS
and its nanocomposites. PBS exhibits a semi-ductile
fracture behavior, indicated by the relatively smooth
and clear surface with fibrils that formed a web-like
structure. In Figure 7b, fractured surface of PBS/
2%OMMT nanocomposites reveals a reduction in
the fibrillation of PBS, due to the stiffening effect
after OMMT addition. This is in agreement with the
modulus enhancement as reported previously. Fur-
thermore, distinct phase separation between the
OMMT platelets and the PBS matrix is noticeable.
The formation of microcavities at the filler-matrix
interface is caused by the poor compatibility
between PBS and OMMT, which is the main reason
of the limited properties enhancement.
Figure 7c and 7d show the tensile fractured surface
of the compatibilized nanocomposites. The disap-
pearance of matrix fibrillation from the fracture sur-
face is due to the stiffening effect after incorpora-
tion of PBS-g-MA. Besides that, there is no clear
filler delamination from the PBS matrix, confirms
the improved filler-matrix interactions in the
PBS/OMMT nanocomposites after compatibiliza-
tion.
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Figure 5. XRD patterns of (a) OMMT, (b) PBS/2%OMMT,
(c) PBS/2%OMMT/C1 and (d) PBS/2%OMMT/
C2



3.2.5. Differential scanning calorimetry (DSC)
The thermal behavior of PBS nanocomposites is
studied from the DSC analysis and reported in Fig-
ure 8. Figure 8a shows two distinct peaks in the
heating scans of PBS and its nanocomposites. Sim-
ilar observation has been reported by Ray et al. [36]
and Vega-Baudrit et al. [37], where they pointed out
the existence of two melting peaks was due to the
two different types of crystalline lamella presented
in PBS. They suggested that the lower melting
endotherm is corresponds to the melting of the orig-
inal crystallites formed at the isothermal crystalliza-
tion temperature; while the higher melting endo -
therm reveals the melting of the recrystallized crys-

tals. Moreover, an exothermic peak, which resulted
from the fusion and recrystallization of PBS crys-
tals during heating [38–39], was found for all the
samples prior to the second melting endotherm.
Table 4 indicates that the incorporation of PBS-g-
MA into PBS slightly increased the melting temper-
ature at the low endotherm (Tm1). This is assigned
to the interfacial chemical reaction between the MA
group in PBS-g-MA and carbonyl group in PBS,
which affected the melting kinetics of PBS crystals.
Melting temperature at the high endotherm (Tm2) of
PBS did not show any appreciable change after the
addition of PBS-g-MA. Moreover, the incorpora-
tion of OMMT did not change the Tm1 and Tm2 of
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Figure 6. TEM images of (a) PBS/2%OMMT, (b) PBS/2%OMMT/C1 and (c) PBS/2%OMMT/C2



PBS, which is in line with that reported in our pre-
vious publications [15–16].
From Figure 8b, it is noted that the incorporation of
OMMT into PBS does not provide a significant
change in the crystallization temperature (Tc). How-
ever, a slight decreased degree of crystallinity (#c)
in PBS/2%OMMT nanocomposites has been
observed. This is attributed to the physical hin-
drance of OMMT platelets for the mobility and
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Figure 7. SEM micrographs of the tensile fractured surface of (a) PBS, (b) PBS/2%OMMT, (c) PBS/2%OMMT/C1 and
(d) PBS/2%OMMT/C2

Figure 8. DSC (a) melting and (b) cooling scans of PBS nanocomposites

Table 4. Melting and crystallization behavior of PBS
nanocomposites

Compound Tm1
[°C]

Tm2
[°C]

Tc
[°C]

!c
[%]

PBS 102.2 112.4 85.9 57.6
PBS/2%OMMT 102.1 113.4 85.6 55.7
PBS/C1 107.8 113.9 72.1 61.7
PBS/C2 107.9 114.0 75.3 62.5
PBS/2%OMMT/C1 107.6 113.4 82.0 64.8
PBS/2%OMMT/C2 107.4 113.6 82.1 65.9



flexibility of the polymer chains to fold and join the
crystallization growth front [14–15, 29]. An obvi-
ous reduction in Tc is observed in the PBS/PBS-g-
MA blend, accompanied with a slight improvement
in #c to 61.7 and 62.5% in the presence of C1 and
C2, respectively. The reduction in Tc is attributed to
slower crystal growth generated by the interactions
between PBS and PBS-g-MA, as mentioned earlier.
In addition, the increased #c reveals that PBS-g-MA
acts as a heterogeneous nucleating agent, creating
the nucleating sites for crystallization process to
occur [40]. Nanocomposite that compatibilized by
C2 exhibits higher #c than that compatibilized by
C1, owing to the higher Gd of C2. Besides that, the #c
of nanocomposites is increased by 16.3 and 18.3%
after compatibilized with C1 and C2, respectively.
Thus, it is understood that the increment in crys-
tallinity could also be partially responsible for the
increase in mechanical properties. However, the
compatibilized nanocomposites show Tc at ~82 °C,
which is higher than that of the PBS/PBS-g-MA
blend. A study done by Xu et al. [41] claimed that the
improved interaction between polymer and organ-
oclay after compatibilization has caused the immo-
bilizing of some polymer chains. This contributes to
the crystallization of polymer matrix, leads to the
crystallization at a higher Tc. However, the exis-
tence of clay platelets may also create a physical hin-
drance upon the crystal growth. Therefore, the Tc is
still lower than that of the neat PBS.

3.2.6. Thermogravimetry (TGA)
The thermal stability of PBS nanocomposites was
assessed by TGA, where the sample weight loss due
to volatilization of degraded by-products is moni-
tored in function of a temperature ramp, as pre-

sented in Figure 9. The TGA curves display a sin-
gle-stage degradation process starting at ~300°C
and ending at ~470°C, which correspondens to the
structural decomposition of the polymers. The sin-
gle-stage decomposition of compatibilized PBS
nanocomposites provides an evidence that no for-
mation of crosslinking in the PBS-g-MA. The nano -
composites show a weight loss of 97.4, 98.1 and
97.6%, for the PBS/2DM, PBS/2DM/C1 and PBS/
2DM/C2 nanocomposites, respectively. There is
approximately 2–3 wt% of char residue remained
after the polymer decomposition.
According to the literature, the decomposition tem-
perature can be studied through various points in the
TGA curves. In this work, the onset of the decompo-
sition temperature (Td5) was determined by the tem-
perature at 5% weight loss [42–44], whilst the
decomposition temperature at the point of greatest
rate of change on the weight loss curve (Tdmax) was
measured through the derivative weight loss curves
(Figure 10). Table 5 shows that the addition of
OMMT into PBS does not produce any appreciable
changes in the Td5 and Tdmax. This implies that the
presence of OMMT does not provide a significant
effect in improving the thermal stability as usually
reported by numerous researchers [45–48]. Even
though the organoclay was often reported on its
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Figure 9. TGA curves of PBS nanocomposites (the insert
shows the zoom of the selected area)

Figure 10. Derivative weight loss curves of PBS nanocom-
posites

Table 5. Thermal stability of PBS nanocomposites

Compound Td5
[°C]

Tdmax
[°C]

PBS 368.7 411.9
PBS/2%OMMT 371.4 407.8
PBS/C1 372.8 427.4
PBS/C2 369.3 426.0
PBS/2%OMMT/C1 365.4 407.2
PBS/2%OMMT/C2 362.1 407.3



ability to enhance the thermal stability, the organic
surfactant on the organoclay could suffer from
decomposition following the Hoffmann elimination
reaction [49–50]. The alkylammonium cations pres-
ent on the OMMT surface is decomposed into an
olefin and an amine, leaves an acid proton on the
OMMT surface. This acid site is able to catalyze the
degradation of the polymers at elevated tempera-
tures, resulting in thermal instability of the material.
On the other hand, the incorporation of PBS-g-MA
into PBS does not show any significant change in
the Td5, but increased the Tdmax. The enhancement
in the thermal properties may due to the improved
interactions between PBS and PBS-g-MA [51]. For
the compatibilized nanocomposites, the improved
filler-matrix interaction in the nanocomposites does
not favor the thermal stability. This means that the
presence of alkylammonium groups on the OMMT
surface has catalyzed the degradation, leads to a
reduction in the thermal stability.

3.2.7. Fourier transform infrared (FTIR)
spectroscopy

It was discussed earlier that the polar MA groups
may interact with the amine groups on the OMMT
surface by forming hydrogen bonding on one side,
and with the carbonyl groups on the PBS chains on
the other side. This is further verified from the FTIR
spectroscopy as presented in Figure 11. The charac-
teristic peaks of PBS-g-MA at 1780 and 1849 cm–1

disappeared in the compatibilized PBS nanocom-
posites. The peak intensities of PBS nanocompos-
ites were weakened after compatibilization, typically
for the ester function groups in PBS (1144–
1264 cm–1 and 1710–1713 cm–1). Furthermore, the

transmittance band (721 cm–1) corresponding to the
amine functional groups of octadecylamine in
OMMT vanished after compatibilization. Hence, it
is quite reasonable to suppose that partial hydroly-
sis occurred in the anhydride functional groups
interacting with the alkylammonium and the
hydroxyl groups on OMMT surface, and with the
carbonyl groups in PBS by forming hydrogen
bonds [52].

4. Conclusions
This study successfully demonstrated the synthesis
of PBS-g-MA through reactive grafting process at
the diol unit of PBS, as confirmed by FTIR and
NMR spectroscopy. PBS-g-MA produced by using
higher initiator content exhibited higher degree of
grafting. Mechanical properties of PBS nanocom-
posites were improved after the incorporation of
PBS-g-MA as compatibilizer. The compatibilizer not
only enhanced the intercalation of polymer chains
between the silicate galleries, but also improved the
filler-matrix interaction. PBS-g-MA that prepared
at higher initiator content was able to provide a bet-
ter compatibilizing effect, caused by the higher
degree of grafting. Besides that, PBS-g-MA could
act as a nucleating agent to increase the degree of
crystallinity, which is partially responsible for the
improvements in mechanical properties. However,
the effect of PBS-g-MA on the thermal stability of
nanocomposites is negligible.
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1. Introduction
The creativity of nature is very amazing and inter-
esting. Creatures always have the simplest but most
optimized structures, e.g., reed, shell, bone and so
on, which display excellent comprehensive mechani-
cal performance, prominent adaptability and good
self-healing feature. Bionics is developing rapidly
as a new branch of material science, chemistry,
physics and biology [1].
Reed is a large perennial grass found in wetlands
throughout temperate and tropical regions of the
world. The stem of reed is lightweight, high-perfor-
mance structural material with exceptional strength
and toughness. These two properties tend to be
mutually exclusive, and attaining optimal mechani-
cal performance is invariably a compromise often
achieved through the empirical design of micro -
structures. Its highly sophisticated structures with

complex hierarchical morphology are shown in Fig-
ure 1. Figure 1a shows that the cross section of reed
stem is formed by vessels which carry nutrients and
water between leaves and root. Figure 1b shows that
the vertical section of the reed stem which is con-
sisted of a multi-layer structure. Figure 1c indicates
that these layers are formed by vessel cells, which
look like highly oriented fibers [2]. These multi-
layer cylindrical structures are so-called walled
cylindrical shell structures [3]. Slippage between
layers can absorb energy to avoid the stem break-
ing. The deformation of thin walled cylindrical
shell structure can be restricted to deformation [4].
Can polymer products be bioinspired designed to
improve their mechanical properties? The quest of
mimicking natural structures in the synthesis of
new structural materials has generated enormous
interest but has yielded few practical advances.
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It is well known that iPP parts prepared by injection
molding always present an evolution from skin to
core morphology [5, 6]. The skin [7] starts forming
during the filling phase due to the rapid cooling of
the hot and highly oriented melt against the cold
mold wall. Transition region [8] is formed by
deformed spherulites. Shear region has peculiar
microstructures induced by shear flow, normally
referred to as shish-kebab structures [9]. The core
[10, 11] shows essentially !-type spherulitic mor-
phology. The evolution is due to the gradient of
thermal and flow field. Bevis and coworkers [12, 13]
invented shear controlled orientation injection
molding (SCORIM) to provide strengthening shear
field. Su et al. [14] used SCORIM to produce the
so-call bioinspired bamboo-like structure with a typ-
ical hierarchic structure with high-proportion shish-
kebab structures in the skin and intermediate layers
and abundant beta-crystals in the core layer.
Another successful experiment was conducted by
Zhong and coworkers [15, 16], who obtained injec-
tion molded polymer parts with a high and homoge-
neous orientation distribution upon a combination of
in situ microfibrils and dynamic oscillation shear by
suppressing the skin-core structure of iPP parts. Our
previous work [17] also changes the morphology of
injection parts by periodical vibration injection
molding (PVIM).
These methods [12–17] are to strengthen shear field
to induce the transition from a relatively isotropic,
spherulitic morphology [18–20] to a highly ori-
ented, shish-kebab morphology [21]. Formation of
shish-kebab structure [22] can be described as fol-
lows: When polymer melts are sheared, molecules
can be oriented in the flow direction. Alignment of
chain segments of polymer molecules is a natural
consequence of shear. At given temperature and
external shear field, the degree of orientation and

the extent of alignment obviously depend on the
critical entanglement molecular weight, relaxation
time, helical chain conformation, etc. Hence, it is
possible that, under certain experimental condi-
tions, only partial chain strands are oriented in the
flow direction, while the other chain strands, espe-
cially those near the chain ends, remain unoriented
or randomly oriented with respect to the flow direc-
tion. When bundles of oriented chain segments
develop under shear, these bundles can initiate the
formation of primary nuclei. Then, crystallization
continues to produce the so-called ‘shish-kebab’
(cylindrite) morphology [23]. Zhang et al. [24]
found the shish-kebab structures which formed at
low shear rate and low temperature were different
from the classical shish-kebab structures which
formed at high shear rate and temperature. The
greatest difference was that low temperature and
shear rate can induce shish-kebab-like cylindrite
structures which can be observed by polarized light
microscope (PLM), while the high temperature and
shear rate induced nano-scale shish-kebab struc-
tures [25], which were usually characterized by scan-
ning electron microscope (SEM) and small angle X-
ray diffraction (SAXD). In our previous work [26],
a region full of shish-kebab (cylindrite) structures
induced by PVIM, which belong to shish-kebab-
like structures reported by Han and coworkers [23,
24], was also found between skin and core. These
shish-kebab structures were in close resemblance to
the polymorphic shish-kebab morphology in iPP
melts sheared with fibers [27–29], crystallization in
fibers/polymer composites [30, 31], or sample crys-
tallization by a razor blade shear in the melt [32].
However, in our experiment there were neither
fibers nor other nucleation species added.
Herein, the PVIM technique was exploited in the
creation of reed-stem-like multi-layer bionic sam-
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Figure 1. SEM figures of reeds stem and its multi-layer structure, (a) cross section of layer from reeds stem, (b) vertical sec-
tion of reeds stem, (c) surface of layer from reeds stem. (ref. [2], permitted by the Publishers)



ples. The goal was to realize the bioinspired design
to significantly improve the mechanical properties
of iPP samples. It was very interesting that we found
the multi-layer structure composed of evolution
from nano to shish-kebab-like cylindrite structure
induced by periodical shear. To the best of our
knowledge, this is the first report of shish-kebab
structures of different scales in the same sample.

2. Experimental section
2.1. Material
IPP (grade: F401) used in the experiment was a
commercial product from Lan Gang petroleum
chemical, China, and its MFI is 2.3 g/10 min. The
molecular weight of the iPP is 80~120 thousands.

2.2. Sample preparation
In the PVIM, there is a vibration system in addition
to injection system. The injection system provides
the basic pressure while the vibration system pro-
vides oscillatory pressure. During the packing
stage, a periodically changing pressure acts on the
melt in the runner and mold cavity until the injec-
tion gate is frozen. A schematic representation of
the melt vibration injection apparatus was shown in
Figure 2. The processing parameters were shown in
Table 1, which were set on the control panel. For the

purpose of comparison, conventional injection mold-
ing (CIM) was carried out under static packing
(without vibration) by using the same processing
parameters.
The samples have rectangular geometry with a
dimension of 50 mm"#"80 mm"#"2 mm. The molding
gate is fan-shape with an end dimension of 50 mm"#
5 mm. The thickness of gate is larger than that of
cavity, so as to achieve relatively homogeneous
flow. The pressure sensor was located in the central
part of sample cavity. To better investigate and ana-
lyze the morphology evolution, the sample was
divided into four zones along the flow direction.
Besides, one half-width of each specimen was sepa-
rated into five layers through the thickness direction
for 2D-WAXD study, as also shown in Figue 3. Each
layer is 0.2 mm thick. The preparation of specimen
for tests is exhibited in Figure 3. The specimens for
PLM observation were cut into slices with a thick-
ness of 10 microns by means of microtome at room
temperature. The microtome is MT-1 from Zhe-
Jiang Yidi Medical Apparatus and Instruments Co.
Ltd., China.

2.3. Character methods
2.3.1. Polarized-light microscopy (PLM)
The specimens for PLM are15 µm thick slices pre-
pared by microtome along MD and ND axis respec-
tively, as shown in Figure 3. Subsequently, micro-
graphs were taken using a DX-1 (Jiang Xi Phoenix
Optical Co. China.) microscope connected with a
Nikon 500D digital camera.

2.3.2. Scanning electron microscope (SEM)
For the SEM observation, the blocky specimen was
ground and polished to the same distance from the
sample surface as the slices prepared for PLM, then
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Figure 2. The schematic representation of pressure vibra-
tion injection molding and the cavity pressure
profile measured from a pressure sensor. 1 –$plas-
ticizing equipment, 2 –$barel, 2 –$vibrating and
injecting piston, 4 ; valves, 5 –$injection mold

Table 1. Processing parameters
Static injection

molding
Vibration injection

molding
Injection pressure [MPa] 35 35
Packing pressure [MPa] 35 35
Melt temperature [°C] 200 200
Mold temperature [°C] 40 40
Vibration pressure [MPa] 0 60
Frequency [Hz] 0 0.9

Figure 3. Specimen preparation for tests



etched for a certain time in an etchant consisting of
a 3% w/v solution of potassium permanganate dis-
solved in the sulphuric and dry ortho-phosphoric
acids mixed solution, and then washed with 30%
hydrogen peroxide and distilled water. The speci-
men was gold sputtered before observation.

2.3.3. Synchrotron two-dimensional wide-angle
X-ray diffraction (2D-WAXD). 

Specimens for 2D-WAXD were 1mm thick slices
cut from the injection sample, as shown in Figure 3. 
The synchrotron 2D-WAXD experiments were car-
ried out on the U7B beam line in the National Syn-
chrotron Radiation Laboratory (NSRL), Hefei,
China. The wavelength used was 0.1409 nm. The
two-dimensional diffraction patterns were recorded
every 180 s by a Mar CCD 165 X-ray detector sys-
tem in transmission mode at room temperature.
Azimuthally scans (0–360°) of 2D-WAXD were
made for the corresponding lattice planes of the !-
form polypropylene (!-PP). The orientation level of
various planes could be calculated by the orienta-
tion parameter f, which was calculated as shown by
Equtions (1) and (2):

                                              (1)

                     (2)

where ! is the angle between the normal of a given
crystal plane and the shear flow direction and I is

intensity. Additionally, the relative crystallinity of %
(K%) is calculated by Equation (3):

                                  (3)

where I% is the intensity of the (300) reflection of
the %-modification, and I!1, I!2, and I!3 are the
intensities for the (110), (040), and (130) planes of
the !-phase, respectively.

2.3.4. Dynamic mechanical properties
Dynamic mechanical analysis (DMA) was per-
formed using a TA DMA Q800 analyzer from TA
Instruments (USA). A three point bending clamping
geometry was used. DMA tests were carried out
from –100 to 150°C at a heating rate of 5°C/min at
1 Hz.

2.3.5. Tensile testing
Tensile testing was performed according to
GBT1040-2006 (National Standards of P.R.C) on
an A REGER-1030 testing machine (RTG-10) at
room temperature. The tensile rate is 5 0mm/min.

3. Results and discussion
3.1. Hierarchical structures of CIM samples

and PVIM samples by PLM
Longitudinal sections of PVIM and CIM samples
were examined using PLM. Herein, because the
sample has a symmetrical structure, only half of
which is shown. In Figure 4a, CIM sample can be
roughly divided into skin, shear region and core
region. However, because the skin and the shear
region are too thin to be distinguished, they are
marked together in Figure 4. That of PVIM samples
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Figure 4. PLM figures of (a) CIM sample and (b) PVIM sample



are more abundant, which can be divided into skin,
transition region, shear region and core region. Skin
may formed by oriented structures, which cannot be
clearly observed by the PLM, as reported by other
researchers [16, 17]. Transition region is formed by
transformed spherulites. Shear region consists of
shear-induced crystal structures. Core region is
composed of more perfect spherulites. What is
notable is that obvious multi-layer structure exists
in shear region, which is similar to multi-layer
structure shown in Figure 1b.
In the CIM sample, the core region is the thickest,
which is 972 µm. While, the thickness of the core
region of PVIM sample is only 206 µm. Instead,
shear region becomes the thickest in PVIM sample.

3.2. Microstructure of multi-layer
morphology by PLM and SEM

As mentioned above, the most obvious difference
between CIM sample and PVIM sample is a multi-
layer structure existing in the shear region of the
PVIM sample as shown in Figure 5. It indicates that
a so-called multi-layer morphology is formed by
two obviously different layers. In the layer close to
skin, there are overcrowding fiber-like [33] struc-
tures that have unclear boundaries. With the dis-
tance increasing from the skin, these fiber-like struc-
tures can be distinguished more easily. In vicinity of
core, unambiguous multi-layer structure is formed
by so-called shish-kebab structures.
To clarify the morphology of the two layers, their
scanning electron microscopy (SEM) micrographs
are presented in Figures 6 and 7. As shown in Fig-
ure 6, the layer close to skin is also mainly consti-
tuted of shish-kebab structures. However the size of
these shish-kebab structures is only a few nanome-

ters. Therefore, the layer can be named as nano-
scale shish-kebab layer.
The other layer contains much larger shish-kebab
structures, which can be observed by PLM, is also
shown by SEM in Figure 7. The layer can be named
as shish-kebab-like cylindrite layer. However, the
shish shown in Figure 5 is not observed, which was
etched. According to the SEM figures, the shish-
kebab-like cylindrite structure is schematically
drawn in Figure 8: in the center of the core a single
fiber-like shish exists, which is induced by shear;
Around the shish, the !-to-% growth transition or !
%-bifurcation took place during crystal growth,
which led to the formation of randomly dispersed %-
nuclei; as long as the kinetic requirement for a
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Figure 5. PLM graph of multi-layer structure of PVIM
sample

Figure 6. SEM figure of shish-kebab layer

Figure 7. SEM figure of shish-kebab-like cylindrite struc-
tures



higher growth rate of the %-phase (G%) than !-phase
(G!) was achieved, these %-nuclei can induce epi-
taxial growth of %-phase along the !-core [34].
The shish-kebab-like cylindrite structure with mixed
!- and %-modification is very fascinating. The struc-
ture is expected to be able to greatly improve the
mechanical performance of iPP sample. It is similar
to reed-stem vessel: these kebabs are formed by %-
crystal; the core is formed by rigid !-crystals. Dur-
ing yielding process, acting as thin walled cylindri-
cal shell structure in reed stem, the ductile %-crystal
can deform more easily than the !-crystal. And
transformation from %-form to !-form crystal can
also absorb energy in impacting process [35].

3.3. Orientation and crystallinity of samples
by 2D-WAXD

Figure 9 shows 2D WAXD patterns of CIM sample
and PVIM sample at different distances from the
skin. Except 1000 µm diffraction pattern, which
characterizes the structure of core, the other diffrac-
tion patterns of the PVIM sample exhibit more pro-
nounced arcing compared with those of the CIM
samples. It indicates a pronounced orientation of
iPP chains within lamellae in PVIM sample.
The (040) reflection, which can be detected in all
layers, is chosen to quantitatively evaluate the orien-
tation level of CIM and PVIM samples. The orienta-
tion parameters estimated are plotted in Figure 10.

Orientation degree of CIM sample gradually
decreases from skin (0.75) to core (0.15). However,
orientation distribution of PVIM sample is obvi-
ously different: from 200 to 600 µm in thickness
direction, the orientation degree increases gradually
to the highest value of 0.95. At 800 µm, it is still as
high as 0.9. In the core (1000 µm), it decreases to
0.3. It indicates that overall orientation of PVIM
sample is higher and more narrowly distributed than
CIM sample. Combined with PLM observation, an
obvious conclusion can be drawn that the hetero-
geneity of shin-core structure of the CIM samples is
suppressed to some degree in PVIM sample. In
PVIM process, the formation of multi-layer mor-
phology is a stepwise procedure. That is to say, after
the solidification of one layer, on the surface of
which the rest of melt is forced to flow in next oscil-
lation period.
From these 2D-WAXD patterns in Figure 9, the %
crystal content is calculated, which is induced by
shear flow. The evolution of % relative crystal con-
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Figure 8. Schematic diagram of the cylindrite structure

Figure 9. X-ray diffraction patterns of CIM and PVIM sam-
ples

Figure 10. The evolution of orientation parameter

Figure 11. The evolution of % relative crystal content



tent is shown in Figure 11. The % content in PVIM
sample is much more than that of CIM sample.
Generally, % crystals are formed in appropriate
fields, such as quenching the melt to a certain tem-
perature range [36], directional crystallization in a
thermal gradient field [37], shearing or elongation
of the melt during crystallization [38], or using %-
nucleating agents [39]. It should be noted that the %
crystal is also found in 800 and 1000 µm layers due
to optimization of shear flow by PVIM. Obviously,
it is attributed to more appropriate shear and ther-
mal field provided by PVIM than CIM.

3.4. Formation mechanism of reed-stem-like
bionic multi-layer structure 

The formation mechanism of multi-layer morphol-
ogy is schematically shown in Figure 12. Before
injection, iPP resin melt is in homogeneous state.
Molecular chains present random coil state, as show
in Figure 12(a). Under shear, molecular chain net-
work is oriented in flow direction. This phenome-
non is so-called coil-to-stretched chain transition,
as show in Figure 12(b). Then, Figure 12(c) presents
formation of shish from stretched chain network.
These shishes act as crystal nuclei. Polymer melt
crystallization is typically controlled by nucleation
[40]. Lamellae epitaxially grow along shish leading
to formation of plentiful shish-kebab structures, as
shown in Figure 12(d), 12(e). Finally, the multi-
layer morphology forms, as shown in Figure 12(f).
In this scenario, it’s worth noting that, both nano
and Shish-kebab-like cylindrite structures are formed
from oriented shear-induced nucleating sites. Why
the difference of dimension is so great? It is obvious
that there exist three different kinds of nuclei, which
can induce spherulites, shish-kebab-like and nano-
scale shish-kebab, respectively. The competition
between different crystal nuclei may be the reason
for the difference. It is a competition for absorbing
free crystalline lamellae. In shear field, the spherulite

growth is suppressed. Herein, we pay attention to
the shear-induced structures. Although both shish-
kebab-like and nano-scale shish-kebab are shear-
induced, their morphology is quite different. The
difference is due to the distinction of density of the
two layers. As shown in Figure 10, increased degree
of orientation of shish-kebab layer indicates that
more molecules of the layer are oriented.
As Hsiao et al. [25] proposed that kebab growth
rate is diffusion-controlled. Therefore, too high
density of oriented structures can hinder the mole-
cule chains to be absorbed onto shish. Therefore,
the cylindrite structures, which need about 10~20 µm
space to absorb the kebab, cannot be induced in
shish-kebab layer, where too little space is left to
absorb enough molecules.
According to the observed morphological features,
it may be taken for granted that there exists a pro-
cessing parameter window, which can balance the
competition of different kinds of nuclei, enables the
formation of reed-stem-like multi-layer structures.

3.5. Mechanical properties
The tensile strength of CIM sample is 31.9 MPa.
Tensile strength of PVIM sample reaches 46.7 MPa;
comparing to CIM sample, it increase by 46.4%. At
low temperature (from –100 to –10°C), as shown in
Figure 13, storage modulus of PVIM sample
increases by about 25%; the loss modulus of PVIM
increases by 100 MPa at low temperature. These
data indicate that mechanical properties of the
bioinspired sample can be improved greatly, espe-
cially high toughness of iPP parts is obtained at low
temperature.
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Figure 12. Schematic illustration of mechanism of the for-
mation of multi-layer morphology

Figure 13. Mechanical properties of CIM and PVIM sam-
ples, the storage modulus and the loss modulus
evolution by DMA



4. Conclusions
In this study, bioinspired samples with reed-stem-
like multi-layer structure were developed under
periodical shear via pressure vibration injection
molding (PVIM). Sample with this structure has
better mechanical properties than that of CIM sam-
ple. New viewpoint is put forward about transfor-
mation from traditional skin-core structure to highly
oriented and multi-layer morphology. Toughening
and strengthening of iPP samples are achieved. This
evolution from nano to shish-kebab-like shish kebab
structures is embodied in the multi-layer structure
due to gradient of shear and thermal fields. The
method is feasible in industry. The result leads to
new insights into the structure and formation of
polymer shish-kebabs under shear flow.
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1. Introduction
Micron-sized polymer particles have been widely
used in chemical analysis and biotechnology, such
as chromatographic supports, molecules carriers,
additives in coating and ink products, and so on [1–
3]. Recently increasing attention has been drawn to
the use of polymer particles in electronic packaging
technologies, for example Anisotropic Conductive
Adhesive (ACA) by metallizing polymer particles
[4, 5]. The use of metalized polymer particles with a
typical size in the range of 3~10 !m, as substitute
for compact metal particles, brings significant advan-
tages in terms of decreasing package size, reducing
environmental impact, increasing the interconnec-
tion compliance and hence improving the electrical

reliability. To obtain a low resistance connection,
large contact area between the particles and the con-
tact pads is preferred, and thus the particles are
exposed to a deformation exceeding 30% [6]. The
mechanical characterization of particles under such
a large deformation is necessary in order to ensure
the electrical performance.
Polystyrene-co-divinylbenzene (PS–DVB) parti-
cles, due to their good mechanical properties, sus-
ceptibility to chemical modification and adaptabil-
ity in a wide pH range, have been utilized in numer-
ous applications, including in electronic packaging
technology [7–10]. There are several methods avail-
able to synthesize crosslinked PS–DVB particles,
such as suspension polymerization, dispersion poly-
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merization, emulsion polymerization and seeded
polymerization. However, these methods more or
less have limitation on the preparation of PS–DVB
particles for ACA. For example, by using suspen-
sion polymerization the particle size distribution is
largely determined by stirring intensity, resulting in
a broad size distribution and large particle diameter
in the range of 20~1000 µm [11]. Dispersion poly-
merization is usually utilized to prepare particles
with a low crosslinking density less than 1 wt%;
otherwise it will lead to irregular shapes of particles
[12]. The drawback of emulsion polymerization is
that the technology for the required emulsion break-
ing is difficult to control [13]. Seeded polymeriza-
tion is a relatively promising method to produce
crosslinked particles but the enlargement of parti-
cles has been a hard work [14]. In contrast, the
reformed seeded polymerization, known as Ugel-
stad method, has been developed to prepare highly
monodisperse polymer particles which are well-
controlled with a wide range of particle size, chem-
ical composition and surface property [15,16]. In
this study the Ugelstad method has been used to
prepare monodisperse PS–DVB particles with same
size and different crosslinking density.
Most theoretical and experimental studies on the
mechanical properties of polymer materials have
focused on bulky samples under tensile or shear
test. The literature concerning mechanical proper-
ties of individual free-standing particles is rela-
tively sparse and the existing ones mainly deal with
particles larger than 100 !m [17]. Due to the small
volume, spherical geometry and large deformation
of polymer particles involved in ACA application,
the mechanical characterization of individual
micron-sized particles challenges the conventional
experimental techniques in aspect of testing scale
and resolution [18]. To cope with this, a nanoinden-
tation-based flat punch method has been developed
to successfully measure mechanical response of
individual particles under compression [19, 20]. The
deformation behaviour and failure properties of

individual metal coated and uncoated polymer par-
ticles have been systematically investigated [21–
23]. In a previous study, a striking size effect on the
stress–strain relationship of PS–DVB particles with
identical crosslinking density but different size has
been discovered, which indicates that the smaller the
diameter is, the harder the particle behaves [24].
In this work, we extend our research to another
horizon toward the effect of crosslinking density on
the mechanical properties of PS–DVB particles. The
particles with identical size but different crosslink-
ing density are measured by using the nanoindenta-
tion-based flat punch method. The nominal com-
pression stress–strain behaviors of individual parti-
cles are obtained, and the deformation process as
well as fracture properties of particles are analyzed
with respect to the crosslinking density. The results
facilitate the design of the crosslinked PS–DVB
particles with desired mechanical properties.

2. Experimental
2.1. PS–DVB particles
Five groups of PS"DVB particles were synthesized
by means of Ugelstad method, which was based on
seeded polymerization and emulsion polymeriza-
tion, involving a two-step activated swelling process,
as shown in Figure 1 [15, 16, 25]. The particle matri-
ces were poly(styrene-co-divinylbenzene). The
crosslinking density of particles was determined by
the amount of crosslinker " activated DVB during
the synthesis, covering the following percentages
2.0, 5.0, 21.3, 32.0 and 55.3% by weight. The size
of particles was controlled around 5 µm. The size
distribution within each batch, given by the coeffi-
cient of variance (C.V.) was less than 3%, where
C.V. was defined as the ratio of the standard devia-
tion to the mean diameter. All PS–DVB particles
were of amorphous type at room temperature. It
was found that the glass transition temperature Tg of
non-crosslinked linear polystyrene was about
100°C, and Tg increased while the thermal expan-
sion coefficient decreased with increasing crosslink-
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Figure 1. Preparation of highly monodisperse PS-DVB particles by using Ugelstad method, S: seed; D: divinylbenzene; St:
styrene; P: particle



ing density [26, 27]. This implied that all particles
remained amorphous during the measurement at
room temperature. According to the crosslinking
degree, particles could be divided into two groups
in which PSA and PSB were slightly crosslinked
and the rest three PSC, PSD and PSE were highly
crosslinked. The dispersion method developed in
the previous study was used to obtain individual
particles [24]. The particles and the corresponding
physical properties are given in Table 1.

2.2. Nanomechanical test
The mechanical testing of particles was performed
by using the nanoindentation-based flat punch tech-
nique (TriboIndenter® Hysitron) [19]. It could be
considered as an inverse nanoindentation schemati-
cally shown in Figure 2. Instead of an ordinary sharp
indenter with pyramidal or spherical geometry for
nanohardness measurement, a diamond flat punch
with a flat end of about 10 !m in diameter was
designed to compress individual particles. The stan-
dard load-control mode for common nanoindenta-
tion measurement was employed, in which the
applied load followed a predefined load function. A
three-step loading protocol was used, including lin-
ear loading with 2 mN/s loading rate, 2 s holding at
the peak load and linear unloading with –2 mN/s
loading rate. The applied force and the contact dis-
placement were monitored during test and the real-

time force–displacement relationship was obtained.
The compression test was repeated on different
individual particles from the same group to ensure
the repeatability of the results. Experience with
Ugelstad PS–DVB particles proved that particles
from the same manufacturing batch showed remark-
ably consistent behaviour [24]. This indicated a
homogeneous material from perspective of geome-
try and microstructure, even with highly repro-
ducible experimental setup.

2.3. SEM observation
The as-prepared particle morphology was charac-
terized by using scanning electron microscope
(SEM) (FEI Helios NanoLab DualBeam™). The
applied electron high tension (EHT) and the work-
ing distance (WD) were set to 5.0 kV and 4.0 mm,
respectively. The fracture pattern was examined by
a field emission SEM (Zeiss Ultra 55 LE FESEM®).
Prior to imaging, the compressed particles rested in
a clean environment for two weeks in order to com-
plete the recovery of potential residual deformation.
To minimize the damage from the electron beam
and charge dissipation, the EHT and WD were set
to relatively low values 0.5 kV and 2.0 mm.

3. Results and discussion
3.1. Particles morphology
The surface morphologies of five groups of PS–
DVB particles obtained by Ugelstad method are
shown in Figure 3. The monodisperse size distribu-
tion and the spherical shape of particles are dis-
played, which indicates the well-controlled process
of Ugelstad method. The particles with different
crosslinking density keep nearly identical size
about 5 !m in diameter. While the surfaces of the
slightly crosslinked particles are smoother than that
of the highly crosslinked ones. Tiny pores on the
surface of highly crosslinked particles exist and
aggravate with the increasing crosslinking density.
During the synthesis of particles, the polymeriza-
tion is a coupled process of chemical (reaction) con-
trol and diffusion control. Resulting from an inho-
mogeneous distribution of crosslinking monomer,
an inhomogeneous microstructure consisting of
granules can form [28]. The granules can be consid-
ered as the aggregates of typically tiny particles
with higher crosslinking density than the average.
These highly crosslinked aggregates act as inclu-
sions or second phase particles within polymer.
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Table 1. The properties of PS–DVB particles. The amount
of DVB presents the crosslinking density of parti-
cles

Particles DVB
[wt%]

Styrene
[wt%]

Diameter
[!m]

CV
[%]

PSA 2.0 98.0 5.1 0.8
PSB 5.0 95.0 5.2 1.4
PSC 21.3 78.7 5.3 2.8
PSD 32.0 68.0 5.2 1.6
PSE 55.3 44.7 5.2 1.6

Figure 2. Schematic of the nanoindentation-based flat punch
test



Although they are in an ultrafine scale, the presence
of such aggregates strongly affects the mechanical
properties of polymer matrix. It has been observed
that the more densely crosslinked polymer is more
heterogeneous and the crack in such polymer mate-
rials propagates in the regions with a relatively low
crosslinking density between highly crosslinked
clusters, which is consistent with our findings [28].

3.2. Compression behaviour
Systematic experiments show that the two slightly
crosslinked particles have nearly identical behav-
iour and three highly crosslinked ones follow the
same deformation pattern. The representative force–
displacement curves of the lowest crosslinked parti-
cle PSA and the highest crosslinked PSE are plotted
in Figure 4 and Figure 5, respectively. The com-
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Figure 3. SEM photograph of the PS–DVB particle. (a–e) present particle PSA, PSB, PSC, PSD and PSE, respectively.
Electron high tension (EHT) = 5.0 kV; working distance (WD) = 4.0 mm.



pression peak loads are 1.5 and 20 mN applied on
PSA, and 5 and 20 mN on PSE. In each figure two
or three force–displacement curves of virgin parti-
cles are presented. It can be observed that the load-
ing segments of the two groups of particles are
repeatable and consistent. This is in contrast to
bulky polymer materials in which the mechanical
properties, especially the fracture point, often show
a large scatter due to heterogeneous microstructure,
and microscopic defects including variation in local
crosslinking density and anisotropy, etc. [29]. The
particle deformation is defined as the ratio of the
contact displacement to the undeformed particle
diameter. Under the compression at small peak load
1.5 mN, particle PSA hardly recovers any deforma-
tion, while PSE compressed to 5 mN shows over
60% recovery of the deformation immediately after
unloading. When compressed to the peak load
20 mN, the particle PSA deforms continuously
although a significant displacement burst occurs on

the loading segment of PSE. The displacement
burst, also called ‘pop-in’, implies destructive failure
of the particles [20]. Whereas the displacement
increases a relatively large extent at the pop-in, the
contact force drops because infinitesimal counter-
force arises from the crushed particle. During unload-
ing both particles have negligible deformation recov-
ery. For the two slightly crosslinked particles we
found that even increasing the peak load to 30 mN
there is no displacement burst. Moreover, the three
highly crosslinked particles always show a large
deformation recovery when unloading starts prior
to the displacement burst.
The characteristic SEM images of particle PSA and
PSE corresponding to the force–displacement curves
in Figure 4 and Figure 5 are shown in Figure 6. All
images are taken from the top view, in the direction
of compression. While undeformed particle PSA
has a smooth surface morphology, PSE is relatively
rough. In Figure 6a, for particle PSA compressed at
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Figure 4. The representative force–displacement curves of slightly crosslinked particle PSA at different peak load
(a) 1.5 mN and (b) 20 mN

Figure 5. The representative force–displacement curves of highly crosslinked particle PSE at different peak load (a) 5 mN
and (b) 20 mN



1.5 mN peak load, a flattened surface area is observed
which corresponds to the expected contact area and
indicates the residual deformation. Isolated crazes
can be observed, as indicated by arrows in the cor-
responding micrograph. The craze formation is
originated from the tensile region of deformed
drum-like particles under compression. When the
peak load is up to 20 mN, the particle becomes oblate
with a large number of interacted crazes around the
edge. In Figure 6b, particle PSE shows a drastically
different behavior from particle PSA. In the case of
compression at the peak load of 5 mN, there is no
craze, even no evidence of the contact area observed.
The particle completely recovers the residual defor-
mation presented in Figure 5a and has identical size
with the undeformed one. Further compressing the
particle to 20 mN, fragmentation occurs.
The results of compression test and SEM observa-
tion suggest that the slightly crosslinked particles
behave plastically with the presence of local brittle
crazes and residual deformation after unloading;
while the highly crosslinked counterparts display

viscoelastic behaviour, which recover completely
within a certain time after unloading.

3.3. Deformation process and fracture
Both microstructure and geometry influence the
mechanical response of the particle. To eliminate
the effect of variation in particle size, the force–dis-
placement results are normalized to the stress–
strain relationship. Similar to the previous study,
the nominal compression stress–strain relationships
of the particles are adopted, as shown by Equa-
tions (1) and (2) [18]:

                                                           (1)

                                                              (2)

where !C is the nominal compression stress, "C is
the nominal compression strain, R is the initial
radius of the particle, P is the contact force, and D is
the particle displacement. The nominal compres-
sion stress–strain curves of the five groups of parti-
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Figure 6. The characteristic SEM images of particle morphology after compression, (a) PSA and (b) PSE. Electron high
tension (EHT) = 0.5 kV; working distance (WD) = 2.0 mm.



cles at different strain levels are plotted in Figure 7.
The focus of this study is on the loading behaviour
of particles, thus the holding and unloading seg-
ments on the stress–strain curves are disregarded.
During the large deformation of particles under
compression, the contact between the particle and
punch/substrate changed from point to a finite area
continuously and the spherical geometry induce
highly nonlinear stress–strain behaviour.
At small strain level below 10%, as shown in Fig-
ure 7a, the stress–strain behaviour of particles
appears independent on the crosslinking density,
indicating that the reduced E-modulus at small
strains are similar for different crosslinked parti-
cles. The macroscopic elastic deformation is mainly
determined by the elastic properties of the polymer
chain [30]; accordingly the effect of different
crosslinking density is suppressed. However, as the
strain increases over the level of 10%, the effect of
crosslinking becomes pronounced. The higher

crosslinking density induces stiffer behaviour, as
shown in Figure 7b. At this stage, a significant
rearrangement of the polymer chains for the slightly
crosslinked particles is expected, whereas the struc-
ture is much more locked for the highly crosslinked
ones. The major difference occurs at high strains
where the two slightly crosslinked particles PSA
and PSB can deform up to 80% without stress drop,
while the highly crosslinked PSC, PSD and PSE
show a complete fragmentation of the particles.
The compression stress of PS–DVB particles at dif-
ferent strain levels are summarized in Figure 8
where the distinct effect of crosslinking density is
illustrated. At the strain level less than 10%, the
effect of crosslinking density is relatively mild, as
shown in Figure 8a, for example the five groups of
particles have nearly identical compression stress
when the stain level is 2%. As increasing the strain
level above 10%, the effect of the crosslinking den-
sity becomes more and more evident. To deform the
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Figure 7. Compression stress–strain curves of five PS–DVB particles (a) at small strain level and (b) at large strain level

Figure 8. The crosslinking density effect on the compression stress of five PS–DVB particles (a) at small strain scale and
(b) at large strain scale. The lines are guides for the eye.



five groups of particles to a relatively large strain
level, the compression stress dramatically raise
with the crosslinking density.
The deformation behaviour in polymer materials is
often classified in three modes: plastic behaviour,
rubber-like behaviour and brittle fracture behaviour
[31]. Non-crosslinked linear polystyrene is found to
exhibit brittle crazing in tension, while plastic behav-
iour in compression through shear banding or shear
yielding [32]. Crazing is a localized yielding behav-
iour and characterized as whitening of the polymer
in the region of maximum deformation through for-
mation of micro-cracks, which are bridged by poly-
mer fibrils. Shear banding, which is highly depend-
ent on temperature and strain rate, is featured by
planes of slip at 45° to the direction of stress and
involves the local orientation of the polymer. For
bulky crosslinked polymers, it is known that the
mechanical properties are sensitive to the crosslink-
ing density [33]. Crosslinking increases the tight-
ness of the polymer network and limits the molecu-
lar mobility of chains between the junctions. The
randomly crosslinked network of polymers under-
goes a transition from a fluid to an amorphous solid
state behaviour as the crosslinking increases [34].
The characteristic length between crosslinking
decreases with the increasing crosslinking density.
This means that the available degrees of freedom in
rearranging the molecular chain decreases with an
increasing degree of crosslinking.
However, in the present work, the spherical geome-
try increases the complexities of the stress and
strain distribution in the particle. The compression
on the particles induces a drum-like pattern consist-
ing of both compressive and tensile components.
The maximum tensile stress induced by the com-
pression is located in the circumferential direction
Thus a number of crazes at the toroid surface and
residual deformation are observed on the slightly
crosslinked particles with plastic behaviour, whose
deformation is comparable with the linear poly-
styrene. There is no definite yielding point on the
stress"strain curves but a long plateau implying the
plastic flow following by strain hardening, as shown
in Figure 7b. With increasing crosslinking density,
the crosslinking restricts the deformability and three
highly crosslinked particles show viscoelastic behav-
iour. The SEM observation confirms full recovery
of particles or fragmentation at high peak load with-

out craze formation although there are compressive
and tensile region during compression.
When increasing the crosslinking density from 5.0
to 21.3 wt%, the particle deformation changes from
plastic deformation to viscoelastic behaviour. Due
to the lack of PS–DVB particles located in the
region between 5.0 and 21.3 wt% of crosslinking
density, the more detailed information of the shift of
fracture pattern is not available. According to the
nature of polymer materials, this change is influ-
enced by strain rate and temperature. It is difficult
to define an exact shift point of a critical crosslink-
ing density.
It is worth noting that the deformation and fracture
pattern of particles observed in this study is simply
valid for the PS"DVB particles within the sampling
crosslinking density. As mentioned above, the
crosslinking density is determined by the amount of
DVB containing two vinyl groups during particle
preparation. When adding more DVB, it might be
supersaturated and not fully reacted with styrene
monomer. It will result in a lower effective crosslink-
ing density than calculated from the amount of
DVB.

4. Conclusions
By using a nanoindentation-based flat punch method,
the effect of the crosslinking density on the mechani-
cal properties of monodisperse PS–DVB particles
has been systematically investigated. The monodis-
perse PS-DVB particles are prepared by the well-
known Ugelstad activated swelling method. The
amount of crosslinking agent in the particles varies
from 2.0 to 55.3% by weight and the diameter of
particles is kept around 5 !m. The deformation
mechanism of slightly crosslinked particles has
been clarified to be plastic behaviour while highly
crosslinking ones are viscoelastic. At the strain
level below 10%, particle deformation appears to
be nearly independent of the crosslinking density.
This is associated with the elasticity of styrene seg-
ments between neighboring crosslinking points.
With the increase of strain, the crosslinking density
effect becomes pronounced. The major difference
occurs on the fracture behaviour. The slightly
crosslinked particles show densely crazes and the
failure of the highly crosslinked ones is presented
by the direct evidence of fragmentation. The mech-
anism behind the observation is that the high
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crosslinking restricts the deformability of particles
and also causes a heterogeneous microstructure.
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1. Introduction
Polymer composites with conducting particles such
as metals and carbon blacks (CBs) find useful indus-
trial applications in the fields of switching elements,
sensors, actuators and electromagnetic shielding
[1–4]. For these composites, the electrical conduc-
tivity (!) increases slowly with increasing filler
concentration (p), but then rises significantly when
their filler content reaches a critical concentration,
generally known as the percolation threshold (pc).
From the percolation theory, the relation between !
and pc is given by Equation (1) [5–7]:

                                                 (1)

where !0 is the conductivity scale factor related to
the intrinsic conductivity of the filler and t the criti-
cal exponent depending on the dimensionality of
the system, i.e. 1.6–2.0 for three dimensional, and
1.0–1.3 for two dimensional systems [7].
Percolative polymer composites usually display
nonlinear electrical conduction behavior [8–12].

The application of electrical field in the composites
can also lead to a nonlinear response. This is because
the resistance of the composites changes from lin-
ear to nonlinear as the applied filed increases. When
the field exceeds relatively large values, local joule
heating of the elements occurs, causing irreversible
damage in the structure of materials [13]. This is
commonly referred to as the electrical failure or
dielectric breakdown of the system. The irreversibil-
ity can be prevented if the current through the mate-
rial is well-controlled. Alternatively, materials with
nanoscale dimensions are reported to be effective
for providing local heat sinks and preventing irre-
versible changes in the materials [14]. Therefore,
dielectric breakdown of the polymer composites
with conductive and nonconductive nanofillers has
received considerable attention recently [14–17].
Very recently, Song et al. [16] reported factors influ-
encing the breakdown strength of the ceramic oxide
particle/polymer nanocomposites.
Nonlinear electrical transport can also occur in the
composite materials by applying relatively small

s 5 s01p 2 pc 2 ts 5 s01p 2 pc 2 t
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electric field. The reversible nonlinear response is
more complicated in the presence of tunneling con-
duction. The physical mechanisms responsible for
such nonlinearity remain unclear. Sen et al. [18, 19]
reviewed and analyzed nonlinear and dielectric
breakdown of disordered composite materials sys-
tematically. Particular attention was paid to the
reversible breakdown of the materials. In a previous
study, we explored the effect of Zener tunneling in
various carbon/polymer composites [20]. In this
work, we attempt to establish a relationship for non-
linear electrical transport in the graphite/epoxy
composites. We show that the reversible nonlinear
behavior of the composite derives from local dielec-
tric breakdown, or Zener tunneling.

2. Experimental
Graphite powder flakes of irregular shapes with an
average size of ~20 !m (Product No. 332461,
Sigma-Aldrich) and epoxy resin (86.4% bisphenol
and 13.6% N-butly glycidyl ether; Cat. No. Ultra-
3000R-128, Pace Technologies, Inc.) were used as
conducting fillers and insulating matrix respec-
tively. In a typical fabrication process, the epoxy was
dissolved in acetone, followed by adding graphite
powders. The suspension was sonicated for 2 h to
ensure homogeneous dispersion of the graphite pow-
ders. Then the solution was kept at 50°C for 12 h
for fully removal of acetone. This was followed by
adding the hardener (100% diethylenetriamine; Cat.
No. Ultra-3000H-32, Pace Technologies, Inc.) to the
graphite/epoxy mixture at a ratio of 1:10 by weight.
The mixed liquid was stirred for 10 min in order to
ensure homogeneous filler dispersion and to achieve
good epoxy/hardener blending. Then the mixture
was left in vacuum at room temperature for 24 h.
This led to full curing and crosslinking of the epoxy,
yielding better dispersion of the fillers in the epoxy
resin [21]. After curing, disk-like samples with a
diameter of 10 mm and a thickness of about 1 mm
were obtained. They were treated with silver paste
to form the electrodes for the electrical measure-
ments. A Hewlett Packard 4140B pA meter/DC
voltage source with pulse testing voltage was used
to measure the electrical responses. It required
about 2–3 seconds for achieving the equilibrium
DC conductivity. The voltage used to determine the
DC conductivity was 500 mV. Ten samples were
measured for each composite, and the obtained val-
ues were averaged. The scatter bars in the plot indi-

cate the fluctuation of the conductivity. The disper-
sion of the graphite powders was examined using
an optical microscope (OM, Olympus BH-2) in a
transmission mode. The morphology of the com-
posites was examined in a JSM 820 scanning elec-
tron microscope (SEM). The specimens for the
microscopic observations were cut to about 20 µm
using a Reichert Ultra Cut S cutter.

3. Results and discussion
Figure 1 shows the optical micrographs of the fabri-
cated graphite/epoxy composites. Figure 2 shows
the SEM micrographs of several composite samples.
The graphite powders are dispersed uniformly in the
polymer matrix when the filler content "8 vol%. At
a higher filler loading (9.3 vol%), the graphite pow-
ders tend to aggregate somewhat in the polymer
matrix (see Figure 1f).
Figure 3 shows the plot of static conductivity !(p)
against filler content for the samples studied. The
conductivity follows the percolation theory as
expected. By fitting the data to Equation (1), the per-
colation threshold pc and the critical exponent t are
determined to be 4.8±0.6 and 2.3±0.4, respectively.
When the graphite content reaches near 4.8#vol%,
an infinite conducting network spanning the whole
system begins to form. And the static conductivity
at this content is expected to show a sharp increase.
As mentioned above, t takes the value of 1.6–2.0 for
three dimensional, and 1.0–1.3 for two dimensional
system. However, it may become non-universal due
to a large variation in the distribution of distances
among conductive fillers within the polymer matrix
[22]. Large t values have also been reported in other
polymer composite systems [23–25].
The current density (J) as a function of electric field
(E) for these samples is shown in Figures 4a–4f,
respectively. These experimental data is highly repro-
ducible and completely reversible, indicating no
damage to the material by the electric field. How-
ever, the electrical conductivity of all samples rises
with increasing field strength. This reversible con-
ductivity is considered to be of particular interest. It
may arise from two ways: in one case, the conduct-
ing elements are nonohmic while in another, the
conducting elements are ohmic but their macro-
scopic conductivity becomes nonohmic due to the
creation of additional channels for conduction [26].
Herein, we use a two dimensional random-bond
model (Figure 5) to illustrate the conduction paths
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involved in the graphite/epoxy composites. Because
of the presence of the conducting clusters in the
insulating matrix, local discontinuities in the field
strength can be expected. For narrow insulating
gaps between these clusters (!), the field strength
is magnified by a factor " given by the ratio of the
average size of the conducting clusters to the aver-
age gap width [27]. At the tips of these clusters, this

magnified field concentrates locally to a large
extent. Likewise, high electric field may also estab-
lish between different parts of the backbone ("), or
between the backbone and the clusters (#). There-
fore, it is proposed that micro dielectric breakdown
would occur at these insulating layers. The conduc-
tion paths induced by dielectric breakdown would
lead to an additional conducting network, i.e. a
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Figure 1. Transmission optical micrographs of graphite/epoxy composites with (a) 6 vol%, (b) 6.4 vol%, (c) 6.8#vol%,
(d) 7.4#vol%, (e) 8 vol% and (f) 9.3#vol% filler content



breakdown network, which is responsible for the
macroscopic dielectric breakdown. This network
can lead to a nonlinear increase in the conductivity
of the system.
The specific dielectric breakdown mechanism can
be categorized into two types. The most common is
avalanche breakdown, which takes place in extreme

conditions under the application of very large elec-
tric field. The avalanche breakdown is caused by an
impact ionization that produces a large amount of
charge carriers. This is often associated with a large
current increment. To gain enough energy for ioniz-
ing the atoms, the electrons must move under a very
strong electric field over a long distance. Avalanche
breakdown usually refers to the permanent damage
in insulators caused by a large electric field. Thus
even the field strength decreases, the current still
remains at a high level. In other words, the J–E curve
is irreversible. In the present study, it is observed
that the current density rises moderately with increas-
ing field strength, and all the J–E curves are
reversible (Figure 4). This excludes the possibility
of avalanche breakdown. The second is the Zener
breakdown, which involves the transitions of charge
carriers between the valence and conduction band
induced by appreciable electric fields [28]. It is also
widely referred to as the interband tunneling, and
commonly observed in semiconductor crystals [29],
such as heavily doped p–n junctions [30]. As recog-
nized, conventional tunneling involves the transi-
tion of charge carriers over an energy barrier. The
Fowler-Nordheim tunneling is associated with the
pulling of electrons from a conductor to vacuum by
an intense electric field. Zener tunneling involves the
pulling of electrons from the valence band to the
conduction band of an insulator, thus rendering it
conductive by producing movable charge carriers.
It can be regarded as a special form of Fowler-Nord-
heim tunneling.
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Figure 2. SEM images of graphite/epoxy composites with
(a) 6#vol%, (b) 8 vol% and (c) 9.3#vol% filler
content

Figure 3. Static conductivity of the graphite/epoxy com-
posites of various filler contents. The red solid
lines are nonlinear fits to Equation (1). Ten sam-
ples were tested for each composite



Actually, the working principle of certain electronic
devices is based on this mechanism [31, 32]. Since
Zener breakdown is caused by the band-to-band
tunneling, thus it would not disrupt the structure of
material, i.e. the J–E characteristic is reversible.
The current density caused by the Zener breakdown
is given by Equation (2) [28]:

                                  (2)

where A, B, and n are constants; the value of n lies
usually between 1 and 3, depending on various cor-
rections or approximations included in the approach.
A is related to the transition frequency, i.e. the num-
ber of attempts per second made by the charge car-
riers to cross the barrier. B is a measure of the
energy barrier between the insulating matrix and
the filler material. Thus the factor exp(–B/E) repre-
sents the transition probability of charge carriers

between the conductive fillers and the matrix mate-
rial. Although the reversible dielectric breakdown
of the composites is caused by Zener tunneling as
shown in Figure 4, the composite samples do not
behave fully like a real Zener diode. 
By separating linear J$(!(p)E) from the overall non-
linear current density, the remnant J$ (J%J&) is
obtained, as illustrated in Figure 6a. Figure 6b
shows the ln (J$/En) vs. 1/E plot for all composite
samples. The apparent linear relationship provides
strong support for the occurrence of Zener break-
down. To the best of our knowledge, no other phys-
ical models can fit the experimental results well.
The fitting parameters were extracted and summa-
rized in Table 1. The normalized J#E relationship is
shown in Figure 6c. Similar to the case of alternat-
ing current conductivity of the conductor/insulator
system, the data points for different composite sam-
ples fall into one curve. Accordingly, Zener effect

J1E 2 5 AEn exp a 2 B
E
bJ1E 2 5 AEn exp a 2 B

E
b
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Figure 4. J–E characteristics of graphite/epoxy composites with various filler contents (a–f). The black open circles are
experimental data; red open circles are linear current density J& deduced from !(p)E.



reflects intrinsic properties of a certain conductor/
insulator system.
For the composites with higher graphite concentra-
tion, a larger number of charge carriers are avail-
able, causing an increase of the transition frequency
of charge carriers. This is manifested by larger A val-
ues. Therefore, A is not only related to the filler con-
centration but also to the filler dispersion. In addi-
tion, the internal insulating gaps tend to become
smaller with increasing graphite concentration (see
Figure 1), assuming that the graphite powders are
dispersed uniformly in the polymer matrix. This
leads to smaller B values with increasing filler con-
tent up to 8#vol%, favoring the occurrence of Zener
breakdown. However, the B value rises sharply at
9.3#vol% graphite content. This is because the vis-
cosity of liquid mixture during the composite pro-
cessing is very large. In this case, pure stirring can-
not effectively disperse graphite fillers homoge-

neously in the matrix material. This results in the
formation of aggregates (see Figure 1f), thereby pro-
ducing higher energy barrier for the charge carriers
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Figure 5. Two dimensional random-bond model of graphite/
epoxy system above the percolation threshold. !,
", # and # correspond to the occurrence of
dielectric breakdown between conducting clus-
ters, between different parts of the conducting
backbone, and between the clusters and the back-
bone, respectively.

Figure 6. (a) Plot of J$ vs. E for graphite/epoxy composite
samples with various filler contents. (b) Relation-
ship between ln (J$/En) and 1/E, where the linear
fitting results are shown in red solid lines. n is
evaluated from the data in (a). (c) Normalized
relationship of J$ vs. E. J$0 and E0 are the maxi-
mum testing field strength and corresponding
Zener current density as shown in (a).

Table 1. Parameters characterizing Zener current for the
graphite/epoxy composites

p n lnA B [V/cm]
6.0#vol% 1.75±0.02 –12.74±0.32 28.69±4.21
6.4#vol% 1.86±0.03 –12.34±0.30 17.23±3.15
6.8#vol% 1.85±0.03 –12.03±0.27 5.52±1.32
7.4#vol% 1.82±0.03 –11.86±0.26 4.08±1.02
8.0#vol% 1.84±0.03 –10.93±0.21 2.64±0.34
9.3#vol% 1.73±0.02 –9.43±0.15 8.89±1.73



to tunnel through. The aggregation also influences
the static conductivity of the composites. However,
the graphite/epoxy composites still exhibit percola-
tive behavior as shown in Figure 3. Overall, Zener
current tends to increase with filler content due to
the presence of large amount of internal charge car-
riers.
As Zener breakdown relates to the band-to-band
tunneling of charge carriers (from valence band to
conduction band for electrons and vise versa for
holes), the band gap and band tilt due to the external
field are two main factors governing the generation
of charge carriers, as illustrated in Figure 7. Obvi-
ously, a narrower band gap shortens the tunneling
distance, facilitating interband tunneling. Similarly,
a large electric field decreases the tunneling dis-
tance by tilting the band seriously. For the polymer
composites, the width of the forbidden band is influ-
enced by the nature of polymer matrix, while the
internal field strength is determined by the disper-
sion of the conducting fillers. In order to suppress the
Zener effect, the polymer matrix with a wide for-
bidden band is preferred (Figure 7b). Also, a poor
dispersion of conductive fillers within the insulat-
ing matrix can also achieve the same results.

4. Conclusions
In summary, nonlinear electrical transport is observed
in the graphite/epoxy composites. The electrical
nonlinearity is attributed to reversible dielectric
breakdown inside the system. Such reversible
breakdown is caused by the Zener effect, resulting
from a magnified internal electric field imposed to
thin insulating polymer layers. The experimental
results provide strong support for the occurrence of
Zener breakdown. The characteristics of Zener
breakdown reveal certain important aspects relating
to the electrical conduction within the composite
system, such as the properties of the fillers, the dis-
persion of the fillers, and the nature of the polymer
matrix.
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1. Introduction
Fiber reinforced thermoplastic composite laminates
are in high demand in advanced aerospace struc-
tures owing to their light weight, high stiffness,
high strength, good toughness, long durability,
superior impact resistance and favorable damage-
tolerance properties. Yet, despite many advantages
compared to their metal counterparts, these lami-
nates are not exempt from deterioration and dam-
age, especially in the presence of a stress concentra-
tion. Of particular interest here is to study a com-
mon type of thermoplastic composite known as
AS4/PEEK laminate composed of poly-ether-ether-
ketone (PEEK) reinforced by AS4 carbon fiber. We
seek to predict the strength of this type of laminate
in the presence of stress concentration in the form
of a hole or a notch in pinned- and bolt-joints. This
information is useful at the design stage.

It is appropriate to begin with a brief survey of the
open literature since numerous investigations dedi-
cated to the prediction of progressive damage and
strength of the laminates with stress concentrations
already exist. For example, Chang et al. [1] studied
the progressive damage for T300/976 graphite epoxy
containing a hole under tensile loading using the
modified Hashin [2] failure criteria. Their approach
was to reduce the material properties to zero when
failure criteria is satisfied by implementing the so-
called ‘sudden degradation rule’. Lessard and
Shokrieh [3] modified Hashin failure criteria by
taking into account the non-linear characteristic of
material as well as implementing the sudden mate-
rial degradation rule. Dano et al. [4] investigated the
bearing strength of glass/epoxy pinned-joint lami-
nates using the commercial software ABAQUS™.
Later, Icten and Karakuzu [5] investigated different
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failure modes and bearing strength in woven car-
bon/epoxy laminates using the failure criteria pro-
posed by Hoffman [6] and Hashin [2] both numeri-
cally and experimentally. Maa and Cheng [7] devel-
oped a failure model using the continuum damage
mechanics (CDM)-based failure model using elas-
tic-plastic constitutive equations implemented in
ABAQUS. Also reported was their experimental
data for AS4/PEEK laminates containing a circular
hole.  In a similar way, Ding et al. [8] carried out a
three-dimensional finite element analysis of an
open-hole thermoplastic AS4/PEEK laminate to
interpret the results of their experimental observa-
tions.
To consider delamination and inter-laminar damage,
Lapczyk and Hurtado [9] developed an anisotropic
damage model for predicting failure and post-fail-
ure behavior in fiber reinforced materials based on
the concept of fracture energy dissipation. They
addressed the convergence of the numerical model
in the softening regime by introducing a viscous
regularization factor in the computations. Recently,
Falzon and Apruzzese [10] carried out a three-
dimensional CDM-based model in ABAQUS/
Explicit to simulate the intra-laminar degradation of
fiber-reinforced laminates based on ply failure
mechanisms. Their focus was on the non-linear
response of the shear failure mode and the interac-
tion with other failure modes.
Recent literature in mechanic-based understanding
and modeling of progressive damage analysis and
prediction of strength of composite laminates spe-
cially notched laminates in composite research
community contains many noteworthy studies such
as the works reported by  Camanho et al. [11], Abis-
set et al. [12], van der Meer et al. [13] and Fang et
al. [14], Daghia and Ladeveze [15]. Among them,
Camanho et al. [11] examined a continuum damage
model to predict the strength and size effects of
notched carbon–epoxy laminates. They experimen-
tally and analytically studied the effects of size and
the development of a fracture process zone before
final failure. Abisset et al. [12] investigated pro-
gressive degradation in an open-hole IM7/8552 car-
bon/epoxy laminate using a damage mesomodel
developed based on a micromechanical approach.
They compared experimental and numerical results
considering the ply’s thickness and the in-plane
scaling effect to capture the change in failure mode

and the effect of the specimen’s scale on tensile
strength. Van der Meer et al. [13] simulated pro-
gressive failure, matrix cracking, interface elements
for delamination, and a continuum damage model
for fiber failure using phantom-node computational
method. They validated their computational frame-
work against experimental observations for open-
hole tests and compact tension tests. Fang et al. [14]
presented a new augmented finite element method
(A-FEM) which can account for arbitrary crack
path, and different intra-element discontinuities.
They showed that within their new formulation one
is able to derive an explicit and fully condensed ele-
mental equilibrium equations using augmented ele-
ments without additional external nodes or degree
of freedom.
A survey of the published works clearly reveals that
while substantial progress has been made especially
in computational simulation of composites failure,
predicting their progressive failure and arbitrary
crack path considering randomness in material
properties distribution remain a challenging task
due to the complexity of the interactions among
multiple damage processes. While some computa-
tional methods, i.e. phantom-node method [16],
extended-finite element method (X-FEM) [17] and
augmented-finite element method (A-FEM) [18,
19] to simulate progressive arbitrary failure in com-
posite materials can yield more accurate results
than numerical methods considering reducing the
material properties to zero at the time of failure and
turning the element’s load carrying capacity off, the
objective of the present work is to investigate the
progressive degradation, delamination behavior, and
strength of an open-hole AS4/PEEK laminate with
the stochastic distribution of material properties
using a three-dimensional numerical simulation.
The cohesive elements technique proposed by
Camanho and Dávila [20] are considered between
two adjacent layers to model the failure due to
delamination. The progressive intra-laminar dam-
age model based on the sudden degradation rule is
compared to the other approaches with strain-based
continuum damage formulation proposed by Linde
et al. [21]. The procedure of the progressive inter-
and intra-laminar damage evolution is implemented
in commercial software ABAQUS™ [22] using
programming in UMAT (user-defined material) sub-
routine.
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2. Progressive damage models
In order to establish a progressive damage analysis,
a set of failure criteria and material property degra-
dation rules are required. The failure criteria must
properly take into account the damage mechanisms
such as fiber breakage, matrix cracking, fiber/matrix
shearing and delamination. In the following sections,
different failure methods used in the current work
are explained in details. Two methods (Method I and
Method II) are according to the strain and stress-
based continuum damage mechanics formulation.
These methods consider the gradual material prop-
erty degradation controlled by the individual frac-
ture energies in both the fiber and the matrix. The
onset of damage initiation in Method II is based on
the Hashin failure criteria while the one in Method I
is based on an exponential damage initiation law (a
strain-based evolution approach) developed by
Linde et al. [21]. However, the damage evolution in
Method II is stress-based and incorporates a modi-
fication of Method I proposed by the authors of the
present work. The third method (Method III) is based
on Hashin failure criteria [2] and takes into account
the effect of sudden material degradation rule.
Inter-laminar damage or delamination in Methods I
and II are according to cohesive zone technique
while Method III uses the Hashin failure criteria.
The details of these methods are described in the
following sections.

2.1. Method I
2.1.1. Intra-laminar damage model
The failure criteria of Method I is a strain-based
continuum damage formulation with different fail-
ure criteria for matrix and fiber [21]. It takes into
account the gradual degradation of the material
controlled by the individual fracture energies of
matrix and fiber. Matrix failure initiates if the fail-
ure index, MF, defined below in Equation (1),
exceeds the transverse tensile failure strain, !T

t. :

                                                                             (1)
where !T

c. and !s represent the transverse compres-
sive failure strain and the shear failure strain,
respectively. !22 and !12 are the strain components
perpendicular to fiber direction and shear direction,
respectively. The matrix failure strains can be

obtained from the following expressions shown as
Equation (2):

;! ;!                       (2)

where E22 and E12 are the undamaged laminate’s
transverse and shear stiffness, respectively. Yt and Yc
represent transverse tensile and compressive failure
strength, respectively. The shear failure strength is
S12.
Damage evolution variable, dm, is a function of the
strain at failure, undamaged material stiffness, and
the current value of the failure initiation variable.
Also considered in the damage variable calculations
are the fiber and matrix fracture energies (Gf and Gm)
and the element characteristic length (Lc) to reduce
the mesh sensitivity of the numerical model. The
matrix damage, dm, takes place in the direction per-
pendicular to the fibers, and the fiber damage, df,
occurs in the direction parallel to the fibers. The
matrix damage evolution parameter, dm, is calcu-
lated by Equation (3) [21]:

                         (3)

where C22 is the stiffness matrix component in the
direction perpendicular to that of the fibers.
The fiber failure, FF, initiates if the following crite-
rion defined by Equation (4) [21]:

                (4)

where !L
c. and !L

c. are longitudinal tensile and com-
pressive failure strain, respectively and !11 is the
longitudinal strain component.
The fiber failure strains can be obtained from Equa-
tion (5):

,!                                          (5)

where E11 is the initial laminate’s longitudinal stiff-
ness. Xt and Xc represent longitudinal tensile and
compressive failure strength, respectively.
Once Equation (4) is satisfied, the fiber damage
parameter df evolves as shown in Equation (6) [21]:

                      (6)

where C11 is the component of stiffness matrix.
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Once damage initiates in the laminate, the lami-
nates’ stiffness degrades. Considering fiber and
matrix damage evolution and transverse isotropy,

the laminate’s stiffness matrix is written as shown
by Equation (7) [21]:
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           (7)Cd5 c 112df 2C11 112df 2 112dm 2C12 112df 2C13 0 0 0
112dm 2C22 112df 2 112dm 2C23 0 0 0

C33 0 0 0
112dm 2 112dm 2C44 0 0

C55 0
symmetry C66

¥Cd5 c 112df 2C11 112df 2 112dm 2C12 112df 2C13 0 0 0
112dm 2C22 112df 2 112dm 2C23 0 0 0

C33 0 0 0
112dm 2 112dm 2C44 0 0

C55 0
symmetry C66

¥

where

; ; C33 = C22;

; ;

; C44 = E23; C55 = E13; 

C66 = E12;!

where "ij (i, j = 1, 2, 3) is the Poisson ratio.
The damage growth reduces the stiffness and conse-
quently the stress tends to redistribute in each ele-
ment of the material.

2.1.2. Inter-laminar damage (delamination)
model

Inter-laminar damage is simulated by placing cohe-
sive elements between two adjacent layers. The
constitutive response of the cohesive elements is
described by a linear traction-separation law as pre-
sented in Figure 1. Figure 1 shows the schematic of
material response in normal, shear and mixed mode
loading. The triangles in the two vertical coordinate
planes ((#, $I) and (#, $Shear) planes) represent the
response under pure normal and pure shear defor-
mation, respectively. The intermediate vertical plane
((#, $m) plane) represents the damage response under
mixed mode condition. This figure shows that the
material response is linear until it reaches a peak
value of stress after which it softens linearly in the
post-peak region. The initiation under different
modes of pure normal ($0

I), pure shear ($0
Shear) and

mixed mode loading ($0
m) occurs when the inter-

laminar stress reaches the inter-laminar pure normal

strength (#I), pure shear strength (#Shear), or mixed
mode strength (#m) depending on the mode of the
loading. The growth regime represents the softening
and separation behavior of the degraded material’s
element. The material’s element is completely delam-
inated once the area under traction-displacement
(Figure 1) reaches the fracture energy, Gc, and the
failure displacement, #f

m, is reached. The cohesive
elements and their constitutive responses are pro-
grammed in ABAQUS™ for the prediction of delam-
ination initiation and propagation. A high initial
stiffness (the so-called penalty stiffness; Kp) is
defined to avoid de-cohesion of two surfaces in the
linear elastic range.

Delamination initiation:
The onset of delamination initiation is determined
based on a quadratic nominal strain criterion [22].
The strength of the adhesive in the normal and shear
directions are used as input data, as shown by Equa-
tion (8):
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Figure 1. Schematic of bilinear constitutive behavior of
cohesive zone for different modes of failure



with! ;

                                                     (8)

where !fn, !fs are inter-laminar tensile and shear strain.
!s is tensile strain component, !s and !t are shear
strain component. Parameter N is the inter-laminar
tensile strength; S and T represent the inter-laminar
shear strength. It is noted that for convenience, we
considered a constitutive thickness of 1.0 mm such
that there is no need to distinguish between the
nominal strain and the separation displacement in
the above equation.

Delamination growth:
The damage evolution or delamination propagation
law postulates that the material stiffness is degraded
once the corresponding initiation criterion is met.
The damage propagation prediction is usually stud-
ied in terms of energy release rate and fracture tough-
ness. Mixed-mode delamination growth is pre-
dicted when mixed mode fracture energy (GT) is
greater than critical fracture energy (GC). Several
laws implemented in FEM codes have been consid-
ered to compute the fracture toughness for mixed-
mode failure, such as Benzeggagh-Kenane (B-K)
criterion [23] the power law criterion [24], and the
Reeder criterion [25]. Demonstration of applica-
tions of B-K criterion can be found in the work of
Camanho et al. [26] for PEEK and epoxy compos-
ites. In this study, the ‘power law criterion’ proposed
by Benzeggagh-Kenane – the so-called B-K crite-
rion – [23] is used. This criterion is established in
terms of an interaction between the energy release
rates to predict the delamination evolution as shown
by Equation (9):

, with

T = GI + GII + GIII                                                (9)

where % is a material parameter and GIc and GIIc are
the fracture energies of Mode I and II at failure,
respectively. Gc is critical fracture energy. GI, GII
and GIII are fracture energies of Mode I, II, and III.

2.2. Method II
Method II is the modified of Method I and is a stress-
based continuum damage formulation with the fiber
and matrix failure proposed by the present authors.
The main difference between Methods I and II is in
the definition of matrix and fiber failure indices
(MF and FF) in which the former uses the strain-
based approach and the latter II uses the stress-
based approach. Damage initiation is based on the
Hashin failure criteria summarized in Table 1.
As summarized in Table 1, seven sets of initiation
criteria are considered. For detecting fiber, matrix
and delamination some indices are defined, i.e., MF
for matrix failure in either tension or compression,
FF for fiber failure in either tension or compression,
DELT delamination failure in tension and DELC for
delamination failure in compression. Once each of
the indices reaches the unit value, failure is initiated
and softening process in the material begins.
The matrix damage evolution parameter dm is the
modified version of Equation (3) and based on stress
approach described by Equation (10) (Please see
Section 2.1. for more details):

                    (10)

The fiber damage evolution df is obtained using
Equation (11):

                       (11)

The procedure for evaluation of delamination or
inter-laminar damage is the same as the delamina-
tion method described in Section 2.1.2. (Please see
Section 2.1 for more details).

2.3. Method III
Method III uses the Hashin failure criteria as sum-
marized in Table 1. This method is used for identify-
ing matrix tensile/compressive cracking, fiber ten-
sile/compressive breakage, fiber/matrix shear failure,
and tension/compression delamination. If failure
criterion is satisfied in an element, the material
properties of that failed element is changed by a set
of material properties in accordance with the sud-
den degradation rule. Corresponding to the type of
the failure, the laminate response against the load is
changed in the case of the damage. The sudden stiff-
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ness degradation of the failed element in the matrix
and fibers is different. For example, once the matrix
fails in tension, the transverse stiffness, E22, drops
to 0.2E22 while at the onset of the fiber failure the
longitudinal stiffness, E11, reduces to 0.07E11. There-
fore, in the current work, the material degradation
rules are based on the work of [27, 28] for matrix ten-
sile/compressive failure and for fiber tensile/com-
pressive failure (See Table 1). Note that fiber/matrix
shear and delamination failure were not considered
in the work of [27, 28] and therefore material prop-
erty is reduced to a small value for these damage
modes.

3. Model development
To perform stress and progressive damage analysis
based on Methods I, II, III, a three-dimensional finite
element model is created in ABAQUS™ [22]. One
end of the laminate is clamped in x, y, and z and the
other end is subjected to the uniform displacement
of v (Figure 2a). ABAQUS 6-node linear triangular
prism (C3D6) is defined to mesh the composite lam-
inate such that each ply has one element through the
thickness direction. ABAQUS 6-node, three-dimen-
sional cohesive element (COH3D6) is defined to
mesh the cohesive layers with 0.001 mm thickness.
Two types of laminates configuration are consid-
ered in the model. The first one is [0/60/–45/+45]3s
described in details in Section 5. The second one is

[0/45/90/–45]2s for which experimental data and
numerical results are available in [7]. The latter is
chosen to verify the results of the presented simula-
tion; See Table 2. In each case, because of the sym-
metry condition, only one quarter of the specimen is
modeled. That is, the model is in the shape of the
specimen is cut in half in XZ plane and then cut in
half in YZ plane. Boundary conditions are shown in
Figure 2a.

3.1. Stochastic material properties
distribution

The laminate’s stiffness and strength are generated
using the Gaussian distribution function with around
±1% of variation to consider spatial stochastic prop-
erties in the model. A typical Gaussian distribution
of the AS4/PEEK longitudinal stiffness is shown in
Figure 2b. Gaussian distribution function is defined
in user-subroutine SDVINI in ABAQUS which
enables the user to specify the initial solution-depen-
dent state variables with stochastic material proper-
ties.
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Table 1. Hashin failure criteria and material degradation rules [2, 3, 15]

Failure mode Failure index Failure approach Material degradation rule 
(for Method III)

Matrix tensile failure
(#22 >"0) Method II and III E22  #0.2E22, E12 # 0.2E12,

E23#0.2E23

Matrix compression failure
(#22 <"0) Method II and III E22 # 0.4E22, E12 # 0.4E12,

E23# 0.4E23

Fiber tensile failure
(#11 >"0) Method II and III E11 # 0.07E11

Fiber compression failure
(#11 <"0) Method II and III E11#0.14E11

Fiber/matrix shear failure Method III E11 # 0

Inter-laminar tensile failure
(#33 >"0) Method III E33, E23, E13, # 0

Inter-laminar compression failure
(#33 >"0) Method III E33, E23, E13, # 0
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Table 2. Mesh specifications of the model

Number of
elements

Average aspect
ratio

Mesh 1 8 937 2.45
Mesh 2 24 854 1.7
Mesh 3 54 374 1.4



3.2. Numerical procedure
The progressive damage model is implemented in
ABAQUS™ through the user-defined subroutine
UMAT to describe the specific material characteris-
tics. This subroutine is called to determine the mate-
rial properties at each point. The stresses and solu-
tion-dependent state variables are updated at the end
of each iteration and the Jacobian matrix is recalcu-
lated accordingly. The simulation starts with the
model preparation as presented in the flowchart of
the procedure; See Figure 3. Then, a Gaussian distri-
bution for the laminate properties is applied to all the
elements. Stress analysis is then performed based
on the applied displacement followed by the failure
analysis. The values of the failure indexes are stored
as the solution-dependent state variables. If the dam-
age initiation criterion is satisfied, damage evolu-
tion laws are applied for Methods I and II. In
Method III, if the damage initiation criterion is met,
the material properties are treated according to the
sudden material degradation rule. If there is no fail-
ure, an incremental displacement, $v, is added to the
last displacement amplitude, vi. Next, a new Jaco-
bian is computed, the stress is redistributed accord-
ingly, and the calculations are repeated. The failure
occurs when the laminate cannot tolerate any more
load increment. Physically, this represents a large

deflection and excessive damage at which point the
program is terminated. Program is stopped at this
stage and simulation cannot pass any new incre-
ment. It is noted that the case in which there is no
failure does not have any inconsistency with equilib-
rium solution and new increment successfully run.

4. Sensitivity analysis parameters
Sensitivity studies are performed to examine the
influence of various parameters on the load-dis-
placement curves of the progressive damage mod-
els. The parameters of particular interest pertain to
mesh density and viscous regularization (&).

Mesh dependency:
The problem of strain localization induced by dam-
age localization is treated by a method that mini-
mizes the mesh dependency in the numerical results.
This is done by using the fracture energy-based
damage evolution and considering the characteristic
length of the element into the damage evolution
law. The calculation of the characteristic length with-
out considering the crack direction depends on the
element geometry and formulations. Hence, the prob-
lem of mesh dependency still exists [13]. In order to
minimize the problem of mesh dependency, ele-
ments’ aspect ratio (the ratio of shortest edge to the
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Figure 2. (a) 3D Finite element mesh and boundary conditions, (b) Gaussian distribution of longitudinal stiffness



longest edge of an element) should be close to one.
The results of three different mesh refinements are
summarized in Table 2.

Viscous regularization factor (!):
Material models that exhibits softening behavior
and stiffness degradation often tend to have severe
convergence difficulties. A common technique to
alleviate the associated convergence difficulties is
to implement the so-called viscous regularization
factor which through the introduction of a viscosity
term in the damage evolution of Equations (10) and
(11) forces the tangent stiffness matrix of the soft-
ening material to be positive definite for adequately
small time increments [9, 22]. It is important to
check that the energy associated with viscous regu-
larization is small compared to the overall strain

energy. The time evolution equation of viscous
damage variable is as defined by Equations (12)
and (13) [9, 22]:

                                          (12)

                                           (13)

where dv
m and dv

f are the regularized matrix and fiber
damage variables used in the calculation of damage
stiffness matrix and Jacobian matrix, respectively.

5. Material and experiment
The material of the present work is an AS4/PEEK
quasi-isotropic laminate [0/90/–45/+45]3s with poly-
ether-ether-ketone matrix and carbon fiber and fab-
ricated using the autoclave method from the prepreg
(APC-2). The volume fraction of the fibers is 60%
according to the data provided by the manufacturer.
The specimens are prepared according to ASTM
D3039M with a centrally circular hole. The speci-
men dimensions and mechanical properties of
AS4/PEEK laminate are summarized in Table 3 and
Table 4, respectively. As presented in Table 3, L is
the length of specimen, W is the width and D is the
hole diameter. Fracture properties are summarized
in Table 5 [29] and the values of fracture energies of
the fiber and matrix in Table 5 are from [9]. Static
tests were performed on a universal fatigue test
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Figure 3. Damage flowchart implemented in ABAQUS™ Table 3. The laminate dimensions

Table 4. Material properties of AS4/PEEK

Laminate
configuration

L
[mm]

W
[mm]

D
[mm]

Thickness
of each layer

[mm]
[0/90/–45/+45]3s 254 25.4 6.35 0.139
[0/+45/90/-45]2s 100 20 5 0.125

Material properties AS4/PEEK
E11 [GPa]
E22 = E33 [GPa]
E12 = E13 [GPa]
E23
'12 = '13
'23

                    138
                      10.2
                        5.7
                        3.7
                        0.3
                        0.45

Xt [MPa]
Xc [MPa]
Yt = Zt [MPa]
Yc = Zc [MPa]
S12 = S13 [MPa]
S23 [MPa]

2070
1360

86
230
186
86



machine (TESTRESOURCES Model 930LX50-
T2000).

6. Results and discussions
Numerical results of the progressive damage analy-
sis of two quasi-isotropic open-hole specimens with
the laminates’ configuration of [0/90/–45/+45]3s
and [0/45/90/–45]2s are presented in this section.
First, degradation and failure analysis of the lami-
nate with the configuration of [0/45/90/–45]2s is
performed using the three different methods and
compared to the numerical and experimental results
of [7] to validate the model. Also presented are the
results of the dependency of the present model to
viscous regularization parameter and a mesh refine-
ment study. Second, the predicted failure strength
and damage of the laminate with the configuration
of [0/90/–45/+45]3s is compared to the experimen-
tal results.

6.1. [0/45/90/–45]2s laminate
Figure 4 shows the comparison of load-displace-
ment curves of different progressive damage
approaches (Method I, II, and III) with the experi-
mental and numerical data of [7] for [0/45/90/–45]2s
AS4/PEEK laminate. It shows that once the damage
accumulation increases and the laminate is not able
to sustain more load, the strength reduces and
numerical simulation is stopped due to excessive
element distortion. Three regions can be seen in

these curves: a linear response, softening trend rep-
resenting the initiation and propagation of the dam-
age such as fiber and matrix failure when damage
occurs in critical number of elements, followed by a
region in which the load capacity drops. Compared
to the experimental and numerical data, the predic-
tion of the current numerical simulations are quite
close.
Mesh size study is performed to evaluate the effect
of mesh density on the prediction of failure strength.
Three different meshes ranges from a coarse
(Mesh I), medium (Mesh II) to a fine (Mesh III) for
the area around the hole are shown in Figure 5. The
viscous regularization factor of 0.003 is used with
the degradation analysis of Method I. It can be seen
that for Mesh I the abrupt decrease of the ultimate
strength is slightly greater than the experimental
result and that it overestimates the failure strength
by about 3 percent. By refining the mesh and reduc-
ing the aspect ratio of the meshes to close to 1, the
results of Mesh II and III predictions show close
agreement with those obtained experimentally.
Although the characteristic length is considered in
the damage analysis to minimize the mesh size
effect, a slight dependency to the mesh size still
exists in the numerical results.
Figure 6 gives the load-displacement results of dif-
ferent values of the viscosity parameter in Methods I
and II. It can be seen that the smaller the viscous
regularization factor, the more abrupt the failure
and the smaller failure strength become. Since two
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Table 5. Fracture properties of AS4/PEEK laminate
GIc

[N/mm]
GIIc = GIIIc

[N/mm]
N

[MPa]
S = T
[MPa]

Gf
[N/mm]

Gm
[N/mm] ! Kp

[MPa/mm]
1.7 2 80 100 12.5 1.0 2.284 106

Figure 4. Comparison of predicted load-displacement
curves of different progressive damage methods
with the experimental and numerical data of [7]
for [0/45/90/–45]2s AS4/PEEK laminate

Figure 5. Comparison of load-displacement curves of dif-
ferent mesh sizes using Method I with the experi-
mental data of [7] for [0/45/90/–45]2s AS4/PEEK
laminate



approaches use different failure criteria, two differ-
ent viscosity parameters are considered in the simu-
lations. The intra-laminar damage initiation based
on stress criteria seems to have higher viscosity fac-
tor than that of with strain criteria.

6.2. [0/90/–45/+45]3s laminate
The comparison of load-displacement curves of dif-
ferent progressive damage approaches (Method I,
II, and III) with the experiment for [0/90/–45/+45]3s
AS4/PEEK laminate is presented in Figure 7. The
same viscous regularization factor as in the case of
[0/90/–45/+45]3s laminate is used for this simula-
tion. The simulation results are consistent with the
experimental results.
Figure 8 shows inter-laminar or delamination dam-
age pattern at 0/90°, 90/–45°, and –45/45° interface
of [0/90/–45/+45]3s AS4/PEEK laminate at the time
when the laminate strength start to drop. As shown
in this figure, the delamination at 90/–45° and 
–45/45° interfaces are more severe than the delami-

nation at 0/90° interface. Since the dominant failure
stress in 0/90° interface is the normal stress, delam-
ination pattern is in the zero degree direction. In the
case of 90/–45° and –45/45° interface, the delamina-
tion patterns tend toward the 45° failure direction.
A contour plot of fiber and matrix damage variables
df and dm defined in Equations (11) and (12) as well
as the surfaces of the failed specimen for [0/90/
–45/+45]3s AS4/PEEK laminate is shown in Fig-
ure 9. Figure 9 also shows how implementation of
the stochastic in material properties changes the
failure behavior and path of the laminate. As seen in
Figures 9a–9c the intra-laminar damage of the 0°
fibers which are the most catastrophic failure types
within the laminate initiates at the tip of the hole
and propagates in the direction perpendicular to the
load direction. In order to show the randomness
behavior of failure due to probable distribution of
the material properties, the scatter of the 0° fiber
failure path is obtained by re-running the model for
three times (paths 1, 2, 3).  In each run, the failure
path differs in the direction perpendicular to the
fiber directions. Comparing Figures 9a–9c with the
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Figure 6. Comparison of predicted load-displacement curves
of different values of viscosity parameters using
Method I and II with the experimental data of [7]
for [0/45/90/–45]2s AS4/PEEK laminate

Figure 7. Comparison of predicted load-displacement
curves of different progressive damage methods
with the current experimental data of [7] for
[0/90/–45/+45]3s AS4/PEEK laminate

Figure 8. Delamination failure at the interface of 0/90° (a), 90/–45° (b), and –45/45° (c) for [0/90/–45/+45]3s AS4/PEEK
laminate using Method I



image of failed specimen (Figure 9d), the results
indicate that the failure of 0° plies can be either in
the direction perpendicular to the fibers or in the
inclined direction depending on sub-critical damage
development in the adjacent plies. The numerical
failure paths in Figures 9a–9c are consistent with
the image of the failed laminate. Figures 9e–9f show

the damage patterns for matrix failure in 90 and 45°
plies, respectively. The matrix strength, Yt, is small
compared to the fiber strength, Xt, and matrix fail-
ure is the sever type of the damage in 90, 45, and 
–45° plies. As seen in Figures 9e–9f, the matrix fail-
ure path of 90 and 45° plies is in the 0 and 45 direc-
tions, respectively (path 4, 5).
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Figure 9. Intra-laminar damage patterns of fiber and matrix for [0/90/–45/+45]3s AS4/PEEK laminate at the time of abrupt
strength reduction. a, b, c) fiber damage image in 0° layer for different simulation runs. d) an open-hole failed
specimen under static test. e) matrix damage pattern in 90° layer. f) matrix damage pattern in 45° layer.



Although the presented simulation results of pro-
gressive damage obtained from different methods
are in agreement with experiments, several points
about the comparison of different methods would
be in order. Methods I and II have the advantage of
modeling delamination, fiber and matrix failure
using a damage parameter and embedded cohesive
elements in the model. However, their computational
time is more expensive and numerical convergence
is more problematic than those of Method III.
Method III uses the sudden material property degra-
dation rule which may raises questions and difficul-
ties in validation of numerical results for complex
geometry and laminate. However, from engineering
point of view, Method III is fast and may give a
realistic approximation of the laminate’s strength.
All of these methods depend on mesh type, mesh
number, viscous regularization factor, and material
property degradation rule. Future works considering
the above-mentioned restrictions along with  more
recent computational methods such as X-FEM and
A-FEM with considerations of randomness in the
distribution of material properties are necessary to
tackle the design of open-hole or notched laminates
in a more realistic manner. Further, numerical results
show how the numerical results are sensitive to
mesh type, viscous regularization factor and distri-
bution of material properties. Questions such as how
should the variation of material properties be chosen
and how sensitive are the mesh type and size to a
random function of material distribution can be
answered once a realistic material morphology is
available. Future research is needed to study the
effect of material property distribution functions
along with a realistic characterization of the lami-
nate morphology that can be implemented in a robust
computational method such as X-FEM or A-FEM.
Capability to model arbitrary crack path and dis-
crete damage in a composite laminate are thus
needed.

7. Conclusions
The present paper presents a study of the progres-
sive intra- and inter-laminar damage coupled with
cohesive elements for the failure simulation of two
quasi-isotropic open-hole AS4/PEEK laminates
with [0/90/–45/+45]3s and [0/45/90/–45/]2s configu-
rations. Three different approaches (Method I, II
and III) are implemented in ABAQUS™ user sub-

routine (UMAT) to simulate the degradation.
Method I is a strain-based damage evolution while
Method II is the modified of Method I and stress-
based damage evolution proposed in this work.
Method III obeys the Hashin-based degradation
evolution criteria. Gaussian distribution is consid-
ered to model the scatter of material properties dur-
ing the simulation. The model is applied to predict
the strength of the open-hole laminate and the sim-
ulation results correlate well with the experimental
data of the present work and [7]. A parametric study
is performed for the effect of different mesh sizes
and viscous regularization factors. The results show
that in Methods I and II the damage prediction is
sensitive to viscous regularization factor and mesh
sizes. However, in latter, the characteristic length of
the elements is considered to minimize the effect of
the mesh size. The results of different damage pat-
terns of the 0° fibers indicates that depending on the
stochastic material properties, the failure path dif-
fers each time the model is run. The study on the
effects of Gaussian distribution of material proper-
ties shows that depending on the scattering of mate-
rial properties, the damage propagation and failure
path vary each time the numerical simulation is run.
The failure paths obtained from re-running the sim-
ulation for several times are in close agreement
with the image of fractured specimen.
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1. Introduction
Biodegradable polymer materials have attracted
great scientific and technological interest at many
application areas, such as packaging, biomedical
material [1, 2]. For the packaging and medical appli-
cations, poly(lactic acid) (PLA) has one of the high-
est potentials among biopolyesters [1]. To tailor its
crystallization behavior, degradation rate and other
material properties for the applications, blending
PLA with other biocompatible polymers is a practi-
cal and economical approach. PLA also is the one of
the interesting polyesters in issues of chiral effect,
crack and ring patterns, and spherulitic morphology
in polymer physical research [3–7].
Rings and cracks in some semicrystalline polymers
have been reported during cooling, crystallization
or in contacting with solvents [4–10]. Overall, the
conventionally known fact of thermal shrinkage/
contraction upon cooling in different directions

accounts only partially for the cracks. Updated stud-
ies have pointed out for biodegradable polyesters
that cracks and ring bands can be inter-related and
interrelations between rings and cracks can be more
clearly resolved if interiors of the banding/cracking
polymers can be exposed for examination.
Poly(ethylene oxide) (PEO), a water soluble poly-
ether, possesses good biocompatibility and has very
low toxicity in bio-medical applications [11, 12].
Phase behavior and biocompatibility of blends of
PEO/poly(L-lactic acid) (PLLA) has been studied
[13–15], and partial miscibility with phase domains
in blends of PEO with PLLA of high molecular
weights has been claimed. However, PEO also has
been proven to be miscible with low-molecular-
weight PLLA in our previous work [16]. An early
pioneering work by Lustiger et al. [17] dealt with
interior morphology correlating with surface ring
bands in polyethylene (PE) bulk samples. In that
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work, the fracture surface as examined by SEM was
exposed to reveal a central hole (on nuclei center)
in banding PE spherulites. However, the interior
morphology for general lamellar textures is not
clear enough, as comparison to much better
resolved top-surface rings and their lamellae pat-
terns. Analyses of bulk PE were thus mainly based
on the top-surface morphology, leaving issues of
the interior lamellar assembly in banding
spherulites still unresolved. This work, using
PEO/PLLA blend as a model, intended to probe fur-
ther, focusing on interior lamellae assembly in corre-
lation with surface/interior cracking and banding by
taking advantage of the water-soluble property of
PEO under water-etching treatment. Such 3D dis-
section approach was also successfully adapted to
interpret the correlation between the inner lamellar
assembly, outer surface banding and 3D banding
spheroids in poly(ethylene adipate) crystallized at
Tc = 28±1°C [18].
Objectives in this letter were to utilize a technique of
selectively removing the PEO component for expos-
ing the cross-sectional surfaces of bulk-form sam-
ples for dissecting the inner PLLA lamellae to probe
the correlations between inner cracks and outer ring
bands in PEO/PLLA blend’s crystal phases. Lamel-
lar patterns and ring-band types in blends were
found to vary with respect to blend compositions.
The PEO component, used for helping to induce
rings and suppressing cracks, could be easily etched
out using pure water after its co-crystallization with
PLLA in blends. As PEO and PLLA co-crystallized
in two stage-crystallization, the role of PEO in the
crystallized PEO/PLLA blend can be regarded as a
temporary moldable filler among the PLLA lamel-
lae. In continuing the previous study [16], correla-
tions between the rings, cracks and lamellar pattern
in ring-banded spherulites in PEO/PLLA blends
were probed in greater details by comparing the
lamellae and crack behavior of PLLA crystallizing
with different PEO contents in blends. This study
mainly focused on the PEO-rich blend composi-
tions, and within this composition range, the blends
were known to show unusual radial and irregular
crack patterns instead of concentric cracks [16].
Objectives were further probing the mechanisms of
lamellar patterns and orientation in ring bands
responsible for inducing special types of surface
rings and interior lamellar assembly and cracks in
crystallized and cooled polymers at micro-scale, by

delicately removing PEO from crystallized PEO/
PLLA blends, but without altering the already fixed
PLLA crystals, to expose more details of interior
morphology.

2. Experimental
2.1. Materials 
PEO with Mw = 20 000 g/mol, PDI = 1.16, Tg = 
–60°C and Tm = 64°C, was obtained from Aldrich
(USA). PLLA was purchased from Polysciences,
Inc. (USA), with Mw = 11 000 g/mol, PDI = 1.11,
Tg = 45.3°C and Tm = 155°C. Materials were used
as received without further purification.

2.2. Preparation of PEO/PLLA thin films
Blends sample films of PLLA with PEO were pre-
pared by solution-casting using chloroform as sol-
vent. Two polymers of intended compositions were
dissolved in solvent with a concentration of 4 wt%,
well stirred, and cast onto micro glass slides at
45°C. The solvent in blend films was first evapo-
rated and dried at 45°C for 24 h, and then further
dried in vacuum at ~40°C for several days.
Blend samples were pressed as thin films between
two micro glass slides to obtain uniform film thick-
ness (~10 µm) on a heating stage. Crystallization of
blend samples was done at isothermal 110°C (crys-
tallization temperature, Tc) by quenching from the
molten state at maximum melting temperature
(Tmax) = 190°C. Degradation of neat PLLA under
static air was analyzed using thermogravimetric
analysis (TGA). In air, degradation of neat PLLA
initiated at ~200°C. As a result, 190°C was used as
Tmax in this study. As PEO in blends is easily water
soluble, PEO could be water-etched from PEO/
PLLA blends, leaving the PLLA lamellae unaltered
by dripping deionized water on to tilted sample. For
this purpose, an easily releasable polyimide (PI)
film was used for temporary covering the samples
during crystallization; after crystallization and cool-
ing, PI film was peeled off from blend samples.
Furthermore, a gentle etching process was con-
ducted to maintain the polymer film sticking on the
substrate rather than floating on water.

2.3. Sample characterization
A polarizing optical microscope (Optiphot-2-POL,
Nikon, Japan), equipped with a digital camera
charge-coupled device (CCD) and a microscopic
hot stage (Linkam THMS-600 with TP-92 tempera-
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ture programmer), was used for characterizing crys-
talline morphology of the polymers.
Samples of solution-cast films of PEO/PLLA blends
were also examined using a scanning electron
microscope (SEM) (Quanta-400F, FEI, USA), and
its accelerating voltage was 10 kV for revealing the
lamellar pattern of spherulites. The top surfaces of
the exposed film samples on the bottom micro glass
slides were then coated with gold by vacuum-sput-
tering prior to SEM characterization.

3. Results and discussion
POM and optical microscopy (OM) characteriza-
tion was performed on the 110°C-crystallized PEO/
PLLA blends of several PEO-rich compositions
(PEO ! 50 wt%) for further clarifying the correla-
tions between the patterns of the crystalline ring
bands and cracks. During the two-stage crystalliza-
tion (first at crystallization temperature Tc = 110°C
then cooling to ambient temperature) of the PEO/
PLLA blends, the pre-formed PLLA ring-banded
lamellae at Tc serves as nucleating templates for the
later-crystallizing PEO species upon cooling to
ambient temperature, and then the cracks could be
observed after the PEO crystallizing. Figure 1 shows
with increasing of the PEO content, the PLLA opti-
cal ring bands became less ordered. Under in-situ
observation by using POM, long cracks always took
place at the impingement of PEO spherulites with
the preformed PLLA crystals.  At 80 wt% of PEO in
the PEO-rich blend, the PLLA optical ring bands in
the spherulites are not distinct or entirely disrupted at
all, as shown in the POM graph of Figure 1c. And,
the crack pattern was changing from the long radial
type to the short irregular type as the content of PEO
increase to 80 wt%. There could be found a transi-
tion stage of the crack patterns at PEO/PLLA (70/30)
blend which had both the radial and the irregular
cracks on one sample. Cooling-induced thermal
shrinkage due to directional CTE difference alone
may not be sufficient in fully accounting for the
cracks of these different types.
Figure 2 shows the POM and OM graphs of the
water-etched PEO/PLLA blends after the two-stage
crystallization. Upon water-etching, it was found that
PEO was dominantly and selectively removed from
the ridge bands to expose the inner PLLA crystals
underneath the ridges. As will be shown in latter
results/discussion, PLLA lamellar crystal plates in
the ridge region are perpendicular to top surface of

the samples, and PEO component tends to aggre-
gate between the PLLA lamellae that point upwards.
Thus, upon water-etching, the ridge bands were vis-
ibly lined with lenticular-shape voids/cracks that
were previously occupied by PEO components. The
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Figure 1. OM graphs of PEO/PLLA blends (unetched)
crystallized at 110°C then cooled to ambient tem-
perature (25–28°C) of compositions: (a) 60/40,
(b) 70/30, and (c) 80/20 (Insets: POM graphs
revealing ring-band patterns)



OM graphs for same samples are shown at right
side of the POM graphs for comparison of contrast
between POM and OM imaging interpretation on
the etching effect. For Figure 2a and Figure 2b, the
water-etching affected not only on the bright bands
but also dark band; however, the etching took place
more severely and circumferentially on the entire

dark bands, which was indicated from our previous
study [16]. By comparison, the bright band (ridge
band) remained relatively unaffected by water etch-
ing but the bright band became coarser after etch-
ing. For Figure 2c, the etching of PEO from the
PEO/PLLA (80/20) blend revealed that the PLLA
lamellae assumed seaweed patterns, with connected
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Figure 2. POM (left) and OM (right) graphs of PEO/PLLA blends (water-etched) crystallized at Tc = 110°C then cooled to
ambient temperature (25–28°C) of compositions: (a) 60/40, (b) 70/30, and (c) 80/20



voids (initially filled with the etched-off PEO com-
ponent) bordering by the networking and irregu-
larly twisting micro-lamellae of PLLA.
Figure 3 shows SEM graphs for the fractured sur-
face of two-stage crystallization PEO/PLLA (50/50)

blends of: (a) unetched sample, (b) water-etched sam-
ple. As fracture line might cut through the valley or
ridge bands, the lamellar patterns underneath the
respective valley or ridge could be exposed for
analysis. The fractured sample was further water-
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Figure 3. SEM graphs for fractured surface of PEO/PLLA (50/50) blends crystallized at Tc = 110°C then cooled to ambient
temperature (25–28°C) of: (a) unetched sample, (b) water etched sample, (c) zoom-in valley ‘Region-c’,
(d) zoom-in ridge ‘Region-d’. Schemes of (e) and (f): lamellae assembly and re-orientations of PLLA micro-
lamellae at valley and ridge, respectively.



etched to remove the PEO from the blend and as a
result, PLLA lamellar plates were more clearly
exposed. The fractured-surface morphology in the
SEM graphs display clearly that the lamellar assem-
bly and orientation are oppositely different in the
valley and ridge regions. These two regions are
zoomed-in and magnified as shown in SEM graphs
in Figure 3c (fracture across the valley band) and
Figure 3d (fracture across the ridge band), respec-
tively. The lamellar assembly underneath the valley
band apparently runs in circumferential direction
while the lamellae underneath the ridge band run
perpendicular to the film surface. The perpendicular
lamellae underneath the ridge band would appear as
‘edge-on’ when viewed from the top; conversely,
the circumferential lamellae underneath the valley
band would appear as ‘flat-on’ when viewed from the
top. Details of the micro-lamellar orientation and
void patters as exposed in the PEO/PLLA (50/50)
were shown in two schemes (Figure 3e and 3f). The
two direction lamellar assembly mention above is at
micro-scale, mainly combining from nano-scale
PLLA lamellar crystals and amorphous PLLA chains,
called as flat-on micro-lamellae and edge-on micro-
lamellae, respectively.
In addition, the fractured and water-etched interiors
of PEO/PLLA (50/50) blend also expose interesting
correlations between the lamellar plates and crack
orientations. Lenticular-shaped voids on the top sur-
face are oriented in the radial direction between the
perpendicular edge-on micro-lamellae in the ridge
band (bright bands). The schemes, reflecting the
actual fractured morphology in SEM graphs shown
earlier in Figure 3, show that the voids are not only
on the top surface but also on the hidden interior
exposed by the fracture surface, as indicated by the
arrow marks. On the other hand, with increasing PEO
contents in PEO/PLLA blends, the water-etched
PEO/PLLA (70/30, 80/20, and 90/10) blends exhibit
more irregular twisting PLLA micro-lamellae, resem-
bling seaweeds. The top surface observation results
of water-etched PEO/PLLA (70/30, 80/20, and
90/10) blends by using SEM are shown in the Fig-
ure 4. As the PEO content increases even higher to
80 or 90 wt%, only the irregularly twisting micro-
lamellae were present, and the micro-lamellae are
in less dense assembly. In Figure 4b and 4c, some
connected voids appear, similar to the OM-revealed
result as shown in Figure 2c.
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Figure 4. SEM graphs of the water-etched PEO/PLLA
blends crystallized at Tc = 110°C then cooled to
ambient temperature (25–28°C) of compositions:
(a) 70/30, (b) 80/20, and (c) 90/10



Figure 5 shows SEM graph and scheme for the frac-
tured surface of the water-etched PEO/PLLA (70/30)
blends crystallized at Tc = 110°C then cooled to
ambient temperature (~25°C). The upper portion of
the SEM graph and scheme are for the top surface,
while the lower portion reveals the fracture surface
of the water-etched PEO/PLLA (70/30) blend. Frac-
ture line again is seen to run across the interiors of
the ridge and valley bands. Similar to the interiors
of the PEO/PLLA (50/50) blend, the lamellar plates
underneath the surface ridge bands of the PEO/
PLLA (70/30) blend are oriented as perpendicular
plates although the lamellar plates are not as regular
and orientation is less ordered. The lamellar plates
underneath the valley in the PEO/PLLA (70/30)
blend are horizontally oriented, but the horizontal
orientation is less ordered than that in the 50/50
blend. By comparison, for the PEO/PLLA blend
with a higher PEO content at 70 wt%, the lamellar
patterns on the top surface are seen to be more
irregular and the voids increase in number in com-
parison to the morphology in the water-etched PEO/
PLLA (50/50) blend. The top surface still exhibits
lenticular-shaped voids, but as the packing density
of the lamellar crystals are smaller and less regu-
larly positioned, the voids diminish in size.
Overall, the PEO/PLLA 50/50 blend exhibits more
ordered lamellar plates underneath the ridge and
valley bands; as a result, the unetched 50/50 blend
sample exhibits the long radial cracks on the ridge
bands when viewed from the top. By contrast, in
interior of the PEO/PLLA blends of PEO-rich com-

positions (PEO content above 70 wt%), the lamellar
plates are increasingly less ordered, and only irreg-
ular cracks of smaller sizes are present. From the
3D interior dissecting analyses into the interior mor-
phology, it then became easy to comprehend the
lamellar assembly and cracks seen in ringed
spherulites of the top surface of thin-film PEO/
PLLA samples. Schemes of micro-lamellar orienta-
tion and cracks are summarized in Figure 6, which
illustrates how micro-lamellar plates interact with
crack/ring formation mechanisms in the PEO-rich
PEO/PLLA blends of compositions: (a) 50/50, and
(b) 80/20 as examples. Ideally, etching of PEO
would be more complete if etching was performed
at Tm of PEO. Thus, etching by warm water was
performed on crystallized blends of several compo-
sitions. However, results were not suitable for analy-
sis owing to several reasons. Rings/PLLA lamellae
in warm water etched samples were highly dis-
rupted to extents of hardship in subsequent analysis
on PLLA morphology. Films would be disinte-
grated, floated from glass substrate, and bulk sam-
ples would be crumbled into irregular particles.
The diagrams on top the schemes are SEM top-sur-
face morphology for PEO/PLLA (50/50 and 80/20)
blends. For the PEO/PLLA (50/50) blend, the ridge
bands are PLLA lamellae that are oriented perpen-
dicular to the substrate, though with some occa-
sional twist/bending. When the blend was crystal-
lized at Tc = 110°C, PEO remained molten; but as
temperature was cooled to ambient, PEO started to
crystallize along the pre-crystallized PLLA crystals.
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Figure 5. (a) SEM graph and (b) scheme for the fractured surface of the water-etched PEO/PLLA (70/30) blends crystal-
lized at Tc = 110°C then cooled to ambient temperature (25–28°C)



Thus, PEO molecules were confined in the inter-
lamellar regions of PLLA crystals, substrate and top
cover. When PEO crystals met and impinged each
other in this limited space, the void appeared from
the volume reduction of the PEO crystallization.
The void was forced to exist by the density differ-
ence between molten and semicrystalline PEO state.
At the same time, the crack showed up by using
POM observation. With the PEO contents in PEO/
PLLA blends increase to 70 or 80 wt%, the lamellar

assembly and crack formation in the PEO-rich
blends have similar mechanisms as that in PEO/
PLLA (50/50) blends, but the PLLA lamellar plates
decrease in dimensions and orderliness. The PLLA
lamellae in the PEO-rich PEO/PLLA blends are
increasingly similar to seaweeds with random twists
and arrangement, and the lamellae are no longer
regularly assembled to perpendicular orientation in
ridges and horizontal positions in valleys. Cracks
appear to turn as lamellae take turn, and they are no
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Figure 6. Internal micro-voids/crack formation mechanisms in the PEO/PLLA blends with compositions: (a) 50/50, and
(b) 80/20



longer in the regular radial direction, but take irreg-
ular turns with the randomly oriented PLLA lamel-
lar crystals.

4. Conclusions
Correlations among internal micro-voids/cracks,
ring bands, and interior lamellar assembly in PEO/
PLLA blend were analyzed; and bulk-form and
thin-film blend samples with different compositions
were probed for interior lamellar assembly extend-
ing to outer-surface morphology. By extracting the
water-soluble PEO component from the crystallized
PEO/PLLA blend of PEO-rich compositions, the
PLLA lamellar textures further revealed a complex
pattern. The periodical interior micro-lamellar tex-
tures in PLLA spherulite as exposing by SEM obser-
vation might have further help to construct the
structure model for banded spherulites in bulk-form
samples. By exposing the interior assembly of thick
bulk polymer blend samples that formed either cracks
or ring bands on top surface, the interior PLLA
crystal assembly, after extracting out water-soluble
PEO, was more clearly demonstrated. Such views
and aims have been rarely dealt with, if any before
in the literature, for revealing the inner PLLA
spherulitic structure in 3D (i.e., x, y and z-views).
Lamellar-twisting model, though tested and pro-
posed for long time by many researchers, dealt only
with semicrystalline polymer samples mainly in
thin-film state (~1–5 µm). The results in this work
have generated alternative, and perhaps richer, views
on interior lamellar assembly in thick bulk state that
may be responsible for leading to the top-surface
crack/ring bands. In 3D views by cutting across the
band ridge and valley, respectively, the lamellar
assembly underneath the valley band apparently runs
in the circumferential direction while the lamellae
underneath the ridge band run perpendicular to the
top-surface of samples. Moreover, the internal and
exterior voids/cracks in crystallized PLLA always
run parallel to the micro-lamellar plates. The radial
cracks/voids always coincide well with the ridge
band of the alternating ring bands, as underneath the
ridge regions, the lamellae plates are oriented per-
pendicularly to the top surfaces and are easily visi-
ble from the top views. Upon cutting across the
thickness section of the bulk samples, voids/cracks

in the valley regions, on the other hand, are sand-
wiched between tangential lamellar plates, and thus
not visible from the top surface.
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