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Editorial corner — a personal view
Improving fibre/matrix interface through nanoparticles

A. Pegoretti”

Department of Industrial Engineering, University of Trento, via Mesiano 77, 38123 Trento, Italy

It is widely recognized that fibre/matrix interfacial
strength controls several mechanical properties of
composite materials, in particular the matrix-domi-
nated ultimate parameters. In the last thirty years an
impressive number of experimental and modelling
efforts have been focused on the understanding of
fibre/matrix interfacial bond with the aim to
improve it. Over the years, two main strategies
emerged for polymer composites: i) the development
of specific fibre sizings/coatings/treatments and/or
ii) the addition of coupling agents to the matrix
resin.

In the recent years new strategies came to light: in
fact, the availability of various types of nanoparti-
cles offered the possibility to tailor the fibre/matrix
interactions at a nanoscale level. In particular, some
recent investigations proved that nanoparticles
homogeneously dispersed in a polymer matrix can
play a beneficial role on the fibre/matrix interfacial
adhesion in several types of structural composites.
For example, the introduction of organo-modified
clays in an epoxy matrix led to the formation of a
stronger interface with E-glass fibres, with an
increase of the interfacial shear strength of about
30% for a filler content of 5 wt% (DOI: 10.1177/
0021998311420311). Concurrently, the evaluation
of the fibre/matrix contact angle revealed an
improved wettability when organo-modified clays
were added, and a simultaneous enhancement of the
fracture toughness of the resin matrix. This approach
could be also adopted to add specific functional
properties to composite materials, such as damage
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controlling capabilities (DOI: 10.1016/j.compos-
itesa.2012.03.019).

Another approach relies on the possibility to con-
fine nanoparticle in the interfacial region, with the
advantage of localizing their presence in the area
where stress transfer takes place, thus reducing the
overall quantity of nanoparticle required. As an
example, a sizing containing single or multi-walled
carbon nanotubes has been used for coating glass
fibres (DOI: 10.1016/j.compscitech.2007.10.009).
Two simultaneous results have been reached, to
‘heal’ surface flaws and to enhance interfacial adhe-
sion in a polypropylene matrix, indicating nanotube
related interfacial toughening mechanisms.

An amazing amount of research has gone, and still
goes, into the understanding of the properties of
nanoscale particles and their usage to improve engi-
neering materials. Development of polymer com-
posites can surely benefit from this research,
including the ‘old issue’ of fibre/matrix interface.
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Abstract. This paper focuses on the reinforcing of Poly(lactic acid) with chopped basalt fibres by using silane treated and
untreated basalt fibres. Composite materials with 5—-10—15-20-30-40 wt% basalt fibre contents were prepared from silane
sized basalt fibres using extrusion, and injection moulding, while composites with 5—10—15 wt% basalt fibre contents were
also prepared by using untreated basalt fibres as control. The properties of the injection moulded composites were exten-
sively examined by using quasi-static (tensile, three-point bending) and dynamic mechanical tests (notched and unnotched
Charpy impact tests), dynamic mechanical analysis (DMA), differential scanning calorimetry (DSC), heat deflection tem-
perature (HDT) analysis, dimensional stability test, as well as melt flow index (MFI) analysis and scanning electron micro-
scopic (SEM) observations. It was found that silane treated chopped basalt fibres are much more effective in reinforcing
Poly(lactic acid) than natural fibres; although basalt fibres are not biodegradable but they are still considered as natural (can
be found in nature in the form of volcanic rocks) and biologically inert. It is demonstrated in this paper that by using basalt
fibre reinforcement, a renewable and natural resource based composite can be produced by injection moulding with excel-
lent mechanical properties suitable even for engineering applications. Finally it was shown that by using adequate drying of
the materials, composites with higher mechanical properties can be achieved compared to literature data.

Keywords: biodegradable polymers, polymer composites, poly(lactic acid), chopped basalt fibres, injection moulding

1. Introduction

In the 21 century, due to the increasing environ-
mental consciousness renewable resource based
and inherently biodegradable polymers gain more
and more role. These materials can be fully syn-
thetized from biomass or previously not utilized
agricultural feedstock and during their biodegrada-
tion harmless materials like water, carbon-dioxide
and humus are produced, where the latter can be
used to grow agricultural plants, so thus it can be
easily seen that these materials fit into the life cycle
of nature and also fit into the train of thoughts of
sustainable development [1-3]. It is also believed
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that in the near future biodegradable polymers will
be used for producing plastic products with short
term applications, however nowadays in most cases
for these applications still unnecessarily durable
petrol-based plastics are used, what causes more
and more waste management problems due to their
not complete recyclability.

One of the most promising renewable resources to
produce biopolymers is starch. Starch can be found
all over the world in abundant amounts, because
starch containing agricultural plants like corn,
wheat, potato are grown extensively in a lot of
countries. In the last few decades much research has
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been made to make starch processable with conven-
tional plastic processing equipment, and as a result
thermoplastic starch (TPS) was developed and
extensively researched [4—6]. Although TPS is cheap,
its numerous drawbacks like low mechanical prop-
erties, high shrinkage, and water solubility retarded
its widespread usage. Nowadays TPS together with
Poly(e-caprolactone) (PCL) is used as a compound
and commercialised under trade name Mater-Bi
(Novamont, Italy). Another possible way to utilise
starch is its fermentation in the presence of sugar
into lactic acid, what can be further polymerised
into Poly(lactic acid) (PLA). In the last decade PLA
was in the focus of interest, and it became the most
promising biopolymers of all due to its excellent
mechanical properties, easy processing by conven-
tional equipment, low shrinkage, reasonable price
and harmless biodegradation capability [7-9].
Although PLA is already commercialised and more
and more PLA products are on the market, these
products are still mainly related to packaging indus-
try, even so the high strength and stiffness of PLA
suggest it to be used as the matrix of a durable engi-
neering composite material, but its low heat deflec-
tion temperature (HDT) and low impact strength
still retards its usage as a high performance com-
posite.

Lots of efforts have been made to further reinforce
PLA with typically natural plant fibres [10-16] or
even with glass fibres [17] to make a biocomposite
for applications with higher demand then packag-
ing. In most cases by adding natural plant fibres to
PLA higher increase of mechanical properties
occurred when solvent casting [10, 11], pultrusion
[12], extrusion followed by compression [13], film-
stacking [14, 15], compression followed by injec-
tion moulding [16] processes were used compared
to the conventional and most productive extrusion
followed by injection moulding process [17, 18].
This is probably due to the reduced length of the
natural fibres in the latter technology. Furthermore,
the increase of HDT due to the incorporation of var-
ious fibres is only a few times experienced. Iwatake
et al. [10] demonstrated that by using solvent cast-
ing method and micro-fibrillated cellulose (MFC)
fibres a cellulose fibre network interconnected by
hydrogen bonds was developed which resisted the
applied stress independently of the softening of
PLA during dynamic mechanical analysis (DMA)
tests. By using the above mentioned processes to

increase HDT and impact strength it is crucial to
have strong connection between the fibres and the
PLA, and the adequate quantity and quality (accord-
ing to stiffness and length) of reinforcing fibres is
also important, which will prevent the well-known
high stiffness loss of amorphous PLA products
above glass transition temperature (7). However,
by adding natural plant fibres to reinforce PLA, the
real breakthrough did not occur because in order to
gain significant reinforcing effect especially in the
desired impact strength low productivity processes
like solvent casting or film stacking method have to
be used but to commercialise PLA based compos-
ites and make complicated 3D shaped, and accurate
parts highly productive production technologies like
injection moulding should be applied.

Besides natural fibres, a promising alternative may
be the usage of basalt fibres, which is a novel rein-
forcement for composites. Although basalt fibres
are not biodegradable but still considered as natu-
ral, because they can be produced by using basalt
(volcanic) rocks, which can be found in nature and
virtually in every country around the globe. More-
over, basalt is biologically inert, and the weathering
of basalt rocks increase the mineral content of soil
which further strengthens its natural character.
Basalt fibres are typically produced by two differ-
ent technologies: Junkers method and spinneret
technology [19]. The shorter basalt fibres are pre-
pared by the Junkers method and the continuous
fibres are prepared by the spinneret technology
[20]. Its mechanical properties and chemical com-
position is similar to the glass fibre, and it can be
used between —200 and 600°C without the signifi-
cant loss of mechanical properties [21, 22]. Basalt
fibres are biologically inert as well as environmen-
tally friendly and can be used in very aggressive
environments too [23, 24]. The surface of the basalt
fibres can be modified easily, thus they can be used
as reinforcement fibres for composites [25, 26].
Deak et al. [27] investigated the influence of differ-
ent coupling agents on the mechanical and thermo-
mechanical properties of basalt fibre reinforced
Polyamide 6 (PA6). The tensile, flexural and impact
strengths were improved in the highest level by the
type of 3-glycidoxypropyltrimethoxysilane sizing.
The suitability of that sizing material in a wide tem-
perature range was proven by DMA tests.

Basalt fibres seem to be a good alternative to rein-
force PLA, however, the number of papers in basalt
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fibre reinforced PLA is very limited [28-30]. Liu et
al. [28] demonstrated that basalt fibres with the ade-
quate sizing can improve tensile, flexural and impact
strength of PLA more significant as plant fibres. It
was also found that by using 20 wt% of basalt fibres
and 20 wt% of ethylene-acrylate-glycidyl methacry-
late copolymer (EAGMA) the impact strength can
be further increased up to 34 kJ/m? from the origi-
nal value of PLA of 19 kJ/m? (unnotched Charpy
test results). Finally the authors stated that the fibres
are strongly bonded to the PLA because no gap was
found at the fibre-matrix interface. Kurniawan et al.
[29] used atmospheric pressure glow discharge
plasma polymerization as surface treatment of basalt
fibres and analysed the adhesion between the fibres
and PLA in hot pressed composites. It was found
that by increasing the plasma polymerisation time
the tensile strength of the composites increased
compared to PLA when the reaction time was higher
than 3 minutes. Although the plasma polymerised
fibres seem to be well wetted by the PLA, the ten-
sile strength was lower compared to results from
Liu et al. [28]. Finally Chen et al. [30] successfully
produced PLA based scaffolds reinforced with
basalt fibres. They proved that the basalt fibres
retard degradation rate of the scaffold, thus most
likely decrease inflammatory responses caused by
acidification. Moreover, basalt fibres did not notably
affect osteoblast viability and growth which means
that basalt fibre reinforced PLA scaffolds can be
potentially used in hard tissue repair.

According to these results basalt fibres seem to be a
good selection to reinforce PLA, because PLA
based composites with higher mechanical proper-
ties can be achieved compared to natural plant fibre
reinforcement. However, the widespread analysis of
the various mechanical, thermal, flow and dimen-
sional stability properties of injection moulded
basalt fibre reinforced PLA based composites can
be only partly found in the literature. Thus, this
paper focuses on the comprehensive usability analy-
sis of chopped basalt fibres with and without silane
treatment as potential reinforcing fibre for injection
moulded, renewable and natural resource based
PLA composites as high performance, durable engi-
neering materials.

2. Materials, processing and experimental
Semi-crystalline PLA injection moulding grade
resin was used for the measurements (type AI1001

from eSUN, Shenzhen, China, with a D-Lactide
content of 4%). It was dried at 120°C for 6 hours
prior to extrusion. A somewhat high drying temper-
ature was chosen, because according to our previ-
ous research [31] simply by using adequate drying,
significantly higher adhesion could be developed
between the phases, because the residual moisture
could induce degradation and it could also weaken
the adhesion between the fillers or fibres and the
matrix material. Chopped basalt fibres produced
with Junkers method from Kameny Vek (Dubna,
Russia) were obtained with the company’s own
silane treatment type KV-12 developed especially
for strong adhesion with polyesters. The average
diameter of the fibres was 13 um, while the initial
length was 10 mm. The fibres were also dried along
with the PLA resin to remove residual moisture.
Some of the basalt fibres were heated to 600°C to
remove silane sizing. The PLA pellets and the
treated and untreated (removed silane) basalt fibres
were dry blended and extruded by using a LabTech
Scientific twin screw extruder (Bangkok, Thailand)
(screw diameter = 26 mm, L/D = 40) equipped with
a 2 mm hole diameter die. A temperature profile of
175-180-185-190°C (from the hopper to the die)
was used with a screw rotational speed of 30 rpm.
5-10-15-20-30—40 wt% basalt fibre composites
were prepared with silane treatment (abbreviated as
5BS, 10BS, 15BS, 20BS, 30BS, 40BS) and 5-10-
15 wt% basalt fibre composites with removed treat-
ment for control (abbreviated as SBN, 10BN, 15BN).
The extrudates were pelletized and annealed (crys-
tallised) prior to injection moulding to avoid pro-
cessing problems (pellet sticking to the screw)
caused by cold crystallisation as reported in our
previous research [32]. The pellets were injection
moulded with an Arburg Allrounder 370S 700-250
injection moulding machine (Lossburg, Germany)
equipped with a 30 mm diameter, L/D = 25 screw.
The applied injection moulding parameters can be
seen in Table 1.

ISO standard dumbbell, three-point bending and
Charpy specimens with a cross-section of 4 x 10 mm,
and 80 x 80 mm area, 2 mm thick flat specimens
were injection moulded for the tests.

Tensile and three-point bending tests were per-
formed by using a Zwick Z020 universal testing
machine equipped with Zwick BZ 020/TN2S force
measuring cell with a force limit of 4 kN using a
cross-head speed of 5 mm/min. Charpy tests were
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Table 1. Injection moulding parameters

Injection moulding parameter Value

50 cm? (flat specimen)
Volume 44 cm? (tensile specimen)

42 cm? (bending specimen)

L Variable according to basalt

Injection pressure

fibre content
Switch-over point 12 cm?
Injection rate 50 cm?/s
Holding pressure 600 bar
Holding time 20s
Residual cooling time 30s
Screw rotational speed 15 m/min
Backpressure 30 bar
Decompression volume 5cm’
Decompression rate 5cm’/s
Temperature of the first zone 165°C
Temperature of the second zone 175°C
Temperature of the third zone 180°C
Temperature of the fourth zone 185°C
Temperature of the fifth zone 190°C
Temperature of the mould 20°C

performed with a Ceast Resil Impactor impact test-
ing machine equipped with a 15 J impact energy
hammer and a DAS8000 data collector unit. Both
notched (2 mm deep notch) and unnotched speci-
mens were also prepared for the impact tests; 15 and
6.21 J impact energy was used for the unnotched
and notched specimens respectively. All tests were
executed at room temperature and at a relative
humidity of 60%. 6 specimens were tested for each
measurement.

Melt flow index (MFI) measurements were made
by using a Ceast 7027.000 type melt flow indexer at
190°C with a load mass of 2.16 kg.

Differential Scanning Calorimetry (DSC) was made
on a TA Q2000 type calorimeter by using 3—6 mg of
the samples. Heat/cool/heat scans were registered
from 0 to 180°C with a heating and cooling rate of
5°C/min and nitrogen gas flow was used. Crys-
tallinity was calculated according to the theoretical
enthalpy of fusion of 100% crystalline PLA (93.0 J/g)
[33] by using Equation (1), where the basalt fibre
content was also taken into consideration:

Yo AH_ — AH_
~ AH (1 — a)
where X [%] is the crystallinity, AH, [J/g] and AH..

[J/g] is the enthalpy of fusion and the enthalpy of
cold-crystallisation, AHy [J/g] is the enthalpy of

100 (1)

fusion for 100% crystalline PLA and a [—] is the
mass fraction of basalt fibres.

Dynamic Mechanical Analysis (DMA) was per-
formed on a TA Q800 tester by using the injection
moulded three-point bending specimens and dual
cantilever. The dual cantilever was used in order to
obtain storage modulus information above glass
transition temperature (7). Amplitude of 20 pm with
a span length of 35 mm and a frequency of 1 Hz
were used from 0 to 160°C at a heating rate of
2°C/min.

Heat Deflection Temperature (HDT) was measured
by using a Ceast 6505/000 HDT analyser. Injection
moulded specimens with a cross-section of 4 x 10 mm
and support distance of 100 mm were used. The
specific load was 0.45 MPa and the heating rate
was 2°C/min. The HDT value is obtained when the
deflection reached 0.33 mm.

Dimensional stability of the injection moulded,
2 mm thick flat specimens were analysed by plac-
ing them into a heated oven and measuring the flow
directional dimensional changes due to increasing
temperature. The specimens were placed on a flat
glass plate so as to get only dimensional changes
and no deflection. The oven was heated to 40, 50, 60,
80, 100 and 120°C for 30 minutes and the dimen-
sions of the specimens were recorded after cooling
them to room temperature. These dimensions were
compared with the dimensions recorded at room
temperature prior to heating by using Equation (2):

==

D 100 2)
where D [%] is the dimensional change, Ly [mm]
and L, [mm] are the in-flow length of the specimens
measured before and after the 30 minute heating
process respectively.

The deflection of the specimens was also measured
by using the flat specimens placed in the same
oven, but in a cantilever to be loaded by their own
weight.

Finally, scanning electron microscopy (SEM) was
performed by a Jeol JSM 6380LA type electron
microscope. The fracture surfaces of the tensile
specimens were used for the observations. Prior to
observation, Au/Pd alloy was sputtered onto the
surface to avoid electrostatic charging.
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3. Results and discussion

3.1. Melt flow index analysis

Prior to injection moulding, the melt flow index of
the basalt fibre reinforced PLA composites was
analysed (Figure 1).

It is found that by the incorporation of basalt fibres
the MFI values decreased, what was expected, at
the same time above 15 wt% the MFI values did not
change essentially. This could be explained by the
increased MFI of the PLA phase itself which com-
pensated the MFI decreasing effect of the fibres.
The increased MFI of PLA was possibly due to
increased shear caused by the higher amount of
fibres and due to higher residence times caused by
lower output of the extruder during melt blending.
It is also worth to note that by using silane treated
basalt fibres the MFI values decreased more com-
pared to untreated basalt fibre composites. This dif-
ference could be related to the adhesion between
the fibres and the matrix and thus it suggest better
compatibility between silane treated basalt fibres
and PLA than between untreated basalt fibres and
PLA presumably because the basalt fibres are dis-
tributed more uniformly — due to the silane treat-
ment — in the melt, which thus becomes more vis-
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Figure 1. Melt flow index of the basalt fibre reinforced
PLA composites

3.2. Mechanical properties

The mechanical properties of the injection moulded
specimens were analysed by using quasi-static ten-
sile and three-point bending tests and notched and
unnotched Charpy impact tests. The tensile strength
and the tensile modulus results can be seen in (Fig-
ure 2, Figure 3). Note that standard deviation is pre-
sented in all of the diagrams in the entire paper,
however, in most cases it is so low, that the mark-
ings overlie it.
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Figure 2. Tensile strength of the basalt fibre reinforced PLA
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Figure 3. Tensile modulus of the basalt fibre reinforced
PLA composites

It is obvious according to Figure 2 and Figure 3 that
silane treated basalt fibre composites have superior
mechanical properties (higher strength, the same
order of magnitude of modulus) compared to the
untreated basalt fibre composites, thus by using the
silane treated basalt fibres, the composites reached
a tensile strength of 123 MPa, a tensile modulus of
over 8 GPa at the cost of minimal (0.6%) reduction
of strain (measured but not presented). It was found
that by increasing basalt fibre content both tensile
strength and tensile modulus increased linearly in
the 0-30 wt% basalt fibre content range. Moreover,
it is also worth to note that there is low difference
between the strength and modulus of 30 and 40 wt%
silane treated basalt fibre reinforced PLA compos-
ites thus compared to 30 wt% basalt fibre content
by adding another 10 wt% did not have significant
reinforcing effect which suggest that at 40 wt%
major fibre brakeage occurred probably caused by
the fibre-fibre friction due to the increased amount
of fibres.

The three-point bending tests show similar result
compared to tensile tests (Figure 4, Figure 5).

The composites reached a flexural strength of
185 MPa and a flexural modulus of over 12 GPa.
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Figure 4. Flexural strength of the basalt fibre reinforced
PLA compositesb
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Figure 6. Charpy impact strength (notched) of the basalt
fibre reinforced PLA composites
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Figure 7. Charpy impact strength (unnotched) of the basalt
fibre reinforced PLA composites

Correspondingly to tensile properties, the flexural
properties were also linearly related to the basalt
fibre content in the range of 0-30 wt% basalt, and
the possible fibre breakage can also be observed in
the flexural strength of the 40 wt% basalt fibre con-
tent composite, as it is almost the same as the flex-
ural strength of the 30 wt% basalt fibre content
composite. Finally, the notched (Figure 6) and
unnotched (Figure 7) Charpy impact tests revealed
that the critically low impact strength of PLA, espe-
cially for engineering applications can be signifi-
cantly increased by the incorporation of basalt
fibres.

By incorporating 30 wt% basalt fibres the notched
and unnotched Charpy impact strength of PLA of
2.7 and 23.0 kJ/m? increased to 9.3 (by 244%) and
38.3 kJ/m? (by 67%) respectively. Charpy impact
test results as well as tensile and bending test results
also confirm that above 30 wt% basalt fibre content
no significant reinforcing effect can be achieved
due to probably increased fibre breakage.

All of the above mentioned mechanical properties
increased more or less linearly to the basalt fibre
content in the range of 0-30 wt% basalt fibre con-
tent range, which is demonstrated by using linear
regression. The coefficients for the regression can
be found in Table 2.

The mechanical properties of the injection moulded
composites are better compared to results from Liu
et al. [28] by 12, 25 and 53% according to tensile,
flexural and Charpy impact strength respectively at
same basalt fibre content (40 wt%) and also better
compared to result from Kurniawan et al. [29] by
24 and 143% according to tensile strength and ten-
sile modulus at same basalt fibre content (25 wt%
(note that 25 wt% basalt fibre content composite
was not fabricated in this research, but due to the
highly linear relationship, the properties were deter-
mined by interpolation)). The reason for the better
properties can be found in the higher drying tem-

Table 2. Linear regression coefficients for the mechanical
properties between 0-30 wt% basalt fibre content

Mechanical property Gradient R?
Tensile strength 1.77 MPa/basalt wt% 0.99
Tensile modulus 151.2 MPa/basalt wt% 0.99
Flexural strength 2.44 MPa/basalt wt% 0.98
Flexural modulus 209.5 MPa/basalt wt% 0.96
Charpy impact strength 0.227 [k)/m*]/basalt wt% | 0.97
(notched)

Charpy impact strength 0.518 [kJ/m?]/basalt wt% | 0.94
(unnotched)
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perature of PLA prior to processing as it is pub-
lished in our former research [31]. Moreover, these
results indicate that the basalt fibre reinforced PLA
could be used as durable engineering composite
materials, because the developed composite has
similar mechanical properties to Polyamide 6 (PA6)
reinforced with 15 wt% glass fibre. A further advan-
tage of the developed composite is, that the above
mentioned high mechanical properties can not only
be achieved by using long fibres and slow technolo-
gies like film-stacking to produce only flat-like
products (as is was mentioned in the introduction in
the case of plant fibre reinforced biocomposites),
but by injection moulding, which is the most versa-
tile thermoplastic processing technology to produce
complex, 3D shaped engineering parts with high
dimensional accuracy and low cycle times.

388 10 um BME-PT

3.3. Scanning electron microscopy

Scanning electron microscope (SEM) observations
were made on the fracture surface of tensile speci-
mens to evaluate the adhesion between the phases
(Figure 8, Figure 9). On the fracture surface of the
15 wt% basalt fibre reinforced PLA composites
without treatment basalt fibres with smooth surface
can be observed, which represents inadequate fibre
wetting, and moreover a gap between the matrix
and the root of the fibres can also be seen in the
untreated basalt fibre reinforced composites, which
indicates weak adhesion as it could already be seen
in the mechanical properties (Figure 8a). On the
fracture surface of the composite with the same
amount of basalt fibres but with silane treatment,
much stronger adhesion can be observed which is
denoted by the absence of gap between the fibres

10 um EME-FT

b)

Figure 8. Cross-section of untreated (a) and treated (b), 15 wt% basalt fibre reinforced PLA composite

%, J

EME-FT

=1= 10 um

a)

Figure 9. Cross-section of 20 wt% (a) and 40 wt% (b) silane treated basalt fibre reinforced PLA composite
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and the matrix, and by the wetting of the fibre by
PLA (Figure 8b).

For the 20, 30 and 40 wt% silane treated basalt fibre
reinforced composites (Figure 9), also strong adhe-
sion was found.

On the surface of the silane treated fibres a clear
PLA layer can be found which represents excellent
adhesion. These results are again better compared
to literature data (Liu et al. [28]), where the surface
of the basalt fibres were smooth and poorly wetted
in spite of the reinforcing effect. Good quality wet-
ting was achieved by Kurniawan et al. [29] by using
plasma treatment of the basalt fibres, however only
basalt fibre reinforced PLA composites were pro-
duced with lower mechanical properties compared
to our results.

3.4. Differential scanning calorimetry

Differential scanning calorimetry (DSC) was per-
formed by using 3—6 mg samples taken out from the
middle of the cross section of the injection moulded
specimens. The cooling DSC scans registered at a
cooling rate of 5°C/min are presented in Figure 10.
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Figure 10. Cooling scan of 5-10-15-20-30-40 wt% basalt
fibre reinforced composites

It can be seen that pure PLA only slightly crys-
tallises and the specimens become transparent during
cooling from melt what is a common phenomena
according to its very slow crystallisation kinetics,
especially when using high cooling rate technolo-
gies like injection moulding, thus the material of the
pure PLA specimens are to be further referred in the
paper as amorphous PLA. At the same time the
silane treated and not treated basalt fibres both had
nucleating effect which is represented by the higher
and higher exothermic peak found around 100°C
with increasing basalt fibre content. This statement
is supported by the quantitative evaluation of the
DSC results (Table 3). The crystallinity of the injec-
tion moulded samples was calculated by the first
heating scan and by using Equation (1), while the
crystallinity of the samples cooled at 5°C/min was
calculated by using the second heating scan.

It is found that at and above 20 wt% basalt fibre
content the nucleating effect of the fibres was enough
to develop significant and at the same time the max-
imum possible crystallinity for PLA, which is around
40-45%. However, this statement is only valid for
crystallinity values obtained from the cooling and
second heating DSC scan where the cooling and
heating rate was set to 5°C/min, while the crys-
tallinity of the injection moulded specimens obtained
from the first heating scan was naturally much
lower, but still significant; around 19% due to the
high cooling rates during processing. Nevertheless,
the nucleating effect of basalt fibres suggest that by
using further nucleating agents like talc and/or
lower cooling rates during processing presumably
basalt fibre reinforced semi-crystalline PLA can be
produced which has an enormous advantage accord-
ing to its crystallinity compared to amorphous PLA
what is represented in the much higher heat deflec-

Table 3. Crystallinity of basalt fibre reinforced PLA composites

Material Crystallinity of the injection Crystallinity of the samples Crystallisation peak
moulded samples [%] cooled at 5°C/min [%] temperature [°C]
Amorphous PLA 1.1 3.0 -
SBN 8.5 21.6 96
SBS 4.0 25.6 99
10BN 10.6 20.9 96
10BS 14.0 24.4 97
15BN 17.2 23.1 97
15BS 17.5 21.1 97
20BS 18.7 429 100
30BS 19.0 442 100
40BS 18.5 44.8 100
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tion temperature and thus it would be much more
suitable for engineering applications.

3.5. Dynamic mechanical analysis

Dynamic mechanical analyses (DMA) were per-
formed to examine the usability of the developed
composites in the temperature range of 0—160°C
and especially in the critical range above T;,. Due to
the slow crystallisation of PLA, it remains mostly
amorphous during injection moulding, thus the dra-
matic drop in storage modulus at 7;, and the increase
in storage modulus caused by cold-crystallisation in
the temperature range of 80—120°C can be observed
(Figure 11).

Naturally the basalt fibres increase the storage mod-
ulus; the silane treated basalt fibres increased it
more significantly than the untreated ones due to
the better adhesion proved previously by the SEM
and mechanical test results. It can also be seen that
the nucleating effect of basalt fibres at and above
20 wt% basalt fibre content observed by DSC was
not enough to develop significant crystallinity in
PLA during injection moulding to avoid the dra-
matic drop in storage modulus at T, thus this high
storage modulus loss still can be observed for all of
the basalt fibre reinforced composites (Figure 12).
For further analysis the DMA curve of semi-crys-
talline PLA (C-PLA) was also registered (semi-crys-
talline PLA sample was made by annealing at 120°C
for 1 hour to gain maximum possible crystallinity).
By using 40 wt% silane treated basalt fibres, the
storage modulus above 7, was only reduced to the
same order of magnitude as the storage modulus of
semi-crystalline PLA (Figure 13), which is impor-
tant because semi-crystalline PLA has a HDT value
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Figure 11. Storage modulus of amorphous PLA (PLA), and
5-10-15 wt% basalt fibre reinforced composites
with and without silane treatment
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Figure 12. Storage modulus of amorphous PLA (PLA) and
5-10-15-20-30-40 wt% basalt fibre reinforced
composites with silane treatment
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Figure 13. Storage modulus of amorphous PLA (PLA),
semi-crystalline PLA (C-PLA) and 20-30-40 wt%
basalt fibre reinforced composites with silane
treatment

of 127°C and considered as heat resistant compared
to amorphous PLA, which has a HDT value of
54°C.

However, semi-crystalline PLA still has, but only
slightly higher storage modulus in the range of 58—
76°C than the 40 wt% basalt reinforced composite.
The storage modulus values of PLA, semi-crys-
talline PLA and the basalt fibre reinforced PLA
composites at 40, 120°C and the most critical and
lowest storage modulus values between 70-80°C
(above T, but before cold-crystallisation) can be
seen in Table 4.

It can be seen that by the incorporation of basalt
fibres, the storage modulus increased linearly to
reinforcement content and reached an around three-
times higher modulus at 40°C and ten-times higher
modulus at 120°C. By using linear regression it was
found that the storage modulus at 40°C increased
with a gradient of 114.0 MPa/basalt wt% content
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Table 4. Storage modulus vales of amorphous PLA, semi-crysatlline PLA and basalt fibre reinforced PLA composites

Material Storage modulus at 40°C Storage modulus at 120°C Lowest storage modulus

[MPa] [MPa] between 70-80°C [MPa]
Amorphous PLA 2390 140 5 (at 74°C)
Semi-crystalline PLA 2490 130 250 (at 70°C)
SBN 2900 190 7 (at 73°C)
SBS 2920 290 12 (at 72°C)
10BN 3130 250 9 (at 72°C)
10BS 3380 420 18 (at 73°C)
15BN 3600 360 14 (at 73°C)
15BS 4000 590 31 (at 73°C)
20BS 4500 780 45 (at 72°C)
30BS 5900 1200 109 (at 72°C)
40BS 7030 1430 166 (at 71°C)

(R?>=0,99), while the storage modulus at 120°C
increased with a gradient of 32.9 MPa/basalt wt%
content (R?>= 0,99) according to silane treated
basalt fibres.

3.6. Dimensional stability

Dimensional stability of the basalt fibre reinforced
PLA composites was examined by placing them
into a heated oven and measuring the changes in flow
directional (longitudinal) dimensions after heating
by using Equation (2). Naturally, it is found that
basalt fibres restrain deformation, and it can be
observed that the main deformation occurs above
T, which is caused by the specific volume change
due to cold-crystallisation (Figure 14).

It is again found that basalt fibres with silane treat-
ment are much more effective than untreated basalt
fibres, this time in reducing deformation. With
increasing silane treated basalt fibre content, the
longitudinal deformation of PLA of 5.9% was
reduced to 2.6, 1.6, 1.1, 0.7, 0.5 and 0.5% according
to 5-10-15-20-30-40 wt% basalt fibre content
respectively (Figure 15).
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Figure 14. Longitudinal deformation of PLA and 5-10—
15 wt% basalt fibre reinforced composites with
and without silane treatment

The dimensional stability of the specimens was also
analysed with another method by placing them in a
cantilever and registering the deflection caused by
the increasing heat and the own weight of the spec-
imens. It was observed that the deflection of the pure
PLA was significantly reduced (Figure 16), thus by
incorporating basalt fires, the dimensional stability
of the specimens highly increased.

It is again demonstrated that silane treated basalt
fibres were much more effective than untreated
fibres in reducing the deflection of the specimens.
By using the same amount of basalt fibres, silane
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Figure 15. Longitudinal deformation of PLA and 5-10-15—
20-30-40 wt% basalt fibre reinforced compos-
ites with silane treatment
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Figure 16. The deflection of the basalt fibre reinforced PLA
composites
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Figure 17. Deflection of the PLA, 15BN, 15BS specimens
(from left to right) at 120°C

Figure 18. Deflection of the 20BS, 30BS, 40BS specimens
(from left to right) at 120°C

treated basalt fibres reduced the deflection of PLA
of more than 40 to 17 mm, while untreated basalt
only reduced the deflection to 32 mm. 20, 30 and
40 wt% silane treated basalt reduced the deflection
to 9, 5 and 5 mm respectively as it can be observed
in Figure 17 and Figure 18.

As it can be seen, the PLA, 15BN and 15BS com-
posites were highly deformed, while the deflection
of the 30BS and 40BS composites was minimal;
these latter can be considered as dimensionally sta-
ble up to 120°C.

3.7. Heat deflection temperature analysis

For further analysis of the dimensional stability
standardised heat deflection temperature (HDT)
tests were performed. The standardised HDT analy-
sis with a support distance of 100 mm only allows
0.33 mm deflection of the specimens which puts up
for much stricter requirements than our dimensional
stability test discussed previously. Due to these strict
requirements, HDT was only increased by from 54
to 59°C by using 40 wt% of silane treated basalt
fibres. At the same time the DMA and dimensional
stability test results confirm that 30—40 wt% basalt
fibre reinforced PLA specimens were almost unde-
formed and nearly passed over the critical 60—-80°C
temperature range where the modulus drops and
cold-crystallisation not yet commences. If the stiff-
ness of the PLA can be kept above a certain level in
the mentioned critical temperature range, then in
the higher temperature range cold-crystallisation
could ensure a HDT value of an at least 120°C.

4. Conclusions

In our work the usability of a novel natural fibre,
the volcanic rock based basalt fibre was examined
as a potential reinforcement for the most promising
renewable resource based biodegradable polymer,
the poly(lactic acid) (PLA) as well as the compre-
hensive analysis of basalt fibre reinforced PLA injec-
tion moulded composites was performed. 5-10—15—
20-30-40 wt% silane treated and 5-10-15 wt%
untreated basalt fibre reinforced composites were
produced by using extrusion and injection mould-
ing. According to our previous results on starch
filled PLA, high drying temperature was used
(120°C) to remove the smallest remnants of mois-
ture, which could typically highly deteriorate the
adhesion between the phases. As a result silane
treated basalt fibre reinforced PLA composites were
produced with higher mechanical properties com-
pared to literature. By incorporating 40 wt% silane
treated basalt fibres into PLA, a composite was fab-
ricated with a tensile and flexural strength of 124
and 185 MPa, a tensile and flexural modulus of more
than 8 and 12 GPa and a Charpy impact strength of
9.5 kJ/m? (notched) and 38.4 kJ/m? (unnotched)
respectively. By using scanning electron microscopy
strong adhesion was observed between the phases,
and excellent wetting of the silane treated basalt
fibres was seen, which is again much better com-
pared to literature results. It was found by using dif-
ferential scanning calorimetry that basalt fibres
have nucleating ability on PLA, however, semi-
crystalline PLA samples with the possible maxi-
mum crystallinity of 40-45% could only be made by
using low cooling rate (5°C/min) and at least 20 wt%
basalt fibre content. By using injection moulding,
and thus high cooling rate, the crystallinity of the
basalt fibre reinforced PLA composites reached a
lower, but still significant value of 19%. Besides
nucleating ability of the basalt fibres, they effec-
tively reduced the deformation and deflection caused
by increasing temperature making it a more or less
dimensionally stable composite up to 120°C. Accord-
ing to the DMA results, by incorporating the basalt
fibres the storage modulus at 40 and at 120°C
became three-times higher and ten-times higher
compared to the storage modulus of amorphous
PLA respectively. Moreover the storage modulus of
the 40 wt% basalt fibre reinforced PLA was in the
same order of magnitude of a semi-crystalline PLA
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in the critical temperature range of 60—80°C (where
amorphous PLA products distort), which is a rele-
vant result, because semi-crystalline PLA has a heat
deflection temperature (HDT) of more than 120°C
and considered as heat stable. At the same time, the
storage modulus of semi-crystalline PLA (250 MPa)
was still somewhat higher than 40 wt% basalt fibre
reinforced PLA (166 MPa) at 70°C and as a result,
by using basalt fibres the standard HDT value only
increased from 54 to 59°C. This could be related to
the strict HDT test condition requirement which
allows only very small deflection, although the sig-
inifcant impovement in dimensional stability in the
case of 30 and 40 wt% basalt fibre reinforced com-
posites compared to PLA was demonstrated. If the
stiffness of the basalt fibre reinforced PLA compos-
ite can be kept above a certain level and it could
pass over the mentioned critical temperature range
undeformed, then in the higher temperature range
cold-crystallisation could ensure a HDT value of an
at least 120°C. Nevertheless, probably by using fur-
ther nucleating agents like talc and/or slow cooling
rate during processing basalt fibre reinforced semi-
crystalline PLA composites with a heat deflection
temperature of more than 120°C can be produced,
which is much more suitable for engineering appli-
cations. Finally it was demonstrated that it is possi-
ble to produce basalt fibre reinforced PLA compos-
ites from renewable and natural resources with
excellent mechanical properties not only by using
low productivity technologies like film-stacking
method not to damage the fibres but by using produc-
tive extrusion and injection moulding technologies
suitable for manufacturing highly accurate, com-
plex, 3D shaped and durable engineering parts with
low cycle times.
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Abstract. A study on free nanohole volumes in particulate epoxy matrix composites as a function of the aluminum particles
content is presented. Specifically, the influence of the filler content in the epoxy matrix on the nanohole volume is analyzed
in terms of the mechanical and morphological properties of the composites fabricated. Nanoholes data were measured using
positron annihilation lifetime spectroscopy recently published by the authors. Applying the Park-Earmme micromechanical
model, these data are interpreted in terms of the thermal stresses generated during the curing process applied during fabri-
cation. Some input parameters of the model were experimentally obtained. In order to obtain a satisfactory description of
the evolution of the free nanohole volume in the whole range of filler contents, a contribution due to the matrix-particle
interphases is taken into account in the micromechanical model. To this aim, specific information on the interphases was
obtained using atomic force microscopy (AFM), scanning electron microscopy (SEM), differencital scanning calorimetry

(DSC) and a free-constraint analysis of the positron lifetime data.

Keywords: polymer composites, epoxy, free volume, positron annihilation

1. Introduction

The use of polymer matrix composites in different
technological applications is of interest due to their
very good mechanical properties, long life in serv-
ice and optimization of cost. The different applica-
tions of a composite determin the different kinds
and geometries of the inclusions (i.e., fillers) as
well as of the polymeric matrix. Specifically, many
epoxy matrix composites filled with inorganic par-
ticles composites have been developed. These sys-
tems have been extensively studied in order to under-
stand the influence of inorganic particles added to the
matrix on properties of these composites (mechani-
cal, thermal, optical, etc.) [1].

*Corresponding author, e-mail: stognana@exa.unicen.edu.ar
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Epoxy matrix composites are fabricated performing
a cure treatment at high temperature of the resin
with the addition of a specific hardener and parti-
cles used as filler. This process mainly defines the
network structure and, consequently, the final prop-
erties of a composite [2]. As an example, strong
residual stresses can be generated during curing as a
consequence of the thermal and mechanical mis-
matches between the constituent phases of the com-
posite.

The residual stresses have been studied for some
decades, using experimental and theoretical tools.
In this last case, different theories and calculation
methods have been developed. In particular, Eshelby
[3] proposed a method to calculate the stress field
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around an anisotropic particle embedded in a matrix
of a general composite. Selsing reported [4] a sim-
ply equation for the residual stresses around a sin-
gle inclusion in ceramic-based composites. Besides,
a generalized self-consistent method was proposed
and extensively used for the investigation of the
physical properties of two-phase composites [5]. In
particular, Park and Earmme [6] used some of these
methods to investigate the residual stresses pro-
duced by a temperature variation during the manu-
facturing process of metal-matrix composites.
These methods have also been applied to polymer-
matrix composites [7, 8].

On the other hand, besides the residual stresses, the
inclusion of particles in a polymeric matrix can
generate other structural changes in the material. In
composites, the filler-matrix interphases (i.e. a region
around the surface between the constituent phases
of the composites) have different characteristics
with respect to the matrix. In fact, around the inclu-
sion surface there is a region where the local prop-
erties are different of the bulk matrix properties [9].
In the interphase region from the matrix to the filler
such differences become gradual. In polymers, these
interphases can be formed during the curing process.
However, the nature of the interphase remains as a
field of research. The existence of this so-called
third phase can influence in an important way the
total properties of the composite. This concept was
particularly developed in a three phase model that
allowed the study of the mechanical properties in
polymer matrix-metal particles composites [10]. In
epoxy matrix composites, residual stresses and the
interphase formation have experimentally been
studied using different techniques [11]. However, it
is difficult to find a proper technique that allows the
study of both processes at the same time.

Some of the authors of the present work have stud-
ied the influence of the residual stresses on the free
volume in polymer-matrix composites, taking advan-
tage of the high specificity of Positron Annihilation
Lifetime Spectroscopy (PALS) [8, 12, 13]. PALS is
practically the only experimental technique that
allows to directly measure the size of nanohole
forming the free volume [14].

According to the common interpretation of PALS
spectra in polymers, the nanoholes sizes /iy can be
directly estimated using a well-recognized semi-
empirical equation through the long-lived lifetime
component, attributed to ortho-Ps (ortho-Positron-
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ium) annihilation by pick—off trapped in the free
nanohole volumes [14, 15]. This lifetime 7, p; com-
ponent is usually used as the experimental input and
by means of a simple quantum mechanical model
the radius of the nanohole can be obtained from

Equation (1) [14, 15]:
1 27R \|!
Geraa) o

R
R+oR 27"

in which JR is the thickness (0.166 nm) of the elec-
tron layer that constitutes the wall of the nanohole
and can overlap with the o-Ps wave function. The
nanohole volume can be computed as Vi = 4nR3/3.
It should be emphasized that the free volume is a
concept used to explain the variation of several
properties of a polymer under changes of tempera-
ture or pressure [16]. Also, it has been related to the
structure and reticulation of the polymeric chains
[17, 18]. However, the results obtained in those
materials cannot be directly linked with the phe-
nomena studied in the present work.

In this work, we go deeper into the analysis of exper-
imental PALS results we reported in [13] on the vari-
ation of the free nanohole volume in particulate
epoxy matrix as a function of the aluminum particles
content. As a result, it was found that the free vol-
ume depends on the thermal residual stresses and the
interphase formation in the fabricated composites
containing different filler contents (from the blank
epoxy resin to 30%). For the analysis of the experi-
mental data, it was necessary to utilize different
well-known micromechanical models as well as
specific experimental techniques. The procedure
we followed in approaching the objective of the
present work was developed in different steps.
Firstly, a micromechanical model, based on differ-
ent approximations reported in the literature, allowed
us to obtain the residual stresses generated into the
composite matrix as a consequence of the addition
of inclusions. In order to calculate the stresses val-
ues as a function of the filler content, previously
reported values of the Young modulus, obtained by
authors of the present work using the impulse exci-
tation technique (IET), were used as input parame-
ters into the micromechanical model. However,
when the inclusion volumetric fraction was higher
than 15% this model failed in describing the behav-
ior of the experimental free nanohole volume data.
Therefore, in a second step the influence of the
inclusion-matrix interphases on the free nanohole
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volume in the different composites fabricated was
added to the model mentioned taking into account
two contributions to the free nanohole volume; i.e.
matrix and interphases. To this aim, experimental
information regarding interphases was obtained
using atomic force microscopy (AFM) and differ-
ential scanning calorimetry (DSC). These results
were then used into a reformulated micromechani-
cal model allowing a satisfactory description of the
free nanohole volume in the whole range of the
filler content. It is important to emphasize that a
quantitative analysis on the contribution of the
inclusion-epoxy matrix interphases to the free
nanohole volumes is one of the most important con-
tributions of this work to the literature, as well as a
comprehensive discussion on the variation of the
nanohole volume when different amounts of inor-
ganic filler are added to the epoxy matrix of the
composite.

2. Experimental

2.1. Sample preparation

The composites studied were prepared using as
matrix diglycidyl ether of bisphenol A (DGEBA)
epoxy resin, cured with an anhydride (MTHPA) and
an accelerator (tertiary amine). DGEBA (100 pbw)
and MTHPA (90 pbw) were mixed and stirred at
room temperature in vacuum during 30 minutes.
Then, the accelerator (0.7 pbw) was added and the
mixture was stirred again during 5 minutes under
vacuum. Finally, a required amount of aluminum
particles was added and the mixture was stirred
under vacuum until to reach a good dispersion of
the particles in the resin. The compound was poured
in a Pyrex tubular mold and kept in horizontal posi-
tion in a tubular oven.

With the help of a device especially developed a
rotation was imposed to the molds in order to avoid
the settling down of the aluminum particles during
the curing. In the curing process, the mixture was
heated up to 393 K with a 0.8 K/min rate, and at the
end of the heating process, the samples were kept at
a constant temperature (393 K) for 14 h. The com-
posites were prepared using aluminum powder with
particle diameters between 106 and 125 pm and
with a filler volume fraction, ¢, ranging from 0 to
30% in 5% steps. More details about the prepara-
tion process are given in [8, 12].

For microscopy measurements, the samples were
cut using a low speed diamond saw and then pol-

ished in several steps, starting with 1200 grit grind-
ing paper followed by 3 and 1 um diamond parti-
cles and 0.3 and 0.05 um alumina particles/water
suspensions.

2.2. Atomic force and scanning electron
microscopies

SEM images were taken with a FE-SEM, Zeiss
DSM 982 Gemini microscope.

AFM tests were carried out in tapping mode in a
Digital Instruments Nanoscope III. The tests were
performed using a single beam cantilever provided
by an etched silicon nitride probe, in a nitrogen
atmosphere. During the scanning, the topography
and phase shifts, 7.e., changes in the phase angle of
vibration respect to the phase angle of the freely
oscillating cantilever, were simultaneously recorded.
The phase image allows revealing differences in
surface properties of the material which in nature
are currently qualitative. The AFM data were ana-
lyzed by using the WSxM 3.0 software [19].

3. Results and discussion

3.1. PALS

In Figure 1, the variation of the average free nano-
hole volume as a function of the filler volume frac-
tion is shown. Though these data were already pub-
lished in a previous work [13], in order to facilitate
the reading and put major emphasis in the key
issues of the present work, we decided to present
them and to give a brief analysis of the experimen-
tal data again. As can be seen, there is a complex and
non-monotonic behavior of Vg when ¢ increases.
To analyze it, the plot was divided into three regions:
in the first, when the filler content is lower than
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Figure 1. Average free nanohole volume as a function of
the filler content measured, using positron annihi-
lation lifetime spectroscopy (after [13])
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10%, Vy rapidly decreases when the filler content
increases; in the second region, an increment of Vg
until ¢ reaches a value around 15%; and for higher
volume fractions (third region) the average free
nanohole volume decreases, initially in a slight way
and then in a more noticeably mode.

A similar behavior has been previously reported
and discussed by some authors of the present work.
In that paper, Goyanes et al. [8] discussed the results
obtained in terms of the average thermal stresses
occurring in the matrix as a consequence of the
thermal mismatch due to the presence of filler parti-
cles. However, the authors could only explain the
Vy decreasing behavior for the first region (i.e., till ¢
values up to 10—15%) of the curve above described.
To go further into the analysis of the data presented
in Figure 1 and taking as a starting point the previ-
ous work of Goyanes et al. [8] and Tognana et al.
[13], it was necessary to obtain additional experi-
mental evidences. Besides, a deeper analysis of the
data using well-known micromechanical models
was carried out. Specifically, experimental informa-
tion obtained using calorimetric and mechanical
properties measurements was used as input parame-
ters in such models.

In the following sections, different contributions to
solve the same original problem, specifically to
explain the behavior of the free nanohole volume
against the filler content in the whole volume frac-
tion range, are given.

3.2. Thermal residual stresses around a
particle
It is well-known that during the fabrication process
of the composites, strong residual stresses are pro-
duced when cooling the material from the cure tem-
perature to that of service. These residual stresses
are caused by the difference between the coeffi-
cients of thermal expansion (CTE) of the matrix
and the inclusion as well.
Selsing [4] calculated the residual stresses, induced
by a change in the temperature (A7), produced
around a single spherical inclusion of radius r¢
imbedded within an infinite isotropic elastic matrix.
In order to analyze the stresses above mentioned,
the radial stress in the matrix is can be calculated
by Equation (2):

M — e\’
Oy = — P<I"> (2)

where P is the hydrostatic pressure in the inclusion
and r is the distance since the center of the inclu-
sion. The value of P can be obtained using the fol-
lowing Equation (3) [4]:
P (CTE,, — CTE,)AT 3)
1+vy, 1-2w
2E,, " E;

where CTE is the coefficient of thermal expansion,
and the subscripts M and F refer to the matrix and
the particle, respectively. In the inclusion, the radial
stress is independent of the » parameter (see Equa-
tion (4)), so Selsing [4] concluded that:

of = —P 4)
On the other hand, the tangential component of the
residual stresses in the matrix as well as in the inclu-

sion can be calculated as shown by Equations (5)
and (6) (for details see [4]):

P(r\?
ol =l = z(r) ©
Oy = 0py = — P (6)

In a composite containing a high amount of parti-
cles in the matrix, if the stress fields around each
particle do not overlap each other both components
of the residual stresses are used. In such a sense,
from a study on ceramic matrix composites [20] it
was reported that the above expressions for the
residual stresses were valid for composites contain-
ing up to approximately 15% of filler volume frac-
tion. Taking into account that result, we could con-
clude that the use of a simple model like that pro-
posed by Selsing [4] is not enough to obtain reliable
information on the evolution of the residual stresses
in our composites. The filler content is higher than a
limit given by the overlapping of the stress fields of
the individual particles we have found to be around
15%. For this reason, from the micromechanical
point of view we have used other models which
allowed us to obtain a satisfactory description of the
realistic problem we were dealing with. In the next
two Sections they are discussed in detail.

3.3. Average thermal stresses
To go further into the analysis of the thermal stresses
present in a composite, in this Section we will dis-

123



Tognana et al. — eXPRESS Polymer Letters Vol.7, No.2 (2013) 120-133

cuss them in terms of the existence of a higher
amount of inclusions into the materials.

Park and Earmme [6] modeled the thermal residual
stresses using the generalized self-consistent method
proposed by Christensen and Lo [5] to study other
properties of a general kind of particulate materials.
Basically, a spherical inclusion is considered to be
perfectly bounded to a spherical shell which is
embedded in an effective medium. The radius of the
inclusion and the shell are r¢ and 7y, respectively.
Then, (r¢/ry)* represents the filler content, ¢. In the
model, it is assumed that the mechanical and ther-
mal properties of the effective medium are in-
between that corresponding to the matrix and that
of the inclusion. As a result, Park and Earmme esti-
mated the stresses in the three regions (i.e., matrix,
particles and effective medium). In particular, they
reported that the stress into the matrix is given by
Equations (7) and (8):

12K et 12K,,eM 3
o= ’(I—H(rf)j)Jr““(HlﬂV(rf))
D r D r

(7
12K Sil? 7
oM = o'%):iDF ’(1 +11(rf>3> +

IZKMS%]Y[ o\
+(111 —1V(>) (8)
D r

(other components = 0), where:
I'=3Kmg(Gyv — Go)

1= Gu(3Ky +4Ge)

I =3Kpd(Gc — Gm) — Ge(3Kr +4Gy)
1V =Gu(3Kr +4Gc)

D= (3K +4Gm)(3Km +4Gc) —
— 12¢(Gc — Gm)(Kr — K1)

gg = (CTE]: - CTEC)ATé‘ij
M = (CTEy — CTEQ)ATS;

K being the bulk modulus and G the shear modulus.
The subscripts M, F and C refer to the matrix, parti-
cle and effective medium, respectively. In our case,
we have assumed that the properties of the effective
medium are those of the composite. In this work, it
was considered that the temperature change AT was
100 K.

Particle

o oo Epoxy

Figure 2. Schematic description of the stress fields acting
on the filler and the matrix in a particulate com-
posite

Specifically, for aluminum microparticles as used
in the present work Kg>Ky, Gg> Gy and CTEy >
CTEy, and, then, a particle is subjected to a com-
pression radial stress ot from the epoxy matrix. On
the other hand, the shell of the matrix suffers two
kinds of stresses: one representing the radial com-
pression of the effective medium; and another cor-
responding to the radial tensile caused by the parti-
cle. A schematic description of the nature of each
stress fields acting on the particle (aluminum inclu-
sions in this work) and in the epoxy matrix is pre-
sented in Figure 2. During the cooling process from
the cure temperature of the composite, compressive
stresses operate on the particle. This kind of stress
is homogeneous for all particles. Conversely, the
strength of stresses present in the matrix diminishes
when the distance to the particle increases.

It is known that the chemical shrinkage a polymer
suffers during the cure process can also produce
residual stresses; however, this contribution is usu-
ally neglected since at this stage of the cure process
the elastic properties of the matrix are poor. So, to
analyze and discuss the data in the present work we
only have taken into account the contribution to the
stresses coming from the thermal properties of the
phases forming the different composites.

Equations (7) and (8) were parameterized in terms
of the distance to the center of the particle 7. In this
way, those radial and the tangential stress compo-
nents which are independent of » (terms / and /// in
the equations above mentioned) have the same sign.
Conversely, those terms depending on 7 (terms //
and /V) have an opposite sign. It must also be noted
that the terms independent of r take into account the
influence of the effective medium; i.e., the remain-
der inclusions into the composite.

On the other hand, when considering that ¢ goes to
zero and G¢ and CTE¢ tend to Gy and CTE\ respec-
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Figure 3. Component o™, represented by (— —), of the
stress tensor into the matrix as a function of dis-
tance to the particle and for different filler con-
tents. In the different plots, the contributions of
the terms depending, or not, on r are presented sep-
arately, e.g.; the term of o™} that depends on r was
represented by ( ) and that independent of »
by (- ). In the case of ¢ = 10%, the stress calcu-
lated using the Selsing’s equation is also pre-
sented by (— - —).

tively, the oM reduces to the Selsing’s equation above
discussed.

In Figure 3, the solid line represents the evolution
of ¢ as a function of » and for different filler con-
tents ¢. The particle radius selected was of 60 pum,
chosen taking into account the typical sizes of the
aluminum particles used in our composites. In the
figure, the different terms contributing to the stress
tensor are also plotted. It must be pointed out that
for the lower filler content (¢ = 10%), the Selsing’s
equation is also presented. As can be seen in the fig-
ure, there is a very good agreement with the tensor
term dependent on 7.

In a second step, on the basis of the results pre-
sented above, to calculate the average volumetric
radial stresses acting on the matrix as well as the
particle we have followed the ideas of Park and Ear-
mme [6]. However, in the present work we focused
our analysis on the average volumetric radial stress
into the matrix (<o>) where the matrix is character-
ized by a volume (V™). As mentioned, ¢ = (r¢/rp)’;
besides the volume of the matrix can be calculated as
M =4/37(r,® — ), then according to Equation (9):

M

1
o) = S fortdv ©

and using Equation (7) Equation (10) is obtained:
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Figure 4. Average volumetric radial stress o'\ as a function
of the filler content. To this aim, the upper and
lower bounds of the Hashin and Shtrikman equa-
tion were calculated (see text). Other approxima-
tion given by the Kerner equation was also plot-
ted (see section 3.4).

12
(o) = L (KeshT + KyeMIll) +

36 1
o+ (Kbl + Koyl 1Y) (-~ IV/)

51

(10)
The constants CTEc, K¢ and G¢ in the effective
medium were assumed to be those corresponding to
the composite. To calculate these constants, a model
developed for particulate composites by Hashin [21]
was used. This model allows calculating the bulk
(K) and the shear modulus (G) of a particulate com-
posite. Specifically, the model predicts for the dif-
ferent particle content an upper and a lower value
(both named bounds) for K and G. In Figure 4, the
two bounds of <a™> as a function of the filler con-
tent were plotted. As can be observed, the lower
bound of <a™> decreases when the filler content
increases. After ¢ = 25%; <o¥> shows a slight
increase with the increment of ¢. In the case of the
Hashin and Shtrikman (H-S) upper bound and
around a filler content of 0.4%, a small minimum in
the average volumetric radial stress can be seen;
then <o¥> rapidly increases when ¢ increases.

3.4. Young’s modulus variation due to filler
content

The models discussed in the previous Sections did

not give the detailed information we needed to obtain

reliable results on the thermal stresses operating in

the particulate epoxy composites we are dealing
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Table 1. Young’s modulus as a function of filler content of
aluminum particles ([22])

o [%] Modulus Ec [GPa]
5 43(x0.2)
10 4.9 (x0.2)
15 5.8 (0.2)
20 6.2 (+0.3)
25 7.1(20.2)

with. To this aim, we have used experimental values
of the resonance frequencies measured by using the
impulse excitation technique (IET) that we recently
reported in [22]. From the mentioned frequencies,
the different Young’s moduli (£) were calculated.
Since it is of utmost importance to understand the
different approximations discussed in the present
work, we summarize here some of the main results
reported in [22]. It is worth remembering that in the
case of pure epoxy, a value of £y = 3.9+£0.2 GPa
was found. The corresponding results for the com-
posites are reported in Table 1. As can be seen, Ec
increases when the filler content (¢) increases.

To fit the experimental data of the Young’s modu-
lus, the Kerner equation, generalized by Lewis and
Nielsen and Landel [1], was used. It should be noted
that the Kerner’s equation results from the ratio
between the Young’s moduli of the composite (£¢)
and the matrix (Ey), respectively. It is given by
Equation (11):
E. 1+ AB¢
Ey 1- Byo
where A is a constant that takes into account factors
as the geometry of the particles and the Poisson’s
ratio of matrix, B is a constant depending on the rel-
ative Er and E\; values of the filler and matrix

phases, respectively. This parameter is defined by
Equation (12):

(11)

B=-M (12)
EF
E 44
EM

Besides, the factor y depends on the maximum
packing fraction ¢, of the filler. y can be obtained
by using an empirical function as given by Equa-
tion (13):

—s ¢ (13)

where the factor ¢,,, was taken from the literature
¢m = 0.637 ([22]). This parameter is independent of
the materials forming the composite.

The experimental data of Ec as a function of the
filler content were fitted using Equation (11) and
the constant 4 = 1.72 was obtained from the best fit
of E versus ¢ curve.

Successively, the volumetric radial stress into the
matrix given was calculated by means of Equa-
tion (10) and using the experimental data obtained
by IET. Besides, Equation (14) describing the rela-
tionship between the bulk (K) and E¢c moduli was
used [1]:
Ec=3Kc(1 —2u) (14)
where u the Poisson’s ratio. There is an analogous
expression for the shear modulus G.

On the other hand, the CTE value was calculated
using the Hashin-Shtrikman model for each com-
posite.

The evolution of <g¥> obtained as a function of ¢ is
depicted in Figure 4. The estimation of the average
volumetric radial stress using the Kerner’s equation
is also shown. As can be seen, there qualitatively
exists a good agreement of the resulting curve with
that calculated using the lower Hashin-Shtrikman
bound; but, from the comparison the curve corre-
sponding to the Kerner’s equation shows a sharper
minimum located about a filler content of 8%.

The results presented in the previous sections on the
models used to analyze the composites will be used
as an input to the analysis of the free nanohole vol-
umes behavior as a function of the filler content
into the epoxy matrix composites studied in the
present work.

3.5. Average free nanohole volume variation
due to filler content

The epoxy matrix composites are subjected to a
thermal treatment during curing process. Then, if
the composite is considered in thermal equilibrium
at the high temperature stage, thermal stresses are
developed when the samples are cooled to ambient
temperature due to the different thermomechanical
properties between the matrix and the inclusion.
Under this scenario, it is reasonable to expect that
the residual stresses have a strong influence onto
the average free nanohole volume. Precisely, this
assumption allowed Goyanes ef al. [8] to satisfacto-
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rily explain the decrease in the Vy versus ¢ for alu-
minum powder contents up to about 15%. However,
an explanation regarding highest filler contents is
still an open issue.

In order to go deeper into the analysis of the exper-
imental data reported in Figure 1, as a first attempt
we assumed a spherical geometry for the aluminum
particles. In the above sections, it was found that
there is a compressive radial stress around an inclu-
sion.

On the other hand, it has been reported that in poly-
mers the o-Ps lifetime [23] is dominated by the
smaller length of the nanohole. Then, in our com-
posites it could be expected that 7, ps decreases as a
consequence of a diminution of the radial character-
istic length of the nanoholes around the particles
used as filler.

In a previous paper, authors of the present work [8]
used a simple relationship between the free volume
fraction and the average hydrostatic pressure P,
given by Equation (15):
/=1"+BP (15)
where f? is the free volume fraction into the pressure-
free state and f is the free volume compressibility.
The free volume fraction and the average volume of
the nanoholes are related by /= Ny Vy where N, is
the number of nanoholes per volume unit. If N,
does not change with the filler content, then the
change of V' is proportional to the pressure with a
constant of the order of f/N,. However, there has
not been reported a relation between the average
radial stress in the matrix <e™> and Vy. In such a
way, assuming the linear relation between f and P
we propose the following relationship (Equa-
tion (16)) that allows calculating the free nanohole
volume as a function of the average volumetric
radial stress:

Vi =V + CloM) (16)
where C is a constant and V{ the free nanohole vol-
ume in the stress free state. As already mentioned,
the different /'y can be directly obtained from the
To.ps €Xperimental values.

Taking into account Equation (16), V4 and <o¥>
should have the same dependence of the filler con-
tent ¢. Then, the experimental data of Figure 1 were
fitted in the ¢ range from 0 to about 15% using

Vi 1A%

o [%]

Figure 5. Dependence of the average free nanohole volume
as a function of the filler content: (—o—) experi-
mental values and (——) calculated data obtained
using Equation (16)

Equation (16) with C as a free parameter. The <o¥>
values were calculated by means of Equation (10).
From the fit, the parameter C results 2.06:10°° A3-Pa!.
In Figure 5, the mentioned function is presented
with a solid line. As can be seen, qualitatively there
exists a reasonable agreement between the fitting
curve and that representing the experimental data in
the ¢ range from 0 to about 15%. For higher ¢ val-
ues, the fitting function overestimates the experi-
mental V' values. In fact, for ¢>15% the average free
nanohole volume predicted shows a strong increase
while the experimental data decrease.
Summarizing, it is clear that the model used is not
good enough to satisfactorily fit the whole behavior
of the Iy experimental data as a function of the filler
content. As a consequence, we considered neces-
sary to introduce other elements in order to explain
the whole behavior of the 'y versus ¢ curve. There-
fore, in the next section other contributions to the
average free nanohole volume, especially those that
take into account the inclusion-matrix interphases
are analyzed.

3.6. Characterization of the inclusion-matrix

interphases using microscopy techniques
In this Section, information regarding the inclusion-
matrix interphases present in the composites is ana-
lyzed.

3.6.1. A scanning electron microscopy study

The composites studied were microstructurally char-
acterized using Scanning Electron Microscopy
(SEM). In Figure 6, as an example some SEM
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10 um

Figure 6. SEM micrographs of an epoxy composite (30% aluminum particle content). The images were obtained using dif-

ferent magnifications: 100, 200, 500 and 3000.

micrographs obtained for a sample containing 30%
of aluminum particles are shown. In these images,
the surface of aluminum particles is clearer than the
matrix one. Dark holes correspond to particles
removed from the matrix during the surface polish-
ing. In the images, it can be observed that the matrix
presents a surface smoother than that of the inclu-
sion. This is a consequence that the matrix is softer
than the particle. Besides, it seems that the particles
are slightly deeper than the level of the matrix. To
explore in detail this behavior, atomic force
microscopy was used. The results are presented in
the next section.

3.6.2. An atomic force microscopy study

Atomic force microscopy was used to study the
topography of the composites. The use of this tech-
nique allowed us to go further into the analysis of
differences between the surface levels of the parti-

cles with respect to the matrix. In this Section, we
present AFM results obtained for the samples filled
with 30% of particles. In Figure 7, images of the
topography and shift phase, taken along the dashed
line drawn in the images, obtained for the samples
mentioned above are shown.

Analyzing the topographic mapping, it results that
the bright zones in the images represent a surface
level higher than that of the dark zones. As can be
observed, in both samples the inclusion presents an
image darker than that corresponding to the matrix
surrounding the filler. Therefore, it can be con-
cluded that the inclusions are located at a deeper
level than that of the matrix. This behavior is in
total agreement with the SEM results presented in
the previous Section.

On the other hand, in the figure the profile of height
Z as a function of the x length parameter, considered
along the dashed line drawn in the image, show that
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Figure 7. AFM measurements of an epoxy composite (30% filler content). a) topographic mapping. b) phase shift mapping
around an aluminum particle. In c¢) and d) the profile of height Z and the phase shift, along the axis x represented
by the dashed lines drawn in the images, are respectively shown. The solid line in d) was obtained smoothing the

experimental data.

the maximum values of Z are reached around the
inclusion. When moving outside the particle towards
the matrix, a systematic decrease of Z is observed.
Into the particle, Z rapidly decreases in about 500—
600 nm. This behavior seems abnormal and must be
carefully analyzed. In fact, as the inclusion is harder
than the matrix, it would be expected that this last
one would be located in a deeper level than that cor-
responding to the particle. We consider that such a
difference could be explained in terms of the relax-
ation induced in the matrix by the cutting proce-
dure. Specifically, when a composite sample is cut
the stresses around a particle are relaxed. Therefore,
a relaxation of the tangential stresses around a parti-
cle would cause an ‘expansion’ of the matrix in the
direction normal to the surface, i.e., a relative change
in the level of the surfaces corresponding to the
inclusion and the matrix. This analysis is compati-
ble with the scheme of the stresses operating in a

composite represented in Figure 2, and with the
contraction of the radial dimension of the nanohole.
On the other hand, the phase image (Figure 7b)
clearly shows that matrix and particle have different
phase angles. Although the profile (phase angle ver-
sus x) obtained from the respective images are very
noisy, after smooth experimental data when moving
outside the particle towards the matrix (up to 20 pm)
a small but significant variation of the phase shift
around the inclusion is observed.

It is known that the phase shifts depend on the
energy dissipated in the tapping interaction of probe
and the specimen explored [24]. Differences in the
phase shifts are usually associated with differences in
surface or in underlying properties (stiffness, viscos-
ity and adhesion). Hence, the phase shift is sensitive
to variations in materials local properties and it can
be an important tool for surface analysis [25].
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3.7. Evidence on the inclusion-matrix
interphases from DSC measurements
In order to completely explain the behavior of /'y as
a function of the filler content plotted in Figure 1,
we have taken into account an additional element
from which some information had been obtained
using AFM: the inclusion-matrix interphase. On the
basis of previous results, it was assumed that around
the filler particles there exists a region with differ-
ent properties from those of the matrix. This inter-
phase region was characterized using differential
scanning calorimetry (DSC). Specifically and fol-
lowing ideas reported in the literature, the inter-
phase volumetric fraction was estimated from the
DSC curves [10, 26, 27].
To simplify our study, the geometry of the particles
used as filler of the epoxy-based composites was
assumed to be spherical with a characteristic radius
re. It was also supposed that each particle was sur-
rounded by an interphase with an associated thick-
ness Ari. On the basis of the experimental tech-
niques used to study the characteristics of the
interphases, we have not considered chemical fac-
tors like the presence of oxides onto the inclusion
surfaces. Work in progress is addressed to the study
of the chemical and physical characteristics that
should be considered into the inclusion-matrix inter-
phases contribution.
In a previous work, we reported the different Ar;
values as well the volumetric fraction of the inter-
phases v; as a function of the filler content for the
same composites studied here [13]. Additionally, in
the mentioned paper we already obtained the glass
transition temperatures 7, for each composite sam-
ple. Experimentally, DSC data were obtained using
a heating rate of 10 K/min, in a temperature range
between 293 and 453 K. Specifically, the glass tran-
sition temperature was determined of the onset tem-
perature for the step observed in the thermograms.

Table 2. Thickness, volumetric fraction of interphase and glass
transition temperature for different filler content of parti-
cles of aluminum in the epoxy-resin composite ([13])

¢ [%] Ar; [pm] viPS€ %] T, [K]

0 0 0 391 (£1)

5 02(£0.1) | 0.05(0.03)| 392(+I)
10 03(£0.1) | 0.16(*0.05) | 392 (+2)
15 04(£0.1) | 030(+0.08)| 393 (£
20 218 (£0.08) | 2.26 (£0.08) | 393 (£1)
25 2.9 (0.6) 3.8 (*0.8) 393 (1)
30 6.3 (£0.7) 10 (1) 395 (£2)

In Table 2, the results of the parameters above men-
tioned are presented.

As useful for the general discussion on the whole
data reported in this work, we briefly analyze the
data reported in Table 2. As can be seen, Ar; and its
associated volume v; increase when the filler con-
tent increases. For ¢ <15% both parameters show a
small increment but for higher filler contents they
strongly increase. It is important to point out that
the highest value of Ar; (~6 pm) approximately
represents 10% of a typical radius of an inclusion.
Furthermore, the maximum value of v; is equivalent
to 15% ca. of the total volume of the epoxy matrix.
In addition, the glass transition temperature system-
atically increases with the increment of ¢.

From the DSC results shown in Table 2, we can
conclude that the effect of the interphase becomes
significant for filler contents higher than 15%. At
this point, it is worth remembering that in this ¢
region the V' versus ¢ behavior cannot be described
using the thermal stress model. Therefore, an addi-
tional term in Equation (16) should be considered;
i.e., a contribution to Vg related to the inclusion-
matrix interphase. Recently, from PALS measure-
ments on the same samples studied in the present
work we reported quantitative information on this
term [13]. Specifically, studying a sample contain-
ing 15% of filler, a bimodal-like distribution of the
free nanohole volume was obtained. So, nanohole
volume values of 76 A® (representing the free vol-
ume in the epoxy resin) and 32 A3 (assigned to the
free volume in the interphase region) were reported.

3.8. Influence of the inclusion-matrix
interphases on the average free nanohole
volumes

In this Section, the different results previously
obtained on the aluminum inclusion-epoxy resin
matrix interphases are used in order to analyze the
behavior of the average free nanohole volume in the
whole range of the filler content used to charge the
matrix of the different composites. As already shown,
the free nanohole volume associated with the inter-
phase is lower than that of the bulk matrix. There-
fore, the average free nanohole volume of a com-
posite Vy (e.g., that corresponding to the matrix)
should diminish with the increase of the interphase
contribution as a consequence of a progressive
increase of the filler content.
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To evaluate the interphase influence on Vy, as a first
approximation a homogeneous number of holes dis-
tributed into the matrix of the composite, independ-
ently of the position of the inclusion, was consid-
ered. Then, we have modeled the average free
nanohole volume as follows: a contribution due to
the average of free nanohole volume of the matrix
outward the interphase (i.e. bulk) Vypu and another
coming from the average free nanohole volume cor-
responding to the interphase Vy .

In the case of Vi puk, as described in Section 4.4 the
value of this parameter was estimated using the
average radial stress. On the other hand, as a first
approximation Vy 1, was considered to be constant
and its value was that coming from the analysis of
bimodal distribution of the PALS data (specifically
32 A3). Then, the average free nanohole volume
was calculated as a combination of the two free
nanohole volume terms above mentioned according
to Equation (17):

Vit Vi T Virouik Voul

Vy = 17

Vi T Voux
In this equation, v; is the volume fraction associated
with the inclusion-matrix interphases and vy vol-
ume fraction of the bulk. To link both parameters,
we have used the following relationship vy =
1 — ¢ — v;, which is a reasonable one.
The volume fraction values associated with the
inclusion-matrix interphases were obtained from
the DSC data reported in Table 2. But, to use them
into the general model developed to fit the Vy ver-
sus ¢ data presented in Figure 1, a scale constant
factor which allowed matching the data was used.
This factor was obtained from a free parameter fit-
ting.
Finally, using the model simply expressed by Equa-
tion (17) the experimental values of 'y obtained
from PALS measurement as a function of the filler
content in the different composites studied could be
satisfactorily described in the whole volume range
of aluminum particles contained in the different
composites (see Figure 8). Undoubtedly, for ¢>15%
the contribution of the inclusion-matrix interphases
becomes very important but, as we have discussed
in detail along the present work, ¢ <15% the aver-
age free nanohole volume was mainly due to the
contribution of the radial thermal stresses.
Though we have analyzed our data under the
assumption that all metallic particles used as filler
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Figure 8. Dependence of average free nanohole volume as
a function of the filler content: (—o—) experi-
mental values obtained from PALS; (—A—)
data obtained from Equation (17) in which the
contribution of the average thermal stresses and
that of the inclusion-matrix interphases were con-
sidered. The dashed line is an eye guide

of the epoxy matrix were spherical and had the
same size, the results predicted by the model used
allowed us to satisfactory fit the experimental behav-
ior of the free nanohole volume as a function of the
filler content. Work in progress will allow us to eval-
uate the influence of the real geometry of the parti-
cles and their distribution of sizes on the free nano-
hole volume.

4. Conclusions

In the present work and on the basis of previous
studies on the particulate epoxy matrix composites
recently published [13, 22], we have made a sys-
tematic study on the evolution of the free nanohole
volumes in particulate epoxy matrix composites
with the filler content ranging from 0 to 30% of vol-
umetric fraction. Specifically, as filler we have used
aluminum particles with characteristic sizes of
about 100 um.

As a starting point of the present work, experimen-
tal free nanohole volume data directly measured
using positron annihilation lifetime spectroscopy
recently reported, were used. In a second step, these
data were interpreted in the frame of different well-
known micromechanical models.

As a first approximation, when considering only the
contribution of the thermal stresses acting into the
composite as a consequence of the fabrication
process and the further curing treatments applied to
the resulting composites, we could only satisfactory
explain the evolution of the free nanohole volume
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in the range of filler content between 0% and
approximately 15%. For highest filler contents, the
approach used failed. For this reason, from the dif-
ferent micromechanical models available in the lit-
erature that allow to calculate the thermal stresses
in composites, in the present work we choose the
Park-Earmme model which we specifically adapted
to take into account the contribution of the different
stresses coming from the phases present in the
epoxy composite.

To go further, in some cases it was necessary to use
experimental data as input parameters into the
model used. While values of the Young’s modulus
used here were taken from our recently published
paper on the same composites studied in this work
[22]. There is no available quantitative information
on matrix-particle interphases. Therefore, we obtained
specific experimental information using atomic
force and scanning electronic microscopies, differ-
ential scanning calorimetry and a refined analysis
of the positron annihilation lifetime data. It is worth
mentioning that in the present work the concept of
interphase was used in a general context; thus, chem-
ical and physical properties of the interphases did
not are separately evaluated.

Among the information reported in the present work
on particulate metal-epoxy matrix composites, a con-
tribution to the knowledge of these materials that
deserves special consideration is the study about the
influence of the matrix-particle interactions on the
nanohole sizes in epoxy-based composites.
Summarizing, the present work allowed to com-
pletely describe the behavior of the free nanohole
volume as a function of the inclusion content into
the composites. In fact, when considering the joint
contribution of the radial stresses in epoxy matrix
and the particle-matrix interphase, the reformulated
micromechanical Park and Earmme model allowed
us to give a satisfactory description of the free
nanohole volume behavior in the whole range of the
filler content.
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Abstract. In this work, all-polypropylene composites (all-PP composites) were manufactured by injection moulding. Prior
to injection moulding, pre-impregnated pellets were prepared by a three-step process (filament winding, compression
moulding and pelletizing). A highly oriented polypropylene multifilament was used as the reinforcement material, and a
random polypropylene copolymer (with ethylene) was used as the matrix material. Plaque specimens were injection
moulded from the pellets with either a film gate or a fan gate. The compression moulded sheets and injection moulding
plaques were characterised by shrinkage tests, static tensile tests, dynamic mechanical analysis and falling weight impact
tests; the fibre distribution and fibre/matrix adhesion were analysed with light microscopy and scanning electron
microscopy. The results showed that with increasing fibre content, both the yield stress and the perforation energy signifi-
cantly increased. Of the two types of gates used, the fan gate caused the mechanical properties of the plaque specimens to
become more homogeneous (i.e., the differences in behaviour parallel and perpendicular to the flow direction became neg-

ligible).

Keywords: polymer composites, all-polypropylene composites, injection moulding

1. Introduction

Recently, environmental protection and recycling
issues have become important. Environmentally
conscious and new materials are spreading widely.
Development of self-reinforced materials and com-
posites (matrix and reinforced materials belonging
to the same polymer family) began in the 1970s and
now are intensively researched [1]. Originally, in
situ self-reinforcing parts were made from a single-
component material. These techniques, e.g., self-
reinforced extrusion and self-reinforced injection
moulding (both shear-controlled orientation in
injection moulding (SCORIM) [2-3] and vibration
injection moulding (VIM) [4]), were used success-
fully. The essence of these techniques was the ori-
entation of the molecular chain relative to the shear

*Corresponding author, e-mail: kmetty@pt.bme.hu
© BME-PT

load to produce a shish-kebab structure [5]. The
main disadvantage of these techniques was the dif-
ficulty in designing the reinforcement structure.
From the 1990s until present, multi-step production
of self-reinforcing parts has become widespread.
Three methods were used to produce self-reinforced
materials/composites [6]: hot compaction (single-
component self-reinforced materials (SRM)) [7-9],
consolidation of coextruded tapes [10] and film-
stacking methods (multi-component SRM) [11—
18]. The geometries of the products prepared with
these techniques are limited because only sheet pre-
product can be manufactured, and thereafter it can
be shaped by thermoforming. However, large-scale
production of SRPCs has become highly preferred
in the last 1-3 years.
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The aim of this paper is to demonstrate that it is
possible to injection mould all-polypropylene com-
posites and to determine the effects of the reinforc-
ing fibre content and the type of gate on static ten-
sile and dynamic mechanical properties and shrink-
age of the composite plaque.

2. Preliminary tests

To produce products with complex 3D geometry,
injection moulding is a suitable technique. To process
all-polypropylene composites by injection mould-
ing, intensive preliminary tests have been performed.
Matrix and reinforcement materials, pellets for
injection moulding and a processing method were
developed. Random ethylene-polypropylene copoly-
mer (rPP) and highly oriented polypropylene homo-
polymer (hPP) reinforcement were characterised by
mechanical and morphological tests. First, the matrix
and the reinforcement were mixed in a powder
mixer. The mix was subsequently injection moulded
with an Arburg Allrounder 320C 700-290 machine.
The preliminary results showed that the hPP multi-
filament became roughened and formed agglomer-
ates (due to electrostatic charge), and a cold slug
formed that blocked the standard flat nozzle, which
had 2 mm diameter hole. The reinforcement fibre
content could not be guaranteed, and even distribu-
tion of reinforcement fibres could not be achieved.
The standard flat nozzle has been replaced with a
heated flat nozzle with 4 mm-diameter hole to
avoid cold slug formation. Next, to avoid agglomer-
ation of reinforcing fibres, extrusion coating was
applied prior to injection moulding; one or two bob-
bins of hPP multifilament were used, and these were
continuously coated in a special extrusion die by
molten matrix material made of rPP. The coated
multifilament was granulated into 4, 10 mm long
cylindrical pellets and used for injection moulding.
This pre-product can be injection moulded at differ-
ent temperature between 150-180°C. 160°C was the
lowest temperature where stable technology (with-
out cold slug) can be achieved. At this temperature
the thermoplastic reinforcement did not melt during
manufacturing. The mechanical tests revealed that a
slight reinforcing effect can be detected. The
microscopy images showed that neither the distri-
bution of the single fibres nor the impregnation of
matrix material was perfect. These problems must
arise from the improper impregnation of the coated
pre-product; the impregnation process required

improvement. Hence, the goal of this paper is to
demonstrate the improved processability of all-
polypropylene composites by injection moulding,
including preparation of the pre-product and the
injection moulding.

3. Materials, processing and testing

3.1. Materials

Highly oriented polypropylene homopolymer (hPP)
multifilament (Stradom S. A., Czestochowa, Poland)
was used as reinforcement. This reinforcing multi-
filament has a melting temperature of 173°C (as
determined by DSC from the first melting curve
with a heating rate of 10°C/min); a yield stress of
581+£30 MPa; tensile modulus of 6432+490 MPa
(measured by single-fibre tensile tests) and the sin-
gle fibre diameter of 40.1+1.8 um. The multifila-
ment was sized with carboxylic acid by the pro-
ducer. Random ethylene-polypropylene (rPP) copoly-
mer (Tipplen R959A, TVK Nyrt., Tiszaujvaros,
Hungary) was used as the matrix material. From the
initial rPP granules, a 50 pm thick film was pro-
duced using an extrusion film blowing technique.
The melting temperature of the matrix was 150°C
(as determined by DSC from the first melting curve
with a heating rate of 10°C/min).

3.2. Pre-impregnated material preparation

The matrix film and the reinforcing hPP multifila-
ment were laminated pretensioned onto an alu-
minium core in a filament winding process using
the film-stacking method, which resulted in unidi-
rectionally aligned (UD) fibres, shown in Figure 1a.
All-polypropylene composite (all-PPC) sheets with
thicknesses of 1.7 mm and varying nominal reinforc-
ing multifilament content (50, 60, 70 and 80 wt%)
were produced by compression moulding, shown in
Figure 1b. For the sandwich structure 9 layers were
applied. The nominal reinforcement was controlled
by the number of the applied matrix foils. For 50 wt%
four layer matrix foil and one layer reinforcement
was used. To increase the reinforcement content
number of the matrix foils was decreased one by
one. A temperature of 180°C was applied during the
consolidation process. The filament-wound, film-
stacked package was inserted in between the pre-
heated moulds and held for 240 s without pressure,
was compressed for 240 s under a pressure of
5.26 MPa and finally was cooled to 45°C (under
pressure). Actually the processing temperature was
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Motors

Control systemm Thread guide

a)

Reinforcement

Aluminium core
—— Matrix foils

Figure 1. Preparation of unidirectional all-PP composite, with filament winding (a) and with subsequent compression

moulding (b) (theoretical lay-up)

higher than the melting temperature of the reinforce-
ment but, due to the high pressure, this value shifted
towards higher value (similar the self-reinforced
extrusion technique [19]) and the thermoplastic
reinforcement did not melt. The consolidated plates
were cut into 5 (wide) x 5 (length) mm? sections for
injection moulding. The length dimension of these
cut pieces determined the length of the reinforcing
fibres.

3.3. Injection moulding

From pre-impregnated pellets plaque specimens
measuring 80 x 80 x2 mm in dimension were injec-
tion moulded with varying amounts of reinforcing
multifilament (50, 60, 70 and 80 wt%). The produc-
tion occurred on an Arburg Allrounder 370S 700-
290 injection moulding machine with a heated, flat
nozzle with holes measuring 4 mm in diameter
(parameters listed in Table 1). In the mould, both a

Table 1. Injection moulding parameters

Injection moulding parameters Value
Injection volume [cm?] 50
Injection rate [cm?/s] 50
Injection pressure [bar] 800+£200
Switch over point [cm?] 10
Holding pressure [bar] 500
Holding time [s] 10
Residual cooling time [s] 15
Screw rotational speed [m/min] 15
Back pressure [bar] 20
Decompression volume [cm?] 5
Decompression rate [cm?/s] 5
Melt temperature [°C] 160
Mould temperature [°C] 40

Figure 2. Plaque specimens with a conventional film gate
along with shrinkage measurement positions (a)
and a fan gate (FG) (b). Dimensional abbrevia-
tions [mm] are as follows: LM — length dimen-
sion at the middle; LS — length dimension at the
side; WE — width dimension at the front; WB —
width dimension at back.

conventional film gate measuring 1 mm in thick-
ness and a fan gate (FG) measuring 2 mm in thick-
ness were used (Figure 2).

3.4. Specimens and their testing

Static tensile tests

Static tensile tests were performed on compression-
moulded sheets (20 x 150 mm; in parallel to the
fibre direction) and injection moulding plaque spec-
imens. Dumbbell-shaped specimens (EN ISO 8256
Shape 3) were cut from injection moulding plaque
specimens by water jet cutting parallel and perpen-
dicular to the flow direction (Figure 3). The tensile
tests were carried out by a universal ZWICK Z020
tensile machine according to the standard EN ISO
527. The cross-head speed was set to 5 mm/min,
and each test was performed at room temperature
(24°C); at least 5 specimens from each material
were tested.
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Figure 3. Preparation of dumbbell specimens from the plaque
specimens in the parallel and perpendicular to the
flow directions. The red lines show the positions
at which the cross-sections of the injection mould-
ing specimens were analysed by light microscopy.

Instrumented falling weight impact tests
Instrumented falling weight impact (IFWI) tests
were performed on a Fractovis 3789 (Ceast, Italy)
machine with the following settings: 131.84 J max-
imal energy; 20 mm dart diameter; 40 mm support
rig diameter; 13.62 kg dart weight; and 1 m drop
height. The samples were tested at room tempera-
ture (24°C) and at —30°C; at least 10 specimens
were tested.

Dynamic mechanical analysis

Dynamic mechanical analysis (DMA) tests were
performed on a DMA Q800 machine in a 3-point
bending arrangement with the following parame-
ters: frequency: 1 Hz; temperature range: —100 to
150°C; amplitude: 0.16 mm; heating rate: 5°C/min.
Specimens 60 % 10 x 2 mm in dimension, which were
cut in the flow direction from the plaque specimens
(Figure 3 ‘Side’), were used for these tests.

Shrinkage tests

To describe the effect of the thermoplastic rein-
forcement on the shrinkage of the injection moulded
products shrinkage tests were performed. Shrinkage
was measured at different times (1, 4, 24, 48, and
168 h) and positions on the plaque specimens by
digital calliper after injection moulding (cf. Fig-
ure 2).

Light microscopy

Light microscopy (LM) images were taken from the
polished cross sections of injection moulding speci-
mens in parallel and perpendicular to the flow
directions by an Olympus BX51M machine. Cross

sections were cut from injection moulding speci-
mens and were embedded in epoxy resin (Figure 3).
After the samples were prepared, they were pol-
ished in a Struers polisher in four steps using 320-,
1000-, 2400- and 4000-grit SiC papers and water as
a lubricant.

Scanning electron microscopy (SEM)

Scanning electron microscopy micrographs were
taken from fracture surfaces with a Jeol JSM-6380LA
microscope. The samples were sputter-coated with
gold alloy.

4. Results and discussion

4.1. Static tensile tests

The mechanical properties of the compression-
moulded sheets (parallel to the fibres) are shown in
Figure 4.

Based on the results in Figure 4, it is obvious that
using this filament winding and compression mould-
ing technique can significantly increase the tensile
properties. The yield stress and tensile modulus val-
ues increase linearly with increasing nominal fibre
content. These results are in close agreement with
previously published results for all-polypropylene
composites produced by a film-stacking process [5].
The yield stress (related to maximum tensile force)
of injection moulding all-PP composite is shown in
Figure 5.

Yield stress increases in the flow direction with
increasing nominal fibre content of the composites
until the fibre content reaches 70 wt%. Composites
with 70 wt% fibre reinforcement produced the largest
yield stress value, ~38 MPa, which corresponds to a
52% improvement compared to the matrix material.
At 80 wt% nominal fibre content, the yield stress is
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0
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Figure 4. Yield stress and the tensile modulus of the com-

pression-moulded all-PP composite sheets as a

function of nominal fibre content
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Figure 5. Yield stress of the all-PP composite parallel (a) and perpendicular (b) to the flow direction
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Figure 6. Tensile modulus of the all-PP composite in parallel (a) and perpendicular (b) to the flow directions

slightly lower, which is attributed to the improper
consolidation of the composite structure. If analysing
the filling pattern mechanical test results followed
the expectations. Samples taken from the middle of
the plaques had a lower yield stress than those taken
from the side. This effect is caused by the orienta-
tion of the fibres inside the specimens. A slight devi-
ation in yield stress is observed in perpendicular to
the flow direction.

The tensile modulus remained constant with increas-
ing nominal fibre content of the composites until
the fibre content reached 70 wt%, after which the
modulus increased markedly (Figure 6). Increased
tensile modulus is due to considerably more single

fibres being aligned parallel to the load direction.
This observation is also confirmed by LM (cf. Fig-
ure 11 and 12) and SEM micrographs (cf. Fig-
ure 14).

Table 2 lists the effect of the gate types on the
mechanical properties. With a fan gate, the devia-
tion in properties across the three zones of speci-
mens decreased, i.e., the mechanical behaviours
became more similar. Using the fan gate, the filling
patterns became more even. In perpendicular to the
flow direction, the yield stress increased compared
to the one injected with film gate.

The tensile modulus in the flow direction did not
change, but perpendicular to the flow direction, it

Table 2. Effect of the gate type on the yield stress and tensile modulus of all-PP composite in parallel (a) and perpendicular

(b) to the flow directions (FG: fan gate)

Section Yield stress [MPa] Tensile modulus [MPa]
Matrix Matrix (FG) 80 wt% 80 wt% (FG) Matrix Matrix (FG) 80 wt% 80 wt% (FG)
SIDE 24.7+0.2 26.3+0.1 34.8+1.1 34.841.3 984.6+17.4 | 939.4+194.9 | 1554.4x11.5 | 1518.9+12.1
MIDDLE 24.7+0.4 25.5+1.1 27.1£2.3 30.4+1.8 1000.8+16.3 | 880.0+127.0 | 1479.6+55.5 | 1456.2+44.3
FRONT 24.0+0.5 26.0+£0.3 29.444.0 36.6+3.7 959.4423.5 | 905.4£104.4 | 1415.8449.1 | 1635.5£125.8
CENTER 24.3+0.6 26.0+0.4 29.5+0.7 36.2+2.7 982.6+32.9 |1096.1+117.5 | 1437.1£72.8 | 1594.5+43.1
BACK 23.6+0.4 26.4+0.4 32.0+2.0 34.9+2.4 958.4+12.8 | 1154.5+£33.5 | 1447.7£55.5 | 1624.7+39.4
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increased up to 1600 MPa, due to lower friction
heat in the gate zone.

4.2. Instrumented falling weight impact tests
To analyse the effect of reinforcing fibre content
and gate type on the energy-absorbing capacity of the
injection moulding plaque specimens, instrumented
falling weight impact tests were performed. Typical
force-time curves of the composites are shown in
Figure 7a.

These results show that the maximum of the force-
time curves increase with increasing fibre content
of the composites. Figure 7b shows the perforation
energy (impact energy related to the thickness) of
all-PP composite and matrix specimens. These
results show that with increasing fibre content of up
to 60 wt%, the perforation energy increases. Above
that value, the perforation energy (~3.5 J/mm)

800
700 4
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5004
400 -
300
200
1001

0 wt%

Force [N]

a) Time [ms]

remains constant. Using a fan gate led to higher per-
foration energy (above 6 J/mm) compared to the
conventional film gate which assumed to the better
filling patterns. Analysing the effect the testing tem-
perature, significant difference can be seen between
the results at 24 and —30°C than the matrix materi-
als. It seems that the all-PP composites are more sen-
sitive to the temperature. The perforation energy of
all-PP composite was compared to the conventional
polypropylene homopolymer material (Tipplen PP
H388F, TVK Nyrt., Tiszatjvaros, Hungary,); value
obtained is in accordance with the literature [20]. It
can be concluded that fibre reinforcement increases
the perforation energy significantly compared to the
matrix. The perforation energy can be increased by
up to 1200% compared to the conventional raw
material.
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Figure 7. Force-time curves of the all-PP composites at 24°C (a) and perforation energy of all-PP composite, matrix and a

PP homopolymer (H388F) (FG: fan gate)
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4.3. Dynamic mechanical analysis

Dynamic mechanical analysis was also used to
show the reinforcing effect of the fibres. The stor-
age modulus (£') curves are shown in Figure 8.
The composites have a higher storage modulus
compared to those of the matrix and commercially
available PP homopolymer. While fibre reinforce-
ment typically leads to a higher storage modulus,
increasing the fibre content did not significantly
affect this parameter. Replacing the conventional
film gate with a fan gate did not affect the storage
modulus. Upon analysis of the glass transition tem-
perature (T, derived from the maximum peak of
tano curves), a slight shift to higher temperature
can be observed (from —14.3°C (matrix) to —8.1°C
(80 wt%)) with increasing reinforcing fibre content
(i.e., increasing homopolymer content).

4.4. Shrinkage tests

Shrinkage of the injection moulding specimens is
shown in Figure 9.

Shrinkage of thermoplastic fibre-reinforced compos-
ite increased in all directions compared to the matrix
material, which is in contrast to the shrinkage behav-
iour of conventional fibre-reinforced composites
(e.g., glass fibre) where the reinforcement in flow
direction decreased the shrinkage. This effect is
attributed to the relaxation of the thermoplastic
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fibre. Shrinkage of the matrix material is approxi-
mately 1%, which is in agreement with the litera-
ture [21]. Increasing the thermoplastic reinforcing
fibre content increased the shrinkage. The greatest
shrinkage occurred parallel to the flow direction at
the middle of the specimen. As expected, the least
shrinkage was observed near the gate due to the
local pressure. Despite increased technological
shrinkage (measured 1 h after injection) in fibre-
reinforced composites, subsequent post shrinkage
does not differ from that in unreinforced compos-
ites. Thus, calculating the proper shrinkage for the
mould construction could make the part dimensions
stable over time. Plotting the results an exponential
relation between technological shrinkage and fibre
content can be deduced (Figure 10). One can see
that the technological shrinkage is different parallel
and perpendicular to the flow direction.

The shrinkage of the all-polypropylene composites
used in this study can be calculated by the follow-
ing Equation (1):

S(t) = cl-e_Cz(l_wO> + mlog(t) (1)

where S(7) is the shrinkage of the composite in time
and direction, C| is a constant which is proportional
to the relaxation of the fibres, C, is a constant which
is proportional to the fibre orientation in the speci-
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Figure 9. Shrinkage of all-PP composite specimens in different directions LM: Length Middle (a), LS: Length Side (b),

WB: Width Back (c), WF: Width Front (d)
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men, @ is the fibre content of the composite, and m
is the slope of the post shrinkage (time factor), ¢
[1;168 h].

4.5. Light microscopy

Figure 11 shows the single-fibre distributions in the
specimens perpendicular to the flow direction
(Front) near the gate. The distribution of single
fibres is imperfect, and a skin-core structure formed.

1000 um

For 80 wt% fibre content, many more single fibres
are aligned perpendicular to the flow direction,
which significantly increased the tensile modulus
(cf. Figure 6b).

LM images taken from the specimen cut in the flow
direction (Side) are shown in Figure 12. A skin-core
layer can also be found with a thickness that is sim-
ilar to that of specimens cut perpendicular to the
flow direction. For 80 wt% fibre content, there is

w2\ ke £ g ST OV P 1000 um

)

Figure 11. LM micrographs of all-PP composites perpendicular to the flow direction (Front) a) 50 wt%; b) 60 wt%;

¢) 70 wt%; d) 80 wt%
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1000 um

Figure 12. LM micrographs of the all-PP composites in the flow direction (Side) a) 50 wt%; b) 60 wt%; c) 70 wt%:;
d) 80 wt%

a)

Figure 13. LM micrographs of the all-PP composites (80 wt%) with fan gate perpendicular (a) and parallel (b) to the flow
direction

better fibre distribution (Figure 12d) than for other  cular to the flow direction. Furthermore, the fibre
composites, a trend similar to that in Figure 11d. distribution is better than that for the conventional
Perpendicular to the flow direction of the 80 wt%  film gate, which explains the improved mechanical
all-PP composites with a fan gate is presented in  properties.

Figure 13. There is no skin layer formed perpendi-
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4.6. Scanning electron microscopy (SEM)

SEM micrographs were taken from the fracture sur-
face of the all-PP composite specimens (Figure 14).
The consolidation and fibre distribution worsened
with increasing fibre content. Voids formed among
the fibres because the matrix material could not
impregnate the fibres. Moreover, for the 80 wt%

500 um

Figure 14. Fracture surface of the all-PP

sample, there is poor adhesion between the matrix
and fibres in the core region (Figure 14d).

Figure 15 shows the effect of the gate type used.
With a fan gate, perpendicular to the flow direction
of the specimen became more homogeneous, and
the core could not be distinguished from the skin
region.

Figure 15. Fracture surface of a composite prepared by a conventional film gate (a) and a fan gate (b)
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5. Conclusions

The goal of this paper was to study all-polypropy-
lene composites that were produced by injection
moulding. Static tensile tests, I[FWI tests, DMA
tests, shrinkage analysis, optical microscopy and
scanning electron microscopy were carried out. The
mechanical tests showed that increasing the fibre
content (50-70 wt%) of the pre-product the yield
stress and perforation energy significantly increased.
The applied fan gate resulted in more homogeneous
tensile properties and greater perforation energy.
Based on the results, all-PP composite showed
greater shrinkage than the rPP matrix and the rein-
forcement did not decrease the shrinkage contrast to
the conventional fibre reinforcement. This effect
assumed to the relaxation of the thermoplastic rein-
forcement.
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Abstract. This work aimed to study the effect of different ultraviolet (UV) weathering conditions (natural and accelerated)
on the photodegradation of polyvinyl chloride (PVC) and wood/polyvinyl chloride (WPVC) composites by considering the
structural and physical changes of PVC and WPVC samples as well as examining the photodegradation profiles at different
depths from the sample surfaces. The photodegradation of PVC and WPVC composites under natural weathering condi-
tions were lower than those under accelerated weathering conditions. The addition of Tinuvin P stabilizer at 2 phr was suf-
ficient to stabilize PVC and WPV C composites, whereas the presence of wood appeared to accelerate the photodegradation
of PVC under both natural and accelerated weathering conditions. When considering the photodegradation profiles at dif-
ferent depths of the samples, it was found that the polyene and carbonyl sequences of PVC and WPVC composites were
high at the sample surfaces and tended to decrease rapidly with increasing depth from the specimen surface before stabiliz-
ing at a depth of 60 um for PVC and 80 pum for WPVC composites. The differences in specimen depths for the stabilization
of polyene and carbonyl sequences in PVC and WPVC samples implied that the presence of wood particles enhanced the
absorption of UV radiation by the WPVC composite samples.

Keywords: polymer composites, wood, material testing, environmental degradation

1. Introduction

The use of WPC has been rapidly growing in sev-
eral key market segments, such as outdoor decora-
tions, and also building and construction products
[1, 2]. Therefore, evaluation of changes in the prop-
erties of WPC under service conditions has become
a significant issue, as this indicates the durability of
WPC products. Environmental factors — such as UV
radiation from sunlight, and also moisture, tempera-
ture, and biological decay — result in chemical and
physical changes to the structure of the material
components in WPC.

Studies on the factors affecting on the properties of
WPC under weathering conditions have focused on
various aspects, such as weathering conditions (e.g.

*Corresponding author, e-mail: narongrit.som@kmutt.ac.th
© BME-PT

moisture, temperature, and biological decay) [3—
20], wood content, processing method, weathering
condition, and type and content of UV absorbers
and pigments [3—14]. The presence of wood has been
found to accelerate the photodegradation of WPC.
Works by Stark and Matuana [3, 4] showed that
wood particles accelerated the oxidation reaction at
the surface of wood/high density polyethylene
(WPE) composite, to a greater extent than that of
neat high density polyethylene (HDPE). In the case
of wood/polyvinyl chloride (WPVC) composites,
the presence of wood strongly accelerated the pho-
todegradation of PVC [5-7] and interfered with the
function of a UV absorber [7]. The chromophore
groups or carbonyl groups in lignin as a component
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of wood accelerated the photodegradation of poly-
mer matrix with enhancing absorption of UV light
on the WPC surface. Stark and Matuana [8] showed
that WPC specimens processed by an extrusion
method degraded more than the WPC specimen
processed by an injection method. This was because
the surface of the injection molded WPC have more
of polymer rich layer when compared with that of
the extruded WPC. A report by Wang et al. [9] indi-
cated that a smooth WPC surface was more durable
in terms of mechanical properties than a sawn WPC
surface. The works of Stark and Matuana [8] and
Wang et al. [9] implied that the emerged wood par-
ticles on the WPC surface accelerated the degrada-
tion in WPC.

Stark [10] studied the effect of weathering cycles
on changes in color and mechanical properties of
WPE composites, and found that exposure of WPE
composites to water spray in combination with radi-
ation in a xenon arc weathering apparatus was more
severe than exposure to radiation alone. Filson ef al.
[11] studied the effect of weathering on chemical
and color changes of WPVC composites, and found
that the conjugated ketones and lignin were reduced
by weathering, whereas the cellulose part was unaf-
fected. The use of a UV absorber and/or pigment
could improve the stabilization of the polymer
matrix in WPC, which prevent or retard the photo-
degradation [7, 12—14]. In addition to UV radiation,
moisture and temperature are classified as effective
variables affecting the property changes in WPC.
Moisture or water can accelerate photooxidation in
WPC by causing swelling of the wood cell wall,
thus facilitating light penetration into the wood
[10]; this results in decreases in both strength and
modulus of WPC due to the deterioration of interfa-
cial bonding between natural fiber and matrix, and
the softening of amorphous regions of microfibrils
of wood fiber [10, 15, 16]. Bledzki et al. [17] found
that the decrease of mechanical properties of
wood/polypropylene (WPP) composites, after cyclic
conditions of temperature and moisture, was par-
tially reversible. However, cyclic conditions showed
less effect than static conditions. The work of Wang
et al. [18] indicated that the flexural strength and
modulus of WPC tended to decrease significantly
after freeze-thaw cycling treatment. Higher temper-
ature was also found to increase the water absorp-
tion of WPC [17, 18].

Available literature indicates that there is very little
information comparing the property changes of WPC
under accelerated and natural conditions [21, 22].
Abu-Sharkh and Hamid [21] revealed that the pho-
tostability of maleic anhydride-grafted polypropy-
lene (MAPP)-compatibilized palm fiber/PP com-
posites under artificial weathering was higher than
that under natural weathering. This was because the
difference in light spectrum was produced by solar
radiation, and that the accelerated weathering of
MAPP was susceptible to degradation by radiation
frequencies that were more abundant in solar radia-
tion. The work of Fabiyi and McDonald [22] also
reported on the effects of three weathering regimes
— xenon-arc, UVA, and natural weathering — on the
photodegradation of WPVC composites; they found
that the carbonyl and polyene contents of weathered
WPVC composites under xenon-arc and UVA weath-
ering increased with increasing weathering time
and then decreased after 1200 h, whereas those under
natural weathering progressively increased through-
out the natural weathering times used.

Several studies have indicated that the degradation
pattern of WPC under natural weathering might dif-
fer from that of WPC under accelerated weathering,
based on laboratory conditions [21, 22]; also, a pre-
vious study [7] reported on the effect of the type
and content of a UV stabilizer on the photostabi-
lization of WPV C composites using a QUV weath-
erometer only. Therefore, it would be interesting to
investigate the photodegradation pattern of WPVC
composites under natural weathering compared to
that of WPC under accelerated weathering. In addi-
tion, the photodegradation level of WPVC compos-
ites at different depths from the specimen surface
may differ; this was investigated in order to clarify
the magnitude of photodegradation in WPVC com-
posites.

Thus, this work was divided into two parts. The first
part was to compare the photodegradation of WPVC
composites under both natural and QUV weather-
ing, while the second part was to study the magni-
tude of photodegradation in WPVC composites at
different depths from the specimen surface. Pho-
todegradation of WPVC composites was mainly
evaluated by discoloration and chemical and struc-
tural changes.
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2. Experimental

2.1. Raw materials

The ingredients of the PVC compound and compos-
ites are shown in Table 1.

2.1.1. Suspension PVC

Suspension PVC (trade name, SIAMVIC 258RB)
was supplied by V.P. Wood Co., Ltd. (Bangkok
Thailand). The PVC powder was dry-blended with
various necessary additives as listed in Table 1, this
being referred to as PVC compound.

2.1.2. Wood flour particles

Wood flour particles were supplied by V.P. Wood
Co., Ltd. and were chemically treated with N-(2-
aminoethyl)-3-aminopropyl trimethoxysilane of
1.0 wt% wood flour. For silane treatment, the wood
flour was dried in oven for 24 h at 80°C or until the
weight of wood flour was constant to remove the
moisture. The silane solution was prepared by drop-
ping N-(2-aminoethyl)-3-aminopropyl trimethoxy-
silane slowly into mixture of deionized water and
1% acetic acid. And then the silane solution was
sprayed onto wood flour, with a better mixing
obtained with a high speed mixer for 5 mins. There-
after, the treated wood flour was oven-dried for 6 h
at 100°C until a constant weight was achieved for
the removal of the solvent. In this work, the content
of wood flour in the PVC compounds varied: 0, 50 or
100 parts per hundred resin [phr] of PVC powder.

2.1.3. UV stabilizers

From our previous work [7], 2-(2H-benzotriazol-2-
yl)-p-cresol (trade name, Tinuvin P; Ciba Specialty
Chemicals, Basel, Switzerland) at 2 phr was recom-
mended as the most effective UV stabilizer for both
PVC and WPVC composites. Therefore, formula-
tions of PVC and WPVC composites with 2 phr of
Tinuvin P were chosen to compare the effects of
weathering regimes and the magnitude of pho-
todegradation at different depths from the specimen
surface. After weathering, changes in chemical struc-
ture and color of PVC and WPVC composites with
2 phr of Tinuvin P were examined.

2.2. Sample preparation

PVC and WPVC composites were produced by an
industrial-scale twin-screw extruder (D-521; Reifen-
héuser Extrusion GmbH, Troisdorf, Germany) with
counter-rotating screws. The experimental proce-

Table 1. Materials formulations for PVC compound and

WPVC composites
. Concentration

Ingredients (phr]
Suspension PVC grade SIAMVIC® 258RB 100.0
(K value = 58) '
External lubricant (Finalux® G-741) 0.6
Internal lubricant (Ca-St) 0.6
Acrylic Processing aids (Kane Ace® PA-20) 6.0
One pack heat stabilizer (PF608) 3.6
Natural filler (wood flour) Varied (0, 50, 100)
UV Stabilizers (Tinuvin P) Varied (0, 1.0, 2.0)

dure and instruments used for the sample prepara-
tion are detailed in our previous work [7]. The pro-
cessing temperature profiles on the extruder from
hopper to die zones were 170, 160, 150, 140, 135
and 170°C. The screw rotating speed was 16 rpm. A
slit die, whose dimensions (width x height x length)
were 40 x4 x 180 mm?, was used to produce slit
extrudates. The extrudates were then solidified by
passing through a water cooling-system before col-
lection for preparing specimens.

2.3. Effects of natural and accelerated
weathering conditions
2.3.1. QUV weathering testing
PVC and WPVC specimens were cut from extru-
dates whose dimensions were dependent on the
standard testing methods used. The prepared PVC
and WPVC specimens were weathered in a QUV
weatherometer (Q-Lab, Cleveland OH, USA) oper-
ated according to ASTM G154 (2006). PVC and
WPVC specimens were UV-weathered under cyclic
UV/condensation exposures: 8 h of UV light expo-
sure at 60°C under 313 nm fluorescent UV (UVB)
lamps, followed by 4 h of condensation tempera-
tures at 50°C in dark condition (without UV expo-
sure). The weathered PVC and WPVC specimens
were evaluated for changes in chemical structure
and color after UV weathering times of 0 to 720 h.

2.3.2. Natural weathering testing

PVC and WPVC specimens were exposed on a roof
deck at the School of Energy, Environment and Mate-
rials building at King Mongkut’s University of Tech-
nology Thonburi, Bangkok, Thailand, for 365 days
(from April 2010 through March 2011). The typical
weather conditions in Bangkok for the duration of
exposure are illustrated in Table 2. Data regarding
average weather conditions were provided by the
Thai Metrological Department. PVC and WPVC
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Table 2. Average weather conditions in Bangkok for April 2010 to March 2011

Weather condition April —June 2010 | July — September 2010 | October — December 2010 | January — March 2011
Temperature [°C] 31.03 28.93 27.86 27.47
Relative humidity [%] 72.68 79.33 70.64 68.56
UV-B intensity [W/m?] 0.36 0.33 0.24 0.24
Rainfall [mm] 5.44 11.97 2.30 2.29

specimens were placed on aluminum exposure
racks according to ASTM D1435 (2005). The spec-
imens were mounted on the racks at a 45° angle,
facing in a southerly direction, and were later taken
for characterization after 90, 180, 270 and 365 days.

2.4. Photodegradation profiles at different
depths from the specimen surface

PVC and WPVC specimens weathered by a QUV
weatherometer at UV weathering times of 0 and
720 h were studied for their photo-degradation level
at different depths from the specimen surface, using
an abrasion tester to remove the weathered PVC
and WPVC surface layers to the desired depth. Stan-
dard curves relating to the thickness of the removed
specimen bulk and the number of abrasions were
established for determination of the number of abra-
sions. The magnitude of photodegradation at differ-
ent depths from the specimen surface were investi-
gated based on structural changes, in terms of poly-
ene and carbonyl sequences and color changes, as
well as from visual photographs.

Standard curves were established as a plot of the
number of abrasions against the thickness of the
removed specimen surface. Removal of the speci-
men surface was performed using an abrasion tester
(Taber Abraser model 5130; Testing Machines Inc.,
Ronkonkoma NY, USA). Sandpaper (P12) with an
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Figure 1. Standard curves between removed thickness of
specimen surface and number of abrasions

Table 3. Number of abrasion for removing specimen sur-
face at every 20 pm

Formula Number of abrasion [round]
PVC 51
PVC with wood flour at 50 phr 77
PVC with wood flour at 100 phr 83

average grit size of 1815 um was used for abrasion
of specimen surfaces in the abrasion tester. The
number of abrasions was varied from 50, 100, 150,
200 and 250 rounds and the thickness of the removed
specimen was measured using a micrometer. Dur-
ing abrasion, each specimen was pressed with a 250 g
steel load. The standard curves for PVC and for
WPVC composites with wood contents of 50 and
100 phr are given in Figure 1. The calculated num-
ber of abrasions for removing each 20 um of speci-
men surface is shown in Table 3. The chemical
structure and color of weathered PVC and WPVC
composites at 720 h UV weathering time were eval-
uated as a function of depth from specimen surface
ranging from 0 to 100 pm as compared to those of
un-weathered PVC and WPV C composites.

2.5. Characterizations

It should be noted that all reported data for all tests
were averaged from at least three independent spec-
imens and each specimen was measured from at
least three different positions.

2.5.1. Contact angle measurement

Contact angles of unweathered and weathered
WPVC samples were measured using a contact angle
goniometer (model 100-00; Ramé-Hart, Succa-
sunna NJ, USA) equipped with an automated camera
and image analysis software. Distilled water was
used as the wetting liquid. Further details of the
experimental procedure can be obtained elsewhere
[23].

2.5.2. Structural change analysis
Polyene and carbonyl indices were determined using
attenuated total reflectance—Fourier transform
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infrared (ATR-FTIR) analysis to assess the extent of
degradation of the PVC and WPVC. A Nicolet 6700
FT-IR spectrometer (Thermo Scientific, Waltham
MA, USA) was used to measure the reflectance
spectra of specimens, as well as changes in their
absorbance. Polyene and carbonyl indices were cal-
culated in accordance with our previous work [7].
The wavenumbers of interest were 2920, 1650 and
1730 cm™!, representing C—H stretching, polyene
sequences and carbonyl groups, respectively.

2.5.3. Discoloration testing

Color changes of unweathered and weathered PVC
and WPVC specimens were determined using two
different color systems: Munsell and CIELAB. In
the Munsell color system, the yellowness index (Y1)
was estimated using a UV-Vis spectrophotometer
(model 3100; Shimadzu, Kyoto, Japan) under the
standard source C. The Y/ values of unweathered
and weathered specimens were calculated in accor-
dance with our previous work [24].

In addition, a UV-Vis spectrophotometer was used
to measure color changes of PVC and WPVC sam-
ples before and after weathering, using the CIELAB
color system. L*a*bh* coordinates of unweathered
and weathered PVC and WPVC specimens were cal-
culated based on a D65 light source. L* represents
the lightness, whereas a* and b* are the chromatic-
ity coordinates. The total color changes or discol-
orations of the weathered specimens were calcu-
lated from differences of lightness and chromatic
coordinates (AE) of unweathered and weathered
PVC and WPVC specimens [25].
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3. Results and discussion
3.1. Effects of natural and accelerated
weathering conditions
3.1.1. Contact angle analysis
Figure 2 shows contact angle values of PVC and
WPVC composites with and without Tinuvin P at
2 phr under natural and QUV weathering condi-
tions. It was found that the initial contact angle of
PVC was slightly different from that of WPVC com-
posites, suggesting that wood particles had no sig-
nificant effect on the contact angle value. After
weathering, the contact angle for PVC and WPVC
composites generally decreased with increasing
weathering time under both natural and QUV weath-
ering conditions except for WPVC with wood con-
tent of 100 phr under natural weathering, suggesting
that the specimen surfaces of the PVC and WPVC
composites became more hydrophilic. The decreases
in contact angle with weathering time were more
obvious in the case of QUV weathering, indicating
that photodegradation of PVC and WPVC compos-
ites under QUV weathering became more severe
than under natural weathering.

3.1.2. Structural changes

Figure 3 shows the effects of weathering conditions
on the polyene index of PVC and WPVC compos-
ites with and without Tinuvin P at 2 phr. The poly-
ene contents of PVC and WPVC composites under
natural and QUV weathering conditions were found
to increase with increasing weathering time. The
change in the polyene index in the case of QUV
weathering, however, was more pronounced than in
the case of natural weathering. It is known that radi-
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Figure 2. Effect of weathering condition on contact angle in PVC and WPVC composites with and without Tinuvin P at
2 phr: (a) natural weathering condition, (b) QUV weathering condition
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Figure 3. Polyene index in PVC and WPVC composites with and without Tinuvin P at 2 phr: (a) natural weathering condi-

tion, (b) QUV weathering condition

ation from sunlight under natural weathering condi-
tions includes visible light, UV and infrared radia-
tion, whereas the radiation from a UVB lamp under
QUYV weathering conditions contains only UV radi-
ation (280—380 nm) [26]. In general, radiation in
UV wavelengths is primarily responsible for PVC
degradation [27]. In this case, UV radiation under
natural weathering was much lower than that under
QUYV weathering. This was the reason for greater
PVC degradation under QUV weathering as com-
pared with natural weathering. The addition of Tin-
uvin P could stabilize PVC and WPVC composites,
as seen by a decrease in polyene content; whereas
the presence of wood appeared to accelerate the
photodegradation of PVC under both natural and
QUYV weathering conditions. This was evidenced
by an increase in polyene content with increasing
wood content (from 50 to 100 phr). Figure 4 shows
the carbonyl index as a function of weathering time
of PVC and WPVC composites, with and without
Tinuvin P, under different weathering conditions.
The carbonyl index of both PVC and WPVC com-
posites tended to increase with weathering time
under both natural and QUV weathering conditions
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— except for WPVC under natural weathering, and
WPVC with wood content of 100 phr under QUV
weathering. The increase in the carbonyl index was
probably caused by the oxidation reaction of PVC,
in both PVC compound and WPVC composites [22,
28]. In WPVC composites, the carbonyl content
could increase and then decrease at longer weather-
ing times, this being associated with the photodegra-
dation of lignin, which reversibly transformed the
paraquinone to hydroquinone structures [12]. In
addition to the cause of photodegradation in lignin,
the decrease of carbonyl index for the WPVC spec-
imen under natural weathering may be because the
outer layer of the weathered specimens was washed
away by rain. For the effect of weathering condi-
tions, it was observed that the changes of carbonyl
content under natural weathering was lower than
those under QUV weathering, the explanation being
similar to the polyene results. The addition of Tinu-
vin P at 2 phr was found to reduce the photooxida-
tion of PVC and WPVC composites under both nat-
ural and QUV weathering conditions, as evidenced
by a decrease in the carbonyl index as compared
with the specimens without Tinuvin P.
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Figure 4. Carbonyl index in PVC and WPVC composites with and without Tinuvin P at 2 phr: (a) natural weathering con-

dition, (b) QUV weathering condition
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3.1.3. Discoloration

Figure 5 shows Y/ of PVC and WPVC composites
with and without Tinuvin P under different weather-
ing conditions. The effect of natural and QUV weath-
ering conditions on Y/ of PVC and WPVC speci-
mens was found to be different. For natural weath-
ering, Y/ of PVC without Tinuvin P did not change
with increasing weathering time, whereas that of
PVC with Tinuvin P tended to decrease at 90 days
after that did not change. The decrease of Y/ of PVC
was probably because the coloration of PVC changed
from yellow-white to light gray; this is known as
the ‘whitening effect’, which is caused by visible
radiation at wavelengths above 400 nm [29]. A sim-
ilar whitening effect of PVC was also mentioned in
the report by Real et al. [30]. The whitening effect
of PVC was because the attack of oxygen on long
polyenes molecules, resulting in the reduction in
polyene length [31]. However, the unchanged Y/
values in case of PVC without Tinuvin P and PVC
with Tinuvin P after weathering time of 90 days
may be a result photoyellowing of PVC caused by
UV radiation that compensated for the photobleach-
ing of PVC by visible radiation. For WPVC compos-

80 T
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ite under natural weathering, Y7 values increased at
weathering time of 90 days and then decreased at
180 days and increased again at 270 days. The
increase of Y7 at initial weathering time was proba-
bly affected by wash-away by rain, which led to a
color change from brown to yellow shade. The
decrease of Y/ at 180 days might be attributed to
photobleaching of PVC as discussed for neat PVC.
The increase of Y7 at 270 days was again caused by
an obvious photoyellowing of PVC. For QUV
weathering, Y7 of both PVC and WPVC composites
increased with increasing QUV weathering time
except for that of PVC adding Tinuvin P did not
change after weathering time of 240 h. The increase
of YI of both PVC and WPVC composites under
QUYV weathering resulted from the photoyellowing
of PVC caused by intense UV radiation. The addi-
tion of Tinuvin P could diminish the change in Y7
under both natural and QUV weathering especially
for PVC. This explanation of YI corresponds well
to the visual photographs of PVC and WPVC com-
posites under natural and QUV weathering condi-
tions (Figure 6).
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Figure 5. Effect of weathering condition on yellowness index in PVC and WPVC composites with and without Tinuvin P at
2 phr: (a) Natural weathering condition, (b) QUV weathering condition
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Figure 6. Digital photographs of PVC and WPVC composites with and without Tinuvin P at 2 phr: (a) natural weathering

condition, (b) QUV weathering condition
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Figure 7. Effect of weathering condition on lightness in PVC and WPVC composites with and without Tinuvin P at 2 phr:
(a) natural weathering condition, (b) QUV weathering condition

Figure 7 shows L* as a function of weathering time
for PVC and WPVC composites, with and without
Tinuvin P at 2 phr, under natural and QUV weather-
ing conditions. It was observed that L* of PVC, with
and without Tinuvin P, slightly changed with weath-
ering time under natural and QUV weathering con-
ditions — except for PVC without Tinuvin P under
QUYV weathering, in which L* tended to decrease
when subjected to UV weathering. This resulted
from photoyellowing of PVC under severe UV con-
ditions and without a UV stabilizer. L* for WPVC
composites, with and without Tinuvin P, and under
both natural and QUV weathering, increased at ini-
tial weathering time and leveled off after 90 days
and 240 h for natural and QUV weathering, respec-
tively. The increases of L* for WPVC composites
indicated that the photobleaching effect of lignin
was more predominant than the photodegradation
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effect of PVC in WPVC composites. L* values for
weathered WPVC composites under natural weath-
ering conditions were higher than those of weath-
ered WPVC composites under QUV weathering con-
ditions. This was because natural rainwater removes
some water-soluble extractives that impart color to
wood flour [8]. In addition, chromophores in lignin
enhance the absorption of visible light on the speci-
men surface [32]; this may lead to the whitening
effect of the PVC in WPVC composites.

The total discoloration (AF) values under natural
and QUV weathering conditions are given in Fig-
ure 8. It was found that the AE values of PVC under
natural weathering were lower than those of PVC
under accelerated weathering, whereas those of the
WPVC composites exhibited the opposite trend.
The lower AE values of PVC under natural weath-
ering occurred because the degradation of PVC

60
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Figure 8. Effect of weathering condition on discoloration in PVC and WPVC composites with and without Tinuvin P at
2 phr: (a) natural weathering condition, (b) QUV weathering condition
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caused by solar radiation was much lower than that
caused by UV radiation in a QUV weatherometer.
Higher AE values of WPVC composites under nat-
ural weathering might be attributed to the photo-
bleaching of both PVC and wood flour during natu-
ral weathering tests, whereas those of WPVC com-
posites under QUV weathering were affected by
photobleaching of lignin and photoyellowing of
PVC. The photobleaching of lignin in WPVC com-
posites under QUV weathering was partially com-
pensated by the photoyellowing of PVC during
QUYV weathering testing.

In regard to the effect of Tinuvin P, it was found that
Tinuvin P could improve the photostability of both
PVC and WPVC composites under both natural and
QUYV weathering conditions, as seen by a reduction
of AE values with the addition of Tinuvin P. How-
ever, the differences in AF values of PVC with and
without Tinuvin P under natural weathering condi-
tions were not evident over the natural weathering
time of 365 days due to the small amount of PVC
degradation. In WPVC composites, the differences

12

Formula and QUV weathering time
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a) Depth from the surface [um]
12

100

in AE values of WPVC composites with and with-
out Tinuvin P under natural weathering conditions
were greater than those under QUV weathering con-
ditions; this was because Tinuvin P could stabilize
PVC in WPVC composites under natural weather-
ing, resulting in a reduction of photobleaching (less
color fading) of the PVC. The addition of Tinuvin P
under QUV weathering conditions also led to a
reduction in photoyellowing of PVC in WPVC com-
posites.

3.2. Photodegradation profiles at different
depths from specimen surface

3.2.1. Structural changes

The profiles of polyene and carbonyl indices at var-
ious depths from the specimen surfaces for unweath-
ered and QUV-weathered PVC and WPVC compos-
ites with and without 2 phr Tinuvin P are shown in
Figures 9 and 10, respectively. The depth from the
specimen surface was contingent on the abrasion
number of sandpaper. The polyene and carbonyl
contents of weathered PVC and WPVC composites
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Figure 9. Polyene index as a function of depth from the surface for PVC and WPV C composites with and without 2 phr Tin-
uvin P at weathering times of 0 and 720 h: (a) neat PVC, (b) PVC with wood flour at 50 phr, (¢) PVC with wood

flour at 100 phr
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Figure 10. Carbonyl index as a function of depth from the surface for PVC and WPVC composites with and without 2 phr
Tinuvin P at QUV weathering times of 0 and 720 h: (a) neat PVC, (b) PVC with wood flour at 50 phr, (¢c) PVC

with wood flour at 100 phr

at 720 h significantly decreased with increasing
depth from the specimen surface, except for carbonyl
content in WPVC with wood content of 100 phr;
whereas those of unweathered PVC and WPVC
composites remained unchanged. The polyene and
carbonyl contents for weathered specimens signifi-
cantly decreased at a depth of 20 um from the spec-
imen surface, and then slightly decreased at further
depths until stabilizing to an extent similar to those
of unweathered PVC and WPVC composites, at
40-60 and 60—-80 pm, respectively. This result indi-
cated that UV radiation could not penetrate PVC
and WPVC specimens at thicknesses beyond 60
and 80 um, respectively, and also that the presence
of wood enhanced the absorption of UV radiation
onto the WPVC surface resulting from increasing
depth of UV penetration. However, the contents of
polyene and carbonyl decreased with increasing
depth from the specimen surface, and were more pro-
nounced when the wood content was increased. The

addition of Tinuvin P could improve the photostabil-
ity of PVC in neat PVC and WPVC composites, as
evidenced by decreases in the polyene and carbonyl
indices of weathered PVC and WPVC composites.
The polyene content of WPVC composites resulted
from the photodegradation of PVC in WPVC com-
posites, whereas the carbonyl contents for WPVC
composites may have been caused by photooxida-
tion of both PVC and lignin in WPVC composites.

3.2.2. Discoloration

YI profiles at various depths from the specimen sur-
faces of unweathered and QUV- weathered PVC and
WPVC composites, with and without Tinuvin P at
2 phr, are shown in Figure 11. Y7 values of unweath-
ered PVC remained unchanged despite increasing
depth from the specimen surface, whereas those of
unweathered WPVC composites with wood content
of 50 and 100 phr decreased at a depth up to 20 um.
The decreases in Y7 of WPVC composites at depths
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Figure 11. Yellowness index as a function of depth from the surface for PVC and WPVC composites with and without 2 phr
Tinuvin P at QUV weathering times of 0 and 720 h: (a) neat PVC, (b) PVC with wood flour at 50 phr, (c) PVC
with wood flour at 100 phr

between 0 and 20 um were caused by a white scratch  ues for both PYC and WPVC composites decreased
occurring as a result of physical abrasion from with increasing depth from the specimen surface,
sandpaper during the experiment, as shown in Fig-  and then slightly changed at depths between 40 and
ure 12. For QUV-weathered specimens, the Y/ val- 60 um, respectively. However, the Y/ values of
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Figure 12. Digital photographs of PVC and WPVC composites with wood contents of 50 and 100 phr, at QUV weathering
times of 0 and 720 h, at different depths from the specimen surface
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weathered specimens after abrasion still differed
from those of unweathered specimens, especially in
the case of WPVC composites. The difference in Y/
of PVC might be attributed to the thermal degrada-
tion of PVC caused by heat during QUV testing;
whereas the difference for WPVC composites was
mainly due to moisture, which removed some
water-soluble extractives that imparted color to the
wood flour [8]. Visual photographs of unweathered
and weathered PVC and WPV C composites at vari-
ous depths from the specimen surface are shown in
Figure 12. It was found that color changes of PVC
and WPVC specimens at different depths from the
specimen surface corresponded well to the Y7 results.
The L* profiles at different depths from the speci-
men surface for PVC and WPVC composites, with
and without Tinuvin P and before and after QUV
weathering of 720 h, are shown in Figure 13. Simi-
lar to the Y7 values in Figure 11, the L* values of
unweathered PVC remained unchanged with increas-
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120

ing depth from the specimen surface, whereas those
of unweathered WPV C composites increased at ini-
tial depth and then remained unchanged beyond
40 pm depth. In the case of weathered specimens,
the L* values of weathered PVC and WPVC speci-
mens after abrasion differed from those of unweath-
ered specimens. The differences in L* values can be
explained in similar fashion, as given in Figures 11
and 12. The discolorations or total color changes
(AE) in Figure 14 were determined from the differ-
ences of L*, a* and b* values between unweathered
and QUV-weathered specimens at identical depths
from the specimen surface. It was found that the
lower the AE values, the higher the depth from the
specimen surface for both PVC and WPVC com-
posites. The AE values of PVC and WPVC compos-
ites slightly changed beyond depths of 40 and 60 um,
respectively. Based on AE results, Tinuvin P appeared
to be more effective in the stabilization of PVC as
compared with WPVC composites.
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Figure 13. Lightness as a function of depth from the surface for PVC and WPVC composites with and without 2 phr Tinu-
vin P at QUV weathering times of 0 and 720 h: (a) neat PVC, (b) PVC with wood flour at 50 phr, (¢) PVC with

wood flour at 100 phr
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Figure 14. Discoloration levels of QUV-weathered PVC

and WPVC composites, with and without 2 phr

Tinuvin P, compared with unweathered speci-

mens at various depths from the specimen sur-

face

4. Conclusions

The effects of different UV weathering conditions

(natural and accelerated) on the photodegradation

behavior of PVC and wood/polyvinyl chloride

(WPVC) composites were studied and the follow-

ing conclusions were noted.

— Changes in the polyene and carbonyl sequences
and contact angle of PVC and WPVC composites
under accelerated UV weathering were more pro-
nounced than those under natural weathering.
The addition of Tinuvin P could stabilize PVC
and WPVC composites, whereas the presence of
wood appeared to accelerate the photodegrada-
tion of PVC under both natural and QUV weath-
ering conditions.

— The yellowness index of PVC and WPVC com-
posites under natural weathering decreased with
weathering time, but the opposite was observed
for accelerated weathering conditions due to pho-
tobleaching of PVC under visible radiation.

— The lightness of WPVC composites under natu-
ral weathering conditions significantly increased
as compared with accelerated weathering condi-
tions due to the photobleaching effect on both
PVC and wood parts.

— The polyene and carbonyl sequences of PVC and
WPVC composites were high at the sample sur-
faces and then reduced significantly with increas-
ing depth from the specimen surface before lev-

eling off at the depth of 60 pm for PVC and at
80 pm for WPVC composite. The differences in
the specimen depths to the stabilizations of poly-
ene and carbonyl sequences in PVC and WPVC
samples implied that the presence of wood parti-
cles enhanced the absorption of UV radiation
onto the WPVC composite samples.

The colors of PVC and WPVC composites after
abrasion were different from unweathered speci-
mens due to thermal degradation of PVC and
color fading of the wood.
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Abstract. Phenylethynyl terminated novel imide compound based on 1,3-bis(3-aminophenoxy)benzene (APB) and
phenylethynyl trimellitic anhydride (PETA) were prepared. The curing behavior of phenylethynyl terminated imide com-
pound was investigated by differential scanning calorimetry and Fourier transform infrared spectrometry. The curing reac-
tion of phenylethynylcarbonyl end group completed at 220°C, and proceeded much faster than that of phenylethynyl end
group. Glass transition temperature of the thermosetting resin from phenylethynylcarbonyl terminated novel imide com-
pound determined by dynamic mechanical analysis was almost the same as that of o-cresolnovolac type epoxy resin. In
addition, the thermosetting resin from phenylethynylcarbonyl terminated novel imide compound exhibited excellent ther-
mal and dimensional stabilities. These excellent properties of these phenylethynyl terminated imide compound might be due
to the incorporation of alkene group or aromatic ring substitutes in the backbones, which might enhance the chain interac-
tion (molecular packing) and reduce the molecular chain mobility.

Keywords: thermosetting resins, imide, phenylethynylcarbonyl

1. Introduction nated with reactive groups) have been developed
Aromatic polyimides are well known as high-per- [1-2]. These imide oligomers terminated with reac-
formance polymer materials widely used in aero- tive groups could be thermally cured at high tem-
space and electronics fields. They have some excel-  peratures providing good processibility. Namely, due
lent properties such as high thermal stability, good to their oligomeric nature, these materials exhibit
mechanical properties and superior chemical resist-  excellent processability during fabrication of neat
ance. However, their rigid polymer backbones and  resin moldings and composites under pressure.

the strong chain interactions result in poor solubil-  The recently best known reactive group among the
ity and high softening or melting temperature for  addition-type polyimides is the phenylethynyl group.
most of aromatic polyimides, which limit their use  The phenylethynyl reactive group has high-cure
for commercial purposes. temperature and a good processing window can be
Therefore, for molding compounds or matrix resins  obtained. Upon thermal cure for ~1 h at 350-370°C,
of fiber reinforced plastics, many addition-type the phenylethynyl group undergoes a complex reac-
(thermosetting) polyimides (imide oligomers termi-  tion involving chain extension, branching and

*Corresponding author, e-mail: kimura@omtri.or.jp
© BME-PT
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crosslinking to afford a pseudo three dimensional
network. The networks exhibit high thermal stabil-
ity, good mechanical properties and superior chem-
ical resistance as well as aromatic polyimides [1].
A system based on this, namely, phenylethynyl-ter-
minated imide, PETI-5 shown in Figure 1, has been
formulated by the group at the NASA Langley
Research Center. The material is a random copoly-
mer prepared from 3,4’-oxydianiline, 1,3-bis(3-
aminophenoxy)benzene and 3,3',4,4'-biphenylte-
tracarboxylic dianhydride and end-capped with
4-phenylethynylphthalic anhydride at a calculated
number average molecular weight (M,) of
5000 g/mol. This material has displayed good
processability and excellent mechanical properties in
adhesive and composite forms. The cured PETI-5
has high fracture toughness, high thermo-oxidative
stability, and good processability. However, the
cured resin has a relatively low 7, of 270°C because
flexible diamines are introduced for the purpose of
high melt fluidity [3].

Yokota and coworkers [4-5] have developed an amor-
phous, asymmetric, and addition-type polyimide
‘“TriA-PI’ shown in Figure 2. TriA-PI is prepared
from asymmetric monomer, 2,3,3',4"-biphenylte-
tracarboxylic dianhydride (a-BPDA), 4,4'-diamin-
odiphenyl ether (4,4'-ODA), and PEPA. Both the
imide oligomer and cured polymer have irregular
and asymmetric structures that are derived from a-
BPDA, resulting in a low melting temperature and a
low melt viscosity for the imide oligomer, and a
high 7, value of 343°C for the cured polymer.
Along with good processability, TriA-PI has high
heat resistance, high thermooxidative stability, and
good fracture toughness [3].

A, 0 ol O T eoRes %N @ SOIX

PETI-5

However, phenylethynyl terminated imide oligomers
require high temperature (about 350-370°C) treat-
ment to completely remove solvent and to convert
the oligomeric precursor into cured polyimide,
which limit their use for commercial all purposes
except for the special use of aerospace field.

In this report, we synthesized phenylethynylcar-
bonyl terminated imide compound and investigated
the curing behavior and the properties of the cured
thermosetting resin.

The phenylethynylcarbonyl group may be more
flexible than the phenylethynyl group because of
the adjacent carbonyl group. And, due to the electron
withdrawing groups, such as ketone on acetylene
bond, phenylethynylcarbonyl group terminated imide
compound might enhance the rate of cure. In this
way, by the introduction of the carbonyl group adja-
cent of phenylethynyl group, the high cure tempera-
ture (about 350-370°C) of phenylethynyl termi-
nated polyimide could be lowered.

In this study, we investigated the synthesis and
characterization of phenylethynylcarbonyl termi-
nated novel thermosetting imide compound. The
novel phenylethynylcarbonyl-terminated imide com-
pound has only two imide groups in the molecular
structure, and so differs from polyimide resins. And
the curing condition of the new imide compound
may be completely different from polyimide. The
properties of thermosetting resin are influenced by
the curing condition, especially maximum curing
temperature. Therefore, we think this novel com-
pound as the new thermosetting resin, and compare
the new imide compound to an epoxy resin which
has almost similar curing condition. We selected
higher performance o-cresol novolac type epoxy

Ar = 15% \(j \O\ and 35%\0/ \[:j/

Figure 1. Chemical structure of PETI-5

=

@ C=C—

Figure 2. Chemical structure of TriA-PI

TriA-PI
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resin which was used as encapsulating material for
semiconductors of epoxy resins.

2. Experimental

2.1. Materials

1,3-bis(3-aminophenoxy)benzene (APB) was sup-
plied by Mitsubishi Gas Chemical Company, Inc.
(Tokyo, Japan). Phenylethynyl trimellitic anhydride
(PETA) was supplied by Nexam chemical AB
(Lund, Sweden). Pyridine, acetic anhydride and N-
methyl-2-pyrrolidone were purchased from Nacalai
Tesuque, Inc. (Kyoto, Japan). All chemicals were
used without further purification. The chemical
structures of APB and PETA are shown in Figure 3.
O-cresol novolac type epoxy resin (EP, epoxy equiv-
alent, 211) and 2-ethyl-4-methylimidazole as a cur-
ing accelerator were supplied by Mitsubishi Chem-
ical Corp. (Tokyo, Japan). Phenol novolac (pheno-
lic hydroxyl equivalent, 94) as a curing agent was

O\ o
ng o

~c
o]

1
o]

PETA

N UOU OU B
APB
Figure 3. Chemical structures of PETA and APB
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in NMP

rt. 30 min

Pyridine / Acetic anhydride @\C

in NMP

=
=

o

supplied by Asahi Organic Chemicals Industry Co.
Ltd. (Tokyo, Japan).

2.2. Synthesis of phenylethynylcarbonyl
terminated imide compound

The synthesis of phenylethynylcarbonyl terminated
imide compound was conducted by chemical
imidization method [6—7]. 1,3-bis(3-aminophenoxy)
benzene APB (5.84 g, 20 mmol) and N-methyl-2-
pyrrolidone (NMP, 40 ml) were placed in a three
necked flask, equipped with a magnetic stirrer and
calcium chloride drying tube. The glass flask was
dried or removed from a hot oven to prevent water
from interfering with the reaction. Phenylethynyl
trimellitic anhydride PETA (11.06 g, 40 mmol) was
added to the solution. The reaction was allowed to
stir for 24 h at room temperature under air. Subse-
quently, pyridine (6.32 g, 80 mmol) and acetic
anhydride (8.16 g, 80 mmol) was added slowly to the
solution; the solution was stirred for 30 min at room
temperature under air. The solution was then poured
into water. The product was washed with water, fil-
tered, and then dried at 60°C in vacuo. The scheme
for synthesis of phenylethynylcarbonyl terminated
imide compound (PECI-APB) is shown in Figure 4.
The structure of the obtained compound (PECI-
APB) was analyzed by '"H-NMR measurement. 'H-
NMR measurement was carried out on Japan Elec-
tron Company (Tokyo, Japan) JMN-GSX-270 instru-
ment operating at 270 MHz. Deuterated dimethyl
sulfoxide was used as a solvent and tetramethylsi-
lane was used as an internal standard.

O H,N o] o] NH,
e /O:((O + U U \©/
~c
o] APB

o o g
o} e} “C,:;\
- Cc, HN NH =c
C“c[, OH HO
1
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0 o Q
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(0] o] C.=
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C\ O
c
]] O D

PECI-APB

Figure 4. Synthesis of phenylethynylcarbonyl terminated imide compound (PECI-APB)
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"H-NMR (PECI-APB, DMSO-d6, §); 8.60-8.62 ppm
(d, 2H, CH), 8.37 ppm (s, 2H, CH), 8.08-8.12 ppm
(d, 2H, CH), 7.82-7.88 ppm (d, 4H, CH), 7.10—
7.70 ppm (m, 15H, CH), 6.85-6.95 ppm (d, 2H,
CH), 6.65-6.82 ppm (s, 1H, CH).

2.3. Curing condition of
phenylethynylcarbonyl terminated imide
compound

Phenylethynylcarbonyl terminated imide compound
was cured in a mold using a programmed oven
cycle. The curing condition was determined as
200°C/3 h + 220°C/3 h from the results of differen-
tial scanning calorimetry (DSC). The molded sam-
ple contained a small amount of voids, but the sam-
ple was cut to use the void-free sample for each
measurement.
To compare the characteristics of phenylethynylcar-
bonyl terminated imide compound with other resins,
o-cresol novolac type epoxy resin, which was used
as encapsulating material for semiconductors, was
cured in a mold using a programmed oven cycle.
Epoxy resin compositions were prepared by uni-
formly melt mixing the components (o-cresol
novolac epoxy resin 211 parts per hundred parts
[phr], phenol novolac 94 phr, 2-ethyl-4-methylimi-
dazole 2.1 phr) in a hot twin-roll, followed by cool-
ing and grinding. The curing reaction of epoxy resin
was carried out under the same condition as that of
the phenylethynylcarbonyl terminated imide com-
pound (200°C/3 h + 220°C/3 h) to evaluate the char-
acteristics.

2.4. Characterization of
phenylethynylcarbonyl terminated imide
compound and the cured thermosetting
resin

The structures of phenylethynylcarbonyl terminated

imide compound and the cured thermosetting resin

were analyzed by Fourier Transform Infrared Spec-
trophotometer (FT-IR). FT-IR measurement was
carried out on Nicolet Impact 420 instrument

(Thermo Fisher Scientific K.K, Yokohama, Japan).

The spectral range was 4000400 cm™'. One hun-

dred twenty-eight scans were averaged at a resolu-

tion of 4 cm™!. Samples were prepared as KBr pel-
lets.

FT-IR (PECI-APB, KBr); 1780 cm™ (s, imide C=0

asymmetric stretching), 1725 cm™! (vs, imide C=0

symmetric stretching), 2213 cm™' (m, phenylethynyl

stretching), 1600 cm™' (s, aromatic C=C), 1370 cm!
(s, imide C—N stretching), 739 cm™ (s, imide C-N
bending).

Differential scanning calorimetry (DSC) was applied
to evaluate the cure behavior of phenylethynylcar-
bonyl terminated imide compound. DSC was meas-
ured with heating rate of 10°C/min under N, atmos-
phere on a Seiko Instruments Co., Ltd., (Chiba,
Japan) STT EXSTAR 6000.

The properties of the cured thermosetting resin
were characterized by dynamic mechanical analysis
(DMA), thermal gravimetric analysis (TGA) and
thermal mechanical analysis (TMA).

Dynamic mechanical analysis (DMA) was applied
to evaluate the glass transition temperature (7).
Dynamic mechanical analysis was measured by a
three points bending method at 1 Hz, amplitude of
10 um, with a heating rate of 2°C/min on a Seiko
Instruments Co., Ltd (Chiba, Japan). DMS-110
Dynamic Mechanical Analysis Spectrometer. The
test specimen consists of 50 mm long and 15 mm
wide with a thickness of 2—3 mm. The peak temper-
ature of tand by dynamic mechanical analysis was
considered as T [8].

Thermal gravimetric analysis (TGA) was applied to
evaluate the thermal stability. TGA was measured
with heating rate of 10°C/min under N, atmosphere
on a Seiko Instruments Co., Ltd. (Chiba, Japan)
TGA 5200 Thermal Gravimetric Analyzer. The val-
ues of 5% mass loss temperature were evaluated.
Thermal mechanical analysis (TMA) was applied to
evaluate the dimensional stability. TMA was meas-
ured with heating rate of 2°C/min under N, atmos-
phere on a Seiko Instruments Co., Ltd. (Chiba, Japan)
TMA/SS 6100 Thermal Mechanical Analyzer. The
oblong specimen measuring 3—4 mm in length and
usually 10-15 mm in height was subjected to a
loading 5 g force via a vertically adjustable quartz
glass probe. The value of coefficient of thermal
expansion (CTE, 40-60°C) was evaluated.

3. Results and discussion
3.1. Synthesis of phenylethynylcarbonyl
terminated imide compound

The synthesis of phenylethynylcarbonyl terminated
imide compound was conducted by chemical
imidization method [6—7]. The formation of poly
(amic acid)s is achieved via the reaction of a dian-
hydride and a diamine in a dry aprotic solvent at
room temperature. The reaction mechanism involves
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the nucleophilic attack of the amino group on the
carbonyl carbon of the anhydride group, followed
by the opening of the anhydride ring to form an
amic acid group. The second pathway of cyclode-
hydration of amic acid to imide involves the use of
a chemical dehydrating agent to promote ring clo-
sure reactions, which is effective for either soluble
or insoluble polyimides. Commonly used reagents
include acid anhydrides in dipolar aprotic solvents
or in the presence of tertiary amines. Among the
dehydrating agent used were acetic anhydride, ben-
zoic anhydride, as well as others. The amine catalysts
used include pyridine, N-methylmorpholine, tri-
alkylamines and others. For this work, acetic anhy-
dride and pyridine were used, although other chem-
ical combinations may be equally amenable to this
system.

In several instances, the product yield was found to
be about 90%. And it was found that phenylethynyl-
carbonyl terminated imide compound could be eas-
ily dissolved in DMSO, to afford a homogeneous
solution. But the imide compound was insoluble in
other solvents such as acetone, methanol, chloro-
form, ethyl acetate and tetrahydrofuran.

'"H-NMR spectrum of raw materials (PETA and
APB) and the product (phenylethynylcarbonyl ter-

APB
H N o o NH,

i
9 8 7 6 5 4 2 1 0
ppm
ef
-mk
PECI-APB d fgh

minated imide compound, PECI-APB) is shown in
Figure 5. As a result, a peak (z, 4.78 ppm) assigned
to the primary amine groups of APB were not
detected. All peaks assigned to the aromatic ring
proton were detected. The structure of phenylethynyl-
carbonyl terminated imide compound (PECI-APB)
was confirmed by NMR. The small peaks at 2.1, 2.3
and 2.7 ppm come from acetic anhydride and N-
metyl-2-pyrrolidone used as the raw material or
reaction solvent. And the peak at 2.2 ppm comes
from acetic acid arising from acetic anhydride. The
peak at 3.4 ppm comes from water used for purifi-
cation after synthesis of phenylethynylcarbonyl ter-
minated imide compound. There was not significant
indication of side reaction in the NMR, and the
purity of PECI-APB was almost 100% from 'H-
NMR.

The FT-IR spectra of raw materials (PETA and
APB), phenylethynylcarbonyl terminated amic acid
and phenylethynylcarbonyl terminated imide com-
pound (PECI-APB) are shown in Figure 6.

In Figure 6c, it can be seen that the amic acid com-
pound exhibited the characteristic absorption near
2900-3200 cm™!, which was attributed to COO-H
and HN-H. The absorption at ca. 1710 cm™!, which
was related to amic acid C=0 (COOH) was observed.

H,0 DMSO ACTN

e I
o QC‘C
Q) 6

9 8 7 6 5 4 3 2
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[
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Figure 5. "H-NMR spectrum of phenylethynylcarbonyl terminated imide compound (PECI-APB) in DMSO-d6
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Figure 6. FT-IR spectra of (a) PETA, (b) APB, (c) phenylethynylcarbonyl terminated amic acid and (d) phenylethynylcar-

bonyl terminated imide compound (PECI-APB)

The absorptions at ca. 1660 and 1550 cm™', which
were related to amide groups of amic acid C=0
(amide CONH) and C-NH, were also observed.

In Figure 6d, it can be seen that the imide com-
pound exhibited the characteristic absorption around
2213 cm™!, which was attributed to the stretching
vibration of ethynyl C=C. The absorptions at ca.
1780 and 1725 cm™!, which were related to the asym-
metric and symmetric stretching vibrations of imide
C=0, were also observed. Moreover, the absorp-
tions around 1600 cm™' (aromatic C=C), 1370 cm™!
(imide C-N), were also detected. Additionally, the
lack of near 2900-3200 cm™! which was attributed
to COO-H and HN-H, the absorption at ca.
1710 cm™! which was related to amic acid C=0
(COOH) and the absorptions at ca. 1660 and
1550 cm™" which were related to amide groups of
amic acid C=0 (amide CONH) and C—NH indi-
cated that the polyimide did not contain significant
amounts of amic-acid functional groups.

By these results of NMR and FT-IR, it was found
that the synthesis of phenylethynylcarbonyl termi-
nated imide compound by chemical imidization

method was conducted effectively, and the objec-
tive phenylethynylcarbonyl terminated imide com-
pound (PECI-APB) was obtained.

3.2. DSC analysis of phenylethynylcarbonyl
terminated imide compound

DSC thermogram of phenylethynylcarbonyl termi-
nated imide compound (PECI-APB) is shown in
Figure 7. From the first DSC heating scan, it is found
that phenylethynylcarbonyl terminated imide com-
pound exhibited a weak glass transition around
156°C and a broad exothermic peak with the onset
and maximum around 180 and 212°C, respectively.
The exothermic peak is assigned to the curing reac-
tion of the phenylethynyl groups, which is accom-
panied with heat release. As a result, it was found
that phenylethynylcarbonyl terminated imide group
could react more rapidly than phenylethynyl termi-
nated imide group which needed the high cure tem-
perature (about 350-370°C) [1]. This is because the
phenylethynylcarbonyl group might be more flexi-
ble than the phenylethynyl group because of the
adjacent carbonyl group, and electron withdrawing
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Figure 7. DSC curve of phenylethynylcarbonyl terminated
imide compound (PECI-APB)

groups such as ketone on acetylene bond; phenyl-
ethynyl group terminated imide compound might
enhance the rate of cure.

From the result of DSC measurement, the curing
condition was determined as follows: after phenyl-
ethynylcarbonyl terminated imide compound (PECI-
APB) softened at 160°C to remove any bubbles
containing in it sufficiently, curing reaction was
carried out at 200°C/3 hr. Finally, at 220°C/3 hr the
cured thermosetting resin was postcured so that the
curing reaction could proceed completely. In this
way, the curing condition of phenylethynylcarbonyl
terminated imide compound was determined as
200°C/3 hr +220°C/3 hr.

DSC thermogram of the cured resin from phenyl-
ethynylcarbonyl terminated imide compound (PECI-
APB) is shown in Figure 8. DSC curve of the cured
resin showed no exothermic peaks, implying that
PECI-APB resin had been completely cured. And

Exo

—~——— |

164°C

50 100 150 200 250
Temperature [°C]
Figure 8. DSC curve of the cured resin from phenylethynyl-
carbonyl terminated imide compound (PECI-
APB)

glass transition temperature of the cured resin was
observed around 164°C.

3.3. Curing reaction of phenylethynylcarbonyl
terminated imide compound

To investigate the curing reaction of phenylethynyl-
carbonyl terminated imide compound, FT-IR meas-
urement was carried out. FT-IR spectra of the com-
pound before and after the curing reaction of
phenylethynylcarbonyl terminated imide compound
(PECI-APB) are shown in Figure 9. As a result, the
characteristic absorption around 2213 cm™!, which
was attributed to the stretching vibration of ethynyl
C=C, disappeared after curing reaction (Figure 9b).
The absorptions at ca. 1780 and 1725 cm™', which
were related to the asymmetric and symmetric
stretching vibrations of imide C=0, were also
observed. Moreover, the absorptions around
1600 cm™! (aromatic C=C), 1370 cm™! (imide C-N),
were also detected.

The new absorption of alkene C=C at 1635 cm™!
appeared after curing reaction (Figure 9b). It was
found that the curing reaction of phenylethynylcar-
bonyl terminated imide compound occurred, and
then the alkene groups or aromatic groups (the
absorptions around 1600 cm™") might be generated
by the curing reaction.

Based on the investigations on the thermal curing of
phenylethynyl terminated imide oligomers it has
been suggested that a polyene initially began to
form in the curing reaction, which then participated
in more complex reactions to yield crosslinked aro-
matic structures and condensed polycyclic unsatu-
rated structures [9—13].

3.4. TGA analysis of phenylethynylcarbonyl
terminated imide compound

Figure 10 shows the TGA curves of the cured ther-
mosetting resin from phenylethynylcarbonyl termi-
nated imide compound (PECI-APB) and that from
o-cresol novolac type epoxy resin (EP). As for
phenylethynylcarbonyl terminated imide compound,
the initial decomposition temperature, defined as the
temperature at which 5 wt% mass loss occurred, was
432°C. And the cured resin achieved char yields
above 75% under nitrogen at 600°C, which exhib-
ited the cured thermosetting resin had good thermal
stability. In contrast, the decomposition temperature
and the char yield at 600°C of epoxy resin was
384°C and 37% respectively (Table 1). As a result,
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Figure 9. FT-IR spectra of (a) before, (b) after curing reaction of phenylethynylcarbonyl terminated imide compound

Table 1. Properties of the cured thermosetting resins
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Figure 10. TGA curves of (a) phenylethynylcarbonyl termi-
nated imide compound (PECI-APB) and
(b) epoxy resin (EP)

the thermosetting resin from phenylethynylcar-
bonyl terminated imide compound showed more
superior thermal stability to that of epoxy resin. The
improvement of thermal stability is due to the incor-
poration of alkene group or aromatic ring substi-
tutes in the backbones, which might enhance the
chain interaction and reduce the molecular chain
mobility.

Sample T,* | Te® |Char yield p(E')3 CTE¢
[°C] | I°C] [%] [mol/m”] | [ppm/°C]
PECI-APB | 201 | 432 75 1.5-10% 44
Epoxy resin | 205 384 37 1.6-10% 57
PETI-5 270 | 503 - - -

#Peak temp. of tand by DMA.

"Temperature at which 5 wt% mass loss occurred.
°At 600°C.

4The value (40-60°C) by TMA.

And 5% decomposition temperature of other imide
oligomer (PETI-5) [14] was also shown in Table 1.
The thermosetting resin from phenylethynylcar-
bonyl terminated imide compound showed lower
thermal stability to other imide oligomer (PETI-5).

3.5. DMA analysis of phenylethynylcarbonyl
terminated imide compound

The curves of Dynamic Mechanical Analysis (DMA)
are shown in Figure 11. As a result, glass transition
temperature (7,) of the thermosetting resin from
phenylethynylcarbonyl terminated imide com-
pound (PECI-APB) was 201°C. And T, of the cured
epoxy resin (EP) was 205°C (Table 1).
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Figure 11. DMA curves of (a) phenylethynylcarbonyl ter-
minated imide compound (PECI-APB) and
(b) epoxy resin (EP)

The crosslink density p(£") can be calculated using
the equation of state for rubbery elasticity (see
Equation (1)) [15]:

3RT

p(E") (1)
where @ is the front factor, 7 is the absolute temper-
ature, R is the gas constant, and E’ is the storage
modulus of the sample at temperature 7. This equa-
tion is applicable to polymer networks that have a
rubbery plateau region [15]. Though the adoption of
this equation to the highly crosslinked system is
beyond the applicability of the rubber elasticity the-
ory, there is no theoretical equation to calculate
crosslink density for highly crosslinked polymers.
Therefore, in our study, the value of p(£’) of the
samples was calculated at 7, + 40°C according to
this equation to compare the crosslink density of
each sample [16—17]. The results are shown in
Table 1, under the assumption that @ is equal to 1
[18]. The value of p(E") of the cured resins from
phenylethynylcarbonyl terminated imide compound
(PECI-APB) was much smaller (one hundredth)
than that of the cured epoxy resin (EP). As a result,
the thermosetting resin from phenylethynylcarbonyl
terminated imide compound showed almost the
same T, as that of epoxy resin. The reason of the
good heat resistance of phenylethynylcarbonyl ter-
minated imide compound is due not to high crosslink
density, but to the incorporation of alkene group or
aromatic ring substitutes in the backbones, which
might enhance the chain interaction and reduce the
molecular chain mobility. Namely, contrasting the
chemical composition of epoxy resin to phenyl-
ethynylcarbonyl terminated imide compound, the

epoxy does not have the functionalities that are
reducing chain mobility.

And T of other imide oligomer (PETI-5) [14] was
also shown in Table 1. The thermosetting resin from
phenylethynylcarbonyl terminated imide compound
showed lower glass transition temperature to other
imide oligomer (PETI-5).

3.6. TMA analysis of phenylethynylcarbonyl
terminated imide compound

The coefficient of thermal expansion (CTE, 40—
60°C) of the thermosetting resin from phenylethynyl-
carbonyl terminated imide compound (PECI-APB)
was evaluated by Thermal Mechanical Analysis
(TMA). The CTE is another important property with
regard to the electronic package applications. Unfor-
tunately, most organic polymers have much higher
CTEs (about 40-200 ppm/°C) than those of the
inorganic substrates (for example, fused silica
0.55 ppm/°C) and conductors (for example, copper
17-20ppm/°C) used in electronics. Additionally,
CTE of the printed circuit board is 13—18 ppm/°C,
80 to 90 ppm/°C in the plate thickness Z-axis direc-
tion. This CTE mismatch results in residual stress
buildup in the electronic materials following ther-
mal processing. It is of interest to determine the
CTEs of the thermosetting resin from phenylethynyl-
carbonyl terminated imide compound.

As a result, CTE of the thermosetting resin from
phenylethynylcarbonyl terminated imide compound
(PECI-APB) was 44 ppm/°C, which showed rela-
tively lower CTE values. In contrast, CTE of the
cured epoxy resin was 57 ppm/°C (Table 1). As a
result, the thermosetting resin from phenylethynyl-
carbonyl terminated imide compound showed much
lower coefficient of thermal expansion than that of
epoxy resin. The improvement of CTE might be due
to the incorporation of alkene group or aromatic
ring substitutes in the backbones, which might
enhance the chain interaction (molecular packing)
and reduce the molecular chain mobility. Namely,
the reduction in CTE may be attributed to the seg-
mental motions of the chains that are restricted.
Phenylethynylcarbonyl terminated imide com-
pound showed lower CTE than epoxy resin, even
though the 7, of epoxy resin was a little higher than
that of phenylethynylcarbonyl terminated imide com-
pound. It seems that the chain structure of phenyl-
ethynylcarbonyl terminated imide compound which
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has more planar shape than epoxy resin affected the
CTE more than the glass transition temperature of
the polymer [19].

4. Conclusions

In this study, we investigated the synthesis and
characterization of phenylethynylcarbonyl termi-
nated novel thermosetting imide compound. As a
result, it was found that the curing reaction of
phenylethynylcarbonyl terminated imide group pro-
ceeded much faster than that of phenylethynyl ter-
minated imide group. This is due to the phenyl-
ethynylcarbonyl group might be more flexible than
the phenylethynyl group because of the adjacent
carbonyl group, and electron withdrawing groups
such as ketone on acetylene bond might enhance
the rate of cure. From the results of Fourier trans-
form infrared spectrometry measurement, the new
absorption of alkene groups (C=C) at 1635 cm™! and
aromatic groups at 1600 cm™' appeared after curing
reaction. It was found that the curing reaction of
phenylethynylcarbonyl terminated imide compound
occurred, and then the alkene groups or aromatic
groups might be generated by the curing reaction.
The cured thermosetting resin from phenylethynyl-
carbonyl terminated imide compound exhibited had
good thermal decomposition stability. From the
results of dynamic mechanical analysis and thermal
mechanical analysis, the thermosetting resin from
phenylethynylcarbonyl terminated imide com-
pound showed almost the same 7|, as that of epoxy
resin, and the coefficient of thermal expansion of
the thermosetting resin from phenylethynylcar-
bonyl terminated imide compound was 44 ppm/°C,
which showed relatively lower CTE values. The
improvement of these excellent thermal properties
might be due to the incorporation of alkene group
or aromatic ring substitutes in the backbones, which
might enhance the chain interaction and reduce the
molecular chain mobility. These excellent proper-
ties of the phenylethynyl terminated imide com-
pound demonstrate a promising potential for future
use of commercial all purposes except for the spe-
cial use of aerospace field.
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Abstract. Cyclic butylene terephthalate oligomers (CBT) were reacted in a ring-opening polymerization with three types of
isocyanates: a bifunctional aromatic type, a bifunctional aliphatic type and a polymeric aromatic isocyanate. All reactions
took place in a batch mixer. The use of 0.5 to 1 wt% isocyanate led to a dramatic increase in elongation at break of polymer-
ized cyclic butylene terephthalate (pCBT), from 8 to above 100%. The stiffness and strength of the modified pCBT, however,
were found to slightly decrease. Proton nuclear magnetic resonance (NMR) analysis shows that the formation of thermally
stable amide groups is the dominant chain extension reaction mechanism. Gel content measurements suggest a linear struc-
ture for samples containing bifunctional isocyanates while pCBT modified with polyfunctional isocyanate exhibited some
gel formation at higher isocyanate content. Melting and crystallization temperatures as well as degree of crystallinity were
found to decrease with increasing isocyanate content. No phase separation was detected by scanning electron microscopy

(SEM) analysis. Moreover, a high degree of polymerization is deduced due to the absence of CBT oligomer crystals.

Keywords: mechanical properties, cyclic butylene terephthalate, pCBT, isocyanate, toughening

1. Introduction

The in situ ring-opening polymerization of cyclic
butylene terephthalate oligomers is a promising
route to replace thermosetting polymers in compos-
ites and has become of great interest. CBT oligomers
melt at low temperatures (120—160°C) and exhibit a
water-like viscosity prior to polymerization. Due to
this very low initial viscosity, fiber reinforcements
can be readily impregnated. After impregnation, the
molten CBT oligomers quickly polymerize in an
entropically driven, athermal ring-opening poly-
merization (ROP) without releasing volatile organic
compounds. This process yields pCBT, a thermo-
plastic polyester with high molecular weight [1-3].
So far, continuous fiber reinforced composites made
from CBT and glass fibers [3—8], basalt fibers [9],

*Corresponding author, e-mail: m.sanchez-soto@upc.edu
© BME-PT

and carbon fibers [10—-13] have been reported. More-
over, a hydrogenated nitrile rubber (HNBR) was
modified with CBT and the HNBR/CBT hybrids
exhibited improved mechanical and triblogical
properties compared to pristine HNBR [14]. CBT
has also been extensively used in nanocomposites
due to the low melt viscosity prior to ROP which is
advantageous for a good dispersion of the reinforce-
ment. Nanocomposites with nanosilica [15], multi-
walled carbon nanotubes [16-19], graphene [20]
and organically modified montmorillonite [21-24]
have been prepared. Various researchers obtained
an improved dispersion or intercalation/exfoliation
in the case of organoclays compared to conventional
melt blended PBT nanocomposites. The good disper-
sion and exfoliation of nanoparticles in pCBT resulted
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in improved thermomechanical properties [15, 17,
20, 21] and better thermal stability [18, 20, 24].
However, pCBT was found to be brittle [4, 5, 7, 9,
13, 25]. This brittleness is caused by the formation
of large perfect crystals with a lack of intercrys-
talline tiec molecules [3, 13, 26]. Another reason for
brittleness is a low molecular weight, which can be
caused by hydrolysis if moisture is present during
the ROP. Moreover, water can negatively affect the
catalyst, which also leads to a lower molecular
weight [9, 27]. Several researchers have addressed
this problem by copolymerizing CBT with poly
(ethylene-co-vinyl acetate) [28], poly(vinyl butyral)
[29], e-caprolactone [30] and polycaprolactone [4,
31]. This leads to a decreased crystallinity with less
perfect crystals and an increased elongation at
break together with a deep decrement of other rele-
vant mechanical properties such as stiffness and
strength.

Recently, we showed that reactive chain extension
of pCBT with a bifunctional epoxy resin is a useful
way to increase the molecular weight and to toughen
pCBT without considerably affecting other proper-
ties [25]. The bifunctional epoxide groups react
with the terminal carboxyl groups of two or more
pCBT chains, increasing molecular weight and caus-
ing an improvement in toughness. However, the
chain extension reaction of pCBT and epoxy resin
is rather slow and requires high reaction tempera-
tures. Additionally, it can result in considerable gel
formation when there is an excess of epoxy resin.
Therefore an addition-type chain extender with no
by-products, higher reactivity and capable of yield-
ing a linear macromolecular structure is desirable.
Of the available groups of chain extenders for poly-
esters, isocyanates (NCO) are promising. They show
higher reactivity than epoxides and readily react at
moderate temperatures with active hydrogen con-
taining compounds [27, 32, 33]. The reaction can be
promoted by metals in the form of organometallics
and/or salts of organic acids. Tin compounds such as
dibutyl tin dilaurate and tin (II) octoate are particu-
larly effective, so the reaction can even be con-
ducted at room temperature [34, 35]. This high reac-
tivity and versatility make isocyanates an important
group of chemicals and they are used as building
blocks, e.g. as hard segments in polyurethane chem-
istry. Linear, branched and crosslinked structures can
be obtained with isocyanates, depending on func-
tionality and stoichiometry. [socyanates can be used

as compatibilizers for partially miscible polymer
blends [36] as well as chain extenders or toughen-
ing agents to improve the properties; particularly
the toughness of recycled poly(ethylene terephtha-
late) [33, 36], polylactide [37], and poly(butylene
terephthalate) [38]. These properties render iso-
cyanates a useful group of chain extender and tough-
ening agents for pCBT. To the best of our knowl-
edge, there has been no publication on this subject.
In the present work we have studied the role of dif-
ferent isocyanates on the ring-opening polymeriza-
tion and the properties of CBT. The resultant struc-
ture and properties have been analyzed and dis-
cussed.

2. Experimental section

2.1. Materials

Cyclic butylene terephthalate oligomers were used
in this study, namely one-component CBT 160®,
containing butylchlorotin dihydroxide as a catalyst
and were provided in granule form from Cyclics
Europe GmbH (Schwarzheide, Germany). The CBT
was ground into a fine powder using a mortar and
pestle.

Three different types of isocyanates were used;
their chemical structures are depicted in Figure 1.
Hexamethylene diisocyanate (referred to as HDI) is
a liquid aliphatic diisocyanate and 4,4'-methyl-
enebis(phenyl isocyanate) (referred to as MDI) is a
solid aromatic diisocyanate. Both types were ana-
lytical grades from Sigma-Aldrich and used as
received. A polymeric methylene diphenyl diiso-

O=C=N\/\/\/\
N=C=0

HDI

<)

Figure 1. Chemical structures of polymeric isocyanate (a),
aromatic 4,4-methylenebis(phenyl isocyanate) (b)
and aliphatic hexamethylene diisocyanate (c)
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cyanate (referred to as PMDI) was purchased from
BASF Poliuretanos Iberia S.A., Rubi, Spain and
used as received. The PMDI is a brown, viscous lig-
uid of grade IsoPMDI 92410. According to the
material data sheet the PMDI was based on 4,4'-
methylenebis(phenyl isocyanate) and contained
oligomers with an average functionality of ~2.7 and
a NCO content of 31.8%.

2.2. Sample preparation

CBT and the corresponding amount of each iso-
cyanate (0.25, 0.5, 0.75 and 1 wt%) were blended
using mortar and pestle and vacuum dried at 80°C
for 8 h. The blends were stored in a desiccator over
silica gel prior to in-situ polymerization and simul-
taneous reactive blending in a batch mixer. After
polymerization the polymer was collected, ground
into granules and vacuum dried at 80°C for 8 h. An
IQAP LAP PL-15 hot plate press was used to com-
pression mould the dried granules at 250°C for 5 min
between two PTFE films in ambient atmosphere.
The samples were then rapidly cooled to room tem-
perature in the cold stage of the press. The resulting
pCBT/NCO films had dimensions of ca. 150% 150 x
0.5 mm? and were used to extract samples for further
characterization. Neat CBT was equally processed
for comparison.

2.3. Characterization

2.3.1. Torque versus time measurements

The CBT/NCO blends were in-situ polymerized in
a Brabender Plasti-Corder W50EHT (Duisburg,
Germany), equipped with a torque measuring sys-
tem. Around 40 g of the CBT/NCO blends were
polymerized in the mixing chamber of the Braben-
der batch mixer at 230°C and 60 min~! rotor speed
under a blanket of nitrogen to minimize hydrolysis.
The preheated mixing chamber was purged with
nitrogen for 5 min and the predried CBT/NCO blend
was introduced. Then the nitrogen blanket was intro-
duced again and after a predetermined time the mix-
ing was stopped. The material was collected from the
mixing chamber and allowed to cool to room tem-
perature.

2.3.2. Gel content

The insoluble content of the isocyanate-modified
pCBT samples was determined by dissolving around
50 mg of sample in 5 mL of a mixture of CHCl;/

TFA (9/1) at ambient temperature with agitation for
30 min. The solution was subsequently centrifuged
and the soluble part was removed. The insoluble
fraction was washed with 5 mL of the same solvent
mixture two additional times and finally with CHCl;.
It was then dried in an oven at 80°C for 12 h and
weighted. The gel content was calculated by insolu-
ble fraction weight over sample weight expressed in
percent.

2.3.3. Nuclear magnetic resonance spectroscopy
(NMR)

Proton NMR spectroscopy was used to determine
the chemical structures of the NCO-modified pCBT
samples. Spectra were collected on a Bruker AMX-
300 spectrometer operated at 300.1 MHz at 363.1 K.
Sample concentrations were 1% (w/v) and a 1,1,2,2-
tetrachloroethane-d, solvent was used. A total of
640 scans with 32k data points were recorded with
a relaxation delay of 2 s.

2.3.4. Differential scanning calorimetry (DSC)
The thermal properties of neat pCBT and NCO-
modified pCBT samples were determined by differ-
ential scanning calorimetry using a Perkin Elmer
Pyris 1 device under nitrogen atmosphere. Com-
pression moulded samples were heated from 30 to
250°C at a heating rate of 10°C/min, followed by an
isothermal step of 3 minutes and then cooled from
250 to 30°C at a rate of 10°C/min. The sum of both
melting enthalpies AH,1+, of the second heating
run was used to calculate the degree of crystallinity
xan of the samples according to Equation (1):

AH
Xaw = g0 100 [%] (M
The melting enthalpy AHY, of fully perfect crys-
talline PBT is found in to be 142 J/g according to
literature [13, 16].

2.3.5. Tensile tests

The tensile properties were determined according to
ISO 527 at room temperature and at a crosshead
speed of 10 mm/min on a Galdabini Sun 2500 (Gal-
dabini, Italy) tensile testing machine. The strain was
measured using a video extensometer. Type 1BA
specimens were die cut from the above described
compression moulded pCBT/NCO films. Presented
values were averaged from a minimum of five spec-
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imens. The toughness in terms of strain energy was
determined by integrating the area under the stress-
strain curve from the origin until rupture.

2.3.6. Scanning electron microscope (SEM)

The morphologies of unmodified and NCO-modi-
fied pCBT were analyzed by SEM. Tensile test spec-
imens were submerged in liquid N, and equilibrated
for 15 min. The specimens were quickly extracted
and cryo-fractured by bending. The fracture sur-
faces were then sputter coated with a thin gold layer
using a Bal-Tec SCDO005 Sputter Coater. SEM analy-
sis was performed on a Jeol JSM-5610 scanning
electron microscope and an acceleration voltage of
10 kV was used.

3. Results and discussion
Isocyanates are well known to readily react with
compounds that bear active hydrogen. The classical

RL—N=C=0 4 pCBT

=+ th—N —=C=0

+RL—N=c=o0

.

isocyanurate formation

OH g1 >

1. -----

reaction in polyurethane chemistry is the reaction of
an isocyanate group with an alcohol group where a
urethane group is formed. The reactivity depends
mainly on the chemical structure of the employed
isocyanate and it was found that aromatic iso-
cyanates are more reactive than aliphatic ones [33,
39]. Urethane bonds are thermally unstable and can
dissociate at high temperatures. The decomposition
temperature depends on the structures of the iso-
cyanate and alcohol used. Generally, the higher the
reactivity of the isocyanate-alcohol system, the
lower the thermal stability of the formed urethane.
The thermal stabilities of urethanes as reaction
products of different isocyanate-alcohol systems
are as follows: alkyl isocyanate-alkyl alcohol (250°C)
> aryl isocyanate-alkyl alcohol (200°C) > alkyl iso-
cyanate aryl alcohol (180°C) > aryl isocyanate-aryl
alcohol (120°C) [40]. According to this sequence, the
thermal stabilities of pCBT-isocyanate systems are

urethane formation
o
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Figure 2. Possible reaction mechanisms of pCBT hydroxyl end groups and isocyanate functional groups
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Figure 3. Possible reaction mechanisms of pCBT carboxyl end groups and isocyanate functional groups
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expected to be in the range of 200-250°C. Due to
their high reactivity, the isocyanate groups can also
react with carboxyl end groups leading to amide
groups and carbon dioxide as by-product. Amide
bonds are thermally more stable than urethane or
ester bonds due to their partial double bond charac-
ter [41].

Secondary reactions with excess isocyanate and the
previously formed urethane and amide groups can
occur, resulting in allophanates (Figure 2) and ureas
(Figure 3), respectively. Additionally, isocyanurates
can arise from trimerization of isocyanate as well as
from the reaction of allophanate and excess iso-
cyanate. These secondary reactions lead to branch-
ing and finally to crosslinking of the polymer [27,
33, 36, 39, 40, 42]. The kinetic rate constants of allo-
phanate, urea and isocyanurate formation are much
smaller than the ones of urethane and amide forma-
tion [39], and it is well known that these reactions
are only favored at higher concentrations of iso-
cyanate groups.

3.1. Torque versus time measurements

A chain extension reaction of (growing) pCBT
chains and a bi- or polyfunctional chain extender
causes an increase in molecular weight due to the
coupling of multiple pCBT chains onto a chain
extender molecule. This results in an increase in
viscosity with reaction time. The ring-opening poly-
merization and the chain extension reaction were
initially carried out in a Brabender batch mixer for a
prolonged time (60 min) in order to visualize the
torque/time signal, which is taken as an indicator
for the viscosity evolution. The torque evolution is
only shown for 15 min. The optimum polymeriza-
tion times were chosen from these graphs, as will be
explained below. The torque curves are depicted in
Figure 4; the maximum torque values and the corre-
sponding times to reach the maximum torque are
given in Table 1. The torque signal of neat CBT was
first detected after 2 min which was considered to
be the onset of the ROP. Before this time the melt
viscosity of the molten CBT was below the detec-
tion limit of the measuring system. The torque curve
reached a plateau after 9 min at ca. 6 Nm. Then it
slowly increased and reached a maximum of 8§ Nm
after ~41 min. After reaching the maximum, the
torque decreased to 7 Nm after 60 min probably due
to thermo-mechanical degradation.

Regarding the CBT/NCO blends, apparently all
three types of isocyanates act as promoters for the
ring-opening polymerization when they are used in
small concentrations (until 0.5 wt%,) because the
onset of the torque signal appears earlier (Figure 4).
The aliphatic HDI was the most effective promoter
when 0.5 wt% was used, showing an onset of only
30 s (c.f. Figure 4b). However, higher isocyanate
contents (>0.5 wt%) result in an increase of the
onset time as well as of the time to reach the maxi-
mum torque value (Table 1).

A remarkable increase in torque can be seen for all
blend compositions, confirming the chain extension
reaction. The highest torque value was observed with
aromatic MDI at a concentration of 0.75 wt%, prob-
ably due to the higher reactivity of aromatic iso-
cyanates compared to aliphatic ones.
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Figure 4. Torque vs. time plots of CBT/NCO blends with an
isocyanate content of (a) 0.25 wt%, (b) 0.5 wt%,
() 0.75 wt% and (d) 1 wt% at 230°C and 60 rpm
under nitrogen atmosphere
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Table 1. Maximum torque values during ring-opening polymerization in the batch mixer, times to reach the maximum
torque and gel contents prior to compression moulding. Tensile properties of compression moulded pCBT and

pCBT/NCO samples.
Polymerization® Gel content Tensile properties
Chain Content | Torque max. Time® Tensile Tensile Elongation at Strain
extender [wt%] modulus strength break energy
[Nm] [min] [%] [GPa] [MPa] [%] [MJ/m’]
- 0 7.7 40.7 - 2.940.3 60+2 8+1 4.240.5
0.25 24.0 3.7 - 2.8+0.3 57+1 30+4 13.5+1.7
MDD 0.5 424 4.0 22 2.6+0.3 5543 184494 77.9+41.1
0.75 50.4 7.1 1.2 2.6+0.2 55+1 167+84 70.9+38.3
1 38.5 7.5 31.5 2.6+0.2 51+1 215428 87.1+11.7
0.25 16.6 3.4 - 2.6+0.4 56+1 25418 8.7+4.3
MDI 0.5 329 2.6 - 2.740.4 55+1 141+71 57.0+£29.9
0.75 52.7 43 - 2.6+0.1 55+1 174468 71.9+£30.0
1 46.8 52 - 2.740.2 55+1 79+11 30.5+4.6
0.25 28.1 2.5 - 2.4+0.2 60+1 2449 9.9+4.9
HDI 0.5 439 24 - 2.840.3 55+1 143485 61.2+28.7
0.75 46.1 4.6 - 2.740.7 54+1 227435 95.4+18.4
1 43.0 8.0 - 2.8+0.2 54+1 109£21 44.9+9.0

2Polymerization conditions: 230°C, 60 rpm, N, atmosphere
*Time to reach maximum torque

When only 0.25 wt% chain extender was used, a sin-
gle torque maximum was observed. At higher iso-
cyanate concentrations a second maximum appeared.
This may be due to intermediate reactions, i.e. an
initial urethane formation corresponding to the first
maximum, subsequently followed by urethane dis-
sociation into isocyanates and hydroxyl groups, lead-
ing to a torque decrease and finally amide forma-
tion, resulting in the second torque maximum. This
urethane dissociation during processing will be dis-
cussed in detail in the NMR section.

After prolonged processing times (>10 min), all
curves decreased to an average value of ~17 Nm
after 15 min. This suggests that an equilibrium was
reached and all blends, regardless of their isocyanate
content, exhibited a similar molecular weight. Raffa
et al. [32] came to a similar conclusion working
with recycled PET and its chain extension with di-
and multifunctional isocyanates. They found a
plateau value of both molecular weight and melt
viscosity above a threshold amount of isocyanate
and ascribed this stationary condition to a mutual
compensation of chain extension and degradation
processes.

It is apparent from Figure 4 that higher isocyanate
concentrations require a longer time to fully react.
The peak of the torque curve was considered as the
highest molecular weight of the formed pCBT/NCO.
Therefore a polymerization time of 4 min was cho-

sen for blends containing 0.25 and 0.5 wt% iso-
cyanate, whereas neat CBT and blends with iso-
cyanate concentrations of 0.75 and 1 wt% were
polymerized for 7 min. The two dashed vertical
lines in Figure 4 represent these selected polymer-
ization times 4 and 7 min.

Fresh CBT/NCO blends were polymerized in the
batch mixer under the same conditions for 4 and
7 min, respectively. A gel-like texture was noticed
in pCBT/PMDI samples with higher isocyanate con-
centrations when the materials were collected from
the mixing chamber, therefore the gel content was
determined.

3.2. Gel content

The insoluble part of the NCO-modified pCBT sam-
ples was determined by dissolution, centrifugation,
washing and filtration; the results are compiled in
Table 1. Samples modified with bifunctional MDI or
HDI were completely soluble, suggesting a linear
chain structure. Only samples containing polyfunc-
tional PMDI showed gel formation, namely 2.2 and
1.2% insoluble content for 0.5 and 0.75 wt% PMDI
concentration. The highest insoluble content of
31.5% was observed for 1 wt% PMDI content. Note
that gelling was only observed in samples after in-
situ polymerization in the batch mixer. All compres-
sion moulded samples were completely soluble for
NMR analysis. This leads to the assumption that
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these crosslinked structures in pCBT/PMDI sam-
ples changed to linear or branched structures during
compression moulding.

3.3. NMR

Proton NMR analysis was used to determine the
chemical structures of pCBT and chain extended
pCBT obtained from compression moulding. The
structures and corresponding spectra are shown in
Figure 5.

In the spectrum of neat pCBT, the signal at 1.9 ppm
is assigned to shielded methylene protons, the triplet
at 3.7 ppm corresponds to methylenes attached to
terminal hydroxyl groups (-CH,OH), the peak at
4.4 ppm is assigned to oxymethylene protons and
the one at 8.0 ppm is assigned to the aromatic pro-
tons.

The spectra of the pCBT/NCO samples revealed
several additional peaks. Samples chain extended
with aromatic isocyanate (i.e. MDI and PMDI) exhib-
ited new peaks at 4.0, 7.2, 7.5 and 7.8 ppm. The
peaks at 4.0 ppm are due to methylene protons of
the reacted MDI, the doublets at 7.2 and 7.5 ppm
are assigned to aromatic protons of the reacted MDI

whereas the doublet at 7.9 ppm is assigned to aro-
matic protons of the terephthalic moiety which are
linked to one ester group and one amide group in
para position.

In the case of samples containing aliphatic iso-
cyanates (i.e. HDI), new peaks at 3.1, 3.4, 4.1, 6.2 and
7.8 ppm arose. The weak peaks at 3.1 and 4.1 ppm
are assigned to urethane formation of pCBT hydroxyl
end groups and HDI [42]. More pronounced peaks
at 3.4, 6.2 and 7.8 ppm are due to amide formation.
Furthermore, no signal of remaining unreacted iso-
cyanates could be detected, suggesting a complete
reaction of the isocyanates. Moreover, no crosslinked
structures such as allophanates, ureas or biurets
have been detected in compression moulded sam-
ples by NMR which is also concordant with gel
content measurements. It can be also seen that the
number of terminal hydroxyl groups (c.f. triplet at
3.7 ppm) is similar for all samples. A possible expla-
nation is that the isocyanate reacted with terminal
hydroxyl groups in the first stage but due to the low
thermal stability of urethane at the processing tem-
perature the formed urethane groups dissociated
back into -NCO and —OH groups. The liberated
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Figure 5. "H NMR spectra of pCBT and chain extended pCBT samples with peak assignments. (*) Satellite signals; (+)

Unreacted pCBT; (Ar) Aromatic ring.
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isocyanate reacted then with the pCBT terminal —
COOH groups, forming thermally stable amide
groups and liberating CO,.

Further proton NMR experiments were performed
to clarify this assumption and to see the influence of
the compression moulding step on the chain exten-
sion reaction. Two chain extended samples which
contained 1 wt% HDI were analyzed, before and
after compression moulding. The corresponding
spectra with peak assignments are depicted in Fig-
ure 6.

It can be seen that the sample before compression
moulding showed higher intensity for the peaks at

3.1 and 4.1 ppm assigned to urethane, compared to
the sample after compression moulding. Moreover,
the triplet at 3.7 ppm assigned to hydroxyl end groups
and the peaks assigned to amide groups (3.4, 6.2
and 7.8 ppm) increased after compression mould-
ing. This supports the assumption that during com-
pression moulding the urethane groups dissociated
into isocyanate and hydroxyl end groups, the for-
mer subsequently reacting with pCBT carboxyl end
groups. Apart from the above mentioned effect, the
increase in hydroxyl end groups is believed to be
also caused by hydrolysis to a certain degree during
compression moulding in ambient atmosphere.

o .
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w@—COCHchchchEOH

Ha' Hb
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Ha' Hb
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CONH — CH,CH,CH,CH,CH, ~
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Figure 6. 'H NMR spectra of pCBT/HDI 1% before and after compression moulding with peak assignments. (*) Satellite

signals.
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Therefore it can be concluded that the predominant
reaction mechanism of pCBT and isocyanate is
amide formation, although some urethane groups
were detected in pCBT/HDI samples. The amount
of formed urethane is less than 10% for pCBT/HDI
but this is difficult to quantify for samples contain-
ing aromatic isocyanate due to signal overlapping.

3.4. Thermal properties

The thermal properties of compression moulded
pCBT and pCBT/NCO samples were assessed by
DSC analysis; the results are depicted in Figure 7
and Table 2. The observed trends are similar for all
three types of used isocyanates, thus only the sec-
ond heating scans of pCBT/PMDI are shown as
representative sample series. Unmodified pCBT
shows a minor melting peak at 215°C and a major
peak at 224°C, typical for polyesters and ascribed to
the recrystallization and melting of imperfect crys-
tal structures [22]. The degree of crystallinity was
calculated from the sum of both melting enthalpies
and was found to be 36%. During the cooling scan
the crystallization peak was observed at 193°C.
Regarding isocyanate modified pCBT samples, a
general depression of crystallization and melting
temperatures and their corresponding enthalpies
can be observed (Table 2). Both melting tempera-
tures decreased up to 3°C and crystallization tem-
peratures reduced up to 6°C. The crystallinity was
most effectively decreased (about 7%) when 0.75
wt% PMDI was used. Torres et al. [33], Zhang and
coworkers [43] and Raffa ef al. [32] modified recy-
cled PET with di- and polyfunctional isocyanates

o
s |
&
] pCBT
__J\/\ pCBT/PMDI 0.25%
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T
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=)
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Figure 7. DSC second heating scan of compression moulded
pCBT and pCBT/PMDI samples, heating and
cooling rate of 10°C/min

and observed a similar tendency. This depression is
due to the amide and urethane groups which form in
the isocyanate reaction. These groups along the
pCBT backbone disturb the chain symmetry and
regularity and hence the crystallization rates are
decreased, resulting in a decreased crystallinity and
hence a higher toughness. Another consequence of
the disturbed chain symmetry is a reduced lamellar
thickness which leads to a decrease in melting tem-
perature [33, 43]. No obvious tendency of the iso-
cyanate modification on the glass transition of
pCBT can be found, although most samples exhib-
ited a slightly decreased 7, (1- 2°C), indicating an
increased chain mobility.

3.5. Tensile properties

The mechanical properties of compression moulded
samples were assessed by tensile tests and the
results are shown in Table 1 and Figure 8. Unmodi-
fied pCBT is brittle and fails at ~8% elongation at

Table 2. Thermal properties of compression moulded pCBT and pCBT/NCO samples

. 1. Cooling 2. Heating Crystallinity | Glass transition”

Chain Conﬁent T, AH, T Tos AHo1ms Xan T,
extender | Iweel I°c (el °C I°Cl /gl 1%l I°C|

- 0 193.1 -50.6 215.4 223.5 50.7 357 66.4
0.25 191.0 —49.3 214.8 222.4 479 33.7 66.5

PMDI 0.5 190.7 —47.8 215.1 2223 46.9 33.0 67.0

0.75 189.7 —47.3 212.5 221.3 40.8 28.7 63.9

1 187.0 —44.4 213.5 220.8 42.5 29.9 65.3

0.25 192.1 —46.7 215.5 223.6 44.1 31.1 64.0

MDI 0.5 189.8 —44.9 213.5 221.0 439 30.9 65.2

0.75 190.4 -49.3 213.4 221.7 43.1 30.3 64.7

1 188.9 -48.8 213.2 221.2 45.0 31.7 63.4

0.25 189.7 —44.9 214.0 221.8 45.2 31.8 65.6

HDI 0.5 188.7 —42.8 213.0 221.1 41.3 29.1 65.6

0.75 189.6 —48.2 214.4 222.5 46.3 32.6 63.0

1 189.4 —47.7 214.0 222.0 46.2 325 62.7

*As determined by DMTA in tensile mode in the temperature range 7 = 30-220°C, /= 1 Hz, ¢ = 0.05%
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Figure 8. Strain energy versus NCO content for isocyanate-
modified pCBT

break without yielding. By contrast, all isocyanate-
modified samples showed a ductile behavior with
an increased elongation at break. It can be seen that
only 0.25 wt% isocyanate, regardless of type, results
in a three-fold increase in failure strain although
some samples failed in a brittle manner. All samples
showed neck formation when the NCO content was
increased to 0.5 wt%. The maximum failure strain
for MDI- (22-fold increase) and HDI- (28-fold
increase) modified samples was observed at
0.75 wt% NCO content see Table 1). In the case of
polymeric isocyanate a maximum failure strain (27-
fold increase) was found for 1 wt% PMDI. Tough-
ness is better described by the strain energy calcu-
lated from tensile curves than by ultimate strain.
Regarding the toughening effect by means of strain
energy, the best result was obtained with 0.75 wt%
HDI. But since PMDI was more effective over a
wide NCO concentration range (0.5—1 wt%, see Fig-
ure 8), it appears to be the better toughening agent.
Stiffness and strength decreased about 10% when
samples contained the optimum amount of 0.5 to
1 wt% isocyanate. This decrease is small compared
to other toughening methods like copolymerization
and consistent with the marginal amount of iso-
cyanate added. When these NCO-modified materi-
als are employed, for instance in continuous fiber
reinforced composites, the decrease in matrix stiff-
ness will be compensated by the fibers. Additionally,
the excellent toughness of isocyanate-modified
pCBT may considerably increase the impact strength
of composites.

3.6. SEM

In comparison to neat pCBT, pCBT/NCO samples
were more difficult to break cryogenically. There-
fore, small notches of ca. 2 mm depth were inserted
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with a razor blade on both sides of these specimens
prior to cryo-fracture in order to ensure a brittle
fracture. The micrographs of neat pCBT and pCBT/
NCO 0.75 wt% are depicted in Figure 9. In all cases
a single phase was observed and no signs of phase
separation or incomplete reaction between pCBT
and isocyanate could be found, indicating that the
isocyanate had fully reacted with CBT which was
also demonstrated by NMR. Moreover, no micron-
sized plate- or prism-like crystals of unpolymerized
CBT were detected, indicating a high degree of
conversion of CBT to pCBT [14, 25]. Unmodified
pCBT shows a smooth and uniform fracture sur-
face. The small crests that are visible in Figure 9a
are attributed to the rapid propagation of the crack
during the fracture at low temperature that caused
the crack front to oscillate. The detail at higher
magnification (x10000) clearly shows the absence
of localized plastic deformation, indicating the brittle
nature of unmodified pCBT (see detail of Figure 9a).
Similarly, all modified samples fractured in a brittle
manner (c.f. Figures 9b—9d), as expected due to the
presence of notches and the low temperature used.
Nevertheless, a somewhat rougher fracture surface
compared to neat pCBT can be observed. This gran-
ular, rough structure is the result of the fracture of
localized stretched matrix, as can be well observed
at higher magnification [44]. This may indicate a
certain amount of plastic deformation on a microm-
eter scale.

4. Conclusions

Cyclic butylene terephthalate oligomers were reacted
in a ring-opening polymerization with three types
of isocyanates: a bifunctional aromatic type, a bifunc-
tional aliphatic type and a polymeric aromatic iso-
cyanate. All reactions took place in a batch mixer.
The isocyanate-modified samples showed a consid-
erable torque increase compared to unmodified
CBT, suggesting a higher molecular weight. Gel
content measurements prior to compression mould-
ing indicated a linear chain structure for the two
bifunctional isocyanate-modified samples, whereas
the polyfunctional PMDI-modified pCBT exhibited
considerable gel formation at higher NCO contents.
All compression moulded samples were completely
soluble, indicating that the crosslinked structures in
pCBT/PMDI samples changed to linear or branched
structures during this second melting. Proton NMR
analysis showed that the dominant chain extension
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10 um

Figure 9. SEM micrographs of compression moulded pCBT (a), pCBT/PMDI 0.75% (b), pCBT/MDI 0.75% (c) and

pCBT/HDI 0.75% (d)

reaction mechanism is the formation of thermally
stable amide groups. NMR further indicated that
pCBT/NCO samples before compression moulding
contained more urethane groups, compared to sam-
ples after compression moulding. Moreover, the
number of hydroxyl end groups and amide groups
slightly increased after the compression moulding
step. This supports the assumption that the urethane
groups dissociated at the processing temperature
into isocyanate and hydroxyl end groups, the for-
mer subsequently reacted with pCBT carboxyl end
groups. DSC analysis revealed a general depression
of melting and crystallization temperatures as well
as degree of crystallinity. This decrease in crys-
tallinity accounts for the toughening effect of iso-
cyanates. A 22-fold to 28-fold increase in elonga-
tion at break was observed in tensile tests when the
pCBT contained 0.75 to 1 wt% isocyanate. The high-
est toughness by means of strain energy was obtained
with 0.75 wt% HDI. The most effective toughening
agent was PMDI because it showed good toughness

from 0.5 to 1 wt% NCO content. Stiffness and
strength generally decreased about 10%. The frac-
ture surfaces of isocyanate-modified samples exhib-
ited a network-like fibrillation in a SEM analysis,
indicating plastic deformation on a micrometer
scale. It can be concluded that a toughened pCBT
can be obtained when 0.5 to 1 wt% isocyanate is
added to the ring-opening polymerization of CBT.

Acknowledgements

Authors gratefully acknowledge the financial support received
from the Spanish Government through the project PSS-
370000-2008-13.

References
[1] Brunelle D. J., Bradt J. E., Serth-Guzzo J., Takekoshi T.,
Evans T. L., Pearce E. J., Wilson P. R.: Semicrystalline
polymers via ring-opening polymerization: Prepara-
tion and polymerization of alkylene phthalate cyclic
oligomers. Macromolecules, 31, 4782—4790 (1998).
DOLI: 10.1021/ma971491j

182


http://dx.doi.org/10.1021/ma971491j

Abt et al. — eXPRESS Polymer Letters Vol.7, No.2 (2013) 172—185

[2] Dion R. P., Bank D. H., Beebe M. C., Walia P., LeBaron
P. C., Oelberg J. D., Barger M. A., Paquette M. S., Read
M. D.: Polymerized macrocyclic oligomer nanocom-
posite compositions. U.S. Patent 2005/0059768 Al,
USA (2005).

[3] Parton H., Baets J., Lipnik P., Goderis B., Devaux J.,
Verpoest I.: Properties of poly(butylene terephthatlate)
polymerized from cyclic oligomers and its composites.
Polymer, 46, 9871-9880 (2005).

DOI: 10.1016/j.polymer.2005.07.082

[4] Baets J., Dutoit M., Devaux J., Verpoest I.: Toughening
of glass fiber reinforced composites with a cyclic buty-
lene terephthalate matrix by addition of polycaprolac-
tone. Composites Part A: Applied Science and Manu-
facturing, 39, 13—-18 (2008).

DOI: 10.1016/j.compositesa.2007.09.013

[5] Baets J., Godara A., Devaux J., Verpoest I.: Toughen-
ing of isothermally polymerized cyclic butylene tereph-
thalate for use in composites. Polymer Degradation
and Stability, 95, 346-352 (2010).

DOI: 10.1016/j.polymdegradstab.2009.11.005

[6] Méder E., Gao S-L., Plonka R., Wang J.: Investigation
on adhesion, interphases, and failure behaviour of
cyclic butylene terephthalate (CBT®)/glass fiber com-
posites. Composites Science and Technology, 67, 3140—
3150 (2007).

DOI: 10.1016/j.compscitech.2007.04.014

[7] Mohd Ishak Z. A., Leong Y. W., Steeg M., Karger-
Kocsis J.: Mechanical properties of woven glass fabric
reinforced in situ polymerized poly(butylene tereph-
thalate) composites. Composites Science and Technol-
ogy, 67, 390-398 (2007).

DOI: 10.1016/j.compscitech.2006.09.012

[8] Parton H., Verpoest L.: In situ polymerization of ther-
moplastic composites based on cyclic oligomers. Poly-
mer Composites, 26, 60—65 (2005).

DOI: 10.1002/pc.20074

[9] Baets J., Devaux J., Verpoest I.: Toughening of basalt
fiber-reinforced composites with a cyclic butylene
terephthalate matrix by a nonisothermal production
method. Advances in Polymer Technology, 29, 70-79
(2010).

DOI: 10.1002/adv.20176

[10] Aurrekoetxea J., Zurbitu J., de Mendibil 1. O., Agirre-
gomezkorta A., Sdnchez-Soto M., Sarrionandia M.:
Effect of superelastic shape memory alloy wires on the
impact behavior of carbon fiber reinforced in situ
polymerized poly(butylene terephthalate) composites.
Materials Letters, 65, 863—865 (2011).
DOTI: 10.1016/j.matlet.2010.12.020

[11] Balogh G., Czigany T.: Effect of air humidity on the
mechanical properties of in situ polymerized cyclic
butylene terephtalate matrix composites. Materials
Science Forum, 659, 1-5 (2010).
DOI: 10.4028/www.scientific.net/MSF.659.1

183

[12] Balogh G., Czigany T.: Effect of low UD carbon fibre
content on mechanical properties of in situ polymerised
cyclic butylene terephtalate. Plastics, Rubber and Com-
posites, 40, 121-124 (2011).

DOI: 10.1179/1743289811X12988633927871

[13] YuT., Wu C. M., Chang C. Y., Wang C. Y., Rwei S. P.:
Effects of crystalline morphologies on the mechanical
properties of carbon fiber reinforcing polymerized
cyclic butylene terephthalate composites. Express Poly-
mer Letters, 6, 318-328 (2012).

DOI: 10.3144/expresspolymlett.2012.35

[14] Karger-Kocsis J., Felhds D., Barany T., Czigany T.:
Hybrids of HNBR and in situ polymerizable cyclic
butylene terephthalate (CBT) oligomers: Properties
and dry sliding behavior. Express Polymer Letters, 2,
520-527 (2008).

DOI: 10.3144/expresspolymlett.2008.62

[15] Jiang Z., Siengchin S., Zhou L-M., Steeg M., Karger-
Kocsis J., Man H. C.: Poly (butylene terephthalate)/sil-
ica nanocomposites prepared from cyclic butylene
terephthalate. Composites Part A: Applied Science and
Manufacturing, 40, 273-278 (2009).

DOI: 10.1016/j.compositesa.2008.12.003

[16] Baets J., Godara A., Devaux J., Verpoest I.: Toughen-
ing of polymerized cyclic butylene terephthalate with
carbon nanotubes for use in composites. Composites
Part A: Applied Science and Manufacturing, 39, 1756—
1761 (2008).

DOI: 10.1016/j.compositesa.2008.08.004

[17] Romhany G., Vigh J., Thomann R., Karger-Kocsis J.,
Sajo I. E.: pCBT/MWCNT nanocomposites prepared
by in situ polymerization of CBT after solid-phase
high-energy ball milling of CBT with MWCNT. Macro-
molecular Materials and Engineering, 296, 544-550
(2011).

DOI: 10.1002/mame.201000381

[18] Wu F., Yang G.: Synthesis and properties of poly(buty-
lene terephthalate)/multiwalled carbon nanotube
nanocomposites prepared by in situ polymerization
and in situ compatibilization. Journal of Applied Poly-
mer Science, 118, 2929-2938 (2010).

DOI: 10.1002/app.32625

[19] Wu F., Yang G.: Poly(butylene terephthalate)-func-
tionalized MWNTs by in situ ring-opening polymer-
ization of cyclic butylene terephthalate oligomers.
Polymers for Advanced Technologies, 22, 1466—1470
(2011).

DOI: 10.1002/pat.1762

[20] Fabbri P., Bassoli E., Bon S. B., Valentini L.: Prepara-
tion and characterization of poly (butylene terephtha-
late)/graphene composites by in-situ polymerization of
cyclic butylene terephthalate. Polymer, 53, 897-902
(2012).

DOI: 10.1016/j.polymer.2012.01.015



http://dx.doi.org/10.1016/j.polymer.2005.07.082
http://dx.doi.org/10.1016/j.compositesa.2007.09.013
http://dx.doi.org/10.1016/j.polymdegradstab.2009.11.005
http://dx.doi.org/10.1016/j.compscitech.2007.04.014
http://dx.doi.org/10.1016/j.compscitech.2006.09.012
http://dx.doi.org/10.1002/pc.20074
http://dx.doi.org/10.1002/adv.20176
http://dx.doi.org/10.1016/j.matlet.2010.12.020
http://dx.doi.org/10.4028/www.scientific.net/MSF.659.1
http://dx.doi.org/10.1179/1743289811X12988633927871
http://dx.doi.org/10.3144/expresspolymlett.2012.35
http://dx.doi.org/10.3144/expresspolymlett.2008.62
http://dx.doi.org/10.1016/j.compositesa.2008.12.003
http://dx.doi.org/10.1016/j.compositesa.2008.08.004
http://dx.doi.org/10.1002/mame.201000381
http://dx.doi.org/10.1002/app.32625
http://dx.doi.org/10.1002/pat.1762
http://dx.doi.org/10.1016/j.polymer.2012.01.015

Abt et al. — eXPRESS Polymer Letters Vol.7, No.2 (2013) 172—185

[21] Berti C., Binassi E., Colonna M., Fiorini M., Zuccheri
T., Karanam S., Brunelle D. J.: Improved dispersion of
clay platelets in poly(butylene terephthalate) nano-
composite by ring-opening polymerization of cyclic
oligomers: Effect of the processing conditions and
comparison with nanocomposites obtained by melt
intercalation. Journal of Applied Polymer Science, 114,
3211-3217 (2009).

DOI: 10.1002/app.30957

[22] Karger-Kocsis J., Shang P. P., Mohd Ishak Z. A.,
Rdsch M.: Melting and crystallization of in-situ poly-
merized cyclic butylene terephthalates with and with-
out organoclay: A modulated DSC study. Express Poly-
mer Letters, 1, 60-68 (2007).

DOI: 10.3144/expresspolymlett.2007.12

[23] Lanciano G., Greco A., Maffezzoli A., Mascia L.:
Effects of thermal history in the ring opening polymer-
ization of CBT and its mixtures with montmorillonite
on the crystallization of the resulting poly(butylene
terephthalate). Thermochimica Acta, 493, 61-67 (2009).
DOI: 10.1016/j.tca.2009.04.004

[24] Tripathy A. R., Burgaz E., Kukureka S. N., MacKnight
W. J.: Poly(butylene terephthalate) nanocomposites
prepared by in-situ polymerization. Macromolecules,
36, 8593-8595 (2003).

DOI: 10.1021/ma021364+

[25] Abt T., Sanchez-Soto M., Martinez de Ilarduya A.:
Toughening of in situ polymerized cyclic butylene
terephthalate by chain extension with a bifunctional
epoxy resin. European Polymer Journal, 48, 163—171
(2012).

DOI: 10.1016/j.eurpolymj.2011.10.017

[26] van Rijswijk K., Bersee H. E. N.: Reactive processing
of textile fiber-reinforced thermoplastic composites —
An overview. Composites Part A: Applied Science and
Manufacturing, 38, 666—681 (2007).

DOI: 10.1016/j.compositesa.2006.05.007

[27] Guo B., Chan C-M.: Chain extension of poly(butylene
terephthalate) by reactive extrusion. Journal of Applied
Polymer Science, 71, 1827-1834 (1999).

DOI: 10.1002/(sici)1097-4628(19990314)71:11<1827
::aid-app13>3.0.c0;2-7

[28] Bahloul W., Bounor-Legaré V., Fenouillot F., Cassag-
nau P.: EVA/PBT nanostructured blends synthesized
by in situ polymerization of cyclic ¢cBT (cyclic buty-
lene terephthalate) in molten EVA. Polymer, 50, 2527—
2534 (2009).

DOI: 10.1016/j.polymer.2009.03.055

[29] Tripathy A. R., Chen W., Kukureka S. N., MacKnight
W. J.: Novel poly(butylene terephthalate)/poly(vinyl
butyral) blends prepared by in situ polymerization of
cyclic poly(butylene terephthalate) oligomers. Polymer,
44, 1835-1842 (2003).

DOI: 10.1016/s0032-3861(03)00029-6

184

[30] Tripathy A. R., MacKnight W. J., Kukureka S. N.: In-
situ copolymerization of cyclic poly(butylene tereph-
thalate) oligomers and e-caprolactone. Macromole-
cules, 37, 6793-6800 (2004).

DOI: 10.1021/ma0400517

[31] Wu C-M., Huang C-W.: Melting and crystallization
behavior of copolymer from cyclic butylene terephtha-
late and polycaprolactone. Polymer Engineering and
Science, 51, 1004—-1013 (2011).

DOI: 10.1002/pen.21910

[32] Raffa P., Coltelli M-B., Savi S., Bianchi S., Castel-
vetro V.: Chain extension and branching of poly(ethyl-
ene terephthalate) (PET) with di- and multifunctional
epoxy or isocyanate additives: An experimental and
modelling study. Reactive and Functional Polymers,
72, 50-60 (2012).

DOI: 10.1016/j.reactfunctpolym.2011.10.007

[33] Torres N., Robin J. J., Boutevin B.: Chemical modifi-
cation of virgin and recycled poly(ethylene terephtha-
late) by adding of chain extenders during processing.
Journal of Applied Polymer Science, 79, 1816-1824
(2001).

DOI: 10.1002/1097-4628(20010307)79:10<1816::aid-
app100>3.0.co;2-r

[34] Houghton R. P., Mulvaney A. W.: Mechanism of tin
(IV)-catalysed urethane formation. Journal of Organo-
metallic Chemistry, 518, 21-27 (1996).

DOI: 10.1016/0022-328X(96)06223-7

[35] Segura D. M., Nurse A. D., McCourt A., Phelps R.,
Segura A.: Chemistry of polyurethane adhesives and
sealants. in ‘Handbook of adhesives and sealants’ (ed.:
Philippe C.) Elsevier, Amsterdam, Vol 1, 101-162
(2005).

DOI: 10.1016/S1874-5695(02)80004-5

[36] Tang X., Guo W,, Yin G., Li B., Wu C.: Reactive extru-
sion of recycled poly(ethylene terephthalate) with poly-
carbonate by addition of chain extender. Journal of
Applied Polymer Science, 104, 2602-2607 (2007).
DOI: 10.1002/app.24410

[37] Chen B-K., Shen C-H., Chen S-C., Chen A. F.: Ductile
PLA modified with methacryloyloxyalkyl isocyanate
improves mechanical properties. Polymer, 51, 4667—
4672 (2010).

DOI: 10.1016/j.polymer.2010.08.028

[38] Yin L., Shi D., Liu Y., Yin J.: Toughening effects of
poly(butylene terephthalate) with blocked isocyanate-
functionalized poly(ethylene octene). Polymer Inter-
national, 58, 919-926 (2009).

DOI: 10.1002/pi.2613

[39] Lapprand A., Boisson F., Delolme F., Méchin F., Pas-
cault J-P.: Reactivity of isocyanates with urethanes:
Conditions for allophanate formation. Polymer Degra-
dation and Stability, 90, 363-373 (2005).

DOI: 10.1016/j.polymdegradstab.2005.01.045



http://dx.doi.org/10.1002/app.30957
http://dx.doi.org/10.3144/expresspolymlett.2007.12
http://dx.doi.org/10.1016/j.tca.2009.04.004
http://dx.doi.org/10.1021/ma021364+
http://dx.doi.org/10.1016/j.eurpolymj.2011.10.017
http://dx.doi.org/10.1016/j.compositesa.2006.05.007
http://dx.doi.org/10.1002/(sici)1097-4628(19990314)71:11<1827::aid-app13>3.0.co;2-7
http://dx.doi.org/10.1016/j.polymer.2009.03.055
http://dx.doi.org/10.1016/s0032-3861(03)00029-6
http://dx.doi.org/10.1021/ma0400517
http://dx.doi.org/10.1002/pen.21910
http://dx.doi.org/10.1016/j.reactfunctpolym.2011.10.007
http://dx.doi.org/10.1002/1097-4628(20010307)79:10<1816::aid-app100>3.0.co;2-r
http://dx.doi.org/10.1016/0022-328X(96)06223-7
http://dx.doi.org/10.1016/S1874-5695(02)80004-5
http://dx.doi.org/10.1002/app.24410
http://dx.doi.org/10.1016/j.polymer.2010.08.028
http://dx.doi.org/10.1002/pi.2613
http://dx.doi.org/10.1016/j.polymdegradstab.2005.01.045

Abt et al. — eXPRESS Polymer Letters Vol.7, No.2 (2013) 172—185

[40] Chattopadhyay D. K., Webster D. C.: Thermal stability =~ [43] Zhang Y., Guo W., Zhang H., Wu C.: Influence of

and flame retardancy of polyurethanes. Progress in chain extension on the compatibilization and proper-
Polymer Science, 34, 1068—1133 (2009). ties of recycled poly(ethylene terephthalate)/linear low
DOI: 10.1016/j.progpolymsci.2009.06.002 density polyethylene blends. Polymer Degradation and
[41] van Bennekom A. C. M., Willemsen P. A. A. T., Gay- Stability, 94, 1135-1141 (2009).

mans R. J.: Amide-modified poly(butylene tereptha- DOI: 10.1016/j.polymdegradstab.2009.03.010

late): Thermal stability. Polymer, 37, 5447-5459  [44] Roulin-Moloney A. C.: Fractography and failure mech-
(1996). anisms of polymers and composites. Springer, London
DOI: 10.1016/S0032-3861(96)00355-2 (1989).

[42] Tuominen J., Kylmé J., Seppélé J.: Chain extending of
lactic acid oligomers. 2. Increase of molecular weight
with 1,6-hexamethylene diisocyanate and 2,2'-bis(2-
oxazoline). Polymer, 43, 3—10 (2002).

DOI: 10.1016/S0032-3861(01)00606-1

185


http://dx.doi.org/10.1016/j.progpolymsci.2009.06.002
http://dx.doi.org/10.1016/S0032-3861(96)00355-2
http://dx.doi.org/10.1016/S0032-3861(01)00606-1
http://dx.doi.org/10.1016/j.polymdegradstab.2009.03.010

eXPRESS Polymer Letters Vol.7, No.2 (2013) 186—198
Available online at www.expresspolymlett.com
DOI: 10.3144/expresspolymlett.2013.17

Jboi ymecr Letters

Influence of microstructure on the crystallization of
segmented copolymers constituted by glycolide and
trimethylene carbonate units

E. Diaz-Celorio, L. Franco, J. Puiggalz'*

Departament d’Enginyeria Quimica, Universitat Politécnica de Catalunya, Av. Diagonal 647, E-08028 Barcelona, Spain

Received 25 July 2012; accepted in revised form 11 October 2012

Abstract. Hot and cold non-isothermal crystallization of copolymers having glycolide hard segments and glycolide-co-
trimethylene carbonate soft segments was investigated by calorimetry, optical microscopy and synchrotron radiation exper-
iments. The effect of composition and microstructural changes on thermal properties and morphology of crystallized
samples was analyzed. Significant differences were found between the nucleation density of spherulites developed during
cold crystallization. Crystallizations from the melt were characterized by a lamellar insertion mechanism and a broad distri-
bution of crystal layer widths. By contrast, cold crystallized samples gave rise to practically constant long periods and nar-
rower distributions. Soft segments with high glycolide content were more easily incorporated in the crystalline phase by
decreasing the hard segment content of the sample. A significant decrease on the melting point was observed as well as a
decrease of the amorphous layer thickness and an increase of the crystalline lamellar thickness when the sample was hot

and cold crystallized, respectively.

Keywords: biodegradable polymers, polyglycolide, surgical sutures, polymer crystallization, synchrotron radiation

1. Introduction

Segmented copolymers are an interesting class of
thermoplastic materials because mechanical proper-
ties similar to those of cross-linked elastomers can
be achieved. Basically, copolymers are formed by
the combination of a ‘soft’ block comprising units
with a random distribution that gives rise to an
amorphous phase with a low 7, and a ‘hard’ block
comprising units which can crystallize to form rigid
physical crosslinks. Properties are highly dependent
on the phase separation induced by crystallization
and on the structure of the crystalline phase. In gen-
eral, reduced hard segment content hinders crystal-
lization and leads to a decrease in the melting tem-
perature.

Typically, hard blocks in segmented copolymers are
polyurethanes, poly(butylene terephthalate) or poly-

*Corresponding author, e-mail: Jordi.Puiggali@upc.es
© BME-PT

amides, with polyethers or aliphatic polyesters act-
ing as the soft blocks [1-4]. Polyurethanes have been
intensively studied for several decades, mainly as
tissue engineering scaffolds and vascular implants
because of their compatibility, elasticity and ease of
surface modification.

The use of several soft segments to achieve effective
elastomeric and biocompatible properties is being
investigated. Specifically, soft segments constituted
by trimethylene carbonate units are gaining accept-
ance5 over more traditional ones based on diiso-
cyanate units due to potential toxicity concerns
regarding degradation products of the latter [6—8].
Segmented polymers also play a fundamental role
in the development of bioabsorbable monofilament
surgical sutures. These sutures have clear advan-
tages over conventional braided sutures (e.g. polyg-

186



Diaz-Celorio et al. — eXPRESS Polymer Letters Vol.7, No.2 (2013) 186—198

lycolide) since they are more resistant to harbor
microorganisms and exhibit less resistance to pas-
sage through tissue. However, these materials must
meet strict requirements concerning mechanical
properties (e.g. high flexibility and adequate tensile
strength), which can only be achieved by employ-
ing copolymers with some elastomeric characteris-
tics. Thus, commercial monofilament sutures are
mainly constituted by hard segments based on poly-
glycolide and soft segments based on trimethylene
carbonate, e-caprolactone and/or p-dioxanone units
(e.g. Maxon™ with glycolide and trimethylene car-
bonate [9], Monosyn™ with glycolide, g-caprolac-
tone and trimethylene carbonate [10], and Biosyn™
with glycolide, p-dioxane and trimethylene carbon-
ate) [11]. The main goal of the present work con-
cerns to the study of biodegradable segmented
copolymers constituted by polyglycolide (PGL)
hard segments and poly(glycolide-co-trimethylene
carbonate) soft segments. The influence of the hard
segment content and composition of the soft seg-
ment on the crystallization process will be consid-
ered since properties and degradability strongly
depend on final morphology and crystallinity.

Phase separation, crystalline morphology and crys-
tallization kinetics of simple block copolymers have
been widely studied experimentally as well as theo-
retically [12—16]. Thus, microstructures that can form
from the melt, from solution and for both thin and
bulk samples have been extensively reviewed [17,
18], and even some works focus on the production
of single crystals of diblock copolymers [19, 20].
By contrast, little research is available on the crys-

TMC GL

a) o] o

TMC—co-GL—x

~[O(CH,)30CO),~ // -[OCH,COOCH,CO),~ +p O=C
\

tallization behavior of segmented copolymers mainly
due to the complexity of their structure [21]. On the
other hand, it is well known that polymer morphol-
ogy has a strong influence on properties and also on
degradation mechanisms when samples have bonds
susceptible to hydrolytic or enzymatic attack.
Taking into account that polymers are usually
processed under non-isothermal conditions, it is
also highly important the get insight the under-
standing of the development of crystal morphology
and crystallinity during the non-isothermal crystal-
lization of the proposed segmented copolymers.

2. Experimental section

2.1. Materials

Synthesis of segmented copolymers constituted by
glycolide and trimethylene carbonate followed a
two-step strategy by which first a soft segment with
a theoretically random distribution was prepared by
reaction of the two monomers using a difunctional
initiator (e.g. diethylenglycol). Then, two hard seg-
ments were incorporated at each end of the middle
soft segment by subsequent postpolymerization of
glycolide (Figure 1). A triblock copolymer was also
obtained from a soft segment constituted by tri-
methylene carbonate only. Synthesis, characteriza-
tion and evaluation of the basic properties of these
samples had previously been performed [22]. Rele-
vant data concerning the samples used in this work
are summarized in Table 1. All copolymers are
hereafter named as GL-b-[TMC-co-GL]-b-GL x—=z,
where x and z refer to TMC weight percentage in
the soft segment and in the final product, respec-

TMC—co-GL

] 8]
< \ \
x £=0+y 0=C C=0 ) —{O(CH,);0CO},~ // {OCH,COOCH,CO],

GL
]
C=0 m) GL-b-[TMC-co-GL]-b-GL
o 1

Figure 1. Schemes showing the two-step synthesis of GL-b-[TMC-co-GL]-b-GL x—z copolymers (a) and the expected

microstructure of the studied samples (b)
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Table 1. Hard segment content, molecular weight and basic calorimetric data of GL-b-[TMC-co-GL]-b-GL x—z samples

Sample Hard M,? Cooling run Heating run from quenched samples”

. . segment [g/mol] T, AH, T, T, AH, Tm AH,
[wt%] [°C] [J/gl °C] [°C] [J/g] [°C] [J/g]

100 32.5 67.5 51 000 184 49 -17.1 - - 219.6 55

85 32.5 61.8 65 000 164 43 18.5 74 29 215.7 53

65 32.5 50.0 75 000 140 31 16.0 82 20 194.2 35

60 23.0 61.7 60 000 170 45 21.4 77 31 212.2 50

*From GPC data.

YAt the maximum cooling rate allowed by the equipment.

tively. According to this notation, x = 100 corre-
sponds to a triblock copolymer and x =z to a ran-
dom copolymer. The trimethylene carbonate content
of the soft segment and the final copolymer allowed
the estimation of the weight percentage of hard
polyglycolide segments (HS), given by Equa-
tion (1), also summarized in Table 1:

HS [wt%] = 100(1 - fc) (1)

2.2. Measurements

Calorimetric data were obtained by differential scan-
ning calorimetry with a TA Instruments Q100 series
equipped with a refrigerated cooling system (RCS)
operating from —90 to 550°C. Experiments were
conducted under a flow of dry nitrogen with a sam-
ple weight of approximately 10 mg while calibra-
tion was performed with indium. Cooling and heat-
ing runs were performed at a rate of 3°C/min from
the melt and glass state, respectively. The latter
were carried out by cooling a previously melted
sample at the maximum rate allowed by the RCS
equipment.

Spherulitic morphologies were studied using a
Zeiss Axioskop 40 Pol light polarizing microscope
equipped with a Linkam temperature control sys-
tem configured by a THMS 600 heating and freez-
ing stage connected to an LNP 94 liquid nitrogen
cooling system. Micrographs were taken with a
Zeiss AxiosCam MRCS5 digital camera. A first-order
red tint plate was employed to determine the sign of
spherulite birefringence under crossed polarizers.
Spherulites were grown from homogeneous melt-
crystallized thin films obtained by melting 1 mg of
the polymer over microscope slides. Next, small
sections of these films were pressed or smeared
between two cover slides and inserted into the hot
stage. The thickness of the squeezed samples was in
all cases close to 10 pum. Samples were maintained
at approximately 10°C above the polymer melting

point for 5 minutes to wipe out sample thermal his-
tory effects. For hot crystallization experiments,
samples were rapidly cooled to a selected tempera-
ture, isothermally maintained at this temperature
for three minutes for equilibration and then cooled
at 3°C/min. Optical microscopy observations
revealed that no spherulites formed at the end of this
isothermal step. For cold crystallization experiments,
the above melted samples were quenched in liquid
nitrogen and then heated to the selected crystalliza-
tion temperature at a rate of 3°C/min.

Simultaneous time-resolved SAXS/WAXD experi-
ments were carried out at the CRG beamline
(BM16) of the European Synchrotron Radiation
Facility of Grenoble. The beam was monochroma-
tized to a wavelength of 0.098 nm. Polymer sam-
ples were confined between Kapton films and then
held on a Linkam hot stage with temperature con-
trol within +0.1°C. WAXD profiles were acquired
during heating and cooling runs in time frames of
12 s and at rates of 3°C/min. Two linear position-
sensitive detectors were used [23]: the SAXS detec-
tor was calibrated with different orders of diffrac-
tion from silver behenate whereas the WAXD detec-
tor was calibrated with diffractions of a standard of
an alumina (Al,O3) sample. The diffraction profiles
were normalized to the beam intensity and cor-
rected considering the empty sample background.
WAXD peaks were deconvoluted with the PeakFit
v4 program by Jandel Scientific Software using a
mathematical function known as ‘Gaussian and
Lorentzian area’ (Pearson VII function). The correla-
tion function and corresponding parameters were cal-
culated with the CORFUNC program [24] for Fiber
Diffraction/Non-Crystalline Diffraction, CCP13, pro-
vided by the Collaborative Computational Project 13.

3. Results and discussion

3.1. Thermal behavior

Figures 2 and 3 compare the cooling and heating
runs from the melt and the glass state, respectively,
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of all synthesized samples. Changes in the hot crys-
tallization behavior and thermal properties of melt
quenched samples (glass transition temperature,
cold crystallization and melting peaks) were clearly
observed (Table 1). Thermal history of the as syn-
thesized samples was erased by a former heating
run and consequently the reported calorimetric data
correspond to samples processed in a similar way.

The following observations can be made:

1. Hot crystallization peaks clearly shifted towards
lower temperatures for lower HS contents (Fig-
ure 2 and Table 1). The influence of the HS con-
tent is noticeable since a decrease from 67.5 to
50% led to a shift of the crystallization peak
from 184 to 140°C, respectively. Comparison
between samples with the same HS content (i.e.
GL-b-[TMC-co-GL]-b-GL 60-23 and GL-b-
[TMC-co-GL]-b-GL 85-32.5 samples) revealed
a slightly lower crystallization peak temperature
for the sample with a lower glycolide content in
its soft segment (i.e. 164°C, as against 170°C).
Hence, crystallization is clearly favored by the
increase of the hard segment content and even
when the glycolide content of the soft segment is
sufficient to allow its incorporation into the crys-
talline phase. Crystallization enthalpy data
(Table 1) are also in full agreement with this
conclusion.

X—Z = 60-23
T,=170°C
Xz = 100-32.5 AH, = 45 J/g
E
2
g
-
g T, = 184°C
AH, = 49 Jig
¥-Z=85-325
T,=164°C
¥X—z = 65-32.5 AH =43 Jig
o
=
2 T.= 1W
o AH. =31Jig
-50 0 50 100 150 200

Temperature [°C]

Figure 2. DSC cooling traces (3°C/min) of the indicated
samples after being kept in the melt state for three
minutes to erase the sample history

Endotherm 5,

|——x-z=100-325 T =2196°C
— X-z= 60-23 AH. =349J/g
——X-Z= B85-325 m '
J—x-z= 65-325
{Tg=171°C T.=2122°C

T, =76.7°C AH, =50.3Jg
AH,_ =30.6 J/g

17,=214C
oz214Cc /7 T, =2157°C
] Ay =529 Jig
T,=74.0°C
AH. = 28.9 Jig

| 7,=185¢
T, = 194.2°C

1 AH. = 35.2 J/g
o T,=822°C
2| | AH_ = 20.4 Jig
o T,=16.0°C
o

T T v T ¥
~§0 40 140 240

Temperature [°C]

Figure 3. DSC heating traces (3°C/min) of the indicated

copolymers after being quenched at the maxi-
mum rate allowed by the equipment from the melt

2. The glass transition temperatures of segmented
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samples having the same trimethylene carbonate
content (i.e. GL-b-[TMC-co-GL]-b-GL 85-32.5
and GL-b-[TMC-co-GL]-b-GL 65-32.5) were
similar and slightly lower than that of PGL due
to their relatively low TMC content (32.5 wt%).
This temperature logically increased (from 16.0—
18.5 to 21.4°C) with decreasing the TMC content
(i.e. from 32.5 to 23 wt%). In any case, it is worth
emphasizing that all segmented copolymers had
a completely miscible amorphous phase from
which crystallization occurred during the subse-
quent heating process. Note that it was not possi-
ble to get completely amorphous samples at the
maximum cooling rate allowed by the equip-
ment since the enthalpy of the cold crystalliza-
tion peak was always lower than the melting
enthalpy. Thus, the amorphous phase should have
a higher TMC content than expected from the
copolymer composition and consequently cau-
tions must be taken into account when 75 is cor-
related with composition. Logically, the block
copolymer GL-b-[TMC-co-GL]-b-GL 100-32.5
had a significantly lower glass transition temper-
ature since its soft segment was only constituted
by trimethylene carbonate units.

. Cold crystallization peaks appeared in a narrow

temperature range (74—82°C) but slight differ-
ences in temperature and enthalpy were detected.
These differences were in full agreement with
the expected difficulty to crystallize when the
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HS segment content decreased (i.e. the highest important role, and consequently synchrotron
temperature and the lowest enthalpy corre- experiments appear to be a useful tool to under-
sponded to GL-b-[TMC-co-GL]-b-GL 65-32.5 stand the behavior observed.

sample).

4. Melting temperatures and enthalpies of the syn-  3.2. Optical microscopy observations on the
thesized samples increased with AS content, indi- spherulitic morphologies of hot and cold
cating the formation of more perfect domains. crystallized samples
Interestingly, the melting temperatures of the  Spherulites obtained at the end of cold and hot non-
two samples with the same HS content (i.e. GL- isothermal crystallizations had always a positive
b-[TMC-co-GL]-b-GL 60-23 and GL-b-[TMC- birefringence and a fibrilar texture as shown in Fig-
co-GL]-b-GL 85-32.5) were significantly differ- ure 4. Spherulites observed in a determined cold
ent, and specifically a higher value was found crystallization experiment had a similar size,
when the soft segment was enriched on TMC  whereas a slightly greater variability (Figure 4d)
units. The decrease in the melting temperature ~ was detected in the fewer spherulites that formed in
was associated with the incorporation of foreign  the hot crystallized samples. Differences can mainly
units in the crystalline phase, which should be Dbe attributed to an impingement effect instead of a
greater (in agreement with the experimental thermal nucleation where nuclei became progres-
observation) when the soft segment was able to  sively active during the cooling rate.
be incorporated into the crystalline phase due to  Nucleation density of the studied thin films was in
its higher glycolide content. However, differ- general low and high for hot and cold crystallized
ences in lamellar thickness could also play an

N E e,
v |

R
d

50 pm fy x-z=65-325 50 um

L
x
&

n

[
(f‘l
R
w

o W
g 5

2
v B
h
"

L
@

Figure 4. Spherulitic morphologies of GL-b-[TMC-co-GL]-b-GL x—z copolymers after being cold (a,b,c) and hot crystal-
lized (d, e, f) at a rate of 3°C/min from the glass and the melt state, respectively. Insets show details of micro-
graphs taken using a first-order red tint plate
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Table 2. Nucleation density of samples at the end of hot and
cold non-isothermal crystallizations performed at a
rate of 3°C/min

Sample Nucleation density
[Nuclei/mm?]
X z Hot crystallization | Cold crystallization
85 325 60 1600
65 32.5 15 100
60 23 25 200

pointing out that clear differences were detected
among the cold crystallized samples (Figures 4a, 4b
and 4c) and consequently physical properties of the
studied copolymers should be distinct when
processed from the glass state.

It is remarkable that GL-b-[ TMC-co-GL]-b-GL 60—
23 had a considerable lower nucleation density than
GL-b-[TMC-co-GL]-b-GL 85-32.5, although both
samples had the same HS content. In fact, spherulites
of the two samples at the end of crystallization had
highly different diameter sizes (i.e. close to 55 and
12 um). Crystallization may be disfavoured when
the copolymer had TMC rich soft segments (e.g.
x—z = 85-32.5) since they were not able to be incor-
porated in the crystalline structure, and hindered the
proper arrangement of hard blocks. Note that soft
and hard segments were initially well mixed as a
consequence of their partial affinity and the spatial
restrictions imposed by chemical linkages. Molecu-
lar transport plays a highly important role in low
temperature cold crystallization and consequently
the diffusion of soft segments far away from the
crystal growth surface should be difficult. Crystal-
lization proceeded in this case through the forma-
tion of a great number of primary nuclei.

Crystal growth rates (G) can be determined from
non-isothermal cold crystallization experiments by
measuring the change on the spherulitic radius (R)
with temperature (7) during heating runs performed
at a constant rate (d7/d¢). The plot of the radius ver-
sus temperature allows the calculation of its first
derivative (dR/d7) at each temperature and the corre-
sponding G value [25, 26], as given by Equation (2):

_dr _ (dR\(dT
G= dr (dT)(dt) @)

Figure 5 shows the evolution of the spherulitic radius
and the crystal growth rate of the three segmented
copolymers studied in this work when they were
cold crystallized at a heating rate of 3°C/min. The
high nucleation of GL-b-[TMC-co-GL]-b-GL 85—

32.5 forced that its crystallization data were restricted
to a short temperature interval whereas the other
samples covered a higher temperature range since
spherulites were able to grow to larger dimensions.
It is clear that the estimated data corresponded to
the left side of typically bell shaped curves and that
the average crystal growth rate decreased in the
order of x—z values: 85-32.5>60-23>65-32.5 (i.e.
the lowest rate corresponded to the sample with the
lowest polyglycolide hard content).

Spherulites coming from hot crystallization experi-
ments had remarkably bigger diameter sizes (i.e.
from 200 to 250 um) than those above discussed, but
in this case scarce differences were found between
the different copolymers. Hence, variations on the
overall crystallization rates were mainly a conse-
quence of the differences between the crystal growth
rates which in this case were mainly influenced by
the secondary nucleation constant. Lamellae of
copolymers having higher HS content had more
favourable surfaces to induce secondary nucleation
and showed the higher crystallization rates.

Well differentiated amorphous domains should
always develop, as will be below explained from the
analysis of synchrotron experiments. These domains
were probably formed inside the spherulites and
affected their optical properties. Note that chain
connectivity should lead to crystalline PGL hard
segments and amorphous TMC rich soft segments
occupying the same spherulite. Black irregular
zones in the birefringent spherulite arms (e.g.
dashed circle in Figures 4d—4f where big spherulites
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Figure 5. Evolution of the spherulitic radius (full symbols)
and the crystal growth rate (empty symbols) dur-
ing non-isothermal crystallization of GL-b-[TMC-
co-GL]-b-GL 85-32.5 (m), GL-b-[TMC-co-GL]-
b-GL 65-32.5 (A) and GL-b-[TMC-co-GL]-b-
GL 60-23 (#) samples
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are depicted) appeared and gave rise to a speckled
appearance that can be clearly distinguished from
usual ringed textures developed at high tempera-
tures. Although, the spherulitic morphology depends
on the crystallization temperature, it should be indi-
cated that the indicated irregular textures were
always observed independently of the polymer
sample and even on the experimental crystallization
conditions.

3.3. Study on the non-isothermal hot
crystallization of GL-b-(TMC-co-GL)-b-GL
samples by time-resolved SAXS/WAXD
experiments

Figure 6a shows time-resolved SAXS profiles of

the representative GL-b-(TMC-co-GL)-b-GL 85—

32.5 sample obtained during a non-isothermal hot

crystallization performed at a rate of 3°C/min. A

SAXS long period peak is clearly seen at a value of

the scattering vector g = [47/4]-sin(f) in the 0.39—

0.31 nm™! range after subtraction of the empty sam-

ple background observed near the beam stop. This

peak can be attributed to the lamellar structure of
spherulites and started to appear at a temperature
which in general decreased with reducing the HS
content of the sample. Next, the peak intensity
increased significantly with decreasing temperature
until reaching a maximum value since a small
decrease was subsequently detected. In any case, the

SAXS peak reached high intensity, as expected for

a large difference in electronic density of the amor-

phous and the crystalline phases. In fact, polygly-

colide crystallizes according to a very tight packing

N\ Beginning of
A\ crystallization

that is peculiar with respect to other aliphatic poly-
esters [27, 28].

SAXS data were quantitatively analyzed by the nor-
malized one-dimensional correlation function [29],
y(r), which corresponds to the Fourier transform of
the Lorentz-corrected SAXS profile, as shown by
Equation (3):

| rarcostaryag

y(r) = = 3)
J q’I(q)dq

The scattering intensity was extrapolated to both
low and high ¢ values using Vonk’s model [30] and
Porod’s law, respectively.

Correlation functions were used to determine the
evolution during crystallization of the scattering
invariant, Q, associated with the peak intensity and
morphological parameters like the long period, L,,
crystalline lamellar thickness, /., and amorphous
layer thickness, /.

Figure 6b compares the evolution of the scattering
invariant, O, with the temperature for all samples.
The resemblance between the scattering invariant
profiles of the two samples with the same HS con-
tent (i.e. the maximum value of the invariant was
reached at a relatively similar temperature) is worth
noting, although the induction time and the slope of
the invariant plot were slightly longer and lower,
respectively, for the GL-b-[ TMC-co-GL]-b-GL 85—
32.5 sample. DSC data (Figure 2) also revealed that
the hot crystallization peak of this sample was
slightly wider and started to appear at a lower tem-
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Figure 6. a) Time-resolved SAXS three-dimensional profiles of the GL-b-[TMC-co-GL]-b-GL 85-32.5 sample during the
hot crystallization performed at a cooling rate of 3°C/min. b) Plot of the intensity of the SAXS reflection during

cooling for the three studied segmented copolymers
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perature. Logically, the sample with the lowest HS
content (i.e. GL-b-[TMC-co-GL]-b-GL 65-32.5)
had the highest induction time and the correspon-
ding invariant increased at the slowest rate, espe-
cially during the first crystallization steps.

The final decrease in the SAXS peak intensity,
which was always detected, suggests a change in
the amorphous phase since this value depends on
the degree of crystallinity but also on the difference
between the electronic densities of amorphous and
crystalline phases. It is clear that on cooling the
amorphous interlamellar component should adopt a
more compact molecular arrangement.
Time-resolved WAXD profiles of the representative
GL-b-[TMC-co-GL]-b-GL 85-32.5 sample obtained
during the non-isothermal hot crystallization process
can be seen in Figure 7. The initial WAXD profiles
show two amorphous halos (inset) whose intensity
decreases with crystallization and on which Bragg
reflections form. Those most intense appear at
0.400nm (¢g= 15.70nm™") and 0.310 nm (g =
20.26 nm™") and can be indexed as the (110) and
(020) reflections of the polyglycolide structure,
defined by an orthorhombic unit cell having a =
0.522 nm, b= 0.619nm and ¢ (chain axis)=
0.702 nm [28]. The intensities of these reflections
increased significantly at the beginning of crystal-
lization and subsequently at a moderate rate (which
should be associated with the secondary crystalliza-
tion) until reaching an asymptotic value (see dashed
lines in Figure 7). The SAXS long period peak and
crystal diffractions appeared simultaneously for all

110

Amomphous | 0.400 nm Maximum

Secondary
crystallization

I faw)

Ifa.u.]

11 12 13 14 15 16 17 18
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19 20

Figure 7. Time-resolved WAXD three-dimensional profiles
of the GL-b-[TMC-co-GL]-b-GL 85-32.5 sample
during the hot crystallization performed at a cool-
ing rate of 3°C/min. Inset shows the deconvolu-
tion of the X-ray profiles taken at room tempera-
ture

samples, as expected for a crystallization process
controlled by nucleation and crystal growth.

The evolution of the mass fraction of the crystalline
phase in the sample, X, VAXP_ was determined from
the deconvoluted WAXD profiles as the ratio
between the total intensities of the crystalline
reflections /; and the overall intensity /1. Values at
the end of crystallization ranged between 0.38 and
0.44 depending on the copolymer microstructure
and were ordered in complete agreement with DSC
observations (i.e. the highest and lowest crystallini-
ties corresponded to samples with x—y values of 60—
23 and 65-32.5, respectively).

Figure 8 plots the values of morphological parame-
ters, scattering invariant and the calculated degree
of crystallinity in function of the temperature dur-
ing the cooling run performed at 3°C/min for GL-b-
[TMC-co-GL]-b-GL 85-32.5 as a representative
copolymer. A remarkable change in the long period
(e.g. from 19.0 to 15.7 nm for the above sample) was
detected for the three copolymers. This decrease
was mainly due to the contribution of the crystalline
lamellar thickness, which diminished in a similar
ratio (i.e. from 15.5 to 12.5 nm). This is commonly
observed when a lamellar insertion mechanism
occurs because of spatial restrictions caused by the
thicker lamellae that first crystallize at higher tem-
peratures. As crystallization proceeds, new lamellae
should form in the loosely stacked bundles of pri-
mary lamellae, leading to thinner defective crystals.
Figure 8 also shows that the amorphous layer thick-
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Figure 8. Temperature evolution of the long period, L,,
crystal thickness, /., amorphous thickness, /,,
scattering invariant, Q, and degree of crystallinity
X WVAXD - during a non-isothermal hot crystalliza-
tion of the GL-b-[TMC-co-GL]-b-GL 85-32.5
sample performed at a cooling rate of 3°C/min
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ness remained practically constant except at the
early stages of crystallization, where a slight decrease
probably caused by an improved arrangement of the
folding surfaces was observed. In fact, the maxi-
mum value of the invariant was reached and the
main morphological changes had already taken
place at the end of the primary crystallization (i.e.
spacings remained practically constant or decreased
very slightly during the secondary crystallization).
The amorphous and crystalline thicknesses evolved
very similarly for the three samples (Figure 9) if the
temperature shift associated with the hindered crys-
tallization of the copolymer with the lowest HS
content (i.e. GL-b-[TMC-co-GL]-b-GL 65-32.5) is
considered. Note that all samples had very similar /,
values at the beginning (16—15.2 nm) and even at
the end of the crystallization process. It merits atten-
tion that a slightly higher /, value was determined
for the sample with the lowest HS content during
the first crystallization stage despite having the
lowest crystallization temperature. This suggests
that some TMC units were able to be incorporated
into the crystalline lamellar regions, resulting in a
clear decrease in amorphous lamellar thickness
(Figure 9).

The assignment of /, and /. thicknesses was verified
from the combined SAXS and WAXD data as it is
well known that they could not be distinguished
from the analysis of the correlation function [31, 32].
Thus, the ratio between X, VAXP and X 34%S (deter-
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Figure 9. Temperature evolution of L, (4), /. (A), and /, (m)
during non-isothermal hot crystallization per-
formed at 3°C/min with GL-b-[TMC-co-GL]-b-
GL 85-32.5, GL-b-[TMC-co-GL]-b-GL 65-32.5
and GL-b-[TMC-co-GL]-b-GL 60-23 samples

mined as [/(l. + [,)) is an estimate of the volume-
filling fraction of the lamellar stacks, Xs, which
should be lower than 1 for a correct assignment.
This value ranged between 0.55 and 0.42 for the
three copolymers and the given assignment. The
lowest volume-filling fraction corresponded to the
GL-b-[TMC-co-GL]-b-GL 65-32.5 sample since
amorphous phase domains between lamellar stacks
were more significant in the samples with a lower
HS content.

Large discrepancies between SAXS and WAXD
crystallinities are common in the literature [33] and
have been explained by the assumption of the exis-
tence of amorphous phase domains. Note also that
the given assignment led to a crystalline lamellar
thickness, /., close to 12 nm, which is a rather typi-
cal value of polyester single crystals [34—36]. More-
over, a lamellar thickness of only 2.5-3.2 nm is dif-
ficult to combine with the Akl reflections detected in
the X-ray diffraction patterns due to the expected
reduced number of chain repeat units within the
lamellae (i.e. lamellar thickness should correspond
to four units only). Similarities in crystalline lamel-
lar thicknesses attained for all samples clearly indi-
cate that differences in melting points must be
attributed to the incorporation of foreign trimethyl-
ene carbonate units into polyglycolide crystals rather
than to the existence of lamellar crystals with differ-
ent thicknesses. Specifically, the high melting point
decrease observed for GL-b-[TMC-co-GL]-b-GL
65-32.5 (i.e. more than 20°C with respect to the
GL-b-[TMC-co-GL]-b-GL 100-32.5 copolymer was
determined in the heating runs performed at
20°C/min with the hot crystallized samples) is only
due to the ability of soft segments to become incor-
porated into the crystalline phase.

Figure 10 compares the correlation functions
achieved at room temperature with the three seg-
mented copolymers, including that corresponding
to the triblock sample for completeness. It is clear
that the most different function was obtained with
the GL-b-[TMC-co-GL]-b-GL 65-32.5 copolymer
as clearly lower values were reached for the extrap-
olated /, value and the spacings associated with the
first minimum and maximum of the function.

The L, value associated with the most probable dis-
tance between the centers of gravity of two adjacent
crystals (abscise of the first maximum of the corre-
lation function) is generally greater than the long
period determined from twice the abscise value of

194



Diaz-Celorio et al. — eXPRESS Polymer Letters Vol.7, No.2 (2013) 186—198

1.04

0.81

First maJA(irnum (14.8-15.0 nm)

=
02{ Y
. -\ _First minimum (6.2-6.7 nm)
|a; 5.7 nm
0.4 T T . T :
0 5 10 15 20 25 30
r [nm]

Figure 10. Correlation functions corresponding to the room
temperature SAXS profile during cooling runs
(3°C/min) of the triblock and the three studied
segmented copolymers

the first minimum of the correlation function,
which is interpreted as the most probable distance
between the centers of gravity of a crystal and its
adjacent amorphous layer. This indicates a broader
distribution of the layer widths of the major compo-
nent [33], which corresponds to the crystal phase.
This broadness is clearly higher for the GL-b-
[TMC-co-GL]-b-GL 65-32.5 copolymer (i.e. 5.70
and 14.05 nm were determined, as it can be seen in
Figure 10), which exhibited the greatest variation in
crystalline lamellar thickness during crystallization,
and consequently the largest insertion mechanism.
Figure 10 also shows that the maximum and mini-
mum of the correlation function were slightly better
defined for the copolymer with the highest glycol-
ide content (GL-b-[TMC-co-GL]-b-GL 60-23),
suggesting a larger difference in the electronic den-
sities of its amorphous and crystalline phases.

3.4. Study on the non-isothermal cold
crystallization of GL-b-(GL-co-TMC)-b-GL
samples by time-resolved SAXS/WAXD
experiments

SAXS and WAXD profiles taken during cold crys-

tallization of the representative GL-b-[TMC-co-

GL]-b-GL 60-23 sample are illustrated in Figure 11.

It can be seen that SAXS and WAXD peaks started

to appear at practically the same temperature and

that intensity increased significantly in the range of

a few degrees. The secondary crystallization was

slower and involved a larger temperature interval.

110
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Figure 11. Time-resolved SAXS three-dimensional profiles
of the GL-b-[TMC-co-GL]-b-GL 60-23 sample
during the cold crystallization performed at a
heating rate of 3°C/min. Inset shows the corre-
sponding time-resolved WAXD profiles

The SAXS peak always increased during crystal-
lization since the effect of densification of the
amorphous phase was not produced. Note that the
temperature increased during cold crystallization,
leading to an expansion of the amorphous phase.

The correlation functions corresponding to the
SAXS profile of maximum intensity during hot
crystallization and at the end of cold crystallization
of the GL-b-[TMC-co-GL]-b-GL 60-23 sample are
compared in Figure 12. It is clear that lamellae devel-
oped with a smaller thickness and a narrower width
distribution during cold crystallization (the distance
of the first maximum was practically twice that
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_____ Cold crystallization (97°C)
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Figure 12. Comparison between correlation functions cor-
responding to the maximum intensity SAXS
profile during hot crystallization (solid line) and
at the end of cold crystallization (dashed line) of
the GL-b-[TMC-co-GL]-b-GL 60-23 sample
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Figure 13. Temperature evolution of the long period, L,, crystal thickness, /., amorphous thickness, /,, scattering invariant,
0, and degree of crystallinity X.VAXP, during a non-isothermal cold crystallization of the GL-b-[TMC-co-GL]-
b-GL 65-32.5 (a) and GL-b-[TMC-co-GL]-b-GL 60-23 (b) samples performed at a cooling rate of 3°C/min.

associated with the first minimum). In addition, min-
ima and maxima were better defined in the correla-
tion function corresponding to the cold crystallized
sample, suggesting a larger difference in the elec-
tronic densities of amorphous and crystalline phases.
The evolution of crystalline parameters, invariant
and crystallinity are compared in Figure 13 for the
two segmented copolymers with different HS con-
tent and composition. Both samples showed a rapid
and very slow increase in the degree of crystallinity
during primary and secondary crystallization, respec-
tively. Final values were logically higher for the
sample with higher hard segment content (i.e. 38%,
as against 35%) and lower than those obtained after
hot crystallization (i.e. 44%, as against 38% for the
GL-b-[TMC-co-GL]-b-GL 60-23 sample).

Amorphous layer thickness remained practically
constant during cold crystallization, was similar for
the two samples and significantly lower than that
deduced for the hot crystallized samples (i.e. 2.1—
2.2 nm, as against 2.45-3.08 nm). The main distinc-
tive feature between the two cold crystallized sam-
ples was the crystalline lamellar thickness, which
was significantly higher for the sample with lower
polyglycolide hard segment content. Once again, it
seems that soft segments were able to be incorpo-
rated into the crystal phase, giving rise to more
imperfect crystals and a lower melting point (i.e.
194°C, as against 212°C, as indicated in Table 1).
Higher segregation of trimethylene carbonate rich
sequences was consequently favored for samples
with a higher glycolide content and consequently a
lower crystalline thickness was attained. In this case,

this thickness remained practically constant during
crystallization in contrast with the moderate thick-
ening process detected for the second sample (i.e.
from 9.7 to 11.5 nm). Calculated SAXS crystallini-
ties were identical than those determined at the end
of hot crystallization (i.e. 83 and 79% for the sam-
ples with the low and high HS content, respec-
tively), but obviously the amorphous phase domains
between lamellar stacks were more significant in
the cold crystallized samples. Thus, the volume-fill-
ing fraction decreased up to 0.42-0.48, the lowest
value corresponding again to the sample with the
lower HS content.

4. Conclusions

Small changes in composition (e.g. from 23 to
32.5 wt% of trimethylene carbonate units) and micro-
structure (e.g. hard segment content ranging from
50 to 67.5%) of segmented glycolide/trimethylene
carbonate copolymers had a great influence on ther-
mal properties, crystallization behavior and mor-
phology of both spherulites and constitutive lamel-
lae.

Spherulites were clearly different for cold crystal-
lized samples; specifically, the highest nucleation
rate and the lowest crystal growth rate were charac-
teristic of copolymers having high and low hard
segment contents, respectively.

Crystallization from the melt was characterized by
a lamellar insertion mechanism whereas lamellar
thickness remained practically constant or even
increased slightly during cold crystallization. Amor-
phous phase domains were remarkable between
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lamellar stacks and became more significant for
cold crystallized samples.

The sample having the lowest hard segment content
and a soft segment with a significant glycolide con-
tent gave rise to the lowest volume-filling fraction,
the most imperfect crystals and the lowest melting
temperature. In this case, some trimethylene car-
bonate units of the soft segment were able to be
incorporated into the crystal phase, leading to the
highest SAXS crystallinity. Specifically, the highest
crystal lamellar thickness and the lowest amor-
phous layer thickness were attained for cold and hot
crystallized samples, respectively. Furthermore,
these samples had the broadest lamellar width dis-
tribution.
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Abstract. Twenty-one different commercial-grade engineering polymers, including virgin and composite types, were
selected for testing, based on mechanical engineering practices. Three groups were formed according to typical applica-
tions: 1) Sliding machine element materials; 2) Mechanically load-carrying machine element materials that are often sub-
jected to friction and wear effects; and 3) Additional two amorphous materials used as chemically resistant materials that
have rare sliding load properties. The friction running-in state was tested using a dynamic pin-on-plate test rig. During
steady-state friction tests, two pv regimes (0.8 and 2 MPa-ms™!) were analysed by a pin-on-disc test system. Based on the
measured forces on ground structural steel, surface friction coefficients were calculated and analysed with respect to the
mechanical effects of friction. The friction results were evaluated by the measured mechanical properties: yield stress,
Shore D hardness, Young’s modulus and elongation at the break.

The three material groups exhibited different trends in friction with respect to changing mechanical properties. Linear (with
varying positive and negative slopes), logarithmic and exponential relationships were observed, and occasionally there
were no effects observed. At steady-state friction, the elongation at the break had less effect on the friction coefficients. The
dynamic sliding model, which correlates better to real machine element applications, showed that increasing hardness and
yield stress decreases friction. During steady-state friction, an increase in pv regime often changed the sign of the linear
relationship between the material property and the friction, which agrees with the frictional theory of polymer/steel sliding
pairs.

Keywords: material testing, friction of plastics, mechanical properties

1. Introduction

The effect of friction on the wear of engineering
polymers is a complex and intricate consequence of
the micro- and macroscopic interactions of surfaces
moving against one another. Friction and the result-
ing wear are not material properties of plastics;
therefore, they cannot be reduced to tabular data of
material characteristics that can be found in relevant
manuals. Determining friction and the resulting wear

*Corresponding author, e-mail: kalacska.gabor@gek.szie.hu
© BME-PT

involves more complex examination because they
are characteristics of a frictional contact system
where the effects of the entire system are manifest.
Precise knowledge of system conditions is essential
to evaluate the friction and resulting wear [1]. These
materials have system-dependent tribological behav-
iour; thus, trends can be defined at a given condi-
tion, and the materials can be compared. The sys-
tem approach is well-known from the literature [2,
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3] and was published in the former German stan-
dard DIN 50322 [4] in the section on wear test cate-
gories.

The tribology of polymeric materials involves com-
plicated frictional systems where the deformation
and thermal effects of the contact zone, time-depen-
dent stress states, surface energy characteristics,
etc., play important roles [5]. Because polymers
have gained a more accepted position among indus-
trial materials, plastics are no longer second—class
materials. They have become elements of real
machines, and the need for tribological knowledge
has risen from the many frictional applications now
involving plastics. Some general knowledge of poly-
mers and composites has been published summaris-
ing global experiences, e.g., wear mechanism and
particle detachment, transfer films, and the effects
of reinforcements and lubricants [6—8]. Large num-
bers of papers have addressed a given material fam-
ily, e.g., polyamides, under different conditions, such
as abrasive effects [9—12]. With respect to dry or
lubricated conditions of polymer sliding, the princi-
ples of some commonly used material families have
been tested, and the role of adhesion and surface
energy has been discussed [13, 14]. There have been
initiatives to find the correlation between the wear
behaviour and the mechanical properties of poly-
mers, but difficult or weak correlations have been
found, primarily because of the limited condition of
the wear systems and the selected material families
[15-18]. In recent years, research has focused on
the surface-modified engineering polymers and
nano-composites because of new technology that
enhances the tribological behaviour by changing the
molecular or matrix structure to change the surface
or bulk properties [19-21].

Table 1. Selected materials

In the tribological literature of engineering poly-
mers, most of the research is related to materials,
material families or operating conditions. Little
information is available regarding mechanical engi-
neering applications to compare the different mate-
rial families and typically applied material groups.
The present research investigates the frictional behav-
iour of several engineering polymers in sliding and
mechanical load-carrying applications to determine
trends between the mechanical properties and fric-
tion.

2. Selected materials and their mechanical
properties

The engineering plastic samples tested were
machined from commercially available semi-fin-
ished stock shapes, namely, from rods. The rods
were manufactured by Sustaplast GmbH (Ger-
many), Quadrant EPP (Belgium), Ensinger GmbH
(Germany), Teraglobus Ltd. (Hungary) and Quat-
troplast Ltd. (Hungary), and they were procured
from Teraglobus (Hungary) and Quattroplast (Hun-
gary). The mechanical properties were measured
according to the appropriate standards (tensile MSZ
EN ISO 527-1 and hardness MSZ EN ISO 868:
2003). Then, the mechanical and tribological test
samples were machined. After one week of condi-
tioning in the laboratory (23°C/60% RH), mechani-
cal measurements were repeated five times and
averaged. The measured data were not equal to the
producers’ indicative values, not even for the condi-
tioned polyamide-type materials. At Teraglobus
Ltd.’s laboratory (Instron 3366 for tensile tests,
THS-180 hardness tester for Shore D), the follow-
ing properties were determined: yield stress (R),
Young’s modulus (), elongation at break (4) and

Slmpzlct(i:itl)name Known composition Slmpzlcf(i)f;i)name Known composition
PTFE PTFE unmodified PETP PETP unmodified
PTFE/graphite PTFE+(graphite) PETP TF PETP+(PTFE)

UHMW-PE HD500 UHMW-PE HD500 unmodified | |POM C POM C unmodified
UHMW-PE HD1000 UHMW-PE HD1000 unmodified |PPS HPV PPS+(GF+oil)

PA 4.6 PA 4.6 unmodified PSU PSU unmodified

PAGE PA6 Extruded, unmodified PES PES unmodified
"PA6G(Mg) "PA6G(Mg) cast, unmodified PVDF PVDF unmodified
"PA6G(Mg)/oil *PA6G(Mg)+(oil) PEEK PEEK unmodified
“PA6G(Na)/MoS, “PA6G(Na)+(MoS,) PEEK GF PEEK+(GF)

“PA6G/PE “PA6G(Na)+(PE) PEEK Mod PEEK+(CF+PTFE+graphite)
PA 66 GF30 PA 66+(GF)

“Mg catalytic casting process
k- . .
Na catalytic casting process

200




Kaldacska — eXPRESS Polymer Letters Vol.7, No.2 (2013) 199-210

Table 2. Material groups and mechanical properties (mea-
sured and averaged values)

Simplified name R A E H
[MPa] [%] [MPa] |[Shore D]
Sliding materials (Material Group 1)
PTFE 30.9 384 544.8 55.2
PTFE/graphite 33.1 222 606.5 58.6
UHMW-PE HD500 28.4 585 1350.8 66.0
UHMW-PE HD1000 20.6 298 744.6 62.3
PA6G(Mg)/oil 52.5 58 1808.2 81.5
PA6G(Na)/MoS; 65.5 53 2020.4 82.1
PA6G/PE 45.1 78 1811.4 77.4
PETP TF 75.3 12 2806.3 82.8
PPS HPV 74.1 3712.8 80.1
PEEK Mod 121.5 5 7808.2 85.3
PETP 85.6 19 2991.7 83.3
Load-carrying materials (Material group 2)
PA 4.6 56.5 106 | 11288.8 78.5
PAGE 47.2 81 1603.6 79.2
PA6G(Mg) 57.9 69 2034.4 82.3
PA 66 GF30 89.2 19 3900.8 84.7
POM C 74.5 34 2996.4 83.6
PVDF 58.3 30 2110.5 81.4
PEEK 108.4 25 3904.6 87.2
PEEK GF 156.9 5 9688.5 89.1
Other amorphous (Material Group 3)
PSU 77.8 19 2608.5 83.1
PES 87.1 16 2689.3 82.6

Shore D hardness (H). Table 1 shows the materials
and the published compositions, while Table 2 shows
the measured properties in the three material groups:
a) sliding, b) load-carrying and ¢) other amorphous
structural materials. The selected sliding materials
are typically used for slide bearings, trust washers,
sliding supports and pads, gears and worms, where
pv (normal load multiplied by sliding speed) is the
basis of the construction and the design. The plastics
of the second group often face significant mechani-
cal loads in addition to friction effects. The third
group (amorphous PES and PSU) is rarely sub-
jected to frictional loads, although it is possible. The
target applications for PES and PSU focus mainly
on chemical and heat resistance. The knowledge,
experiences and suggestions for engineering solu-
tions of the main producers (Quadrant, Ensinger,
and Rochling) serve as the basis for the grouping.

3. Experimental design

3.1. Pin-on-disc and dynamic pin-on-plate test
systems

To measure the friction in comparative test systems,

the pin-on-disc test method and the dynamic pin-

on-plate test system are selected, using classical

pin-on disc . II. test system
- transition "
5 runnung in 4
K] | !
T dynamic,
- I I K
8 ' I Hnax 1L =
g ! I av |
% dynamic, /| !
. !
: !
T

Sliding distance

Figure 1. Friction stages between polymer/steel pairs and
the placement of pin-on-disc and dynamic pin-
on-plate test systems.
dynamic,: 1 cycle of sliding path test within the
running-in phase

dynamic.: Complete (5 cycles of sliding path)
dynamic sliding test

pin-on-disc I, II test systems: After the running-in
period, umax and pav are measured

(not overloaded) polymer/steel friction processes
[1], as shown in Figure 1 [22]. The load and sliding
speed values of the test systems correspond to dry
slide bearing applications of engineering plastics
with high safety factors.

After starting, the friction coefficient increases dur-
ing the running-in period. During the running-in
period, the contact zone is being reformed and
restructured (e.g., the topographical and surface lay-
ers), strongly influencing the steady-state friction
behaviour and the real working lifetime. After the
running-in period, a transient zone appears where the
maximum coefficient of friction can be measured.
During the running-in, a polymeric film forms on the
micro-topography of the steel surface. An increas-
ing force is then required to continue the sliding
process because of the interfering mechanical cutting
and forming of the contact zone and adhesive effects
between the materials. As the polymer film forms, the
adhesive component of the friction increases from
the polymer/polymer contact, which has stronger
adhesion than the steel/polymer contact. At the
maximum point of friction in the transition zone,
the re-adhesion process of the polymer film starts to
provide a dynamic balance during further sliding,
resulting in what is termed the steady-state of fric-
tion (force and coefficient). This phenomenon is
shown in Figure 2 [22].

As shown in Figure 1, the pin-on-disc measuring
system evaluates the friction process at steady-state
in two pv regimes, characterising the zmax and gy
(average). The pv regimes set for the tests are typical
for the normal application of plastic machine ele-
ments having a high safety factor. The difference
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moving
plastic

+ polymer
- film

i ! ] ] |:> L !
A\.'/\v/\\/\/z\v_-\;_/\. steel fv’\/\/\/\,\/‘ - steel

E F
v A

| A plastic

Figure 2. Running-in (left) and steady-state friction (right)
with dynamic balance of polymer film adhesion
and re-adhesion (u,y)

deformation component

Friction force

adhesive component

-
Mormal load

Figure 3. Theory of friction components

between the two systems is the normal load; the slid-
ing speed is held constant. During the evaluation, it
is important to know how the change in normal load
influences the frictional force and coefficient [1, 22,
23] (Figure 3). According to the theory of friction
[5, 23], the dry friction force, F¥, is equal to the sum
of the adhesion and the deformation components,
Fy= F,+ Fyq. The special case at low loads, when
the deformation component may be orders of mag-
nitude smaller than the adhesion component
(F,>>F)y), leads to the relation Fy=F),. The research
results will show that the set pv-s yields near-opti-
mum (Figure 3) friction values for most of the
selected materials.

The dynamic pin-on-plate test system was utilised
during the running-in period. Dynamic; represents
one sliding cycle of the programmed sliding path,
while dynamic, refers to the complete dynamic test
program, i.e., five repeated cycles of the pro-
grammed sliding path. The dynamic modelling
method and test rig were developed at Szent Istvan
University, where a better laboratory model of the
real dynamic effects of the machine elements could
be made. The details of the method have been
described previously [24].

Table 3. Test conditions

3.2. Test conditions

Table 3 summarises the test conditions.

The pin-on-disc measurements (Figure 4) were per-
formed according to wear test category VI of the
German standard DIN 50322 [4]. The fixed plastic
samples, with a diameter of 6 mm and a height of
15 mm, were used as pins for the rotating S235 steel
disc, which has a finely ground surface with an aver-
age roughness of R, = 0.05-0.1 um. The pin was
positioned on the disc for each experiment at a
radius of 100 mm. During the measurements, the fol-
lowing parameters were simultaneously measured:
the coefficient of friction (1), based on the meas-
ured forces (£ and FYy), and the wear, characterised
by the vertical displacement of the pin holder (d)
and the temperature close to contact (7). The fric-
tion results are presented below.

During the dynamic friction tests (dynamic pin-on-
plate), a moving plastic sample pin with a diameter
of 4 mm moved along the programmed path (Fig-
ure 5) with a dynamic change of normal load and
speed values, combined with inertial effects at the
bends. The dynamic test completed the full path
five times (five cycles) at five average loads and
five speeds. During the evaluation, the first cycle is

vertical P plastic ‘pin’ sample rotating
displacement, P P P steel disc
wear

Y
temperature
measurement
AT ¥

Figure 4. Pin-on-disc setup for steady-state friction meas-
urements

Plastic 'pin

Sliding path

Figure 5. Programmed dynamic sliding path of plastic sam-
ples on the fixed steel plate

Pin-on-disc I Pin-on-disc II Pin-on-plate dynamic tests

(pv = 0.8 MPa-ms™!) (pv =2 MPa-ms™) (pv regime 0-8 MPa-ms™")
Sliding speed [m/s] 0.4 0.4 0-0.4
Period of test [h] 0.75 0.75 1-5 cycles
Surface load [MPa] 2 5 0-20
Friction path radius [mm] 100 100 Dynamic program path
Disk surface roughness [um] R, 0.05-0.1 R, 0.05-0.1 R, 0.05-0.1
Ambient temperature [°C] 23 23 23
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illustrated separately (as shown in Figure 1) from
the averaged values of the completed five cycles.

4. Results and discussion

4.1. Comparison of the measured friction data
The friction results are summarised in Table 4 (by
test system) and illustrated in the graphs in Fig-
ures 6-8. In Figure 6, the dynamic pin-on-plate
results are summarised. The data show that the short

i ]
@ dynamic, ]
0.601~ m dynamic, ]
=
+ 050
o
£ 040
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c
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B 020155
=
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E2 00
23 %
5%
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Figure 6. Dynamic pin-on-plate friction results from the
sliding cycle 1 and completed full path (the latter
values are indicated)

Table 4. Measured friction values in different test systems

sliding distances result in relatively low friction
values, characteristic of the running-in period of
friction, as illustrated in Figure 1.

Among the machine element materials, PA6G/PE,
PETP and the PETP/PTFE composites experienced
a sudden change in friction, implying the rapid for-
mation of a polymer film that changed the proper-
ties of the mechanical deformation, mechanical cut-
ting and adhesion in the contact zone.

0604 % Hav a
0.50
0.40

0.30

0oz20l52°

Friction coefficient, p

0.10

0.00

PTFE/graphite
UHMW-PE HD1000
PABG(Mg)/oil
PAGG(Na)/MoS, |
PABG/PE
PA6G(Mg)
PA 66 GF30
POMC

Figure 7. Pin-on-disc results from test system I
0.8 MPa-ms ™!, numbers indicate )

Dynamic pin-on-plate Pin-on-disc I Pin-on-disc II
Bavcycle 1 | p,y complete Mav \ [T Mav Bmax
Sliding materials (Material Group 1)
PTFE 0.10 0.13 0.16 0.17 0.17 0.18
PTFE/graphite 0.11 0.13 0.15 0.16 0.18 0.18
UHMW-PE HD500 0.07 0.09 0.20 0.20 0.19 0.20
UHMW-PE HD1000 0.08 0.09 0.20 0.21 0.20 0.20
PA6G(Mg)/oil 0.07 0.10 0.20 0.24 0.16 0.23
PA6G(Na)/MoS, 0.06 0.10 0.18 0.21 0.17 0.18
PA6G/PE 0.10 0.14 0.21 0.22 0.21 0.22
PETP TF 0.06 0.14 0.21 0.21 0.18 0.18
PPS HPV 0.06 0.09 0.27 0.29 0.24 0.25
PEEK Mod 0.06 0.08 0.21 0.22 0.19 0.19
PETP 0.06 0.13 0.18 0.19 0.18 0.18
Load-carrying materials (Material group 2)
PA 4.6 0.10 0.11 0.27 0.32 0.30 0.31
PAGE 0.09 0.10 0.21 0.23 0.19 0.23
PA6G(Mg) 0.08 0.10 0.29 0.37 0.25 0.33
PA 66 GF30 0.06 0.09 0.27 0.30 0.21 0.26
POM C 0.07 0.08 0.24 0.24 0.20 0.20
PVDF 0.09 0.10 0.23 0.26 0.28 0.33
PEEK 0.06 0.08 0.24 0.27 0.28 0.29
PEEK GF 0.06 0.08 0.26 0.29 0.29 0.32
Other amorphous (Material Group 3)

PSU 0.11 0.18 0.59 0.62 0.55 0.65
PES 0.13 0.18 0.53 0.54 0.54 0.58

All the data are valid for dry sliding against a ground S235 steel surface under the defined system characteristics.
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The summary of the pin-on-disc I measurements is
shown in Figure 7. The relatively low (0.8 MPa-ms™")
pv regime resulted in a moderate difference between
the material groups, with the exception of the amor-
phous materials (PES and PSU). The stabilised fric-
tion coefficients of material group 1 are 5-10%
lower than those of material group 2. In material
group 1, the difference between i,y and .y is gen-
erally smaller than it is for the others, indicating a
smooth transition zone (see Figures 1 and 2) with
an even transfer layer. The results of increased load
effects (pv = 2 MPa-ms™!) are measured using pin-
on-disc measurements and shown in Figure 8.

The pin-on-disc system II (Figure 8) test results,
compared to the system I test results (Figure 7),
show that most of the materials from category 1
resulted in lower or similar friction with the
increased load. For those materials, e.g., PTFE,
PETP/PTFE, and PA6G (Mg)/oil, the test systems
worked on the left side of the friction optimum
point, as shown in Figure 3. This behaviour is in
agreement with friction theory [5, 23] and is the
result of the lower surface adhesion of sliding-
group materials. Many other plastics, e.g., PA4.6
and PEEK, worked on the right side of the optimum
point (Figure 3), that is, the increased load resulted
in higher friction.

The friction data were evaluated as a function of the
measured mechanical properties. The material
groups were thus distinguished. PES and PSU were
categorized in group 2 but did not follow the group
trendlines, most likely because PES and PSU differ
from the other tested materials not only in molecu-
lar structure but also in friction behaviour.
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i‘_‘ 0.50

c
5 040

]
g 0.30
c

101

020655

Frict

0.10

0.00

PTFE/graphite
UHMW-PE HD500
UHMW-PE HD1000
PABG(Mg)/oil
PA6G(Na)/MoS,
PA6G/PE

PETP TF

PPS HVP

PEEK Mod

Figure 8. Pin-on-disc results from test system Il (pv=
2 MPa'ms™!, numbers indicate )

4.2. Friction coefficients and yield stress

The relationship between the friction values and
yield stress is shown in Figure 9.

During the running-in period, when the dynamic
changes of speed and load temporarily reach the
highest load (pv = 8 MPa-ms™"), the friction decreases
with increasing yield stress (Figure 9a). A power-
function curve is an estimate for the first cycle of
the dynamic test, but the complete program (five
cycles) results in too much scatter to perform a
curve-fit. This trend can be explained by the role of
the still-weak effects of the generated frictional heat
and also by the actual size of the contact area.

Each test system shows that the group of sliding
machine element materials (material group 1) offers
lower friction coefficients compared to the struc-
tural and load-carrying plastics (material group 2).
In the pin-on-disc test systems, the ‘R’ property has
little effect on friction. At the lower pv regime (pin-
on-disc I test system, pv = 0.8 MPa-ms™'), ‘R’ does
not influence the friction in the case of material
group 2. For material group 1, except during the run-
ning-in period, the friction increases slightly with
increasing ‘R’ as a result of deformation and adhe-
sion because of the varying adhesion forces occur-
ring in the dynamic balance of the polymer film for-
mation with respect to the minimal deformation at
low loads (Figure 9b). The elevated load in the pin-
on-disc II test system affects the result. ‘R’ has no
effect on material group 1, but for material group 2,
higher ‘R’ values cause a slight increase of friction
(Figure 9c).

4.3. Friction coefficients versus the elongation
at the break

Figure 10 shows the friction coefficients versus the
elongation at the break. For the first cycle of the
dynamic test system (Figure 10a), the relationship
is logarithmic and linear. Higher ‘4’ values result in
increased friction, even for material group 2. This
behaviour relates to the role of adhesion: higher
strain can cause higher deformation, enlarging the
actual contact area. Based on the pin-on-disc test
system results, the elongation at the break (‘4’) has
a weak effect on friction. At lower loads (Figure 10b),
an increase in ‘4’ causes a negligible decrease of
friction for material group 1 and a slight increase of
friction for material group 2.
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Figure 9. Friction coefficients versus yield stress, R [MPa].

(a) dynamic pin-on-plate, cycle 1 and completed program, sy

values, (b) pin-on-disc I (pv = 0,8 MPa-ms ), fmax and u,y values, (c) pin-on-disc II (pv = 2 MPa-ms "), gtmax and

Lay Values.

With the elevated loads (pin-on-disc II), no effect of
‘A’ on friction was observed (Figure 10c).

4.3. Friction coefficients in the function of
modulus of elasticity

Figure 11 shows the friction coefficients versus
Young’s modulus. During the running-in period,
there were similar results for the dynamic pin-on-
plate test for both material categories. An optimum
‘E’ value is shown for sliding and load-carrying
plastics in cycle 1. In the test system, the optimum
‘E” is approximately 5000-6000 MPa. This value is
system-dependent as it depends on the surface
roughness, the metallic composition of the mating

surface and other system features (e.g., tempera-
ture). The test system was designed using typical
engineering solutions. After five cycles, near the
transition, the scatter in the data (Figure 11a) is too
large to define any specific trend.

During steady-state friction, the pin-on-disc meas-
urements primarily show a linear relationship between the
friction and Young’s modulus (‘E”). The relationship
changes with the load level of the systems. For pin-
on-disc I, an increase in ‘E’ causes a larger increase
in friction for material group 1 than for material
group 2 (Figure 11b). At low load levels, this phe-
nomenon may be due to adhesive effects from the
higher surface energy, in accordance with the adhe-
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Figure 10. Friction coefficients versus elongation at break, 4 [%]. (a) dynamic pin-on-plate, cycle 1 and completed pro-
gram, u,, values, (b) pin-on-disc I (pv = 0,8 MPa-ms™), ttmax and g1,y values, (c) pin-on-disc II (pv = 2 MPa-ms™!),

Imax and g,y values.

sive theory of friction [5, 23]. It is known that in
PEEK or PEEK composites, both the ‘£’ value and
the surface energy are higher than in other materials,
such as UHMW-PE. The increased load level in the
pin-on-disc II tests shows different trends between
friction and ‘E”, as well (Figure 10c). The deforma-
tion and adhesion work together to form the result-
ing friction changes for material group 2 but pro-
vide no significant change for material group 1.

4.5. Friction coefficients plotted against

Shore D hardness
Figure 12 shows the relationship between the
Shore D hardness and friction. The dynamic tests
show that during the early stage of friction, the

increased hardness is advantageous and results in
lower friction in both material groups because of
lower deformation and smaller actual contact area,
resulting in lower mechanical and adhesive forces.
Nearing the transition zone (Figure 1) during the
complete dynamic test, the forming polymer layer
and its adhesive effect change the dynamic, and the
scatter in the data (Figure 12a) is too large to indi-
cate a trend.

The steady-state friction measurements revealed
that the role of the surface hardness changes. At
lower loads (Figure 12b), the hardness has no signif-
icant effect on the observed friction in material
group 2, but a slight increase of friction with hard-
ness in material group 1 reflects the different adhe-

206



Kaldacska — eXPRESS Polymer Letters Vol.7, No.2 (2013) 199-210

dynamic pin-on-plate system

0.20
0.18 2
*
016 =
5 X
S 0.14 X XX °
| |
Running in E 012 - % PES
frictional state ) 8 . = PSU o
S0107¢ %
2
&L 0.08 7
0.06 1
0.04 T T T T T
0.0 2000.0 4000.0 6000.0 8000.0 10000.0 12000.0
a) E [MPa]
pin-on-disc |. system
0.63 -
058 1 = PSU
= 0.53 € PES .
- ]
§ 0.48 1 X
S 0.43 °
Steady-state \ @
friction 8 0.381 o
§ 0.33 1 o
T [+]
g 0281 . _ﬁ ______ e a
0.23 4 o DA
¥ X ¥
0.18 4 £ °
0.13 T T T T T
0.0 2000.0 4000.0 6000.0 8000.0 10000.0 12000.0
b) E [MPa]
pin-on-disc Il. system
0.63 1 ¢
o]
PSU
0531 * PES M
15 x
2 a
£ 0.43 1
Steady-state | 3
friction g
S 0.33 @ o
B = 8 ==
(TR ™ - _x!_,_ —
0.23 1 % .
}&;,;—‘——-—-—'—x
0.13 . 1 3 ; ,
0.0 2000.0 4000.0 6000.0 8000.0 10000.0 12000.0

c)

E [MPa]

1L, dynamic, material group 1.
M4y, dynamicy material group 2.
1L, dynamic, material group 1.
May» dynamic, material group 2.
trendline for p,,,

dynamic, material group 1.

— — trendiine for p,,

dynamic,; material group 2.

Way, Material group 1.
1L,,, material group 2.
Mmax: Material group 1.
Umax Material group 2:
trendline for p,,,
material group 1.

= = trendline for pu,,,

material group 2.

Way, Material group 1.
1L,,, material group 2.
Mmax: Material group 1.
Hmay Material group 2.
trendline for p,,,
material group 1.

= = trendline for pu,,

material group 2.

Figure 11. Friction coefficients versus Young’s modulus, £ [MPa]. (a) dynamic pin-on-plate, cycle 1 and completed pro-
gram, ,, values, (b) pin-on-disc I (pv = 0,8 MPa-ms 1), ttmax and s,y values, (c) pin-on-disc II (pv =2 MPa-ms '),

Umax and i,y values.

sion and surface energy of the plastics. Increasing
the load (pin-on-disc II) modifies the effect (Fig-
ure 12c¢) of the hardness on the friction. In the case
of material group 1, the plastics having a Shore D
hardness of 80 or higher exhibited lower friction;
those materials in the pin-on-disc I system worked
in the zone to the left of the optimum point of fric-
tion (according to the friction theory in Figure 3),
but at higher loads, they worked in the zone closer
to the optimum point. This was not the case for
material group 2. Those plastics worked around the
optimum point or in the zone to the right of the opti-
mum point (in Figure 3) in the pin-on-disc I system,

and at higher loads, they moved away from the opti-
mum point to higher values.

5. Conclusions

Twenty-one different engineering polymers sepa-
rated into three groups (semi-crystalline materials
of sliding machine elements, semi-crystalline mate-
rials of load-carrying machine elements, and amor-
phous engineering plastics) were tested during both
the running-in period and steady-state friction, and
dynamic effects and different load levels (pv = 0.8
and 2 MPa'ms™! at steady state friction) were applied
according to plastic engineering practices. Using
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pin-on-plate and pin-on-disc test rigs, the dry fric-

tion coefficient against a ground structural steel sur-

face was determined. The data were evaluated as a

function of various mechanical properties. In the

test systems (engineering modelling applications),
the following relationships were found:

— During the running-in period, the friction coeffi-
cient decreased with increasing yield stress and
Shore D hardness. Friction increased with higher
elongation at the break. 4 had an optimum point
(minimum) as a function of Young’s modulus.

— During steady state friction under the lower load
value the following relationships were found:

* Friction increased with increasing yield stress,
Young’s modulus, Shore D hardness, and the

effect of the mechanical properties on friction
was stronger for material group 1 (sliding mate-
rials) than for material group 2.

¢ Friction decreased with increasing elongation
at break for the sliding material group, but no
significant effect was found for the load-carry-
ing material group.

— At the elevated load level (pv = 2 MPa-ms™') in
the pin-on-disc system, the following friction
changes resulting from the effects of the defor-
mation and adhesion components were observed:
* In the sliding material group, the mechanical

properties showed no significant effects on
friction.
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¢ In the load-carrying material group, the elon-
gation at the break had no effect on friction,

crystalline engineering plastics and are not rec-
ommended as structural materials supporting a

while increasing the yield stress, Young’s mod-

frictional load.

ulus and the Shore D hardness increased fric-

tion.

— The results from the amorphous PES and PSU
materials showed poor friction performance.
These materials cannot be compared to the semi-
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Abbreviations

yr Friction coefficient []

Fy, F Measured friction force component [N]

R Yield stress [MPa]

H Shore D hardness [—]

A Elongation at break [%]

E Modulus of elasticity [MPa]

pv Data of friction system design of thermoplastics [MPa-ms™]

P Normal load [N]

R, Surface roughness [pm]

PTFE Unmodified Polytetrafluoroethylene

PTFE/graphite Polytetrafluoroethylene/graphite composite

UHMW-PE HD500 Unmodified Ultra-high-molecular-weight polyethylene, grade HD500
UHMW-PE HD1000 Unmodified Ultra-high-molecular-weight polyethylene, grade HD1000
PA 4.6 Unmodified Polyamide 4.6

PAGE Unmodified extruded Polyamide 6

PA6G(Mg) Unmodified Magnesium catalytic cast Polyamide 6

PA6G(Mg)/oil Magnesium catalytic cast Polyamide 6/0il composite
PA6G(Na)/MoS, Potassium catalytic cast Polyamide 6/MoS, composite

PA6G/PE Potassium catalytic cast Polyamide 6/Polyethylene composite

PA 66 GF30 Polyamide 66/glass fibre composite

PETP Unmodified Polyethylene terephthalate

PETP TF Polyethylene terephthalate/Polytetrafluoroethylene composite

POM C Unmodified Polyoxymethylene copolymer

PPS HPV Polyphenylene sulphide/glass fibre, oil composite

PSU Unmodified Polysulfone

PES Unmidufued Polether sulfone

PVDF Unmodified Polyvinylidene fluoride

PEEK Unmodified Polyether ether ketone

PEEK GF Polyether ether ketone/glass fibre composite

PEEK Mod Polyether ether ketone/carbon fibre, Polytetrafluoroethylene, graphite composite
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