
Dear Readers,
eXPRESS Polymer Letters has started its seventh
volume. Even though seven is a lucky number, the
seventh year in any relationship is often considered
a critical one, as many things may appear usual,
boring and worn-out by then. I strongly believe that
eXPRESS Polymer Letters will maintain its good
relationship with its readers, who will find new,
interesting and useful articles in every issue of the
seventh volume as well. I also hope that eXPRESS
Polymer Letters will continue having a good rela-
tionship with its authors, too, and will receive plenty
of ‘cutting-edge’ articles in 2013 just like in the pre-
vious years, even though the rejection rate has
reached over 80% by now. Finally, I build upon our
referees’ continuing professional reviewing work
that has lead to the ever growing impact factor and
recognition of eXPRESS Polymer Letters so far.
The journal has got its first impact factor of 1.452
by 2009, which was only its third year, and it was
raised to 1.575 in 2010 and to 1.769 in 2011. Our
short term goal is to raise and keep the impact factor
above 2. We have very good chances to achieve this
goal, as the 5-year impact factor of the journal is
already 2.003. Our middle and long term goal is to
increase the journal’s recognition to be on a level
with the best journals in its field. Right now,
eXPRESS Polymer Letters ranks at the end of the
first third of all the journals of similar topics, but we
would like it to rank in the top 10%. This would
require a longer time, as we are one of the youngest
journals in this field, so it is a really outstanding
result to be in the top third only after six years. The
credit for this goes to the article topics that are in
the forefront of the researchers’ interest today. Tak-

ing a look back on the most popular and most cited
articles of the past six years, we can conclude that
the main topics are still the natural materials like
biopolymers and biocomposites, (keywords include
starch, wood, cellulose, chitosan, biodegradable,
soybean oil), which is in accordance with the indus-
try’s expectations toward researchers. However, arti-
cles about nano materials also maintain their popu-
larity (keywords include nanofibres, nanoparticles,
nanotubes, nanocomposites, graphene), even though
as these materials have failed to meet the high indus-
trial expectations, their significance and number
have dropped markedly. Apart from this, articles
about structure-property relationships, optimization
of technological parameters, preparation of new
structural materials, or development of polymers
with special characteristics are popular, too.
Based on all this, we look forward to the critical
seventh year that we expect to bring continuous
progress for the eXPRESS Polymer Letters. Finally,
we are respectfully thankful for the professional
work of our authors and referees, and in the name of
the editor-in-chief, the international advisory board
and the local editorial team, the editor wishes you a
lot of success in year 2013. Sincerely yours,
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1. Introduction
Amphiphilic copolymers are interesting because of
their ability to stabilize diverse interfaces in aque-
ous systems and, in particular, as drug delivery sys-
tems [1]. Amphiphilic compounds are characterized
by the incorporation of polar and non-polar monomer
units in a polymer chain. Their synthesis and prepa-
ration can be a difficult task, especially when con-
trolling the ratio between both chemical units in the
resulting polymer chain and the homogeneity of the
final structure, is needed [2].

The utility of amphiphilic copolymers for delivery
of therapeutic agents is due to their unique chemical
composition, which allows micellization in aqueous
solutions and formation of hydrophobic core regions.
These serve as reservoirs for hydrophobic drugs
that can be loaded with chemical, physical or electro-
static means, depending on the specific functionali-
ties of the core-forming block and the solubilizate.
Furthermore, surface modification of particulate
carriers with hydrophilic and flexible chains pre-
vents their recognition by macrophages and rapid
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elimination from the bloodstream [3, 4]. Pluron-
ics®, which is constituted by poly(ethylene oxide)
and poly(propylene oxide) blocks [5], is currently a
common studied system, although copolymers con-
taining poly(L-amino acid) and polyester hydropho-
bic blocks are gaining interest [2].
Amphiphilic molecules of cyanoacrylate have also
been widely studied as drug delivery systems. These
compounds are now prepared mainly by radical
copolymerization reactions in monophasic organic
solvents like dimethyl formamide or butanone [6, 7],
or in two-phase solvents where the monomers dis-
solve each in one of the two phases [8–10]. Another
method of preparation of cyanoacrylate amphiphilic
copolymers is based on the condensation reaction
of methoxy polyethylene glycol cyanoacetate and
hexadecyl cyanoacetate with formaldehyde in the
presence of an organic solvent like methylamine
[11]. These methoxy polyethylene glycol cyanoacry-
late-co-hexadecyl cyanoacrylate copolymers, abbre-
viated as poly(MePEGCA-co-HDCA), can be pre-
pared with modulated hydrophobicity/hydro hilicity
by adjusting the MePEGCA/HDCA monomer ratio.
Some previous works focused on the preparation of
nanoparticles from poly(MePEGCA-co-HDCA)
with a hydrophilic/hydrophobic monomer ratio of
1:4 by nanoprecipitation and emulsion/solvent
evaporation methods [11, 12]. Monomodal size dis-
tributions were obtained with characteristic mean
particle sizes ranging between 98 and 199 nm and
varying according to polymer concentration and the
applied method. It was also demonstrated that nano -
particles have an adequate density of MePEG chains
on their surface to provide enhanced stability in the
blood compartment and ensure a long circulating
characteristic [13, 14]. Nanoparticles of poly(alkyl
cyanoacrylate) amphiphilic copolymers have recently
been successfully used for other biomedical appli-
cations such as human brain endothelial cell imag-
ing [15] and early Alzheimer’s disease diagnosis
and treatment [16].
Drug loaded nanoparticles of poly(MePEGCA-co-
HDCA) have also recently been prepared using a
new methodology based on solvent displacement in
confined impinging jet mixers (CIJM) [17]. These
devices allow continuous production, facilitate scal-
ing-up and guarantee controllable operating param-
eters and conditions to improve final nano particle
properties [18]. The solvent (e.g. acetone or tetrahy-
drofurane) and the anti-solvent streams (e.g. water)

are mixed under different flow conditions, defined
by and labelled in terms of the anti-solvent/solvent
flow rate ratio (R) and the flow rate of the anti-sol-
vent stream (FW). Besides their usefulness to get
nanospheres constituted by the polymer alone,
CIJM allow also the preparation of nanocapsules
containing an oily core. Miglyol 812, a triglyceride
of caprylic and capric fatty acids, seems appropriate
to provide an oil core where water-insoluble drugs
remain dissolved, resulting in high payload and a
low release profile [19, 20].
The present work is devoted to the improvement of
the physico-chemical characterization of poly
(MePEGCA-co-HDCA), paying attention to its mor-
phology and crystalline structure and also to its
degradability. Furthermore, morphological features
of poly(MePEGCA-co-HDCA) nanospheres and
nanocapsules prepared using CIJM are described,
and finally the drug loading and release from these
nanoparticles are compared by using triclosan as an
example of hydrophobic drug.

2. Experimental section
2.1. Materials
Methoxy poly(ethylene glycol) (MePEG) with a
number average molecular weight of 2000 g/mol
was purchased from Sigma-Aldrich (St. Louis, MO,
USA). Poly(MePEGCA-co-HDCA) and poly(hexa-
decyl cyanoacrylate) (PHDCA) were synthesized as
previously reported [11] being 3600 and 5100 g/mol,
respectively, the number average molecular weights
determined by gel permeation chromatography
(GPC). Poly(MePEGCA-co-HDCA) was synthe-
sized from a methoxypolyethylene glycol cyanoac-
etate to n-hexadecylcyanoacetate ratio of 1:4.
Triclosan for release experiments was purchased
from Sigma Aldrich. A microbial culture was pre-
pared with reagents and labware from Scharlab S.L.
(Barcelona, Spain). The bacterial strains were
Escherichia coli CECT 101 and Micrococcus luteus
CECT 245 from the Spanish Collection of Type
Culture (CECT, Valencia, Spain).

2.2. Measurements
Molecular weights were estimated by GPC using a
liquid chromatograph (Shimadzu, model LC-8A,
Shimadzu Corp., Tokyo, Japan) equipped with an
Empower computer program (Waters Corporation,
Massachusetts, USA). A PL HFIP gel column (Agi-
lent Technologies Inc., CA, USA) and a refractive
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index detector (Shimadzu RID-10A, Shimadzu
Corp., Tokyo, Japan) were employed. The polymer
was dissolved and eluted in tetrahydrofurane at a
flow rate of 0.5 mL/min (injected volume 100 µL,
sample concentration 1.5 mg/mL). The average
molecular weights were calculated using poly-
styrene standards.
1H nuclear magnetic resonance spectroscopy
(1H NMR) spectra were acquired with a Bruker
AMX-300 spectrometer (Bruker Corp., Bremen,
Germany) operating at 300.1 MHz. Chemical shifts
were calibrated using tetramethylsilane as an inter-
nal standard. Dried deuterated chloroform was used
as the solvent.
Calorimetric data were obtained by differential scan-
ning calorimetry (DSC) with a TA Instruments Q100
(New Castle, DE, USA) series equipped with a refrig-
erated cooling system (RCS) operating from –90 to
550°C. Experiments were conducted under a flow of
dry nitrogen with a sample weight of approximately
10 mg while calibration was performed with indium.
Heating and cooling runs were performed at rates of
20 and 10°C/min, respectively.
Wide angle X-ray diffraction patterns were obtained
using a PANalytical X’Pert diffractometer (Panalyt-
ical B.V. Almelo, Netherlands), Cu K! radiation (! =
0.1542 nm) and a silicium monocrystal sample
holder.
Spherulitic morphologies were studied using a Zeiss
Axioskop 40 Pol light polarizing microscope (Carl
Zeiss, Göttingen, Germany) equipped with a Linkam
temperature control system configured by a THMS
600 heating and freezing stage connected to an LNP
94 liquid nitrogen cooling system. Micrographs were
taken with a Zeiss AxiosCam MRC5 digital camera.
A first-order red tint plate was employed to deter-
mine the sign of spherulite birefringence under
crossed polarizers.
Spherulites for transmission electron microscopy
(TEM) observations were grown from homogeneous
melt-crystallized thin films placed between two
cover glasses and prepared by evaporation of a dilute
solution of the polymer in acetone. This experimen-
tal procedure made it possible to obtain films with
an appropriate thickness for TEM observation.
The nanocapsule (NC) and nanospheres (NS) size
distribution was determined by Dynamic Light Scat-
tering (DLS, Zetasizer Nanoseries ZS90, Malvern
Instrument Ltd., Malvern, UK), which measures
accurately in the size range from 2 nm to 3 µm.

Morphological observations of nanoparticles and
nanocapsules were carried out with a Philips TEC-
NAI 10 transmission electron microscope (Philips
Electron Optics, Eindhoven, Holland) at an acceler-
ating voltage of 80 kV and a Focus Ion Beam Zeiss
Neon 40 instrument for scanning electron microscopy.
Carbon coating was accomplished using a Mitec
K950 Sputter Coater (Carl Zeiss, Göttingen, Ger-
many) equipped with a film thickness monitor
k150" (Quorum Technologies Ltd., West Sussex,
UK).
Negative staining and direct observation were
employed to image the particles by TEM. In some
cases, shadowing with Pt/C at an angle of 15° was
performed to observe surface details and obtain
information on the thickness of the specimen. The
negative staining solution was prepared by diluting
a 4% phosphotungstic acid solution with ethanol
100% in a proportion 1 to 4.
A UV-3600 spectrophotometer controlled by
UVProbe v2.31 software (Shimadzu, Tokyo, Japan)
was employed for triclosan load and release meas-
urements.

2.3. Preparation of unloaded and triclosan
loaded nanospheres and nanocapsules of
poly(MePEGCA-co-HDCA)

Nanospheres and nanocapsules of poly(MePEGCA-
co-HDCA) containing triclosan were prepared by
the solvent displacement method (or nanoprecipita-
tion) [21] using a CIJM with two inlet jets of 1 mm,
one outlet jet of 2 mm and a mixing chamber of
about 5 mm. More geometrical details on this device
can be found in previous work [18]. For the prepara-
tion of nanoparticles, 150 mg of poly(MePEGCA-
co-HDCA) was dissolved in 25 mL of warm ace-
tone (i.e. polymer concentration of 6 mg/mL). To
obtain triclosan loaded nanoparticles, 0.3% (w/v) of
triclosan was added to the acetone solution. This
solution was injected into the mixer by an infusion
pump at a flow rate of 120 mL/min (KDS200, KD
Scientific Inc., Holliston, MA, USA). Simultane-
ously, 25 mL of water was injected at the same rate
through the second upstream inlet. R and FW process-
ing parameters were consequently 1 and 120 mL/min,
respectively. Particles, spontaneously formed in the
mixer chamber, were evacuated by the outlet jet,
and then quenched in 25 mL of water under mag-
netic stirring. Finally, the acetone was evaporated in
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a rotating device (30 minutes at room temperature)
to obtain an aqueous suspension of nanospheres.
Nanocapsules were prepared by the same procedure
after adding 200 #L of Miglyol 812 (i.e. oil concen-
tration of 8 µL/mL) to the initial organic solution of
the copolymer in order to form the inner oily cavity.
Nanocapsules had an oil to polymer mass ratio of
1.26.
Nanosphere and nanocapsule suspensions were
extensively dialyzed (Spectra/Por® 3500 MWCO
dialysis membrane, Spectrum, Huston, TX, USA) at
25°C for 4 hours against a Sörensen solution supple-
mented with 10% (v/v) of ethanol in order to remove
all unloaded triclosan. Aliquots of 200 #L of the sam-
ple suspension before and after dialysis underwent
ultra-sound treatments and extracted with 1 mL of
70% ethanol to quantify triclosan by ultraviolet
(UV) analysis (281 nm). Calibration curves were
obtained by plotting the absorbance measured at
281 nm against triclosan concentration.
Entrapment efficiency (EE) and drug loading (DL)
were determined by Equations (1) and (2), respec-
tively. Occurrence of degradation during dialysis
was not considered for DL evaluation (i.e. Equa-
tion (2) was referred to the initial polymer mass).

    (1)

 (2)

2.4. Degradation experiments
Degradation was performed using small polymer
disks with a diameter of 1 cm and a thickness of
1 mm prepared by press molding of approximately
150 mg of the material. The degradation medium
consisted of 15 mL of milliQ water and two differ-
ent degradation temperatures (4 and 18°C) were con-
sidered. Tablets were removed from the degradation
medium at scheduled times, and were then well
dried and weighed to calculate the weight loss. Some
samples were also analyzed by 1H NMR to evaluate
the chemical degradation of the polymer.

2.5. Release experiments
10 mL of the aqueous suspension containing tri-
closan loaded nanoparticles or nanocapsules
(3 mg/mL) was confined in a dialysis bag which

was introduced in a vessel equipped with magnetic
stirring and containing 20 mL of the selected release
medium (i.e. a mixture (3/7 v/v) of Sörensen medium
(pH 7.4) and ethanol). Aliquots (1 mL) were drawn
at predetermined intervals to determine the amount
of released triclosan by UV spectroscopy. The vol-
ume of the release medium was kept constant by
addition of 1 mL of fresh medium after removal of
each aliquot. All drug release tests were carried out
using five replicates to control the homogeneity of
the release and average the results. The triclosan
remaining in the samples was determined again by
UV analysis. In this case, aliquots (200 #L) of the
dialysis bag sample were sonicated and extracted
with 1 mL of 70% ethanol to ensure complete dis-
solution of triclosan.
The release kinetics can be calculated from experi-
mental results by several theoretical models, typi-
cally first-order [22, 23], Higuchi [24, 25] and their
combination [26]. Thus, the Higuchi-equation (Equa -
tion (3)) and first-order (Equation (4)) models were
used to describe the first (0–60%) and second (40–
100%) parts of the release, respectively:

,$                      (3)

,$    (4)

where kh is the Higuchi release constant, k1 is the
first-order release constant, a takes into account the
release in the first step, Mt is the percentage of drug
released at time t, and M0 is the drug equilibrium per-
centage (considered as the maximum drug percent-
age).

2.6. Antibacterial activity
The in-vitro antibacterial activity of triclosan loaded
nanoparticles and nanocapsules was evaluated
using the Gram-positive Micrococcus luteus
(M.luteus) and Gram-negative Escherichia coli
(E.coli) microorganisms.
Briefly, 7 mL of Luria-Bertani (LB) broth contain-
ing 105 CFU/mL was mixed with 1 mL of the nano -
sphere or nanocapsule aqueous suspension in sterile
tubes. These were inverted 4–6 times to ensure mix-
ing and incubated for 24 and 48 h in a shaking incu-
bator at 100 rpm and a temperature of 37°C. Cul-
tures of LB broth without and with bacteria were

a 0.4 #
Mt

M0

# 1.0 bln a12Mt

M0

b 5a2klt

a 0 #
Mt

M0

# 0.6 bMt

M0

5 kht1>2

DL 3,45100
~

Mass of drug in particles
Mass of polymefr in particles

EE 3,45 100
~

Experimental drug loading
Nominal drug loading

EE 3,45 100
~

Experimental drug loading
Nominal drug loading

DL 3,45100
~

Mass of drug in particles
Mass of polymefr in particles

Mt

M0

5 kht1>2 a 0 #
Mt

M0

# 0.6 b

ln a12Mt

M0

b 5a2klt a 0.4 #
Mt

M0

# 1.0 b

                                                  Valente et al. – eXPRESS Polymer Letters Vol.7, No.1 (2013) 2–20

                                                                                                      5



performed as negative and maximum bacterial
growth controls, respectively. Culture of pure LB
broth was the negative control, and pure LB broth
with nanoparticles or nanocapsules was also tested
as turbidity blank.
Bacterial growth was determined by measuring tur-
bidity at 600 nm by UV spectroscopy. The number of
surviving bacteria was computed according to the
relative growth rate (percentage), which was calcu-
lated from turbidity changes after 24 and 48 h of
incubation. Activities were evaluated using six repli-
cates for which the corresponding average value
and standard deviation were determined. Two sam-
ples were considered statistically significantly dif-
ferent when ANOVA and "2-test gave p % 0.05.
The antibacterial effect in a dose-response manner
was also determined for triclosan-loaded nanocap-
sules by considering different dilutions of the sam-

ple and evaluating the relative growth, as noted
above. The dose-response effect was analyzed by a
logistic model using OriginPro v8 software (Origin
Microcal Corp., Norhampton, MA, USA).

3. Results and discussion
3.1. Thermal characterization of

poly(MePEGCA-co-HDCA)
Poly(MePEGCA-co-HDCA) has a semicrystalline
nature, as shown by the DSC scans in Figure 1a.
Thus, the as-synthesized sample has a predominant
peak at 53°C and a minor one close to 33–34°C,
which should correspond to the melting of crys-
talline domains of PEG and hexadecyl (HD) alkyl
groups, respectively. The sample easily crystallized
from the melt, giving rise to a complex exothermic
peak where the crystallization of the two indicated
domains could not be well differentiated. It is inter-
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Figure 1. DSC scans performed on poly(MePEGCA-co-HDCA) (a), PHDCA (b) and PEG (c) samples. Scans from bottom
to top correspond to the heating run of the as-synthesized and the commercial samples, the cooling run from the
melt state, the heating run of a hot crystallized sample and the heating run of a sample quenched from the melt
state (a).



esting to note that the crystallinity of the as-synthe-
sized sample, which came from evaporation of a
dichloromethane solution, was slightly higher than
that of the hot crystallized sample (i.e. the global
melting enthalpy changed from 133 to 125 J/g). This
increase was caused by the higher endothermic
peak associated with the PEG domain (ca. 53°C)
that could overcome the more deficient arrange-
ment of the HD domain, which led to a very low
melting peak at 33.4°C. This peak clearly increased
after hot crystallization indicating an improved
packing of HD chains. Some differences are also
found in the melting peak associated with the PEG
domain since a shoulder, which is indicative of a
typical re-crystallization or lamellar thickening
process, was observed for the as-synthesized sam-
ple whereas only a single peak was detected for the
hot crystallized sample.
The DSC heating run of a quenched sample does
not reveal significant changes and demonstrates
that the sample crystallized easily even at the high
cooling rates given by the equipment. Note that the
glass transition temperature could not be well
observed due to the high crystallinity of the sample
but it should be close to –63°C, as reported for PEG
of low molecular weight [27]. Two points are worth
highlighting from the thermal analysis: a) The sam-
ple undergoes a partial fusion at around 34°C, a
temperature slightly lower than the human body
temperature, at which the potential drug delivery
systems should be applied; b) Despite the complex-
ity of the sample, its crystallinity remains high at
37°C, which is the temperature at which samples
are meant to be used.
For the sake of completeness, Figures 1b and 1c
show representative DSC scans performed with
PHDCA and PEG homopolymers, respectively.
These traces clearly confirm the previous assigna-
tion given for the melting peaks of poly(MePEGCA-
co-HDCA) and the similar crystallization tempera-
ture of both samples. Results also demonstrated that
poly(MePEGCA-co-HDCA) has an intermediate
melting enthalpy between those of the crystals con-
stituted by the two types of lateral chains. The
enthalpies associated with each peak (e.g. 21 and
104 J/g for the hot crystallized sample) fit reason-
ably well with the expected values (20 and 103 J/g)
assuming a weight percentage of PEG close to 61%.
Finally, the complexity of the crystallization exother-
mic peak of PEG, which extends over an interval of

approximately 15°C, and the sharp appearance of the
peak associated with the PHDCA homopolymer are
worth noting. This also suggests a practically instan-
taneous primary crystallization that might result
from a high nucleation density.

3.2. Spherulitic morphologies of
poly(MePEGCA-co-HDCA)

Crystallization from the melt led to the formation of
spherulites with a fibrillar/ringed texture correspon-
ding to the crystallization of the PEG lateral chains,
although domains constituted by HD units could
also be envisaged. Figure 2a shows a typical crys-
tallization performed at 4°C (i.e. at a low degree of
supercooling) where well developed spherulites
were observed, together with zones with a different
texture (indicated by arrows in Figure 2a) that seem
to be constituted by smaller microcrystals. These
zones melted when the sample was heated to the
melting temperature associated with the PHDCA
domains (Figure 2b) and re-crystallized, giving tex-
tures similar to those initially observed when the
temperature was decreased to room temperature
(Figure 2c). Experiments clearly highlighted the
complex crystallization process of samples consti-
tuted by blocks able to crystallize independently
(i.e. those constituted by the PEG and HD lateral
groups) and furthermore with a similar crystalliza-
tion temperature. Phase separation and crystalline
morphology studies of block copolymers are cur-
rently receiving much attention [28–32], and even
microstructures that can be formed from the melt,
from solution and for both thin and bulk samples
have been extensively reviewed [33, 34]. Ringed
spherulites with an interspacing close to 9 µm could
also be detected in the specimens (Figure 2d)
although at a lower ratio.
A fibrillar spherulitic texture was observed when
crystallization was performed at lower temperatures
(e.g. –24°C), as shown in Figure 2e. The nucleation
density obviously increased with decreasing the
crystallization temperature; consequently, smaller
spherulites were found at the end of the crystalliza-
tion process. In this way, an increase from 20 to
600 nuclei/mm2 was determined when the tempera-
ture decreased from 4 to –24°C.
In all cases, a negative birefringence was character-
istic of the PEG spherulites, whereas a more con-
fusing sign was found for the domains constituted
by the HD alkyl chains due to their smaller size. In
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fact, primary nucleation seemed to be much higher
for these domains, giving rise to microcrystals. It
should be pointed out that DSC data indicated that
the hot crystallization of PHDCA proceeded rap-
idly, which was well justified by assuming a high
primary nucleation. Optical micrographs revealed
that the alkyl chain microcrystals had a flat appear-
ance and usually appeared aggregated in such a way
that the birefringence sign of the PEG spherulite
was kept (see white and red arrows in Figure 2e). In
some cases, these microcrystals led to the formation
of spherulite arms with a speckled appearance
(white arrows).
Phase separation was confirmed by electron diffrac-
tion since fibrillar textures and microcrystals gave
rise to the typical hk0 pattern of PEG and a well dif-
ferentiated pattern with six reflections at 0.415 nm,
respectively. This pattern (Figure 3) suggests a
pseudo-hexagonal packing of alkyl chains, which is
consistent with the well known first-order transition

undergone by long-chain paraffins at a few degrees
below their melting point [35].
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Figure 2. Polarizing optical micrographs of poly(MePEGCA-co-HDCA) isothermally crystallized at 4°C (a, b, c, d) and –
24°C (e). Micrographs were taken at room temperature (a, d, e), at 34°C (b) and at room temperature after heating
the crystallized sample to 34°C (c). A first-order red tint plate was used for micrographs (d) and (e). Inset of (d)
shows a contrast phase image of a ringed spherulite. The inset of (e) shows a magnification of the dashed area
where small and flat microcrystals can be envisaged. Arrows point to crystalline microdomains constituted by
PHDCA.

Figure 3. Electron diffraction patterns taken from fibrilar
spherulites corresponding to HD domains



3.3. Crystalline structure of
poly(MePEGCA-co-HDCA)

X-ray powder diffraction patterns (Figure 4a) of
poly(MePEGCA-co-HDCA) revealed the presence
of reflections characteristic of polyethylene glycol,
as well as additional peaks which should be assigned
to a crystalline structure associated with the pack-
ing of the hexadecyl lateral groups. The structure of
polyethylene glycol is defined by a P21/a space group and
a unit cell with parameters a = 0.805 nm, b =
1.304 nm, c (fiber axis) = 1.948 nm and # = 125.4°
that contains four 7/2 helices based on TTG
sequences [36] (Figure 4b). The corresponding X-
ray diffraction pattern (Figure 4c) was character-
ized by strong peaks at 0.462 nm (120 reflection)
and 0.386–0.277 nm (112, 032, 132 and 212 reflec-
tions) and weak peaks at 0.603 and 0.586 nm, which
are indexed as the 021 and 110 reflections.
All characteristic reflections of PEG, together with
peaks at 2.988, 1.494 and 0.416 nm of remarkable
intensity, can be well observed in the X-ray diffrac-
tion profile of poly(MePEGCA-co-HDCA). These

peaks, which are also detected in the diffractogram
of PHDCA, suggest the presence of a hexagonal
unit cell with parameters a = 0.479 nm, b = 0.479 nm,
c (fiber axis) = 2.988 nm. Note that the strong peak
at 0.416 nm corresponds to the 100, 010 and 110
reflections, which were also observed in the electron
diffraction patterns of HDCA spherulitic domains,
and that are typical of a hexagonal packing of poly-
methylene segments. The higher spacing peaks can
be indexed as the 001 and 002 reflections of a cell
which c axis parameter corresponds to two lateral
groups since the dimension of the alkyl side group
becomes close to 1.5 nm (i.e. the 002 spacing) if an
extended zig-zag conformation is assumed (Fig-
ure 5). It must also be pointed out that a syndiotac-
tic disposition of the hexadecyl lateral groups is
preferred to avoid high steric hindrances between
the polymethylene sequences of neighboring chain
units (i.e. a value close to 0.25 nm should be expected
for an isotactic configuration).

3.4. Hydrolitic degradation of
poly(MePEGCA-co-HDCA)

Degradation of poly(MePEGCA-co-HDCA) in dis-
tilled water at temperatures of 18 and 4°C occurred
over a maximum period of 8 h, followed by a slow
process that extended over approximately 48 h.
After that, the weight of the copolymer samples
remained practically constant, at least over an expo-
sure time of 300 h. The weight loss profiles at the
two assayed temperatures were similar, although a
slightly higher mass loss was detected at 18°C (Fig-
ure 6). Thus, weight losses of 63 and 67% were
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Figure 4. (a) Powder X-ray diffraction profiles of poly
(MePEGCA-co-HDCA) (blue) and PHDCA
(brown) samples. (b) Projection down the chain
axis of the PEG structure showing the packing
arrangement of the four 7/2 helices. (c) Simulated
powder X-ray diffraction profile of PEG and cor-
responding diffraction pattern (inset).

Figure 5. Schematic representation showing geometrical
features concerning hexadecyl lateral groups of
poly(MePEGCA-co-HDCA)



determined at the end of the test performed at 4 and
18°C, respectively. Enhanced solubility at the higher
temperature is the probable cause of the slight dif-
ferences in the remaining weight.
As already mentioned the copolymer was synthe-
sized from a hydrophilic-to-hydrophobic monomer
ratio of 1:4. However, this ratio should represent an
‘average’ value of the units incorporated to the poly-
mer chain, and although the synthesis protocol is
quite robust, it is likely that a distribution of hydro -
philic-to-hydrophobic unit ratios exists in the final
copolymer molecules. Thus, a significant weight
loss should be expected from the presence of solu-
ble fractions constituted by molecules with ratios of
1:2 or higher. The remaining part of the weight loss

should be attributed to the hydrolysis of the ester
groups of the hydrophilic lateral pegylated chains.
Figures 7a and 7b compare the 1H NMR spectra of
the as-synthesized sample and that degraded up to a
weight loss of 67%. The initial sample was charac-
terized by an average molar ratio close to 1:4
between pegylated and hexadecyl (HD) lateral
chains, as can be deduced from the areas of the sig-
nals at 3.37 and 0.86 ppm assigned to the methyl
groups belonging to the two ester moieties [11].
Methylene groups of the main chain and the lateral
hexadecyl and PEG groups also appeared well dif-
ferentiated at 2.37, 1.25 and 3.64 ppm, respectively
(Figure 7a).
Spectra of samples exposed to water clearly show
how the PEG signals at 3.64 and 3.37 ppm practi-
cally disappeared while HD signals at 1.25 and
0.86 ppm remained with a remarkable intensity. In
fact the hydrophilic-to-hydrophobic unit ratio
decreases up to 1:110. Thus, the degradation process
could be justified by an ester group cleavage involv-
ing mainly the pegylated chains.
According to the composition determined from NMR
spectra, the MePEG lateral groups represented
55 wt% of the copolymer, which was slightly lower
than the experimental weight loss. Thus, a percent-
age of the initial sample (i.e. chains with a high
hydrophilic content) should be dissolved during
exposure to the aqueous medium. In order to esti-
mate this fraction, the as-synthesized sample was
extracted with water in a time period during which
degradation was practically negligible (i.e. less than
5% for 30 min of exposure). The extracted fraction
corresponded to 10 wt% of the sample and its NMR
spectrum (Figure 7c) indicated a 1:1.4 ratio
between MePEG and HD lateral chains that was in
agreement with the ratio expected for soluble mole-
cules.
The preferential hydrolysis of pegylated chains was
also corroborated by the 1H NMR spectra (not
shown) of the residue extracted from the hydrolytic
degradation medium after 72 h of exposure, which
indicated a PEG/HD ratio higher than 15:1. Further-
more, lamellar crystals with the characteristic mor-
phology of polyethylene glycol lamellae [37, 38]
were recovered after evaporation of the degradation
medium. Specifically, Figure 6b shows typical
square lamellae of PEG and the corresponding elec-
tron diffraction pattern with intense 120 reflections
at 0.462 nm.

                                                  Valente et al. – eXPRESS Polymer Letters Vol.7, No.1 (2013) 2–20

                                                                                                     10

Figure 6. (a) Plot of the remaining weight of a poly
(MePEGCA-co-HDCA) disk sample versus
exposure time in distilled water at 18 (&) and
5°C ('). (b) Electron micrograph of PEG lamel-
lar crystals recovered from the release medium.
Inset shows the corresponding electron diffrac-
tion pattern.



In conclusion, 1H NMR spectra pointed out that the
sample weight loss occurred through ester bond
cleavage of the hydrophilic pegylated chains and by
solubilisation of a small fraction corresponding to
the more hydrophilic copolymer fraction. It is inter-
esting to note that the ester bond of the hydrophobic
moiety was not highly susceptible to hydrolysis
probably due to poor exposure to the degradation

medium. These results are in full agreement with
preliminary studies on fetal calf serum which indi-
cate that the hexadecyl homopolymer did not
degrade during the first 3 h of incubation [12].
Finally, it is also interesting to note that degradation
of pegylated chains can lead to the formation of
anionic carboxylate groups, which still provide a
hydrophilic character to the polymer.
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Figure 7. (a) 1H NMR spectra of the as-synthesized poly(MePEGCA-co-HDCA) sample and chemical scheme of the
assignment of signals (inset). (b) 1H NMR spectra of a poly(MePEGCA-co-HDCA) sample after 72 h of exposure
to water at 18°C. (c) 1H NMR spectra of the extracted fraction of a poly(MePEGCA-co-HDCA) sample after
30 min of exposure to water at 18°C.



3.5. Morphology of nanospheres and
nanocapsules

Particle size and size distribution are the most impor-
tant characteristics of nanoparticle systems since
they influence their biological fate, toxicity, target-
ing ability and even drug loading, drug release and
stability. Many studies have demonstrated that nano -
particles of sub-micron size have a number of advan-
tages over micro-particles, for example as a drug
delivery system because of their small size and rel-
ative mobility. These properties can improve intra-
cellular uptake and increase availability to a wider
range of biological targets [39].
DLS analysis revealed a size difference between the
triclosan loaded nanoparticles and nanocapsules.
Thus, unimodal size distributions with mean diame-
ters of 160±60 nm (Figure 8a) and 230±60 nm (Fig-
ure 8b), respectively, were found.
Scanning electron micrographs (Figure 8c) showed
that nanoparticles were mostly spherical and had a
rather variable diameter, in agreement with DLS
results. Particles were generally found isolated
although some aggregates could also be observed.

TEM micrographs taken at a higher magnification
showed that particles, directly deposited on the car-
bon grid, were constituted by a porous dense poly-
mer matrix (Figure 9a). Furthermore, these nanopar-
ticles often appeared slightly deformed, their
rounded appearance being lost, as clearly seen in
the negative stained samples (Figure 9b). Nanopar-
ticles were also shadowed with Pt/C to determine
their thickness and confirm their spherical morphol-
ogy. Thus, the maximum and minimum shadows in
the micrograph in Figure 10 correspond to thick-
nesses of 230 and 115 nm, which are again in agree-
ment with the particle size distribution determined
by DLS measurements.
Medium magnification TEM images of nanocap-
sules (Figures 11a and 11c) showed their morphol-
ogy and confirmed the underlying size distribution.
This distribution extended over the 110–290 nm
range, which covers smaller diameters than those
deduced from DLS analysis. However, the predom-
inant nanocapsule size (ca. 200 nm) was close to
the average value previously determined. Direct
and negative stained images showed that isolated
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Figure 8. Size distribution of triclosan loaded nanospheres (a) and nanocapsules (b) of poly (MePEGCA-co-HDCA). Sam-
ples were prepared with an initial copolymer concentration of 6 mg/mL with R = 1 and FRW = 120 mL/min. For
nanocapsules an oil concentration of 8 µL/mL was used. (c) Scanning electron micrograph of poly(MePEGCA-
co-HDCA) nanospheres prepared as above indicated.



nanocapsules were practically spherical but easily
deformed when they were aggregated. Thus, the
adjacent nanocapsule membranes became parallel
and planar (see arrows in the negative stained sam-
ple of Figure 11c), showing that the spherical shape
is actually not rigid. Both the liquid content and the
reduced stiffness of the polymer membrane should
be taken into account. The inset of Figure 11c con-
tains the two wall membranes with a probable thick-
ness of approximately 5 nm, since it can be consid-
ered that the negativation salt had not penetrated in
the nanocapsules or between adjacent membranes.
Specimens obtained by direct deposition are sensi-
tive to the large intensity of the electron beam. For

this reason, some nanocapsules broke down during
observation and released their liquid content. Note
in Figure 11b some dense particles corresponding
to the polymer membrane on the edges of the oil
released by the breaking down of the nanocapsule.
Figures 12a and 12b reproduce bright field images
of nanocapsules directly deposited onto the copper
grid where the membranes can be clearly discerned
in the projection contrast and a wall thickness close
to 5 nm measured. Most nanocapsules were sur-
rounded by a somewhat bright halo, which could be
attributable to the oil released by the breaking down
of the nanocapsule during observation.
The polymer matrix should be amorphous, but it is
not discarded that side groups could crystallize.
Moreover, some degraded pegylated chains and
even some aggregated polymer molecules could be
encapsulated, accounting for the dark zones found
in nanocapsules (Figures 12a–12c). Pt/C shadowed
samples (Figure 10d) revealed that nanocapsules
usually collapse, giving rise to almost flat, rounded
morphologies (note the shadow in Figure 12d,
which suggests a small thickness). Flat morpholo-
gies were again a consequence of the oil release and
the spongy structure of the polymer filled with liq-
uid. It should be pointed out that shadowed samples
allowed the detection of regular crystals inside the
nanocapsule, as deduced from the surface details in
Figure 12d. Specifically, aggregates of square crys-
tals similar to those characteristic of PEG could be
clearly envisaged.
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Figure 10. TEM micrograph of Pt/C shadowed poly
(MePEGCA-co-HDCA) nanospheres

Figure 9. Positive (a) and negative (b) TEM micrographs taken at different magnifications of poly(MePEGCA-co-HDCA)
nanospheres. Samples were prepared with R = 1 and FRW = 120 mL/min and an initial copolymer concentration
of 6 mg/mL, respectively.



3.6. Release of triclosan from nanospheres
and nanocapsules

Encapsulation efficiency (EE) was high and similar
for both nanospheres and nanocapsules since values
of 92 and 91% were respectively determined. It is
clear that the polymer and the preparation method
were effective in encapsulating high doses of tri-
closan. Drug loading (DL) was consequently rela-
tively high and again similar for both systems (43
and 44% for nanospheres and nanocapsules, respec-
tively). The amount of drug entrapped determines
the performance of the drug delivery system as it
influences the rate and extent of drug release from
the system. Both DL and EE depend on physico-
chemical properties and the interactions between
the drug, the carrier matrix, the encapsulated oil and
the surrounding medium.

Triclosan release has been studied in Sörensen
medium containing 70 volume percentage of ethanol
in order to increase the hydrophobicity of the
medium and avoid reaching an equilibrium condi-
tion. The studied mixture had previously been
found to give similar triclosan release results in
more expensive serum-based media [40].
Release of triclosan from nanoparticles and nano -
capsules is clearly different, as compared in Fig-
ure 13a. Thus, the profile of nanospheres showed an
initial Burst effect up to a percentage close to 35%
which was mainly caused by the drug deposited on
or close to the particle surface, followed by a
slower, gradual release indicative of an effective
hydrophobic interaction between the drug and the
hydrophobic hexadecyl groups. On the contrary, the
Burst effect was not significant when using nano -
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Figure 11. Positive (a, b) and negative (c) TEM micrographs taken at different magnifications of poly(MePEGCA-co-
HDCA) nanocapsules containing Miglyol 812. Samples were prepared with R = 1 and FRW = 120 mL/min and
an initial copolymer and oil concentration of 6 and 8 µL/mL, respectively. Red arrows indicate close contact
between nanocapsules that led to deformation. Inset of (c) shows a high magnification of the area of contact
between two nanocapsules.



capsules and a sustained release over a period
greater than 120 h was observed. The polymer was
able to confine the oil effectively despite possible
degradation of pegylated chains, and triclosan
remained preferentially in the hydrophobic oil core,
reducing the Burst effect and release rate.
Both nanospheres and nanocapsules showed a max-
imum drug release close to 80%. It seems that some
triclosan was entrapped in the two cases and could
not diffuse effectively through the polymer matrix
or polymer membrane, respectively, at an apprecia-
ble rate.

Release of triclosan from nanospheres was inter-
preted with the first-order equation only, since the
40% initial release could be ascribed to a Burst
effect, as above indicated. The kinetic constant for
this step was 0.073 h–1. In contrast, a combined
model was required to interpret the release from
nanocapsules. In this case, kinetic constants close to
0.145 h–0.5 and 0.024 h–1 were derived by fitting the
first (Higuchi model) and second (first-order model)
steps of the release. It is interesting to highlight the
threefold decrease of the kinetic constant associated
with the last release step, when using nanocapsules
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Figure 12. TEM micrographs (a, b, c) taken at different magnifications of poly(MePEGCA-co-HDCA) nanocapsules con-
taining Miglyol 812. Sample (d) was shadowed with Pt/C. Red and black arrows point to pseudoregular geome-
tries inside nanocapsules and spilled oil outside nanocapsules, respectively. Wall thickness of nanocapsules is
indicated by the blue marks.



instead of nanospheres (i.e. 0.024 h–1 versus
0.073 h–1). Despite the expected low diffusion rate
of triclosan in the polymer matrix, the result seems
logical as there is a greater affinity between tri-
closan and glycerol than between the drug and the
polymer matrix, resulting in an enhanced release
from nanospheres. It must be pointed out that the
assumption of the late-time Equation (4) for both
NS and NC dosage forms implies that the amount
of drug released at each time is proportional to the
residual drug inside these forms.
TEM micrographs were taken at the end of the
release experiments (120 h) to find evidence of
degradation. Nanospheres appeared clearly isolated

and kept their rounded morphology and even their
diameter size range (Figure 13b). Hence, no mor-
phological changes were reported after exposure to
the release medium. More interesting were the high
magnification images of nanocapsules (e.g. Fig-
ure 13c) where two points merit attention: a) The
membrane wall appeared well preserved and had
even swelled slightly, as deduced from the increase
of the wall thickness (a value close to 10 nm was
measured). Note also that in this case the wall thick-
ness clearly decreased upon close contact of nano -
capsules. In addition, the detected degradation of
pegylated chains did not affect the consistency of
the nanocapsule membrane. As indicated before,
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Figure 13. (a) Comparison between cumulative triclosan release from poly(MePEGCA-co-HDCA) nanospheres (() and
nanocapsules ()) in a Sörensen/ethanol (3/7 v/v) medium. Vertical bars are the average values ±SD. Theoretical
simulated curves from calculated kinetic parameters and selected release models are drawn with solid lines.
(b) TEM micrograph of poly(MePEGCA-co-HDCA) nanospheres after 120 hours of exposure to the degrada-
tion medium. (c) TEM micrograph of poly(MePEGCA-co-HDCA) nanocapsules after 120 hours of exposure to
the degradation medium. The blue arrow points to the decrease of the membrane thickness caused by close con-
tact of adjacent nanocapsules.



new anionic carboxylated groups should have
formed by hydrolysis, providing again a hydro -
philic outer surface that stabilized the membrane in
the water containing release medium; b) Drops can
be clearly envisaged in the nanocapsule cores. Mol-
ecules of the release media (ethanol and water)
were likely to have crossed the membrane, causing
a swelling effect and microphase separation.

3.7. Antibacterial effect of the nanospheres
and nanocapsules loaded with triclosan

The antibacterial activity of triclosan loaded nano -
capsules and nanospheres was tested by direct con-
tact with microorganisms. Figure 14a shows the rel-
ative growth of E.coli (Gram-negative bacterium)
and M.luteus (Gram-positive bacterium) after 24
and 48 hours of culture in the presence of these
nanospheres and nanocapsules.
E.coli was especially sensitive to the antibacterial
action of triclosan. Thus, the inhibition of bacterial
growth after 24 h of culture was about 80% for both
nanospheres and nanocapsules. It may be inferred
from the above results that the antibacterial effect
was due to the release of approximately 50 and 80%
of loaded triclosan in the nanocapsules and nanos-
pheres, respectively (Figure 13a). The triclosan
release ensured that bacterial growth inhibition was
maintained around 80% after 48 h of culture.
M.luteus showed greater resistance to triclosan as
the inhibition of bacterial growth was only about 10
and 20% after 24 h of culture for nanocapsules and
nanospheres, respectively (Figure 14a). Notice that,

as expected, inhibition was greater for the former
because of their higher triclosan release rate. After
48 h of culture, a statistically significant increase in
the inhibition of bacterial growth was reported,
with values of 20 and 40% for nanocapsules and
nanospheres, respectively. Note that the relative
inhibition doubled with increasing the drug release
period. Thus, results clearly indicate that progres-
sive release of triclosan from both nanospheres and
nanocapsules increased the antibacterial effect.
It is clear that M.luteus growth is sensitive to the
amount of triclosan released, as is typical in the
antimicrobial control of Gram-positive bacteria.
Two approaches can be taken to solve this sensitiv-
ity problem: a) Preparation of nanospheres or nano -
capsules with a higher drug load, which is not desir-
able since a change of the mass ratio between poly-
mer and drug is required; b) Exposure of bacteria to
a medium containing more nanospheres or nano -
capsules.
Figure 14b shows the antimicrobial effect of tri-
closan loaded nanospheres and nanocapsules in
relation to the number of dosage forms, which was
easily managed by controlling the dilution of the
NS/NC suspension with the broth medium. A direct
linear relationship between the antibacterial effect
and the number of triclosan loaded nanospheres and
nanocapsules was logically found. Specifically, cor-
relation coefficients, r, of 0.987 and 0.999 were
obtained for the NS and NC relationships, respec-
tively.
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Figure 14. (a) Relative growth of E.coli and M.luteus in cultures constituted by 7 mL of the LC broth medium and 1 mL of
the nanosphere (NS) or nanocapsule (NC) suspension. Asterisks indicate significantly different samples accord-
ing to Tukey test, p < 0.05. (b) Relative growth of M.luteus in cultures constituted by different dilutions of the
NS/NC suspension in the culture medium. Vertical bars are the average values ±SD. Solid and dashed lines indi-
cate the relationship between relative growth and dilution for NS and NC samples.



4. Conclusions
The amphiphilic copolymer derived from methy-
lated polyethylene glycol and hexadecyl cyanoac-
etate esters with a hydrophilic/hydrophobic monomer
ratio close to 1:4 was semicrystalline and able to
develop large spherulites by crystallization from the
melt state. Morphological observations, calorimet-
ric data and X-ray and electron diffraction patterns
pointed out the existence of two crystalline domains.
These could be associated with polyethylene glycol
and a hexagonal phase corresponding to the pack-
ing of the long alkyl lateral groups.
The copolymer hydrolyzed in water by cleavage of
ester bonds involving the hydrophilic polyethylene
glycol groups, whereas ester bonds involving the
hydrophobic hexadecyl groups appeared well pre-
served.
The solvent displacement method coupled with the
use of CIJM was highly effective in preparing tri-
closan loaded nanospheres and nanocapsules. Encap-
sulation efficiency was always close to 90% and an
approximate 40% drug load was easily obtained.
Morphological observations and DLS measure-
ments indicated that NS and NC samples had size
distribution centered at around 160 and 230 nm,
respectively. Nanocapsules were characterized by a
polymer membrane with a thickness close to 5 nm,
a spongy structure that was easily deformed and the
presence of crystallizable PEG chains in the oil
core. Nanocapsules kept their morphology during
exposure to the release medium (minimum 72 h),
although a slight swelling of the membrane wall
was observed. Solvent molecules were able to cross
the membrane, which was unaffected by the increase
of the hydrodynamic pressure.
Nanospheres and nanocapsules exhibited a well dif-
ferentiated triclosan release; specifically, the latter
allowed a controlled, sustained release without
Burst effect. The antimicrobial effect was also sig-
nificantly different, especially when Gram-positive
bacteria were assayed. A higher relative growth was
always found for nanocapsules due to their lower
triclosan release rate.
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1. Introduction
In recent years, environmental pollution has become
a great concern due to the high impact of plastic
wastes in daily use. To cope with this problem, the
commodity synthetic polymers can be replaced
with the biodegradable polymers which are suscep-
tible to microbial action. The most popular and
biodegradable polymers are aliphatic polyesters,
such as polylactic acid (PLA), polycaprolactone
(PCL), poly (butylene adipate-co-terephthalate)
(PBAT) and polyhydroxybutyrate (PHB). Amongst
the biodegradable polymers, PLA has a number of
interesting properties including biodegradability,

good mechanical properties, and processability. For
these reasons PLA is an interesting candidate for
producing commercial biodegradable materials.
However, high brittleness and cost of PLA are two
major obstacles for commercialization and many
applications [1–3].
Oyama showed that reactive blending of PLA with
EGMA poly (ethylene-glycidyl methacrylate)
improves the elongation at break of PLA. These
improvements in mechanical properties were
achieved without sacrificing the heat resistance of
PLA. It was deduced that crystallization of the PLA
matrix plays a significant role in toughening [4].
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Preparation of blends, conventional composites and
nanocomposites using inorganic fillers or nano -
fillers are among the routes to improve some of the
properties of PLA and reducing the production cost.
Thermal stability, gas barrier properties, strength,
low melt viscosity, are among the properties that
can be improved by these multiphase systems [5].
The nanocomposite technology is a beneficial route
for improving biodegradability and processability
of these blends.
Amongst the petrochemical-based polymers, poly-
ethylene (PE) is one of the most consumed poly-
mers especially in the packaging industry. This poly-
mer can degrade under oxygen and ultra violet
radiation however, the degradation rate of PE after
disposal is very slow. Therefore a blend nanocom-
posite of PLA and linear low-density polyethylene
(LLDPE) may be a suitable choice for excellent
biodegradable material.
According to the American Society for Testing and
Materials (ASTM), a biodegradable plastic is a plas-
tic that degrades because of the action of naturally
occurring microorganisms such as bacteria, fungi,
and algae. There is a difference between a biodegrad-
able and a compostable plastic. A compostable plas-
tic is a plastic that undergoes degradation by bio-
logical processes during composting to yield carbon
dioxide, water, inorganic compounds, and biomass
at a rate consistent with other known compostable
materials and leaves no visually distinguishable or
toxic residues. Therefore, all compostable plastics
are biodegradable, but the reverse is not true. A
major problem with PLA matrix is the slow rate of
degradation as compared to the rate of waste accu-
mulation. Often, an unfavorable hydrolytic degra-
dation rate will limit the PLA applications com-
pared to the other biodegradable polymers. Consid-
erable efforts have been made to control and
accelerate the hydrolytic degradation rate. Despite the
considerable number of reports concerning the enzy-
matic degradation of PLA [6–8] and various PLA
blends [9], the compost degradability of PLA and
its blend with conventional petrochemical-based
polymers are still very little known. Very limited
researches on degradation behavior of PLA/PE exist
in the literatures [10–12] till date. Singh and cowork-
ers studied the degradation behavior of LLDPE/
PLA blend [10]. They pointed out that the blend of
LLDPE/PLA (80wt% LLDPE and 20% PLA)
degrades faster than pure LLDPE. They also found

that the mechanical properties of this system depend
on the blending ratios and the compatibilizer con-
tent [11].
PLA/PE blends have also attracted a huge interest
because it complements brittleness of the PLA.
Studies have shown that blending of PLA with
LLDPE resulted in a significant increase in PLA
ductility and toughness on expense of strength and
modulus [13–17]. Anderson and coworkers [13]
showed that for the amorphous PLA the toughening
was achieved only when a poly (L-lactide) (PLLA)-
PE block copolymer was used as compatibilizer. On
the other hand Kim and coworkers investigated
blends of PLLA and low-density polyethylene
(LDPE) and found that the domain size of dispersed
phase decreased and the tensile properties enhanced
significantly by using a reactive compatibilizer hav-
ing glycidyl methacrylate (GMA) functional group
[14]. Because of the immiscibility of this system,
several researchers employed different compatibi-
lizers to further tailoring the properties [16–17].
Rezgui et al. [16] studied the plastic deformation and
modeled the creep behavior of LDPE reinforced
with PLA. They pointed out that the deformation
damage of LDPE/PLA blends increased with increas-
ing PLA content. They also found that with increas-
ing concentrations of PLA, the blend showed higher
Young’s modulus, stiffer viscoelastic response and
earlier fracture [17].
PLA/clay nanocomposites have already been exten-
sively studied in terms of mechanical, thermal, fire
retardancy and crystallization behavior. However,
to date there have been very limited reports on the
tuning of PLA/LLDPE properties especially bio -
degradability by addition of nanoparticles and devel-
oping the PLA/LLDPE blend nanocomposites.
Recently Nuñez and coworkers studied the PLA/
LLDPE nanocomposites based on sepiolite [18].
They showed that the compatibilized blends pre-
pared without clay have higher thermal degradation
susceptibility and tensile toughness than those pre-
pared with sepiolite and significant changes in com-
plex viscosity and melt elasticity values were
observed. This blend nanocomposites exhibited sim-
ilar thermal degradation, lower tensile strength, and
Young’s modulus and increased elongation at break
and tensile toughness, complex viscosity, and stor-
age modulus compared with the nanocomposite of
PLA.
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However, the most crucial factor in enhancement of
properties in nanocomposites is the extent of inter-
action between nanoclay and polymer matrix which
leads to the selective localization of nanoclay in
multiphase systems. In this context addition of
compatibilizer to a clay-containing multiphase sys-
tem can have its own contribution towards clay
positioning and its state of dispersion due to induced
changes in the system thermodynamic. This topic
has been discussed intensively in the literature [19–
29]. Undoubtedly, the mixing procedure has also a
strong effect on the localization of nanoclay. The
simplest and most widely reported mixing proce-
dure is the simultaneous feeding of all components
in to the mixer. A second alternative is first to incor-
porate the nanoclay into a polymer having the higher
affinity and then adding the rest of components.
Depending on these mixing sequences, the nan-
oclay may migrate from one phase to the other to
reach its equilibrium distribution which involves
particle displacement inside the blend [19]. This
phenomenon has been discussed in the case of dif-
ferent nanocomposites hybrid [20–24]. Elias et al.
[21] studied polypropylene (PP)/polystyrene (PS)/
silica blend and the effect of the sequence of addi-
tion where the silica was first mixed with PP and
the obtained composite was then mixed with PS.
They observed that all the hydrophilic silica moves
from the PP with which it has lower affinity towards
the PS preferred phase. In a series of reports Gubbels
et al. [21–23] introduced carbon black in polystyrene/
polyethylene system to obtain electrical conductiv-
ity. They clearly illustrated some of the influential
factors on the distribution of nano fillers and their
effects on the material properties. Zaikin et al. [24]
have varied the sequence of mixing for carbon black
filled polymer blends and found enhanced conduc-
tivity when the filler had to cross the interface.
In this study the compatibilized blend nanocompos-
ites of PLA and LLDPE were prepared. LLDPE was
chosen as a counterpart of PLA due to its superior
mechanical properties, low price and major use for
packaging. A terpolymer (EBAGMA) of ethylene,
butylacrylate (BA) and glycidylmethacrylate (GMA)
was selected as a compatibilizer for the PLA/
LLDPE system. The chemical groups of this com-
patibilizer are similar to poly (ethylene-glycidyl
methacrylate) which was used by Oyama [4] as a
reactive component for improving the brittleness of
PLA. The aim of our work is to improve the brittle-

ness of PLA with a suitable composition of the most
consumed polymer (LLDPE) with keeping its high
modulus, and its biodegradability. For this reason
the blend composition of 75/25 was selected.
Considering the importance of PLA/LLDPE system
from the environmental viewpoints and the influen-
tial role of nanoclay on biodegradability, morphol-
ogy and processability of the system and also in
view of the very limited research on this particular
system the current work is aimed to explore the
influence of mixing procedure as one of the most
influential kinetic parameters on localization of
nanoclay and its effects on processability, biodegrad-
ability and morphology of compatibilized PLA/
LLDPE/clay system.

2. Experimental
2.1. Materials and samples preparation
Polylactide (4042D) used in this study was a com-
mercial product of NatureWorks (USA). The ratio
of L and D isomeric forms in this grade of PLA is
about 96/4. The linear low density polyethylene
(LLDPE) used was also a commercial grade (LL
4004EL) supplied by ExxonMobile Chemical (USA),
having a melt flow index of 3.6 g/10 min (190°C,
2.16 kg). The Elvaloy® PTW (EBAGMA) which is
a terpolymer of ethylene, butylacrylate (BA) and gly-
cidylmethacrylate (GMA) with MFI of 12 g/10 min
(190°C, 2.16 kg) supplied by DuPont (USA) was
used as a reactive compatibilizer. Two different
commercial nanoclays (Southern Clay Products,
Inc.), Cloisite® 30B (30B), MMT-Na+ modified with
bis-(2-hydroxyethyl) methyl tallow alkyl ammo-
nium cations and Cloisite® 15A (15A), MMT-Na+

modified with dimethyl, dehydrogenated tallow,
quaternary ammonium cations were used. The chem-
ical structures of modifiers are showed in Figure 1.
Before mixing, all the polymers and the nanoclays
were dried in a vacuum oven at 50°C for 24 h. A
counter-rotating twin-extruder (ZSK 30) equipped
with gravimetric feeders and a strand pelletizer, were
employed to compound the hybrids. In order to
investigate the effect of mixing methods, the nano -
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Figure 1. Structure of Cloisite 30B and Cloisite 15A modi-
fiers



composites were prepared in two ways. In one step
mixing procedure, all the components were added
to the extruder all together. In the other method all
the nanocomposites were prepared in a two steps
mixing procedure in which the nanoclay was pre-
compounded with the polymer having the higher
affinity followed by the addition of the obtained
material to the second polymer during a second
extrusion step. In other words, in the 30B based
nanocomposites due to the better affinity of the 30B
modifier with PLA, 30B nanoclay was first mixed
with PLA and the resulting composite was then
mixed with LLDPE and compatibilizer. In the 15A
based nanocomposites, 15A nanoclay was first mixed
with LLDPE and this composite was then mixed
with PLA and compatibilizer. A screw speed of
150 rpm and a feed rate of 10 kg/h were used for all
runs. The extrusion temperature profile was set from
160 to 190°C from hopper to die. The blend and
nanocomposite pellets were then dried in a vacuum
oven at 50°C for 24 h prior for characterization. The
PLA/LLDPE blend compositions were 75/25. The
compatibilized blend and nanocomposites had about
5!wt% compatibilizer. The nanoclay loading in each
nanocomposite samples was about 3, 4.5 and 6!wt%
of the total mixture. The nanoclay content and its
type are indicated by a number and a letter in the
sample name (e.g., 3% 30B it means 3 wt% Cloisite
30B).

2.2. Characterization
Wide Angle X-Ray Scattering (WAXS) analyses
were performed on injection molded specimens
with XRD 3003 (Seifert-FPM Freiberg/Sa, Ger-
many) using Cu-K" X-ray source. Since WAXS is
sensitive to any orientation in the sample, therefore
the injection molded samples with lower orientation
than that of the extruded samples were used for the
WAXS measurements. The continuous scanning
angle range used in this study was from 1 to 10° at
40 kV and 30 mA. The scanning rate was 1°/min
with a step size of 0.05°. Standard tensile test sam-
ples (ISO 527-1) were prepared by injection mold-
ing operated at 175 to 205°C from hopper to die
with the back pressure of 2 bars.
The dispersion of the nanoclay platelets in the blend
was studied by means of a transmission electron
microscopy (TEM). The samples were cryo-ultra-
microtomed from extruded strands in thin section
(approximately 40 nm thick) at –180°C with a dia-

mond knife. The sections were observed by means
of a Carl Zeiss LIBRA® 200 MC, Germany, using
an accelerated voltage of 200 kV.
Scanning electron microscopy (SEM) was used to
characterize the morphology of the blends and
nanocomposites. An extruded polymer strand was
immersed in liquid nitrogen for some time and a
brittle fracture was performed. All specimens after
proper drying were sputter coated with 3 nm Pt
prior to examination and observed under a NEON
40 EsB (Carl Zeiss, Oberkochen, Germany).
Biodegradability was studied on a homemade com-
post instrument at (58+2)°C. The organic compost,
with a C/N ratio of 8.7/1, was supplied by Dandy’s
Top soil Co. (UK). Biodegradation was monitored in
every 7 days for a period of approximately 5 months
by measuring the residual mass and carbon dioxide
(CO2) evolution according to the ASTM 5338,
2003. The buried samples were recovered, washed
with distilled water, and dried at room temperature
before being weighed. Test specimens were pre-
pared by compression molding with a thickness of
1 mm. The shape of the original test samples was
3#3#0.1 cm3. The average values of two measure-
ments were reported. The samples were prepared by
compression molding (Paul-otto Weber, Germany)
at 205°C for 6 minutes preheating and one minute
holding at 100 kN. The samples were then cooled to
70°C using circulating water, after which they were
directly cooled to room temperature.
The basic rheological measurements in the melt
state were carried out by means of an ARES rota-
tional rheometer, Rheometric Scientific, Inc., USA,
using small amplitude oscillatory frequency sweeps
and temperature sweeps. The selected geometry for
frequency sweeps and heating/cooling sweeps in
the molten state was the parallel plate geometry
(gap of about 2 mm, and diameter of 25 mm). The
rheological measurements were performed on com-
pression molded disks obtained under the same
compression molding conditions described before.

3. Results and discussion
3.1. WAXS
The type of filler dispersion in the polymer matrix
was determined by WAXS. This technique allows
the determination of the spaces between structural
layers of the silicate utilizing Bragg’s law: sin$ =
n!/2d, where ! corresponds to the wave length of
the X-ray radiation used in the diffraction experi-
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ment, d the spacing between diffracting lattice planes
and $ is the measured diffraction angle.
Figure 2 shows the X-ray diffraction (XRD) pat-
terns of the organoclays and the nanocomposites of
compatibilized PLA/LLDPE systems. As it is seen
from Figure 2, all the hybrids, namely PLA/LLDPE/
30B and PLA/LLDPE/15A, show the X-ray diffrac-
tion peaks characteristic of unexfoliated structures
at different clay contents. The XRD patterns were
analyzed and the data corresponding to the gallery
spacings (d001) are presented in Table 1.
As indicated in Figure 2a, the neat Cloisite 30B
shows the (001) diffraction at 2$ = 4.75°. This peak
corresponds to an interlayer spacing of 18.6 Å. The
characteristic (d001) of 30B for PLA/LLDPE/30B
nanocomposites shifted to the 2$ = 2.6° correspon-
ding to a d-spacing of 34 Å, which indicates that
some PLA molecular chains were intercalated
between the organoclay galleries, forming an inter-

calated structure. All PLA/LLDPE/30B nanocom-
posites prepared in one step mixing show the same
d-spacing.
From Figure 2, the effect of mixing methods on dis-
persion of nanoclays can be analyzed. To study the
dispersibility of clay layers in two phases, the com-
ponents were mixed in two steps. It can be seen
from Figure 2a that the melt mixing of PLA/30B
nanocomposites at different clay contents with pure
LLDPE and compatibilizer led to the increase of the
gallery spacing which indicates a higher level of sil-
icate layers exfoliation throughout the PLA/LLDPE
matrix. It is noticeable that the intensity of diffrac-
tion peaks of 30B based nanocomposites which
were prepared in the two-step mixing procedure is
much smaller and wider as compared to other mix-
ing procedure. So practically, it can be concluded
that these peaks (2$ = 2–2.25°) disappeared in the
30B based nanocomposites prepared by the two-
step mixing procedure. It signifies an improved dis-
tribution, level of exfoliation and considerable
decrease in the ordered clay structure. Although,
XRD is very useful tool for the measurement of
d-spacing in intercalated systems, combination of
XRD and TEM should be utilized for a precise result.
In the 15A based blend nanocomposites (PLA/
LLDPE/15A) unlike the 30B based nanocompos-
ites, the d-spacing of silicate layers differs only
slightly from that of neat 15A. It can be due to dif-
ferent cationic modifiers present on the clay sur-
faces. Comparing to the cationic modifier of the
30B surface, the modifier of Cloisite 15A has less
affinity with PLA matrix due to the non-polar nature
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Figure 2. WAXS patterns of pristine organoclays and compatibilized PLA/LLDPE nanocomposites (a) 30B based
nanocomposites, (b) 15A based nanocomposites

Table 1. XRD data for pristine organoclays and PLA/LLDPE
blend nanocomposites

*Due to wideness of the peaks, determination of the exact position
of the peaks is very difficult.

Samples d001 [Å] 2! [°]
Cloisite 30B (30B) 18.6 4.75
Cloisite 15A (15A) 34.6 2.55

One step mixing Two steps mixing
d001 [Å] 2! [°] d001 [Å] 2! [°]

PLA/LLDPE/3% 30B 34 2.6 –* –*

PLA/LLDPE/4.5% 30B 34 2.6 –* –*

PLA/LLDPE/6% 30B 34 2.6 –* –*

PLA/LLDPE/3% 15A 35.3 2.5 39.3 2.25
PLA/LLDPE/4.5% 15A 38.4 2.3 38.4 2.3
PLA/LLDPE/6% 15A 39.2 2.25 38.4 2.3



of 15A and polar nature of PLA. This result con-
firms that the structure of clay modifier is one of the
most important factors that can influence the level
of dispersion of nanoclays. The nanocomposites with
3, 4.5 and 6!wt% 15A content exhibited X-ray peaks
similar to the neat Cloisite 15A but with different
intensities. The extraordinary intensity of the diffrac-
tion peak for the nanocomposite with 3!wt% 15A
content may have also been an effect of the sample
preparation or local clay order or crystallites.
In PLA/LLDPE/15A based nanocomposites, the
characteristic (001) peak of the 15A at 2$ = 2.55°
appears at 2.5, 2.3 and 2.25° for hybrids containing
3, 4.5 and 6!wt%, respectively.
In order to study the effect of mixing procedure on
selective localization of 15A, the LLDPE was pre-
compounded with the 15A and then the obtained
material was added to the PLA and compatibilizer
during a second extrusion step. Unlike the 30B
based nanocomposites, the effect of mixing proce-
dure on intercalation of silicate layers was not sig-
nificant. However, slight increase in d001 at lower
content of 15A (3 wt%) can be noticed. In other
words, the differences between the d-spacing values
for all the equivalent loadings of 15A at different
mixing procedures are relatively small and there-
fore they all should have similar intercalated struc-
tures. It seems that the polar nature of PLA and
compatibilizer is responsible for this good level of
interaction between 30B and PLA leading to better
intercalation/exfoliation of the nanoclay layers.
However, it is difficult for XRD to reveal definitive
conclusions about the definite structure and particu-
larly localization of the silicate layers in the phases.
Thus, TEM technique is necessary to characterize
the morphology of the composites.

3.2. Microscopic analysis
3.2.1. TEM analysis 
Combination of XRD and TEM is useful to obtain a
precise result. TEM micrographs of PLA/LLDPE
nanocomposites with different magnifications are
illustrated in Figures 3 and 4. The typical two-phase
structure can be seen in these TEM micrographs, in
which the dark grey and white parts correspond to
LLDPE and PLA phases, respectively. The dark
lines are the cross section of the clay layers that
have been delaminated and dispersed in the poly-
mer matrix. For the sake of brevity only TEM analy-

sis of PLA/LLDPE nanocomposites containing
4.5 wt% nanoclays are shown here because all the
LLDPE/PLA based nanocomposites at different
clay contents show almost similar behavior.
The TEM images for PLA/LLDPE/30B based nano -
composites presented in Figure 3a–3c are indicative
of an intercalated/exfoliated structure. Some partly
exfoliated clay platelets are located at the interface
between PLA and LLDPE. But, besides the exfoli-
ated organoclay layers, some organoclay stacks are
also visible, mostly in the PLA phase (Figure 3a
and 3c). These stacks are responsible for the XRD
pattern corresponding to the non-exfoliated organ-
oclay seen from the XRD results of this sample.
The sequence of the addition of components is of
importance and can have a strong effect on the
localization of nanoclay. In one step mixing method
as all the components were added simultaneously to
the extruder, the process is complex involving mix-
tures of solids and viscous fluids and the simultane-
ous evolution of the morphology of the polymer
blend together with the dispersion and migration of
the particles inside the molten material [19]. Since
the compatibilizer melts at temperature signifi-
cantly lower (approximately at 75°C) than the other
two polymers, it encompasses the 30B nanoparti-
cles preferentially. It can be seen from Figure 3a–3c
that the main part of nanoclay is localized at the
interface between PLA and LLDPE. However, some
of the 30B particles are observed to have crossed
the interface and distributed in PLA matrix. This
implies that the adsorbed compatibilizer macromol-
ecules on clay surface are desorbed by PLA macro-
molecules. It seems that due to high barrier energy
for desorption and short mixing time, some 30B
particles reside at the interface [24].
In the two steps mixing method (Figure 3d–3f), first
the 30B particles were incorporated in to the PLA
having higher affinity and then the mixture was
compounded with LLDPE and compatibilizer in a
separate mixing run. Figure 3d–3f shows that unlike
the one step mixing, 30B are distributed mainly
within PLA phase in the two steps mixing method.
Some partly exfoliated clay platelets within PLA
phase are also visible (Figure 3f). As it can be seen
from Figure 3 the level of exfoliation is better in
two step mixing and this is consistent with the
wider and lower diffraction peak appearing in the
XRD pattern of the equivalent samples which were
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prepared through one step mixing, as shown in Fig-
ure 2a curve 3. It is noticeable that some partly
exfoliated clay platelets are also localized at the
interface between PLA and LLDPE.
The TEM micrographs of PLA/LLDPE/15A based
nanocomposites prepared through different meth-
ods are shown in Figure 4a–4f. In 15A based nano -
composites unlike the 30B based nanocomposites,
the organoclay is localized mainly at the interface
while only small tactoids are observable in the PLA
phase. The main reason behind this might be the
lesser affinity of 15A with PLA phase. Significant
difference is not observed between the samples
which were prepared through different methods. In
both the mixing methods, the nanoclays are local-
ized mainly at the interface. The clay is well distrib-
uted at the interface and a few larger tactoids are
observable plus some exfoliated single sheets.
Through two steps mixing, one can discern larger
amount of tactoids in PLA phase. Since in two step
mixing, the 15A particles are added first to LLDPE
followed by compounding with the PLA and com-
patibilizer, these particles are embedded in LLDPE

phase. The migration of nanoclays from the matrix
to the dispersed phase takes place more easily than
from dispersed droplet to the matrix. However it is
quite evident that migration of nanoclays from the
matrix to the dispersed phase is not the only possi-
ble migration type [25]. It is interesting to underline
that in spite of higher affinity between LLDPE and
15A, no localization of this organoclay within
LLDPE phase is observed in any sample obtained
by different mixing methods. One possible reason
for this behavior is the higher viscosity of LLDPE
than that of the PLA (as it will be seen later), due to
which the diffusion of the PLA chain around and
into the nanoclay aggregates can be more easily
compared with that of the LLDPE at the initial
stage of melt mixing.
On the other hand, most of the nanoclays have a
tendency to be further dispersed on the phase inter-
face driven by the mixing flow because the car-
boxylic group of modifier on surface of the nan-
oclays has good affinity to both the PLA and the
compatibilizer phases. As it can be seen from Fig-
ure 4b the nanoclays are distributed in the phase
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Figure 3. TEM micrographs of compatibilized PLA/LLDPE nanocomposites (a–c) prepared through one step mixing at dif-
ferent magnifications, (d–f) prepared through two steps mixing at different magnifications (all samples contain
4.5 wt% 30B)



interface layer and arranged more or less ordered
along the surface of the LLDPE droplets, acting as
the emulsifier [26] to enwrap the discrete domains.
This interfacial localization of the nanoclays could
prevent the coalescence of the LLDPE domains
effectively which helps compatibilization during
melt mixing. Therefore, both the thermodynami-
cally and kinetically driven compatibility is possi-
ble to occur [27, 28]. Such interface localization of
the nanoclays, as a result, improves the interfacial
adhesion of the PLA/LLDPE blend matrix evi-
dently as confirmed by the SEM micrographs pre-
sented Figures 6 and 7.
Comparing the dispersion of these nanocomposites
through different mixing methods one can conclude
that mixing of the components in two steps has no
influence or literally has only a very marginal effect
on the state of dispersion of the nanoclays in all
these materials. However the localization of the
main part of the nanoclay was different significantly
in 30B based nanocomposites prepared through
different mixing methods.

3.2.2. SEM analysis
SEM micrographs of the cryo-fractured surfaces
provide morphological information complementary
to the TEM results. The corresponding SEM micro-
graphs of the cryo-fractured surface for the neat
PLA/LLDPE, 30B and 15A based nanocomposites
through different mixing methods are presented in
Figures 5, 6 and 7, respectively. It can be seen from
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Figure 4. TEM Micrographs of PLA/LLDPE/15A based nanocomposites (a–c) prepared through one step mixing at differ-
ent magnifications, (d–f) prepared through two steps mixing at different magnifications (all samples contain
4.5 wt% 15A)

Figure 5. SEM micrographs of compatibilized PLA/LLDPE
blend



the SEM micrographs that all the samples have typ-
ical droplet-in matrix morphologies. The size of
dispersed particles in all the samples which pre-
pared for SEM was measured by Scandium soft-
ware (Olympus Soft Imaging Solutions GmbH).
The number of measurements for each series was
60 particles. The number of the particles per cm2 was
approximately 8 000 000 particles. The data corre-

sponding to the average particle size (D) are pre-
sented in Table 2.
A size reduction of the dispersed phases can be seen
with addition of 30B nanoclays compared with neat
PLA/LLDPE. The lower droplet sizes of the dis-
persed phase for nanocomposites could be due to
reduction of the interfacial energy and inhibition of
coalescence by the presence of a solid barrier around
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Figure 6. SEM micrographs of compatibilized PLA/LLDPE/30B based nanocomposites, through one step mixing:
(a) 3 wt% 30B, (b) 4.5 wt% 30B, (c) 6 wt% 30B; through two steps mixing: (d) 3 wt% 30B, (e) 4.5 wt% 30B,
(f) 6 wt% 30B



the dispersed phase or some partly localization of
nanoclays at the interface as evidenced by TEM
results (Figure 3). On the other hand, localization of
organoclay at the interface of the blend is one of the
equisetic mechanisms of size reduction of the dis-
persed phase. Unlike the 30B, the incorporation of
15A to PLA/LLDPE system leads to increase of the
dispersed phase from 0.87 to 2.3 %m. As it can be
seen from Table 2 no reduction of dispersed phase

are observable in 15A based nanocomposites at dif-
ferent mixing methods. This could be explained by
the localization of the main part of the 30B in the
PLA phase which enhance the PLA viscosity (the
addition of 30B increases the viscosity of the blend
which will be seen later and also better exfoliation
of this type of nanoclay in the matrix comparing to
the 15A as evidenced by the XRD and TEM results.
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Figure 7. SEM micrographs of compatibilized PLA/LLDPE/15A based nanocomposites, through one step mixing: (a) 3
wt% 15A, (b) 4.5!wt% 15A, (c) 6!wt% 15A; through two steps mixing: (d) 3 wt% 15A, (e) 4.5!wt% 15A, (f) 6
wt% 15A.



Furthermore the difference in the dispersed phase
particle size for the 30B and 15A based nanocom-
posites is presumably due to the superior ability of
the nanoclay modifiers with the PLA to suppress
the coalescence. Due to the better affinity of 30B
modifier with PLA, one should note that at higher
content of nanoclays (6 wt%), the reduction of dis-
persed particle size is not significant (Figures 6c, 6d
and 7c, 7f). It can be attributed to the agglomeration
of nanoclays at higher loading of nanoclays. In the
case of the samples prepared through two steps
mixing, a uniform dispersion of the LLDPE droplets
with finer sizes can be observed. This could be the
result of the longer mixing time during two steps
extrusion or localization of the main part of the nan-
oclays in the PLA phase which can affect the vis-
cosity of the matrix.

3.3. Rheological behavior
For optimization of the polymer processing condi-
tions the knowledge of melt rheological behavior is
necessary. As the rheological behavior of multi
phase system is intimately related to its morphol-
ogy, in this section we investigate how these mor-
phological differences influence the rheological
behavior of this multiphase system. The complex
viscosity ("*), storage modulus (G&) and loss modu-
lus (G') as a function of frequency of blend compo-
nents and compatibilized PLA/LLDPE nanocom-
posites at 180°C are presented in Figures 8, 9 and 10.
Regarding the rheological behavior, the complex
viscosity of the neat blend without clay is higher
than those of the individual components. Consider-
ing the viscosities of blend components it is seen
that the reactive PLA/LLDPE/Elvaloy PTW blend
has higher viscosity than the values predicted by a
linear mixing rule. This can be due to the effect of
reactive compatibilization.

As it can be seen from Figure 8 the neat blend as
well as the blend components shows shears thin-
ning behavior at higher frequency. However, a short
Newtonian plateau can be identified in viscosity
curves of PLA/LLDPE and blend components at
low frequency. The rheological behavior of the
blends with nanoclay is quite different. On compar-
ing the melt viscosity of compatibilized PLA/LLDPE
blend and its nanocomposites it is found that the
span of the Newtonian plateau region shrinks (espe-
cially at low frequencies) with the addition of nan-
oclays. The melt behaviors of the PLA/LLDPE
nanocomposite indicate their typical non-Newton-
ian viscosity behavior. The PLA/LLDPE nanocom-
posites exhibits shear thinning behavior in the com-
plex viscosity curve.
It is well known that the presence of fillers in poly-
mer melts not only increases their shear viscosity
but also affects their shear rate dependency [30]. By
fitting power law model (which is mostly used for
many kinds of nanocomposites) to the viscosity
curve of PLA/LLDPE nanocomposites, the values
of n for PLA/LLDPE nanocomposites were calcu-
lated and listed in Table 3.
Figures 8a and 8b show that by increasing the nan-
oclay contents the complex viscosity of PLA/LLDPE
blend increases monotonically. However, this
increase at higher content of nanoclays (at least
4.5 wt%) is less pronounced. This change in behav-
ior towards a solid like behavior can be attributed to
the morphological changes i.e. refinement of the
dispersed phase by addition of nanoclays to this
system [29]. Referring to the SEM micrographs due
to agglomeration of nanoclay particles at higher
loading, the significant refinement of the dispersed
phase is not observable (Figures 6c and 7c).
Contrary to 30B, different loadings of 15A do not
show significant effect on viscosity behavior. In
other words the viscosity behavior of PLA/LLDPE/
15A based nanocomposite is almost the same espe-
cially at higher frequency. It seems that for this sys-
tem at least 3 wt% 15A is the optimum clay loading
for solid like behavior. However, from Figures 8
and Table 3 one can notice that the extent of shear
thinning behavior of PLA/LLDPE/15A based
nanocomposites appears to be slightly higher than
that for 30B based nanocomposites. Moreover, the
complex viscosity of the PLA/LLDPE/15A based
nanocomposites is lower than 30B based nanocom-
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Table 2. Average particle size of compatibilized PLA/LLDPE
blend and its nanocomposites

Samples
Average particle size [µm]

One step
mixing

Standard
deviation

Two steps
mixing

Standard
deviation

PLA/LLDPE 0.87 0.13 – –
3% 30B 0.73 0.32 0.59 0.18
4.5% 30B 0.65 0.28 0.56 0.13
6% 30B 0.95 0.26 0.67 0.26
3% 15A 2.30 0.74 0.94 0.33
4.5% 15A 1.15 0.37 0.92 0.30
6% 15A 1.06 0.35 0.76 0.26



posites and also less than that of neat PLA/LLDPE
blend when a shear rate of 1 [1/s] was reached.
The observed lower viscosity of 15A nanocompos-
ites as compared to 15B based samples in the first
look might seems to be related to the matrix degra-
dation, however it has been reported that both 15A
and 30B have limited neutralizing capacity of the
acids produced during hydrolytic degradation and
hence, no huge differences were observed between
the two fillers on matrix hydrolytic degradation
[38]. Therefore the observed lower viscosity of 15A
based nanocomposites as compared to 30B based

samples may be due to the higher level of filler-
polymer interaction in the 30B based system.
Figures 8c and 8d show the viscosity behavior of
nanocomposites which were prepared through two
steps mixing. As it is seen nanocomposites prepared
through two steps mixing show similar trend in vis-
cosity behavior comparing to the nanocomposites
with the equivalent loadings of nanoclays prepared
via one step mixing method. However, the nano -
composites prepared via two steps mixing show
higher viscosity. This can be due to the main local-
ization of 30B and some partly localization of 15A
in the PLA matrix depicted in TEM images (Figures 3
and 4). Figure 9a depicts an increase of storage
modulus with increase in frequency for neat PLA/
LLDPE blend comparing with blend components.
Furthermore the storage modulus of nanocompos-
ites is even much higher than the neat blend and the
development of a plateau in storage modulus is
observable in case of nanocomposites. As it can be
seen from Figure 9a, with increasing the 30B content,
the storage modulus of nanocomposites enhances.
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Figure 8. Complex viscosity as a function of frequency for PLA/LLDPE blend nanocomposites prepared via: (a) and
(b) one step mixing, (c) and (d) two steps mixing

Table 3. Power law exponent of PLA/LLDPE nanocompos-
ites

Samples
Power low exponent (n)

One step mixing Two steps mixing
PLA/LLDPE/3% 30B 0.67 0.61
PLA/LLDPE/ 4.5% 30B 0.53 0.47
PLA/LLDPE/ 6% 30B 0.44 0.40
PLA/LLDPE/ 3% 15A 0.53 0.41
PLA/LLDPE/ 4.5% 15A 0.47 0.40
PLA/LLDPE/ 6% 15A 0.48 0.45



At 4.5!wt% 30B loadings the frequency dependence
nearly disappears at lower frequency. This non-ter-
minal behavior is due to formation of gel structure
which highly restrains the long-range relaxation of
the matrix PLA chains. However, the enhancement
of elasticity of 6!wt% 30B comparing to 4.5!wt%
30B is not remarkable. This can be attributed to
agglomeration of 30B nanoclays at higher loadings
of nanoclay. At higher content of 30B, although the
clay is aggregated, the elastic properties enhance
slightly.
Unlike the 30B based nanocomposites, in 15A based
nanocomposites the remarkably enhanced elasticity
is not found by increasing the clay content. This
may be due to the less interaction of the PLA/15A
and internal structure of the PLA/LLDPE/ 15A
based nanocomposites. As evidenced by the SEM
results the particle size of dispersed phase in 15A
based nanocomposites is higher than that of 30B
based nanocomposites. Additionally, the smaller the

size of particles (thus the larger surface area of par-
ticles) in a nanocomposite, the lower the concentra-
tion of the filler will be that may give rise to elastic-
ity and shear thinning behavior [31].
The loss modulus of blend nanocomposites show
similar trend at different nanoclays content (Fig-
ure 10). However, due to elasticity the differences
in storage modulus are more remarkable. From Fig-
ure 9 and 10, one can notice that the storage modu-
lus (G&) is higher than loss modulus (G') at high fre-
quency region for both the blend and nanocompos-
ites. In the case of samples prepared via the two
steps mixing (Figures 9c and 9d and 10c and 10d),
all the nanocomposites (30B and 15A based nano -
composites) show higher storage and loss modulus
compared to the samples prepared via the one step
process.
Furthermore the Cole-Cole plots were used in order
to examine the structural changes in the nanocom-
posites at constant temperature. Figure 11 shows
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Figure 9. Storage modulus (G&) as a function of frequency for PLA/LLDPE blend nanocomposites prepared via: (a) and
(b) one step mixing, (c) and (d) two steps mixing



the Cole-Cole plots of PLA/LLDPE blend and
nanocomposites prepared by one step mixing
process. Neat PLA and LLDPE show characteristic
homopolymer–like terminal flow behavior, (termi-
nal zone slope is about 2). The deviation between
PLA/LLDPE blend and its nanocomposites shows

structural changes from liquid-like to solid-like
with increasing the clay content. This can be attrib-
uted to the formation of network structures.
The 30B based nanocomposites show such struc-
ture at 4.5!wt% of nanoclay. Additionally, as the
clay content is increased, a distinctively larger devi-
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Figure 10.Loss modulus (G') as a function of frequency for PLA/LLDPE blend nanocomposites prepared via: (a) and
(b) one step mixing, (c) and (d) two steps mixing

Figure 11. Cole-Cole plots for PLA/LLDPE nanocomposites: (a) 30B based nanocomposites, (b) 15A based nanocompos-
ites prepared via one step mixing



ation is observed as compared to the PLA/LLDPE
blend.
Unlike the 15A based nanocomposites, this devia-
tion is much more pronounced at higher content of
30B and also at different contents of 30B. In other
words, the 15A based nanocomposites show similar
structures at different contents of clay. Furthermore
in 15A based nanocomposites the solid like behav-
ior (i.e. the plateau region at low frequency) takes
place at 3!wt% 15A loading. Figure 12 shows the
Cole-Cole plots for all PLA/LLDPE nanocompos-
ites prepared by different mixing methods. As it can
be seen from Figure 12a in 30B based nanocompos-
ites (especially at higher content of 30B) at the
equivalent clay content both samples which were
prepared via different mixing methods show similar
structure. However, through two steps mixing, the
development of a plateau in storage modulus at
lower loss modulus is observable at lower clay con-
tent (3 wt% 30B) as compared to the one step mix-
ing. This indicates the significant effect of two steps
mixing on formation of a network structure and
solid like behavior at lower nanoclay loading.
Unlike the 30B based nanocomposites, the effect of
mixing methods on the structure is not significant
for 15A based nanocomposites. As it can be seen
the deviation between the structures is not remark-
able. All the 15A based nanocomposites prepared
via different mixing methods with equal clay con-
tent show similar structures. These findings further
confirm the morphological finding concerning the
stronger effect of mixing procedure on properties in
the 30B based nanocomposites than in 15A.

3.4. Biodegradability
The degradation of polymeric blends especially
under environmental conditions is a very important
issue from commercialization point of view. More
exciting aspect of this research is the biodegradabil-
ity of PLA in presence of LLDPE and also enhance-
ment of biodegradability of PLA/LLDPE after nan-
oclay incorporation. In this work, the biodegrada-
tion process of all the samples was studied in a
compost environment at temperature well above
ambient i.e. 58+2°C. This is because the rate of
degradation of pure PLA is very slow at the ambient
temperature [32, 33]. To study the degradation of
the PLA/LLDPE blend and its nanocomposites in
compost, a respirometric test was done [34, 35].
The residual weight percentages of the initial test
samples with time (weight loss), which reflect the
structural changes in the test samples, and the rate
of biodegradation with time are presented in Fig-
ure 13a and 13b, respectively. As it can be seen
from Figure 13a within two weeks, the extent of
weight loss is almost the same for both pure PLA
and PLA/LLDPE blend. However, after two weeks,
a change occurs in the weight loss of PLA. The rate
of the weight loss increase after one month, and
within two months, it is completely degraded in the
compost. This confirms the two steps degradation
process of PLA. During the initial phases of degra-
dation, the high molecular PLA chains hydrolyze to
lower molecular weight oligomers. In the second
step, the microorganisms in the environment con-
tinue the degradation process by converting these
lower molecular weight components to carbon diox-
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Figure 12. Cole-Cole plots for PLA/LLDPE nanocomposites: (a) 30B based nanocomposites, (b) 15A based nanocompos-
ites prepared via different mixing methods



ide, water, and humus. Unlike weight loss or frag-
mentation which reflects the structural changes in
the test sample, CO2 evolution provides an indica-
tor of the ultimate biodegradability (Figure 13b).
Figure 13b shows the rate of carbon dioxide releas-
ing which is the result of the degradation of lower
molecular weight components to carbon dioxide
and water. As it can be seen from Figure 13b, after
two weeks the rate of biodegradability (as a released
CO2) of PLA has increased. A compost pile is a
great source of microbial activity, because it has a
high moisture content and temperature. This in turn
provides a tremendous amount and variety of organ-
isms able to attack and digest compostable materi-
als. The compost microorganisms continue the degra-
dation process by converting these lower molecular
weight components to carbon dioxide and water.
The amount of released CO2 and the rate of CO2 evo-
lution are in agreement with the weight loss results.
The difference between the starting point of the
weight loss and the beginning point of the CO2 evo-
lution can be due to experimental error. Similar
result has been reported by other researchers [36].
Furthermore, the PLA/LLDPE blend shows a longer
induction time and a lower rate of degradation in
comparison with the neat PLA. This can be attrib-
uted to the too slow rate of degradation and non-
degradability of LLDPE phase dispersed through-
out the PLA matrix under compost condition. The
results showed that in spite of addition of 25!wt%
LLDPE to the PLA, this blend system can degrade
completely under compost condition after 4 months.
Interestingly, the biodegradability of the neat
PLA/LLDPE blend is significantly enhanced after

nanoclay incorporation. This indicates the catalytic
role of the clay interfaces in the hydrolytic degrada-
tion of PLA chains.
In other words, the presence of terminal hydroxy-
lated edge groups of the silicate layers may be one
of the factors responsible for this behavior. In PLA/
LLDPE nanocomposites, the hydroxyl groups of
stacked and intercalated silicate layers which are
dispersed in the PLA matrix can initiate heteroge-
neous hydrolysis of the PLA matrix after absorbing
water from the compost. This process takes some
time to start. For this reason, according to Figure 13a,
the weight loss and degree of hydrolysis of PLA/
LLDPE and its nanocomposites is almost similar up
to 15 days. However, after 15 days there is a sharp
weight loss in the case of PLA/LLDPE/30B nano -
composites prepared through the one step mixing
process. This means that those 15 days are critical
time to start heterogeneous hydrolysis, and due to
this type of hydrolysis the matrix degrades into very
small fragments and is eliminated with the com-
post. Several authors [37–39] supported this con-
clusion of the catalytic effect of nanoclays on the
biodegradation or hydrolytic degradation of PLA.
As it is seen from Figure 13, this critical time increases
to 60 days in the case of 15A based nanocomposites
which were prepared through the one step mixing.
Comparison of the effects of 30B and 15A on the
rate of biodegradation having somewhat different
hydrophilicity, different kinds of modifier and slight
filler dispersion differences based on WAXS data
(Figure 2) and TEM micrographs (Figures 3a–3c
and 4a–4c), can explain the slightly lower rate con-
stants observed for the 15A based nanocomposites.
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Figure 13. Time-dependence of: (a) weight residual percentage (Rw); (b) degree of biodegradation (CO2 evolution) of pure
PLA, PLA/LLDPE and its nanocomposites



One can notice that at the same time the degree of
biodegradation of 30B based nanocomposites is
nearly two times higher than that of 15A based
nanocomposites.
Another possible factor that controls the biodegrad-
ability of PLA/LLDPE blend is the degree of crys-
tallinity. The degradation of amorphous phase is
easier than the crystalline phase. The effect of nan-
oclays on crystallization behavior of PLA/LLDPE
blend has been studied systematically in our previ-
ous work and the results showed that 15A nanoclay
is more effective than 30B nanoclay in improving
the crystallinity of PLA/LLDPE blend. For this rea-
son the effect of 30B nanoclay in enhancement of
biodegradability of PLA/LLDPE blend is much
more remarkable than 15A nanoclay.
In the case of nanocomposites prepared through
two steps mixing, due to localization of the main
part of the nanoclays in PLA matrix, the enhance-
ment of biodegradability is significant. As it can be
seen from Figure 13 the 30B based PLA/LLDPE
nanocomposites degrade completely after 45 days.
Interestingly the rate of biodegradability of PLA/
LLDPE nanocomposites prepared through two steps
mixing is higher than pure PLA. It is to be noted
that the higher rate of biodegradability through the
two-step mixing process may also be due to reduc-
tion of PLA molecular weight as a result of the two-
step extrusion process in which PLA is subjected to
more intensive shearing at longer times. However,
since the main mechanism of PLA degradation is
hydrolysis, which is highly under influence of clay
presence, the enhanced rate of biodegradation can
be mainly attributed to the clay positioning influ-
enced by the two-step mixing process. Unlike the
one step mixing, the difference between degradabil-
ity rate of 15A and 30 B is not too significant. This
can be attributed to the different localization of nan-
oclays induced by the different mixing methods.
These data clearly indicate that mixing methods and
localization of nanoclays have a significant effect
on the rate of biodegradation.

4. Conclusions
Two different PLA/LLDPE nanocomposite systems
based on two different kinds of nanoclays were pre-
pared through different mixing methods. Compari-
son of the effects of 30B and 15A on the morphol-
ogy of PLA/LLDPE, based on different kinds of
modifier and affinity, can explain the lower level of

exfoliation and dispersion observed for the 15A
based nanocomposites as compared to 30B based
nanocomposites. In all the nanocomposites some
partly exfoliated clay plates are located at the inter-
face between PLA and LLDPE. Such interfacial
localization of the nanoclays, as a result, improves
the interfacial adhesion of the PLA/LLDPE blend
matrix distinctly and refines the dispersed phase.
Unlike 30B, the influence of 15A on the reduction
of the dispersed phase is not remarkable. This could
be explained by the mainly localization of 30B in
the PLA phase which enhances the viscosity of PLA
and also better exfoliation of this nanoclay in the
matrix as compared to the 15A. Through two steps
mixing in 30B based nanocomposites, nanoclays
localized mainly in PLA phase. In spite of having
higher affinity between LLDPE and 15A, no local-
ization of this organoclay within LLDPE phase is
observable in 15A based nanocomposites prepared
via different mixing methods. Only some portions
of 15A migrate to the PLA phase. From the rheolog-
ical measurement, it is found that the complex vis-
cosity and storage and loss modulus were related to
the dispersion state and localization of nanoclays at
the nanocomposites. Our results suggest that for
30B based nanocomposites 4.5!wt% 30B is the opti-
mum loading of nanoclay. However, this amount
shifts to lower content (3 wt%) nanoclay in 15A
based nanocomposites. Furthermore the improve-
ment of the rheological properties with increasing
the clay contents in 30B based nanocomposites was
remarkable compared to the 15A based nanocom-
posites. In the case of samples which were prepared
via two steps mixing, all nanocomposites (30B and
15A based nanocomposites) show higher rheologi-
cal properties compared to the samples prepared
through one step mixing. This can be due to the
localization of nanoclays in the PLA matrix. Bio -
degradability results showed that the hydroxyl
groups of stacked and intercalated silicate layers
which are dispersed in the PLA matrix can initiate
heterogeneous hydrolysis of the PLA matrix after
absorbing water from the compost. Comparison of
the effects of 30B and 15A on the rate of biodegra-
dation, based on somewhat different hydrophilicity,
different kinds of modifier and slight filler disper-
sion differences, can explain the slightly lower rate
constants observed for the 15A based nanocompos-
ites. This investigation revealed that the mixing
methods and localization of nanoclays has a signifi-
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cant effect on the morphology and rate of biodegra-
dation. The main target of this study is to achieve a
good morphology which leads to a good properties,
processability and PLA degradability at moderate
cost.
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1. Introduction
The addition of carbon nano-fillers (nanofibers
(CNF), nanotubes (CNT) etc.) into plastics has been
shown to affect the various properties of the result-
ing material and effectively increase the electrical
conductivity of the system by several orders of
magnitude [1]. This is attributed to the formation of
a conductive network of the conductive nano-
fillers, which can be described as a percolated net-
work. The increased electrical conductivity of the
nano-reinforced materials has given rise to their use
in various applications [2].
Polymeric foams (e.g. Rigid PolyUrethane (PUR))
represent a very interesting and useful sub-group,

finding vast range of applications due to their versa-
tility. In structural applications, they are commonly
used due to the weight saving capabilities they can
offer in the design (e.g. as sandwich cores).
Combining nano-fillers with foam materials, nano-
reinforcement of foams has been developed and
studied the past decade, but mainly focused on the
mechanical and thermal properties. Electrical con-
ductivity of nano-composite foams is much less
studied. Works on the electrical properties of nano-
reinforced polymeric foams are rather sporadic [3–
10]. The relationship between the resulting electri-
cal conductivity and the density of the rigid foams
for given CNT concentrations was reported in [6]
but only recently described further [10].
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The advantage electrical properties can offer is the
capability to utilize self-sensing concepts for moni-
toring strain and/or damage [11]. Electrical resist-
ance change method has been successfully employed
as a health monitoring technique to follow strain
and internal damages evolution in composite mate-
rials. It has successfully been applied on nano-com-
posite polymers [12–15], on carbon fibre reinforced
plastics (CFRP) [16–20] and in glass fibre rein-
forced plastics (GFRP) with conductive additives to
increase matrix electrical conductivity (e.g. carbon
nanotubes [21–23]). Attempts to model the electri-
cal sensing and piezo-resistive response of the
materials have also been reported [12, 13, 15, 24].
Even for Silicone-Carbide based ceramic matrix
composites online monitoring of damage accumula-
tion was achieved by measuring electrical proper-
ties [25]. Furthermore, cross-property relations
between electric and elastic properties for metal
foams have been developed in [26] for direct defini-
tion of elastic properties from electrical measure-
ments.
The use of the electric field has been proposed and
demonstrated to perform very well in defining vari-
ous other properties. For example, electrical meas-
urements have been used to monitor the foaming
process and polymerization of polymeric foams
[27] while dielectric measurements have been used
for measuring the density of polymer foams [28].
Brady et al. [29] developed electrically conductive
poly-pyrrole coated PUR foam. The conductance of
the foam was found to change linearly with the com-
pressive load applied; single and repeated. For alu-
minium foams, Kim et al. [30] developed a set of
mathematical relationships based on experimental
data to obtain mechanical properties (elastic modu-
lus, compressive strength, densification strain) using
electrical conductivity as a Non-Destructive Inspec-
tion method.
Xiang et al. [9] developed electrically conductive
PUR foams (1!wt% CNT content and density
between 200–550 kg/m3) and studied the tempera-
ture dependence of the electrical resistivity of the
foam, ultimately utilizing this dependence for sens-
ing. They showed that the foams exhibited a consis-
tent and repeatable negative temperature coefficient
of resistivity. The reduction of the cell walls’ thick-
ness causes the decrease in the distance between
adjacent CNTs. The authors noted that the nearer
and straighter CNTs, accordingly, create more

effective conductive paths within the matrix, which
readily permit charge to transport, resulting in the
decrease in the volume resistivity.
Based on the available literature, it is made obvious
that potential synergies between electrical proper-
ties and nano-composite foams remain rather unex-
plored. In this work, we investigate the use of elec-
trical measurements for strain sensing and eventu-
ally damage monitoring in nano-composite foams.
For this purpose, PUR foams having different Multi-
Wall CNT (MWCNT) concentrations and different
densities were developed. The developed three-
phase material (polymer, MWCNT and CO2) exhib-
ited varying electrical properties with respect to the
microstructure variables. The DC electrical conduc-
tivity of the various foams was studied under quasi-
static compression loading. Continuous electrical
recordings during the compression tests were inves-
tigated and compared against the stress state of the
material. The deformation and damage evolution in
foamed polymers from a micro-structural point of
view was studied in comparison to the recorded
electrical measurements. Identifying the loading
and damage state of the foam with the proposed
method could provide a novel tool for strain and
damage monitoring of foams in composite struc-
tures.

2. Materials and experimental setup
2.1. Materials and manufacturing
A two-component PUR system from R&G Faser-
verbundverkstoffe GmbH (Waldenbuch, Germany)
was used in this study as the polymer host matrix.
The A component of the system is the polyol mix-
ture (under the commercial name of Rigid PUR
foam, Product code: 170090). The B component is a
4,4"-diphenylmethane diisocyanate mixture (under
the commercial name PUR Hardener 1000, Product
code: 170105-2011) suitable for the production of
polyurethane foam. Foaming of the material is
achieved by the CO2 gas product of the chemical
reaction. The bulk polymer density is ~1200 kg/m3.
MWCNT produced by catalyzed CVD were sup-
plied by Arkema (France). According to the manu-
facturer, their diameters were 10–15 nm and they
were more than 500 nm long, resulting in an aspect
ratio (AR) in the range of 35–50. Previous studies
[19, 31, 32] utilizing the same batch of CNTs showed
good mechanical and electrical results for polymer
composites. Therefore the same procedure was fol-
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lowed and the nanotubes were used as received, i.e.
no treatment or functionalization took place. To
eliminate any humidity present, prior to use the
nanotubes were placed in an oven at 60°C overnight.
High-shear mixing approach successfully exhibited
and investigated in other studies [10, 31, 32] was
used to incorporate the nano-fillers. The processing
steps are illustrated in Figure 1. MWCNT were dis-
persed in the A component of the PUR system using
high-shear mixing dissolver device (under the com-
mercial name DISPERMAT®) by VMA Getzmann
GmbH (Reichshof, Germany). A rotating disk intro-
duces shear forces to the mixture creating a vortex
flow (doughnut effect). The vortex flow leads to a
continuous mixing of the compound. The shear forces
disentangle the CNT and reduce their agglomerates.
Indications have been that dissolver shear mixing
has minor effect on the characteristics of the
MWCNT (e.g. CNT length) [31, 33]. The duration of
mixing was 6 hrs at 2500 rpm and was chosen based
on previous experience [31, 32] and initial trials
[10]. The temperature of the mixture was monitored

throughout the process. Mixing was performed
under controlled temperature between 45–60°C
using the double wall container of the dissolver.
Water of controlled temperature ran through the
mantle. Once the dispersion was prepared, the hard-
ener was added to the mixture at a ratio of 100:144
(A:B) according to the supplier (Figure 1 – Step2).
The whole mixture was then mechanically stirred
for 30 sec, until the foaming reaction was notice-
able. The mixture was poured in a stainless steel
mould which was hermetically sealed (Figure 1 –
Step3). The mould was placed in a press and was
kept there to cure at room temperature for 24 hrs
followed by a post-curing phase for 4 hrs at 50°C.
After complete curing cycle had finished, the foamed
material was de-moulded. The result of the mould-
ing process was a rectangular foam plate 200#$100#$
30 mm3 (Figure 1 – Step4). From each plate the
required specimens were cut using a microtome. To
avoid any surface anomalies which would affect the
electrical measurement, each specimen was then
grinded sequentially using 4 different levels of sand-
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Figure 1. Nano-composite foam preparation process: Step1 – Shear mixing of MWCNT in polyol component, Step2 –
Addition of the hardener to the mixture, Step3 – Molding, Step4 – Curing and de-molding: Neat (right) and
MWCNT (left) foam



paper (500, 1000, 2000 and 4000) on all sides. After
this, the density of each specimen was calculated by
measuring the dimensions and the weight of each
specimen. In principle, two foam density ranges
were targeted; 250–300 kg/m3 (20–25% relative
density) and 350–400 kg/m3 (30–35% relative den-
sity). Nevertheless, foams having various different
densities were produced. For convenience, the first
group of densities will be referred to as Light Foam,
while the second one as Dense Foam.
Two MWCNT concentrations per weight were cho-
sen to be studied; 3% and 5%. For the higher den-
sity, 2!wt% MWCNT was also investigated. These
values correspond to the weight percentage of the
CNT to the polymer and CNT mixture. The materi-
als developed and studied in this work are summa-
rized in Table 1.

2.2. Experimental testing
Compression tests were carried out according to
ASTM-C365. Square specimens were cut from each
plate having 25 mm sides and 10 mm thickness.
The thickness direction coincided with the thick-
ness direction of the initial rectangular foam plate.
Compression was performed using an INSTRON
8872 (Norwood, USA) servo-hydraulic universal
testing machine with a crosshead displacement set
at 0.4 mm/min. Compression was terminated when
the load reached ~15k N. For each material devel-
oped (shown in Table 1) 3 specimens were tested.
Prior to any electrical measurement, following com-
monly reported procedures, commercially available
conductive silver paint (under the commercial name
RS 186-3593) supplied by RS Components Ltd
(Northants, UK) was applied on the sides in contact
with the electrodes (Figure 2) to minimize any con-
tact resistance for the electrical measurements.
Prior to mechanical testing, to account for any con-
tact resistance influence to the measurements, dif-
ferent levels of small loads were applied to the sam-
ples at increments of 5 N up to 50 N corresponding
to a maximum of ~80 kPa of pressure. For all the
samples the resistance was nearly constant irrespec-

tive of the applied load, indicating a good electrical
contact between the electrodes and the sample.
For measuring the DC electrical resistance of the
materials during the compression test (Figure 2),
the silver-painted sides of the sample were placed
in contact with two copper plates which served as
the electrodes. A high-performance KEITHLEY
2002 digital multimeter by Keithley Instruments,
Inc. (Ohio, USA) was used in a 2-probe configura-
tion for measuring the electrical resistance. The elec-
trical resistance of the complete system (electrode-
specimen-electrode) was recorded throughout the
compression test. Given the geometry of each spec-
imen (Figure 2), the bulk volume conductivity at
each instance of the test was calculated based on
Equation (1):

,                                 (1)

where ! is the electrical conductivity, L is the length
of the specimen, A is the cross-sectional area of the
specimen, t is the thickness of the specimen, a and b
are the cross-sectional dimensions of the specimen,
R is the electrical resistance measurement, and " is
the electrical resistivity. Furthermore, combining
the applied compressive load on the sample and the
geometric characteristics of the specimen, the pres-
sure can be derived. For each material, five speci-
mens were tested. All measurements were per-
formed at room temperature.
Scanning Electron Microscopy (SEM) for micro-
structural and fracture characterization was per-
formed with a LEO SUPRA 35VP by Carl Zeiss
Microscopy GmbH (Jena, Germany). Different mag-
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Table 1. Materials prepared for the study
Density group 1 Density group 2

Group name Light foams Dense foams
Density 250–300 kg/m3 350–400 kg/m3

MWCNT content
(weight per cent)

3%
5%

2%
3%
5%

Figure 2. Exploded view of the experimental measurement
configuration: electrical resistance recording dur-
ing compression



nification levels were employed to evaluate differ-
ent aspects of the materials. Low magnification was
used to assess the microstructure of the foam as
well as to verify the damaged microstructure after
the test. Higher magnification of fractured surfaces
was used to evaluate the dispersion of the CNT as
well as to capture indications on the wall thickness
of the microstructure.

3. Results and discussion
3.1. Preparation and cellular structure
The effective dispersion of CNT in polymers, as a
research field, has attracted considerable attention
due to the challenge to disentangle the agglomer-
ates of CNT and create a homogeneous distribution
throughout the host matrix. For the development of
electrically conductive foams this process is also a
very important step. The high shear mixing process
used in this work has been shown to produce good
results in dispersing the nano-fillers and developing
electrically conductive polymers. At the levels of

content investigated in this study (> 2!wt%) it is
very difficult to avoid nano-filler agglomerations in
the final polymer. Nevertheless, an initial target is to
achieve relatively high electrically conductive
foams.
The addition of CNT, as is commonly observed in
various similar studies, has effectively increased the
viscosity of the mixture (A component and CNTs),
due to the extended surface interaction between the
fillers and the matrix. At 5!wt% CNT content the
mixture resembled a paste, making it difficult both
to handle the mixture and effectively utilizing the
method to disperse the CNTs. To decrease the viscos-
ity to a level where processing would be more effec-
tive, the temperature of the mixture was increased
to 60°C.
The developed foams are complex three-phase mate-
rials consisting of the polymer, the MWCNT and
CO2 bubbles. SEM micrographs (Figure 3 and 4)
provide visual evidence of the foam microstructure
where the three phases are distinguishable.
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Figure 3. SEM micrographs of the light nano-composite foam: (a, b) foam microstructure for 3 and 5 wt% MWCNT, (c, d)
dispersion in foam for 3 and 5 wt% MWCNT



The effect of CNT on PUR foams in terms of pro-
cessing and final microstructure has been investi-
gated in a number of studies [8, 10, 34, 35]. The indi-
cations are that the effect of CNT on the final
microstructure is moderate and CNT do not con-
tribute a heterogeneous nucleation factor that can
change the microstructure. In this study, SEM char-
acterization performed on the developed materials

confirms these reports. The microstructure of the
foams can be seen in Figure 3a, 3b and Figure 4a–4c
together with the elaborated values for the average
cell size. The observation reveals that the addition
of CNT in the mixture has practically a minor effect
on the cell size for foams with similar density. The
deviation of the cell size seems to increase with the
addition of CNT.
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Figure 4. SEM micrographs of the dense nano-composite foam microstructure: (a–c) foam microstructure for 2, 3 and 5
wt% MWCNT, (d–f) dispersion in foam for 2, 3 and 5!wt% MWCNT



Figure 3c, 3d and Figure 4d–4f present a series of
SEM micrographs focused on the strut-to-wall tran-
sition area for the different developed materials.
These images provide a means to assess the achieved
dispersion of CNT within the polymer. It is evident
that agglomerations are present in all the cases,
which is expected considering the high level of
MWCNT in the polymer. In between the agglomer-
ations individually dispersed CNT are also seen.
Groups of bundled CNT form spherical structures
which have a diameter in the range of 2 µm. For the
dense foams of 5!wt% CNT, concentrated agglom-
erations are witnessed (Figure 4f). In the case of the
light foams the thinning of the cell walls is obvious
as well as the arrangement of CNT in the transition
zone. CNT, either in small agglomerations or indi-
vidual, are seen at the tip of the cell wall which has
a thickness less than 2 µm (Figure 3d). Similar indi-
cations are available for the dense foams, where a
network of CNT is seen in the cell wall region (Fig-
ure 4d).
Despite the agglomerated state of CNT which
decreases the effectiveness of nano-reinforcement,
a conductive distribution of the CNT is achieved
and has been verified by the measured electrical
conductivity. The dependence of the electrical con-
ductivity on the foaming process, the achieved
micro-structure, the MWCNT content and the rela-
tive foam density has been described in [10] and is
not discussed further here.

3.2. Evolution of apparent electrical
properties during mechanical compression

As a first indication of the electrical response of the
foams to mechanical load, the recorded bulk electri-
cal resistance values during quasi-static compres-
sive loading are presented in Figures 5 and 6 for the

light and dense foam groups respectively. The meas-
urements were performed in the through thickness
direction as shown in Figure 2. The change of elec-
trical resistance during loading is evident for all
material groups. A general agreement between the
specimens with the same physical characteristics is
noted. Consistent patterns are exhibited by speci-
mens within the same group. Furthermore the pat-
terns present similarities among the same density
groups. Repeatability of the measurements was ver-
ified for each sample prior to the test for the elastic
region of the compression curve (strain < 5%), by
repeated loading-unloading.
For the light foams (Figure 5), the electrical resist-
ance (R) pattern during loading exhibits a consistent
behaviour for both nano-filler contents. The response
gives repeatable results for all the specimens within
the same group. Minor differences within the same
group are noticed in the initial part of the curve, but
do not change the whole pattern. All electrical
resistance curves start with an abrupt linear drop,
reaching local minimum around 400–500 N of load.
Further increase of the load, leads to an increase in
R until a local maximum is reached between 2–3 kN
of applied load. Increasing the applied load further,
the resistance R decreases monotonically until 15 kN,
where the experiment was stopped. At this final
phase the decreasing trend was almost linear. The
initial values of the curves are all at the same range
for both sets of nano-filler contents; 60–90 k% for
3 wt% MWCNT and 0.6–1.6 k% for the 5!wt%
MWCNT. This difference between the two groups
was expected due to the increase in the nano-filler
content as verified in [10].
Figure 6 presents the recorded values for the dense
foam group. The pattern for the dense foams is sim-
ilar for the two lower nano-filler contents. For the
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Figure 5. Electrical resistance Vs. compressive load: light foams (a) 3!wt%, (b) 5!wt% MWCNT



highest content a different response is observed. All
MWCNT contents exhibit an initial drop in the

measured resistance, up to between 200–400 N of
applied load. For the low MWCNT contents, an
increase in the applied load further from 500 N
results in a short plateau for the resistance R; up till
3 kN for 2% and 4 kN for 3%. Continuing further to
increase the load, an asymptotic decrease up to a
final resistance value is exhibited until the load
reaches 15 kN. For the 5!wt% MWCNT concentra-
tion, a clear intermediate plateau is not revealed.
Rather a local minimum is shown, followed by an
asymptotic increase in the final part of the curve.
Again, the recorded response curves exhibit high
repeatability among the specimens, with only minor
differences in the response.
To better reveal the information within the electri-
cal response it is useful and commonly employed to
express the normalized relative values of resistance.
These are presented in Figure 7 together with the
stress values against derived strain, for the two den-
sity groups. The values to prepare these figures were
calculated based on the recordings of the experi-
ment, as opposed to Figure 5 and 6 where the raw
data are reported.
From the mechanical point of view, the elaborated
stress-strain curves follow the extensively docu-
mented behaviour of cellular solids; an initial linear
increase in stress followed by an elasto-plastic
yielding (called plateau region) and reaching the
densification region where stress increases rapidly.
It can be noted that the stress-strain curves of the
nano-composite foams deviate slightly from the
‘nominal’ description in that the linear and plateau
regions are not clearly distinct. Instead, in this region
the materials show an increasing linear behaviour,
which is a common observation among polymer
foams [36] and indicates plastic yielding earlier
than usual. Nevertheless, the difference in the slope
of the two phases is noticeable.
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Figure 6. Electrical resistance Vs. compressive load: dense
foams (a) 2!wt%, (b) 3!wt%, (c) 5!wt% MWCNT

Figure 7. Stress and relative electrical resistance change (&R/R0) Vs. strain (a) light foams, (b) dense foams



From the perspective Figure 7 offers, the electrical
response is more informative and the relation
between the mechanical and electrical behaviour is
becoming more evident. The effect of CNT on the
mechanical behaviour of the foams is also visible in
the same diagram, which can directly be taken into
account in the electrical response evaluation.
For the light foams, starting from non-strained
foams, &R/R0 increases linearly up to nearly 5%
strain and forms a peak extending between 6–8% of
strain. As strain increases corresponding to a lin-
early increasing load, &R/R0 decreases linearly until
30–40% strain. At this point an extended local min-
imum is reached and any further increase in strain is
followed by an increase in &R/R0. The unstable
response for the 3% CNT content is directly related
to the mechanical response. The material exhibits a
prolonged yielding region, which is reflected by the
electrical measurements.
The dense foams exhibit a similar mechanical but a
different electrical behaviour. For low mechanical
load levels and strains below 4%, the &R/R0 value
increases linearly. From that point on, by increasing
the strain, &R/R0 continues to increase by a differ-
ent rate until almost 30%. In the meantime stress
continues to increase following a narrower slope.
After that point the rate of increase of &R/R0
decreases further, but still attains an increasing trend.
This holds true for the lower CNT contents studied.
For the dense foam having 5!wt% CNT (black lines),
the mechanical performance seems to be poorer
than the other CNT concentrations. This is evident
by the low elastic modulus exhibited in the linear
region and the overall lower stresses. Additionally,
it is very interesting to note that this is also exhib-
ited by the behaviour of &R/R0. The &R/R0 curves for
the dense 5% foam samples resemble those of the
light foam.
It is interesting to point out that for the cases where
the transition of the mechanical response from the lin-
ear to the yielding plateau is not clearly expressed;
the electrical response exhibits a peak. The transi-
tion can be identified by the change of the slope of
the electrical curve from positive to negative. For
the case where the mechanical transition from Stage I
to Stage II is much clearer, the respective electrical
curve exhibits a transition point where the positive
slope decreases slightly.
Based on experimental indications, it can be said that
the nano-filler content affects the sensitivity of the

electrical response to mechanical stimulus. This can
be observed by comparing the amount of change in
electrical properties versus the amount of change in
the mechanical response, which is expressed by the
initial slope of the curves in Figure 7. The trend
implies that the higher the CNT content the more
sensitive the system is. This CNT loading-perfor-
mance sensitivity has been reported in other sensing
studies utilizing CNTs in polymer [2, 37] and in
fibrous composites [18, 22, 32]. Furthermore, the
contribution of the CNTs in sensing is expected to
be expressed more in the elastic region rather than
the yielding plateau. The reason for this is that crush-
ing of the cells occurs at a higher scale level. Any
influence at nano-scale would be shadowed. Never-
theless, the conductivity they offer to the nano-poly-
mer system still remains. Therefore, it is believed
that the influence of the CNT dispersion in the later
stages of damage is much lower. As a matter of fact,
their use is primarily for early sensing of damage.
The difference in the electrical response of dense
foam with 5!wt% MWCNT and the other two nano-
filler concentrations is attributed to the dispersion
of the nano-fillers. The mechanical performance
resembles that of light weight foam. At this high
level of weight fraction, effective dispersion to
achieve optimal distribution for mechanical per-
formance is very challenging. Agglomerations are
observed percolating to reach a conductive network
through individually dispersed CNT. These agglom-
erations can act as stress raisers/concentration points.
Considering the thinner cross-section (cell walls)
available to transfer the compressive loads, the
presence of agglomerations magnifies their effect.

3.3. Non-dimensional electrical measurements
as a function of stress state

Having the aforementioned observations and dia-
grams as a basis, we attempt here to identify pattern
behaviours, introduce the failure/damage mecha-
nisms into perspective for sensing using electrical
measurements and define key parameter for detect-
ing the damage evolution in polymer foams.
Firstly, the recorded values are expressed in a non-
dimensional basis. The bulk volume resistivity of
the foams is elaborated solving Equation (1) for the
resistivity term. The stress values have already been
calculated previously. To verify that the stress and
electrical behaviour correlate, we plot the elabo-
rated bulk volume resistivity against stress. Bulk
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volume resistivity takes into account the dimen-
sional change of the specimens and thus is believed
to convey clearer information on the state of the
materials. A logarithmic scale is used for stress val-
ues to enhance the exhibited transitions between the
variables. The resulting curves are shown in Figure 8
and 9 for the light and dense foam groups respec-
tively.
To analyze and explain the observations of the elec-
trical resistivity, the mechanisms involved in the
deformation are revisited here, focusing on the fail-
ure of cellular solids under compression. Along the
way, we assess the effect of these mechanisms on
the electrical properties.
The mechanical response curve of foam under com-
pression is characterized by three stages. Each
reflects different micro-structural compliance and
failure mechanisms. [36, 38–40]
As already mentioned, the first stage is the linear-
elastic response of the foam. During this stage, a
number of deformation mechanisms occurs with the
more dominant ones being the cell wall bending in
combination with the compression of the gas con-
tained within the closed foam cells. In this stage,
stress increases linearly with deformation. The mod-
ulus exhibited depends on the density of the foam.
In principle at this level of stress, strain is recover-
able, hence is characterized as elastic. Nevertheless,
experimental observations here and in other studies
have a reported non-recoverable deformation already
from this stage, attributed to statistical fracture of
cells and localized stress concentrations. This is
expected to be reflected by the electrical properties
too. Damage in the microstructure is expected to
interrupt the conductive paths and increase resistiv-
ity. Recoverable deformation is generally expected
to recoverably decrease the electrical resistivity.

This is attributed to the local re-arrangement of the
CNT [2, 9] due to the compressive stresses. The CNT
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Figure 8. Bulk electrical property change Vs. stress for light foams: (a) 3!wt% and (b) 5!wt% MWCNT

Figure 9. Bulk electrical property change Vs. stress for
dense foams: (a) 2!wt%, (b) 3!wt% and (c) 5 wt%
MWCNT



contacts increase and more conductive paths are
available, decreasing the exhibited resistivity.
The second stage of ideally elastic-plastic foams is
characterized by continued deformation at nearly
constant stress, usually forming a plateau. During
this stage, plastic yielding occurs and thus strain
increases more rapidly than stress. The mechanisms
associated with the yielding/collapse plateau, vary
depending on the properties of the cell-walls. For
rigid foams, macroscopic plastic yielding in the
micro-structure is related to fracture of the walls
due to buckling failure [39]. In compression, the fail-
ure behaviour of low-density foams is dominated
by the early collapse of large porous cells which
triggers macroscopic fracture of the specimen,
whereas high-density foams exhibit more uniform
deformation, which results in ductile-like fracture
mode under quasi-static loading [41]. This results in
the fracture of the material microstructure on the
mechanical level. The fracture interrupts the conti-
nuity of the material and breaks the available con-
ductive paths. Fractured cell walls are still in con-
tact thus contributing to electrical conduction. How-
ever, resistivity now is higher because contact
resistance is higher than conduction within the net-
work. This is reflected by the increase of the bulk vol-
ume resistivity.
The final stage of stress-strain curve is the densifi-
cation. At this stage, the stress rises steeply and the
foam begins to respond as an increasingly compact
solid. The cellular structure within the material has
collapsed compacting in a lamellar microstructure.
For further deformation compression of the solid
material is required. Essentially, the resulting lamel-
lae from the collapsed cells are compacted tightly.
This mechanism increases the contact surface
between the material formerly comprising the cell
walls, providing larger paths for electrical conduc-
tion and thus decreased resistivity.
In the view of the above-said, for the light foams,
the distinct stages are identified for both CNT con-
centrations. In Stage I, the bulk electrical resistivity
is decreasing with the increase of the applied stress.
The mechanical response of the foam is nearly lin-
ear in semi-log axis (Figure 8a). A minimum around
1 MPa for the 3!wt% MWCNT and 0.8–0.9 MPa
for the 5!wt% MWCNT is consistently observed for
all the specimens. This point corresponds to nearly
10% compressive strain. In Stage II, resistivity
increases (nearly 3–4 times) and it reaches a peak at

a stress around 8–9 MPa. The stress is high enough
to start causing larger scale cell fracture. This con-
tinues, as the stress increases further, more and more
cells fracture up to a point where many cells have
been destroyed. At this point the resistivity shows a
maximum at around 9 MPa, which is the same for
both nano-filler contents. This point corresponds to
55–65% strain. After this point the last stage starts
where the resistivity decreases again until the end
of the experiment. The broken sides of each cell
start to touch and with the increased load they are
pressed against each other. This leads to a better con-
tact between the conductive cell walls and thus the
decrease in resistivity.
For the dense foam, the behaviour is similar to the
one described above (Figure 9). The two first stages
are clearly identified. The transition from Stage I to
Stage II corresponding to the minimum in resistiv-
ity is observed at the range of 7–8 MPa. For the high
CNT content this point is around 1.1 MPa (very
close to the transition for light foams). The third
characteristic stage is not observed as the experi-
ment was stopped early in terms of stress (all load-
ing curves reached a maximum of 20 MPa). As it is
seen the applied load did not suffice to lead to the
compression of the fractured walls. The trend of the
curves however indicates a maximum to be expected
close to 11–13 MPa, as previously described. It is
believed that the bell-shaped exhibited by the light
foams would be expressed if the compressive load
extended further higher.

3.4. Damage evolution sensed through
electrical properties

In this section, we attempt to illustrate the described
information in a characteristic diagram for damage
sensing through electrical properties. We introduce
a sigmoid curve that incorporates the aforemen-
tioned observations and is based on the damage
mechanisms involved (Figure 10). The X-axis is the
logarithmic compressive stress while the Y-axis is
the elaborated bulk volume resistivity. The curve
consists of three parts corresponding to the different
stages of the mechanical response of the foams. The
first stage giving a decrease in resistivity represents
the elastic response in compression. The second stage
corresponds to yielding with an increase of resistiv-
ity. The third stage showing a decrease in resistivity
corresponds to the densification of the foam. The
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proposed curve can be used for identifying the dif-
ferent damage stages of a foam.
Different conduction mechanisms are associated to
each stage of the curve. Stage I is claimed to express
the piezo-resistive part, as it exhibits the highest
dependence on the MWCNT content. Stage II is
dominated by the cell wall fracture, which effec-
tively interrupts the conductive network by exclud-
ing large parts of it. Thus resistivity increase is
expected. Stage III is believed to essentially express
the compaction of the failed cell walls, which are
conductive due to the CNT within the polymer. The
proposed mechanism for Stage III (Figure 10 – right
inset) is justified by SEM micrographs (Figure 11),

where the cell walls are visible in the form of flakes.
Here the cell walls are shown in their form after
compression and previous figures showed the CNT
within the cell walls. Considering the situation
reversely, it is expected that the compaction of these
flakes leads to the electrical response (Figure 10).
The effectiveness of CNT dispersion in the system
is pre-dominantly affecting Stage I of the curve. In
the later damage stages, micro- and macro-scale
fracture shadows any effect of CNT dispersion. Frac-
ture of the foam micro-structure breaks large parts
of the conductive network and the only issue still
contributing is the conductivity of the polymer
struts and cell walls. Thus CNT dispersion seems to

                                             Baltopoulos et al. – eXPRESS Polymer Letters Vol.7, No.1 (2013) 40–54

                                                                                                     51

Figure 10. Damage evolution in foams sensed through electrical properties: qualitative electrical property change and
involved damage mechanisms

Figure 11. SEM micrographs of the failed microstructure: (a) collapsed cell walls in the form of flakes, (b) close-up of
MWCNT dispersion in the failed cross-section of the cell walls



matter less at the later stages, as long as the CNT-
polymer remains conductive.
Furthermore, it is believed that the exact location of
the master-curve on the X-Y plane is defined by
several parameters characterizing the material sys-
tem. Two main parameters can already been identi-
fied; density and nano-filler content. Firstly, based
on density the curve is shifted to the left for light
foams, to the right for denser ones. This is based on
the observation that for the dense foams the peak
and Stage III decrease is not expressed up to the
stress reached. It is believed that because cell walls
are thicker in dense foams, they can withstand higher
stresses. To this end, the peak value expressing ‘sat-
uration’ of damaged cells and indicating the transi-
tion to Stage III may also shift to higher stresses.
Secondly, from the experimental results it was seen
that the nano-filler content controls the conductivity
level of the foam and both the amount of the resis-
tivity drop and the drop rate expressed in Stage I.
Essentially, the level of conductivity shifts the
curve on the vertical axis.
This diagram can serve as an initial attempt to for-
mulate a cross-property relation for polymer foams
[26, 30], but further experimental evidences are
needed to quantify and standardize the findings to
form a cross-property relation.

4. Conclusions
Electrically conductive PUR foams with varying
levels of electrical conductivity were successfully
prepared at various densities and using different
MWCNT concentrations. MWCNT were dispersed
in the polyol component of PUR using high shear
mixing. From this base material, conductive foams
having different densities were produced. The
foams exhibited varying levels of DC electrical
conductivity which have been related to nano-filler
concentration and density in [10], laying the ground
for this work.
Here, for the first time, the evolution of electrical
properties of the foams during compressive loading
until failure was investigated. Initial results are
analysed and damage mechanisms are proposed to
explain the observed performance. The recordings
were consistent within the same material groups
and the overall behaviour of electrical properties
was repeatable and characteristic. Three different
regions are observed in the diagram of the volume
resistivity versus compressive load. The aforemen-

tioned regions are correlated with the three discrete
regions of the stress – strain curve of the foam. In the
first region (linear elastic) the resistivity decreases
as the compressive load increases while the second
region (yielding plateau) due to breakage of the cells
the volume resistivity increases. In the third region
(densification) the volume resistivity decreases
again because the collapsed cells are compacted
tightly. Each stage is associated to a different mech-
anisms respectively; piezo-resistivity, micro-struc-
ture failure, compaction of failed microstructure.
The nano-phase dispersion controls the overall con-
ductivity of the system and the sensitivity of the ini-
tial loading stage. The later stages are more related
to macroscale damage of the structure thus masking
any influence from the CNT dispersion; electrical
conductivity of the polymer is only required. For
denser foams, the technique may seem less efficient
but it is believed that it is due to the bearing capabil-
ity of the microstructure that this occurs.
In the range of CNTs content that we studied the
electrical resistivity – stress curves a range of simi-
larities exists. The above laid the grounds for estab-
lishing a damage evolution diagram for sensing
through electrical properties illustrating the infor-
mation collected. This diagram proved to be charac-
teristic for the foams studied offering novel poten-
tial for the developed systems.
The information, mechanisms and formulations
presented in this work may enable the development
of dedicated advanced Non-Destructive Inspection
techniques for foams and sandwich composite struc,
as well as modelling attempts to express the afore-
mentioned observations, especially in Stage II which
represents the largest fraction of the materials life.
Such techniques could enable on-line damage iden-
tification as well as production qualification and
become part of novel more advanced monitoring
systems [42]. As a matter of fact, similar techniques
have demonstrated their suitability to offer prompt
information particularly on the production progress
of the ‘packing’ and ‘gelation’ stages of polymeric
foams, otherwise not so easily possible [27].
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1. Introduction
Many of the applications of electrospun fibers could
be greatly enhanced by increasing the surface area
and porosity of the fibers. To this purpose, reliable
production of porous nanofibers in a simple and
inexpensive way has been attempted by a number
of groups. Previous methods of producing porous
polymer fibers relied on either the electrospinning
of blends followed by selective removal of one of
the phases or phase separation based on the evapo-
ration of solvent or in the presence of vapor.
PLLA nonwoven fibrous matrices have been widely
used in various tissue regenerative therapies because
of their excellent mechanical properties and bio-
compatibility [1–3]. Many researchers have engaged

in fabricating multi–porous PLLA fiber membrane
with various methods. Lee and his coworker [4]
fabricated dual-porosity structure PLLA/MMT fibers
by combining electrospinning with salt leaching
method. Qi et al. [5] fabricated PLLA fibers with
micro- and nano-porous structure by electrospin-
ning a ternary system of nonsolvent/solvent/PLLA.
It is reported by Zhang et al. [6] when PLLA was dis-
solved in dimethylformamide (DMF) and methyl-
ene chloride (CH2Cl2) mixed solvent with different
ratios, semi-hollow fiber with porous inner structure
and compact shell wall was formed by controlling
the content of DMF in the mixed solvents. But there
is little report that the micro- and nano- porous outer
structures of PLLA ultrafine hollow fibers were
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fabricated only by electrospinning with only one
solvent. Although Bognitzki et al. [7] reported the
use of dichloromethane yielded PLLA fibers with a
regular pore structure by electrospinning and con-
sidered the regular phase morphology is generated
by rapid phase separation during the electrospin-
ning process. There has been no report about the
fabrication of PLLA ultrafine hollow fibers with
multi-porous outer structure by electrospinning and
detailed analysis about the formation mechanism of
this structure.
The Kirkendall effect is a classical phenomenon in
metallurgy [8–9]. It basically refers to a non-equi-
librium mutual diffusion process through an inter-
face of two metals so that vacancy diffusion occurs
to compensate for the unequal material flow. Atomic
diffusion occurs through vacancy exchange and not
by the direct interchange of atoms. The net direc-
tional flow of matter is balanced by an opposite
flow of vacancies, which can condense into pores or
annihilate at dislocations. In a spherical material
system where the fast-diffusion phase is enclosed
by the slower one, the Kirkendall effect can also
apply and manifest itself by forming hollow crys-
tals composed of a compound shell. Coming to the
nanoscale, due to the structural perfection and wide
availability of single crystal metal nanoparticles,
the Kirkendall effect can result in smooth and uni-
form-sized hollow compound nanocrystals [10–12].
An extension to cylindrical nanotubes has recently
been reported via either a solid – solution, solid –
gas, or solid – solid reaction [13–16].
In this paper, PLLA ultrafine hollow fibers with
multi-porous outer structure were prepared only by
electrospinning with only one solvent. The exact
growth mechanism for the formation of this struc-
ture is still under investigation, but on the basis of
experimental observations, a mechanism based on
the ‘Kirkendall effect + surface diffusion’ model [8]
was proposed.

2. Experimental section
2.1. Materials
PLLA (MW: 100 000~70 000, Mw/Mn: 1.40) chips
were purchased from Jiaxing Haobang Science and
Technology Development Co., Jiaxing, China. Meth-
ylene dichloride, A. R,was supplied from Guoyao
Chemical Company, Shanghai, China. Hxafluoroiso-
propanol (HFIP), A. R, was purchased from

Huaweiruike Chemical Limited.Company, Beijing,
China. Pyrrole monomer was distilled under reduced
pressure and stored below 0°C. All the other reagents
were analytical grade, and were used without fur-
ther purification.

2.2. Preparation
2.2.1. Preparation of PLLA fibers
10 or 12 wt% PLLA in methylene dichloride or
HFIP was prepared by dissolving PLLA chips in
methylene dichloride or HFIP under magnetic stir-
ring for at least 5 hrs, the solution was held in a
syringe for electrospinning. A voltage of 12 kV was
applied to the solution and the fibers were collected
on the flat aluminum plate. The distance from the
tip of the nozzle to the collector was 15 cm.

2.2.2. Preparation of PLLA/polypyrrole(PPy)
composite fibers

PPy was introduced by the in situ polymerization on
the surface of the obtained PLLA fibers mentioned
above section. Typically, 0.25 g of pyrrole was dis-
solved in 20 mL of 1 M H2SO4 solution with stir-
ring. Some PLLA fibers with a length of 200 mm
immersed into the above solution followed by ultra-
sonication for 30 min to allow the fibers to be satu-
rated with the pyrrole solution. 0.61 g of ammo-
nium persulfate (APS) in 20 mL of 1M H2SO4 solu-
tion was added dropwise to the above mixture with
the ultrasonic aided dispersing. Then the polymer-
ization proceeded for 5 h without any dispersing.
The fibers were then washed 3 times with 40 mL of
deionized water and acetone in sequence. Finally,
the fibers were dried under vacuum and stored for
usage.

2.3. Characterization
The morphologies of electrospun PLLA fibers fab-
ricated under different conditions were observed
using Hitachi JSM–5510 SEM. The specimen used
for imaging the cross-section of the electrospun
fiber was prepared by dropping a drop of collodion
on the sample, followed by cutting with a sharp
knife.

3. Results and discussion
Fixing the PLLA weight percent [wt%] in methyl-
ene dichloride at 12 wt%, the SEM images of fibers
fabricated at 15°C and different R. H. are shown in
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Figure 1. Figure 1a–1c is the longitudinal morpholo-
gies of these fibers and Figure 1d–1e is the corre-
sponding cross-sectional one. From Figure 1, it can
be found that most fibers are multi–porous fibers
with diameters ranging from 3 to 7.2 !m, but the
fibers fabricated at 15°C, 28% R. H. are more uni-
form in diameter and pore size than those fabricated
at 15°C, 49% R. H. The most interesting thing is that,
from Figure 1d–1e, we noticed that some fibers with
diameters range from 3 to 7.2 !m not only have
multi-porous outer structure, but also have visible
holes in the inner region of the fibers. That is, these
fibers are hollow fibers with multi-porous outer
structure; although the holes of some fibers are
closed because of becoming too soft to maintain the
shape when they were cut and at the action of the
solidification of collodion.
To further confirm the hollow structure, these PLLA
fibers were used as matrix to fabricate PLLA/PPy
composite fibers by in situ polymerization. The
obtained PLLA/PPy composite fibers have obvious
core-shell structure and smooth fractured surface of
the core, as shown in Figure 2 [17]. This fact demon-
strates these PLLA fibers are really hollow fibers.

Some reports [7] considered the formation of pores
or pits in the electrospinning fibers controlled by a
rapid phase separation induced by the evaporation
of the solvent and a subsequent rapid solidification.
The exact mechanism of porous hollow fiber fabri-
cated by electrospinning with only one solvent is
not fully understood. Here, we propose a formation
mechanism based on the void formation in ‘Kirk-
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Figure 1. SEM images of the fibers fabricated at 15°C and different R. H. (a) 28%, with higher molecular weight (MW:
100 000, MW/Mn: 1.40) PLLA; (b) 49%, the inset is the corresponding higher-magnification image of a nanofiber,
with higher molecular weight (MW: 100 000, MW/Mn: 1.40) PLLA; (c) 49%, with lower molecular weight(MW:
70 000, MW/Mn: 1.40) PLLA; (d) cross section of (a); (e) cross section of (b).

Figure 2. SEM image of the cross section of PLLA/PPy
micro fibers [17]



endall effect + surface diffusion’ model [16]. Figure 3
shows schematically this generalized model. In the
initial stage (Figure 3a), due to the rapid volatiliza-
tion of the methylene dichloride through surface
diffusion result in the dropping of the surface tem-
perature, the phase separation occur and form the
voids or pits on the surface of the fiber [16]. In the
second stage (Figure 3b), driven by concentration
gradient, the methylene dichloride molecules dif-
fuse outward continuously and the PLLA molecular
chains condense inward. The mutual diffusion rates
of the methylene dichloride and PLLA molecular
differ by a considerable amount. For the diffusion
flux, Ja > Jb (a index methylene dichloride and b
index PLLA). A large quantity of vacancies diffu-
sion occur to compensate for the unequal material
flow between methylene dichloride molecules and
PLLA molecular chains, the voids are enclosed by
the slower PLLA molecular chains. In a sub-micro

system, due to the finite volume and spatial con-
finement, a high vacancy supersaturation can read-
ily be reached [10]. Thus, the voids have a high
chance to touch the outer layer of the fiber, resulting
in the multi-pores penetrating the core of the fiber.
The voids coalesce into bigger ones and touch the
compound layer ab, on one hand breaking the con-
nection between PLLA molecular chains and on the
other hand establishing new bridges as fast trans-
port paths for the methylene dichloride molecules.
At this stage (Figure 3c), diffusion of molecules of
the remaining methylene dichloride along the
bridges, i.e. the pore surface, to the reaction front
becomes the dominant material transport process.
The methylene dichloride can redistribute itself at
the open surface of the methylene dichloride and
PLLA mixture via fast surface diffusion. While
within the methylene dichloride and PLLA mixture,
the material exchange mechanism remains the
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Figure 3. Simplified schematic representation of the formation of porous hollow structure (cross section) (a) the initial
stage, (b) the second stage, (c) the third stage

Figure 4. SEM images of the fibers fabricated at (a) and (b) 26°C, 50% R. H.; (c) and (d) 26°C, 80% R. H.; (e) cross section
of (a). PLLA weight percent in methylene dichloride was 12 wt%.



same, viz. bulk interdiffusion associated with Kirk-
endall effect. Therefore vacancies are continuously
generated and flow inward. The hollow multi-porous
fiber is formed.
To further explore the formation conditions, we fab-
ricated some fibers above 20°C. When the ambient
temperature was above 20°C, the obtained fibers
with diameters of several micrometers are not uni-
form in both the morphologies and diameters, as
shown in Figures 4–5. Some sections of the fibers
only have some pits on the surface; while some sec-
tions have no visible pores. Moreover, the pore size
and distribution of the pores in the sections with
multi-pores are also not uniform; while some sec-
tions also have multi–pores penetrating the core of
the fiber (Figures 4a, 4e and Figures 4c–4e).
These indicate that under too high ambient temper-
ature (above 20°C), the electrospinning jet is unsta-
ble due to the rapid volatilization of the solvent
through surface diffusion. It can be confirmed by
observing the shapes of the jets.
Appropriate ambient temperature is the prerequisite
to fabricate uniform porous hollow PLLA fibers by
electrospinning. As we know, the boiling tempera-
ture of methylene dichloride is 39.8°C. The closer
the ambient temperature to the methylene dichlo-
ride boiling temperature is, the higher its volatiliza-
tion rate is.

In addition, the collapsed wrinkled skins are also
found on some sections of the fibers (Figure 4d and
Figure 5d). One of the explanations is that at high
ambient temperature, especially when it is near its
boiling temperature, the solvent evaporation rate is
very high through fast surface diffusion, and this
might induce the formation of fibers with sheath-
core structure due to the different solidification
speed between the outer layer and the inner layer.
The further solidification and shrinkage of the core
would result in local collapse of outer layer [18, 19].
The surface diffusion and phase separation resulted
in pits on the surface of nanofibers with a diameter
smaller than about 50 nm, as shown in the inset of
Figure 1b. Surface diffusion becomes the dominant
solvent transport process due to the very higher sur-
face area in the nanofibers. The rapid evaporation
of methylene dichloride on the surface of the fibers
and fast solidification induce the formation of fibers
with sheath-core structure. The further solidifica-
tion and shrinkage of the core result in pits occurred
on the surface of the fibers. If the fibers with a
diameter larger than several micrometers, due to the
large space, a high vacancy supersaturation will be
difficult to reached. Thus, the voids have a low
chance to touch the outer layer of the fiber, resulting
in some pits not penetrating the core of the fiber.
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Figure 5. (a) SEM images of the fibers fabricated at 34°C, 60% R. H. (b), (c) and (d) the corresponding high magnification
of (a) in different sections; (e) cross section of (a). PLLA weight percent in methylene dichloride at 12 wt%.



As weight percent of PLLA is fixed at 12 wt%, using
the lower molecular weight PLLA(MW: 70 000,
MW/Mn: 1.40) to elecrospin the PLLA fibers, the
obtained fibers only have pits on their surface, as
shown in Figure 1c. The low molecular weight
PLLA has high molar percent of polymer molecu-
lar, which upon methylene dichloride evaporation
contributes to retain less methylene dichloride to
form porous surface [20]. In addition, the low molec-
ular weight PLLA has more molecules with rela-
tively lower molecular weight and shorter molecu-
lar chains, the diffuse rate of these PLLA molecules
are higher than those PLLA molecules with higher
molecular weight, and result in less quantity of
vacancies diffusion resulting from Kirkendall effect
occur to compensate for the unequal material flow
between methylene dichloride molecules and PLLA
molecular chain. Thus, it will become difficult to
reach a high vacancy supersaturation and reduce the
chance of voids to touch the outer layer of the fiber,
resulting in some pits not penetrating the core of the
fiber.
We also observed the PLLA fibers fabricated by
electrospinning at 8°C have only pits on the surface,
as shown in Figure 6. Moreover, the pits enlarged
with the PLLA concentration decreased. This is
because of the low temperature result in slow evap-
oration rate and diffusion rate of methylene dichlo-
ride, forming fewer vacancies and low gas pressure
within the fibers. Thus it is difficult to form enough
large pores.
This can be confirmed by using HFIP, which has
lower volatilization rate than that of CH2Cl2 at the

same ambient temperature, as the solvent for PLLA
solution. Figures 7a, 7c, 7e and Figures 7b, 7d, 7f are
the SEM images of the samples fabricated by using
CH2Cl2 or HFIP as solvent, respectively. It can be
seen that the obtained fibers all have beads due to
the low viscosity, but it can be obviously seen that
the fibers fabricated by using CH2Cl2 as solvent are
multi-porous fibers while the fibers fabricated by
using HFIP as solvent are not (Figure 7f), only
some pits can be found even in the bigger beads
(Figure 7d).

4. Conclusions
PLLA hollow fiber with multi-porous outer struc-
ture can be fabricated by electrospinning with only
one solvent. But it must be fabricated at moderate
ambient temperature (10~20°C), using appropriate
molecular weight (MW: about 100 000, MW/Mn:
about 1.40) PLLA to electrospin and has a diameter
in the range of several micrometers to 100 nanome-
ters.
The formation of multi-porous hollow fiber is a
complex process. We propose a formation mecha-
nism of the result of mutual action of ‘Kirkendall
effect, surface diffusion and phase separation’.
We believe the technique described here can be
extended to many other materials for the fabrication
of such kind of fibrous scaffolds with potential
applications not only in tissue engineering, but also
in catalysis, sensing, encapsulation, drug delivery
and filtration.
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Figure 6. SEM images of the fibers fabricated at 8°C, 45% R. H. with different PLLA"concentrations (a) 10 wt%;
(b) 8 wt%, PLLA MW was 100 000 and MW/Mn was 1.40
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1. Introduction
Over the past decades, polymer solar cells (PSCs)
based on conjugated polymers have attracted con-
siderable attention because of their potential use for
future cheap and renewable energy production [1–
3]. In particular, the polymer solar cell has the
advantage over all photovoltaic technologies that
the possible manufacturing speed is very high and
the thermal budget is low because no high tempera-
tures are needed [4]. Efficient polymer-based solar
cells utilize donor–electron acceptor (D–A) bulk
heterojunction (BHJ) films as active layers [1, 2].

The donor is typically a kind of conjugated poly-
mer, while the acceptor is generally a type of
organic or inorganic molecule. The most exploited
donor polymers is regioregular poly(3-hexylthio-
phene) (P3HT), while the acceptor materials are
generally the fullerene derivatives such as [6,6]-
phenyl C61 butyric acid methyl ester (PCBM). A
bulk heterojunction photovoltaic device combining
regioregular P3HT as the electron donor with func-
tionalized fullerenes as the electron acceptor has
demonstrated power conversion efficiencies (PCEs)
up to 7% [5, 6].
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However, the performance of the photovoltaic cells
with these conjugated polymers is considerably
limited by their relatively large bandgaps, which
result in the mismatch of the absorption spectrum of
the active layer and the solar emission, especially in
the red and near-infrared ranges. Therefore, the
development of the low bandgap donor polymers is
of crucial importance for increasing the efficiency.
One of the most promising strategies to tailor the
energy levels of conjugated polymer is the donor-
acceptor route because of the vast possibility in the
unit combinations [7–11] Many D–A type copoly-
mers have been used in PSCs to achieve PCEs
above 5% with extensive device engineering efforts
[7, 12–14].
For the D–A type copolymers, much research work
has been devoted to using the fused thiophene fam-
ily as the donor due to its stable quinoid form
resulting in a low bandgap accompanied by good
electrochemical stability [15–17]. Molecules con-
taining fused-ring systems can make the polymer
backbone more rigid and coplanar, therefore enhanc-
ing effective !-conjugation, lowering bandgap and
extending absorption. Introduction of thienothio-
phene units tends to stabilize the quinoid structure
in the polymer chain and thus enhances the pla-
narity along the polymer backbone. The high power
conversion efficiency can be attributed to the rigid-
ity and planarity of the polymer backbone, leading
to a high hole mobility of the copolymer. In the case
of fused-ring systems, dithieno[3,2-b:2!,3!-d]thio-
phene (DTT) is well known as an important build-
ing block due to its high mobility [18, 19]. Recently,
organic field-effect transistors (OFET) [20, 21] and
PSCs [22, 23] containing dithieno[3,2-b:2!,3!-d]thio-
phene (DTT) building block in the D–A type copoly-
mers have been reported.
Recently, 2,1,3-benzothiadiazole (BT) has been uti-
lized to construct some n-type semiconducting
polymers showing high electron mobility [24–26].
It has also been used as the acceptor unit in cooper-
ation with varieties of electron-donating (D) units
as low bandgap donors in bulk heterojunction poly-
mer solar cells [23, 27–30]. High hole mobility and
wide optical absorption band could be achieved for
the D–A type BT-containing polymers. Hence, this
category of polymer donors has been extensively
studied and has shown outstanding photovoltaic
performances.

Based on this vision, the copolymer consisting of
alternating DTT and BT units, where DTT and BT
are adopted as the donor and acceptor segments,
should be a promising material for the active layer
of solar cells. Recently, this copolymer has been
prepared and explored in roll-to-roll coating experi-
ments [31–33]. However, the acquired PCEs of
photovoltaic devices based on this polymer are still
low. It may be helpful to raise the PCE via the
bandgap engineering strategy. Since only alkyloxy
side chains were attached on the BT unit in this
copolymer, the highest occupied molecular orbital
(HOMO) and lowest unoccupied molecular orbital
(LUMO) energy levels of the polymer may be mod-
ified if pendant chains are attached to both the
donor and acceptor units . Herein, we have synthe-
sized a new D-A type copolymer consisting of alter-
nating DTT and BT units, where the DTT and BT
unit has pendent alkyl chains and alkyloxy chains,
respectively. The optoelectronic properties, PCE
and the effect of thermal annealing of the fabricated
PSCs were investigated.

2. Experimental
2.1. Materials
Tetrabromothiophene (Alfa Aesar, USA), undecanal
(Alfa Aesar, USA), ethyl mercaptoacetate (Acros,
Belgium), n-butyllithium (Acros, Belgium), lithium
hydroxide (Alfa Aesar, USA), tin(II) chloride (Alfa
Aesar, USA), sodium bichromate (Showa Chemical
Co., Japan), potassium carbonate (Showa Chemical
Co., Japan), triethylamine (Acros, Belgium), N-
thionylaniline (TCI, Japan), trimethyltin chloride
(Acros, Belgium), bis(triphenylphosphine) palla-
dium(II) dichloride (Alfa Aesar, USA), poly(3,4-
ethylenedioxythiophene)-poly(styrenesulfonate)
(PEDOT:PSS, Aldrich, USA) and phenyl-C61-
butyric acid methyl ester (PCBM, FEM Tech., Ger-
many) were used as received. All other reagents
were used as received.

2.2. Synthesis
The donor material, 3,5-didecanyldithieno[3,2-
b:2!,3!-d]thiophene (DDTT), was prepared accord-
ing to a reported literature method [34]. The accep-
tor material, 5,6-bis(tetradecyloxy)benzo-2,1,3-
thiadiazole (BT) was prepared according to the
published procedures [35]. The copolymer poly(3,5-
didecanyldithieno[3,2-b:2!,3!-d]thiophene-2,6-diyl-
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alt-5,6-bis(tetradecyloxy)benzo-2,1,3-thiadiazole-
4,7-diyl) (PDDTTBT) was synthesized via Stille
coupling reaction of the donor unit of 2,6-bis-
trimethylstannanyl-3,5-didecanyl dithieno[3,2-b:
2!,3!-d]thiophene with the acceptor unit of 4,7-
dibromo-5,6-bis(tetradecyloxy)benzo-2,1,3-thiadi-
azole.

2.2.1. 2,6-Bis-trimethylstannanyl(3,5-
didecanyldithieno[3,2-b:2!3!-d]thiophene)

To a solution of 3,5-didecanyldithieno[3,2-b:2!,3!-d]
thiophene (1.12 mmol) in THF (40 mL) was added
dropwise n-BuLi (2.5 mmol, 1.6 M in hexane) at 
–78°C under argon. The reaction was keep at –78°C
for 2 h. Then trimethylchlorostannane (2.5 mmol)

                                                   Wang et al. – eXPRESS Polymer Letters Vol.7, No.1 (2013) 63–75

                                                                                                     65

Figure 1. Synthesis of PDDTTBT copolymer



was added. The reaction mixture was allowed to
warm to room temperature and react for 10 h, and it
was poured into water (100 mL). The crude com-
pound was extracted with dichloromethane three
times. The combined organic layers were dried over
anhydrous MgSO4 and evaporated to dryness. The
residue was chromatographically purified on silica
gel eluting with n-hexane/triethylamine (10:1, v:v)
to afford the products as a viscous brown oil, which
were used for the following reactions without fur-
ther purification. The synthetic route is shown in
Figure 1. Yield: 41%. 1H NMR (500 MHz, CDCl3,
" ppm): 2.62 (t, 4H), 1.83 (m, 4H), 1.25 (m, 28H),
0.88 (t, 6H), 0.27 (s, 18H, Sn-CH3).

2.2.2. 4,7-Dibromo-5,6-bis(tetradecyloxy)benzo-
2,1,3-thiadiazole

5,6-Bis(tetradecyloxy)benzo-2,1,3-thiadiazole
(2.5 mmol) was dissolved in 70 mL of dichloro -
methane under argon atmosphere. Excess Br2
(7.5 mmol) was dissolved in 30 mL of acetic acid
and added into the solution. The reaction was stirred
in the dark at room temperature for 48 h and then
poured into water (100 mL). The organic layer was
separated and the aqueous layer was extracted with
dichloromethane. The combined organic layer was
sequentially washed with de-ionized water, aq.
NaHCO3 and aq. Na2SO3 twice. The combined
organic layers were dried over anhydrous MgSO4
and evaporated to dryness. The crude product was
recrystallized from ethanol to give white needle-
like crystals. The synthetic route is shown in
Scheme 1. Yield: 82%. 1H NMR (500 MHz, CDCl3,
" ppm): 4.15 (t, 4H), 1.87 (m, 4H), 1.57 (m, 4H),
1.37–1.26 (m, 40H), 0.88 (t, 6H).

2.2.3.   Synthesis of D–A type copolymer
(PDDTTBT)

In a 100 mL flask, the two monomers (1 mmol of
each), 2,6-bis-trimethylstannanyl(3,5-didecanyl -
dithieno[3,2-b:2!3!-d]thiophene) and 4,7-dibromo-
5,6-bis(tetradecyloxy)benzo-2,1,3-thiadiazole were
dissolved in 40 mL of dry DMF and then flashed by
argon for 10 min. Following that, 0.02 mmol of
Pd(PPh3)2Cl2 was added, and the reactant was
purged by argon for another 20 min. The reaction
mixture was then heated at 120°C for 48 h under the
protection of argon. The sticky, deep gray solution
was cooled and poured into 100 mL of methanol,
where the crude polymer was precipitated and col-

lected as dark brown powder, which was then sub-
jected to Soxhlet extraction with methanol, hexane,
and THF. The polymer was recovered from the THF
fraction by rotary evaporation. The synthetic route
is shown in Figure 1. Yield: 43%. 1H NMR
(500 MHz, CDCl3, " ppm): 4.15 (t, 4H), 2.62 (t,
4H), 1.76 (m, 4H), 1.56 (m, 4H), 1.30 (m, 4H), 1.27
(m, 68H), 0.88 (t, 12H). Anal. Calcd for
(C62H100N2O2S4)n: C, 72.03; H, 9.75; N, 2.71.
Found: C, 73.42; H, 9.24; N, 3.03. GPC (THF):
Mn
— = 6800 g/mol, Mw

— = 8200 g/mol, PDI = 1.21.

2.3. Device fabrication and characterization
The device structure of the polymer photovoltaic
cells in this study is ITO/PEDOT:PSS/PDDTTBT:
PCBM/Al. PDDTTBT acts as the p-type donor poly-
mer and PCBM as the n-type acceptor in the active
layer. Before device fabrication, the glass substrates
coated with indium tin oxide (ITO) were first cleaned
by ultrasonic treatment in acetone, detergent, de-
ionized water, methanol and isopropyl alcohol
sequentially. The ITO surface was spin coated with
ca. 80 nm layer of poly(3,4-ethylene dioxythio-
phene): poly(styrene) (PEDOT:PSS) in the nitro-
gen-filled glove-box. The substrate was dried for
10 min at 150°C and then continued to spin coating
the active layer. The PDDTTBT: PCBM blend solu-
tions were prepared with 1:1 weight ratio
(10 mg/mL PDDTTBT) in 1,2-dichlorobenzene
(DCB) as the active layer. This solution blend was
spin-cast onto the PEDOT:PSS layer at 800 rpm for
30 s. The obtained thickness for the blend film of
PDDTTBT:PCBM was ca. 110 nm. The devices
were completed by evaporation of metal electrodes
Al with area of 6 mm2 defined by masks.
The films of active layers were annealed directly on
top of a hot plate in the glove box, and the tempera-
ture is monitored by using a thermocouple touching
the top of the substrates. After removal from the
hotplate, the substrates are immediately put onto a
metal plate at the room temperature. Ultraviolet-visi-
ble (UV-vis) spectroscopic analysis was conducted
on a Perkin–Elmer Lambda 35 UV-vis spectropho-
tometer. Photoluminescence (PL) spectrum was
recorded on a Hitachi F-7000 fluorescence spec-
trophotometer. After removing Al electrode, the film
topography images of active layers were recorded
with a Digital Instruments Dimension 3100 atomic
force microscope (AFM) in tapping mode under
ambient conditions. The J-V curves were measured
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using a Keithley 2400 source meter, under illumina-
tion from a solar simulator. The intensity of solar
simulator was set with a primary reference cell and
a spectral correction factor to give the performance
under the AM 1.5 (100 mW/cm2) global reference
spectrum (IEC 60904-9). External quantum effi-
ciency (EQE) measurements were detected with a
QE-3000 (Titan Electro-Optics Co., Ltd.) lock-in
amplifier under monochromatic illumination. Cali-
bration of the incident light was performed with a
monocrystalline silicon diode.

3. Results and discussion
3.1. Synthesis and characterization of the

polymer
In this study, the D–A type copolymer consists of
3,5-didecanyldithieno[3,2-b:2!,3!-d]thiophene (DDTT)
and 2,1,3-benzothiadiazole (BT) because 2,1,3-
benzothiadiazole (BT) is an electron-accepting het-
erocycle showing high electron mobility and DDTT
is linearly symmetrical and coplanar thienothio-
phene unit. It is expected that wide sunlight absorp-
tion band and high power conversion efficiency
could be achieved for the D-A type copolymer
using DDTT as the donor and BT as the acceptor.
The synthetic route toward the polymer is outlined
in Figure 1. The copolymer PDDTTBT was synthe-
sized via Stille coupling reaction of the donor unit
of 2,6-bis-trimethylstannanyl(3,5-didecanyldithieno
[3,2-b:2!3!-d]thiophene) with the acceptor unit of
4,7-dibromo-5,6-bis(tetradecyloxy)benzo-2,1,3-thia-
diazole. With the attachment of long alkyl and long
alkyoxyl side chains on the donor and acceptor unit
respectively, the bandgap of the copolymer could be
fine tuned and the solubility in organic phases
increases. The structures of both monomers and

copolymer were confirmed by 1H NMR and ele-
mental analysis. The polymer is well dissolved in
common organic solvents such as chloroform, 1,2-
dichlorobenzene, THF, and toluene. Molecular
weight of the polymer determined by gel perme-
ation chromatography showed a low Mn

— value of
6800, which might be due to the steric hindrance of
both 3,5-dialkyl and 5,6-dialkyoxyl substituent on
the polymer backbone. Compared to the copolymer
reported in a previous article [33], which has a sim-
ilar structure without pendent alkyl chains on the
donor (dithienothiophene) unit, the PDDTTBT poly-
mer exhibited a lower glass transition temperature
(Tg) of 72°C due to the attachment of alkyl side
chains on the donor unit.

3.2. Optical properties
Figure 2a shows the absorption spectra of the
PDDTTBT copolymer in dilute THF solution and
in thin solid film. The optical absorption threshold
at 707 nm from the spectrum of the film corre-
sponds to the bandgap (Eg) of the PDDTTBT copoly-
mer. Hence, the estimated optical bandgap is 1.75 eV.
To obtain a more accurate optical band gap of
PDDTTBT, the fundamental equation "h# = B(h# –
Eopt)n developed in Tauc relation [36] was used. The
optical bandgap calculated by this equation is
1.83 eV, smaller than that (1.9–2.0 eV) of widely
used regioregular poly(3-hexylthiophene) (P3HT),
as shown in Figure 2b. In comparison with the poly-
mer which has a similar structure without alkoxy
chains on the acceptor (benzothiadiazole) unit [23],
the PDDTTBT copolymer exhibits a broader absorp-
tion band and lower bandgap. On the other hand,
from our previous report [33], the bandgap of the
similar copolymer without pendent alkyl side chains
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Figure 2. (a) UV-vis absorption spectra of PDDTTBT in dilute THF solution and thin film, (b) plot of ("hv)2 vs. h# for
PDDTTBT film



on the donor (DTT) unit is 1.76 eV (via absorption
threshold) or 1.83 eV (via Tauc relation). It is obvi-
ous that the bandgaps of both copolymers are
almost the same. Therefore, to finetune the bandgap
with the attachment of pendant chains on the donor
unit seems no significant influence on the value of
bandgap in the present case. However, it doesn’t
mean that the HOMO and LUMO values of both
copolymers will be the same, as we will discuss in
section 3.3.
As seen from Figure 2a, the UV–vis absorption
spectrum of the copolymer in thin solid film exhib-
ited three absorption peaks positioned at about 291,
385 and 505 nm, respectively. The peaks at 291 and
385 nm are probably due to the !–!* transition of
the dithienothiophene moiety [37], while the peak
in the visible region is assigned to the intramolecu-
lar charge transfer (ICT) between the donor and the
acceptor [23, 38]. Similarly, the absorption spec-
trum of PDDTTBT in dilute THF also shows three
peaks. The three absorptions in solid state show sig-
nificant red-shifts compared to those in solution,
indicating more efficient !-stacking and stronger
intermolecular interactions in the solid state. In partic-
ular, the broadened absorption spectrum ranging from
270 to 780 nm indicates a low bandgap polymer has
obtained, as evident from the Eg of PDDTTBT. It is
apparent that the ICT interaction between donor
and acceptor moieties in D–A copolymers is a prac-
tical approach to lower the bandgap and broaden
the absorption bands across the entire visible wave-
length region of conjugated polymers. Hence, our
successful synthesis of a low bandgap D–A type
copolymer is further confirmed.

The photoluminescence (PL) emission spectra of
PDDTTBT in dilute THF solution and thin film are
shown in Figure 3. Both the fluorescence spectra
exhibit the vibronic structure with a maximum at
557 and 589 nm, respectively. As seen from the fig-
ure, both spectra show only one emission peak,
indicating that an effective energy transfer from the
DDTT segments to the BT unit occurs. The red-
shift in the spectrum of the PDDTTBT film is prob-
ably due to the lowering of bandgap of copolymer
by more efficient #-stacking in the solid state.

3.3. Electrochemical properties
Cyclic voltammetry (CV) is a preliminary charac-
terization technique to determine the redox proper-
ties of organic and polymeric materials. The HOMO
energy level can be calculated from the onset oxida-
tion potential [Eox(onset)] based on the reference
energy level of ferrocene (4.8 eV below the vacuum
level, which is defined as zero) according to Equa-
tion (1). The LUMO level can be obtained from
Equation (2) based on the Eg from Figure 2. EFC is
the potential of the internal standard, the ferrocene/
ferrocenium (Fc/Fc+) redox couple.

HOMO = – [Eox(onset) – EFC + 4.8] eV              (1)

LUMO = HOMO + Eg                                         (2)

As seen in Figure 4, the Eox(onset) for PDDTTBT
has been determined as 0.35 V vs. Ag/Ag+. EFC is
0.05 V vs. Ag/Ag+. Hence, the HOMO energy for
PDDTTBT has been evaluated to be –5.10 eV and
the LUMO level determined from Equation (2) is 
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Figure 3. Photoluminescence spectra of PDDTTBT in
dilute THF solution and thin film with excitation
at 400 nm

Figure 4. Cyclic voltammograms of PDDTTBT film on an
ITO substrate in CH3CN/AcOH (V/V = 7/1) con-
taining 0.1M tetrabutylammonium perchlorate at
a scan rate of 50 mV·s–1



–3.27 eV. Since incorporation of electron-donating
substituents onto the aromatic unit will raise the
HOMO energy, the PDDTTBT polymer thus has a
higher HOMO level than that of the similar struc-
ture without alkoxy groups on the BT unit [23]. In a
similar manner, compared to the similar structure
without pendant chains on the DTT unit [33], the
HOMO level increases ca. 0.05 eV due to two elec-
tron donating alkyl chains were attached onto the
fused thiophene ring. Figure 5 shows the schematic
diagram representing the potential metrically deter-
mined HOMO and LUMO energy of PDDTTBT
and PCBM relative to the work function of the elec-
trodes. From the energy level diagram, although the
$ELUMO between the LUMOs of donor (PDDT-
TBT) and acceptor (PCBM) is large enough to meet
the minimum energy offset (0.3 eV) for efficient
charge separation, the increase of HOMO level in
donor material may produce a detrimental reduction
of Voc, as can be seen in the J-V measurements.

3.4. Photovoltaic properties
The bulk heterojunction solar cells based on PDDT-
TBT in combination of PCBM has been prepared
and investigated. The employed device structure
was ITO/PEDOT:PSS/PDDTTBT:PCBM/Al. The
blend solutions (in DCB) of PDDTTBT:PCBM
were prepared with 1:1 weight ratio as the active
layer. The photovoltaic performance of the device
for the blend film cast at room temperature (RT)
was measured under illumination from solar simu-
lator at 100 mW/cm2 light intensity. The correspon-
ding open-circuit voltage (Voc), short-circuit current
(Jsc), fill factor (FF), and power conversion effi-
ciency (PCE,$) are listed in Table 1. The power

conversion efficiency of solar cell using the as-pre-
pared blend film as the active layer is 0.127%. This
value is only a little higher than that (0.113%) of the
similar structure without pendant chains on the
DTT unit [33]. As mentioned above, due to the
increase of HOMO level in PDDTTBT as com-
pared with that of similar structure [33], a 0.032 V
decrease (0.284 V vs. 0.316 V) of Voc produced.
Therefore, although both Jsc and FF increased, only
a little improvement of PCE was achieved. How-
ever, the values of both Jsc and FF are still low com-
pared to those of high performance PSCs. The low
Jsc may be attributed to the high recombination rate
of charge carriers, whereas the low Voc resulted
from the high HOMO level of PDDTTBT. Regard-
ing the low FF, it is usually caused by shunt resist-
ance, series resistance, and film-forming properties,
etc. Consequently, the poor performance of the device
may be a result of the non-optimized morphology
of the blend film, the poor technique for fabricating
the active layer and the device architecture, the
nature of the donor material, the fabrication equip-
ments, etc.

3.5. Effect of thermal annealing on optical
properties

The effect of annealing temperature on the UV-vis
absorption spectra for the thin films of PDDT-
TBT:PCBM (1:1 weight ratio) spun cast on quartz
substrates is shown in Figure 6. These films were
annealed under nitrogen atmosphere inside the glove
box at atmospheric pressure. The annealing time
was kept 30 min for all of the annealing tempera-
tures. After annealing at different temperatures, the
blend film exhibited distinct intensity changes and
shifts of the absorption bands compared with that of
untreated PDDTTBT film. For the blend film
annealed at 50°C, the spectrum shows a significant
increase in intensity for all three absorption bands
of PDDTTBT copolymer, especially for the peak at
380 nm. The two bands at lower wavelengths are
attributed to the !–!* transition of DDTT segments,
whereas the last band is due to ICT interaction as
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Figure 5. Energy level diagram of the components in the
polymer solar cell

Table 1. Photovoltaic characteristics of devices under dif-
ferent annealing temperatures for 30 min

RT 50°C 75°C 100°C 125°C 150°C
Voc [V] 0.284 0.451 0.581 0.544 0.433 0.475
Jsc [mA/cm2] 1.512 1.933 1.361 1.123 1.726 1.004
FF [%] 29.510 33.530 32.070 37.310 35.420 32.610
$ [%] 0.127 0.292 0.254 0.228 0.265 0.155



stated above. An increase in the absorption intensity
after annealing suggests an increased packing of
chains in the PDDTTBT domains, indicating the
more ordered structure of PDDTTBT. The red-
shifts for the three bands imply that the conjugation
length in PDDTTBT was enhanced by the heat
treatment.
At annealing temperature of 75°C, although the
intensities of last two bands increase, the first peak
disappears accompanying with a distinctive blue-
shift of the entire absorption band. The films heat-
treated at 100 and 125°C show similar behaviors.
Further increasing the annealing temperature to
150°C, however, results in a dramatic decrease in
the intensities of last two bands while the first peak
reappears in the vicinity of 362 nm. The irregular
changes in intensity and wavelength for the absorp-
tion bands with the annealing temperature may be
associated with the molecular structure of the D–A
type copolymer due to both donor and acceptor seg-
ments possessing pendent side chains. When the
film annealed at 50°C, the intermolecular packing
of both fused-thiophene ring and BT unit could be
accommodated by the decrease in the steric hin-
drance of the pendent side chains because of their
easier movements than the rigid polymer backbone.
Hence, the total absorption in the entire range is
comparatively larger than other annealing tempera-
tures. However, when the annealing temperature was
raised to 75°C (above the Tg of PDDTTBT), the
rigid polymer backbone also became mobile accom-
panying with a development of a new packing state
and thus rendering a different absorption pattern. In
this case, side chain ordering may decrease while the
main chain planarity is enhanced. This may result in

a decrease of intermolecular packing because of the
steric hindrance of more mobile side chains and an
increase of ICT interaction due to more planar struc-
ture of polymer backbone. Therefore, the absorption
peak at 380 nm due to the !–!* transition of the
dithienothiophene moiety disappears whereas the
absorption at 412–580 nm increases. The similar
absorption behavior with increasing absorption
intensity was observed for the film annealed at 100
and 125°C, indicating that the ICT interaction
increased with increasing annealing temperature.
For the sample annealing at 150°C, both side chains
and main chains of the PDDTTBT molecules could
move simultaneously, leading to disordered pack-
ing state similar to that of untreated PDDTTBT
film. Similar spectrum to that of the untreated
PDDTTBT film was thus observed. As a result, the
sample annealed at 50 or 125°C could provide opti-
mal optoelectronic properties for PDDTTBT and
PCBM blend films, as seen in Table 1.
The PL spectra for blend films annealed at different
temperatures are shown in Figure 7. The PL inten-
sity increases with the increase of photogenerated
excitons that do not take part in charge separation.
Hence, the phenomenon of PL quenching can be
attributed to the effective charge transfer in the
interfacial region of donor-acceptor junction. Nor-
mally, PL quenching increases with the increase of
interfacial area between donor and acceptor materi-
als in the active layer. Furthermore, the higher mobil-
ity of donor material after thermal annealing may
increase the µh/µe ratio and reduce the mobility mis-
match between hole and electron transport and thus
enhance the charge separation in the active layer.
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Figure 6. UV-vis absorption spectra of PDDTTBT:PCBM
blend films after annealing at different tempera-
tures for 30 min

Figure 7. Photoluminescence spectra of PDDTTBT:PCBM
blend films after annealing at different tempera-
tures for 30 min with excitation at 375 nm



Therefore, if the charge mobility of the PDDTTBT
polymer is improved due to annealing treatment
and more ordered packing, the quenching effect
will be enhanced. PL quenching provides direct evi-
dence for exciton dissociation, and thus efficient PL
quenching is necessary to obtain efficient organic
solar cells. As shown in the Figure%6, it seems that
the PL intensity decreases with the increase of UV-
vis intensity. The PL intensity shows a minimum at
thermal annealing of 50°C. This significant reduc-
tion in the PL intensity is attributed to efficient pho-
toinduced charge separation between electron-donat-
ing (PDDTTBT) and electron-accepting (PCBM)
molecules. This may be attributed to the higher
charge carrier mobility or higher interfacial area
between D–A molecules compared with those of
other annealing temperatures. Hence, the highest
power conversion efficiency (0.292%) has been
achieved by this blend film as shown in Figure 8
and Table 1.
However, this does not necessarily mean that the
stronger the PL quenching, the better the perform-
ance of the solar cells, as shown in the curves for
the annealing temperature at 75 and 100°C. Although
the PL intensity of the blend film annealed at 125°C
is a little higher in comparison with that of the film
annealed at 100°C, the power conversion efficiency
for the film annealed at 125°C is the second best as

shown in Figure 8 and Table 1. As we stated in a pre-
vious study [33], it is probable that (1) the increase of
optical absorption in the visible light region, (2) he
improved charge carrier mobility in both donor and
acceptor phases after thermal annealing, and (3) the
increased interfacial area between the donor and
acceptor phases, offsets the former effect (PL quench-
ing) and results in an overall improvement in device
performance. Moreover, as we will discuss in the
following part, it seems that the higher value of roughness
and higher degree of nano scale phase separation in the
blend film annealed at 50°C enhance the transport
rate of charge carriers to the metal electrode and
reduce the charge recombination of the excitons.

3.6. Effect of thermal annealing on phase
morphology

Since the morphology of the heterojunction plays
an important role on the performance of polymer
solar cells, we studied the topography of blend
films of PDDTTBT:PCBM (1:1, w/w) by AFM.
Although the AFM images of film surfaces at dif-
ferent annealing temperatures have been taken, for
the sake of simplicity, only three representative
images are shown in Figure 9 for comparison. The
values of average roughness and root-mean-square
roughness for the blend films are shown in Table 2.
It is clear that the images for both the as-prepared
film and the film annealed at 150°C look relatively
smooth. It is evident that the rougher surface
observed in the film annealed at 50°C increases the
contact area between the active layer and the metal
electrode. In addition, as shown in Figure 9b and
9e, both PDDTTBT and PCBM domains are uni-
formly distributed throughout the surface of the
film, indicating the nanoscale interpenetrating net-
work has been formed in this blend, which can ben-
efit not only the charge separation but also the
charge transport. Hence, the transport rate of charge
carriers to the metal electrode is higher and the
recombination rate of excitons is reduced. There-
fore, the J-V curve for the film annealed at 50°C
reveals an increase of Jsc to 1.933 mA/cm2 which is
almost twice of that of the film annealed at 150°C.
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Figure 8. J-V characteristics of devices under AM 1.5 sim-
ulated solar illumination at an intensity of
100 mW/cm2 after annealing at different tempera-
tures for 30 min

Table 2. Surface roughness of PDDTTBT:PCBM blend films obtained from AFM after annealing at different temperatures
for 30%min

Annealing temperature RT 50°C 75°C 100°C 125°C 150°C
Average Roughness [nm] 1.49 1.63 1.57 1.40 1.04 0.92
Root mean square [nm] 2.14 2.75 2.09 1.81 1.39 1.20



3.7. External quantum efficiency and solar
cell performance

In order to learn more on the recombination mecha-
nisms in the PDDTTBT/PC61BM photoactive layer,
EQE measurements with different annealing tem-

peratures were performed on the solar cell devices
(Figure 10).
As seen in the figure, the EQE spectra of blend
films exhibit similar patterns with the optical data.
For the untreated sample, two dominant bands pres-
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Figure 9. AFM topography images (3 µm&'&3 µm) of PDDTTBT:PCBM blend films after annealing at different tempera-
tures for 30 min. 2D height image for the blend film (a) unannealed, (b) annealed at 50°C, (c) annealed at 150°C.
Phase image for the blend film (d) unannealed, (e) annealed at 50°C, (f) annealed at 150°C.



ent at 364 and 446 nm, the obtained EQE is only
10.4 and 6.2%, correspondingly. After thermal treat-
ment for the blend films, the EQE is significantly
improved with minor changes in the peak position.
Among the EQE spectra taken at different anneal-
ing temperatures, the film annealed at 50°C almost
demonstrates the highest EQE in the most illumi-
nated regions by possessing the EQE of two domi-
nant bands, at 377 and 460 nm, respectively, reach-
ing ca. 20.2 and 9.3%. Consequently, the highest
power conversion efficiency (0.292%) has been
achieved by this blend film. However, the EQE val-
ues are still small compared to those of high per-
formance PSCs. The low EQE may be attributed to
the high recombination rate of charge carriers in the
PDDTTBT/PC61BM blend system, which results
in the low photocurrent.

4. Conclusions
The D–A type copolymer PDDTTBT based on
DDTT and BT units has been synthesized and
employed as the donor material in the active layer
of BHJ-type polymer solar cells. UV-vis absorption
spectra indicated that a low bandgap polymer with a
wide absorption band has been obtained. After
annealing treatment, an irregular absorption trend
in UV-vis spectra was observed due to both donor
and acceptor segments possessing pendent side
chains. When the blend film was treated at an opti-
mum condition (50°C/30 min), the PV cell per-
formance was dramatically improved and the power
conversion efficiency of device reached to 0.292%
under white light illumination (100 mW/cm2). We
attribute the higher efficiency to enhanced 3-D
interpenetrating networks in the active layer,

increase of light absorption, and improved carrier
mobility.

Acknowledgements
We gratefully acknowledge the support of the National Sci-
ence Council of Republic of China with Grant NSC 99-
2221-E-390 -001-MY3.

References
  [1] Inganäs O., Svensson M., Zhang F., Gadisa A., Pers-

son N. K., Wang X., Andersson M. R.: Low bandgap
alternating polyfluorene copolymers in plastic photo-
diodes and solar cells. Applied Physics A: Materials
Science and Processing, 79, 31–35 (2004).
DOI: 10.1007/s00339-003-2498-5

  [2] Zhang F., Mammo W., Andersson L. M., Admassie S.,
Andersson M. R., Inganäs O.: Low-bandgap alternat-
ing fluorene copolymer/methanofullerene heterojunc-
tions in efficient near-infrared polymer solar cells.
Advanced Materials, 18, 2169–2173 (2006).
DOI: 10.1002/adma.200600124

  [3] Gadisa A., Mammo W., Andersson L. M., Admassie
S., Zhang F., Andersson M. R., Inganäs O.: A new
donor–acceptor–donor polyfluorene copolymer with
balanced electron and hole mobility. Advanced Func-
tional Materials, 17, 3836–3842 (2007).
DOI: 10.1002/adfm.200700441

  [4] Espinosa N., Hösel M., Angmo D., Krebs F. C.: Solar
cells with one-day energy payback for the factories of
the future. Energy and Environmental Science, 5,
5117–5132 (2012).
DOI: 10.1039/C1EE02728J

  [5] Zhao G., He Y., Li Y.: 6.5% efficiency of polymer solar
cells based on poly(3-hexylthiophene) and indene-C60
bisadduct by device optimization. Advanced Materials,
22, 4355–4358 (2010).
DOI: 10.1002/adma.201001339

  [6] Chang C-Y., Wu C-E., Chen S-Y., Cui C., Cheng Y-J.,
Hsu C-S., Wang Y-L., Li Y.: Enhanced performance
and stability of a polymer solar cell by incorporation
of vertically aligned, cross-linked fullerene nanorods.
Angewandte Chemie International Edition, 50, 9386–
9390 (2011).
DOI: 10.1002/anie.201103782

  [7] Peet J., Kim J. Y., Coates N. E., Ma W. L., Moses D.,
Heeger A. J., Bazan G. C.: Efficiency enhancement in
low-bandgap polymer solar cells by processing with
alkane dithiols. Nature Materials, 6, 497–500 (2007).
DOI: 10.1038/nmat1928

  [8] Wang E. G., Wang L., Lan L. F., Luo C., Zhuang W.,
Peng J., Cao Y.: High-performance polymer hetero-
junction solar cells of a polysilafluorene derivative.
Applied Physics Letters, 92, 033307/1–033307/3
(2008).
DOI: 10.1063/1.2836266

                                                   Wang et al. – eXPRESS Polymer Letters Vol.7, No.1 (2013) 63–75

                                                                                                     73

Figure 10. EQE spectra of PDDTTBT:PC61BM blend
films after annealing at different temperatures
for 30 min

http://dx.doi.org/10.1007/s00339-003-2498-5
http://dx.doi.org/10.1002/adma.200600124
http://dx.doi.org/10.1002/adfm.200700441
http://dx.doi.org/10.1039/C1EE02728J
http://dx.doi.org/10.1002/adma.201001339
http://dx.doi.org/10.1002/anie.201103782
http://dx.doi.org/10.1038/nmat1928
http://dx.doi.org/10.1063/1.2836266


  [9] Zhan X., Tan Z., Domercq B., An Z., Zhang X., Bar-
low S., Li Y., Zhu D., Kippelen B., Marder S. R.: A
high-mobility electron-transport polymer with broad
absorption and its use in field-effect transistors and all-
polymer solar cells. Journal of the American Chemical
Society, 129, 7246–7247 (2007).
DOI: 10.1021/ja071760d

[10] Zhou E., Yamakawa S., Tajima K., Yang C., Hashimoto
K.: Synthesis and photovoltaic properties of diketopy-
rrolopyrrole-based donor–acceptor copolymers. Chem-
istry of Materials, 21, 4055–4061 (2009).
DOI: 10.1021/cm901487f

[11] Li Y.: Molecular design of photovoltaic materials for
polymer solar cells: Toward suitable electronic energy
levels and broad absorption. Accounts of Chemical
Research, 45, 723–733 (2012).
DOI: 10.1021/ar2002446

[12] Hou J., Chen H-Y., Zhang S., Li G., Yang Y.: Synthe-
sis, characterization, and photovoltaic properties of a
low band gap polymer based on silole-containing
polythiophenes and 2,1,3-benzothiadiazole. Journal of
the American Chemical Society, 130, 16144–16145
(2008).
DOI: 10.1021/ja806687u

[13] Liang Y., Wu Y., Feng D., Tsai S-T., Son H-J., Li G.,
Yu L.: Development of new semiconducting polymers
for high performance solar cells. Journal of the Ameri-
can Chemical Society, 131, 56–57 (2009).
DOI: 10.1021/ja808373p

[14] Park S. H., Roy A., Beaupré S., Cho S., Coates N.,
Moon J. S., Moses D., Leclerc M., Lee K., Heeger A.
J.: Bulk heterojunction solar cells with internal quan-
tum efficiency approaching 100%. Nature Photonics,
3, 297–302 (2009).
DOI: 10.1038/nphoton.2009.69

[15] Lee K., Sotzing G. A.: Poly(thieno[3,4-b]thiophene).
A new stable low band gap conducting polymer. Macro-
molecules, 34, 5746–5747 (2001).
DOI: 10.1021/ma0106245

[16] Sotzing G. A., Lee K.: Poly(thieno[3,4-b]thiophene):
A p- and n-dopable polythiophene exhibiting high
optical transparency in the semiconducting state.
Macromolecules, 35, 7281–7286 (2002).
DOI: 10.1021/ma020367j

[17] Lee B., Yavuz M. S., Sotzing G. A.: Poly(thieno[3,4-b]
thiophene)s from three symmetrical thieno[3,4-b]thio-
phene dimers. Macromolecules, 39, 3118–3124 (2006).
DOI: 10.1021/ma0526746

[18] Sun Y. M., Ma Y. Q., Liu Y. Q., Lin Y. Y., Wang Z. Y.,
Wang Y., Di C. A., Xiao K., Chen X. M., Qiu W. F.,
Zhang B., Yu G., Hu W. P., Zhu D. B.: High-perfor-
mance and stable organic thin-film transistors based
on fused thiophenes. Advanced Functional Materials,
16, 426–432 (2006).
DOI: 10.1002/adfm.200500547

[19] Sun Y., Liu Y., Ma Y., Di C., Wang Y., Wu W., Yu G.,
Hu W., Zhu D.: Organic thin-film transistors with high
mobilities and low operating voltages based on 5,5!-
bis-biphenyl-dithieno[3,2-b:2!,3!-d]thiophene semi-
conductor and polymer gate dielectric. Applied Physics
Letters. 88, 242113/1–242113/3 (2006).
DOI: 10.1063/1.2209213

[20] Li J., Qin F., Li C. M., Bao Q., Chan-Park M. B.,
Zhang W., Qin J., Ong B. S.: High-performance thin-
film transistors from solution-processed dithienothio-
phene polymer semiconductor nanoparticles. Chem-
istry of Materials, 20, 2057–2059 (2008).
DOI: 10.1021/cm703567g

[21] Lu K., Di C., Xi H., Liu Y., Yu G., Qiu W., Zhang H.,
Gao X., Liu Y., Qi T., Du C., Zhu D.: Novel copoly-
mers incorporating dithieno[3,2-b:2!,3!-d]thiophene
moieties for air-stable and high performance organic
field-effect transistors. Journal of Materials Chemistry,
18, 3426–3432 (2008).
DOI: 10.1039/B801603H

[22] Millefiorini S., Kozma E., Catellani M., Luzzati S.:
Dithienothiophene based polymer as electron donor in
plastic solar cells. Thin Solid Films, 516, 7205–7208
(2008).
DOI: 10.1016/j.tsf.2007.12.077

[23] Zhang S., Guo Y., Fan H., Liu Y., Chen H-Y., Yang G.,
Zhan X., Liu Y., Li Y., Yang Y.: Low bandgap #-conju-
gated copolymers based on fused thiophenes and ben-
zothiadiazole: Synthesis and structure-property rela-
tionship study. Journal of Polymer Science Part A:
Polymer Chemistry, 47, 5498–5508 (2009).
DOI: 10.1002/pola.23601

[24] Chen J., Cao Y.: Development of novel conjugated
donor polymers for high-efficiency bulk-heterojunc-
tion photovoltaic devices. Accounts of Chemical
Research, 42, 1709–1718 (2009)
DOI: 10.1021/ar900061z

[25] Arias A. C., MacKenzie J. D., Stevenson R., Halls J. J.
M., Inbasekaran M., Woo E. P., Richards D., Friend R.
H.: Photovoltaic performance and morphology of poly-
fluorene blends: A combined microscopic and photo-
voltaic investigation. Macromolecules, 34, 6005–6013
(2001).
DOI: 10.1021/ma010240e

[26] Snaith H. J., Greenham N. C., Friend R. H.: The origin
of collected charge and open-circuit voltage in blended
polyfluorene photovoltaic devices. Advanced Materi-
als, 16, 1640–1645 (2004).
DOI: 10.1002/adma.200305766

[27] Svensson M., Zhang F., Veenstra S. C., Verhees W. J.
H., Hummelen J. C., Kroon J. M., Inganäs O., Anders-
son M. R.: High-performance polymer solar cells of an
alternating polyfluorene copolymer and a fullerene
derivative. Advanced Materials, 15, 988–991 (2003).
DOI: 10.1002/adma.200304150

                                                   Wang et al. – eXPRESS Polymer Letters Vol.7, No.1 (2013) 63–75

                                                                                                     74

http://dx.doi.org/10.1021/ja071760d
http://dx.doi.org/10.1021/cm901487f
http://dx.doi.org/10.1021/ar2002446
http://dx.doi.org/10.1021/ja806687u
http://dx.doi.org/10.1021/ja808373p
http://dx.doi.org/10.1038/nphoton.2009.69
http://dx.doi.org/10.1021/ma0106245
http://dx.doi.org/10.1021/ma020367j
http://dx.doi.org/10.1021/ma0526746
http://dx.doi.org/10.1002/adfm.200500547
http://dx.doi.org/10.1063/1.2209213
http://dx.doi.org/10.1021/cm703567g
http://dx.doi.org/10.1039/B801603H
http://dx.doi.org/10.1016/j.tsf.2007.12.077
http://dx.doi.org/10.1002/pola.23601
http://dx.doi.org/10.1021/ar900061z
http://dx.doi.org/10.1021/ma010240e
http://dx.doi.org/10.1002/adma.200305766
http://dx.doi.org/10.1002/adma.200304150


[28] Boudreault P-L. T., Michaud A., Leclerc M.: A new
poly(2,7-dibenzosilole) derivative in polymer solar
cells. Macromolecular Rapid Communications 28,
2176–2179 (2007).
DOI: 10.1002/marc.200700470

[29] Blouin N., Michaud A., Leclerc M.: A low-bandgap
poly(2,7-carbazole) derivative for use in high-perfor-
mance solar cells. Advanced Materials, 19, 2295–2300
(2007).
DOI: 10.1002/adma.200602496

[30] Moulé A. J., Tsami A., Bünnagel T. W., Forster M.,
Kronenberg N. M., Scharber M., Koppe M., Morana
M., Brabec C. J., Meerholz K., Scherf U.: Two novel
cyclopentadithiophene-based alternating copolymers
as potential donor components for high-efficiency
bulk-heterojunction-type solar cells. Chemistry of
Materials, 20, 4045–4050 (2008).
DOI: 10.1021/cm8006638

[31] Bundgaard E., Hagemann O., Manceau M., Jørgensen
M., Krebs F. C.: Low band gap polymers for roll-to-
roll coated polymer solar cells. Macromolecules, 43,
8115–8120 (2010).
DOI: 10.1021/ma1015903

[32] Bundgaard E., Hagemann O., Jørgensen M., Krebs F.
C.: Low band gap polymers for roll-to-roll coated
organic photovoltaics – Design, synthesis and charac-
terization. Green, 1, 55–64 (2011).
DOI: 10.1515/green.2011.005

[33] Wang T-L., Yeh A-C., Yang C-H., Shieh Y-T., Chen W-
J., Ho T-H.: Synthesis and photovoltaic properties of a
low bandgap donor–acceptor alternating copolymer
with benzothiadiazole unit. Solar Energy Materials
and Solar Cells, 95, 3295–3302 (2011).
DOI: 10.1016/j.solmat.2011.07.021

[34] He M., Zhang F.: Synthesis and structure of alkyl-sub-
stituted fused thiophenes containing up to seven rings.
The Journal of Organic Chemistry, 72, 442–451 (2007).
DOI: 10.1021/jo061853y

[35] Bouffard J., Swager T. M.: Fluorescent conjugated
polymers that incorporate substituted 2,1,3-benzooxa-
diazole and 2,1,3-benzothiadiazole units. Macromole-
cules, 41, 5559–5562 (2008).
DOI: 10.1021/ma8010679

[36] Tauc J.: Amorphous and liquid semiconductors.
Plenum Press, New York (1974).

[37] Cervini R., Holmes A. B., Moratti S. C., Köhler A.,
Friend R. H.: Synthesis of new conjugated thiophene
polymers. Synthetic Metals, 76, 169–171 (1996).
DOI: 10.1016/0379-6779(95)03445-P

[38] Li Y., Xue L., Li H., Li Z., Xu B., Wen S., Tian W.:
Energy level and molecular structure engineering of
conjugated donor–acceptor copolymers for photo-
voltaic applications. Macromolecules, 42, 4491–4499
(2009).
DOI: 10.1021/ma900623p

                                                   Wang et al. – eXPRESS Polymer Letters Vol.7, No.1 (2013) 63–75

                                                                                                     75

http://dx.doi.org/10.1002/marc.200700470
http://dx.doi.org/10.1002/adma.200602496
http://dx.doi.org/10.1021/cm8006638
http://dx.doi.org/10.1021/ma1015903
http://dx.doi.org/10.1515/green.2011.005
http://dx.doi.org/10.1016/j.solmat.2011.07.021
http://dx.doi.org/10.1021/jo061853y
http://dx.doi.org/10.1021/ma8010679
http://dx.doi.org/10.1016/0379-6779(95)03445-P
http://dx.doi.org/10.1021/ma900623p


1. Introduction
Rotational molding has been regarded as a polymer
processing technique with great potential [1]. The
obtained products are virtually stress-free and with-
out weld lines. Moreover there is no material waste,
and the required molds are relatively inexpensive.
Yet, its widespread growth is hindered by long pro-
duction cycle times as well as by the fact that one
can only use dry powders in order to meet material
property demands. This is particularly true for poly-
ethylene, which has limited properties. Several high
performance resins, such as polyamides and poly-
carbonates, are also available to rotomolders offer-
ing better properties, but at a cost.

One way to overcome issues involved in the rota-
tional molding of powders as well as gain engineer-
ing material properties is to utilize liquid resins.
Immediate advantages include a reduced cycle time,
an excellent reproduction of surface detail and a
wider range of material properties. Based on these
strong points, the use of liquid resin systems when
performing rotational molding would offer numer-
ous manufacturing benefits over the conventional
powder process [2].
Additionally, the use of the RRM process renders
possible the synthesis of engineering thermoplas-
tics, e.g., polyamide 6 (PA6), with high molecular
weights. In the case of PA6, this is done through
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anionic polymerization of caprolactam by the aid of
chain initiators and catalysts [3].
It is well known that anionic polymerization of !-
CL (APCL) occurs faster (i.e., over a few minutes)
than classical hydrolytic polymerization, which
takes about 12–24 h [4]. A fast polymerization
process in addition to good mechanical properties
of PA6 results in a wide range of applications for
this polymer in reaction injection molding [5, 6],
rotational molding [1, 7] and centrifugal molding
[8–9]. This makes PA6 one of the main engineering
materials in use today.
According to different reports [10–17], there are
three main parameters that govern the polymeriza-
tion of APCL: the catalyst (type and concentration),
activator (type and concentration), and also the ini-
tial polymerization temperature. In almost all pub-
lished studies, this process has been carried out in
an inert atmosphere.
There are a number of problems that are inherent to
the processing of reactive monomers and that limit
the development and uptake of the process in indus-
try [18]. These problems, which include difficulties
in controlling the reaction viscosity and an uneven
distribution of material, coupled with a lack of
research in this area, have kept the use of reactive
monomer systems in the rotational molding indus-
try to a minimum [1]. Thus, one needs to gain funda-
mental understanding of the RRM of !-caprolactam
in order to determine a means to control its viscos-
ity during anionic polymerization which in turn
would facilitate industrial applications. Although the
feasibility of the reaction has been known for a long
time, there is still only limited industrial exploita-
tion [19].
The influence of polymerization conditions (i.e.,
catalyst and activator type and also catalyst/activa-
tor combination) on the rate of polymerization is
reported in the literature [14, 20, 21]. However, the
choice of polymerizations conditions for the RRM
process has yet to be described and optimized. As a
continuation of previous investigations [1, 2], which
report on the possibility of reactive rotomolding of
defect-free Nyrim® parts, our study presents a com-
plementary approach based on determining the pro-
cessing parameters required to obtain a polyamide 6
through reactive rotational molding by anionic
polymerization of !-caprolactam (APA6). The reac-
tive mixture (caprolactam, catalyst and activator)
was injected into a mold and the PA6 was formed

in-situ by the anionic polymerization of !-caprolac-
tam at the set temperature during rotational mold-
ing.
In a first step, the article discusses the influence of
the concentration and combination of activator and
initiator, as well as the effect of the polymerization
temperature on the kinetics of polymerization. The
aim was to choose a suitable APA6 formulation for
RRM processing with shorter cycle times. Subse-
quently, we attempted to define the optimal condi-
tions of rotational molding by constructing isovis-
cosity curves and to understand the reactive forming
process by monitoring the viscosity. Finally, the
process has been described by contrasting it with
classical rotational molding, and as a result, the
properties of APA6 and PA6 were also compared.

2. Experimental
2.1. Materials
2.1.1. Monomer, activator and catalysts of

anionic polyamide 6
An anionic polymerization grade of the caprolac-
tam monomer (AP-NYLON® Caprolactam) was
used in this study (Figure 1) as it has a low moisture
content (<100 ppm). The monomer also has a low
viscosity (4.87 mPa·s at 100°C) and a low melting
point (Tm = 69°C).
Brüggolen C20, a difunctional hexamethylene-1,6-
dicarbamoylcaprolactam (2 mol/kg concentration
in caprolactam) was added as an activator in combi-
nation with Brüggolen C10, sodium caprolactamate
(1 mol/kg concentration in caprolactam) or Brüg-
golen C1, caprolactam magnesium bromide
(1.4 mol/kg concentration in caprolactam). The
melt temperatures of C20, C1 and C10 were 60°C
and the substances were used to control the speed
and quality of the AP process.
All reactants were supplied by Bruggemann Chem-
ical, Germany, in sealed polyethylene-lined alu-
minum drums and were used without further pro-
cessing or purification. Since anionic polymeriza-
tion of !-caprolactam is very sensitive to moisture,
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Figure 1. Chemical structures of (a) !-caprolactam CL,
(b) hexamethylene-1,6 dicarbamoylcaprolactam
C20, (c) sodium caprolactamate C10, and (d) capro-
lactam magnesium bromide C1 [14]



all the materials were dried overnight at 40°C under
vacuum before use. The chemical structure of each
material is presented in Figure 1, and the chemical
pathway for the catalyst-activated !-caprolactam
reaction based on the C1/C20 combination is shown
in Figure 2 [14].

2.1.2. PA6 (capron) obtained with the classical
rotational molding process

The PA6 used in this work is a commercial product
referenced as Capron® RXA1482RO HS and sup-
plied by BASF (France). The resin was available in
powder form. Its number average molar mass was
34 000 g/mol, and the melting point of this PA6
grade was 224°C.

2.2. In-situ polymerization of !-caprolactam
2.2.1. Premix preparation
The viscosity of APA6 is a function of the concen-
tration of catalyst and initiator, as well as of temper-
ature and time. Various formulations were investi-
gated. The premix was charged to a reaction vessel
and heated in an oil bath at 80°C under a nitrogen
atmosphere: the monomer/activator-mixture was
thus melted under stirring. In a second vessel, the
catalyst was melted with the caprolactam. Subse-
quently, both mixtures were blended together and
immediately characterized by DSC and with a

rheometer in order to monitor in situ the anionic
polymerization of !-caprolactam. The various pre-
mixes reported in Table 1 in different mass ratio
were denoted CL/CX/CY(% caprolactam/% cata-
lyst/% activator).

2.2.2. Polymerization kinetics
(chemorheology, DSC)

The polymerization kinetics was monitored through
isothermal measurements of the reaction exotherm
with a differential scanning calorimeter (DSC Q10,
TA Instruments, USA) and an ARES rheometer
(Rheometeric Scientist, USA) used as a chemical
reactor. The temperatures and compositions were
varied with the aim of determining the process
parameters.
In the case of the rheological analysis, the premix
was shaken and quickly introduced with a syringe
into the (0.06) mm gap set between the preheated
cone and plate geometry at the polymerization tem-
perature. The plate had a diameter of 40 mm. Thus,
the exchange surface between the polymerization
medium and the area was small in comparison to
the volume, thereby limiting the loss of premix by
evaporation. The variations in complex viscosity
during the polymerization step were then monitored
by time sweep oscillatory experiments under a
shear stress of 0.05 Pa and an angular frequency of
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Figure 2. Anionic polymerization of !-caprolactam into polyamide-6, using hexamethylene-1,6-dicarbamoylcaprolactam
(C20) as the activator and caprolactam magnesium bromide (C1) as the initiator [14]

Table 1. Designations and compositions of premixes

Premix Mass ratio CL
[g]

Mass ratio C1
[g]

Mass ratio C10
[g]

Mass ratio C20
[g]

100/3/3(CL/C1/C20) 100 3 3
100/3/3(CL/C10/C20) 100 3 3
100/4/4(CL/C1/C20) 100 4 4



1 rad/s. Nitrogen gas was used to prevent thermal
oxidation.
The objective of the isothermal DSC analysis was
to measure the reaction of polymerization heat flow
versus time at several constant temperatures. The
activator and catalyst were added to the molten
monomer just above its melting point and this mix-
ture was then quenched in nitrogen liquid to stop
the reaction.

2.2.3. Reactive rotational molding process of
APA6

A Rotoline pilot-scale shuttle-type rotational mold-
ing machine with an aluminum cube mold and a
volume of 25"#25"#10 cm3 was used to produce the
PA6 parts. The Datapaq® Tracker Telemetry system
was utilized to measure, in real time, the tempera-
tures of the oven, the external wall of the mold, and
the internal air/nitrogen during the processing cycle.
The reactive premixes were poured in the mold
through an air vent, after which the mold’s rotation
and the thermal cycle were started. The rotation
speeds of the two axes were 4 and 5 rpm.
The typical chemorheology of a reactive liquid sys-
tem is shown in Figure 3 [2]. It includes four main
steps, and for each regime a certain viscosity is
required. At the start of the process, the viscosity
needs to be relatively low so that the rotating pool
mixes the ingredients and only deposits a thin film
of reactive resin on the mold surface. As the pro-
cessing time progresses, the viscosity should slowly
rise so that the cascading flows distribute a thicker
layer evenly over the mold. In the last flow phase,
rimming finalizes the even distribution of resin on

the mold until gelation occurs, resulting in solid
body rotation.

2.3. Characterization methods
2.3.1. Differential scanning calorimetry (DSC)
Differential scanning calorimetry (DSC Q10, TA
Instruments, USA) was performed to investigate the
crystallization and melting behaviors of the APA6
samples. Specimens with weights of 5–10 mg were
cut for the measurement. Thermograms were recorded
in three consecutive runs: (1) a first heating run,
from room temperature to 240°C, followed by (2)
cooling, from 240 to 25°C and finally (3) a second
heating run, from 25 to 240°C. All experiments were
performed at a heating/cooling rate of 10°C/min
under an argon atmosphere to avoid thermal degra-
dation. The degree of crystallisation, "c, was calcu-
lated considering a melting enthalpy of 190 J/g for a
100% crystalline polyamide 6 [17].
The polymerization was exothermic and the experi-
ments involved measuring the reaction heat flow
versus time at several constant temperatures. The
activator and catalyst were added to the molten
monomer just above its melting point after which
the mixture was quenched in liquid nitrogen to stop
the reaction. The cold (crystallized) mixture was
then sealed in DSC capsules under a dry and oxy-
gen-free atmosphere.

2.3.2. Monomer conversion
The degrees of conversion (X) of the APA6 samples
were determined for various resin formulations at
several temperatures. The polymerized samples
were ground, weighed (mtot) and refluxed overnight
in demineralized water. After drying, the samples
were weighed again (mpol). While the caprolactam
monomer dissolved easily in water, the polyamide-
6 did not and the degree of conversion was conse-
quently determined according to Equation (1) [23]:

                                                (1)

2.3.3. The viscometric weight-average molecular
weight

The molecular weight (Mw) of the polyamides was
determined by intrinsic viscosity measurements
using formic acid as solvent at a concentration of
0.2 g/dL with a suspended-level Ubbelohde vis-
cometer at 25°C. Based on the results from the

X 5
mpol

mtot
~
100,X 5

mpol

mtot
~
100,
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Figure 3. Typical variation of viscosity with curing time for
a reactive liquid compared with an ideal flow
behavior [22] (Redrawn from Figure 6.39 of
Crawford and Throne with modification)



intrinsic viscosity measurements (#), Mw could be
determined according to Equation (2) [5]:

Mw = 2.81·104 #1.35                                              (2)

2.3.4. Mechanical characterization
The tensile specimens were obtained with a tensile
Sample Cutting Die from rotomolded parts in press
at 80°C.
Tensile tests were carried out using a conventional
Instron tensile machine at room temperature accord-
ing to ASTM D368M test, with a crosshead speed
of 10 mm/min. At least five specimens were tested
for each material.

3. Results and discussion
3.1. Optimizing polymerization conditions for

the RRM process
3.1.1. Choice of activator – catalyst combination
The polymerization reaction consists of three steps:
(i) anion formation, (ii) complex formation between
the catalyst and the activator and (iii) polymeriza-
tion through the anions during which an anion is
regenerated after addition of a monomer [20].
Figure 4 shows the change in complex viscosity dur-
ing the APCL in the presence of two activator-cata-
lyst combinations (C20–C1 and C20–C10) poly-
merized at 160°C. The polymerization seemed to get
off to a slow start when the C1 catalyst was used, as
proven by the viscosity remaining constant at short
times since no complex was formed initially [23].

However, after a single monomer addition, the car-
bamoylcaprolactam group was replaced by an acetyl-
caprolactam group. Since the latter was able to form
a complex with the initiator, the reaction rate
increased after a while.
In the case where catalyst C10 was used, there was
no induction period for the AAPCL. This behavior
was due to the complex formation between the cat-
alyst C10 and the activator C20 [23]. It could thus
be concluded that the C20–C10 formulation was
unsuitable for the RRM process due to the reaction
being immediate and the liquid not having enough
time to spread before gelation, causing defects to be
generated. As an alternative, the slower reacting
formulation, that is C20–C1, could provide the
required time window for the RRM process. As can
be seen in Figure 4, there was an induction time of
6 minutes before the start of polymerization.

3.1.2. Effect of polymerization temperature and
activator-catalyst concentration

Figure 5 shows that the final steady-state value of
the complex viscosity did not seem to depend on
the temperature, but rather on the time of the poly-
merization reaction. It can be noted that the induc-
tion time decreased with increasing temperature
and concentration of C1/C20. Besides the type of
activator and initiator used, also the amount of these
reactive species and the temperature influenced the
reaction [23]. It was shown that the concentration
and polymerization temperature increased the poly-
merization rate.
A higher concentration of the activator increased
the amount of initiator points for chain growth [23].
Also, with a higher concentration of catalyst, more
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Figure 4. In situ polymerization of !-caprolactam between
the plates of the rheometer at T = 160°C for two
activator- catalyst combination

Figure 5. Effect of the polymerization temperature and con-
centration on the viscosity time profile of CL/C1/
C20



anions were set free and more complexes could be
formed. As a consequence, the polymerization rate
went up.

In-situ monitoring of polymerization and
crystallization by rheology and DSC
The monitoring of the change in crystallinity of the
APA6 material during the reaction is shown in Fig-
ures 6 and 7. By combining the curves obtained
from isothermal DSC and rheological measure-
ments, it could be concluded that:
At lower temperatures (150–160°C), the crystal-
lization occurred faster and the heat flow pointed at
the polymerization and crystallization taking place
simultaneously and not being separated in this tem-
perature range. This simultaneous process can affect
the crystal morphology and enhance the final prop-
erties of the polymer.
At higher temperature (170–180°C), as seen in Fig-
ure 7, the crystallization began after the polymer-
ization isotherm was completed. If the polymeriza-
tion and crystallization were consecutive, i.e., if the
molecular weight build-up was completed before
the start of crystallization, the crystallization kinet-
ics would not differ from the melt-crystallized PA6
except for a time-shift equal to the time needed for
polymerization. Since the polymerization took place
below the final polymer melting and crystallization
points (Tm = 224°C, Tc = 185°C), the crystallization
became initiated during polymerization. In order to
obtain optimal polymer properties, it was essential
to balance the rate of polymerization and crystal-
lization. The reaction temperature adversely affected
both rates: with increasing temperature, the poly-
merization rate became higher, whereas the crystal-
lization slowed down [23].

At 220°C, only the PA6 polymerization occurs (the
temperature is close to the PA6 melting temperature
~224°C. In this case, the viscosity increases during
the build-up of the molecular weight.
When the reaction temperature was too low, the
crystallization was too fast and reactive chain-ends
and monomer could get trapped inside the crystals
before being able to polymerize. As a result, the
final obtained conversions were low. On the other
hand, when the reaction temperature was too high, the
growth rate of the chains was significant, whereas
the formation of crystals became delayed. The higher
the molecular weight, the more the polymer chains
became entangled. As a consequence, the resistance
encountered during crystal formation increased,
which reduced the final degree of crystallinity [23].

Influence of polymerization temperature on the
polymer melting point
Figures 8 and 9 show typical DSC thermograms of
polymer melting and crystallization peaks at several
polymerization temperatures. It can be seen that the
polymer melting temperature decreased with an
increase of the polymerization temperature. At poly-
merization temperatures below the final melting
point, the crystallization occurred during the poly-
merization and it caused an increase of the maxi-
mum melting point. As a result, crystallites formed
during polymerization which led to much higher
melting temperatures.
When increasing the polymerization temperature
from 160 to 180°C, a drop in the polymer melting

                                               Barhoumi et al. – eXPRESS Polymer Letters Vol.7, No.1 (2013) 76–87

                                                                                                     81

Figure 6. Viscosity-time profile of CL/C1/C20 (100/4/4) at
different temperatures

Figure 7. In-situ monitoring by DSC of the crystallization
during isothermal polymerization of CL/C1/C20
(100/4/4) at different temperatures



point of 2 to 6°C was observed, see Figure 8 and 9.
Three possible explanations can be given. First of all,
residual caprolactam can reduce the polymer melt-
ing point [17]. Ricco et al. have reported melting
point depressions between 3.5 and 5.8°C per wt%
residual caprolactam [25]. Second, the increasing
number of crystal imperfections induced by the for-
mation of branch-points can cause a decrease in
melting temperatures, simply because less energy is
required in order to break down a crystal [26].
It is reported for APA6 that branching can even
cause a transition in the crystal structure [25], which
is the third reason for the lower melting points. This
is explained as follows. Two types of crystals appear
in anionic PA6, i.e., those with the $-structure (Tm =
220°C) and those with the %-structure (Tm = 214°C).
For anionic PA6, it is reported that due to excessive
branching, the % content can increase [25], hence
reducing the melting point.

3.2. Processing
3.2.1. Chemorheology
In the case of reactive rotational molding, the
process is controlled by the variation in viscosity
during polymerization [2]. Since the viscosity
becomes increased as the polymerization pro-
gresses, a specific amount of time at a low viscosity
is required to spread the liquid in the mold during
rotation. It is therefore important to predict this
available induction time, as it depends on the reac-
tion kinetics and thus on the temperature.
Figures 10 and 11 present isoviscosity curves versus
time and temperature of the two premixed blends
CL/C1/C20 (100/3/3 and 100/4/4). The curves,
obtained isothermally, range from 1 to 105 Pa·s. The
one at 1 Pa·s renders it possible to determine the
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Figure 8. DSC thermograms of heating and cooling of
CL/C1/C20 (100/4/4) for various polymerization
temperatures after isothermal polymerization in
DSC

Figure 9. DSC thermogram of the cooling and second heat-
ing run for CL/C1/C20 (100/4/4) obtained with
rheological tests at different temperatures after
isothermal polymerization in the rheometer

Figure 10. The full range of isoviscosities versus time and
temperature during polymerization of CL/C1/
C20 (100/3/3)

Figure 11. The full range of isoviscosities versus time and
temperature during polymerization of CL/C1/
C20 (100/4/4)



available induction time versus temperature, as
reported by Crawford [18]. The ideal viscosity for
rotational molding of liquids is between 0.05 and
1 Pa·s. As the viscosity is dependent on temperature
and the concentration of catalyst/activator, there
was a minimum induction time for an isoviscosity
curve at high temperature and concentration. Fig-
ure 10 and 11 portray the moldability zones, defin-
ing the areas where a successful rotational molding
is expected.
Below the final polymer melting temperature and
with short amounts of time, the viscosity increase
was caused by the polymerization; at longer periods
of time the viscosity increase was also due to the
crystallization [19].
The choice of minimum and optimum cycle times
requires a minimum temperature representing the
cycle that uses the lowest energy in order to obtain
the rotomolded APA6 part. Furthermore, it has been
shown that a temperature of 150°C offers the high-
est tensile properties [19, 23, 20]. Therefore, based
on the isoviscosity curves of the premix CL/C1/C20
(100/4/4), we can expect the molding operation to
be successfully carried out at this temperature with
a short cycle time.

3.2.2. Criterion for producing defect-free APA6
parts in a biaxially rotating mold

In order to achieve a properly molded part, the mate-
rial must be in the rubber state before gelation takes
place [27]. The material reaction viscosity should
increase slowly in the range within which solid
body rotation occurs. However, if the initial viscos-
ity is too low, the rate of increase will have no effect
on the finished part [18].
Figure 12 shows the viscosity profile of the premix
CL/C1/C20 (100/4/4) at 150ºC. From this profile,

the initial and minimum viscosity was determined
and, as can be seen, there was sufficient induction
time for the spreading.
The rotational speed of the primary (W1) and sec-
ondary (W2) axes was respectively 4 and 5 rpm
(4·2&/60 and 5·2&/60) rad/s in the rotational mold-
ing test. A lowest possible rotational speed should
be employed to minimize bubble formation [2]. The
material density was assumed to be 1100 kg/m3. The
wall thickness of the part was 0.002 m and the
mold’s major (R1) and minor radius (R2): were
0.125 and 0.05 m. The maximum solid-body rota-
tion viscosity for the stated range of conditions was
obtained according to Equation (3) as [2]:

                                               (3)

where $SBR = viscosity at which solid-body rotation
occurs (Equation (4)), p = fluid density, d = finished
wall part thickness, W = angular rotation speed
(W = (W1

2 + W2
2)1/2), and R cylinder radius (R =

(R1
2 + R2

2)1/2).

= 22.7 Pa·s                                                   (4)

Equation (3) predicts a viscosity of 22.7 Pa·s for
solid body rotation, and this result is marked in Fig-
ure 12. It can be seen from this that the material was
in the rubber state just before the viscosity increased
rapidly to gelation.
In summary, based on the rheological and DSC test
results, the formulation CL/C1/C20 (100/4/4) at
150°C was selected and was used to fabricate APA6
parts with the RRM process.

3.3. Comparison between rotomolding PA6
parts obtained with RM and RRM

3.3.1. Monitoring the process
Temperatures profiles for the internal air, external
mold and oven were recorded using thermocouples
during the heating and cooling cycles of Capron.
The processing conditions included: a weight charge
of 450 g, an oven temperature of 350°C, a rotational
speed of 4 and 5 rpm, and still air cooling. As, can be
seen in Figure 13, the internal air temperature rose at
a steady rate since it depended on the oven temper-
ature. It exhibited four identifiable stages: induc-
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Figure 12. Viscosity-time profile of CL/C1/C20 (100/4/4)
at 150ºC



tion, adherence of powder, melting–sintering of the
powder and fusion–densification [28, 29], as pro-
posed by Harkin-Jones and Crawford [2]. The
experimental results in Figure 10 suggest a cycle
time of 45 minute to obtain a rotomolded PA6 part.
The procedure for making a biaxially and reactive
rotational molded part was as follows. The mold
was placed in the oven until the required mold tem-
perature was achieved. The mold temperature was
output onto a computer in real time via a Rotolog
temperature measuring system. When the desired
temperature was achieved, the mold was removed
from the oven and rotated into the correct position
for filling. The vent pipe was removed from the
mold and the material was poured into the funnel, at
which stage the mold was purged with dry nitrogen.
The vent pipe was replaced as quickly as possible
and the mold was put into rotation for the required
cycle time. Finally the cooling cycle (if required)
was started.
By combining the viscosity curve of the APA6
material (Figure 12) with the rotational motion of

the mold, see Figure 14, it was determined that the
reactive premix passed through several flow phases.
Before the rotation started, the liquid formed a pool
at the bottom of the mold. During rotation the liquid
was lifted up the mold wall in the direction of the
rotation [2, 4]. The thickness of the layer is depend-
ent on the linear velocity of rotation, the liquid vis-
cosity and the liquid density. Based on the exother-
mic reaction of polymerization, as shown in Fig-
ure 12, it should be noted that the heat of melting
resulted in the heating of the liquid, reduced the vis-
cosity slightly during molding, before it started to
increase again. Eventually, the viscosity of the liq-
uid became sufficiently high for the mold wall to
support the entire pool, resulting in solid body rota-
tion. Ideally, solid body rotation should occur just
before the viscosity of the plastic starts to increase
rapidly as shown in Figure 12 [3].

3.3.2. Characterization of PA6 obtained with
RM and RRM

This section compares the thermal and tensile prop-
erties of two polyamides:
–'PA6: capron, processed by melt rotational mold-

ing (Figure 13).
–'APA6: polymerized and rotomolded by reactive

processing at a temperature of 150°C (Figure 14).
Anionic polymerization at 150°C led to a similar
degree of conversion as the melt-processed PA6
(see Table 2). However, in the case of the reactive
process, the polymer chains had already attained a
high molecular weight. Figure 15 presents typical
DSC thermograms obtained for the final samples
CL/C1/C20 (100/4/4) prepared at 150°C with RRM
and commercial PA6 (Capron) obtained with the
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Figure 13. Temperature measurement in the oven and the
mold during rotational molding of PA6 capron

Figure 14. Temperature-time profiles for rotomolded anionic
APA6: CL/C1/C20 (100/4/4) at 150°C polymer-
ized out of the mold

Table 2. Material characteristics and processing parameters
when comparing classical versus reactive process-
ing

Rotational molding technique
of PA6 Classical Reactive

Temperature T ~ 240°C T = 150°C
Cycle time t > 40 min t = 15–20 min
Speed ratio (S1/S2) 5/4 5/4
Melting point Tf [°C] 224.3 224
Degree of cristallinity [%] 28 49
Degree of conversion [%] 98.81% 98.93%
Intrinsic viscosity [dL/g] 1.07 7
Molecular weight [g/mol] 30778 182594
Tensile properties
Young’s modulus [MPa] 750 1560
Yield stress [MPa] 62 80
Elongation at break [%] 32 64



melt process. A comparison of these results indicate
that the melting temperature of this sample, i.e.,
224°C, is very close to that of PA6, i.e., 224.3°C
(see Table 2) [15]. Nevertheless, as can be seen, the
heat of melt of APA6 was greater than PA6, indicat-
ing a higher degree of crystallinity, is expected to
lead to a higher modulus and tensile strength and to
a lower elongation [10].
The initial crystallization should take place at
approx. 150°C. Since the polymerization occurred
below the final polymer melting and crystallization
points (i.e., Tm = 224°C, Tc = 187°C), the crystalliza-
tion became initiated already during polymerization
despite that this temperature was well below the
crystallization temperature of PA6 (Tc = 187°C). As
a consequence, the crystal nuclei were plentiful and
the final size of the spherulites was relatively small.
Combining this with the high molecular weight of
APA6 [22], one could expect that a single polymer
chain was part of many of these small spherulites,
which suggests a polymer morphology in which
small spherulites were connected by a well-devel-
oped network of tie-molecules [23].
Tensile tests were performed on specimens obtained
from the rotomolded parts. The typical stress-strain
curves of PA6 and APA6 are shown in Figure 16,
and a summary of the tensile properties, including
Young’s modulus (E), tensile strength (%Se), and
elongation at break (Ar%), are listed in Table 2.
APA6 polymerized at 150 °C show a pronounced
tensile modulus and yield strength when compared
with the PA6 elaborated through melting. This was
due to the significantly higher degree of crystallinity,
cf. Figure 15, Table 2. Furthermore, the correspon-
ding values of elongation at break (Table 2) were

lower. This made APA6 less ductile as compared to
the melt-processed capron.
It could therefore be concluded that, as with most
semi-crystalline polymers, the mechanical proper-
ties of APA6 were predominantly determined by the
degree of crystallinity and the level of conversion
[14]. Furthermore, such polymerization-induced
crystallization might be interesting as a means to
decrease internal stresses [20] – a result that sup-
ports the studies of K. van Rijswijk et al. [14] and
Udipi et al. [20], in which the highest tensile prop-
erties of APA6 at weak deformations were obtained
at a mold temperature of 150°C.

4. Conclusions
The kinetics of the APCL were investigated via DSC
and rheology. The use of a rheometer as a chemical
reactor rendered it possible to monitor the polymer-
ization of !-caprolactam.
In order to optimize the processing parameters for a
successful rotational molding process, the effect of
different activator–initiator concentrations and
combinations, as well as of the polymerization tem-
perature, was investigated. It was shown that, while
the reaction mechanism was determined by the acti-
vator–initiator combination, the concentration and
polymerization temperature had a large influence
on the reaction rate and the physical properties of the
polymer. The catalyst C1 was more suitable than its
C10 counterpart as it rendered possible a suitable
induction time. The formulation 100/4/4 at temper-
ature of 150°C was thus suggested.
The isoviscosity curves helped us to limit the rota-
tional molding domain. A material with a viscosity
profile could thus be formulated and tested. Finally,
the APA6 obtained by reactive processing had a
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Figure 15. DSC traces of the cooling and second heating
cycles of a APA6: Capron part obtained with
rotational molding

Figure 16. Typical stress-strain curves of PA6 Capron and
APA6 at a crosshead speed of 10 mm/min



shorter cycle time and superior tensile properties at
weak deformation as opposed to melt processed
PA6.
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1. Introduction
A lot of research on self-healing technology is under-
way for microcapsule-based coating systems over
the last decade [1–6]. In this technique, microcap-
sules rupture upon damage inducing cracks in the
coating layer, releasing their encapsulated liquid
healing agent into the crack planes. The organic and
inorganic self-healing materials, surrounded by
urea-formaldehyde (UF) thermosetting shell were
microencapsulated, and the microcapsules were
embedded into different polymer coating materials,
showing protective ability on steel plate (e.g., effec-
tive inhibition from metal corrosion and rusting) [1,
2]. A norbornene-based ring opening metathesis
polymerization (ROMP) healing agent, endo-dicy-
clopentadiene (endo-DCPD), as self healing agent
was also microencapsulated with UF shell [7–12].
UF capsules filled with endo-DCPD were devel-

oped in nano-size, which is important in fabricating
thin coating applications [3].
Recently, self-healing agents, 5-ethylidene-2-nor-
bornene (ENB) and ENB with crosslinkers, show-
ing a faster ROMP rate at lower catalyst loadings,
were microencapsulated with a ternary melamine–
urea–formaldehyde (MUF) shell in this laboratory
[11, 12]. The fabrication process is relatively very
simple with no external control of pH, and pro-
duced a narrow size distribution of capsules with no
debris. These microcapsules also had a rough outer
surface and exhibited significantly higher thermal
stability and less core material permeability when
compared to UF capsules. Small changes in the core
material during encapsulation process (e.g., going
from one core material to a closely related core
material), the manufacturing procedure (e.g., order
of input), the ratio of the reactants and additives
(e.g., typically the ratio between the main compo-
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nents of shell forming reagents), and the reaction
conditions (e.g., reacting temperature and time)
often lead to significant changes in the formation of
acceptable microcapsules.
One of the key aspects for achieving a successful
microcapsule-based self-healing system lies with
production of adequate microcapsules to be embed-
ded. Thus, microcapsules must be carefully engi-
neered in order to possess requisite strength during
handling and processing, long shelf life during stor-
age, and excellent adhesion with the cured polymer
matrix [13]. It is also critical that the liquid healing
agent within microcapsules is effectively delivered
into the crack planes after damage in order to pro-
vide efficient recovery of properties. Therefore, it is
beneficial to track the release of healing agent
through invisible cracks from incorporated micro-
capsules for the development of self-healing. The
addition of tracers such as X-ray dye [14] and UV
fluorescent material [15] for hollow fiber reinforced
composites and red dye [1] for microcapsule con-
taining coatings into the self-healing agents have
been reported for visual observations of damages.
In this study, microcapsules were synthesized for
two different self-healing agents, endo-DCPD and
ENB, containing a fluorescent dye surrounded by
MUF shell. A particle size analyzer (PSA), a ther-
mogravimetric analyzer (TGA) and a scanning elec-
tron microscope (SEM) were used to investigate
particle size/size distribution and thermal resistance
of the microcapsules and to observe morphology of
the capsules, respectively. The MUF microcapsules
containing a fluorescent dye were dispersed in an
epoxy coating layer and a fluorescence microscope
(FM) was used to track the transport of liquid heal-
ing agent through cracks after inducing the damage
on the epoxy coating.

2. Experimental
2.1. Preparation of microcapsules and

coatings
Two healing agent candidates, endo-DCPD (with
95% endo-isomer, Acros Chemical Co., Belgium)
and ENB (Sigma–Aldrich, USA) as core material,
were microencapsulated by in-situ polymerization
of melamine (M) (Sigma–Aldrich, USA), urea (U)
(Sigma–Aldrich, USA) and formaldehyde solution,
37 wt% in H2O (F) (Sigma–Aldrich, USA) to pro-
duce the MUF polymer shell in an aqueous solu-
tion. Sodium lauryl sulfate (SLS, Junsei, Japan)

was used as emulsifier, and poly(vinyl alcohol)
(PVA, degree of polymerization = 500, degree of
hydrolysis = 99.0 mol%, Junsei, Japan) as stabilizer.
Figure 1 shows the microencapsulation process in
this work. A fluorescent dye (derivative of 4,4!-
diamino-2,2!-stilbenedisulfonic acid, Hwasung Chem -
cial Co., Ltd., Korea) of 0.05 g/L was dissolved in
self-healing agents at room temperature for 10 min
before encapsulation. Also, SLS (0.5 wt%) and PVA
(6.3 wt%) aqueous solutions were prepared by heat-
ing at 70°C for 20 min and 2 h, respectively. MF
prepolymer solution was obtained from a mixture
of 3.81 g melamine and 6.89 g 37 wt% formalde-
hyde aqueous solution with 70 mL distilled water
by heating at 70°C for 25 min until it becomes clear.
Urea (0.61 g) was dissolved in 30 mL distilled water
at RT in a 250 mL reaction beaker. Subsequently,
the MF solution, 30 mL SLS solution, and 30"mL
PVA solution were added into the reaction beaker,
after raising the agitating speed to 300 rpm. Prior to
slowly adding 30"mL of core healing agent (endo-
DCPD or ENB + fluorescent dye) into the beaker, the
agitation speed was increased to 500 rpm, leading
to the formation of small droplets of the core materi-
als. This agitation step was allowed to continue for
10 min at RT to generate the stabilized emulsion,
before the temperature was raised to the nominal
reaction temperature of 85°C for 40 min and main-
tained for 320 min under continuous agitation. The
microcapsule slurry formed after the isothermal
reaction was decanted on filter paper (Advantec no.
2, Toyo Roshi Kaisha Ltd., Japan). The microcap-
sules were separated into individual capsules easily
by hand-shaking after rinsing and drying.
The microcapsules produced were mechanically
dispersed into diglydcidyl ether of bisphenol-A
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Figure 1. Microencapsulation process



(DGEBA, equivalent weight =188 g·eq–1, Kukdo
Chem., Korea) epoxy coatings cured with diethyl-
enetriamine (DETA, equivalent weight=190 g·eq–1,
Kukdo Chem., Korea) at room temperature for
24 hours. Table 1 has chemicals used for microen-
capsulation and epoxy coatings.

2.2. Characterization of microcapsules
The thermal stability of the microcapsules was exam-
ined with a thermogravimetric analyzer (TGA,
Auto-TGA Q500, TA Instruments, USA) upon heat-
ing from room temperature (RT) to 500°C for ENB-
and 600°C for endo-DCPD-microcapsules at a
scanning rate of 10°C/min in a nitrogen atmos-
phere. The size and size distribution of the micro-
capsules were obtained with a particle size analyzer
(PSA, Mastersizer 2000, Malvern Instrument, UK).
The capsule surface and shell wall thickness were
analyzed using a scanning electronic microscope
(SEM, JSM-6380, Jeol, Japan) after the microcap-
sules were spread on an adhesive tape, punctured
using a razor blade, and heated on a hotplate at
150°C for 12 hours to ensure that the core material
completely evaporated.

2.3. Damage observations
DGEBA epoxy resin was mixed with 5 wt% of
Grubbs catalyst using a mechanical stirrer for 10 min
at 500 rpm, followed by adding DETA curing agent
in an equivalent weight and mixing for additional
10 min. 5 wt% of microcapsules was added to the

epoxy solution and mixed at a slower stirring speed
of 150 rpm for 10 min. Air bubbles were removed
under vacuum for 10 min. The mixed epoxy resin
was then poured into a mold (50 mm!"5.3 mm!"
0.2 mm) made by polyurethane, and then cured at
RT for 24 h and at 50°C for 4 h. A fluorescent micro-
scope (Axiovert 40 CFL, Zeiss, Germany) was
employed to observe microcapsules before damage
and the transport of healing agent through cracks
after damage to the cured coating layer given by
hand. The excitation wavelengths used for the obser-
vation in this work were ! =350, 480, and 546 nm.

3. Results and discussion
3.1. Thermogravimetric analysis
Figure 2 shows the weight loss curves of endo-
DCPD- and ENB-microcapsules containing a fluo-
rescent dye and the MUF capsule shell without the
core material. As shown in the figure, there are
gradual and similar decreases down to ~70% in
weight for both endo-DCPD- and ENB-microcap-
sules up to ~300°C above which there are sudden
weight drops for ENB-microcapsules as reported in
the previous work [11]. For endo-DCPD-microcap-
sules, the sudden drop occurred at ~430°C, much
higher than that of ENB-microcapsules. The dra-
matic weight loss in a particular temperature of the
microcapsules is due to a sudden release of the
healing agent. As the temperature increases, the
microcapsules become weaker and burst beyond the
critical level at a certain temperature by increasing
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Table 1. Chemicals used for microencapsulation and epoxy coatings

Thermosetting system
(matrix)

Matrix resin

Curing agent

Microcapsule

Healing agent

Shell

Catalyst



the internal pressure of the microcapsules and the
collapse of the weaken shells [11]. Notice the sud-
den loss of MUF shell mass at ~420°C, indicating
thermal degradation, which would lead to a dra-
matic decrease in mechanical strength of the shell.
The gradual weight loss below the temperature at
which the sudden weight loss takes place may be
attributed to the diffusion and evaporation of self-
healing agent through walls of microcapsules. The
thicker capsule shell thickness of endo-DCPD-
microcapsules leads to the dramatic weight loss
temperature higher than ENB-microcapsules, as
will be shown in the SEM image.

3.2. Particle size analysis
Figure 3 shows the distribution of the microcap-
sules using a particle size analyzer. Average diame-

ters of endo-DCPD- and ENB-microcapsules are
found to be ~80 and ~52 µm, respectively. A rela-
tively higher viscosity of endo-DCPD than that of
ENB produces larger self-healing agent droplets,
leading to larger endo-DCPD-microcapsules than
ENB-microcapsules in average diameter. The parti-
cle size can readily be adjusted by rpm of propeller
during dispersion of healing agents in water. The
shoulder in the range of 1~10 µ in this figure may
be due to the particles formed by self-coagulation
of the wall materials.

3.3. SEM observations
Scanning electron microscope images for micro-
capsules filled with endo-DCPD and ENB were
respectively shown in Figures 4 and 5. As noticed
from the images in both figures, a perfect sphere
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Figure 2. TGA thermogram of endo-DCPD- and ENB-
microcapsules

Figure 3. Particle size analysis of endo-DCPD- and ENB-
microcapsules

Figure 4. Scanning electron microscopic pictures of endo-DCPD-microcapsules at rpm = 500 showing the shape of the
microcapsules (a and b), and fractured microcapslues showing inner (c) and outer surface (d)



with similar inner and outer surfaces was produced.
There is no debris for both self-healing agents.
Looking at the surface is somewhat rough external
surface and smooth inner wall. The rough outer sur-
face of microcapsules is thought to contribute to
improving the adhesion between the host matrix
and capsules by increasing contact area with the
matrix material. The thicknesses of the shells were
found to be ~880±80 and ~620±60 nm from SEM
images of endo-DCPD- and ENB-microcapsules,
respectively. 

3.4. Fluorescence microscope observations
In this study, the morphology of microcapsules and
the release of the self-healing agent from microcap-
sules were observed after inducing cracks on an
epoxy coating layer dispersed with 5 wt% of endo-
DCPD-microcapsules by means of a fluorescence
microscope. Figure 6 contains fluorescent micro-
scope images (a), (b), and (c) before damaging and
(d), (e), and (f) after damaging taken at different exci-
tation wavelengths of 350, 480, and 546 nm, respec-
tively. The vivid images could be viewed for all
excitation wavelengths in different emission colors;
blue at 350 nm, green at 480 nm, and red at 546 nm.
Note that the image without a fluorescent dye showed
completely black in color. The images showed a
spherical shape of microcapsules as observed by
SEM. It is interesting to notice that the capsule shell
is very bright, indicating the incorporation of fluo-
rescent dye into the shell material. Note that the dye

was mixed with self-healing agent, followed by dis-
persion in water and then in-situ polymerization of
shell materials reaction at higher temperature. This
is presumably due to the migration of dye to shell
forming material during the initial stage of reaction.
The images (d), (e), and (f) in Figure 6 for cracked
coating layer embedded with 5 wt% of Grubbs cat-
alyst and 5 wt% of microcapsules show a bright line
starting from microcapsules. This is considered to
be the trace of transport of self-healing agent
between crack planes released from a microcapsule.
The brightest fluorescence was observed in the
vicinity of the microcapsules where the release of
self-healing agent starts to the cracks because the
larger amount healing agent is spread to the exit of
crack. Also, it is shown that the propagating crack
runs around one of small microcapsule at left-top in
the image. The black spots shown in the images (d),
(e), and (f) are believed to come from the Grubbs
catalyst in the matrix. In this work, the addition of a
fluorescent dye to self-healing agent enables to
observe the track of the self-healing agent release
into cracks from microcapsules at three different
UV wavelengths. This means that the addition of
fluorescent dye to self-healing agent may be useful
in studying the details of cracks which are crucial in
a microcapsule-based self-healing methodology.

4. Conclusions
In this study, microcapsules containing self-healing
agents, endo-DCPD and ENB, and a fluorescent
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Figure 5. Scanning electron microscopic pictures of ENB-microcapsules at rpm = 500 showing the shape of the microcap-
sules (a and b), and fractured microcapslues showing inner (c) and outer surface (d)



dye surrounded by the MUF shell were successfully
synthesized and analyzed to develop a self-healing
coating system. Thermogravimetric analysis showed
that endo-DCPD-microcapsules have a significantly
higher thermal stability than ENB-microcapsules.
From scanning electron microscope observations,
both endo-DCPD- and ENB-microcapules have
similar morphologies in shape and inner/outer sur-
faces but different shell thicknesses. The use of a
fluorescent dye gave rise to the clear visual images
of microcapsules and cracks filled the self-healing
agent from ruptured microcapsules after damage at
different excited wavelengths.
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1. Introduction
Poly(N-isopropylacrylamide) (PNIPAAm) based
hydrogels belong to the family of ‘intelligent’ mate-
rials, since they are able to undergo a volume phase
transition at 32–34°C on the application of an exter-
nal stimulus, namely change in temperature. By
increasing the temperature the molecules of the
polymer gel change their conformation from coil to

globule resulting in a change in their hydrophilic-
hydrophobic character. Many applications of these
smart hydrogels are being investigated such as
thermo-responsive membranes [1], efficient and
reversible immobilization of biomacromolecules
[2–5], in vitro cell cultivation [6], separation of lignin
[7] or phenols from aqueous mixtures [8–10] and
drug and gene delivery [11]. Some special uses such
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Abstract. Poly(N-isopropylacrylamide-co-N,N"-methylene-bisacrylamide) (P(NIPAAm-co-MBA)) hydrogels were pre-
pared in water using redox initiator. The copolymer composition at high conversion (>95%) was determined indirectly by
HPLC (high performance liquid chromatography) analysis of the leaching water and directly by solid state 13C CP MAS
NMR (cross polarization magic angle spinning nuclear magnetic resonance) spectroscopy  of the dried gels, and was found
to be close to that of the feed. The effect of cross-linker (MBA) content in the copolymer was investigated in the concentra-
tion range of 1.1–9.1 mol% (R:90–10; R = mol NIPAAm/mol MBA) on the rheological behaviour and mechanical strength
of the hydrogels. Both storage and loss modulus decreased with decreasing cross-linker content as revealed by dynamic
rheometry. Gels R70 and R90 with very low cross-linker content (1.2–1.5 mol% MBA) have a very loose network struc-
ture, which is  significantly different from those with higher cross-linker content manifesting in higher difference in  storage
modulus. The temperature dependence of the damping factor served the most accurate determination of the volume phase
transition temperature, which was not affected by the cross-link density in the investigated range of MBA concentration.
Gel R10 with highest cross-linker content (9.1 mol% MBA) behaves anomalously due to heterogeneity and the hindered
conformation of the side chains of PNIPAAm.
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as biosensors [12], molecular imprinting [13], fluid
microchips [14], as well as numerous biomedical
applications are also being studied [3–5].
Since PNIPAAm homopolymer is water-soluble,
for making hydrogels it must be cross-linked and
for this purpose N,N"-methylene-bisacrylamide
(MBA) is mostly used. The molar ratio of PNI-
PAAm and the cross-linker MBA in the feed com-
position is often expressed as R. The real ratio of the
cross-linker in the copolymer however is hardly
referred to in the literature. Further on cross-linking
is purposed to improve the mechanical and elastic
properties of the hydrogel. Dynamic rheometry pro-
vides important characterization with respect to lin-
ear viscoelasticity, strength, relaxational and phase
transition of the material. In addition to the conven-
tional methods, such as measuring the swelling ratio,
turbidity measurements, calorimetry etc., dynamic
rheometry also offers an alternative technique to
accurately determine the volume phase transition of
the gels. Petit and co-workers grafted PNIPAAm
onto polyacrylamide backbone and investigated the
thermoassociating properties of the graft copolymer
by dynamic rheometry. Upon heating, PNIPAAm
grafts dehydrate and self-aggregate into hydropho-
bic microdomains which promote the formation of
a physical network above 36°C [15]. Senff and
Richtering [16] investigated the effect of MBA
cross-linker content on the rheological properties of
PNIPAAm microgels. Zeng et al. [17] investigated
the rheological behaviour of PNIPAAm homopoly-
mer solutions in water during phase separation and
proved the formation of physical network.
In this study P(NIPAAm) was cross-linked with
MBA in the range of 1.10–9.10 mol% (R90–10).
The copolymer composition at high conversion was
determined directly by analyzing the resulted dry
gels with solid state magic angle spinning (MAS)
13C NMR spectroscopy and indirectly by analyzing
the leaching water after polymerization via high

performance liquid chromatography. The effect of
MBA cross-linker on the mechanical strength, rheo-
logical behavior, and volume phase transition of
P(NIPAAm-co-MBA) hydrogels was investigated.

2. Experimental
2.1. Materials
N-isopropylacrylamide (NIPAAm) (Acros Organics,
Belgium, stabilized with 500 ppm p-methoxyphe-
nol), N,N"-methylene-bis-acrylamide (MBA), ammo-
niumpersulfate (APS) and N,N,N",N"-tetram-
ethylethanediamine (TEMED) were supplied by
Sigma-Aldrich, Germany and used as received. Chro-
matographic grade acetonitrile was obtained from
Merck (Merck, Darmstadt, Germany). The high
purity water was produced by Millipore system
(Millipore, Billerica, USA).

2.2. Preparation of the gels
P(NIPAAm-co-MBA) hydrogels were prepared by
redox free radical polymerization in water accord-
ing to the method described by other authors [18,
19]. Briefly, to 5 ml aqueous solution of NIPAAm
(1.0 M stock solution), the required quantity of MBA
aqueous solution (0.1 M stock solution) was added
resulting in an R value varying from 10 to 90 as indi-
cated in Table 1. The quantity of APS and TEMED
was 2 wt% respectively based on NIPAAm weight.
The polymerization was performed in an ice-bath
for 30 minutes, and left to stand for 72 hours at
25°C. After polymerization gels were washed in
copious amount of deionized water at 25°C to
remove the homopolymer and any unreacted com-
ponents and all amount of the leaching water was
collected. Gel purity was confirmed by testing the
leaching water for residual monomers using UV-VIS
spectroscopy (190–250 nm), and for PNIPAAm
homopolymer by heating the leaching water to
50°C (above the phase transition temperature). No
opacity of leaching water was experienced referring
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Table 1. Feed and copolymer composition of P(NIPAAm-co-MBA) hydrogels determined by HPLC and  by solid state
13C CP MAS spectroscopy (R = mol NIPAAm/mol MBA)

Feed
R 10 30 50 70 90

NIPAAm mole% 90.91 96.77 98.04 98.59 98.90

Copolymer by HPLC from leaching water
R 9.33 27.65 45.30 63.94 81.65

NIPAAm mole% 90.32 96.51 97.84 98.46 98.79

Copolymer by HPLC from Soxhlet extract
R 9.81 29.77 49.51 70.43 86.72

NIPAAm mole% 90.75 96.75 98.02 98.60 98.86

Copolymer by 13C CP MAS NMR
R 9.65 22.15 42.48 49.51 83.03

NIPAAm mole% 90.61 95.68 97.70 98.02 98.81



to the lack of PNIPAAm. Another series of the gels
was purified after polymerization by Soxhlet extrac-
tion with water. The collected leaching water and
the Soxhlet extracts were analyzed for NIPAAm
and MBA content with high performance liquid
chromatography (HPLC). This served as an indirect
method for determining the real copolymer compo-
sition of the gels. The gels purified by leaching with
water were dried at 50°C in vacuum until constant
weight and directly tested for composition by 13C
solid state NMR spectroscopy.

2.3. Methods of characterization
2.3.1. High performance liquid chromatography
An integrated Hewlett Packard 1090 high perform-
ance liquid chromatograph (HPLC) was used with a
UV detector (HP, Santa Alto, USA), at a detection
wavelength of 220 nm. The column was BDS Hyper-
sil C18 (100#$4.6 mm, particle size 3 %m) pur-
chased from Thermo Electron Corporation (Thermo
Fisher Scientific Inc., Waltham, USA). The mobile
phase used for chromatographic separation of
NIPAAm and MBA was 5 v/v% of acetonitrile in
high purity water. The collected leaching water was
diluted with the mobile phase of the same volume.
An isocratic elution technique was applied with a
flow rate of 0.5 ml/min and an injected volume of
5 %l. Three parallel measurements were performed
for each sample. A calibration graph was prepared
using serial dilutions of 10, 30, 50, 70 and
100 %g/mL.

2.3.2. Solid state 13C-NMR spectroscopy
The solid state magic angle spinning (MAS) 13C
spectra of the samples were recorded on a Varian
NMR System (Varian Inc., Palo Alto, CA, U.S.A.)
operating at 1H frequency of 600 MHz with a Che-
magnetics 3.2 mm narrow bore triple resonance T3
probe in double resonance mode. The 13C spectra
were measured with the cross polarization (CP)
technique under the Hartmann-Hahn conditions
[20] and a rotor spinning rate of 10 kHz. The proton
&/2 pulse was 3 µs and ramped cross polarization was
used. The contact time was 3 ms and SPINAL-64
proton decoupling with a power of 83 kHz was
applied [21] during the acquisition. The dry net-
work samples were manually grained and kept in a
vacuum chamber at 50°C for one day before meas-
urements. The presence of residual solvent was
checked by one pulse proton spectra and all the

samples were found to be free of remaining solvent
molecules. The measuring temperature was 25°C
and adamantane was used as the external chemical
shift reference.

2.3.3. Dynamic rheometry
For rheological measurements an Anton Paar UDS
200 rheometer (Anton Paar GmbH, Graz, Austria)
was used with a plate-plate arrangement. The dis-
tance of the plates was 0.5 mm. The dry gel samples
were applied to the plate, deionised water was
added, and equilibrium swelling was attained. Excess
water was wiped with a tissue paper and after the
sample thickness was adjusted, excess water was
again added to the plate to avoid the loss of water
from the sample during the measurements. Three
parallel measurements were taken, on individual
samples. For each of the samples, small deforma-
tion linearity was checked in the deformation range
of 0.01–100 % strain amplitude at 10 Hz angular
frequency at 25°C. Temperature sweeps were taken
with the same arrangement between 25–60°C at
3°C·min–1 heating rate, 10 Hz angular frequency
and 1% strain amplitude. Frequency sweeps were
carried out at 25°C in the range of 0.1–600 Hz
angular frequency and 1% strain amplitude. After
the temperature sweeps a frequency sweep was
taken at 60°C with the same arrangement.

2.3.4. Stress-strain measurements
Uniaxial compression modulus of the gels was meas-
ured by a single column mechanical tester using
Instron 5543 equipment (Pulse Technology, Sonoma,
CA, U.S.A.) with a load cell of 5 N. Cylindrical gels
were prepared, and the measurements were per-
formed after the gels achieved their swelling equi-
librium in water at ambient temperature. The height
and the diameter of the cylindrical test specimen
were measured under water without load. Three sam-
ples of each kind of gels were measured. The elastic
modulus, E, was determined from the slope of lin-
ear dependence described by Eqution (1) [22]:

                                       (1)

where ! is the applied stress, F is the value of meas-
ured force, A is the cross section of the undeformed
swollen cylindrical gel, and ' is the relative defor-
mation of the measured specimen.
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3. Results and discussion
3.1. Copolymer composition
P(NIPAAm-co-MBA) copolymers with different
monomer ratios (i.e. R varying from 90–10 corre-
sponding to 90.9–98.9 mol% NIPAAm respectively)
were synthesized by free radical polymerization in
water solution with APS/TEMED as redox initiator
system. In order to determine the yield of the poly-
merization reaction, the purified gels were weighed
after drying. The yield was >95% in each case. All
the gels appeared transparent and clear, except Gel
R10, which was opaque. The copolymer composi-
tion of the gels was determined indirectly using
HPLC analysis of the collected leaching water, as
well as of the Soxhlet extracts, and directly by solid
state NMR analysis of the dry gels.

3.1.1. Results of high-performance liquid
chromatography

The retention times for MBA and NIPAAm were
5.54±0.01 and 9.02±0.01 minutes respectively for
the applied chromatographic system. The other com-
pounds used in the polymerization reaction (i.e.
APS and TEMED) were not detected at the operat-
ing wavelength (220 nm). The detection limits for
NIPAAm and MBA were calculated from the signal
to noise ratio 3 to 1 and were found to be 160 and
332 ng/mL respectively. The selectivity of separa-
tion was proven by injection of blank solution and
no signals were detected at the retention times of
the solutes of interest.
NIPAAm monomer content (mol% and the corre-
sponding ‘R’ values) in the feed and in the copoly-
mer detected by HPLC analysis of the leaching
water  as well as of the Soxhlet extracts are given in
Table 1. On heating the leaching water to 50°C, i.e.
above the temperature of volume phase transition,
no precipitation of the homopolymer PNIPAAm
could be detected visually. For both series at high
conversion the composition of the resulting copoly-
mer is close to that of the monomer feed. This also
means that the R values (the molar ratio of NIPAAm
to MBA) in the feed closely approximates the com-
position of the formed polymer gels as found by
HPLC analysis.
It should be noted that in the 2nd series of experi-
ments Soxhlet extraction was used to purify the gels
despite the temperature of purification being higher
than the phase transition temperature. Gupta et al.

[23] have also used Soxhlet extraction for removing
ungrafted PNIPAAm homopolymer from grafted
cellulose. It was expected that impurities become
entrapped at higher cross-link ratio in the gel during
Soxhlet purification, due to the high cross-link den-
sity, and collapsed structure of the gels during extrac-
tion. To test the presence of residual homopolymer
trapped in the gels, gels were reversibly swelled (at
room temperature) and shrunk in the leaching water
following Soxhlet extraction. Surprisingly, neither
homopolymer nor monomers could be detected by
HPLC following the cooling-heating cycle. This
perhaps could be attributed to the presence of some
porosity in the network structure (even in the higher
cross-link range, and with the temperature being
above the LCST of PNIPAAm) which enabled the
precipitated polymer to be released. However, due
to the non-solubility of the homopolymer above the
phase transition temperature, we do not recommend
Soxhlet extraction for purification of PNIPAAm
gels.

3.1.2. Results of NMR spectroscopy
Nuclear magnetic resonance spectroscopy is a
unique and direct method to determine the compo-
sition of polymeric materials. From signal intensi-
ties of the different groups the composition can be
determined with high accuracy. Unfortunately, for
the P(NIPAAm-co-MBA) gels, the monomer and
the cross-linker units display similar chemical struc-
tures. By analysis of the 1H and 13C solution state
NMR spectra of the monomers, only the proton res-
onances of the CH2 group of the MBA (4.6 ppm) was
distinguishable from the signals of the main chain
CH2 groups. However, the proton spectra of the
highly swollen polymer gels displayed broad lines
and the resonances of the CH2 group of MBA over-
lapped with that of the CH group of NIPAAm, and
the former peak could not be deconvoluted. From
the 13C-NMR spectra the ratio of the carbonyl and
methyl signal intensities enables the calculation of
the composition. Due to inhomogeneities of the sam-
ple in the NMR tube, however, the 13C signals were
very broad (spectra not shown). To get a good carbon
spectra in the liquid state several days are needed.
By using the cross polarization technique in the
solid state, the measuring time was dramatically
shortened (3 h). The application of cross polarization
technique combined with magic angle spinning of
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the rotors and proper decoupling method resulted in
excellent carbon spectra with good resolution as
shown in Figure 1.
The signal intensity in the cross polarization 13C
spectra depends on the cross polarization dynamics.
The measuring parameters were chosen to get opti-
mum signals for both the carbonyl and the methyl
groups. At these polymeric networks the proton
environment of the carbonyl groups is very similar.
The measuring temperature was far below the glass
transition temperature, so the mobility of the chains
was very low and approximately the same in all
investigated samples. With these approximations
and using the ratio of the carbonyl and methyl sig-
nal intensities with cross polarization 13C spectra,
the composition of the P(NIPAAm-co-MBA) gels
could be calculated with an accuracy of 2%.
Table 1 contains the copolymer composition deter-
mined by solid state magic angle spinning (MAS)
13C-NMR. With respect to an accuracy of 2% of
solid state 13C CP MAS-spectroscopy, these results
support the findings of HPLC analysis, namely that
at high conversion the composition of the copoly-
mer gels are close to the feed composition. The R
values are very sensitive to the molar ratio of the
co-monomers, therefore the deviations from the R
values of the feed are higher than the those of the
molar concentrations. For simplicity during further
evaluations we will refer to the R values of the feed
composition, such as R 10, 30, 50, 70 and 90.

In addition to determining the composition of the
synthesized gels, the efficiency of the purification
method could be verified by solid and liquid state
NMR spectroscopy. On the proton spectra no signals
belonging to solvent or other small molecules (such
as MBA or TEMED) were detected. Additionally, in
the 13C chemical shift range of C–C double bonds
(110–135 ppm) no signals were identified, indicat-
ing the absence of any residual monomer. It can be
stated that the impurity content of the gels was less
than 1–2% which is within the sensitivity range of
the applied methods.

3.2. Dynamic rheometry
3.2.1. Strain-amplitude sweep of the gels of

different cross-link density at constant
frequency and temperature

The stability of the structure of viscoelastic materi-
als is measured with increasing strain. This means
the measurement at constant angular frequency (" =
10 Hz) and temperature (25°C) with increasing
controlled strain amplitude (#). This measurement
refers to the strength of the gels. Its aim is the deter-
mination of the threshold limit of linear viscoelas-
ticity (LVE), in order to select the strain for further
measurements. The change of storage (G") and loss
modulus (G() of the gels with strain-amplitude is
given in Figures 2 and 3 respectively.
With the decrease of cross-linker (MBA) content (i.e.
with increasing R) the storage modulus decreased.
This is comprehensible, since the lower the concen-
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Figure 1. 13C CP MAS spectra of (a) PNIPAAm,
(b) P(NIPAAm-co-MBA) gel with 90.9 mole%
NIPAAm (R = 10), and (c) poly(N,N"-methylene-
bis-acrylamide) (PMBA). The asterisks denote
the spinning sidebands of the carbonyl signal
($R = 10 kHz).

Figure 2. Change of storage modulus (G") with strain ampli-
tude (#) for P(NIPAAm-co-MBA) hydrogels with
different cross-linker content (" = 10 Hz, T =
25°C, n = 3)



tration of the network points, the easier the defor-
mation of the gel. For gels R 10–50, however, the dif-
ference in storage modulus is significantly lower in
the whole deformation range, than for the gels with
lower cross-linker content (for gels R70 and 90).
This may be attributed to the very loose network
structure of these gels.
For all the gels the storage modulus remained con-
stant with an increase in strain amplitude up until a
threshold limit of the linear viscoelastic range,
beyond which a sudden drop in storage modulus was
observed for each gel (see Figure 2). As expected,
the threshold limit of linear viscoelasticity (LVE)
also decreases with decreasing cross-linker content
(Table 2). For further measurements the strain
amplitude # = 1% was selected since all of the gels
were still stable at this deformation.
In contrast to the change of storage modulus, the
loss modulus continuously increases with increas-

ing deformation. As for the storage modulus, the
loss modulus was also dependent on the cross-link
density, and in the whole range of deformation with
decreasing cross-linker content (i.e. with increasing
R) the loss modulus decreased. Hydrogels R10,
R30 and R50 have practically identical loss modu-
lus within the range of standard deviation, while
hydrogels with less cross-linker content – R70 and
R90 – have significantly lower loss modulus and
their difference is also much higher. This fact also
supports the assumption that the cross-link structure
of gels R70 and R90 significantly differs from those
with higher cross-linker content. Figure 4 shows the
change of storage modulus, loss modulus and damp-
ing factor (tan % = loss modulus/storage modulus)
with varying cross-linker content selected at # = 1%
strain amplitude (" =10 Hz at 25°C). With decreas-
ing cross-linker content, i.e. with the increase of R,
the moduli decrease. Above R70 the decrease in
modulus is more pronounced. This is especially
interesting, since in respect to the molar concentra-
tion gel R70 only slightly differs from R90 but the
change is even more expressive than for gels with
R10, 30 and 50 where there is much higher differ-
ence in the molar concentration of cross-linker. The
loss factor (tan%) decreases with decreasing cross-
linker content, which may be attributed to the
decreasing interaction between the polymer mole-
cules. Gel R10 behaves anomalously, which may be
caused by gel heterogeneity.
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Figure 3. Change of loss modulus with strain amplitude for
P(NIPAAm-co-MBA) hydrogels with different
cross-linker content (" = 10 Hz, T = 25°C, n = 3)

Table 2. Threshold limit of linear viscoelastic range of
P(NIPAAm-co-MBA) hydrogels with different
cross-linker content

Gel Strain
[%]

Storage modulus [Pa]
Average St. dev.

R10 7.85 7143 2467
R30 5.73 5570 1022
R50 2.21 4863 1160
R70 1.89 3036 777
R90 1.61 1917 417

Figure 4. The change of storage modulus, loss modulus and
damping factor with decreasing cross-linker con-
tent at # = 1% strain amplitude (" = 10 Hz, T =
25°C, n = 3)



3.2.2. Temperature dependence of modulus with
constant frequency and strain-amplitude 

The change in storage modulus, loss modulus and
in tan% of all of the gels as a function of tempera-
ture is given in Figure 5.  These measurements were
carried out with controlled strain of 1%, and a fre-
quency of 1 Hz.
As expected, below the temperature of volume phase
transition the values of storage modulus are succes-
sively higher for the gels with higher cross-linker
content. Up to the temperature of volume phase
transition the storage modulus decreases with
increasing temperature for all the gels. This may be
understood by higher mobility and higher water
uptake of the molecules with increasing tempera-
ture. The volume phase transition involves a dra-
matic increase in storage modulus for all of the gels
(except R10) until equilibrium is reached. For gels
R30–90 the volume phase transition involves a con-
formational change of the molecules from coil to
globule, water is expelled and the more compact
structure results in a dramatically higher storage
modulus. The behaviour of Gel R10 is anomalous.
This could be attributed to the higher MBA content
in the R10 gel compared to the others. Due to the
highest cross-linker concentration, the heat evolved
during polymerization is higher, than for the gels
with lower cross-linker content, resulting in local
increase of the temperature above that of the phase

transition leading to inhomogeneity. This is also
supported by the opaque appearance of gel R10.
Similarly to all the gels the volume phase transition
of gel R10 starts at the same temperature (33°C), but
it extends within a higher temperature range and the
storage modulus does not increase after the phase
transition. The reason for this may be the hindrance
of conformation due to the high cross-link density.
From the abrupt change of storage moduli the tem-
perature of volume phase transition is in the range
of 33–37°C, although this is not the most adequate
parameter for its determination.
At the temperature of volume phase transition the
loss moduli dramatically increase. Their onset tem-
perature is almost identical for all the gels. With
respect to the change of loss modulus with tempera-
ture Gel R10 also shows anomalous behaviour.
The most accurate method for determining the tem-
perature of volume phase transition is monitoring
the change of damping factor with temperature.
Gels R70 and 90 are similar and have the lowest
damping factor below and above phase transition.
These are actually the best performing gels. The tem-
perature of volume phase transition of the hydro-
gels determined from the change of rheological
parameters with temperature is given in Table 3.
The cross-link density in the investigated range of
MBA concentration (1.2–9.7 mol% in the copoly-
mer) did not affect the temperature of volume phase
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Figure 5. Change in storage modulus (a), loss modulus (b) and damping factor (tan%) (c) with temperature for hydrogels
with different cross-linker content (# = 1%, " = 1 Hz)

Table 3. Onset temperature of volume phase transition of P(NIPAAm-co-MBA) hydrogels with different cross-linker con-
tent from dynamic rheometry

Gel From storage modulus From loss modulus From damping factor
Average St. dev. Average St. dev. Average St. dev.

R10 33.1 0.7 32.3 0.1 32.5 0.5
R30 34.4 0.2 33.2 0.2 33.3 0.2
R50 33.2 0.3 33.0 0.2 33.0 0.1
R70 33.0 0.2 33.3 0.2 33.2 0.1
R90 33.8 0.5 33.3 0.6 33.0 0.1



transition, although 9.7 mol% MBA resulted in a
broader temperature range of transition of Gel R10.

3.2.3. Frequency-sweep measurements at
constant strain-amplitude below and
above the temperature of volume phase
transition

For presetting the strain with constant amplitude (# =
1%), oscillatory measurements were carried out
with increasing frequency (strain frequency sweep).
These tests were conducted to verify the stability of
the structures of viscoelastic materials below and
above the phase transition temperature. The change
of complex viscosity, storage modulus and loss
modulus with angular frequency below and above
the volume phase transition for the different hydro-
gels is represented in Figure 6. 
The linear decrease of the complex viscosity with
an increase in frequency is an indication of the
cross-linked structure of the gels. The complex vis-
cosity decreases with decreasing cross-linker con-
tent (with increasing R). Above the phase transition
Gel R10 behaves anomalously just as in case of the
temperature sweep. The reason may be heterogene-
ity and the differing gel structure due to the increased

cross-link density. The mobility of the side chains
of PNIPAAm is mostly hindered. Practically there
is no change in the storage modulus with frequency
below the phase transition, which refers to a stable,
cross-linked structure. Above the phase transition
the hydrophobic gels behave like polymers, meaning
that the modulus slightly increases with increasing
frequency for each gel, except for Gel R10, where a
steep increase in storage modulus was observed.
This may be due to a peculiar change in the struc-
ture of Gel R10 above phase transition temperature.
Figure 7 represents the change of storage modulus,
loss modulus and damping factor with cross-linker
content from frequency sweep measurements at " =
10 Hz at 25 and 60°C. Below the volume phase tran-
sition temperature the values of storage modulus
are about two orders of magnitude higher than the
values of the loss modulus, while above the phase
transition temperature the difference between them
is much lower. It follows that above the phase tran-
sition the loss modulus is impacted to a greater
extent than the storage modulus. With decreasing
cross-linker content both the storage and the loss
modulus decrease.
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Figure 6. The change of complex viscosity(&*) (a, d), storage modulus (G") (b, e) and loss modulus (G() (c, f) at 25°C (a–c)
and 60°C (d–f) for the gels with different cross-linker content (# = 1%)



3.3. Mechanical behaviour
Rheological characterization was completed with
mechanical tests. Compressive elastic modulus of
the gels was calculated and summarised in Table 4.
Elastic modulus of the P(NIPAAm-co-MBA) hydro-
gels increased as the cross-linking density increased.
Equilibrium swelling degree of hydrogels decreased
as a function of cross-linking density. It presented a
larger network density in the gels which caused an
increased rigidity. Modulus of Gel R10 was anom-
alous, structure inhomogeneity appeared in a small
modulus. In that case the modulus was not in corre-
lation with the cross-linking density.

4. Conclusions
The composition of P(NIPAAm-co-MBA) copoly-
mer hydrogels with varying cross-linker content in
the range of 1.1–9.1 mol% MBA was determined.
At high conversion (>95%) the composition of the
copolymers was close to the feed composition as
determined by HPLC analysis of the leaching water
and Soxhlet extracts following polymerization.
This was also confirmed by solid state 13C CP MAS
NMR spectroscopy of the formed gels. Due to the
less accuracy of solid state NMR the R values cal-
culated from the copolymer composition have higher
deviations from those of the feed, since they are
very sensitive to the molar concentration of the
monomers.
At constant angular frequency with increasing con-
trolled strain amplitude dynamic rheometry revealed
that with the decrease of cross-linker (MBA) con-
tent (i.e. with increasing R) the storage modulus
decreases. The threshold limit of linear viscoelastic-
ity (LVE) also decreases with decreasing cross-
linker content. The difference in both the storage
and the loss moduli of hydrogels with the lowest

cross-linker content (Gel R70 and R90) during strain
amplitude sweep is much higher than those between
the gels with higher cross-linker content. This sig-
nificant difference may be attributed to the loose
network structure of these gels (R70 and R90). By
selecting the data from the strain amplitude sweep
at # = 1% and showing the change of storage modu-
lus, loss modulus and damping factor with cross-
linker content of the hydrogels, both storage and
loss modulus decrease with decreasing cross-linker
content. For hydrogels R90 and R70 the decrease in
moduli is especially impressive. The damping factor
(tan%) decreases with decreasing cross-linker con-
tent, which may be attributed to the decreasing
interaction between the polymer molecules.
The temperature dependence of the damping factor
served the most accurate determination of the vol-
ume phase transition temperature of the hydrogels.
The cross-link density in the investigated range of
MBA concentration (1.2–9.7 mol% in the copoly-
mer) did not affect the temperature of volume phase
transition, although 9.7 mol% MBA resulted in a
broader temperature range of transition of Gel R10
due to its anomalous behavior during the tempera-
ture sweep.
The frequency dependence of the complex viscos-
ity, and storage modulus below and above the vol-
ume phase transition temperature support the stable
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Figure 7. The change of storage modulus, loss modulus and damping factor (tan%) with decreasing cross-linker content at
25 (a) and at 60°C (b) from frequency sweep measurements at 10 Hz angular frequency (# = 1%)

Table 4. Elastic modulus of P(NIPAAm-co-MBA) hydro-
gels with different cross-linker content

R
Elastic modulus [kPa]

Average St. dev.
10 2.2 0.2
30 7.6 0.8
50 6.3 0.4
70 5.2 0.0
90 4.4 0.3



cross-linked structure of the hydrogels. Both com-
plex viscosity, storage and loss modulus decrease
with decreasing cross-linker content (increasing R).
Gel R10 with the highest cross-linker content
(9.7 mol% MBA in the copolymer) behaves anom-
alously due to heterogeneity and the hindered con-
formation of the side chains of PNIPAAm. Below the
volume phase transition temperature the values of
storage modulus are about two orders of magnitude
higher than the values of the loss modulus, while
above the phase transition temperature the differ-
ence between them is much lower. It may be con-
cluded that above the phase transition temperature
the loss modulus is impacted to a greater extent
than the storage modulus.
Elastic modulus of the P(NIPAAm-co-MBA) hydro-
gels increased as the cross-link density increased.
Modulus of Gel R10 was anomalously low due to
structure inhomogeneity.
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