
Cellulose is the most abundant polymer in the world
– by nature and by using renewable feedstock! One
third of all plant material is cellulose and it is esti-
mated to be the most common organic substance.
Only a fraction of cellulose is utilized, mainly for
lumber and papermaking. How could we utilize this
renewable polymer in a better way?
One highly interesting option is to produce nanoscale
cellulose fibers in different forms: fractal branched
nanofibers, crystalline rod-shaped nano whiskers or
bacterially produced nanocellulose. Such nanofibril-
lated cellulose is expectedly ultra-strong and has in
addition several other interesting properties like
super–hydrophilicity and interesting rheologial prop-
erties. [Chem. Soc. Rev., DOI: 10.1039/c0cs00108b]
Nanofibrillated cellulose (NFC)is in its basic form a
dilute aqueous dispersion. This dispersion has inter-
esting and applicable rheologial properties, for exam-
ple the flock formation properties are unique [J.
Polym. Envirn., DOI: 10.1007/s10924-010-0248-2,
Cellulose, DOI: 10.1007/s10570-011-9597-9]. To
use nanocellulose in concentrated forms, in com-
posites or as films, it usually needs to be chemically
modified. Thus the chemistries that enable reactions
in aqueous systems are highly interesting in this con-
nection. One can mention Ce-catalysed free radical
reactions based on the glucose ring opening, lead-
ing to the possibility of free radical graft co-poly-
merization. This chemical approach has enabled syn-
thesis of thermoplastic, film forming and hydropho-
bic nanocellulose grades [Carbohydrate Polymers,
DOI: 10.1016/J.CARBPOL.2010.12.064].
Another interesting aqueous reaction family is the
click chemistry in aqueous phase through which
several functionalities can be attached to the nano -

cellulose. For example, amine functional nanocellu-
lose grades have been synthesized that in a second
stage have formed a covalent bond with functional-
ized graphene [J. Mater. Chem., DOI: 10.1039/
C1JM12134K, Cellulose, DOI: 10.1007/s10570-011-
9573-4]. Thus conductive cellulose nano compos-
ites have been produced utilizing the high surface
area and fractal structure of the nanocellulose.
Third feasible approach has been to chemically
modify nanocellulose at the interphase of a two
phase liquid system, where anhydride monomers
are dissolved into an organic solvent and react at the
interphase with the aqueous dispersion of nanocel-
lulose. As a result, hydrophobic nanocellulose grades
even super hydrophobic ones have been success-
fully produced.
Very interesting property of nanocellulose is its bar-
rier properties as films or coatings. Extremely low
permeabilities of oxygen have been reported, espe-
cially in dry conditions.
Nanocellulose is an excellent example of renewable
natural material that enable a fine platform for poly-
mer scientists to develop novel functional materi-
als. Such not only are eco-friendly, but also show
novel functional properties, which exceed those of
today’s synthetic polymers.
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1. Introduction
Recently, the incorporation of metal nanoparticles
into polymer nanofibers has attracted growing atten-
tions, because this type of nanocomposite nano -
fibers would combine the unique properties of metal
nanoparticles (e.g., magnetic, optical, electronic, cat-
alytic, and antimicrobial properties) with the out-
standing characteristics of polymer nanofibers (e.g.,
the high specific surface area and high interpene-
trating capacity in other materials, etc.) [1–8].
Among various metal nanoparticles, silver nanopar-
ticles (Ag NPs) have been of particular interest due

to their catalytic property, high electrical conductiv-
ity, and antimicrobial activity etc [9–12]. Ag NPs
have been synthesized in many different ways
including chemical reduction, X-ray irradiation,
refluxing and heating methods and bio-reduction
[13–15]. Nevertheless, Ag NPs have the tendency
to form agglomerates; and thus it has been a techno-
logical challenge how to disperse them uniformly in
polymeric matrices.
To the best of our knowledge, the polymers that
have been electrospun into nanofibers with Ag NPs
are mostly thermoplastics such as polyvinyl pyrroli-
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Abstract. Rubber composite fibers containing silver nanoparticles with high morphological stability were prepared through
combination of electrospinning and in-situ chemical crosslinking. The composite fibers included those of Ag/polybutadiene
rubber (BR), Ag/polyisobutylene-isoprene rubber (IIR), and Ag/silicon rubber (SiR). During the study, Ag nanoparticles
(Ag NPs) were first generated through reducing the Ag+ ions in rubber/N,N-dimethyformamide/tetrahydrofuran solutions
upon ultraviolet-irradiation; subsequently, rubber composite fibers with uniform diameters from hundreds of nanometers to
several micrometers were made by electrospinning the above solutions. The electrospinning was carried out with in-situ
chemical crosslinking. The results indicated that chemical crosslinking during (and shortly after) electrospinning was able
to improve substantially the morphological stability of rubber fibers. As indicated by the results acquired from UV absorp-
tion spectroscopy, X-ray photoelectron spectroscopy and transmission electron microscope, Ag nanoparticles with sizes of
10~20 nm were uniformly dispersed in rubber fibers. It was believed that, in addition to the protection of polyvinyl pyrroli-
done, a rapid solvent evaporation and limited motion space for a very fine fiber during electrospinning could prevent/miti-
gate the aggregation of Ag NPs, resulting in a very uniform dispersion. The electrospun Ag NPs/BR composite fibers made
of the solution containing very low loading amount (3 wt%) of AgNO3 demonstrated strong antimicrobial activity.
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done (PVP), polyvinyl acetate (PVA), polyacryloni-
trile (PAN), etc. [17–20]; whereas electrospun Ag
NPs/rubber composite fibers have rarely been
reported [21]. This is probably due to the reason that
rubbers have glass transition temperatures lower
than room temperature, and the excellent elasticity
might hinder the formation of fibers during electro-
spinning. Additionally, the macromolecular chains
of rubbers are able to move (i.e., rearrange their
conformations) in electrospun fibers, such a move-
ment and/or relaxation occurs when the stretching
force no longer exists, and is driven by entropy
increase. The results often include the breakage
and/or conglutination of fibers with prolonging the
storage time [22, 23].
It is expected that the rubber fibers would be impor-
tant for applications in need of large deformation
and elasticity. For example, silicon rubber (SiR) and
isobutylene-isoprene rubber (IIR) exhibit excellent
biocompatibility and low gas permeability in addi-
tion to superior elasticity. Herein, three kinds of
rubbers including butadiene rubber (BR), IIR, and
SiR were studied. N,N-dimethyformamide (DMF)
was selected as a co-solvent for three rubbers, as
well as the reducing agent for converting Ag+ ions
into Ag NPs. The resulting solutions containing Ag
NPs were directly used for electrospinning. To
improve the morphological stability of Ag NPs/rub-
ber composite fibers, the in-situ chemical crosslink-
ing was conducted during and shortly after electro-
spinning; camphorquinone (CQ) was used as the

UV-photo initiator for BR and IIR, whereas a cur-
ing agent containing the catalyst of platinum was
used for SiR. The addition of PVP into the Ag+/rub-
ber solutions aimed to prevent the Ag NPs from
agglomeration, as well as to promote the reduction
of Ag+ ions into Ag NPs.

2. Experimental part
2.1. The preparation of Ag NPs/rubber

composite fibers
The preparation process is shown in the Figure 1.
AgNO3 and PVP (M =1 300 000) (mass ratio of
AgNO3/PVP being 1/1, 1 wt% to rubber), supplied
by the Beijing Hua-Teng Chemical Reagent Co.
(Beijing, China) and Alfa Co. (America), respec-
tively, were dissolved in N,N-dimethyformamide
(DMF) and the solution was then added to the sol-
vent of tetrahydrofuran (THF) (mass ratio of THF/
DMF being 4/1) drop by drop. Polybutadiene rub-
ber (BR), supplied by the Beijing Yan-Shan Petro-
chemical Co. (Beijing, China), was first kneaded on
a two-roll mill at ~25°C for 10 min. Subsequently,
8 wt% of BR was dissolved in the above THF/DMF
solutions. The BR solution was then exposed to
ultraviolet irradiation for about 1 h for the reduction
of Ag+ ions into Ag NPs. Prior to electrospinning,
camphorquinone (CQ) was added into the solutions
for in-situ photo-crosslinking. Finally, the solutions
were filled in 30 mL plastic syringes having blunt-
end stainless-steel needles with inside diameter of
0.30 mm. The electrospinning setup included an
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Figure 1. Schematic diagram of experimental process



ES30P high voltage power supply, purchased from
the Gamma High Voltage Research, Inc. (Ormond
Beach, USA), and a fiber collector of electrically
grounded metal plate covered with aluminum foil.
The collector was placed at 15~20 cm below the
needle and exposed to a 100 W halogen lamp. Dur-
ing electrospinning, a positive high voltage of 10~
20 kV was applied to the needle; and the solution
feed-rate of 1.5 mL/h was maintained using a syringe
pump. Isobutylene-isoprene rubber (IIR), also sup-
plied by the Beijing Yan-Shan Petrochemical Co.,
had a similar process of electrospinning as BR. Sili-
con rubber (SiR), supplied by the Dow Corning Co.
(USA), also had a similar process of electrospinning
as BR except that a curing agent containing the cat-
alyst of platinum (PL-10A: 4%, PL-10B: 6%, SiR:
20%) was chosen for in-situ chemical crosslinking.

2.2. Characterization of Ag NPs/rubber
composite fibers

For morphological characterizations, electrospun
BR, IIR and SiR fibers were collected with glass
slides on the metal plate; and the fibers were exam-
ined with XSJ-2 optical microscope purchased from
the Chongqing Optical Instrument Co. (Chongqing,
China). UV absorption spectrum of the Ag/BR fiber
mat in the 300–700 nm region was obtained by the
UV-3150 spectrophotometer purchased from the
Shimadzu Co. (Shimadzu, Japan) and a piece of
aluminum foil covering with Ag/BR fiber mat was
used for UV measurement. A piece of Ag/BR fiber
mat was placed on a copper grid to observe the
shape and distribution of silver nanoparticles in
electrospun Ag NPs/BR composite fiber by H-800
transmission electron microscopy purchased from
Hitachi Co. (Japan). XPS measurements were car-
ried out on an ESCALAB 250 purchased from
Thermo Electron Corporation (USA) with an Al K!
X-ray source at 1486.6 eV photons. The core-level
signals were obtained at a photoelectron take off
angle of 45° (with respect to the sample surface). The
X-ray source was run at a reduced power of 150 W.

2.3. Antimicrobial activity test of Ag/BR
composite fibers

The antimicrobial activity of BR composite fibers
with and without Ag NPs was tested against Gram-
negative Escherichia coli (E.coli, ATCC 25922)
according to Chinese national testing standard of

antimicrobial activity in the ‘Technical Standard
For Disinfection’ (2002). For antimicrobial activity
characterization, the randomly overlaid fiber mats
were obtained by collecting ~1 mg of BR fibers
(with and without Ag NPs) with glass slides (25 mm"
25 mm). The agar plates containing test samples
and the control (BR fibers without Ag NPs) were
incubated at 37°C for 24 h. The reductions of bacte-
ria were calculated according to the equation of
‘Reduction [%] = (B –#A)/B·100’, where A and B are
the surviving cells (colony forming unit. mL–1) for
the plates containing test samples and the control,
respectively.

3. Results and discussion
3.1. In-situ formation of silver nanoparticles
In this study, DMF was used as a reducing agent for
converting Ag+ ions into Ag NPs. During the reac-
tions performed at room temperature, the following
reaction according to Equation (1) would occur:

HCONMe2 + 2Ag+ + H2O $
2Ag0 + Me2NCOOH + 2H+                (1)

However, the reaction would proceed at a low rate
when performed at room temperature. In this study,
we obtained the quick in-situ synthesis of Ag NPs
in the rubber solution with further ultraviolet irradi-
ation. The following reaction given by Equation (2)
took place during the ultraviolet irradiation process:

Ag+ + NO3–$
hv Ag0 + NO2 + O2

                  nAg0 $ (Ag)n                                         (2)

The reduction of Ag+ ions by DMF could be moni-
tored from the color evolution of the solution.
Visual observation showed that, as the reaction pro-
ceeded, the color shifted from light yellow, bright
yellow, to dark brown after 10, 30, 60 min, respec-
tively, as depicted in Figure 2. In this study, we also
introduced PVP into the rubber solution in order to
protect the Ag NPs from agglomeration; so that they
could be uniformly dispersed in electrospun com-
posite fibers. The fast evaporation of solvent during
the process of electrospinning also prevented from
Ag NPs self-aggregation in the rubber fibers because
of very limited space. The absorption spectrum of
Ag/rubber composite fiber mat is shown in Figure 3
and it can be seen that an absorption band with a
sharp maximum at about 424 nm arises. Small metal-

1
2
1
2
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lic particles exhibit a high optical absorbance due to
the existence of discrete energy levels of electron and
particularly of specific states. Ag NPs with diame-
ters below 5 nm have a rather high absorbance band
with a maximum at about 400 nm and with diame-
ters of ~10 nm exhibit absorption bands at 410~
450 nm depending on their chemical environment.
Based on the maximal absorbance at 424 nm caused
by Ag/rubber fiber mat, small spherical particles of
silver with diameters of 10 nm or less were formed.
Figure 4 showed the spectrum in the Ag 3d region
of the Ag/rubber composite fibers. It was evident
from the spectrum that two peaks occurred at 368.1
and 374.1 eV, corresponding to Ag 3d1/2 and 3d3/2
binding energies, respectively. The result further
confirmed the existence of Ag(0) in the Ag/rubber
composite fiber mat [24, 25].
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Figure 2. Color evolution of AgNO3/DMF solution with ultraviolet irradiation for varied time periods of (a) 0 min,
(b) 10 min, (c) 30 min, and (d) 60 min

Figure 3. UV spectrum of Ag NPs/BR composite fiber mat
prepared from the solution containing 3 wt%
AgNO3

Figure 4. Wide-scan and Ag3d XPS spectra for electrospun Ag NPs/BR composite fiber mat prepared from the solution
containing 3 wt% AgNO3: (a) wide-scan, (b) Ag3d



3.2. Morphology of Ag/rubber composite fibers
To investigate the morphological stability of elec-
trospun rubber fibers (here only taking BR as an
example), the prepared fibers were stored under
ambient condition or immersed in THF (a good sol-
vent for BR) (with temperature being ~25ºC and
relative humidity being ~50%) for a period of time
~20 h. As shown in Figure 5, the Ag/BR composite
fibers immediately after electrospinning possessed
the cylindrical morphology, while the morphology
was partially lost after storage under ambient condi-
tion, further prolonging the storage time led to the
conglutination and/or breakage of the fibers for
20 h as seen in Figure 5d. When soaked in THF for
20 h, the electrospun Ag/BR composite fiber were
completely dissolved (Figure 5e). Upon a series of
experiments, the optimal mass ratio of CQ in BR
was identified at 5%, the crosslinked Ag/BR com-
posite fibers still well-retained their morphology
even soaked in THF for 20 h; the fibers were merely
swollen to a certain degree (Figure 5f). It could be
concluded that in-situ chemical crosslinking during
and shortly after electrospinning was able to substan-
tially improve the morphological stability of elec-
trospun BR fibers. During electrospinning, macro-
molecular chains in the spinning solution are stretched
and/or aligned by electric force; simultaneously, the
solvent in the electrospinning jet evaporates rap-
idly. Unlike thermoplastics, BR has the glass transi-
tion temperature (Tg) of about –105°C. The macro-

molecular movement and/or relaxation occur when
the stretching force no longer exists, so the BR fibers
will collapse, conglutinate, even break. In this study,
the method of in-situ chemical crosslinking com-
bined with electrospinning was established to obtain
electrospun rubber composite fibers with stable
morphology. The chemically cross-linked network
might restrain the motion of rubber chains and
extend molecular relaxation time [26–28], so the
substantially improved morphological stability of
electrospun rubber composite fibers was achieved.
We also prepared morphologically stable electro-
spun Ag NPs/IIR and Ag NPs/SiR composite fibers
successfully through the combination of electro-
spinning and in-situ chemical crosslinking. Similar
to BR, prior to electrospinning, CQ for IIR and plat-
inum-containing curing agent for SiR were added
into the solutions for in-situ chemical crosslinking.
The TEM images in Figure 6 showed the morpholo-
gies of crosslinked Ag NPs/IIR and Ag NPs/SiR
composite fibers made of 15 min kneaded IIR and
as-received SiR. The chemically crosslinked
Ag NPs/SiR composite fibers possessed approxi-
mately cylindrical morphology with uniform diame-
ters of 1~2 µm. The diameters of Ag NPs/BR and
Ag NPs/IIR composite fibers were ~400 nm, which
was smaller than the diameters of Ag NPs/SiR com-
posite fiber because SiR is the most elastic rubber.
The typical TEM images of the rubber composite
fibers containing Ag NPs are shown in Figure 6.
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Figure 5. Optical microscope images showing the morphological variations of electrospun Ag NPs/BR composite fibers
(un-crosslinked: a, b, d, e; crosslinked: c, f; immediately after electrospinning: a–c; kept for 20 h under ambient
condition: d; and immersion in THF for 20 h: e, f)



The Ag NPs were uniformly dispersed/distributed
in the composite fibers and the average diameter of
Ag NPs was about 10~20 nm, which was consistent
with the results acquired from UV absorption spec-
tra. In this study, we used DMF as a reducing agent
for converting Ag+ ions into Ag NPs at room tem-
perature and UV-irradiation to greatly improve the
reaction speed. Different from traditional chemical
reduction in solution compounding, besides the
protection of PVP, a rapid solvent evaporation and
limited motion space in a very fine fiber during

electrospinning could considerably mitigate the
agglomeration of the Ag NPs, resulting in a very
uniform dispersion and the narrow particle-size dis-
tribution as shown in Figure 6.

3.3. Antimicrobial performance of
Ag NPs/rubber composite fibers

It is likely that the nanoscale sizes of Ag NPs will
allow the increase of contact surface with microor-
ganisms, leading to an enhanced antimicrobial per-
formance. In this study, to evaluate the antimicro-
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Figure 6. Optical microscope images (a–c) and TEM images (A–C) of Ag NPs-containing composite fibers of rubbers
including BR (a, A), IIR (b, B), and SiR (c, C)



bial activity of Ag NPs/BR composite fibers, the
fiber mats were tested against E. coli according to
the nonwoven fabric attachment method; and the
results are shown in Figure 7. Bacteria reductions
for the BR fiber mats electrospun from the solutions
with the original concentration of AgNO3 being 3
and 5 wt% were 99.9% after incubation. It is note-
worthy that, if the conversion from Ag+ ions to Ag
NPs could be 100%, the corresponding Ag NP con-
centrations in the above fiber mats would be ~1.9
and 3.2 wt%, respectively. This indicated that a small
amount of Ag NPs in the composite fibers could
introduce very strong antimicrobial activity.

4. Conclusions
The rubber (i.e., BR, IIR, and SiR) composite fibers
containing Ag NPs with high morphological stabil-
ity were prepared through combination of electro-
spinning and in-situ chemical crosslinking. The
crosslinked composite fibers could well retain their
morphologies whether upon prolonged storage under
ambient condition or even upon immersion in THF
(a good solvent for BR, IIR, and SiR). The results
from UV absorption spectroscopy and TEM revealed
that Ag NPs with theaverage size of 10~20 nm were
dispersed uniformly in the electrospun fibers. The
results from XPS further confirmed the existence of
Ag(0) in the composite fiber mats. This study also
demonstrated that the rubber composite fibers con-
taining a very amount of Ag NPs possessed strong
antimicrobial activity.
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1. Introduction
Polymeric micro/nanofibers are highly interesting
materials for applications such as tissue engineering
and drug delivery because the large surface area to
volume ratio affords interesting new properties [1–
3]. Electrospinning is currently one of the most ver-
satile processes for preparing such kind of fibers
since it is applicable to a wide range of materials
(e.g. synthetic and natural polymers) at a low cost
and with high yield. Basically, electrospinning makes
use of electrostatic forces (10–100 kV) to stretch a
polymer dilute solution as it solidifies. In addition,
this technique provides a huge material elongation

rate and significant reduction of the cross-sectional
area [4, 5] (i.e. close to 1000 s–1 and 105, respec-
tively), which may affect the orientation of molecu-
lar chains within the fiber and strongly influence
the mechanical properties of nanofibers [6, 7].
The use of reinforcing fillers and fibers in polymers
to improve their mechanical properties is com-
monly encountered in polymer technology. Proper-
ties are strongly dependent on the fiber/matrix inter-
face, and nanofibers should therefore deliver partic-
ularly good characteristics due to their high specific
surface area. Electrospun fibers are highly promis-
ing candidates as reinforcing agents in the develop-
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ment of advanced nanocomposites due to their con-
tinuity, orientation, inherent flexibility and potential
high compatibility with polymer matrices. Thus, in
recent years interest has extended to biodegradable
materials reinforced with electrospun nanofibers
[8–10].
Electrospun fibers can be easily loaded with phar-
macologically active agents by adding the appropri-
ate drug to the polymer solution prior to the electro-
spinning process. In this way, bioresorbable three-
dimensional tissue scaffolding matrices as drug
delivery platforms for therapeutic agents can be pre-
pared. Moreover, results on the ability of different
cells to adhere to and proliferate on fibrous scaffolds
have encouraged application research in this area
[11]. Efficient drug loaded materials must maintain
their pharmacological activity throughout a pro-
longed period of time, the drug release pattern being
mainly governed by the interactions between poly-
mer and drug. In this work, we consider the possibil-
ity of achieving a sustained release by embedding
mats constituted by drug loaded micro/nano fibers
into a biodegradable polymeric matrix. In addition
to the minimization of the Burst effect and the delay
in the release, an improvement of mechanical prop-
erties and performance of the matrix is expected.
Triclosan (2,4,4!-trichloro-2!-hydroxydiphenyl ether),
a well known antimicrobial drug [12], was chosen
as a model for studying the release behavior of a
hydrophobic drug from polyester matrices having a
high methylene content.
Aliphatic polyesters currently constitute the main
family of biodegradable polymers despite generally
lacking good thermal and mechanical properties.
Polylactide (PLA) is a remarkable exception because
of its high melting point (173–178ºC) and tensile
modulus (2.7–16 GPa) [13, 14].
In summary, the main goals of the present work
concern to the use of electrospun polylactide micro/
nano fibers as reinforcing materials of biocompati-
ble polyester matrices with low mechanical per-
formance and also to the evaluation of their use as
drug delivery platforms to attain a sustained release.
Specifically, polycaprolactone (PCL), poly(non-
amethylene azelate) (P99) and poly(nonamethylene
azelate-co-pimelate) (COP) were selected as matri-
ces due to their different hydrophobicity, crystallinity
and synthesis procedures (i.e. ring opening poly-

merization or melt polycondensation), which render
samples with very different molecular weights.

2. Experimental section
2.1. Materials
Triclosan and polycaprolactone (Mw: 65 000 g/mol)
were purchased from Sigma-Aldrich (St. Louis,
USA). Polylactide, a product of Natureworks® (poly-
mer 2002D), was kindly supplied by Nupik Interna-
tional (Polinyà, Spain). According to the manufac-
turer, this PLA has a D content of 4.25%, a residual
monomer content of 0.3%, a density of 1.24 g/cc, a
glass transition temperature (Tg) of 58°C and a
melting point of 153°C.
Poly(nonamethylene azelate) and poly(nonameth-
ylene azelate-co-pimelate) were synthesized by
thermal polycondensation of azelaic acid or a mix-
ture of azelaic and pimelic acids (1:1 molar ratio)
with an excess of 1,9-nonanediol (2.2:1 molar ratio),
and following a synthetic procedure that was applied
for relative polyalkylene dicarboxylate [15–17].
Titanium tetrabutoxyde was used as a catalyst and
the reaction was firstly performed in a nitrogen
atmosphere at 150ºC for 6 h and then in vacuum at
180ºC for 18 h. Both polymers were purified by pre-
cipitation with ethanol of chloroform solutions
(10 wt%). The polymerization yield was always
close to 70%. Weight average molecular weights of
19 600 and 38 500 g/mol were determined by gel
permeation chromatography (GPC)  (using PMMA
standards and 1,1,1,3,3,3-isopropanol as a solvent)
for P99 and COP, respectively.

2.2. Electrospinning and fiber assembly
Polylactide (PLA) was electrospun from a chloro-
form-acetone mixture (2:1 v/v) using different
polymer weight percentage (10–2.5%). The electro-
spun fibers were collected on a target placed at dif-
ferent distances from the syringe tip (inside diame-
ter of 0.84 mm). The voltage was varied between 10
and 30 kV and applied to the collecting target using
a high-voltage supply (Gamma High Voltage
Research, ES30-5W) (Ormond Beach, FL, USA).
The polymer solutions were delivered via a KDS100
infusion syringe pump from KD Scientific (Hollis-
ton, MA, USA) to control the mass-flow rate (from
0.5 to 10 mL/h). All electrospinning experiments
were carried out at room temperature. Triclosan
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loaded electrospun fibers were prepared under opti-
mized conditions established for the corresponding
polymer solutions. The triclosan weight percentage
of these solutions was always 3 wt%.
PCL, P99 and COP matrices were prepared by press-
ing (25 Ton Ring Press, Research & Industrial Instru-
ments Company, London, UK) approximately 300 mg
of the appropriate polymer. The sample was placed
into a flat mold covered with teflon sheets to avoid
polymer adhesion to the mold. The PCL, P99 and
COP samples were pre-heated at 10ºC above their
melting points (60, 67 and 61ºC, respectively) for
3 min and using heating plates and a temperature
controller (Graseby Specac, Kent, England). Pres-
sure was progressively increased from 1 to 4 bar.
Polymer films with a thickness close to 100 "m were
recovered after cooling the mold to room tempera-
ture.
Matrices loaded with triclosan were prepared in a
similar way with a homogeneous mixture previ-
ously prepared by solvent-casting. Specifically,
300 mg of the appropriate polymer and 9 mg (3 wt%)
of triclosan were dissolved in 5 mL of acetone. The
solvent was removed by evaporation at room tem-
perature.
In order to prepare the reinforced matrices, electro-
spun PLA mats were cut into square pieces with the
same lateral dimensions of the previously molded

polymer films. These PLA mats with a weight of ca.
400 mg were placed between the polyester films
and pressed following the above indicated proce-
dure (Figure 1). The reinforced material had a PLA
weight percentage close to 40% and a thickness of
approximately 330 "m

2.3. Measurements
Molecular weights were estimated by GPC (Shi-
madzu, model LC-8A) (Tokyo, Japan) equipped
with an Empower computer program (Waters Cor-
poration, Massachusetts, USA). A PL HFIP gel col-
umn (Polymer Lab) (Agilent Technologies Spain,
S.L.; Madrid, Spain) and a refractive index detector
(Shimadzu RID-10A) (Tokyo, Japan) were
employed.
Optical morphological observations were per-
formed using a Zeiss Axioskop 40 microscope (Carl
Zeiss, Göttingen, Germany). Micrographs were
taken with a Zeiss AxiosCam MRC5 digital camera.
The diameter of the electrospun fibers was meas-
ured with a Philips TECNAI 10 transmission elec-
tron microscope (TEM) (Philips Electron Optics,
Eindhoven, Holland) at an accelerating voltage of
80 kV. Fibers were directly electrospun over carbon
coated grids. Inspection of fiber surfaces was con-
ducted by scanning electron microscopy (SEM)
using a Focus Ion Beam Zeiss Neon 40 instrument
(Carl Zeiss, Göttingen, Germany). Carbon coating
was accomplished by using a Mitec K950 Sputter
Coater (endowed with a film thickness monitor
k150#) (Quorum Technologies Ltd., West Sussex,
UK).
Mechanical properties were determined with a
Zwick Z2.5/TN1S (Zwick/Roell; Ulm, Germany)
testing machine in stress-strain tests carried out at a
deformation rate of 10 mm/min. Measurements
were performed on rectangular samples (30#5#
0.35 mm3) cut from the above melt-pressed pieces.
The mechanical parameters were averaged from a
minimum of six measurements for each polymer
sample.
Contact angles were determined using the water
drop method. Images of water drops (3 "l) on the
surface of the films were recorded with a contact
angle meter (Contact Angle System OCA 15+) (Dat-
aphysics Instruments GmbH, Filderstadt, Germany)
after stabilization (30 s). Image analysis and contact
angle measurements were carried out with SCA20
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Figure 1. Schematic representation showing samples pre-
pared by melt pressing a mat constituted by PLA
micro/nanofibers between two films of PCL, P99
or COP biodegradable polyesters. Samples can be
unloaded (a) or loaded with triclosan in the poly-
lactide mat (b), the base polyester films (c) or
both the polylactide mat and the base polyester
films (d).



software. Values were averaged for each material
over six measurements.
Wide angle X-ray diffraction (WAXD) patterns
were acquired at the CRG beamline (BM16) of the
European Synchrotron Radiation Facility of Greno-
ble. The beam was monochromatized to a wave-
length of 0.098 nm. Samples were confined between
Kapton films. WAXD profiles were acquired in
time frames of 12 s during heating experiments per-
formed at a rate of 3ºC/min. The WAXD detector
was calibrated with diffractions of a standard of an
alumina (Al2O3) sample. Diffraction profiles were
normalized to the beam intensity and corrected con-
sidering the empty sample background. WAXD
peaks were deconvoluted with the PeakFit v4 pro-
gram by Jandel Scientific Software.

2.4. Release experiments
Controlled release measurements were made with
mats of electrospun samples and polyester/polylac-
tide fabrics cut into square pieces (10#10#
0.35 mm3). These were weighed and incubated at
37ºC in an orbital shaker at 60 rpm in vessels with
50 mL of Sörensen medium (pH 7.4) containing an
ethanol volume percentage of 70%. Triclosan con-
centration in the release medium was evaluated by
UV spectroscopy using a UV-3600 (Shimadzu,
Tokyo, Japan) UV-Vis-NIR spectrophotometer con-
trolled by the UVProbe 2.31 software. Calibration
curves were obtained by plotting the absorbance
measured at 283 nm against triclosan concentration.
Samples were drawn from the release medium at
predetermined intervals and returned to the release
vessel after measuring the absorbance. All drug
release tests were carried out using six replicates to
control the homogeneity of the release, and the
results obtained from the samples were averaged.
The total triclosan content in the samples was deter-
mined after extraction with chloroform.

2.5. Cell adhesion and proliferation test
HEp-2 cells (human laryngeal epidermoid carci-
noma) were obtained from ATCC (Virginia, USA).
HEp-2 cells were cultured in Dulbecco’s Modified
Eagle Medium (DMEM) supplemented with 10%
foetal bovine serum, 50 U/mL penicillin, 50 µg/mL
streptomycin and 2 mM L-glutamine at 37ºC in a
humidified atmosphere with 5% CO2 and 95% air.
The culture medium was changed every two days

and, for sub-culture, cell monolayers were rinsed
with phosphate buffered saline (PBS) and detached
by incubation with trypsin-EDTA (0.25%) at 37ºC
for 2–5 min. Cell concentration was determined by
count with a Neubauer camera using 4% vital try-
pan-blue staining. Detached cells (viability$95%)
were cultured under the conditions required for bio-
compatibility assays.
Electrospun fibers were collected on a glass cover-
slip (1.4 cm of diameter), and then placed on a 24-
well culture plate (TCPS) and sterilized by UV irra-
diation for 15 min. The cells were exposed to direct
contact with the material surface for evaluation of
cell adhesion and proliferation.
Aliquots of 100 µl containing 5·104 cells (for adhe-
sion assay) or 2·104 cells (for proliferation assay)
were deposited onto fiber coated disks. The plate
was incubated under culture conditions for 60 min
to allow cell attachment to the material surface.
Finally, 1 mL of the culture medium was added to
each well. Cell adhesion and proliferation were
monitored by culturing cells on the studied surfaces
(e.g. TCPS control and polymer matrices).
Cell proliferation was evaluated by MTT (3-(4.5-
dimethylthiazol-2-yl)-2.5-diphenyl-2H-tetrazolium
bromide) after 7 days of culture. Cell adhesion was
also evaluated by MTT after 24 h of culture and the
results were normalized to surface unit (cm2). Five
replicates were averaged and graphically repre-
sented for each independent experiment. ANOVA
and Tukey tests were performed as statistical analy-
sis at a confidence level of 95% (p <0.05).
Fiber coated disks were fixed in 2.5% glutaralde-
hyde-PBS overnight at 4ºC, dehydrated by washing
in an alcohol battery (30, 50, 70, 90, 95 and 100º) at
4ºC for 30 min per wash, and finally dyed with
Giemsa 1% for observation in the optical micro-
scope.

3. Results and discussion
3.1. Morphology of electrospun polylactide

micro/nanofibers
Chloroform-acetone mixtures (2:1 v/v) with poly-
mer weight percentages of 10 and 2.5% were suc-
cessfully assayed and electrospinning parameters
were optimized to obtain electrospun fibers with
average diameters in the micrometer and nanometer
scale (Figure 2), respectively. These diameter sizes
were selected to compare reinforcing properties and
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Figure 2. Fiber diameter distribution with Gaussian fitted functions (left) and SEM images (right) of: a) Electrospun PLA
microfibers, b) Electrospun PLA microfibers loaded with 3 wt% of triclosan, c) Electrospun PLA nanofibers,
d) Electrospun PLA nanofibers loaded with 3 wt% of triclosan.



triclosan release behavior. Accurate fiber diameter
distributions were obtained by TEM micrographs
using the standard software of the Philips TECNAI
10 electron microscope. Representative histograms
of the diameter distributions are given in Figure 2.
In all cases, a narrow monomodal distribution was
observed and fitted to Gaussian curves which gave
average diameters of  2.36±0.01, 2.56±0.04 "m for
unloaded and triclosan loaded microfibers and 122±1
and 350±4 nm for unloaded and triclosan loaded
nanofibers. Specifically, the wide diameter range
was attained by changing the polymer concentra-
tion, whereas tip-collector distance (12.5 cm), volt-
age (15 kV) and flow rate (10 mL/h) were crucial to
obtain homogeneous fibers without electrospraying
effect and bead formation. The spinning voltage (V)
was carefully selected to ensure a stable conical liq-
uid jet which also minimized bead formation. Note
that the surface tension and solution viscosity, which
also have a strong influence on fiber morphology,
could not be modified since the solvent and poly-
mer concentration remained unchanged for a given
micrometer or nanometer diameter size. Once the
voltage was optimized, the distance between the tar-
get and the syringe tip (h) was varied, and so was
the flow rate (!), thus avoiding the coalescence
favored by low rates. The diameters of unloaded
and triclosan loaded microfibers were highly simi-
lar whereas loaded nanofibers were significantly
thicker than unloaded ones (i.e. 350 nm versus

122 nm). SEM micrographs showed that in all cases
microfibers had extremely rough surfaces with char-
acteristic transversal striations whereas unloaded
nanofibers showed relatively smooth surfaces that
became rough with pores when triclosan was incor-
porated. The texture of microfibers suggests a dense
lamellar stacking perpendicular to the fiber axis
with amorphous regions between them [18].

3.2. Crystallinity of polyester matrices
reinforced with PLA electrospun
micro/nanofibers

The degree of crystallinity has a great influence on
the mechanical properties of polymers and even on
their drug release profiles. Thus, it has been found
that release can be enhanced by increasing crys-
tallinity, probably due to the increase in drug con-
centration in the amorphous phase and the partition-
ing of drug molecules to the sample surface [19].
Specifically, it has been demonstrated that the trans-
formation from amorphous to semicrystalline of a
PLA matrix leads to faster drug diffusion through
the polymer matrix and an increase of the drug
release rate [20]. Hence, the evaluation of the crys-
tallinity of the studied samples is key considering
that the preparation method should allow hot crys-
tallization of the polyester matrix (i.e. by slow cool-
ing from the melt state) and indeed cold crystalliza-
tion of electrospun PLA micro/nanofibers (i.e. by
the molding process performed at a temperature
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Figure 3. Polarizing optical micrographs showing PLA microfibers embedded into a melted PCL sample (a) and spherulitic
morphologies obtained after cooling to room temperature (b)



higher than the PLA glass transition temperature).
Optical micrographs of a fabric of polycaprolactone
and electrospun PLA microfibers showed that the
highly birefringent microfibers were preserved at
the molding temperature and that the melted poly-
ester matrix easily crystallized as negative spherulites
when the sample was cooled (3ºC/min) to room
temperature (Figure 3). A similar behavior was
observed for preparations involving P99 or COP
matrices.
WAXD profiles taken during heating scans of elec-
trospun PLA samples (Figure 4a) showed that these
were initially almost amorphous since only two pre-
dominant amorphous halos at 0.433 and 0.349 nm
were detected. However, at higher temperatures  three
Bragg peaks gradually developed at 0.542, 0.472,
and 0.403 nm, indicating crystallization of PLA
into the well known %-form (103 helical conforma-
tion) since the observed peaks could be indexed as
the corresponding (200)+(110), (203) and (015)
reflections [21, 22]. Although PLA hardly crystal-
lizes, it is clear that molecular chains attain a high
unidirectional orientation during electrospinning,
which makes feasible a subsequent reordering
process on heating [23, 24]. The final degree of crys-
tallinity was evaluated from the intensity of the
above crystalline and amorphous reflections after
deconvolution of the WAXD profile corresponding
to the end of the cold crystallization process (Fig-
ure 4b). A slight increase in the degree of crystallinity
was found when the fiber diameter decreased (i.e.
18 and 23% were determined for micro and nano -
fibers, respectively), suggesting that a higher molec-
ular orientation was obtained from the dilute solu-
tions chosen to produce nanofibers. X-ray diffrac-
tion patterns of PLA micro- and nanofibers loaded
with triclosan (3 wt%) were different since charac-
teristic triclosan reflections were only detected in
the pattern of nanofibers (Figure 4c). Thus, drug
molecules were well mixed in the PLA amorphous
phase or formed independent crystalline domains
depending on the fiber diameter size. Probably not
all triclosan molecules could be incorporated in the
nanofibers, and crystallized over their surface, in
agreement with recent release studies.
Figure 5 compares the WAXD profiles of PCL, P99
and COP matrices containing PLA micro/nano -
fibers (i.e. after the molding process). In all cases,
very intense reflections corresponding to each poly-
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Figure 4. a) Three-dimensional WAXD profiles taken dur-
ing a heating scan (3ºC/min) of a mat constituted
by electrospun PLA nanofibers. b) WAXD profile
corresponding to a cold crystallized mat of PLA
nanofibers. Deconvoluted amorphous halos
(dashed lines) and crystalline peaks (solid lines)
are indicated, along with the corresponding simu-
lated profiles (gray solid lines). c) WAXD profile
corresponding to a cold crystallized mat of PLA
nanofibers loaded with triclosan where character-
istic peaks of triclosan crystals (TCS) can be
observed. Abscise axis corresponds to the scatter-
ing vector (q = 2"/dB , where dB is the Bragg
spacing).



ester, together with amorphous halos and the above
peaks associated with cold crystallized PLA, were
observed. Thus, PCL samples showed peaks at
0.566, 0.416, 0.403 and 0.373 nm, which correspond
to the (102), (110), (111) and (200) reflections of
polycaprolactone [25, 26] whereas both P99 and
COP samples showed peaks at 0.412 and 0.373-
0.370 nm, which are indicative of similar molecular
packing arrangements. In all cases, the relative inten-
sity of PLA reflections slightly increased when using
nanofibers whereas the relative intensity of the poly-
ester matrix reflections remained almost constant.
The degree of crystallinity was rather similar for
micro- and nanofiber assemblies since the polyester
matrix was always predominant, although slight dif-
ferences could be detected when only PLA reflec-
tions and amorphous halos were considered (Table 1).

The low molecular weight of P99 and COP samples
gave rise to slightly higher crystallinities for assem-
blies based on these polyester matrices.
WAXD patterns of triclosan loaded samples did not
show any peaks attributable to the drug and demon-
strated that triclosan was well mixed in the PCL,
P99, COP and PLA polyester matrices. Diffraction
patterns of loaded and unloaded samples were
rather similar although a slight decrease in the
degree of crystallinity was logically detected in
samples containing triclosan. It should be pointed
out that PLA reflections could still be detected in all
cases, indicating that the drug could not completely
avoid the cold crystallization process. Table 1 sum-
marizes the crystallinity data determined for all
samples studied.
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Figure 5. WAXD profiles corresponding to PCL (a, b), P99 (c) and COP (d) samples reinforced with PLA nanofibers (a, c,
d) and PLA microfibers (b). Deconvoluted amorphous halos (dashed lines) and crystalline peaks (solid lines) are
indicated, along with the corresponding simulated profiles (blue solid lines). Abscise axes correspond to the scat-
tering vector (q = 2"/dB , where dB is the Bragg spacing).



3.3. Mechanical properties of polyester
matrices reinforced with PLA
micro/nanofibers

Very few works address the development of electro-
spun fibers as reinforcing materials despite their
high potential interest [8, 9, 27]. For example, it has
been clearly demonstrated that addition of nylon 6
electrospun nanofibers to an epoxy resin enhances
the stiffness and strength of the polymer matrix sig-
nificantly. It has also been established that electro-
spun nanofibers should have advantages [28] over
traditional fillers since the reinforcing effect of the
former is mainly influenced by fiber size. Hence, the
integrity of the polymer matrix should be enhanced
by the use of fibers with nanometer dimensions
instead of conventional fibers. Furthermore, the high
porosity of electrospun fiber mats can result in an
interpenetrating structure after their incorporation
into the polymer matrix and an increase of the
mechanical strength caused by the interlocking
mechanism [9, 27]. Another advantage of smaller
fiber diameters is that they should lead to higher
tensile strengths since the fiber surface becomes
dominant over the core region with bulk-like prop-
erties, and segmental motion is more constrained
when dimensions approach the polymer radius of

gyration [27, 29]. Finally, it must be pointed out that
oriented and stretched polymer chains in electro-
spun samples lead to a decrease in the tensile defor-
mation with respect to the bulk polymer [27, 30].
Representative fracture surfaces of samples after
mechanical testing show micro/nanofiber pullout
(Figure 6) as well as good dispersion of fibers inside
the matrix. Note also that fibers appear aligned after
breaking in the direction of the applied stress, a fea-

                                              del Valle et al. – eXPRESS Polymer Letters Vol.6, No.4 (2012) 266–282

                                                                                                    274

Table 1. Estimated crystallinities from X-ray diffraction
data for the different studied samples

aN and M indicate nanofibers and microfibers, respectively..

bRatio between the intensity of PLA reflections and the total
intensity once the crystalline reflections of the polyester matrix
were discarded. Note that amorphous halos of the matrix are still
considered.

c0T and 3T denote samples containing triclosan weight percent-
ages of 0 and 3%, respectively.

dCold crystallized samples.
eWithout considering diffraction peaks associated to triclosan.
fTriclosan was only loaded into the PLA fibres and the percentage
refers to the PLA content.

Samplea Crystallinity 100. IPLA/(IPLA + Iam)b

0Tc 3Tc 0Tc 3Tc

PLA-Nd 23 23e 23 23
PLA-Md 18 17 18 17
PCL 49 – – –
PE99 69 – – –
COP 62 – – –
PCL/PLA-N/PCL 44 44f 12 11f

PCL/PLA-M/PCL 57 56f 9 8f

PE99/PLA-N/PE99 65 63f 14 12f

PE99/PLA-M/PE99 63 62f 11 10f

COP/PLA-N/COP 65 63f 20 18f

COP/PLA-M/COP 63 62f 17 15f

Figure 6. SEM micrographs showing the fracture surface of
PCL reinforced with PLA nanofibers (a), P99
reinforced with PLA nanofibers (b) and COP
reinforced with PLA microfibers (c). Arrows
point to PLA nanofibers (N) and microfibers (M).



ture that contrasts with the structure of the inserted
mats, which is characterized by a random orienta-
tion of long micro/nanofibers. Crack damage appears
to start in the polyester matrix; then fibers are
affected by the external force and pulled out and
aligned before breaking. The strength of these fiber
composites depends on the evolution of damage,
which is a combination of matrix cracking, fiber
fracture, fiber pullout, debonding and inelastic matrix
deformation throughout the application of loading
[31, 32].
Figure 7a compares the stress-strain curves obtained
with the PCL matrix and PCL samples reinforced
with PLA micro/nanofiber mats. Curves exhibited
linear behavior at early stages of loading, which
became non-linear before maximum load was
reached. A drop in load followed as a result of fail-
ure initiation. Table 2 summarizes the main mechan-
ical parameters determined for all samples studied
before and after incorporation of PLA mats. Some
conclusions can be drawn from these values: a) The
incorporation of the reinforcing fibers clearly
enhanced the stiffness of the material; consequently,
the elastic modulus increased by 115 and 48% by
adding the microfiber and nanofiber mats, respec-
tively, b) The increase in the maximum tensile
strength was greater when microfibers were employed
(i.e. 21%), c) The unfilled PCL matrix showed a
plastic deformation that led to a high strain at break
which contrasted with the reduced values deter-
mined for filled samples. Figure 7 also shows that
the elastic modulus and tensile strength of triclosan
loaded samples decreased slightly and significantly,
respectively, probably due to a slight decrease in the

PLA crystallinity (Table 1) and a more significant
reduction of the surface interactions between the
matrix and added fibers.
Figure 7b and Table 2 point out that properties were
greatly improved by reinforcing low molecular
weight polymers (i.e. P99 and COP) since these
matrices had brittle fracture, low deformation at
break and low tenacity. Hence, the enhancement of
tensile strength became highly relevant when PLA
mats were added. Note that the best results were
obtained again by using fibers with micrometer
diameter sizes (e.g. the modulus increased by 313
and 80% when COP was reinforced with microfiber
and nanofiber mats, respectively).
In general, mechanical properties showed less
improvement when nanofibers were used. This strik-
ing feature may be an inherent consequence of the
fabric procedure where mats with randomly ori-
ented fibers and different porosity were employed.
Note that SEM micrographs of electrospun mats
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Figure 7. a) Stress-strain curves of PCL without reinforcing PLA fibers (1), with PLA microfibers (2, 4) and with PLA
nanofibers (3, 5). Fibers were unloaded (2, 3) or loaded with 3 wt% of TCS (4, 5). b) Stress-strain curves of P99
(1, 2, 3) and COP (4, 5, 6) samples without reinforcing PLA fibers (1, 4), with PLA microfibers (2, 5) and with
PLA nanofibers (3, 6).

Table 2. Mechanical properties of the different studied sam-
ples

aN and M indicate nanofibers and microfibers, respectively.

Samplea
Young

modulus
[MPa]

Maximum
stress
[MPa]

Strain at
break
[%]

PCL 19±2 18±2 1400±80
PCL/PLA-M/PCL 41±3 22±2 150±10
PCL/PLA-N/PCL 28±2 19±2 170±10
PE99 11±1 2±0.5 17±2
PE99/PLA-M/PE99 60±4 7±1 10±2
PE99/PLA-N/PE99 22±2 5±1 18±3
COP 15±1 7 ±1 68 ±6
COP/PLA-M/COP 62±3 11 ±1 17 ±3
COP/PLA-N/COP 27±2 8 ±1 33 ±3



showed a higher spacing between microfibers than
between nanofibers (i.e. 5 µm versus ca. 1 µm as
shown in Figures 2a and 2c).  Thus, nanofibers gave
rise to a highly compact and scarcely porous three-
dimensional arrangement that made it difficult to
achieve optimal surface interactions with the melted
polyester matrix by the subsequent molding process.

3.4. Triclosan release from mats of PLA
micro/nanofibers and polyester matrices
filled with PLA micro/nanofibers

The release rates can be calculated from experimen-
tal results by considering several theoretical mod-
els, typically first-order [33, 34], Higuchi [35, 36]
and their combination [37]. The release from mat
samples constituted by fibers and even from film
samples usually occurred in two different steps, i.e.
rapid release of molecules that should be deposited
on the surface area and slow release that should
involve the diffusion of molecules through the
polymer matrix towards the release medium. Thus,
the Higuchi (Equation (1)) and first-order (Equa-
tion (2)) models were usually combined to describe
the first (0–60%) and second (40–100%) parts of
the release, respectively:

  (1)

  (2)

where kh is the Higuchi release constant, k1 is the
first-order release constant, a takes into account the
release in the first step, Mt is the percentage of drug
released at time t, and M0 is the triclosan equilib-
rium percentage (considered as the maximum tri-
closan percentage that can be delivered in the
medium). The assumption of the late-time Equa-
tion (2) implies that the amount of drug released at
each time is proportional to the residual drug inside
the dosage form.
Triclosan release in Sörensen medium [38] is char-
acterized by the achievement of an equilibrium con-
dition where the affinity between drug and polymer
matrix plays a substantial role. This equilibrium can
be modified by increasing the hydrophobicity of the
release medium, which is easily achieved by adding
ethanol. A volume percentage of 70% had been pre-
viously found to give similar release results to more

expensive serum-based media [38]. It should also
be pointed out that ethanol may have some swelling
effect that could facilitate the drug release.
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# 1.0 bln a1 2
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b 5 a 2 k1 t
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Figure 8. Comparison between cumulative triclosan release
in a Sörensen/ethanol (30/70 v/v) medium from
PLA scaffolds (a, curves: 1, PLA nanofiber; 2,
PLA microfiber), differently loaded PCL samples
(b, curves: 1, loaded PCL / unloaded PLA nano -
fibers; 2, loaded PCL / unloaded PLA micro -
fibers; 3, unloaded PCL / loaded PLA nanofibers;
4, unloaded PCL / loaded PLA microfibers), and
different polyester matrices filled with PLA
microfiber mats (c, curves: 1, unloaded PCL /
loaded PLA nanofibers; 2, unloaded COP / loaded
PLA nanofibers; 3, unloaded P99 / loaded PLA
nanofibers).



The cumulative triclosan release from PLA scaf-
folds constituted by electrospun fibers with microm-
eter or nanometer diameter sizes is compared in
Figure 8a. Release profiles are significantly differ-
ent and indicate a logically higher rate when fibers
had smaller diameter sizes since the drug should be
closer to the fiber surface, decreasing the drug dif-
fusion path length. Furthermore, a significant Burst
effect was observed, in agreement with the exis-
tence of triclosan crystalline domains probably
located on the fiber surface, as revealed by WAXD
data. Table 3 compares the release constants for the
two samples when the combined model was used. It
is clear that both kh and k1 release constants decreased
drastically for the electrospun microfibers. It should
be noted that, in this case, k1 became close to the
value previously determined for similar PLA scaf-
folds (i.e. 0.09 and 0.08 min–1) [24]. Release data
also indicate that all the triclosan was practically
released in the selected medium and only an
increase in the time required for complete delivery
was observed when the diameter was increased (i.e.
700 and 1600 min for the nanofibers and micro -
fibers with average diameters of 2.56 and 0.350 "m).
An asymptotic release percentage was clearly
detected when PCL fabric samples were employed
(Figure 8b), suggesting that equilibrium conditions
were achieved when the medium was not renewed
or that some molecules were entrapped in the dosage
form. No remaining percentage was observed for
PLA scaffolds but it should be taken into account
that release behaviors could not be strictly com-
pared due to the different texture (i.e. compact or

porous) and geometry of samples. However, it should
be reminded that previous results on similar PCL
scaffold samples [24] showed greater affinity of tri-
closan with the more hydrophobic PCL polymer
and a lower final release percentage when PLA
scaffolds were progressively enriched with PCL. As
can be seen in Table 3 and Figure 8b, very few dif-
ferences were found when triclosan loaded PCL
matrices were reinforced with PLA micro/nano -
fibers. Nevertheless, the kinetic constant values
(Table 3) indicate that the initial and faster release
step was slightly disfavored by addition of nano -
fibers, suggesting greater difficulty for triclosan
molecules to diffuse through the nanofilled polymer
matrix.
Release behavior changed drastically when the drug
was only loaded into the reinforcing PLA micro/
nanofibers, as shown in Figure 8b. First, a small
time period (t0 values summarized in Table 3) seemed
to be required for the start of the release. Conse-
quently, the experimental data can only be fitted to
a Higuchi behavior after the observed ‘induction’
time. Apparently, drug molecules need a significant
time period to reach the surface of the polymer
matrix from the filled fibers. Second, the release
initially progressed at a moderate rate (note that kh
was always significantly lower than the values cal-
culated for samples with the drug directly loaded
into the polymer matrix). Third, the release rate also
decreased during the second step defined by a first-
order kinetics. It is important to point out that the
release tended to an asymptotic value which was
clearly lower than that found for samples with the
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Table 3. Correlation coefficients and release rate constant for the fitting to the combined model of release profiles corre-
sponding to the indicated samples loaded with 3 wt% of triclosan and delivered in a Sörensen/ethanol medium
(30/70 v/v)

aTime necessary to initiate the Higuchi release.
bTime necessary to reach a constant release.
cScaffold samples.
dTriclosan was only loaded in the PCL matrix.
eTriclosan was only loaded in the PLA electrospun fibers.

Sample
Early-Time Late-Time t0

a

[min]
tf

b

[min]kh [h–0.5] r k1 [h–1] r
PLA Nanoc 0.957 0.957 0.378 0.991 0 700
PLA Microc 0.160 0.977 0.090 0.994 0 1600
PCL + PLA Nanod 0.320 0.981 0.198 0.996 0 2500
PCL + PLA Microd 0.379 0.976 0.084 0.986 0 2500
PCL + PLA Nanoe 0.159 0.998 0.072 0.996 15 5000
PCL + PLA Microe 0.139 0.980 0.060 0.993 30 6000
COP + PLA Nanoe 0.265 0.999 0.036 0.990 45 6300
P99 + PLA Nanoe 0.215 0.970 0.036 0.995 45 6300



drug directly loaded into the matrix and that the
final release percentage was lower when the drug
was loaded into PLA microfibers instead of PLA
nanofibers. This large difference between the three
loaded samples cannot be justified by the achieve-
ment of equilibrium conditions since practically the
same value should be deduced. Results suggest that
triclosan was entrapped in the PLA fibers and could
not effectively diffuse through the PCL matrix at an
appreciable rate. The amount of retained triclosan
logically increased with the fiber diameter. As a
result, a lower cumulative release percentage was
found for samples containing microfibers. The ini-
tial fast release step may be a consequence of the
preparation method since at the molding tempera-
ture some diffusion from PLA nano/microfibers to
the melted PCL matrix could have occurred, and
then (i.e. at room temperature) diffusion was clearly
hindered.

Figure 8c shows that release behavior depended on
the hydrophobicity of the polymer matrix, which
could be evaluated by the contact angle measure-
ments summarized in Table 4. Hence, the release
rate constants (Table 3) and even the asymptotic
release value decreased with hydrophobicity, which
depended on the methylene content of the repeat
unit and increased in the order P99>COP>PCL.
Samples containing triclosan loaded micro/nano -
fibers appear highly interesting since a relatively
fast release is observed at the beginning of the
delivery process; hence, a rapid antimicrobial effect
should be expected; as found from the release of the
similar systems [24, 38]. Furthermore, a consider-
able amount of drug could be retained, and there-
fore pharmacological activity may be observed
again when degradation of the polymer matrix
reaches a considerable level. Furthermore, the
amount of retained drug can be tuned by varying
the fiber diameter size and the hydrophobic charac-
ter of the polymer matrix.

3.5. Biocompatibility of polyester matrices
reinforced with PLA micro/nanofibers

The adhesion assay was carried out on the film sur-
faces of the processed materials to evaluate the
quality of the new polyesters (P99 and COP) as sub-
strates for cell attachment. These polymers showed
slightly improved adhesion in comparison to TCPS
or PCL (used as a reference). The increase was more
evident for COP, although the number of cells
adhered to the studied surfaces was not statistically
different (Figure 9a). Figure 10 qualitatively com-
pares the aspect of the cells adhered to the selected
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Table 4. Contact angle (&) for the polyester films (PCL,
P99, COP) and polyester matrices reinforced with
mats of PLA microfibers (M) amd nanofibers (N).

aAverage values and standard deviation over six measurements.
bTukey test, p < 0.05, composite vs. polymer film.
cTukey test, p < 0.05, reference film (PCL) vs. polymer film.

Sample ! [°]a

PCL 81.4±2.5
PCL/PLA-M/PCL 77.3±5.3
PCL/PLA-N/PCL 66.2 ±4.9b

P99 90.5±6.2c

P99/PLA-M/P99 80.5±1.9b

P99/PLA-N/P99 79.4±3.4b

COP 87.7±6.0c

COP/PLA-M/COP 78.8±3.9b

COP/PLA-N/COP 74.4±0.8b

Figure 9. a) Attachment of HEp-2 cells to the surface of PCL, P99 and COP samples. b) Cell proliferation on TCPS and the
above polyesters loaded with PLA microfibers (M) or PLA nanofibers (N) after 7 days of culture. The vertical
bars are the average values ±SD. (*) p < 0.05 vs control sample (TCPS or surface plate), t-Student test.



polyester surfaces. Cells spread extensively on the
PCL and COP surfaces (Figures 10a–b and 10e–f,
respectively) whereas very little spreading was
detected on the P99 surface where cells clearly had
a more rounded morphology (Figure 10c–d). This
morphology-based approach suggests again that the
COP surface supports cell adhesion better.
Cell proliferation assays were conducted to evalu-
ate the three reinforced polyester matrices, which
were characterized by a three-dimensional array

that may be a first approximation to more conven-
tional scaffolds. Figure 9b shows the results of the
HEp-2 cell culture for 7 days on all materials stud-
ied. The number of cells in the PCL matrix rein-
forced with mats constituted by PLA micro/nano -
fibers (PCL-M and PCL-N, respectively) suggested
a similar growth to that observed for the control
(TCPS). However, cell growth in reinforced P99
and COP matrices was significantly higher than in
the control (p < 0.05) and in PCL samples, although
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Figure 10. Optical micrographs showing the morphology of HEp-2 cells adhered to PCL (a, b), P99 (c, d) and COP (e, f)
substrates



in this case the difference did not reach a significant
statistical value. These results can be justified con-
sidering that all polyester samples corresponded to
three-dimensional architectures while the TCPS
control corresponded to a cell growth in a two-
dimensional system, and consequently with a smaller
available surface. It should also be highlighted that
no significant differences were detected by using
reinforcing mats constituted by PLA micro/nano -
fibers. Note that all surfaces studied had a similar
number of cells in the initial event of adhesion. Dif-
ferences in their colonization can therefore be
directly related to the structure and properties of
materials. The present study indicates that all poly-
ester fabrics evaluated appear highly biocompatible
because they supported cell growth well.

4. Conclusions
Mats constituted by PLA micro/nanofibers can be
easily prepared by changing only the polymer con-
centration of the solution used in the electrospin-
ning process. These fibers showed a high molecular
orientation that was more significant with smaller
fiber diameter sizes and favored the cold crystal-
lization process.
Fabrics constituted by PLA mats inserted in poly-
esters with lower melting points had high crys-
tallinity when prepared by a molding and slow
cooling process that allowed both PLA cold crystal-
lization and hot crystallization of the polyester
matrix. These fabrics showed also a significant
enhancement of both elastic modulus and tensile
strength respect to the corresponding polyester
matrices. Materials were biocompatible and were
successful to provide a sustained drug release when
the pharmacological agent was directly loaded into
the reinforcing PLA mat. Applications concerning
an enlargement of antimicrobial effect (e.g. by
incorporation of triclosan) can be considered.
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1. Introduction
Polymer composites, filled by graphitic nanostruc-
tures, have attracted increased attention owing to
their unique mechanical, electric and optical prop-
erties [1–3]. Nano-sized conductive fillers, includ-
ing graphene nanoplatelets, can create a percolative
network within the polymer matrix at a low weight
fraction, while the presence of conductive nanoin-
clusions within a polymer matrix could alter the
permittivity of the composite systems resulting in
enhancement of their energy storing capability [4].
Nanoinclusions can be considered as a distributed
network of nanocapacitors, which can be charged
and discharged defining an energy storing process,
at the nanoscale level [5]. Graphene platelets, pre-
pared via natural graphite exfoliation, have been
widely used as a conducting filler in the fabrication
of conductive polymer composites [6–9]. Graphite

has a layered crystal structure, in which the carbon
atoms are strongly bonded on a two-dimensional
network consisting of hexagons. Because the layers
are bound by weak van der Waals forces, the idea of
separating the bulk graphite into platelets consisting
of few carbon layers having nanometer-scale thick-
ness, or even into a single layer, has long been con-
sidered as the goal for obtaining super-strong and
conductive polymer composites. Different types of
graphite nanoplatelets, such as thermally expanded
graphite [10, 11], graphene oxide (GO) [12, 13] and
chemically modified graphene [14–17], have been
used to make functional polymer composites. Chem-
ical functionalization of graphene surface by either
oxidation procedure or physical adsorption/grafting
protocols have been found to be a feasible and
effective means for improving the dispersion of
graphenes in organic and/or aqueous media. In addi-
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tion, the attached functional groups may enhance
the interfacial interactions between the graphenes
and the polymer matrix. The advantage of modify-
ing the graphene surface by physical adsorption is
that the structural integrity of the conjugated net-
work remains unaltered, whereas formation of
defects is observed after treatment of the graphitic
nanostructures by oxidative conditions and/or graft-
ing reactions.
To the best of our knowledge, there is no report on
fabricating graphene/polymer composites by using
noncovalently modified pristine graphene nano -
platelets. In addition, dielectric data such as dielec-
tric permittivity, ac conductivity, and electric modu-
lus have not been widely studied in graphene/
polymer composites. We show here a simple and
environmentally friendly preparation of graphene/
PVA nanocomposites by incorporating amphiphilic
block copolymer-modified graphenes into a PVA
matrix using water as the compounding solvent.
PVA is one of the most important commodity poly-
mers due to its good mechanical and thermal prop-
erties. Its semicrystalline nature allows us to circum-
vent complexities of interpreting property changes
associated with crystallization versus graphite addi-
tion. Here, we report a comparative study of PVA
nanocomposites based on noncovalently modified
graphene sheets, GO, and pristine graphite. The effect
of graphene content on the physical and dielectric
properties of PVA/graphene nanocomposites is
investigated. The effect of filler’s chemical func-
tionalities as well as loading on various dielectric
data (dielectric permittivity, ac conductivity, and
electric modulus) was studied in detail.

2. Experimental section
2.1. Materials
Graphite with an average particle size of 45 µm and
a purity of > 95% was supplied from TIMCAL Ltd.
(batch TIMREX KS44). Concentrated H2SO4,
K2S2O8, P2O5 and PVA with MW ! 145 000 were
purchased from Sigma-Aldrich. The materials were
directly used without further purification. The block

copolymer, the chemical structure of which is shown
in Figure 1, was synthesized by hydrolysis of the
t-butylmethacrylate units of the precursor sample.
The latter was kindly supplied by Prof. C. Tsitsilia-
nis (Univ. of Patras).

2.2. Preparation of graphene oxide
GO was synthesized from graphite powder by a
previously reported method [18]. The graphite pow-
der (15 g) was put into an 80°C solution of concen-
trated H2SO4 (60 mL), K2S2O8 (7.8 g), and P2O5
(8.4 g). After reaching the temperature, the mixture
was left to cool down to room temperature over a
period of 6 h. The mixture was then carefully diluted
with 300 mL of distilled water, filtered through
0.2 "m PTFE membrane (Millipore), and washed
on the filter until the pH of the rinsing water
became neutral. The product was dried in vacuum
at 55°C for 48 hours.

2.3. Preparation of graphene/PVA composites
The synthesis procedure for a typical well-dispersed
graphene/PVA nanocomposite (1.0 wt%) was as
follows: Graphite powder (33 mg) was dispersed in
distilled water (15 mL) in an ultrasonic bath (Bran-
son 2510) for 60 min at room temperature. Subse-
quently, an aqueous solution (10 mL) of the amphi -
philic copolymer (10 mg) was added to the graphite
suspension. Sonication was continued for an extra
60 min to yield a stable black-colored suspension.
Meanwhile, PVA (~3.25 g) was dissolved in dis-
tilled water (100 mL) at 90°C and the solution was
subsequently cooled to room temperature. After the
PVA/H2O solution had cooled to around 50°C, the
graphene/copolymer aqueous dispersion was grad-
ually added to the PVA solution and sonicated for
an additional 30 min at room temperature. Finally,
this homogeneous graphene/copolymer/PVA solu-
tion was poured into a Teflon Petri dish and kept at
60°C for film formation until its weight equili-
brated. This film was peeled from of the substrate
and was hot pressed at 200°C in order to eliminate
the remaining air voids. A series of graphene/copoly-
mer/ PVA nanocomposite films with different load-
ings of graphene nanoplatelets (1, 2, 3 and 5 wt%)
were similarly prepared. In all the aforementioned
samples, the ratio between graphene and copolymer
was kept constant and was approximately 3:1. For
comparison, GO/PVA composite films were pre-
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Figure 1. Chemical structure of the amphiphilic block
copolymer



pared by the same protocol with loadings 1, 2, 3 and
5 wt%, respectively, as well as one sample of pris-
tine graphite/PVA film (1 wt%). As a reference
sample, neat PVA film was prepared by the hot cast-
ing technique.

2.4. Characterization
Fourier transform infrared spectra (FTIR) of graphite
material were obtained on a EXCALIBUR FTS-
300 (Digilab) spectrometer by the KBr pellet method.
The thermal transitions of the samples were investi-
gated by Differential Scanning Calorimetry (DSC)
using a DSC Q200 (TA instruments). The experi-
ments were carried out in nitrogen atmosphere
using about 7 mg sample sealed in aluminium pans.
The samples were heated from room temperature to
250°C. The heating rate was 10°C/min in all cases.
Thermogravimetric analysis (TGA) was performed
on a TGA Q500 (TA instruments) at a heating rate
of 10°C/min in a nitrogen atmosphere. Scanning
electron microscopy (LEO SUPRA 35 VP) was
used to observe the edge as well as the top surfaces
of the graphene/PVA nanocomposite films. The sam-
ples were coated with gold before analysis. The
crystalline structure of the samples was analyzed
with an X-ray powder diffractometer (Bruker D8
Advance) using Cu K# radiation (! = 0.15418 nm).
The XRD measurements were carried out in the 2$
angle with the range of 5–35°. Electrical characteri-
zation was carried out by means of Broadband
Dielectric Spectroscopy (BDS) in the frequency
range of 0.1 Hz to 1 MHz, using an Alpha-N Fre-
quency Response Analyser, supplied by Novocon-
trol. A BDS-1200, parallel-plate capacitor with two
gold-plated electrodes system, supplied also by
Novocontrol, was used as dielectric test cell. The
electrically tested samples were in the form of a cir-
cular disk with diameter 12 mm and thickness
0.5 mm. The amplitude of the time-varying applied
voltage was kept constant at 1000 mV. Temperature
was controlled via a Novotherm system (Novocon-
trol). Measurements were performed in the range of
30 to 120°C. Isothermal scans were carried out for
each sample with a temperature step of 10°C. The
dielectric cell was electrically shielded and both
instruments were interfaced to a PC for simultane-
ous control and data acquisition.

3. Results and discussion
The oxidation of graphite can be confirmed by
infrared spectroscopy. The FTIR spectrum (data not
shown) of graphene oxide showed a broad band at
about 3450 cm–1 which is due to vibrations of O–H
bonds. The peak at about 1100 cm–1 indicates the
existence of the oxygen-containing functional
groups on GO, such as epoxide, which were formed
during oxidation reactions [19].
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Figure 2. SEM images of composite films (1 wt% graphene
loading). Cross sections of pristine- (a), GO- (b)
and copolymer-modified graphene-polymer com-
posites (c)



In order to investigate the influence of the graphene
chemical functionalities on the morphology, as well
as the dielectric properties of PVA-based compos-
ites, GO and copolymer-modified graphene were
blended with the polymer matrix by solution mix-
ing/hot casting process. SEM images (Figure 2)
show cross sections of composite films containing
1 wt% pristine or modified nanographite. As shown
in image a), pristine graphite is poorly dispersed in
the composite, with agglomerates at length scales
of tens of microns. Poor dispersion of unmodified
graphite in solution-cast samples was expected and
was a driving force for the use of chemically modi-
fied graphite, such as graphene oxide and surfactant-
modified material. Characterization via SEM of the
corresponding samples (images b) and c)) showed
much better distribution of graphite particles homo-
geneously covered by the polymer. As graphene
oxide does, our copolymer-modified graphene nano -
platelets can be homogeneously integrated within
hydrophilic PVA matrix. The presence of ionic moi-
eties, such as alkylamino- and carboxylates in the
polymer backbone result in enhanced interfacial
interactions between the filler and the matrix,
whereas its amphiphilic character is responsible for
the efficient exfoliation of graphene nanoplatelets
by noncovalent approach. This property makes
copolymer-modified graphenes a potential candi-
date as filler material in functional polymer com-
posites.
The structures of GO powder, the neat polymer
matrix as well as the composite films was studied
by XRD (Figure 3). The XRD diffraction peak of
GO sheets is appeared at 26.7°, implying that its
d-spacing resembles the one of pristine graphite.

The lack of graphene expansion can be attributed to
the mild oxidative treatment of the starting mate-
rial. Diffraction peaks of neat PVA film are found at
19.9° (main), as well as 11.7, 23.1, and 32.7° (minor)
[13]. The XRD pattern of the 1 wt% GO/PVA com-
posite film has all the peaks assigned to both GO
and the matrix. This means that GO sheets were not
individually dispersed in PVA matrix but rather in
the form of few-layer GO platelets. On the contrary,
the XRD profile of the 1 wt% graphite/copolymer/
PVA composite film shows a peak of diminished
intensity at 26.7°. This result indicated that graphite
has been efficiently exfoliated within the PVA matrix,
through its noncovalent functionalization with the
amphiphilic copolymer. In addition, the crystalline
structure of the matrix was slightly affected due to
the incorporation of the graphene platelets.
The thermal stability of the composite materials
was assessed by thermogravimetric analysis (TGA)
in inert atmosphere. Figure 4a showed that the onset
temperature for neat PVA degradation was about
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Figure 3. XRD patterns of GO powder, PVA matrix, 1 wt%
GO/PVA and 1 wt% graphite/copolymer/PVA

Figure 4. TGA profiles of: (a) neat matrix and GO/PVA (1, 2 and 3 wt%), (b) 1 wt% pristine graphite/PVA and graphene/
copolymer/PVA (1, 2 and 3 wt%)



300°C, which was attributed to main-chain pyroly-
sis. At about 450°C, the total amount of polymer
was seemed to be pyrolyzed. From the TGA profiles
of the composite samples, it was shown that the
ones containing 1 wt% pristine graphite, 1 wt% GO
and 1 wt% copolymer-modified graphene exhibited
similar thermal stability, as that of neat matrix. In
the TGA curves of the 2 and 3 wt% GO-based com-
posites (Figure 4), there were two steps in the degra-
dation of the composites: The first step, from 200 to
280°C, was attributed to the elimination of the oxy-
gen-containing groups onto the oxidized graphene
nanoplatelets; the second step, roughly from 350 to
480°C, which is the degradation of the polymer, has
mildly shifted to a higher temperature range with
respect to the neat polymer matrix [13]. This indi-
cates that there is a strong interaction between PVA
and GO nanoplatelets at the interface, and, because
of this, the mobility of the polymer chains near the
interface has decreased. Similarly, concerning the
graphene/copolymer/PVA samples, enhanced ther-
mal stability was observed for the composites bear-
ing 2 and 3 wt% graphene, comparing to the neat
matrix.
To confirm the strong interaction of graphene nano -
structures with the polymer matrix, differential
scanning calorimetry (DSC) was used. DSC ther-
mograms (Figure 5) obtained on heating scans
showed that the integrated area of the melting tran-
sition (%Hm) of the samples, containing either GO
or copolymer-modified graphene nanoplatelets,
reached a maximum at 2 wt% filler loading. In this
graphene weight fraction, it was estimated that the
relative crystallinity of the copolymer-modified
graphene/PVA sample was increased by about

150%, compared to the one of neat matrix. Similar
results have been demonstrated for CNT/PVA com-
posite films [20]. This crystallinity increase indi-
cates that the polymer chains were indeed immobi-
lized by hydrophobic and/or hydrogen bonding
interactions with the graphene nanoplatelets, an
effect which could support the slightly enhanced
thermal stability of the composites with filler load-
ing >1 wt% (see TGA data). In a recent study [13],
researchers observed no deviations of crystallinity
values in GO/PVA composites, yet, the filler load-
ing of the studied samples was between 0.3 and
0.7 wt%. Overall, the order of relative crystallinity
in our samples (at 1 wt% graphene loading) was:
copolymer-modified graphene >GO > neat matrix >
pristine graphite. The fact that the sample of pris-
tine graphite 1% wt/PVA exhibited a 15% decrease
in crystallinity compared to neat PVA could be
attributed to the inhomogeneous dispersion of
graphite aggregates into the matrix. The melting
endothermic peak of neat matrix (at about 225°C)
was slightly decreased in the composites. This
could be attributed to the relatively smaller crystal
size of PVA, due to the intercalation of graphene
platelets.
The interest in graphene-based composites stems
from their potential high electrical conductivity and
permittivity. Dielectric data can be analyzed by
means of different formalisms, such as dielectric
permittivity, ac conductivity, and electric modulus.
Although, all three formalisms can be employed on
the description and analysis of the occurring electri-
cal effects, a certain formalism can be proved more
effective in extracting information regarding the
occurring physical mechanisms under specific con-
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Figure 5. DSC thermograms of: (a) neat matrix and GO/PVA (1, 2 and 3 wt%), (b) 1 wt% pristine graphite/PVA, and
graphene/copolymer/PVA (1, 2 and 3 wt%)



ditions. In the present study, experimental data were
firstly expressed via the real and imaginary part of
dielectric permittivity and then transformed into
electric modulus formalism [21–23]. Figure 6a
depicts the variation of real part of dielectric per-
mittivity ("&) with frequency for all types of the pro-
duced composites at constant temperature (30°C)
and nanofiller content (1 wt%). At low frequencies,
permittivity attained higher values, in all cases,
which diminished rapidly with frequency. This is
reasonable since – in the low frequency region – the
alternation of the field is slow, providing thus suffi-
cient time to permanent and induced dipoles to
align themselves according to the applied field,
leading to enhanced polarization. Neat PVA sample
and graphene/copolymer/PVA nanocomposite exhib-
ited almost identical values, while the pristine
graphite/PVA sample exhibited slightly higher val-
ues than neat matrix. On the other hand, pro-
nounced alteration of permittivity was evident in
the spectrum of GO/PVA nanocomposite. Enhanced
values of ("&), especially at low frequencies, can be
attributed to increased conductivity, and/or interfa-
cial polarization, and/or electrode polarization.
Electrode polarization is related to the build up of
space charges at the specimen-electrode interfaces
and is characterized by very high values of both real
and imaginary part of dielectric permittivity [21–
23]. Examined samples were tested under identical
experimental conditions, having similar geometri-
cal characteristics and composition. Thus, if elec-
trode polarization was the prevalent effect in a cer-
tain type of nanocomposite, should be also the
prevalent tendency to all other types. Under this
point of view, the higher values of ("&) could be
attributed to enhanced conductivity and interfacial
polarization (IP). IP results from the accumulation
of unbounded charges at the interfaces of the con-
stituents, where they form large dipoles. Its inten-
sity is connected to the extent of the existing inter-
facial area within the composite system, giving thus
indirect evidence of the achieved distribution of
nanoinclusions [24]. Therefore, the low values of ("&)
in graphene/copolymer/PVA and pristine graphite/
PVA spectra could be assigned to lower overall con-
ductivity and less satisfactory distribution of nano -
filler, respectively. Figures 6b and 6c, respectively,
present the variation of permittivity with respect of
frequency for the graphene/copolymer/PVA and

GO/PVA systems, in various filler loadings. The
graphene/copolymer/PVA system displayed a ten-
dency for diminished values of permittivity with
filler content, which could be attributed to the for-
mation of an insulating coating between graphite
inclusions and PVA because of the presence of the
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Figure 6. Variation of real part of dielectric permittivity ("&)
with frequency for: (a) all types of the produced
composites at constant temperature (30°C) and at
constant filler content (1 wt%), (b) composites
with copolymer-modified graphite varying the
filler content, and (c) composites with GO nano -
platelets varying the filler content. In all cases
pure PVA spectrum is given for comparison.



copolymer. On the contrary, in the spectra of GO/
PVA samples, a systematic increase of ("&) with
filler content was recorded for all samples, with the
unexpected exception of PVA GO 1% wt. Since
polarization and stored energy is directly propor-
tional to permittivity, Figure 6 implies that – under
the specific processing conditions – GO nanofiller
provides the best, from all the examined cases, elec-
trical enhancement.
The variation of imaginary part of electric modulus
(M') versus frequency for the PVA samples con-
taining 2(wt% fraction of copolymer-modified
graphite and GO nanoplatelets, at various tempera-
tures, is depicted in Figure 7. The imaginary part of
electric modulus (M') vs frequency spectra revealed
two relaxation mechanisms. The one recorded at
high frequencies was attributed to glass transition
of the polymer matrix (#-mode) and the slower one
to (IP). The #-mode, which is present also in the
dielectric spectrum of pure PVA, is related to
motions of large parts of the main polymer chain.
Dielectric loss peak position shifts to higher fre-
quencies with increasing temperature, since thermal
agitation facilitates the orientation of polar parts.
Further, in the case of GO/PVA systems, loss peaks
at constant temperature were recorded at relatively
higher frequencies in comparison to the same set of
peaks of the graphene/copolymer/PVA systems.
Shift of #-mode’s loss peak to higher frequency has
been considered as an indication for lowering of
glass transition temperature, because of weak or
moderate interactions between host medium and
filler [25]. Thus, the graphene/copolymer/PVA sys-
tems should be characterized by higher Tg, which is
also supported by DSC spectra. In the low fre-
quency range spectra of Figure 7, a second peak or

‘hump’ was observed, which corresponds to a slower
process, characterized by enhanced relaxation time.
As already mentioned, this process was assigned to
IP. The latter appears to electrically heterogeneous
systems due to the accumulation of charges at the
system’s interface. The presence of these charges
originates from the stage of specimens’ preparation.
At the interface, the formed dipoles try to follow the
alternation of the applied field and because of their
inertia a relaxation process occurs [26].
Relaxation dynamics is related to the temperature-
induced dielectric loss peak shift. Figure 8 depicts
the temperature dependence of the loss peak fre-
quency for the GO/PVA and copolymer/PVA sys-
tems for the main relaxation process (#-mode). In
all cases the recorded temperature dependence
deviates from a pure Arrhenius behaviour, and can
be better described via the Vogel-Fulcher-Tamann
(VFT) equation, according to which relaxation rate
increases rapidly at lower temperatures, because of
the reduction of free volume. VFT can be expressed
as Equation (1):

                               (1)

where f0 is a pre-exponential factor, A a constant
(being a measure of activation energy), and T0 the
Vogel temperature or ideal glass transition tempera-
ture. Parameters resulted via fitting data with Equa-
tion (1) are listed in Table 1. Note that the parame-
ter T0 attains higher values in the systems with the
copolymer, being in accordance with the obtained
results from different experimental techniques,
mentioned previously. In the literature it is well
accepted that the glass to rubber transition follows
the VFT equation [24, 27, 28], thus Figure 8 gives

fmax 5 f0 exp a 2
AT0

T 2 T0
bfmax 5 f0 exp a 2

AT0

T 2 T0
b
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Figure 7. Variation of imaginary part of electric modulus (M') versus frequency for the PVA samples containing 2 wt%
fraction of: (a) copolymer-modified graphite and (b) GO nanoplatelets, at various temperatures



secondary support in assigning the main relaxation
mechanism of Figure 8 as #-mode.
Figure 9 shows the variation of ac conductivity
with frequency for the graphene/copolymer/PVA
and GO/PVA nanosystems at 30°C. Conductivity
appears to be frequency dependent. In the low fre-
quency range, conductivity tends to acquire con-
stant values approaching its dc value, while after a
critical value varies exponentially with frequency
[29, 30]. This type of behaviour is common in dis-
ordered solids, appears to be in accordance with the
so-called ‘ac universality law’, and is considered as
a strong indication for charge migration via the
hopping mechanism [25, 30]. GO/PVA systems

exhibited relatively higher values of conductivity,
which was in general altered with GO loading. On
the contrary, conductivity of graphene/copolymer/
PVA systems was diminished with the graphene
weight fraction. The latter is in accordance with the
variation of permittivity with copolymer-modified
graphene content (Figure 6b), providing extra sup-
port to the assumption that treating of graphenes
with the copolymer results in better distribution and
mutual isolation of conductive nanoinclusions. In
insulating matrix-conductive inclusions composites
the area between adjacent isolated conductive ele-
ments appears to be crucial. The local contact
regions, between conductive inclusions, control the
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Table 1. Fitting parameters of VFT equation for #-mode of the examined systems
Sample A T0 [K] Sample A T0 [K]

PVA GO 1% wt 6.6 220.4 PVA Graphite Copolymer 1% wt 4.3 220.4
PVA GO 2% wt 6.7 207.2 PVA Graphite Copolymer 2% wt 2.8 258.2
PVA GO 3% wt 6.3 213.7 PVA Graphite Copolymer 3% wt 2.4 264.2
PVA GO 5% wt 6.1 217.8 PVA Graphite Copolymer 5% wt 1.8 287.5

Figure 8. Loss peak position as a function of the reciprocal temperature for the: (a) GO/PVA systems and (b) the
graphite/copolymer/PVA systems

Figure 9. Variation of ac conductivity with frequency for the: (a) graphene/copolymer/PVA and (b) GO/PVA nanosystems,
at 30°C



overall conductance of the system. Abutting con-
ductive elements separated by polymer chains
restrict the conductivity values [31, 32]. Copolymer
produces an electrical insulation of graphene inclu-
sions, leading to lower values of conductivity.
Finally, it should be stated that in all studied speci-
mens, conductivity was not altered abruptly, imply-
ing that the transition from insulating to conductive
behaviour has not been achieved at the examined
set of composites.

4. Conclusions
In this study, PVA polymer was blended with either
graphene oxide or functionalized graphene sheets.
A surfactant-like block copolymer was employed as
exfoliation/dispersion agent of the graphene nano -
platelets within PVA matrix through solution pro-
cessing and compression molding. Concerning the
graphene/PVA samples, enhanced thermal stability
was observed for the composites bearing graphene
loading above 1 wt%, comparing to the neat matrix.
DSC thermograms showed that the integrated area
of the melting transition (%Hm) of the samples, con-
taining either GO or copolymer-modified graphene
nanoplatelets, reached a maximum at 2 wt% filler
loading. Dielectric measurements revealed that
graphene/copolymer/PVA system displayed a ten-
dency for diminished values of permittivity ("&)
with filler content, which could be attributed to the
formation of an insulating coating between graphite
inclusions and PVA because of the presence of the
copolymer. On the contrary, in the spectra of GO/
PVA samples, a systematic increase of ("&) with
filler content was recorded.
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1. Introduction
In recent decades, more and more attention has
been directed to the bio-based materials because of
the diminishing petroleum oil reserves and serious
environmental pollution [1]. The conversion of bio-
mass to useful polymers or composites has consid-
erable economical and environmental value. With
the rapid development of bio-based materials, more
and more natural resources, such as vegetable oil
[2, 3], starch [4, 5], soy protein [6] and cellulose [7]
have been used as the renewable feedstock to pro-
duce polymeric materials. Furthermore, these poly-
mers based on renewable resources have often pos-
sessed similar properties compared with their petro-
leum-based counterparts. Up to now, a large quantity
of bio-based polymeric materials, such as polylactic
acid (PLA) [8], poly(hydroxyalkanoates) (PHA)
[9], and castor oil based polyamide [10], have already
been commercialized. However, compared with the
achieved progress on bio-based thermoplastics, the

research on bio-based thermosetting resins, espe-
cially the thermosetting resins with high glass tran-
sition temperature (higher than 100°C) and compa-
rable mechanical properties with petroleum-based
counterparts are very limited.
To the best of our knowledge, plant oil might be the
most popular renewable resource in the synthesis of
bio-based thermosetting resins [3, 11–13]. But unfor-
tunately, due to the long soft aliphatic chain in
triglyceride and its low crosslink density, the result-
ing resin always has a low glass transition tempera-
ture (lower than 100°C) and disappointing mechan-
ical properties. For example, Park et al. [3] synthe-
sized epoxy from soybean oil and caster oil. The
results showed that the glass transition temperature
of the cured epoxy was lower than 50°C. Javni et al.
[11] and Can et al. [12] also prepared unsaturated
polyester or polyurethane from soybean oil deriva-
tives. But their results indicated that the properties
of the oil-based resin strongly depended on the
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incorporation of rigid petroleum chemicals [11–15].
In order to obtain the acceptable mechanical and
thermal properties for practical application, the
content of the rigid co-monomer was usually as
high as 50% or beyond. Obviously, they were only
partly bio-based materials and the petroleum based
component played a critical role in determining the
properties of these materials. As we know, the ther-
mosetting resin with satisfactory performance (Tg is
higher than 100°C and modulus is higher than
2000 MPa) derived from bio-based feedstock has
seldom been reported [16–18].
Rosin is an important natural product. It is com-
posed of ca. 90% acidic and ca. 10% neutral com-
pounds. The hydrogenated phenanthrene ring struc-
ture in rosin acids is similar in rigidity to rigid
petroleum chemicals. Therefore, we could make
use of this bio-based feedstock to synthesize high
performance polymeric materials. In our previous
works, several kinds of rosin based anhydride type
[19] or diimide-diacid type epoxy curing agents
[20] were synthesized and their potential in improv-
ing the properties of thermosetting resins was demon-
strated. In this paper, a rosin based epoxy with three
functional groups was synthesized and it was cured
with a rosin based curing agent. The objective of
this research is to make the full use of rosin rigidity
to synthesize a wholly rosin-based thermosetting
resin with satisfactory properties, so as to inspire us
to explore more and more renewable alternatives to
petroleum based polymeric materials.

2. Experimental section
2.1. Materials
Rosin acid (C20H30O2, purity of 75%, yellow crys-
tals or chunks, soluble in acetone, petroleum ether,
Et2O and EtOH, melting point of 139–156°C) was
obtained from Aladdin Reagent Co., Ltd. Shanghai.
It is actually a mixture of abietic acid and other
rosin neutral compounds. Sodium hydroxide, acetic
acid, epichlorohydrin, maleic anhydride, p-toluene-
sulfonic acid, 2-ethyl-4-methylimidazole, tetrabutyl
ammonium bromide and the common solvents were
obtained from Sinopharm Chemical Reagent Co.,
Ltd., Shanghai, China. All the chemicals were used
as received.

2.2. Characterization
NMR spectra was recorded on the Bruker (Ger-
many) 400 MHz spectrometer. The samples were dis-
solved in deuterated chloroform (CDCl3). 1H-NMR
and 13C-NMR were obtained at room temperature
using Tetramethylsilane (TMS) as the internal stan-
dard. Fourier transform infrared (FT-IR) spectra
were collected on a Nicolet 6700 FTIR spectrome-
ter. The collecting wavelength was from 4000 to
400 cm–1. Samples were prepared by dissolving a
small amount of compound in CH2Cl2, followed by
smearing the solution onto a KBr crystal plate and
evaporating the solvent at room temperature com-
pletely. Dynamic mechanical properties were meas-
ured by SDTA861e DMA using three-point bending
method. Samples were heated from 40 to 250°C
with a heating rate of 2°C/min. and frequency of
1 Hz. Thermogravimetric analysis was performed
on Perkin-Elmer Diamond TG/DTA with high purity
nitrogen as a purge gas at a scan rate of 10°C/min.
Elemental analyses were performed by Perkin-
Elmer PE2400 elemental analyzer. Flexural proper-
ties were determined by Instron model 5567 (Made
in UK) with a 30 kN load cell at the crosshead speed
of 2 mm/min. Unnotched izod impact testing was
conducted on XJ-50Z impact testing machine and
(Made in Chengde, China). For the mechanical test-
ing, at least five specimens were tested for each
sample to obtain the average value for properties.

2.3. Synthesis of maleopimaric acid (MPA)
The synthesis, collection and purification of MPA
were done according to the procedure described in
our former paper [19, 20]. 1H-NMR (CD3Cl, !
ppm) 5.5 (1H), 3.1 (2H), 2.7 (1H), 2.5 (1H), 2.2
(1H), 1.78–1.24 (13H), 1.2(3H), 1.0(6H), 0.6(3H).
13C-NMR (CD3Cl, ! ppm) 185, 173, 171, 148, 125,
54, 53, 52, 49, 47, 45, 40, 38, 37, 36, 35, 33, 27, 22,
20, 20, 17, 15.76 FT-IR (cm–1) 850, 930, 944, 1010,
1090, 1140, 1280, 1235, 1390, 1465, 1730, 1782,
1842, 2860, 2942, 3500-3100. Elemental analysis:
Calculated %: C: 71.97, H: 8.05; Found %: C: 71.42,
H: 8.11.

2.4. Synthesis of triglycidyl ester of
maleopimaric acid

Into a three-necked round flask equipped with mag-
netic stirrer, thermometer and reflux condenser,
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30 mL of distilled water and 20 g (0.05 mol) of male-
opimaric acid were charged. After it was heated to
130°C, 6 g (0.15 mol) of sodium hydroxide was
added gradually and the reaction was maintained at
this temperature for 4 h under nitrogen atmosphere.
To this mixture, 46.5 g (0.5 mol) of epichlorohydrin
and 0.5 g of tetrabutyl ammonium bromide were
added before the reaction was refluxed for another
6 h. It was cooled to 70°C after the addition of excess
sodium hydroxide. By cooling the reaction to room
temperature, the solid precipitation was removed
via filtration. The filtrate was diluted by 200 mL of
hexane and washed with distilled water twice. The
upper hexane layer was concentrated by rotary
evaporator and dried at 60°C in the vacuum oven
for 12 h to get the triglycidyl ester of maleopimaric
acid weighting 22 g (Yield: 75%). 1H-NMR
(CDCl3, ! ppm) 5.4 (1H), 4.3–4.5 (3H), 3.9–4.0
(2H), 3.70–3.72 (1H), 3.11–3.32 (3H), 2.78–2.87
(6H), 2.55–2.70 (4H), 2.40–2.42 (1H), 2.18–2.3
(1H), 1.78–1.24 (13H), 1.15 (3H), 1.00–0.98 (6H),
0.59 (3H); 13C-NMR (CDCl3, ! ppm) 178.2, 173.5,
172.6, 148.1, 127.4, 65.1, 56.4, 53.5, 52.4, 49.5,
47.2, 45.9, 40.6, 38.2, 37.9, 36.6, 35.6, 35.0, 32.7,
27.1, 21.9, 20.8, 20.2, 17.2, 16.9, 15.8. FT-IR (cm–1)
466, 620, 721, 759, 849, 908, 1020, 1071, 1103,
1173, 1249, 1384, 1453, 1730, 2869, 2954, 3446.
Elemental analysis: Calculated %: C: 67.55, H: 7.90;
Found %: C: 67.23, H: 7.82.

2.5. Cured resin preparation
Maleopimaric acid and triglycidyl ester of maleopi-
maric acid in a 1:1 stoichiometeric ratio together
with catalyst 2-ethyl-4-methylimidazole (1 wt% on
the basis of total weight) were dissolved in acetone

to get the uniform mixture. The solvent was removed
in the vacuum oven at 60°C for 30 min. The solvent
free mixture was transferred to the steel mold with
the inner dimension of 64 mm"10 mm"5mm to
prepare the specimens for mechanical and DMA
test. The curing reaction was carried out at 120°C
for 2 h, 150°C for 2 h and 180°C for 2 h at normal
pressure. The cured samples were left still at room
temperature for 12 h prior to mechanical and DMA
testing.

3. Results and discussion
The reaction scheme and chemical structure for the
triglycidyl ester of maleopimaric acid were shown
in Figure 1. The synthesis of maleopimaric acid
from rosin acid was described carefully in our for-
mer paper [19] and its triglycidyl ester was pre-
pared by the reaction with epichlorohydrin and
aqueous sodium hydroxide with tetrabutyl ammo-
nium bromide as the phase transfer catalyst. It is
easy to notice that maleopimaric acid was the inter-
mediate product to prepare the rosin-based epoxy
monomer. In our previous work, [19] maleopimaric
acid was demonstrated to have great potential to
replace some of conventional petroleum-based cur-
ing agents in synthesis of high performance epoxy
resin. Naturally, it was also employed as a curing
agent to cure its resulting triglycidyl ester and so as
to prepare the wholly rosin-based epoxy resin in
this research.
Figures 2a and 2b show the 1H-NMR and 13C-NMR
spectra for tirglycidyl ester of maleopimaric acid,
respectively. In Figure 2a, the peak at 5.4 ppm was
assigned to the proton 1 on the unsaturated carbon.
The multiple peaks appearing at 4.3–4.5, 3.9–4.0
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Figure 1. Synthetic route for maleopimaric aicd and its triglycidyl ester



and 3.70–3.72 ppm were attributed to the proton 5,
a, 6, b due to the presence of chital carbon in the
ethylene oxide ring. Other specific peaks at 3.1–3.3,
2.78–2.87 and 2.5–2.70 ppm were also identified
accordingly. In Figure 2b, all the characteristic
chemical shift assignments for different carbons in
tirglycidyl ester of maleopimaric acid were made.
Especially, from the expansion between 45 and
50 ppm, the peaks for carbon 6 and carbon 7 on the
ethylene oxide ring were clearly observed.
FT-IR is useful to monitor the epoxy curing reac-
tion. Figure 3 is the FT-IR spectra for the mixture of
maleopimaric acid and tirglycidyl ester of maleopi-
maric acid before and after curing reaction. In the
unreacted mixture, the bands at 1782 and 1842 cm–1

were assigned to the characteristic peak of anhy-
dride group; the bond at 1730 cm–1 was attributed to
the carbonyl stretch (C=O); the peak at 908 cm–1

indicated the presence of oxirane rings. After curing
reaction, the bands at 1782, 1842 and 908 cm–1

were disappeared completely, which represented
the conversion of anhydride and epoxy group as
well as the formation of the cured resin.
Dynamic mechanical analysis is a popular method
to determine the dynamic elastic modulus of poly-
meric materials and observe the emergence of their

molecular mobility transition such as glass transi-
tion. Figure 4 shows the dynamic mechanical prop-
erties of tirglycidyl ester of maleopimaric acid
cured with maleopimaric acid. Apparently, its glass
transition temperature (Tg) and storage modulus at
room temperature was as high as 164°C and 3.2 GPa,
respectively. As we know, the plant oil based ther-
mosetting epoxy, unsaturated polyester or polyure -
thane were widely studied [11–13, 21–23], but their
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Figure 2. 1H-NMR and 13C-NMR spectra for tirglycidyl ester of maleopimaric acid

Figure 3. FT-IR spectra for the mixture of maleopimaric
acid and tirglycidyl ester of maleopimaric acid
before and after curing reaction



glass transition temperatures and modulus were
very low (lower than 50°C). In order to increase
their Tg or modulus, more than 50% petroleum-
based rigid monomers must be introduced. To the
best of our knowledge, this is the first wholly bio-
based thermosetting resin which demonstrated out-
standing dynamic mechanical properties and ther-
mal properties
To evaluate the properties of this bio-based epoxy
resin, the mechanical properties and thermal stabil-
ity were also investigated. The flexural properties
and impact strength were summarized in Table 1.
The flexural modulus and flexural strength were
about 2200 and 70 MPa, respectively, which are
comparable with those of petroleum-based bisphe-
nol A epoxy cured with different curing agents [24].
It meant that this wholly bio-based epoxy resin
could be use as an engineering thermosetting resin.
Although the resin shows a little bit brittleness
according to the lower values of the impact strength
and strain at break compared with the reported
results [24, 25], it is still acceptable. The low impact
strength might be due to the high crosslink density
of the cured epoxy, since the epoxy monomer and
curing agent both have three crosslinkable function-
alities.

The thermal stability is also one of the important
properties for polymeric materials and TGA is the
most convenient method to determine the thermal
stability and degradation behaviors of polymers. In
Table 1, the TGA result for the cured triglycidyl
ester of maleopimaric aicd indicated that its 5%
weight loss occurred at 328°C, which is also com-
petitive with the petroleum-based bisphenol A
epoxy [26]. As we know, the common cured bisphe-
nol A epoxy usually show their 5% weight loss tem-
perature at about 350°C.

4. Conclusions
A novel bio-based thermosetting resin was devel-
oped using a rosin based epoxy monomer and rosin
based curing agent. It demonstrated high Tg and
modulus. Also its flexural properties and thermal
stability were comparable to those of the conven-
tional petroleum-based epoxy. Our results indicated
the possibility to synthesize wholly bio-based ther-
mosetting resin with high performance and inspired
us to explore more and more renewable alternatives
to petroleum based polymeric materials.
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1. Introduction
Graphene is a monolayer graphite, discovered in
2004 [1]. The two-dimensional (2D) sheet carbon
material has attracted much attention due to its
unique properties, such as high mechanical proper-
ties [2], electronic transfer [3], thermal conductivity
[4] and specific surface area [5]. Various methods
have been explored to make graphene sheets, like
chemical vapor deposition, epitaxial growth, mechan-
ical or chemical exfoliations. Graphene oxide (GO)
is derived from the oxidation of natural graphite
flakes followed by ultrasonic treatment of the sus-
pension. After oxidation, basal planes of GO sheets
are decorated mostly with epoxide, hydroxyl, car-
bonyl, and carboxyl groups [6, 7]. GO is an active
material, it can act as surfactant [8], covalently com-
bined with other materials [9], etc. In recent years,
graphene hybrid nano particles appeared [10–12],

the active GO sheets can be used to modify conven-
tional nanoparticles which were used in polymer
nanocomposites.
PVDF is a polar polymer with excellent chemical,
mechanical and electrical properties [13–15]. PVDF
has been widely used in many fields, such as ultra-
filtration and microfiltration membranes, electrode
binder in lithium ion batteries, microwave transduc-
ers and its unique applications as piezoelectric and
pyroelectric materials. It is well known that nanopar-
ticles are usually used to enhance the properties of
polymer by simple blending [16–19], the interfacial
interaction between polymer and nanoparticles is
crucial to the enhancement. However, Jae-Wan Kim
et al. studied the morphology, crystalline structure
and mechanical properties of PVDF composites
blended with silica, the composites performance
poor properties. The author considered that there was
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no interaction between silica and PVDF [20]. Thus,
the modification of silica in order to achieve a bet-
ter interfacial interaction is necessary.
In this work, graphene oxide coated silica nanopar-
ticles (SiO2-GO) were fabricated by electrostatic
assembly, these nanoparticles were solution blended
with PVDF, the interfacial interaction and mechani-
cal properties were investigated.

2. Experiments
2.1. Materials
Graphite powders were purchased from Qingdao
Black Dragon graphite Co., Ltd, China. Sub-micro
sized silica (average size = 500 nm) was purchased
from Admatechs Co., Ltd, Japan. Potassium perman-
ganate (KMnO4), sulfuric acid (H2SO4, 98%), sodium
nitrate (NaNO3) and hydrogen peroxide (H2O2)
were purchased from Kermel Chemical reagent
plant (Chengdu, China), all reagents were used as
received. 3-aminopropyltriethoxysilane (APS) was
provided from commercial sources and used with-
out purification. PVDF (FR901) was purchased from
Shanghai 3F New Material Co., Ltd. China.

2.2. Preparation of graphene oxide coated
silica hybrids

The surface modification of SiO2 with APS cou-
pling agent was carried out in liquid phase. In a typ-
ical process, SiO2 powder (10 g) was firstly added
to 150 mL ethanol, premixed and then ground by
planetary ball mill with zirconia balls (400 rpm,
30 min) to get well dispersed SiO2 suspension.
After the addition of another 150 mL ethanol,
0.5 mL silane coupling agent APS was added into
the suspension. The mixture was stirred, heated up
to 50°C for 12 h, the obtained particles were filtered
from the mixture, washed with ethanol and deion-
ized water five times and dried under vacuum.
GO was made of natural graphite by Hummer’s
method [21]. The size of GO monolayer sheets were
mostly 2~6 µm, the thickness was about 1.3 nm.
Exfoliation of GO was achieved by sonication for 2 h
in an aqueous solvent, followed by centrifugation to
remove the unexfoliated GO sheets (3000 rpm,
30 min). A diluted and well dispersed GO colloid
solution with a concentration of 0.4 mg/mL was
employed in the succeeding process.
GO coated silica hybrids (SiO2-GO) were fabri-
cated by simple mixing positively charged SiO2-NH2

particles and negatively charged GO dispersion. As
in a typical process, 400 mL SiO2-NH2 (20 mg/mL)
were added into a 200 mL aqueous GO suspension
(0.4 mg/mL) under mild magnetic stirring for 1 h.
Stopped stirring when the aqueous solution became
transparent, then GO precipitated with SiO2-NH2 at
the bottom of the beaker. The sediment solid (SiO2-
GO hybrids) were collected and washed with water
for several times to remove the unbound GO and
afterwards dried under 60°C and grounded before
use.

2.3. Fabrication of PVDF/ SiO2-GO
composites

Different amounts of SiO2-GO and SiO2 were firstly
added to 50 mL dimethyl acetylamide (DMAc)
respectively, the solution was sonicated for 4 h and
then transferred to a flask for mechanical stirring.
After that, 8 g PVDF were added to the solution in
batches (4 batches, 2 g every 30 min), stirred at 60°C
for 12 h to get homogenous solution. Subsequently,
the solution was co-precipitated with deionized
water and dried in an oven at 60°C for 24 h to
remove remaining solvent, the precipitate was heat
compressed at 210°C. Pure PVDF was fabricated in
the same way for comparison. The weight ratios of
the nanoparticles in the composites were 5, 10, 15,
20% (Filler/PVDF) respectively.

2.4. Characterization
Morphological studies were carried out using a
scanning electron microscope (SEM, JEOL JSM-
5900LV) in order to investigate the interface between
nanofillers and PVDF matrix in the composites.
The SEM images were obtained on the fracture sur-
face of samples at an accelerating voltage of 20 kV.
Transmission electron microscopy (TEM) observa-
tions were carried out to examine the micro-mor-
phology of hybrids on a Tecnai F20 S-TWIN TEM
under an acceleration voltage of 200 kV.
Morphological observations on crystallites of PVDF
composites were conducted on a polarized optical
microscopy (POM, Leica DMLP) equipped with a
hot stage (Linkam THMS 600) under crossed polar-
izers. All samples were first inserted between two
microscope cover slips and squeezed at 210°C to
obtain a slice with a thickness around 30 µm. Sub-
sequently, the as-prepared slice was transferred to
the hot stage and held at 210°C for 3 minutes to
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achieve thermal equilibrium. It was followed by
cooling to 40°C at 2°C/min. The POM micrographs
were recorded by a digital camera.
Infrared spectra from 4000 to 650 cm–1 were obtained
by a Nicolet 6700 Fourier Transform Infrared Spec-
troscopy (FTIR) instrument using ATR method,
32 accumulated cycles, 4 accuracy.
The dynamic properties of the materials were inves-
tigated using a Dynamic Mechanical Analyzer
(DMA, TA Q800). The mode was Film-Tension,
preload force was 0.01 N, amplitude was 10 µm,
frequency was 1 Hz and heating rate was 3°C/min.
Standard tensile tests were performed using a ten-
sile testing machine (SANSI, ShenZhen, China)
with a cross-head speed of 5 mm/min at room tem-
perature (23°C). The tensile strength at yield was
determined according to GB/T 1040-92 standard.
The values of the tensile strength were calculated as
averages over 5 specimens for each composition.

3. Results and discussion
3.1. Self-assembly of graphene oxide coated

silica
The overall synthetic procedure of graphene oxide
coated silica was demonstrated in Figure 1, graphene
oxide was negatively charged because of its plenty
of functional groups such as carboxylic acid and
phenolic hydroxy groups. Raw SiO2 particles were
modified with APS, then it could form positively
charged SiO2-NH3

+ particles due to the ionization
of amino groups [22]. Therefore, GO sheets were
easy to self assemble with SiO2-NH3

+ by electro-
static force and the SiO2-GO hybrids were obtained.

Raw SiO2 and SiO2-GO powders were shown in
Figure 2a and 2b respectively, it is well known that
the colour of graphene oxide is brown, SiO2-GO
was brown compared with white raw SiO2, indicat-
ing the existence of graphene oxide. However, was
silica coated with graphene oxide? SEM photo-
graphs of raw SiO2 and SiO2-GO at the same mag-
nification were shown in Figure 2d and 2e respec-
tively. Compared with the smooth surface of SiO2,
the surface of SiO2-GO was rough and somewhat
wrinkled. It was more obvious at the TEM image of
SiO2-GO (Figure 2c), ultrathin graphene oxide
sheets coated the SiO2 particles. Therefore, the exper-
imental results above all proved that the SiO2-GO
hybrids have been successfully made.

3.2. Interfacial interaction between PVDF and
nanofillers

In order to study the interfacial interaction between
PVDF and nanofillers, SEM photographs were
observed. As shown in Figure 3a and 3b were PVDF
with SiO2 at low and high magnification respec-
tively, a large number of SiO2 was pulled out of the
PVDF matrix and left many holes on the fracture
surface, the few number of SiO2 that was left in the
fracture surface showed very smooth surface, and
the gaps between PVDF matrix and SiO2 were obvi-
ous clear, these all indicated that the interfacial inter-
action between PVDF matrix and SiO2 was very
poor. However, compared with PVDF/SiO2, there
were fewer holes in the fracture surface of PVDF/
SiO2-GO (Figure 3c and 3d), PVDF was somewhat
adhered to the SiO2-GO particles, the combination
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Figure 1. Illustration of the overall synthetic procedure of graphene oxide coated silica



between matrix and SiO2-GO was better. Therefore,
after the silica was coated with graphene oxide, the
interfacial interaction was enhanced in PVDF/
SiO2-GO composites.
The enhancement of interfacial interaction in
PVDF/SiO2-GO was also proved by another char-
acterization method. It was reasonable that the plenty
of functional groups like epoxide, hydroxyl, car-
bonyl, and carboxyl groups would have a strong
interaction with the PVDF’s molecular chains. The
C–F bond of PVDF and hydroxyl or carboxyl groups
of graphene oxides were supposed to form hydro-
gen bonds in the PVDF/SiO2-GO composites, the
hydrogen bonds would support the enhancement of
interfacial interaction. It is well known that the
characteristic peaks in infrared spectra will show

‘red shift’ when hydrogen bonds are formed. There-
fore, FTIR investigation (Figure 4) was made to
prove this idea, SiO2 showed a strong peak at
1112.6 cm–1, which could be assigned as Si–O–Si
vibration, while PVDF/15 % SiO2 showed a peak
of Si–O–Si vibration at 1107.3 cm–1, which implied
slight red shift, because a few hydrogen bonds were
formed. The peak of Si–O–Si vibration of SiO2-GO
was located at 1117.3 cm–1, while that of PVDF/
15% SiO2-GO was located at 1104.7 cm–1. The obvi-
ous red shift indicated that there were substantial
hydrogen bonds in the PVDF/SiO2-GO composites,
which could be attributed to the plenty of functional
groups of the graphene oxide. Thus, compared to
the PVDF/SiO2 composites, the substantial hydro-
gen bonds between PVDF and SiO2-GO would
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Figure 2. Digital photographs of raw SiO2 (a) and as-made SiO2-GO hybrid (b), Transmission electron microscopy (TEM)
image of SiO2-GO hybrids (c), scanning electron microscope (SEM) images of the raw SiO2 (d) and created SiO2-
GO hybrid (e) at the same magnification



improve the interfacial behaviour and may have an
effect on the mechanical properties of the PVDF/
SiO2-GO composites.
A decrease of the spherulite size, results in a
stronger interaction between PVDF chains and
nanoparticles [23]. The morphologies of crystals
were shown in Figure 5. The slice of samples were
relatively thick for the low melt index of PVDF, so
the serious overlap of crystal in the picture was hard
to avoid. Compared with pure PVDF, the spherulite
size of PVDF in PVDF/5% SiO2 composite was
larger, which indicated that the interaction between
PVDF chains and SiO2 was weak. However, the
spherulite size of PVDF in PVDF/5% SiO2-GO
composite was obviously smaller than that of pure
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Figure 3. SEM images of PVDF with 20% SiO2 at low magnification (a) and high magnification (b); PVDF with 20%
SiO2-GO at low magnification (c) and high magnification (d)

Figure 4. FTIR spectrums of PVDF nanocomposites and
the fillers



PVDF, indicating a better interfacial interaction
between PVDF chains and SiO2-GO particles.
In summary, it can be concluded that the interfacial
interaction between PVDF and SiO2-GO has been
largely improved compared with that between PVDF
and silica. That is to say, after SiO2 particles were

coated with graphene oxide, the interfacial interac-
tion was greatly enhanced in PVDF/SiO2-GO com-
posites. It should be a potential method to improve
the interfacial interaction between polymer and
fillers.

3.3. Mechanical properties of PVDF
nanocomposites

Since the interfacial interaction was enhanced in the
PVDF/SiO2-GO composites and graphene show
high mechanical properties [2], the mechanical
properties of PVDF/SiO2-GO composites were sup-
posed to be enhanced. Figure 6a showed tensile
strengths of PVDF/SiO2 and PVDF/SiO2-GO com-
posites. The tensile strength of PVDF/SiO2-GO
composites show a limited improvement compared
with PVDF/SiO2 composites with different filler
contents. The tensile strength of pure PVDF was
45.6 MPa, with increasing loading of SiO2-GO, the
tensile strength of PVDF/SiO2-GO increased. The
tensile strength of PVDF containing 20% SiO2-GO
was 51.2 MPa, which was about 12% more than
that of pure PVDF. While the tensile strength of
PVDF/SiO2 decreased with the increasing loading
of SiO2, it was subjected to severe decrease when
the loading of SiO2 was 20%, this may be due to the
aggregation of SiO2 in PVDF matrix and poor inter-
facial interaction between PVDF and SiO2. The
limited improvement of tensile strength could be
ascribed to the good dispersion of SiO2-GO and
interfacial enhancement between SiO2-GO nano -
particles and PVDF matrix. The basal planes of
graphene oxide were most likely decorated with
epoxide, hydroxyl, carbonyl and carboxyl groups.
Thus, graphene oxide coated silica with high polar-
ity dispersed well in polar PVDF. The good interac-
tion between the functional groups of SiO2-GO and
PVDF molecular chains would result in better inter-
facial interaction.
The tensile modulus is shown in Figure 6b. Tensile
modulus of PVDF/SiO2-GO and PVDF/SiO2 both
increased with the increasing amount of fillers, this
increase could be attributed to the presence of sil-
ica, because it was a common phenomenon when a
polymer was blended with rigid particles. We noticed
that the modulus of PVDF/SiO2-GO was slightly
lower than that of PVDF/SiO2. In order to confirm
this experimental result, we did a dynamic mechan-
ical analysis (DMA test). Figure 7 showed that stor-
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Figure 5. Crystal morphologies of PVDF (a), PVDF with
5% SiO2 (b) and 5% SiO2-GO (c) respectively
observed by Polarized optical microscopy (POM)



age modulus of PVDF/SiO2 and PVDF/SiO2-GO
were obviously higher than that of pure PVDF.
Even at 25°C, the storage modulus of PVDF/SiO2
(3388 MPa) was 50% higher than that of PVDF
(2255 MPa), while the storage modulus of PVDF/
SiO2-GO (2668 MPa) was only 18% higher than that
of PVDF (2261 MPa). This result was similar to
that of tensile tests, it confirmed that the rigid silica
particle would result in an increase of modulus.
However, the modulus increase of PVDF/SiO2-GO
was relatively lower than that of PVDF/SiO2.
Why did the tensile strength of PVDF/SiO2-GO
improved only by 12% at most and the modulus was
relatively lower than that of PVDF/SiO2? There were
two possible explanations: 1) The APS layer between
silica and graphene oxide may cause the rigidity of
SiO2-GO to decrease, compared with the pure sil-
ica. Thus, the modulus of PVDF/SiO2-GO was rela-
tively lower than that of PVDF/SiO2. 2) Recently,

researchers proposed that the graphene oxide con-
tains many oxidative debris after oxidation of natu-
ral graphite flakes [24]. Maybe the small molecules
(oxidative debris) mixed with graphene oxide could
act as plasticizer, thus do harm to the improvement
of strength of PVDF/SiO2-GO and result in the rel-
atively lower modulus of PVDF/SiO2-GO.

4. Conclusions
Graphene oxide coated silica hybrids (SiO2-GO)
were fabricated by electrostatic assembly, and SiO2-
GO hybrids based PVDF nanocomposites were
made successfully. SEM pictures showed that there
were many SiO2 particles pulled out of the fracture
surface of PVDF/SiO2, the interface between PVDF
matrix and SiO2 was clear. While for PVDF/SiO2-
GO, there were few SiO2-GO particles pulled out of
the fracture surface, SiO2-GO particles were mostly
embedded in the PVDF matrix, the interface between
PVDF matrix and SiO2-GO was unclear. This indi-
cated that the interfacial interaction between PVDF
matrix and SiO2-GO was greatly enhanced. Using
infrared spectra investigation, the vibration peak of
silica in PVDF/SiO2-GO showed an obvious ‘red
shift’ compared with SiO2-GO, indicating the strong
hydrogen bonds forming between PVDF matrix and
SiO2-GO, which will be beneficial for the interfacial
enhancement. Compared with neat PVDF, crystal-
lite size of PVDF/SiO2-GO decreased, while those
of PVDF/SiO2 increased. This indicated that, com-
pared with PVDF/SiO2, PVDF/SiO2-GO had a bet-
ter interfacial interaction. Since the interface was
greatly enhanced in PVDF/SiO2-GO composites,
the corresponding mechanical properties were exam-
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Figure 6. Tensile strength (a) and tensile modulus (b) of PVDF with SiO2-GO and SiO2 respectively

Figure 7. Storage modulus of PVDF with SiO2-GO and
SiO2 respectively carried out by dynamic mechan-
ical analysis (DMA) measurement



ined. The tensile strength of PVDF/SiO2-GO showed
limited improvement, and modulus was relatively
lower, compared with PVDF/SiO2.
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1. Introduction
Polyamides are considered to be high-performance
organic materials due to their outstanding thermal
and mechanical properties [1–3]. Their properties
arise from their aromatic structure and amide link-
ages. However, the poor solubility, high softening
and melting temperatures caused by high crys-
tallinity and high stiffness of polymer backbone
hamper the processing of aromatic polyamides.
What’s more, the properties can be easily tailored
through changing their molecular chain structure
[4–6]. The strategies which have been employed for
solubility increase in aromatic polyamides are lat-
eral substitution and the distortion of the rigid char-
acter introducing non-planar, kinked or flexible
parts in the main chain. Research efforts are there-

fore underway to take advantage of their properties,
enhance their machinability, solubility and incorpo-
rate new chemical functionalities in the polyamide
backbone or lateral structure, so that their applica-
bility is expanded and remains on the forefront of
scientific research [7–9].
Vapor phase lubrication has been proposed as a
scheme for lubrication of high efficiency engines
operating at temperature outside the range in which
any fluid lubricants can be used [10–16]. These
applications include gas-turbines which operate
with bearing temperatures in excess of 500°C. The
most commonly used vapor phase lubricants for
these applications are the aryl phosphates and in
particular tricresyl phosphate [17].
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In our research, we decide to synthesize a new aro-
matic phosphazene diamine monomer 1 and use it
for the synthesis of new fully aromatic poly(phosp-
hazene-aryl amides), in order to investigate their
thermal behavior. These data will be fundamental
for the following syntheses of known and commer-
cial polyamides containing different mol% of
monomer 1. Also its will be used as the addition-
type monomers selected on the basis of the tri-
bopolymerization concept in Vapor phase lubrica-
tion study. Thus, in the present work we report the
synthesis and characterization either of the
monomer 1 and their fully aromatic polyamides.
Their physical chemistry properties including
intrinsic viscosity, solubility behavior, crystalliza-
tion behavior, thermal properties and degradation
behavior are studied.

2. Experimental
2.1. Materials
Hexachlorocyclotriphosphazene (HCCP, self-made)
was purified by recrystallization from dry n-heptane
and subsequent sublimation twice [18]. 4, 4-diamin-
odiphenyl ether (ODA) was used as received from
Sinopharm Chemical Regents Co. Ltd (99%, Shang-
hai, China). Phenol was recrystallized from pen-
tane. Tetrahydrofurane (THF) was dried over and
distilled from sodium/benzophenone. Triethylamine
(TEA) was distilled onto molecular sieves. N-methyl-
2-pyrrolidinone (NMP) was dried over phospho-
rous pentoxide and distilled under reduced pres-
sure. Terephthaloyl chloride (TPC) was purified by
recrystallization form anhydrous hexane. p-
Phenylenediamine (PPD) was purified by vacuum
distillation. Lithium chloride (LiCl) was dried for
8 h at 170 under vacuum. All chemicals and sol-
vents were provided commercially by Sinopharm
Chemical Regents Co. Ltd (China) and used with-
out further purification unless otherwise noted. All
glassware was dried in an oven under vacuum
before use.

2.2. Synthesis of 1,1,3,5-tetraphenoxy-4,6-bis(4-
aminophenoxy)oligocyclotriphosphazene
(monomer 1)

The preparation of monomer 1 involved two steps:
In the first step, NaH (9.6 g, 0.40 mol) was dis-
solved in 20 ml THF under stirring and nitrogen
atmosphere. To this, a solution of THF (50 ml) dis-

solving phenol (37.65 g, 0.40 mol) was added drop-
wise. The temperature of reaction mixture was
maintained at room temperature for 2 hours and
then added this solution dropwise to a solution of
HCCP (34.8 g, 0.10 mol) in 100 ml of THF at room
temperature for 24 hours. Then, after THF removed
by rotary evaporation, the reaction mixture was to
be purified by ethanol and deionized water three
times. Finally, the product I (bis-chlorinetetraphe-
noxycyclotriphosphazene) was dried under vacuum
at 60 C for 12 h. In the second step, a solution of the
product I (45.25 g, 0.050 mol) in 100 ml of THF
was added dropwise to a solution of ODA (20 g,
0.10 mol) and TEA (10.05 g, 0.10 mol) in 100 ml of
THF at room temperature. After completion of the
addition in 2 h, the mixture was stirred and refluxed
at 40°C for 12 h. Then, the reaction mixture was
cooled to room temperature. THF was removed by
distillation under reduced pressure. The residue was
washed with methanol and deionized water three
times, and then dried over anhydrous magnesium
sulfate. Finally, the product II (monomer 1) was
dried under vacuum at 60°C.
FTIR [cm–1]: 3325 (!N–H), 1580 (!Ph), 1160 (!C–O–C),
1230 (!P=N), 940 (!P–O–Ph), 875 (!P–N). 1H NMR
(DMSO; !, ppm): 7.65–7.96 (d, C6H4 in ODA),
6.88–7.21 (t, C6H5 in phenoxy), 5.91 (s, NH2), 3.04
(s, NH). 31P NMR (DMSO; !, ppm): 7.96
(PPh(ODA)), 5.64 (PPh2).

2.3. Synthesis of 
poly(phosphazene-aryl amides)

In a typical experiment, polyamide PPAA, which
derived from monomer 1 and TPC, was prepared as
follows: A two-necked flask equipped with a drop-
ping funnel and gas inlet tube was charged with a
solution of monomer 1 (9.21 g, 0.01 mol) and pyri-
dine (1.55 g) in 20 ml of NMP, to which TPC (2.04 g,
0.01 mol) was added with stirring under N2. The
mixture was firstly stirred at 0°C for 0.5 h, then at
room temperature for 7 h to yield a viscous poly -
amide solution. Then the solution was trickled into
excess ethanol with stirring to afford a precipitate.
The precipitate was filtered, washed with hot
ethanol for three times, purified by Soxhlet extrac-
tor (Acetone as solvent) for 12 h, then washed three
times with deionized water and dried at 120°C under
vacuum for 6 h to give polyamide PPAA (yield:
88.2%). Other polyamides, PPTA (yield: 93.4%),
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PA-7030 (yield: 89.2%), PA-5050 (yield: 91.6%),
PA-3070 (yield: 88.7%), were synthesized by simi-
lar procedure. The chemical compositions of the
polyamides are listed in Table 1. All composites
described were synthesized by similar methods as
Figure 1.

2.4. Measurements
FT-IR spectra of all samples were recorded using
polymer granule on a Perkin-Elmer Wellesley MA
spectrophotometer. The (1H and 31P) NMR spectra
were recorded on a Varian DRX 400 NMR spec-
trometer (Varian NMR Instruments) with the oper-
ating frequency at 400 MHz using CDCl3 or DMSO
as a solvent, using TMS as inner reference and
H3PO4 (85%) as external reference. Elemental analy-
sis was carried out using a Heraeus CHN–O rapid
elemental analyzer (United States) with acetanilide
as a standard. The intrinsic viscosities of polyamides
were measured at a concentration of 0.5 g/dl in con-
centrated sulfuric acid, at 30±0.2. The numbers were
counted by measured value from suspended level
Ubbelohde viscometer. Gel permeation chromato-
graphic analysis (GPC) was carried out on a PL
GPC 50 plus evaporative mass detector instrument

(United States). Dimethylformamide (DMF) was
used as mobile phase after calibration with poly-
styrene standards of known molecular weights.
Thermogravimetric analysis (TGA) was performed
on a TGA 7 instrument (PerkinElmer) thermal analy-
sis system. Sample weight taken was 2–4 mg. DSC
analysis was carried out on a Perkin-Elmer Pyris 2
DSC analyzer (PerkinElmer), at a heating rate of
10°C/min in nitrogen atmosphere. Sample weight
taken was 15–20 mg. Wide-angle X-ray scattering
measurements were performed on a Bruker AXS-
D8 Avance X-ray diffractometer (Germany) with a
copper target (40 kV, 15 mA). The microstructures
of solid residues were recorded using a Cambridge
S250MK3 scanning electron microscope (U.K.).
The solid residue of the samples degraded to vari-
ous extents was also prepared using the TGA instru-
ment under nitrogen atmosphere. The materials
were heated from room temperature to 600°C with
a heating rate of 20°C/min, and then rapidly cooling
the residue to room temperature.

3. Results and discussion
3.1. Synthesis and characterization of

monomer 1 and 
poly(phosphazene-aryl amides)

The main objective of this study is to produce novel
polyamide with high residual rate (upon 50% at
600°C), improved solubility and processability with-
out too much sacrificing of their thermal and mechan-
ical properties. The polyamide yields a high char
residue at 600°C and contains plenty of phosphors
element which can be used as surface chemical pro-
moter to achieve good lubricity effect. Cyclic phos-
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Table 1. The chemical compositions of polyamides

Polymer
code

PPD
[molar percent]

Monomer 1
[molar percent]

TPC
[molar percent]

PPTA 100 0 100
PA-7030 70 30 100
PA-5050 50 50 100
PA -3070 30 70 100
PPAA 0 100 100

Figure 1. Synthesis of monomer 1 and poly(phosphazene-aryl amides)



phazenes are found with both planar and puckered
phosphorus-nitrogen rings. The length of a phospho-
rus-nitrogen single bond in cyclophosphazene is in
the range of 1.47–1.62 Å, and this due to an appre-
ciable contraction. The shortest skeletal bonds are
associated with highly electronegative substituents.
" and "-# bonds are observed in the neutral system.
These heterocycles have polar groups, imparting an
additional dipole moment to the molecule, and
hence they can interact with each other and alter the
properties of the polymers containing these groups.
So in order to examine the presence of cyclophosp-
hazene groups in the polyamides backbone, aro-
matic diamine containing phosphazene groups and
poly(phosphazenen-aryl amides) were synthesized.
Benzene rings were also introduced in the chain in
order to render high thermal stability and other
properties. The monomer 1, which is a new phosp-
hazene aromatic diamine, was synthesized accord-
ing to Figure 1 through a two-step route by nucle-
ophilic substitution reaction. The nucleophile aro-
matic substitution for chlorine reaction is a moderate
synthesis reaction. On the basis of the results found
in the synthesis of the amide model compounds
above described, the novel poly(phosphazene-aryl
amides) were prepared by solution polycondensa-
tion reaction. This synthetic route though it might
lead to low molecular weight materials, represents a
clean and bland pathway which allows for the con-
trol of the chemistry involved.
The chemical structures of the polyphosphazene-
containing oligomer synthesized in the study were
characterized by elemental analysis, 1H NMR,
31P NMR and FT-IR spectroscopy. The calculated
elemental contents of monomer 1 in terms of the
formula (C48H42N7O6P3) were C 63.65; H 4.64;
N 10.83; O 10.61; P 10.27; and the analyzed data
show that C, H, N, O and P are 63.41, 4.82, 10.69,
10.57 and 10.33, respectively. It is found that ele-
mental analysis of the synthesized monomer 1 is in
good agreement with the calculated values. The
31P NMR spectrum of monomer 1 recorded at room
temperature in DMSO, shows two intense peaks
(! = 5.64 ppm, for the phenol groups linked to the
phosphorus atoms; ! = 7.96 ppm, for the pheny-
lamino groups linked to the phosphorus atoms).
This experimental evidence denotes that the Chlo-
rine was completely replaced by two groups. Fur-
thermore, in the 1H NMR spectrum of monomer 1,

the chemical shifts corresponding to the phenol ring
are found at ! = 6.89 ppm and ! = 7.21 ppm; ! =
3.04 ppm and ! = 2.97 ppm, as the two doublets
prove the presence of the phenylamino groups.
In order to obtain a more complete and reliable
chemical characterization, the synthesized
monomer 1, was also investigated by FT-IR tech-
nique. The spectrum is shown in Figure 2. The
monomer shows a strong absorption band at
1230 cm–1 due to the P=N stretch, while the absorp-
tion band at 875 cm–1 due to the P–N stretch. The
broad band at 1490 and 1580 cm–1 corresponds to
the benzene ring in AOPP. It also shows strong
absorption peaks at 1050 cm–1, at 940 and 3320 cm–1

due to the C–O–C stretch, P–O–Ar stretch and N–H
stretching, respectively.
The FT-IR spectra of the poly(phosphazene-aryl
amides) shown in Figure 3 present the characteristic
absorption bands due to eh stretching of the –NH–
amide groups along the chain in the range 3000–
3500 cm–1, while the stretching of the polyphosp-
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Figure 2. FT-IR spectrum of monomer 1

Figure 3. FT-IR spectrum of the poly(phosphazene-aryl
amides)



hazene groups give a wide band at 1200 cm–1. Char-
acteristic bands due to the aromatic polyamides
were observed, for example, at 1655 cm–1 [amide I
(C=O stretching mode)] and 1530 cm–1 [amide II
(coupling of C–N stretching and N–H in-plane
bending modes)]. Very similar FT-IR spectra were
achieved for fully aromatic polyphosphazene
polyamides (Table 1).
In conclusions, the inspection reveals that the novel
poly(phosphazene-aryl amides) synthesized and
discussed in the present work can be well character-
ized and distinguished applying these powerful
methods.

3.2. Solubility and Intrinsic viscosity of the
poly(phosphazene-aryl amide)

The solubility of the fully aromatic poly(phosp-
hazene-aryl amide) was tested in various solvents at
1 wt% concentration and the results are summa-
rized in Table 2.
The new polyamide (PPAA) was readily soluble in
highly polar solvents such as DMF, DMAc, DMSO
and NMP at room temperature or upon heating. The
high-solubility nature of PPAA can be explained by
the presence of polypolyphosphazene groups.
Because of these voluminous groups, the packing of
the polymer chains in tight structures through hydro-
gen bonding between amide groups is prevented
and, consequently, the solvent molecules can easily
diffuse into the polymer chain. The increased solu-
bility of these polyamides is mainly due to their
amorphous character. And the solubility of the
materials is similar to those of conventional m-
aramids. All the X-ray diffraction diagrams of
polyamides gave predominately amorphous pat-
terns (Figure 4). The stereo structure of PPAA is
shown in Figure 4.
In order to estimate the molecular weights of the
polyamide products, their intrinsic viscosities ($inh)
were measured using an Ubbelohde viscometer

with concentrated sulfuric acid at 30±0.2°C. Mean-
while, the weight-average molecular weights (Mw)
and polydispersities PD (= Mw/Mn) of the polyamide
was estimated by GPC measurements in DMF. The
values are all listed in Table 3. The testing data indi-
cate that the polymers have quite a narrow molecu-
lar weight distribution and a low quantity of
oligomers.

3.3. Crystallinity of our synthesized
poly(phosphazene-aryl amides)

In order to study the crystalline or amorphous nature
of the polyamides, WAXD measurements at room
temperature were performed. Typical wide-angle
X-ray diffractograms of the powder polyamides are
illustrated in Figure 5. The powder samples were
pulps which obtained after precipitation from solu-
tion (synthesis), without through spinning and fiber
processing processes. From the curves we can see

                                                 Zhao et al. – eXPRESS Polymer Letters Vol.6, No.4 (2012) 308–317

                                                                                                    312

Table 2. Solubility behaviour1 of the polyamides in various solvents2

1Solubility: (+) soluble at room temperature; (±) soluble with warming or swollen; (–) insoluble.
2THF: tetrahydrofuran; DMF: N,N-dimethyl formaide; DMAc: N,N-dimethyl acetamide; NMP: N-methyl pyrrolidone; DMSO: dimethyl
sulfoxide.

Polymer code CHCl3 THF DMF DMAc NMP DMSO H2SO4

PPTA – – – – – – +
PA-7030 – – – – – – +
PA-5050 – – – – – ± +
PA -3070 – – ± ± ± ± +
PPAA – – ± ± + + +

Figure 4. Model of a macromolecule fragment incorporat-
ing 1 repeating units of PPAA

Table 3. Inherent viscosity ($inh) and GPC valuble of poly -
amides

1Inherent viscosity measured at a concentration of 0.5 g/dl in con-
centrated sulfuric acid, at 30±0.2°C.

2Measured by GPC in DMF; polystyrene was used as standard.

Polymer code !inh
1"[dl·g–1] Mw

2"[g·mol–1] PD
PPTA 3.16 – –
PA-7030 2.31 – –
PA-5050 1.62 – –
PA -3070 0.98 – –
PPAA 0.75 38 300 1.78



that there are two dispersion peaks at 2% = 20.5 and
23.5° for PPTA, which indicates PPTA has low crys-
tallinity. But, there are no sharp peaks in the PPAA.
It proves that PPAA is amorphous. This can be
attributable to the introduction of polyphosphazene
groups, which weakens the regular structure of
molecular chains, reduces the rigidity and therefore
disrupts the crystallization capacity of the poly -
amides. Thus, the amorphous structure of this poly -
amide also reflected in its excellent solubility as can
be observed in Table 2.

3.4. Thermal properties of the polyamides
The thermal properties and stability of all poly
(phosphazene-aryl amides) were studied by DSC
and TGA techniques, respectively, and the data are
reported in Table 4. As can be observed, in Table 2
the poly(phosphazene-aryl amides) are amorphous
samples with a glass transition (Tg) of 85°C. For the
compounds PA-7030, PA-5050 and PA-3070 we
expect a high Tg values similar to PPTA, which
have a Tg values higher than 120°C. And the Tg val-
ues decreased with decreasing rigidity and symme-

try of the polymer backbone, which is due to the
increase of monomer 1 content.
The thermal stabilities of the poly(phosphazene-
aryl amides) were evaluated by TGA at 20°C/min
up to 600°C under nitrogen. Figure 6 shows a typi-
cal temperature dependence profile of the poly -
amides weight loss. The PPTA sample presents a
maximum rate of the thermal decomposition temper-
ature at 512°C, yielding a char residue of 58.68% at
600°C, while a char residue of 55.58% at 600°C
was observed in the thermal decomposition of the
PPAA, of 66.55% for the PA-7030, of 61.27% for
the PA-5050, and of 56.56% for the PA-3070. The
two decomposition steps for PPAA occur at 180.7°C
and 271.5°C, respectively. The weight loss of PPTA
at around 100–150°C is due to the evaporation of
absorbed moisture. The PPAA loss 7% of the sam-
ple in the temperature range 150– 250°C, and
another 35.42% in the range 250–600°C. PPTA sam-
ple loss 35.32% of the sample in temperature range
455– 600°C. Comparing the curves in Figure 5, it
emerges that the first decomposition step of the
monomer 1 occurs around 150–350°C. This is attrib-
uted to the less stable of the P–O–C bone linkage,
as reported for other polymeric systems containing
similar polyphosphazene groups [19, 20]. It also
determines the lower thermal stability of the fully
aromatic polyphosphazene polyamides with respect
to their no-polyphosphazene samples.
A pleasant surprise from the curves, we can confirm
that PA-3070 and PA-5050 show higher char yields
than PPTA. It can be readily attributed to the inher-
ent thermal-stability properties of the polyphosp-
hazene cores. With the presence of a small amount
of polyphosphazene diamine, cross-linking and gela-
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Figure 5. XRD patterns of the polyamides

Table 4. Data results for the polyamides

1Initial decomposition temperature recorded by TGA at a heating
rate of 20°C/min in N2.

2Temperature at which 10% weight loss is observed.
3Anaerobic residual weight at 600°C.
4Glass transition temperature measured on DSC at a heating rate
of 10°C/min in N2.

Code T0
[°C]1

T10
[°C]2

Char yield
[%]3

Tg
[°C]4

PPTA 455.3 482.8 58.68 341
PA-7030 237.8 308.6 66.55 195
PA-5050 198.6 298.7 61.27 157
PA-3070 193.1 291.0 56.56 146
PPAA 180.7 263.4 55.58 85

Figure 6. TGA curves for the polyamides



tion occurs in the decomposition. As the network
structure and gelation can inhibit the production of
small molecules, the higher char yield is an effect of
achieving synergy between the individual units.

3.5. Thermal degradation properties
The TGA results indicated that polyphosphazenes
play an important roals in increasing the themal sta-
bility of poly(phosphazene-aryl amides) at elevated
temperatures. However, its stability at lower temper-
atures decreases. To further investigate their influ-
ence, the residues of the polyamides samples obtained
from the TGA measurements, from room tempera-
ture to 600°C with a heating rate of 20°C/min in air,
were analyzed by FT-IR and SEM. Figure 7 illus-
trates the FT-IR spectra of the pyrolysis residues. In
the FT-IR spectra of poly(phosphazene-aryl amides)
samples, the absorption peak at 940 cm–1 due to
P–O–C bone and the absorption peak at 1500 cm–1

due to N–H bending and C–N stretching disappear.
The characteristic absorption peaks for P=N at
about 1230 cm–1, P–N at 875 cm–1 and for ether
group at 1180 also disappear. However, a few new
peaks appear at 1056 cm–1, which might be ascribed
to the generation of P–O–P. Similar to the mecha-
nism which has been reported [20, 21]. The obtained
structure could act as an acid catalyst, accelerating
the cleavage of side groups and the breaking of
ether groups in poly(phosphazene-aryl amides).
Then, the polyamides react to form more stable
structures. The appearance of P–O–P group is con-
sidered as crosslinking to different species, result-
ing in the formation of complex phosphorus struc-
tures. This is why the thermal degradation of the
poly(phosphazene-aryl amides) is much slower than
PPTA at above 500°C. The morphology of the solid
residues was observed by Scanning Electron Micro-
scope (Figure 8). The surface of monomer 1 (Fig-
ure 8f) residues exhibits a porous texture reverse to
the lump of PPTA (Figure 8a). Comparing with the
pictures (Figure 8), we can see that the granular of
the solid residues gradual disappearance with the
increase of monomer 1 content. The surface layer
of PPAA solid residues has been grumous, for the
syneresis of P–O–P took place. It proves that the
cyclotriphosphazene moieties produce phosphoric
acid or metaphosphoric acid during pyrolysis which
acts in the condensed phase promoting char forma-
tion on the surface.

3.6. LOI values of 
poly(phosphazene-aryl amides)

Char yield can be applied as decisive factor for esti-
mating limiting oxygen index (LOI) of the poly-
mers based on Van Krevelen and Hoftyzer equation
[22] (Equation (1)):

LOI = 17.5 + 0.4CR                                             (1)

where CR – Char yield (the data are reported in
Table 2). Thus, the LOI values are speculated from
TGA date, not experimental burning data.
The values of LOI are plotted in Figure 9. The aver-
age values of LOI for the two polyamides are repre-
sented by the dotted lines connecting the points for
the two pure components (PPTA and PPAA). The
poly(phosphazene-aryl amides) had LOI values cal-
culated derived from their char yield was high than
39. On the basis of LOI values, such macromole-
cules can be classified as self-extinguishing poly-
mers.

4. Conclusions
New kinds of poly(phosphazene-aryl amides) were
prepared by polycondensation in solution of the our
synthesized monomer 1 with terephthaloyl dichlo-
ride. The monomer 1 was characterized by elemen-
tal analysis, 1H NMR, 31P NMR and FT-IR tech-
niques to verify its chemical structure. The results
confirm this successful synthesis. The investigation
on thermal properties shows that the thermal stabil-
ity of our synthesized fully aromatic polyphosp-
hazene polyamides are strong determined by the
presence of the polyphosphazene groups in the

                                                 Zhao et al. – eXPRESS Polymer Letters Vol.6, No.4 (2012) 308–317

                                                                                                    314

Figure 7. FT-IR curves for the solid residues of poly(phosp-
hazene-aryl amides) after pyrolysis



polymer chains. They thermally degradation in two
steps, and this behavior may be due to the decom-
position of the P–O–C bone and aromatic bones.
The surface of monomer 1 solid residues exhibits a
porous texture with the scanning electron micro-

scope. During pyrolysis, polyphosphazene not only
acted in the condensed phase to promote char for-
mation at the surface but also promoted gelation to
restrain pyrolysis indirectly.
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Figure 8. Morphology of the solid residues of the composites after pyrolysis: (a) PPTA, (b) PA-7030, (c) PA-5050,
(d) PA-3070, (e) PPAA, (f) monomer 1
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1. Introduction
Low viscosity cyclic butylene terephthalate (CBT)
oligomer is a very promising material for a new
generation of thermoplastic and composite applica-
tions. CBT easily polymerizes in 3–5 min at 190°C
to linear high molecular weight poly (butylene
terephthalate) (pCBT) in the presence of tin or tita-
nium catalysts [1, 2]. Recent interest in CBT has not
only prompted recycling in an attempt to manage
the growing polymer waste problem, but also stim-
ulated the research and development of thermoplas-
tic composites.
CBT possesses important characteristics that are
advantageous when processing thermoplastic com-
posites: a water-like, low viscosity; the ability to

rapidly polymerize into pCBT which is transformed
from cyclic oligomer into linear, high-molecular
weight, engineering thermoplastic; and a polymer-
ization process that is free from low-molecular
weight byproducts [3]. Because of the low viscosity
characteristic, production techniques typically asso-
ciated with thermoset composites, such as resin
transfer molding (RTM), can be used with minor
adaptations to process thermoplastic composites.
CBT polymerization can be performed above and
below the melting temperature of the resulting
pCBT (~225°C). The outcome of pCBT is practically
the same: number average molecular weight varies
between 30 and 40 kg/mol, and the polydispersity
index remains at approximately 2. The remaining
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oligomer content in the pCBT sample is equivalent
to the equilibrium oligomer content in PBT, which
is known to be 3–5%. Mohd Ishak et al. [4] studied
the rheological properties of pCBT and find a dras-
tic reduction of time to complete polymerization
when the polymerization temperature is above
200°C. Researchers published differential scanning
calorimetry (DSC) studies on the polymerization of
CBT as well as studies about the crystallization and
melting behavior of the resulting pCBT [4–9]. Tri-
pathy et al. [10] studied the polymerization of CBT
using different catalysts and discovered that the
selected catalyst strongly influences the polymer
conversion and the time required for polymeriza-
tion. A fast catalyst such as stannoxane can com-
plete CBT polymerization within 2–3 min at 190°C,
whereas a slow catalyst system like tetrakis-(2-eth-
ylhexyl) titanate required more than 15 min [10].
Different type of catalysts have also significant
influence on the molecular weight and therefore on
the mechanical properties of the resulted polymer.
Investigators regard the polymerization of CBT to
be an athermal process because it is an entropically
driven, ring-expansion polymerization [6].
Hakmé et al. [11] studied the polymerization and
crystallization kinetics of CBT through dielectric
sensing. They found that the simultaneous polymer-
ization and crystallization (type I) occurred at
below 200°C; polymerization followed by crystal-
lization (type II) at above 200°C; and only polymer-
ization (type III) occurred at above 220°C. That is,
the crystallization behavior of pCBT was not only
affected by the crystallization condition, but also
influenced by the polymerization condition. The
crystal structure of pCBT is considered to be that
same as that of PBT [12]. In contrast to the PBT,
however, the lamellae in the pCBT samples are
nicely defined, thicker, and well oriented. Addition-
ally, the transition from crystalline to amorphous is
more pronounced in the pCBT samples, which might
be an indication of a reduction in tie molecules [13].
Our previous study [14, 15] on the isothermal crys-
tallization of pCBT polymerized at 230°C cata-
logues four morphologic features: usual negative
spherulites; unusual spherulites; mixed type bire-
fringence spherulites coexisting with boundary
crystals; and highly disordered spherulitic crystals
corresponding to the crystallization temperatures.
Thus, it can be seen visually that the processing

condition like temperature strongly affects the crys-
tal morphology, and perhaps even the final proper-
ties of the polymer and its composites.
As for the application of CBT for continuous fiber-
reinforced composites, there are some published
works on this subject. Parton and Verpoest et al. [3,
12] studied unidirectional glass fiber reinforced
pCBT composites using resin transfer molding
(RTM) technique. They found that the polymerized
CBT was much more brittle than normal PBT due
to large and perfect crystals growth, when pCBT
has been processed under isothermal RTM process-
ing conditions (polymerization category of type I)
[12, 16]. The matrix brittleness weakens the matrix
and lowers the transverse strength of the unidirec-
tional composite.
In order to solve this problem, researchers have
tried various techniques such as copolymerized
CBT with !-caprolactone [17], polycaprolactone
(PCL) [15, 18] or polyvinylbutyral [19] blended with
organosilicate [8], silica [20] or carbon nanotubes
[21–23]. Baets et al. [18, 24] reported that the
copolymerization of pCBT/PCL hindered the crys-
tallization of pCBT. The pCBT/PCL copolymer cre-
ates a much tougher material, whether it is unfilled
or a glass fiber reinforced composite.
Mohd Ishak et al. [16] prepared woven glass fabric
reinforced pCBT composites using a compression
mold technique. The results showed that low vis-
cosity CBT facilitates the penetration of the resin
through the fabric and also exhibits strong interfa-
cial properties. Mäder et al. [25] investigated the
interphase between glass fibers and pCBT resins
and found that the interfacial bond strength of
glass/pCBT composites varied depending on the
sizing formulation and properties. A non-isothermal
method prepared basalt fiber reinforced pCBT com-
posites was reported [26] and the results found that
a fast cooling process led to less perfect crystals in
the pCBT matrix and toughened the pCBT compos-
ites.
So far glass [3, 16, 18, 24–26], basalt [27] and car-
bon [28–30] fibers have been used as reinforcement
in pCBT composites and evaluated its reinforcing
effects by many researcher. However, effects of
crystalline morphology on the mechanical proper-
ties of the carbon/pCBT composites have not been
yet examined. Therefore, we are interested in inves-
tigating the effect of the processing conditions on
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the crystalline morphology and mechanical proper-
ties of the resulting composites. Tensile, flexural,
short beam shear and impact testing were employed
to evaluate the carbon fiber/pCBT composites.

2. Experimental
2.1. Materials
In this study, CBT pellets (Grade: 160) purchased
from Cyclics (Schenectady, NY; USA www.cyclics.
com) were used. CBT was produced with an aver-
age molecular weight MW = (220)n (n = 2~7) for the
purpose of engineering plastic and composite appli-
cations. The CBT polymerizes within the presence
of a butyl tin chloride dihydroxide catalyst (Fascat
4101 by Arkema) which is already added to the CBT
resin by the manufacture. CBT was dried overnight
in an 85°C vacuum oven and kept in a desiccator
until further use. 3K carbon fiber (HTA40, Toho
Tenax America, USA) in a twill weave was used as
a reinforcement.

2.2. Sample preparation
This study used a modified film stacking technique
[31] to produce high quality impregnated and void
free carbon/pCBT composites. First, the CBT matrix
was pressed in a compression mold into a 300 µm
thick film with 5 MPa of pressure at 150°C for
1 min. Carbon/pCBT prepreg with an average thick-
ness of 300~350 µm was prepared using the follow-
ing procedure: A layer of carbon fabric was placed
on a CBT thin film and pressed at 150°C under
8 MPa of pressure for 3 min, and then quenched to
room temperature. In order to simplify the crystal-
lization process of pCBT, polymerization category
of type III samples were polymerized at 230°C for
30 min. to allow complete polymerization without
crystallization. The carbon/pCBT composites were
prepared by stacking eight layers of prepreg and
pressed them at 230°C for 30 min under 12 MPa of
pressure to allow for complete polymerization. This
was followed by quenching until the desired crys-
tallization temperatures (Tc =185, 195, and 210°C)
were reached. Based on crystallization kinetics
studies [14], the time for complete crystallization is
20 min for Tc = 185°C, 40 min for Tc = 195°C, and
120 min for Tc = 210°C. The composite samples
were then slowly cooled to room temperature and
removed from the mold. The fiber volume fractions
of the carbon/pCBT composites were determined

by burning test method according to ASTM D3171.
The void fractions of the carbon/pCBT composites
were determined according to ASTM D2734.The
resulted fiber volume fraction and void fraction
were 51.4±0.7 and 0.4±0.2 %, respectively.

2.3. Experimental methods
2.3.1. Molecular weight and polydispersity index
Gel permeation chromatography (GPC) was used to
determine the molecular weight, polydispersity
index (PDI) and the conversion of the pCBT matrix.
The GPC was performed on a modular system com-
prising a Waters 501 HPLC pump, a Waters 410
refractive index detector and a Waters column
(Styragel® HR 4 THF). The mobile phase was unsta-
bilized CHCl3 at a flow rate of 1 mL/min at 30°C. In
order to relate retention time to molecular weight, a
universal calibration was made using narrow distri-
bution polystyrene standards (Millipore Co., Mas-
sachusetts, USA). For sample preparation, approxi-
mately 4 mg of matrix was dissolved in a mixture of
chloroform/hexafluro-2-propanol (HFIP) (85/15
CHCl3/HFIP). Samples containing carbon fibers
were filtered before injection.

2.3.2. Mechanical tests
In this study, a universal testing machine (AG-
100kNX, Shimadzu, Japan) was used to perform
the tensile, flexural and short beam shear (SBS)
tests at room temperature. Tensile tests were per-
formed on the carbon/pCBT composites in accor-
dance with the ASTM-D3039. Three-point bending
and short beam shear (SBS) tests were carried out
according to the ASTM D790 and D2344, respec-
tively, to estimate the flexural and apparent inter-
laminar shear strength (ILSS). Tensile specimens
cut from the prepared carbon/pCBT composite
samples were 250"25"2 mm3 in normal dimen-
sion and were clamped over an area of 50"25 mm2

at each end leaving a gauge length of 150 mm. Alu-
minum tabs were glued onto the ends of specimen
to aid gripping areas. The grip pressure was hydrauli-
cally controlled. The testing cross-head speeds were
5 mm/min for the tensile test. The axial displace-
ment was measured by the machine according to
the movement of the crosshead. Three-point bend-
ing test was conducted to evaluate the flexural prop-
erties of the carbon/pCBT composites. Specimens
in 138 mm long and 25.4 mm wide by 3.6 mm thick
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were cut from the carbon/pCBT composite plates. A
span length of 115 mm assured a span-to-depth
ratio of 32, and a crosshead speed of 3.4 mm/min
was adopted. A 22.8"6"3.6 mm3 SBS specimen
was placed on two cylindrical supports, each 2 mm
in diameter, and bent in the middle by a cylindrical
head 6 mm in diameter. The crosshead had a rate of
1 mm/min and there was a span-to-thickness ratio
of 4.
The Izod impact test was performed at room tem-
perature according to ASTM D256 on a pendulum
impact tester (CPI, Atlas electric devices, USA) at
impact energy of 2.54 J. The impact velocity used
was 3.4 m/sec. The dimensions for the Izod impact
specimen were 63.5"12.7"3.6 mm3, and were pro-
vided with a 2.7± .2 mm deep notch. The notches in
the samples were opened by using a notch opener
(QC-640, Cometech testing machines, Taiwan), and
were all with a notch tip radius of 0.25 mm. All the
mechanical properties reported represent the aver-
age value of five readings at least. To investigate
the effects of reinforcement on the carbon/pCBT
composite failure modes, the failure and cross-sec-
tional area of the damaged samples were examined
using an optical microscope and SEM.

2.3.3. Morphology observation of the
carbon/pCBT composites

The morphology of carbon/pCBT composites was
examined under a polarized light microscope (PLM)
equipped with a Linkam THMS 600 hot stage
(Linkam, Epsom, UK). A quartz plate was used to
determine the sign of the pCBT spherulite’s bire-
fringence. In this way, the first and third quarters of
the sight were yellow and the second and fourth
were blue when the forms were negative, while a
reversed arrangement of the quarters was observed
for positive forms. A small piece of CBT enclosed
by high tenacity carbon fibers was pressed between
two microscope slides and then inserted into the hot
stage. Nitrogen was used as the purge gas in the hot
stage during all measurements and thermal treat-
ments. Each sample was heated to 230°C at a rate of
130°C/min, held for 30 min to allow for complete
polymerization, and then cooled to the desired Tc at
a rate of 60°C/min, where Tc = 185, 195 and 210°C.

2.3.4. Degree of crystallinity
The crystallinity of pCBT matrix were examined by
DSC (TA-Du Pont DSC Q10 series) calibrated with
indium at heating rate of 50°C/min. In order to sup-
press the reorganization and to avoid the superheat-
ing of high crystallinity specimens, which may
influence the determination of crystallinity, higher
heating rate of 50°C/min was used. Experiments
were run with samples ranging from 3~5 mg under
nitrogen to prevent moisture and oxidative degrada-
tion. The crystallized matrix was heated from RT to
280°C at the rate of 50°C/min. The heat of fusion
was determined from the areas under the melting
peak. Correction was made to account the presence
of the carbon fibers. The fiber mass fraction of the
composite samples was accurately determined by
thermogravimetric analysis after DSC analysis and
the measured melting enthalpy was renormalized to
the actual amount of pCBT presence in the sample.
The degree of crystallinity (Xc) of the pCBT sam-
ples was calculated from Equation (1):

                                               (1)

where Mf mass fraction of reinforcement, Hf heat of
fusion of the fully perfect crystal of PBT with a
value of 142 J/g [14, 15], #H absolute value of the
heat of crystallization or fusion, measured as the
area underneath the peaks.

3. Results and discussion
3.1. Results of the GPC measurements and

crystallinity of the carbon/pCBT
composites

Molecular weight is having an effect on processing,
crystallization and mechanical properties of the
crystalline polymer. Crystalline polymers have an
additional strengthening mechanism resulting from
their crystalline structure and as the chains become
long, molecular entanglements and intermolecular
forces become so great that the chains no longer
slip over each other. However, segregation of low
molecular weight oligomer at the spherulitic bound-
aries causes the weak boundary regions between
spherulites. It is also having a detrimental effect on
the mechanical properties of material [32]. Table 1

Xc 5
DH

11 2 Mf 2Hf
Xc 5

DH
11 2 Mf 2Hf
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shows molecular weights, polydispersity index and
the conversion of the pCBT matrixes measured by
GPC. The number average molecular weight (Mn)
for pCBT samples at Tc = 210°C was 51 kg/mol,
whereas that for pCBT samples at Tc = 185 and
195°C ranged from 42~45 kg/mol. The percentages
of conversion for all the pCBT samples were very
high with value above 99.5%. As the crystallization
temperature increases, the PDI decreased from 2.61
at 185°C to 2.19 at 210°C along with an increase in
molecular weight. The results suggested that a low
molecular weight tail was observed in the GPC
traces and became obviously for the pCBT samples
at lower Tc.
Figure 1 shows the DSC melting curves of carbon/
pCBT composites prepared at different Tc. Double
melting peaks appeared for carbon/pCBT samples
at Tc = 185 and 195°C respectively. The crystallinity
of the carbon/pCBT composites at different Tc were
calculated and summarized in Table 1. All of the

composites’ crystallinity increased with rise in Tc.
The carbon/pCBT sample that crystallized at 210°C
exhibits the highest crystallinity: 45%, whereas
samples at Tc = 185 and 195°C were 34 and 38%
respectively.

3.2. The morphology of the carbon/pCBT
composites

Figure 2 shows PLM images of the pCBT’s crys-
talline morphologies during and complete crystal-
lization at different Tc. The samples prepared at Tc =
185 and 195°C revealed unusual and mixed bire-
fringence spherulite morphologies during crystal-
lization. The spherulite size was larger in the sam-
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Table 1. Results of the GPC measurements and crystallinity
on the carbon/pCBT composites at different Tc

Tc 185°C 195°C 210°C
Mw [kg/mol] 110 103 111
Mn [kg/mol] 42 45 51
Mw/Mn [PDI] 2.61 2.27 2.19
Conversion [%] 99.5 99.5 99.9 
Crystallinity [%] 34 38 45

Figure 1. DSC melting thermograms of carbon/pCBT com-
posites at different Tc

Figure 2. Crystalline morphologies of the carbon/pCBT composites during crystallization at different Tc: (a) 185°C,
(b) 195°C, (c) 210°C and complete crystallization at different Tc: (d) 185°C, (e) 195°C, (f) 210°C



ple prepared at Tc = 195°C than that of Tc = 185°C.
Interestingly, boundary crystals and spherulitic
boundary lines were found in the samples prepared
at Tc = 185 and 195°C. The boundary crystals are
attributed to the crystallization of low molecular
weight pCBT molecules. The boundary region
becomes a weak point of the material due to the seg-
regation of low molecular weight oligomer at the
spherulitic boundaries. The spherulitic boundary line
became unclear gradually as the crystallization tem-
perature increased. Worthy of notice is that the
spherulitic boundary lines and the boundary crys-
tals vanished in the samples prepared at Tc = 210°C.
As for the samples at Tc = 210°C, the spherulite mor-
phology was lost and highly disordered spherulitic
crystallites were observed. In general, there is no
work yet found to achieve less segregation bound-
ary defects in highly crystalline material with large
number of spherulites The implication is that the
potential strength of the highly crystalline material
is large but the problem is to obtain good boundary
cohesion. However, pCBT sample prepared at Tc =
210°C provides an opportunity to produce a poly-
mer with high crystallinity, and less segregation
boundary defects. It is believed that pCBT sample
with high crystallinity and less boundary defects
can provide good mechanical properties [25] and
will be discussed later.
In all three conditions, the transcrystalline phenom-
enon was clearly observed (Figure 2). In contrast to
samples from Tc = 185 and 195°C, a well-defined
transcrystalline structure was revealed when the
pCBT crystallized at 210°C. This is the first time
that a well-defined transcrystalline structure was
clearly observed in a pCBT polymer under quies-
cent crystallization conditions. Owing to the mutual
interaction between the fiber and pCBT matrix, it
can be assumed that the interfacial properties are
excellent. Transcrystallization of pCBT can be attrib-
uted to heterogeneous nucleation induced by carbon
fiber. However, as shown in Figure 2, spherulites
abounded in the pCBT matrix and not affected by the
crystallization temperature. This finding implies that
the nucleation rate of pCBT resin shall be quite high
and cause the difficulty on determining spherulitic
growth rate and kinetics analysis [14]. It is notewor-
thy that all transcrystalline morphology might occur
in the carbon/pCBT composites due to higher fiber
volume fraction. The transcrystalline boundary

region (boundary crystal and boundary line) still
can be formed in between the two growing tran-
scrystals. Hence, the concept of weak boundaries is
meaningful to explain the mechanical response of
carbon/pCBT composites.

3.3. Effects of Tc on the mechanical properties
of carbon/pCBT composites

Figure 3 shows the typical tensile stress-strain curves
of the carbon/pCBT composites at different Tc. All
the three samples demonstrate a severely vibrating
curve before the final catastrophic fracture. The
major failure modes, as shown in Figure 4, are long-
range delamination (Figure 4a), and multifilament
bundle shear breakage (Figure 4b). Due to the twill
weave, stress concentrated on the fiber bundles
around the interlace points and lead to their shear
breakage. When the bundles split or experienced
breakage, the released fracture energy dissipated
through large amounts of long-range delamination,
resulting in stress vibrations. Figure 5 displays the
SEM micrographs of carbon/pCBT sample corrob-
orates the good interfacial bonding between the
constituent materials. All the carbon fiber bundles
were coated with pCBT resins. Thus, the long-range
delamination was due to cohesive failure of the
pCBT matrix. Fine voids were developed at speci-
men’s defects such as spherulite/transcrystalline
boundaries and grown into the specimen. Failure
along the spherulite/transcrystalline boundaries was
promoted by decohesion between the spherulites
due to the missing inter-spherulitic tie chains. Weak
sites in the boundaries for pCBT composite sample
at Tc = 185°C was caused by segregation phenom-
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Figure 3. Typical tensile stress-strain curves of the
carbon/pCBT composites at different Tc



ena and enrichment of low molecular weight
species (large PDI) being ejected from the crystal-
lizing front.
Table 2 summarizes the tensile properties of car-
bon/pCBT composites with different Tc. All of the
composites’ tensile properties increased with a rise
in Tc. The carbon/pCBT sample that crystallized at
210°C exhibited the highest tensile modulus:
22.2 GPa and greatest strength: 595 MPa, 14 and
17% greater, respectively, than those of the com-
posite sample at Tc = 185°C. It is worthy to notice
that the spherulite morphology of the Tc = 210°C
sample exhibited highly disordered crystallites with-

out clear spherulitic boundaries or boundary crys-
tals. This matrix behaved like a homogeneous mate-
rial without phase separation. Morphology that con-
tained clear boundaries and boundary crystals
(defects) had a negative effect that caused a decrease
in tensile performance.
Figure 6 shows the typical flexural stress-strain
curves of the carbon/pCBT composites at different
Tc. Flexural properties such as flexural modulus and
strength were summarized in Table 2. Similarly to
the tensile results; all the curves exhibited a severe
vibration at flexural strain larger than 1%. This
stress vibration is relative to the fiber bundle break-
age and short-range delamination. Failure modes:
compressive, tensile failures and shear delamina-
tion, are seen in Figure 7a. The failure on the ten-
sion surface involved fiber bundle breakage, cracks
and short range delamination (Figure 7b). The com-
pression surface failure included local buckling
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Figure 4. Typical tensile failure modes for the carbon/pCBT composites. (a) lateral view: delamination failure, (b) front
view: shear breakage of bundle filaments.

Table 2. Mechanical properties of the carbon/pCBT com-
posites at different Tc

Tc 185°C 195°C 210°C
Tensile modulus [GPa] 19.4±1.8 20.5±1.4 22.2±1.3
Tensile strength [MPa] 510±13 546±29 595±32 
Tensile elongation [%] 2.35±0.38 2.55±0.15 2.86±0.21
Flexural modulus [GPa] 43.6±2.4 42.4±1.0 45.1±3.3
Flexural strength [MPa] 403±8 407±9 508±13
Impact energy [J/m] 779±4 774±8 809±8
ILSS [MPa] 54.1±1.2 55.2±1.0 59.7±0.4

Figure 5. SEM image showing good interfacial fiber/matrix
bonding and resulted in the cohesive failure for
the carbon/pCBT composites



which manifested as fiber micro-buckling and ply-
level buckling (Figure 7c). The ply-level buckling
caused short range delamination of the outer ply.
All of the samples, however, did not collapse directly
under flexural loading. This demonstrates that the
reinforcement of the carbon fabric prevents crack
propagation.
Also similar to the tensile results, the composite
sample at Tc = 210°C exhibited the highest flexural
modulus: 45.1 GPa (as shown in Table 2), which is
attributed to a higher degree of crystallinity (44%).
The flexural strength of the composite sample at Tc =
210°C was 508 MPa, whereas samples at Tc = 185
and 195°C were 403~407 MPa, with 26% enhance-
ment. These results demonstrate that crystalline mor-

phology strongly influenced the mechanical proper-
ties of the carbon/pCBT composites. Sample mor-
phology without spherulitic boundaries prevents the
crack initiation and growth. In addition, pCBT sam-
ples with high crystallinity promote the resistance
of crack propagation. Hence, composite samples at
Tc = 210°C containing highly disordered crystallites
without spherulitic boundaries or boundary crystals
displayed the best tensile and flexural property
results.
The notched Izod impact properties of the compos-
ites are shown in Table 2. The impact energy for
composite samples at Tc = 210°C was 809 J/m,
whereas for samples at Tc = 185 and 195°C ranged
from 774~779 MPa and had 5% enhancement. The
failure modes for impacted carbon/pCBT compos-
ites had tensile and compressive failure, but did not
break apart (Figure 8a). This impact failure reveals
the preventive ability of the reinforcing woven fab-
ric against cracking. When the impactor encoun-
tered the carbon/pCBT specimen, fiber bundle pull-
out and breakage occurred around the notched side
of the composite, while compressive force built up
on the other side and caused crush of fibers and
matrixes (Figure 8b). Figure 8c shows typical impact
failure included fiber bundle crush and kink frac-
ture, short range delamination in the compressive
side of pCBT composites. A close view of the
impacted carbon/pCBT composite in the tensile
side, shown in Figure 9, reveals that all the pull-out
fiber bundles were coated with pCBT resin. These
results demonstrate that there is strong interfacial
bonding between the carbon fiber and pCBT. The
cohesive failure that occurred in the pCBT matrix
was attributed to the brittleness of the pCBT resin.
The ILSS is a non-fiber dominated property that is
influenced by both the matrix and interfacial prop-
erties. When the composite sample was subjected to
loading, cracks normal to the loading direction
formed either at the matrix/fiber interface or in the
matrix. A low ILSS is therefore an indication of
poor fiber/matrix interfacial properties or matrix
brittleness.
There were no visible failures found during the
ILSS testing of the pCBT composite samples. Fail-
ures may be preceded by less obvious, local dam-
age, such as transply cracking. Figure 10 shows the
typical load-displacement curves of the carbon/
pCBT composites at different Tc. The interlaminar
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Figure 6. Typical flexural stress-strain curves of the car-
bon/pCBT composites at different Tc

Figure 7. Typical flexural failure for the carbon/pCBT
composites, (a) lateral view, (b) tensile surface,
(c) compression surface



shear strength (ILSS) for carbon/pCBT composites
was determined from the load-displacement curves
and listed in Table 2. As shown in Table 2, for the
sample of Tc = 210°C displayed the highest ILSS:
59.7 MPa, which was much higher than those
obtained from the glass/pCBT composites
(34.3 MPa) [16]. Remember that the transcrystalline
morphology and cohesive failure were found in all
the carbon/pCBT composite samples. Slight varia-
tion in the ILSS (54~59 MPa) revealed the effects
of transcrystalline and crystallinity on the interfa-
cial adhesion.

4. Conclusions
In this study, carbon/pCBT composites were pre-
pared by a modified film stacking technique.
Results demonstrated that their mechanical proper-
ties were strongly affected by crystalline morpholo-
gies and crystallinity. A well-defined transcrys-
tallinity can be clearly seen in carbon/pCBT com-
posites in quiescent crystallization conditions. The
low crystallinity of the carbon/pCBT composites
sample crystallized at 185°C with spherulitic struc-
ture led to large area spherulite/transcrystalline
boundary region. Consequently, the crack tended to
initiate and propagate along the ‘weak’ spherulite/
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Figure 8. Typical impact failure modes for the carbon/pCBT composites: (a) lateral view, (b) top view, (c) compressive side

Figure 9. SEM images for the impact failure carbon/pCBT
composites at tensile side showing  cohesive fail-
ure at the fiber/matrix interphase

Figure 10. Typical load-displacement curves of short beam
shear test for the carbon/pCBT composites at
different Tc



transcrystalline boundaries, resulting in a low value
of mechanical properties. The carbon/pCBT com-
posite sample prepared at Tc = 210°C and display-
ing highly disordered spherulitic crystallites with-
out spherulite/transcrystalline boundary lines or
boundary crystals exhibited the best mechanical
properties.
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1. Introduction
Polyolefin based thermoplastic elastomers (TEO)
have received considerable attention due to their
chemical inertness, low density and low cost com-
pared to other thermoplastic elastomers (TPEs).
Ethylene octene copolymer (EOC) is a new class of
polyolefin based metallocene catalyzed thermoplas-
tic elastomers, which have recently gained much
attention because of their random comonomer dis-
tribution, narrow molecular weight distribution and
a controlled level of long chain branching [1, 2].
Moreover these are available in pellet form that
helps in easy handling, faster mixing and com-
pounding. Compared to the well known conven-
tional polyolefin elastomer EPDM, EOC exhibits
faster mixing and better dispersion when blending

with thermoplastics like PP, PE etc. The structure
and properties of a random ethylene octene copoly-
mer strongly depends on the composition of ethyl-
ene and 1-octene as well as the condition of crystal-
lization. The crystallinity decreases with increasing
concentration of the comonomer 1-octene. The yield
stress and the modulus at higher strain decrease as
the comonomer content of EOC increases, which is
due to the decreasing crystallinity. The low crys-
talline ethylene 1-octene copolymers behave like
TPE by exhibiting a stress-strain curve similar to
TPE. The use of this polymer has been tested very
successfully as an impact modifier for PP by many
researchers [3–5]. Recently our research group stud-
ied the use of EOC as an alternative for the tradi-
tional EPDM/PP blend and developed a new class
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of EOC/PP based thermoplastic vulcanizates (TPVs)
by the dynamic vulcanization process with peroxide
assisted co-agents [6–7]. EOC and functionalized
EOC find application as an impact modifier to other
polar and brittle thermoplastics also. Chapleau et al.
reported the impact modification of polyethylene
terephthalate (PET) with an Engage grade of EOC
by chemical compatibilization of the two with the
addition of glycidyl methacryalate (GMA) grafted
polyolefins [8]. Aróstegui and Nazábal [9] devel-
oped a super tough polybutylene terephthalate
(PBT) by melt blending with 20% EOC and differ-
ent levels of difunctional epoxy resin in a twin
screw extruder followed by injection molding. The
impact modification of polyacetal (POM) with EOC
by dynamic vulcanization with dicumyl peroxide
was reported by Uthaman et al. [10]. Guerrica et al.
developed an EOC toughned polymethylene tereph-
thalate (PMT) compatibilised with partially mal-
enized EOC [11]. Yu et al. [12] preapared a super
tough Nylon 6 by using maleated EOC as a tough-
ener. Though EOC enhances the low temperature
impact resistance for both the commodity thermo-
plastics like polypropylene and engineering ther-
moplastics like PET, Nylon, POM etc, the sole use
of this TPE is limited for load bearing and high tem-
perature engineering applications because of its
poor mechanical properties especially low strain
modulus, poor dimensional stability and low ther-
mal stability. Reinforcing the EOC with proper
reinforcing agent, which can enhance both strength
and thermal stability is one of the ways to overcome
this problem. The reinforcement of thermoplastic
elastomers with short fibers have gained much
attention in the recent times, since it can reinforce
the matrix and can give good strength and stiffness
comparatively with a low volume fraction of fibers
[13]. Moreover, the TPE-short fiber composites can
be recycled easily. Among the short fibers available,
aramid is one of the good candidates in the short
fiber arena. These kinds of fibers have a unique
combination of strength, stiffness and high temper-
ature stability. However, it shows lesser mechanical
bonding (adhesion) with the polymer matrix. The
application of chemical treatment like N-alkylation,
RFL dipping, plasma treatment and polymer graft-
ing to improve surface roughness and to bring vari-
ous functional groups on the fiber surface is highly
required for these kinds of fibers to improve the

adhesion with the elastomeric matrix. Generally, for
polar fibers like Rayon, Nylon etc. sufficient rubber
adhesion is achieved by treating and curing the
fiber with resorcinol formaldehyde latex (RFL) dip
prior to its incorporation in the rubber matrix. The
resorcinol formaldehyde (RF) component promotes
adhesion to the cord via polar or covalent interac-
tion, while the dried latex (L) co-vulcanizes with
the rubber matrix ensuring adhesion to that matrix.
For aramid fibers, simple treatment with RFL leads
to rubber composite exhibiting low fiber to matrix
adhesion with failure often occurring at the fiber-
RFL dip interface. This is due to the physical struc-
ture of the aramid, which being highly crystalline
provides an uninviting surface to the components
making up the RFL. Excellent aramid to rubber
adhesion can be achieved by first activating the
aramid with low molecular weight and highly reac-
tive epoxies prior to RFL treatment. These kinds of
treatment on the fiber surfaces impart some rough-
ness on the fiber surface, which allows more micro-
mechanical interlocking between the polymer and
the fiber leading to higher bond strength even though
other interactions may be weak [14–16]. The use of
a reactive compatibilizer like maleic anhydride
grafted polymer with a non polar part having a
structure similar to the polymer matrix is also used
to bring fiber-matrix interaction in aramid fiber rein-
forced composites [17]. Many researchers have
reported various studies carried out with different
kinds of aramid short fibers on a variety of thermo-
plastic elastomers. Arroyo and Bell [18] reported
the morphology/behavior and recyclability of the
Twaron® fiber reinforced PP/EPDM TPE. Kutty
and coworkers [19, 20] extensively studied various
aspects of Kevlar® short fiber reinforced polyure -
thane based thermoplastic elastomer systems.
Recently Akbarian et al. [21] reported dynamic
mechanical and rheological behavior of a Twaron
fiber reinforced ester based thermoplastic polyure -
thane. However, only very few literatures are avail-
able regarding the reinforcement studies of EOC
with short fibers [22, 23]. There seems to be no pre-
vious studies made on the reinforcement aspects of
ethylene-octene copolymers with any kind of
aramid short fiber in general and short RFL coated
Technora aramid fiber in particular. Very recently
the authors [24] have reported on the mechanical,
morphological and rheological behavior of EOC
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with RFL dipped Technora aramid short fiber hav-
ing a fixed aspect ratio and the effectiveness of
MA-g-PB as a compatibilising agent between the
fiber and the EOC matrix. The present paper
focuses on the mechanical and thermomechanical
properties of EOC reinforced with aramid fiber
having different aspect ratios at different loading
levels with special reference to fiber orientations
and the effect of a low molecular weight maleic
anhydride grafted 1,2 polybutadiene (MA-g-PB) as
an interface modifier to maintain toughness to stiff-
ness balance at higher fiber loading.

2. Experimental
2.1. Materials
Ethylene octene copolymer (trade name EXACT®

5061 (specific gravity of 0.868 g/cc at 23°C; co-
monomer (octene) content of 13%; melting temper-
ature (Tm) of 52.8°C, melt flow index (MFI) of 0.5
at 190°C/2.16 kg was procured from Exxon Mobil
Chemical Company, USA. Aramid short fiber (trade
name Technora®) with a chemical name copoly-
(paraphenylene/3, 4!-oxydiphenylene terephthala-
mide) was obtained from Teijin Aramid BV, The
Netherlands. The detail specifications of the fiber
are given in Table 1. Maleic anhydride adducted
1,2 polybutadiene (trade name Ricon® 131 MA5)
having a number average molecular weight (Mn) of
5300, a specific gravity of 0.9 g/cc and maleic anhy-
dride content of 5% was obtained from Sartomer
Company, USA.

2.2. Preparation of composites
Formulations used for the preparation of the com-
posites are given in Table 2. The short fiber loading
was varied from 1 to 10 phr. All the composites
were prepared by melt mixing of the components in

a Haake Rheomix 600 OS internal mixer having a
chamber volume of 85 cm3 at a temperature of 80°C
with a rotor speed of 80 rpm for 10 minutes. In order
to achieve better dispersion, half portion of the
polymer was first melted for one minute and to this
half portion of fiber was added and the mixing was
continued for another one minute. The sequence is
again repeated for 2 to 3 min with the remaining
portion of polymer and the mixing was continued
up to 10 min after adding remaining portion of the
fiber at 3rd min at a constant rotor speed of 80 rpm.
The modifier (MA-g-PB) was incorporated by first
warming the modifier at 70–80°C and then added
dropwise to the short fiber taken in a flask/beaker
and stirring with a magnetic stirrer at 100°C for
10 minute at low speed. The compatibilizer/fiber mix
is then added into the mixing chamber containing
the molten polymer at the 2nd min in one stretch and
continued the mixing up to 10 min at the same rpm.
After the mixing is over, the composite was dis-
charged and passed through a two roll mill once to
get a flat sheet. The sheet was then pressed in a
compression molding press (Moore Press, Birming-
ham, UK) at 100°C for 3 min at a pressure of 7 MPa
and then cooled down to room temperature under
the same pressure by circulating cold water to get
randomly oriented fiber composites (composites in
unsheared condition). Composites with a high degree
of fiber orientation (composites in sheared condi-
tion) were prepared by extrusion of the fiber/matrix
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Table 1. Technical specifications of technora® (RFL coated
aramid short fiber)

Parameter / Properties Value
Colour Gold
Specific gravity 1.39
Equillibrium moisture regain [%] 2
Average fiber length [mm] 1/3/6
Diameter [µm] 10–12
Average aspect ratio [L/D ratio] 91/275/550
Young’s modulus [GPa] 20–21
Tensile strength [MPa] 3000–3500
Elongation at break [%] 5–7

Table 2. Formulations of the mixes in phr (parts per hun-
dred rubber)

*RAF indicates RFL coated aramid fiber, left side Arabic number
indicate fiber length in mm and the subscript number indicates its
concentaration in phr, C stands for the interface modifying cou-
pling agent and the subscript number indicates its concentration in
phr.

Sample
designation

Short fiber
length
[mm]

Short fiber
loadings

[phr]

MA-g-PB

[phr]
1RAF3 1 3 –
1RAF5 1 5 –
1RAF10 1 10 –
3RAF3 3 3 –
3RAF5 3 5 –
3RAF10 3 10 –
6RAF3 6 3 –
6RAF5 6 5 –
6RAF10 6 10 –
6RAF10C3 6 10 3
6RAF20C3 6 20 3



blend through a circular die using a twin screw
extruder fitted with Haake Rheomix 600 OS. The
processing conditions followed for this extrusion
are presented in Table 3. Extrudate were cut, stacked
side by side and compression molded using the same
conditions mentioned above.

2.3. Characterization of the composites
Mechanical properties
The dumb-bell shaped specimens of the composites
in parallel and perpendicular directions with respect
to the mill direction used for testing were die cut
from the compression molded sheet and the testing
was done after 24 hours of maturation at room tem-
perature. Tensile properties were measured accord-
ing to ASTM D 412-98A using a universal testing
machine Hounsfield H10KS (UK) at a constant
cross-head speed of 500 mm/min. All the values
were averages of three measurements.

Spectroscopic characterization
Fourier transform infrared (FTIR) spectra were
recorded in the range of 400–4500 cm–1 using a
Perkin-Elmer FTIR Spectrometer (model Spectrum
RX-I) with a resolution of 4 cm–1. Films of approx-
imately 0.1 mm thickness were obtained by com-
pression molding 1–2 gram sample using a labora-
tory press (temperature:100°C and pressure 7 MPa).

Dynamic Mechanical Thermal Analyses (DMTA)
Dynamic mechanical thermal properties of the com-
posites were measured using a dynamic mechanical
thermal analyser (DMTA 2980 V1.7B, TA instru-
ments, USA) in dual cantilever mode. The tempera-
ture sweep study was made from –80 to +80°C at a
heating rate of 3°C/minute and a frequency of 1 Hz.
The storage modulus and loss tangent were recorded
for all the samples under identical conditions.

Thermal Degradation Studies (TGA)
Thermal stability of the composites were measured
by thermogravimetric analyses (TGA) using Q50
V6.1 series, TA instruments (New Castle, Delaware),
from ambient temperature to 600°C at a pro-

grammed heating rate of 10°C/min under nitrogen
atmosphere. A sample weight of 8–10 mg was taken
for all the investigation. The weight loss against
temperature was recorded.
Morphological Analysis- Tensile fractured samples
of the composites were analysed using a JEOL
(JSM 5800, Japan) scanning electron microscope
(SEM). The samples were sputter coated with gold
prior to the analyses.

3. Results and discussion
3.1. Effect of short fiber loading on the mixing

characteristics and mechanical properties
The mixing torque-time relationship of the EOC/
short fiber composite as a function of short fiber
loading and length is shown in Figure 1 and Table 4.
The characteristics of these torque curves show
high initial torque with irregular broad peaks from 0
to 4 minutes, is due to the sequential feeding of the
matrix material in the pellet form followed by the
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Table 3. Processing conditions followed for the extrusion of the composite
Processing conditions Zone-1 Zone-2 Zone-3 Zone-4 Zone-5 Zone-6 Die exit

Temperature [°C] 70 75 80 90 100 100 100
Screw [rpm] 80

Figure 1. Mixing torque-time relationship of EOC/short
fiber composites (a) as a function of short fiber
loading (b) as a function of short fiber length



incorporation of dry fiber. As per the mixing
sequence, the ram has to be open at the end of 1st,
2nd and 3rd minutes of mixing. Since the torque sens-
ing is a continuous process throughout the mixing
cycle, it shows a lower torque at these points. The
mixing torque starts to stabilize immediately and
shows a plateau region of nearly constant mixing
torque after all the mixing sequence is over. The
stabilized torque value of the polymer/fiber com-
posite and the melt temperature were found to
increase with increase in both short fiber loading
and length. The torque is seen to increase progres-
sively to approximately 67% of pure EOC when
10 phr of 3 mm short fiber is added to the matrix
melt. At a constant loading of 5 phr, for 1, 3 and
6 mm short fibers the percentage rise of torque with
respect to the pure EOC were 17, 40 and 88% respec-
tively. This effect may be explained with the change
in melt viscosity of the polymer fiber composite as
a result of fiber addition. Fibers, when added into
polymer melt tend to perturb the normal flow of the
pure EOC melt by hindering the mobility of chain
segments in flow [25]. This results in a fiber filled
system with a higher melt viscosity than the pure
polymer. Increasing the fiber content and aspect ratio
(here aspect ratio varies only because of increased
fiber length) further restrict polymer flow which
leads to an increased viscosity of the EOC/short
fiber suspension. Since viscosity is directly related
to torque (at constant temperature and rotor speed),
it requires higher torque for compounding. The
increase in the melt temperature with increase in
short fiber loading and length can be thought of
frictioning between the fiber and the polymer and
between fibers during the shear mixing.

3.1. Mechanical properties of the composites
(a) Effect of short fiber length and loading
Fiber length, more precisely the aspect ratio of the
fiber (ratio between the length and diameter of the
fiber) and its concentration are some of the most
important parameters controlling the mechanical
properties of the composites. Fiber length influ-
ences the extent of load transfer from matrix to
fiber. The minimum fiber length at which the extent
of load transfer is maximum is called the critical
fiber length. If the fiber length is less than the critical
fiber length, the stress transfer from the matrix to
the fiber will not be effective as a result the rein-
forcement will be insufficient. On the other hand, if
the fiber length is greater than the critical fiber
length, the shear stress transfer across the interface
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Table 4. Mixing characteristics of EOC/SF composites in
Haake rheomix

Mix code
Torque at 

10th minute
[Nm]

Delta torque 

[Nm]

Melt temperature
at dumping

[°C]
Control 21.8 – 122.3
3RAF3 28.6 6.8 130.5
3RAF5 30.5 8.7 133.0
3RAF10 36.3 14.5 142.7
1RAF5 25.5 3.7 126.3
6RAF5 40.9 19.1 142.2

Figure 2. Stress-strain curves of EOC/short fiber composite
as a function of fiber loading and length



from matrix to the fiber will build up sufficient ten-
sile stress in the fiber to its tensile strength leading
to fiber fracture. Furthermore, the high length fibers
may undergo entanglement with each other causing
aggregate lumps of fibers which act as stress con-
centrated points, as a result the stressed composite
leads to a low strain failure or brittle failure [26–
28]. The stress-strain behavior and the correspon-
ding tensile properties such as tensile strength, elon-
gation at break, Young’s modulus, low strain modu-
lus (10%) and high strain modulus (100% ) as a
function of short fiber length and loading are dis-
played in Figure 2 and Table 5 respectively. Pristine
EOC shows a stress-strain curve with a strain hard-
ening effect [29, 30]. Addition of 1mm short fiber,
even at a loading of 10 phr does not make any
impact of the inherent strength and modulus of the
short fiber on EOC matrix. In other words, incorpo-
ration of 1mm short fiber does not alter the original
deformation behavior of the neat EOC to a greater
extent. This means that Technora is not effectively
reinforcing the EOC matrix at a fiber length of
1mm even at a concentration of 10 phr. This may be
due to the insufficient stress transfer from matrix to
fiber because of the low aspect ratio of the fiber
(average aspect ratio of 1 mm short fiber is only 96)
and the inability to make a pronounced microme-
chanical interlocking between the fiber and the
matrix [31]. With the addition of 3 mm short fiber

having an average aspect ratio of 275, impart a sig-
nificant improvement in low strain modulus at a
fiber loading of 10 phr. The deformation behavior
of 10 phr 3 mm fiber loaded composite shows dif-
ferent characteristics regions such as a well pro-
nounced linear elastic region; a yielding followed
by a drop in stress, a short plastic deformation
region followed by an increase in stress and finally
fracture. This is a synonymous stress strain behav-
ior of a semi crystalline polymer. This can be attrib-
uted that as the aspect ratio of the fiber increases,
there is a possibility of more mechanical interlock-
ing between the fiber and the polymer. As a result of
this higher force is required to cause an initial
deformation which is responsible for the high stress
value in the low strain region. The moment at which
the disentanglement occurs between the polymer
and the short fiber beyond the yield point it experi-
ences a sudden drop in the stress. The orientations
of the short fibers in the direction of force at higher
deformation are responsible for the further increase
in the stress. In other words, 3 mm short fiber even
at a loading of 10 phr allows the inherent onset of
strain hardening behavior of the virgin EOC matrix
at high deformation (greater than 300%). Incorpo-
ration of 6mm short fiber with an average aspect
ratio of 550 also exhibit more or less similar kind of
deformation behavior as in the case of 3 mm fiber
loaded composite up to a fiber loading of 5 phr.
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Table 5. The mechanical properties of the RFL coated short fiber/EOC composites as a function of fiber length and loading
in natural condition (witout any fiber orientation)

Sample ID with mill
direction 

TS
[MPa]

Elongation
[%]

M 10%
[MPa]

M 100%
[MPa]

Young’s modulus
[MPa]

Hardness
[Shore A]

Control 10.9±0.6 1132±65 0.55±0.06 2.1±0.08 4.7±0.3 77±0

1RAF3
L 10.1±0.5 1020±65 0.67±0.04 2.2±0.05 5.7±0.9

81±1
T 9.9±0.7 1040±58 0.69±0.03 2.1±0.03 5.9±0.8

1RAF5
L 9.6±0.7 1083±21 1.10±0.08 2.1±0.06 9.0±0.9

84±1
T 9.4±0.6 1062±31 1.21±0.10 2.2±0.05 8.9±0.8

1RAF10
L 9.0±0.9 1056±75 1.40±0.07 2.3±0.14 11.1±1.3

89±2
T 8.9±0.8 1040±60 1.30±0.04 2.4±0.09 10.8±1.4

3RAF3
L 8.9±0.3 860±32 0.83±0.20 2.5±0.08 8.2±0.06

83±1
T 9.0±0.3 863±27 0.86±0.04 2.5±0.09 11.7±1.0

3RAF5
L 8.1±0.7 810±24 1.67±0.16 2.7±0.08 17.2±2.6

86±1
T 8.5±0.6 792±47 1.42±0.91 2.7±0.08 21.2±1.5

3RAF10
L 5.8±0.8 595±97 5.10±0.46 3.6±0.14 53.0±3.7

92±2
T 5.9±0.9 615±87 4.70±0.80 3.5±0.21 48.4±4.2

6RAF3
L 7.8±0.6 745±49 0.91±0.04 2.8±0.09 11.2±3.0

83±1
T 7.5±0.5 730±38 0.93±0.07 3.0±0.07 13.4±2.5

6RAF5
L 6.9±0.9 662±43 1.20±0.10 3.3±0.07 19.0±3.5

88±2
T 7.1±0.9 640±61 1.40±0.16 3.2±0.07  22.6±2.7

6RAF10
L 9.8±0.9 57±21 5.60±0.82 – 67.0±5.1

94±2
T 5.2±0.7 120±28 5.80±1.20 4.2±0.92 56.0±4.5



However, at 10 phr fiber loading, it shows a steep
rise in the stress at a low strain level (20%). This
steep rise in stress at low strain level at 10 phr of
fiber loading compared to 1 and 3 mm fiber loaded
composites can be attributed to the fact that more
efficient stress transfer is taking place in the case of
6 mm short fiber filled composite. However, the
fiber aggregates developed in the composites due to
the improper fiber dispersion of the 6mm fiber act
as a point of weakness which leads to a brittle kind
of failure by the application of strain.

(b) Effect of fiber orientations
The performance of any short fiber reinforced poly-
mer composite is depend upon the extent of fiber
orientations. The efficiency of stress transfer is
higher if the fibers are oriented parallel to the direc-
tion of application of force [32]. The tensile proper-
ties of a 10 phr loaded composites in longitudinal
(L) and transverse (T) directions as a function of
fiber length is shown in Table 6. The orientation
effect of low fiber loaded composites are not con-
sidered here because, at low fiber loading, though
they are oriented in the flow direction when they
are allowed to pass through a 2 mm extrudate die as
shown in Figure 3, the fibers can easily move
around and lose their orientations during mold flow
in the molding operations. Since the movement of
fiber is restricted at high fiber loading during com-

pression molding, the percentage orientation will be
more in high fiber loaded composite. The optical
micrograph of a 3 mm 5 phr and 10 phr loaded
composites are shown in Figure 4a–d gives qualita-
tive information of fiber orientation of the compos-
ite in their natural and sheared condition respec-
tively. The mechanical properties displayed in
Table 6, it is clear that 1mm fiber does not make
much impact on the properties due to poor orienta-
tion where as 3 and 6 mm fiber loaded composite,
the properties such as tensile strength, low strain
modulus and Young’s modulus were always higher
in longitudinal direction than the composites with
transverse fiber orientations.

(c) Effect of MA-g-PB
The behavior and performance of a short fiber/poly-
mer composite cannot be explained only in terms of
the specific properties of its components such as the
fiber and the matrix. The interface that exists
between the fiber and the matrix is also a main
component of the composite. A strong interfacial
adhesion between fiber and matrix is a precondition
for transfer load from matrix to fiber. An extremely
weak fiber/matrix interface may result in complete
fiber interfacial debonding and pullout, producing a
significant loss in composite strength with no or
minimal improvement in composite toughness [33–
35]. From the analyses of the mechanical properties
of EOC/Short fiber composites, it is understood that
the tensile strength and break elongation of the
composite decreases as a function of fiber loading.
This may be due to the inability to form a good
interface between the fiber and the EOC matrix due
to a huge polarity mismatch between the two. A
drastic decrease in the break elongation and a brittle
kind of failure at a very low strain in the case of a
10 phr 6 mm fiber loaded composite may be due to
the aggregate formation because of the fiber entan-
glement at higher fiber loading. In order to find a
solution for both the poor interfacial adhesion
between the EOC and the fiber and the poor fiber
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Figure 3. SEM Photomicrograph of the cross sectional
view of the extrudate of a 5 phr 3 mm short fiber
filled composite

Table 6. Mechanical properties of 10 phr short fiber loaded composites in sheared condition (after orientations)
Sample ID 1RAF10 3RAF10 6RAF10

Orientation L T L T L T
TS [MPa] 9.2±0.9 8.6±0.4 8.5±0.3 7.1±0.4 10.2±0.6 6.8±0.4
EB [%] 1075±31 1150±26 705±23 811±24 82±18 101±22
M 10% [MPa] 1.4±0.06 1.0±0.03 7.9±0.5 4.5±0.4 8.9±0.03 4.4±0.06
M 100% [MPa] 2.5±0.16 2.1±0.09 3.8±0.14 3.1±0.24 – 3.8±0.09
E modulus [MPa] 13±2.3 10±1.8 64±6.0 43±8.3 84±6.0 48±8.3



dispersion of 6 mm fiber at higher loading, we used
MA-g-PB as a multifunctional dispersing agent. Lai
et al. have explored the use of this as a compatibi-
lizing agent to enhance interface interaction in
nylon-6/ABS blends [36, 37]. From our earlier com-
munication, we have done an optimization of the
level of MA-g-PB based on the mechanical proper-
ties as 3 phr. The tensile stress vs strain ploat of
10 phr 6 mm short fiber loaded composite before
and after the addition of a 3 phr MA-g-PB is shown
in Figure 5. From the figure it is clear that addition
of MA-g-PB increases the area under the stress-
strain curve by concomitantly increasing the ulti-
mate tensile strength and the percentage break elon-
gation without affecting Young’s modulus. This
observation suggests the potential use of MA-g-PB
as an impact modifier to dissipate grater amount of
energy before failure in the case of high length
(6 mm) and high fiber loaded composite. It has also
been observed that incorporation of MA-g-PB

tremendously improves the quality of fiber disper-
sion in the matrix as evidenced from the molded
composite (shown as insets in Figure 5) which was
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Figure 4. Optical micrographs of 3 mm 5 phr and 10 phr loaded molded composites (a) and (c) before orientations and (b)
and (d) after orientation. The scale bar shown here is 100 µm.

Figure 5. Stress-strain curves of 10 phr 6mm short fiber
loaded composite (6RAF10), 6 mm 10 phr short
fiber loaded composite with 3 phr MA-g-PB
(6RAF10C3) and 6 mm 20 phr short fiber loaded
composite with 3 phr MA-g-PB (6RAF20C3)



totally free from any kind of fiber aggregation to act
as a stress concentrated points or failure points. A
high quality of fiber dispersion could be easily
achieved even in the case of a 20 phr 6 mm fiber
loaded composite. This uniform fiber dispersion
could be one of the reasons for the improved tensile
strength and elongation. Since the intake of 6 mm
fiber loading gets enhanced with MA-g-PB without
any dispersion problem, the toughness to stiffness
balance of the composite can also be maintained
with higher fiber loading, which is evident from the
stress-strain behavior of 20 phr fiber loaded com-
posite with only 3 phr MA-g-PB shown in Figure 5.
The enhancement in tensile strength coupled with
elongation and a uniform fiber dispersion of the
composites clearly indicate that the use of MA-g-
PB promotes the interfacial interaction. Figure 6
scheme I demonstrates one of the plausible expected
interaction mechanism between the RFL coated
aramid fiber and maleic anhydride adducted 1,
2 polybutadiene. It is believed that the butadiene
segment (non polar) of MA-g-PB forms a compati-

ble blend with the bulk EOC and the polar anhy-
dride via the formation of H-bonds with the hydroxyl
groups on the coated fibers and therefore forms a
bridge at the interface between the two. This inter-
face interaction enhances the stress transfer from the
matrix to the fibers leading to higher tensile strength.

3.2. Fourier transform infrared spectroscopy
(FTIR)

FTIR spectroscopy was used to explore the detailed
chemical modification involved between RFL
coated aramid fiber and MA-g-PB. Figure 7 shows
the FTIR spectrum of (a) MA-g-PB, (b) RFL coated
fiber and (c) MA-g-PB treated RFL coated fiber.
The inset picture indicates an enlarged view between
the frequency ranges of 1500 to 2000 cm–1. The
characteristics bands correspond to the symmetrical
(1775 cm–1) and asymmetrical (1825 cm–1) stretch-
ing frequencies generated from the –CO– group of
the anhydride part of MA-g-PB as shown in Fig-
ure 7a. These peaks were found disappearing with
the formation of new peaks at 1710 and 1737 cm–1
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Figure 6. Plausible interaction mechanisms between MA-g-PB with RFL coated aramid fiber and the EOC matrix.
Scheme I: Formation of H-bonding and Scheme II: Formation of ester linkages.



when it was treated with RFL coated aramid fiber at
100°C. The peaks at 1710 cm–1 indicate the hydro-
gen bonded acids and the peaks at 1737 cm–1 indi-
cates the ester carbonyl groups [38]. Based on this
FTIR result a new reaction mechanism is proposed
as shown in scheme II of Figure 6. It is believed
that when MA-g-PB is treated with RFL coated
aramid fiber at 100°C, the anhydride group of
which gets converted into an ester by reacting with
the hydroxyl group from the RFL coated fiber. A
similar kind of interaction mechanism was reported
by Liu and Dai [39] between jute fiber and MA-g-
PP emulsion. According to the expected mechanism
shown in scheme I, if there is any H-bonding which
exists between the functionalized fiber and the MA-
g-PB; the –CO– stretching frequencies of the anhy-
dride group should have been shifted to a lower fre-
quency side by a maximum of 5 to 10 cm–1. The
non-occurrence of such a possibility may be due to
the pronounced reaction as shown in scheme II and
the difficulty in detect and distinguish the same due
to very low concentration of MA-g-PB being used
[40].

3.3. SEM analyses
In order to have a clear understanding of the effect
of MA-g-PB on fiber dispersion in the matrix and
its interface modifying effect for the improvement
in tensile properties, the morphological analyses of
the tensile fractured surface of a 6 mm 10 phr loaded

composite with and without MA-g-PB were per-
formed under different magnifications. Figure 8a
shows the distribution of fibers in the matrix with-
out any MA-g-PB and Figure 8b shows the same
with 3 phr of MA-g-PB. It is evident from the Fig-
ure 8a that the fibers were bunched together and
agglomerate in the composite. An enlarged view of
a portion of Figure 8a clearly indicates that some
fibers get fibrillated at the fiber end to form tiny
hair like fibers during shear mixing, which act as a
twine to bind other fibers together and makes aggre-
gate lumps [41]. This results the formation of some
big voids on the matrix due to fiber pullout which
leads to a brittle kind of failure of the composite
when strain is applied. On the other hand, from Fig-
ure 8b it is clear that after the addition of MA-g-PB,
the fibers are evenly distributed in the matrix with-
out any severe fiber aggregation. An enlarged view
of a portion from Figure 8b, it is understood that,
the MA-g-PB chemically bound on the fiber surface
acts as a lubricant between the stiff fibers which
reduces the friction between the fiber during shear
mixing and enhance the wetting to disperse fibers
more easily and evenly into the polymer matrix. In
this case no fibrillation was observed causing any
fiber aggregation. To understand the effectiveness of
MA-g-PB as an interface modifying coupling agent,
analyses were done on the proximal end of the fiber
that is buried in the matrix which is in the process of
pulling out from the matrix. Figure 9a shows one
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Figure 7. FTIR spectra of (a) pure MA-g-PB (b) RFL coated aramid short fiber (c) RFL coated aramid short fiber treated
with MA-g-PB



such picture without any MA-g-PB and Figure 9b
with 3 phr of MA-g-PB. A clear debonding gap can
be seen at the interface between the fiber and the
matrix in composite without any modifier, whereas
a tight interface between the fiber and the matrix is
established after the addition of MA-g-PB. This
SEM observation strongly supports the improved
fiber dispersion during the mixing process and the
enhancement in tensile properties encountered dur-
ing the tensile testing.

3.4. Dynamic Mechanical Thermal Analyses
(DMTA)

DMA is an effective tool to determine the vis-
coelastic parameter, such as dynamic storage modu-
lus (E!), glass transition temperature (Tg) and damp-
ing (tan!) characteristics of polymeric materials.
Storage modulus is a measure of the maximum

energy stored in the material during one cycle of
oscillation. The Tg is defined as the region where
storage modulus increases with increasing fre-
quency at a constant temperature or the temperature
at which maximum of the tan delta occurs. The ratio
between the viscous modulus (E!!) to storage modu-
lus is termed as tan delta, which is normally used to
quantify the dissipation of the viscoelastic material.
Figure 10a and 10b show the variation of storage
modulus (E!) and the loss factor (tan!) of neat EOC
and its composite with a 3 mm aramid fiber having
different concentrations as a function of tempera-
ture. It can be seen that the storage modulus of the
composite is always higher than that of the neat
matrix throughout the temperature range and is
found to increase as the short fiber content increases.
It is also evident from Figure 10b and Table 7 that
the mechanical damping efficiency (tan!) of the
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Figure 8. SEM photomicrograph of tensile fractured surfaces of 10 phr 6mm short fiber loaded composites (a) without any
treatment (b) with 3 phr MA-g-PB



composites decreases as the fiber loading increase.
The increase in E! and the decrease in tan delta peak
height can be attributed to the restricted mobility of
the polymer chain by the stiff fibers due to the rein-
forcement imparted by the fibers to the EOC

matrix. To get more insight into the reinforcement
of EOC with aramid short fiber, the variation of
storage modulus and the relative or normalized
storage modulus at various temperatures as a func-
tion of fiber loading were analysed and is displayed

                                         Shibulal and Naskar – eXPRESS Polymer Letters Vol.6, No.4 (2012) 329–344

                                                                                                    340

Figure 9. SEM photomicrographs of tensile fractured surfaces of 10 phr 6 mm short fiber loaded composite at the interface
region (a) without any treatment (b) treated with 3 phr MA-g-PB

Figure 10. Dynamic mechanical properties of neat EOC and its composites with 3 mm short fiber as a function of fiber
loading (a) storage modulus and (b) loss factor



in Table 8. From the table, it is clear that though the
drop in modulus of the composite accelerates as the
temperature increases, the relative or normalized
drop in modulus decreases with increase in temper-
ature. This may be due to the restriction of the poly-
mer flow because of the fiber- matrix interaction.
The effectiveness of Technora fiber on the improve-
ment of storage modulus (E!) of EOC as a function
of fiber loading was also evaluated on the basis of a
coefficient ‘C’, using the Equation (1):

                                              (1)

where E!g and E!r are the storage modulus values in
the glassy and rubbery regions respectively [42, 43].
The base matrix used here is considered as the
resin. The measured E! value at –33 and 20°C were
used as E!g and E!r respectively. Generally the lower
the value of the constant C, the higher is the effec-
tiveness of filler as a reinforcing agent. In our sys-
tem, the C value of EOC/SF composite obtained for
different fiber loading is given in Table 8. Lowering
of ‘C’ value as a function of fiber loading indicates
the effectiveness of aramid fiber as reinforcing
filler for EOC matrix. The lowest values of C at
highest fiber loaded system indicates an efficient

stress transfer from the matrix to fiber at this con-
centration.

3.5. Thermal stability of the composites
The thermogravimetric analyses has been per-
formed to understand the degradation and the ther-

C 5

a E9g

E9r
b comp

a E9g

E9r
b resin

C 5

a E9g

E9r
b comp

a E9g

E9r
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Table 7. Dynamic mechanical properties of the composites
as a function of fiber loading

Table 8. Variation of storage modulus and normalized (rela-
tive) storage modulus as a function of fiber loading
at different temperature

Sample ID Tg
[°C] Tan!max

E" at Tg
[MPa]

Control –33.7 0.34 531
3RAF3 –33.5 0.31 3169
3RAF5 –33.8 0.29 3226
3RAF10 –33.9 0.21 1697

Sample ID Ti
[°C]

Tmax
[°C]

Neat fiber 487 510
Neat matrix 376 442
3RAF3 397 453
3RAF5 408 461
3RAF10 421 466
1RAF5 409 463
6RAF5 410 463

Figure 11. Thermogravimetric and the corresponding dif-
ferential thermogravimetric curves (DTG):
(a) neat EOC matrix, aramid fiber and its com-
posites with 3 mm short fiber as a function of
fiber loading (b) 5 phr short fiber loaded com-
posites as a function of fiber length (c) 3 mm
5 phr loaded composite with 3 phr of MA-g-PB



mal stability of the composites as a function of
short fiber loading and length. Figure 11a repre-
sents the thermogravimetric curves (TG) and the
corresponding differential thermogravimertic curves
(DTG) of neat EOC matrix, RFL dipped aramid
short fiber and the composites of EOC/aramid fiber
as a function of fiber loading at a fixed fiber length
of 3 mm. The TG and DTG curves obtained for the
composites as a function of short fiber length at a
fixed fiber loading of 5 phr is given in Figure 11b.
Single stage degradation peak was found in all the
cases. Table 9 represents the onset of thermal degra-
dation (Ti), maximum degradation temperature
(Tmax) and the maximum rate of degradation for the
EOC/Sort fiber composite as a function of fiber
length and loading. It is evident from the Table 9
that the point of onset of degradation of the neat
EOC is shifted from 376 to 397°C with the addition
of only 3 phr of short fiber and is further increased to
421°C at 10 phr fiber loading. Moreover, the maxi-
mum degradation temperature of EOC is also shifted
to a higher temperature regime with the incorpora-
tion of the short fiber and is increased further as a
function of fiber loading. These results confirm that
the thermal stability of the EOC has been tremen-
dously improved with the incorporation of short
aramid fiber. This improvement in thermal stability
can be attributed to the inherent high temperature
stability of the aramid fiber and its reinforcing
effect on EOC matrix. From the Figure 11b it is
clear that variation of short fiber length does not
have any significant influence on the thermal degra-
dation behavior of the composite. The incorporation
of the MA-g-PB (Figure 11) also doesn’t make any
significant changes in the thermal behavior of the
composite.

4. Conclusions
EOC/short aramid fiber composites were developed
with three different fiber lengths (1, 3 and 6 mm)
and the mechanical and thermomechanical proper-
ties were evaluated in presence of an interface mod-
ifying coupling agent. From our observations and
analyses the following conclusions can be drawn:
(I) Incorporation of 1mm short fiber does not affect

the original deformation behavior and the
mechanical properties to a significant level; how-
ever, it offers good thermal stability.

(II) 3 mm short fiber loaded composite shows an
overall good balance in mechanical properties,
fiber dispersion and the thermal properties at a
fiber loading of 5 phr.

(III) 6 mm short fiber loaded composite increases
the stiffness and thermal stability of the com-
posite by sacrificing the toughness due to
severe fiber aggregation.

(IV) The thermal stability of the composite increases
with short fiber loading but, it is independent
of fiber length.

(V) The stress-strain behavior, FTIR analyses and
the morphological studies of the tensile frac-
tured surfaces of 6mm short fiber filled com-
posite in presence of MA-g-PB strongly sup-
port its efficiency as a potential interface mod-
ifier as well as a fine dispersing agent for EOC/
Short fiber composite. The intake of 6 mm fiber
loading gets enhanced in presence of MA-g-PB
without any dispersion problem. It can be used
as an impact modifier to maintain the tough-
ness to stiffness balance of the composite using
higher fiber loading which is evident from the
stress-strain behavior of 20 phr fiber loaded
composite with only 3 phr of MA-g-PB.
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Table 9. Thermogravimetric analyses of the composites as a function of fiber loading and length

Sample ID

Storage modulus (E") at various 
temperature

[MPa]

Relative storage modulus (Er") at various
temperature

[MPa]
C-value

20°C 40°C 60°C 20°C 40°C 60°C
Control 85 70 33 1 1 1
3RAF3 128 98 48 1.5 1.4 1.45 1.02
3RAF5 168 140 69 1.97 2.01 2.10 0.85
3RAF10 208 196 126 2.44 2.80 3.81 0.84
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