
The great east Japan earthquake has destroyed
much of the sea cost area of Japan, and the
Fukushima nuclear power plants. The nuclear acci-
dent caused by the earthquake changed the Japan-
ese energy policy. It reminded the Japanese people
the necessity of making the maximum possible use
of renewable energy.
This new trend may accelerate weight reduction in
all kinds of vehicles and thus to reduce the electric
energy consumption. By the end of summer of 2011,
Toray Industries Inc. in Japan, announced a new
concept car made from carbon fiber/polymer com-
posites. EVs and hybrid cars are loaded with elec-
tric capacitors or batteries. These equipments cause
weight increase and are space demanding.
Structural capacitors made of composite materials
offer solutions for these issues. Structural capaci-
tors were initially adopted as multifunctional com-
posite materials for unmanned air vehicles (UAV)
to save both weight and space. The structural bat-
tery is also used for the UAV, but their usage is lim-
ited to military applications due to life limitation.
On the other hand, structural capacitors have long
functional life.
All this accelerate research in the field of the struc-
tural capacitors. Since carbon-fiber/polymer com-
posites conduct electricity, the carbon-fiber ply can
be applied as electrodes. Electrical conductance of
carbon-fiber reinforced polymer (CFRP) has been
investigated for long time. Research mainly focused
on monitoring the effect of applied strain or dam-
ages on the change of electrical resistance of CFRP
structures. Here electric current is direct current or

the frequency of the alternating current is low.
Under these conditions the CFRP laminate behaves
as a simple anisotropic conductive material. When
the CFRP structure is used as a capacitor, the high
frequency electrical properties become important.
This means that the impedance behavior of lami-
nated CFRP at high frequency will be a next target
of research for structural capacitors.
The laminated CFRP usually has electric conductiv-
ity even in the thickness direction. This means that
the normal laminated CFRP cannot be used for the
structural capacitor. Even for the highly toughened
laminated CFRP used for new aircrafts, the lami-
nated CFRP has electric conductivity in the thick-
ness direction although the highly toughened CFRP
exhibits thick resin rich interlayer.
Laminated CFRP has not been considered as an
electrical material but counted on structural mate-
rial, so not too many studies were done at higher
frequencies. I believe the careful researches at fre-
quencies higher than 0.5 to 1 MHz) should be con-
ducted in the near future. These investigations surely
bring significant changes in energy policy in all
over the world within the decades.
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1. Introduction
Fullerenes exhibit a number of unique physico-
chemical properties. Particularly, being !-acceptor,
fullerene molecule can be incorporated into a wide
variety of polymers via formation of donor-accep-
tor [1, 2] or, in certain cases, covalent bonds [3, 4].
Polymer-fullerene complexes can be prepared either
by synthesis or by mixing components in solvent or
in solid phase; they exhibit properties different
from those of the pristine polymer. Complexes
obtained by mixing solutions usually contain 1–
2 wt% of fullerene at the most [5, 6]. The solid-
phase approach allows to increase fullerene content
in the complexes appreciably (up to 10 wt%) [7–9].
The polymer-fullerene complexes have been exten-
sively studied for several years, and the general view

of their structure is still open to question. Polymer-
fullerene complexes are studied using static (light
scattering, NMR, diffusion, etc.) and dynamic meth-
ods. The static methods, which affect the solution
structure very slightly, clearly indicate the existence
of intermolecular associates [7, 10, 11]. Dynamic
methods such as liquid chromatography, viscome-
try, sedimentation, and birefringence in flow char-
acterize only individual macromolecules since inter-
molecular associates existing in solution are
destructed by velocity gradients during the experi-
ments [4, 7, 10, 12, 14, 15]. The change in polymer
properties after modification by fullerene was demon-
strated very clearly in the cases of poly(vinylpyrroli-
done) (PVP)/fullerene and polystyrene (PS)/fullerene
complexes. Properties of water-soluble PVP/"60 or
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PVP/"70 complexes were studied in detail [7, 10–
12, 15]. The light scattering investigation showed
that the sizes of intermolecular associates were one
or two orders of magnitude higher than those of
PVP molecules; the diameter of associate increased
with increasing fullerene content in the complex.
The majority of the data concerning supramolecular
association in complex solutions was obtained using
dilute aqueous solutions of polymer-fullerene com-
plexes. According to [16], water soluble supramole-
cular structures are stabilized by dipolar interaction.
The study of polystyrene/C60 complexes by liquid
chromatography showed that destruction of the
polymer chain followed by the formation of PS-C60
covalent bonds occurred during the preparation of
the samples (mixing of C60 and PS solutions with sub-
sequent solvent evaporation and re-dissolving of
the complexes). The degree of destruction increases
with increasing polymer molecular weight (Mw)
and deterioration of the solvent quality for fullerene
C60 [4]. Intrinsic viscosities of solutions of many
polymer-fullerene complexes including polymers
of different structure and Mw were determined in
various solvents [7, 13, 14]. The decrease in intrin-
sic viscosity of the complex as compared with that
of pristine polymer was mainly observed in experi-
ments with polymers having high Mw. Dynamic
methods using controlled velocity gradients are of
particular interest. For instance, sedimentation [12]
and rheological [17] experiments with aqueous
solutions of PVP/C60 complexes and birefringence
in flow experiments using PVP/C70 solutions [10]
showed that increase in velocity gradient leads to
the destruction of the clusters (even to the appear-
ance of pristine polymer at the velocity gradient of
5700 s–1 [12]). The destruction of covalent bonds in
the PVP chains took place at the velocity gradient
of 3000 s–1 in dilute aqueous solutions [18]. These
data give indirect evidence that the clusters are
destructed at high velocity gradients. The inclusion
of fullerenes, other carbon and metal oxide nanopar-
ticles in different polymers modifies the properties
of films and membranes based on these polymers
[3, 9, 19–30]. For example, the addition of small
amounts of fullerene (up to 2–10 wt%) to poly
(phenylene oxide) (PPO), PS, and PA changes selec-
tivity and permeability of membranes made from
these polymers in gas separation and pervaporation
processes [3, 28–30]. Ultrafiltration membranes

made from polysulfone [25], poly(ethersulfone) [26]
and poly(vinylidene fluoride) [27] containing nano -
particles of titanium or zirconium oxides demon-
strate surface and performance properties which are
distinctly different from those of unmodified mem-
branes. However, there are few data on the studies of
fullerene-containing polymer membranes intended
for ultrafiltration (UF). The asymmetric membranes
based on PPO/C60 were developed and used for
removing estrogenic compounds from wastewater
[31, 32]. In the previous works [33, 34] we com-
pared the structure and functional characteristics of
pristine PA membranes and PA membranes modi-
fied by 5 wt% of nanocarbon additives (fullerene,
nanotubes or carbon black). The objects of the pres-
ent study were to produce poly(phenylene isophta-
lamide) – fullerene C60 composites with different
fullerene content, to form asymmetric membranes
based on these composites, and to investigate the
influence of fullerene C60 on the casting solution
properties and membrane characteristics. To reveal
the specific character of fullerene C60 influence on
the functional properties of the membranes, a com-
parative study using membranes of similar poly-
mers modified by carbon black was carried out.

2. Experimental
Poly(phenylene isophtalamide) (PA, commercial
Fenylon® sample, Vecton, Saint Petersburg, Rus-
sia), fullerene of 99,9% purity (C60, Fullerene Tech-
nologies, Saint Petersburg, Russia), and carbon black
(Fullerene Technologies, Saint Petersburg, Russia)
were used for membrane preparation. Composites
containing 2, 5, and 10 wt% of nanocarbons were
obtained by intensive and thorough mixing of PA
with fullerene or carbon black powders in porcelain
mortar for one hour. After the solid-phase interac-
tion, these composites were dissolved in N,N-
dimethylacetamide (DMAc) containing ~0.7 wt% of
LiCl added for stabilization of the solution; the solu-
tions were kept during two days in a refrigerator. The
prepared solutions were intensely stirred up before
membrane preparation.These final solutions were
used for the formation of asymmetric membranes
by phase inversion technique, i.e. by immersion
precipitation in the water bath at ambient tempera-
ture. The thickness of polymer layers before immer-
sion and that of dried membrane were 0.35 mm and
0.20–0.22 mm, respectively. Fullerene-containing
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membranes were brown in color, and membranes
containing carbon black were grey. The color inten-
sity depended on the content of additives.
Static light scattering studies of polymer solutions
were carried out using photogoniodiffusometer
(FPS-3M, Science and Technical Association RAS,
Saint Petersburg, Russia) equipped with a photo-
electrical system of light scattering intensity regis-
tration at scattering angles in the 40–140° range and
at the incident light wavelength ! = 578 nm. Cali-
bration was made with respect to benzene (Rayleigh
ratio at the given wavelength was 13.06·10–6 #m–1).
Two parameters of scattering medium were calcu-
lated on the basis of the Debye-Stein theory [35]
using the method described elsewhere [36]. The
parameter av (the mean correlation radius of the
polarizability fluctuation) is related to the dimen-
sions of clusters, and the parameter <$2> (the aver-
age square of polarizability fluctuations) is related
to the optical heterogeneity of solution.
The intrinsic viscosities (["]) of different polymer-
fullerene complexes were determined using Ubbe-
lohde capillary viscometer in benzene or chloro-
form solution at 25°C. The dynamic viscosity (")
measurements of pristine polymer solution and the
similar solution kept for twenty days were per-
formed using rheogoniometer (PIRSP, Institute of
Petrochemical Synthesis of RAS, Moscow, Russia)
with cone-plate (cone angle 1°, diameter 40 mm), at
the temperature of 25°C and different shear rates.
N,N-dimethylacetamide of ultra-pure grade (DMAc,
Sigma-Aldrich Inc), benzene and chloroform of
pure grade (Vecton, Saint Petersburg, Russia) were
used without further purification.
Scanning electron microscopy (SEM) micrographs
of membrane samples were obtained using electron
microscope (JSM-35, Jeol, Japan). Ultrafiltration
experiments were carried out in a dead-end stirred
cell (FM-01, Science and Technical Association
RAS, Saint Petersburg, Russia) (membrane diame-
ter 25 mm, initial filtration volume 10 ml, transmem-
brane pressure 0.1 MPa, stirring speed 300 rpm).
The 0.4 wt% solution of the following mixture in
the 0.05 M phosphate buffer (pH 7.4) was used in
the experiment: tryptophan (Mw 204 Da), vitamin
B12 (Mw 1340 Da), cytochrome C (Mw 12.5 kDa),
chymotrypsinogen (Mw 24 kDa), ovalbumin (Mw
44.5 kDa), bovine serum albumin (Mw 67 kDa), %-
globulin (Mw 160 kDa) (all Sigma-Aldrich Inc).

Static sorption of proteins was performed by dip-
ping membrane into the hermetically closed cell
containing 4 ml of protein mixture solution. These
solutions were periodically stirred. The solute con-
centration was controlled periodically by determi-
nation the optical density of the solutions at ! =
280 nm and ! = 415 nm. Optical density was meas-
ured using the spectrophotometer (Specord M-40,
Carl Zeiss, Jena, Germany). Equilibrium concentra-
tion was reached in 4 hours. The total duration of
the experiment was 20 hours. Each experiment was
repeated three times and the average result was
reported.

3. Results and discussion
PA/C60 composites with different C60 content (up to
10 wt%) were prepared by solid-phase method.
Mechanical destruction of particles increases their
surface area and, correspondingly, the surface energy.
Contacts between the polymer and carbon nanoad-
ditives occur in the solid phase. The excess of the
surface energy enhances activity and solubility of
fine particles, thus providing formation of a mate-
rial with the properties different from those of the
pristine polymer. Figure 1 shows SEM images of
(A) "60, (B) PA, and (C) PA/C60(10%) powders (the
last sample - after thorough mixing). The compari-
son of images confirms that the surface interaction
between PA and C60 powders takes place already at
the solid-phase mixing stage.
As stated in the Introduction, fullerene molecule
possesses the unique !-electron structure. Several
authors used spectroscopy data to prove the exis-
tence of donor-acceptor interactions between poly-
mer and fullerene in PS/C60 [4] and PVP/C60 [37]
complexes. The authors of review [38] analyzed the
data concerning changes of polymers properties in
fullerene-doped polymer systems and suggested
that the interaction between ‘aromatic’ C60 and
phenylene rings of polymers takes place. Poly(pheny-
lene isophtalamide) chain also contains phenylene
rings. The possibility of donor-acceptor interaction
of fullerene C60 with several active centers of a sin-
gle PA molecule as well as with neighbor macro-
molecules in the pervaporation membrane matrix
was discussed elsewhere [30].
The occurrence of fullerene – PA interaction will be
taken into account in the analysis of our results
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obtained during the study of properties of PA/C60
solutions and membranes.

3.1 Properties of PA/C60 solutions
Properties of PA/C60 complexes in DMAc solution
were studied both by static (light scattering) and
dynamic (viscometry and rheological study) meth-
ods. The supramolecular structure of polymer solu-
tions was studied by static light scattering. Asym-
metric indicatrixes of isotropic light scattering were
obtained for dilute PA and PA/C60 solutions in DMAc
at concentrations ranging from 0.01 to 0.1 wt%.
The Mw of PA does not exceed 100 kDa, and the
size of macromolecule is substantially less than the
light wavelength. Therefore, the contribution of indi-
vidual macromolecules to the light scattering asym-
metry is negligibly small [39, 40]. We can conclude

that clusters were already present in dilute PA/C60
solutions. Table 1 shows that the dimensions of
clusters (av) in unperturbed dilute DMAc solutions
increase with increasing C60 content. It should be
mentioned that similar results were obtained in the
study of water-soluble complexes of PVP with C60
or C70 [5, 7, 8]. Optical heterogeneity of solutions
(<$2>) also tends to rise with increasing C60 con-
tent. DMAc (# = 37.8) is a polar solvent, as well as
water, and the presence of soluble supramolecular
structures is in agreement with the results reported
in [16]. Intrinsic viscosities of solutions of various
polymers and their complexes with fullerene are
compared in Table 2 where both original and pub-
lished data are given. It was found that the intrinsic
viscosity of PA/C60 decreases with increasing C60
content. The decrease in ["] values of the polymer-
fullerene complexes was observed for polymers of
different chemical nature, Mw, various fullerene
content, and in different solvents [7, 13, 14, 34]. The
higher the polymer Mw, the more substantial decrease
in the inherent size of polymer-fullerene complex
takes place. For PVP with Mw = 12 kDa the ["]
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Figure 1. SEM images of powders: (A) C60, (B) PA, and (C) PA/C60(10%)

Table 2. Intrinsic viscosity of polymers and their complexes with fullerene (cited and original data)

Polymer – solvent Pristine polymer
!W [kg/mol]

"60 content
[wt%]

[#] of composite
[dl/g] 

[#] of pristine
polymer [dl/g] Ref.

P& – D'&c
100 2.0

5.0
10.0

2.86
2.70
2.52

2.93 [34]

Poly((-methyl styrene) – chloroform 500 6.1 0.76 0.87
PVP – chloroform 360 0.4 0.90 1.32
PVP – water 12 0.2 0.102 0.102 [7]

PP) – benzene 30
140

0.5
0.5

0.47
0.86

0.59
0.99

[13]

PS – benzene 1130 6.2 1.90 2.40 [14]

Table 1. Sizes of intermolecular associates and optical het-
erogeneity parameters in DMAc solutions

Sample P$ P$/"60(2%) P$/"60(5%)
av [nm] 31 49 57
< $2> *1010 6.7 6.8 6.9



value of its fullerene-containing complexes remains
virtually constant (Table 2) [7]. These results are in
good agreement with the model of polymer-
fullerene interaction suggested in [4]. It should be
emphasized that for polydisperse compositions the
["] value is an integral parameter that allows rather
comparing macromolecular sizes than determining
them precisely.
Rheological behavior of PA/C60(10%) casting solu-
tions used for membrane preparation shows that the
increase in fullerene C60 content leads to a slight
increase in the dynamic viscosity of casting solu-
tion. This characteristic indicates the interaction
between polymer molecules, polymer-fullerene and
polymer-solvent interaction. On the contrary, car-
bon black as inert additive had virtually no influ-
ence on the dynamic viscosity of 10 wt% casting
solutions. Figure 2 shows the dependences of
dynamic viscosities of fresh casting solutions on
velocity gradient. The differences in dynamic vis-
cosities of PA solutions and PA solutions containing
from 2 to 10 wt% "60 were more pronounced at
minimal hydrodynamic action. With increasing
velocity gradient, the values of dynamic viscosity
descend and approach each other. The casting solu-
tions of polysulfone with porous ZrO2 nanoparti-
cles also revealed shear thinning under rheological
experiments [25]. In both cases a polymer-particle
network was broken by the applied force. It would
seem that the rheological behavior of PA/C60 solu-
tions with different C60 content and the values of
their intrinsic viscosity are in conflict. However,
here the value of velocity gradient ($) should be
taken into account. In rheological experiments, it

did not exceed 220 s–1, whereas in intrinsic viscos-
ity measurements the $ value reached 700 s–1 [7].
Apparently, clusters having dimensions propor-
tional to fullerene content (in the absence of hydro-
dynamic action) dissociate at these velocity gradi-
ents; therefore, the ["] values characterize the
individual molecules.
Rheological data characterizing the instability of
casting solutions are shown in Figure 3. After
20 days the dynamic viscosity of PA casting solu-
tions increased to a lesser extent than that of
fullerene–containing solutions. The initial values of
dynamic viscosity were reached after ultrasonic
treatment of these solutions. This observation can
serve as another proof of the lability of clusters
formed in polymer solutions. It should be added
that precipitation of PVP/C60 complex from chloro-
form solution as well as precipitation of poly((-
methyl styrene)/"60 complex from benzene – tetrahy-
drofuran mixture was also observed after storage
for several days. The structure-forming ability of
complexes can be crucial in technological applica-
tions; and, consequently, the long-term storage of
solutions should be avoided.

3.2. Structural properties of membranes
The discussion about correspondence between the
properties of complex solution and composite mem-
brane characteristics will be based on the results
given in this paper and on the data published before
[33, 34].
The properties of casting solution determine struc-
tural and functional characteristics of the membrane
obtained. To support this proposition, we will use
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Figure 2. Viscosity vs. velocity gradient for casting solu-
tions of (1) PA and PA/C60 with various C60 con-
tent: (2) 2%; (3) 5%; (4) 10%

Figure 3. Viscosity vs. C60 content in 10% casting solution
of PA/C60. (1) pristine solutions and (2) kept 20
days casting solutions.



the data shown in Figures 4–7 as well as the results
published earlier (Table 1 [33]).
All studied membranes were prepared by phase
inversion method. The porous structure of mem-
branes was formed during the immersion of poly-
mer solution layer into precipitating water bath. The
slower the membrane precipitation, the higher the
density of the obtained membrane [41, 42]. The rate
of water diffusion primarily depends on the viscos-
ity of polymer solution. Casting solutions with higher
C60 content were more viscous (Figure 2), leading
to the formation of asymmetric membranes with
lower overall porosity. The density of nonporous
films prepared from the same solutions by evapora-
tion also increased with increasing C60 content.
(The data about membrane porosity and films den-
sity were provided in Table 1 [33]). These data are
in agreement with published results [25].
The SEM images of PA/C60 membranes show homo-
geneous surfaces. The membrane morphology does
not change with increasing fullerene amount in
composite. The surface pore size of ultrafiltration
membrane can be evaluated using calibration curve
obtained in a previous study (Figure 4 [34]). The
inclusion of carbon additives into membranes did
not influence the shape of calibration curve and
retained the molecular weight cut-off ('WCO) in

the range of 40–50 kDa. (The value of MWCO is
equal to Mw of protein rejected by 90%). Taking
into account the size of rejected globular proteins,
the surface pore size was estimated using a method
described elsewhere [43]. The pore size was about
17 nm. SEM resolution used in our experiments
(magnification up to 40 000) did not allow to see
the distinctions in active layers of membranes hav-
ing different composition. The tendency towards
increasing active layer density (Figure 4) was
observed for membrane containing 5 wt% C60 as
compared with the pure PA membrane. During prepa-
ration of SEM samples, the fullerene-containing
membranes exhibited higher strength and ability to
preserve their internal structure. It should be noted
that SEM does not allow observing all changes in
membrane structure. For example, while gas sepa-
ration membranes based on polysulfone with differ-
ent carbon additives were of similar morphology
they demonstrated different transport properties [44].

3.3. Functional properties of membranes
The effect of fullerene C60 present in PA mem-
branes on their main functional characteristics (flux
and protein sorption) was studied. Figure 5 (curve 1)
shows water flux through membranes with different
fullerene "60 content. The data given in Table 1 [33]
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Figure 4. SEM images of (A) PA and (B) PA/"60(5%) membranes active layer cross-section



show that the polymer-fullerene interaction slightly
affects the membrane porosity and structure. Mem-
branes with higher C60 content have lower porosity
and demonstrate lower flux. To reveal the specific
character of C60 influence on the functional proper-
ties of the membranes, the comparative study was
carried out using similar membranes modified by
carbon black. Figure 5 (curve 2) shows that the
water flux through membranes containing carbon
black additives is higher than that in the case of
fullerene-containing membranes. Carbon black is
an inert filler that causes mechanical obstructions
against the liquid flow through porous structure of
the membrane. If fullerene molecule were also inert
with respect to polymer, the obstructions against
flow would be similar in both cases. The presence of
donor-acceptor interactions (for example, between
fullerene and PA phenylene groups) leads to arising
intermolecular attraction inside membrane matrix.
These interactions cause lowering water flux through
fullerene-containing membrane as compared with
membrane containing inert carbon black.
Stability of membrane flux during filtration is one
of the important technological characteristics of
membrane process. Principal sources of decreasing
the flux through the ultrafiltration membrane are
concentration polarization, cake layer deposition on
membrane surface, and adsorptive fouling [45, 46].
In the final stages of technological processes the
flux characteristics are determined mainly by cake
layer deposition, its degree depending on the com-
position of filtered mixture. The adsorptive fouling
is an important cause of decreasing the protein flux
[47, 48] especially on the initial stages of ultrafiltra-

tion [49]. In our work, the membrane fouling was
studied under similar conditions (filtrate volume
did not exceed 0.9 of initial proteins solution vol-
ume). We assumed that the adsorption of proteins
on the membrane surface and pores caused decrease
in flux, and this assumption was confirmed by
determination of phosphate buffer flux reduced
recovery (FRR). FRR was estimated after the con-
tact between membrane and protein solution in
ultrafiltration process and in static sorption tests,
when membranes were held in protein solution for
20 hours. Both types of tests included measure-
ments of phosphate buffer flux before (Q0) and after
(Q1) contact between membranes and protein solu-
tion. Flux reduced recovery was calculated using
Equation (1):

                                                  (1)

Figure 6 shows the phosphate buffer flux reduced
recovery for membranes which contacted with pro-
tein solution in ultrafiltration and static sorption
tests. Evidently, the curves obtained in ultrafiltra-
tion experiments lie below the ones obtained in
sorption tests. The mass transfer conditions are dif-
ferent in both tests. Under pressure gradient during
ultrafiltration the greater part of protein molecules
flows into the pores, as opposed to static sorption
experiments. Internal membrane fouling is gener-
ally irreversible [45]. In our experiment the adsorp-
tive fouling of membranes of different composition
was influenced mainly by the chemical nature of

FRR 5
Q1

Q0
 ·100FRR 5

Q1

Q0
 ·100
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Figure 5. Water flux through composite membranes vs. car-
bon additives content. (1) fullerene, (2) carbon
black.

Figure 6. Flux reduced recovery of (1, 1+) PA/C60 and (2,
2+) PA/carbon black membranes vs. carbon addi-
tives content in (1, 2) ultrafiltration and (1+, 2+)
static sorption



constituents, other factors (surface pore size, pres-
sure, stirring rate, pH, ionic strength) being equal.
The membranes modified by fullerenes demon-
strated high value of FRR equal to 70–90% (curves 1
and 1+). At the same time, FRR was close to 30–50%
for the membranes of pure PA and modified by car-
bon black (curves 2 and 2+). Low FRR values indi-
cate that membranes of pure PA and those modified
by carbon black adsorb proteins strongly, and thus,
their phosphate buffer flux decreased by a factor of
2 or 3. It should be noted that the similar behavior is
common to the majority of known polymer mem-
branes [48–50]. Membranes modified by fullerene
adsorb proteins much less effectively than pure PA.
We suppose that this phenomenon is caused by
‘interlocking’ fullerene sorption centers in PA which
should adsorb proteins. On the surface of polyamide
membrane both hydrophobic (phenylene) and hydro -
philic (amide) groups are present. Fullerene inter-
acts with phenylene group and changes surface pro-
file, thus hindering adsorption of protein functional
groups.
High FRR value of PA/C60 membranes is a very
important operating characteristic that could facili-
tate process of membrane regeneration and promote
decrease of target product losses. The resistance of
the porous structure of the membranes to different
solvents was estimated by filtration of various sol-
vents through the membranes. The viscosities (",
10–3 Pa·s) of the liquids used in this experiment
were the following: 1.0 (water), 1.13 (ethanol), and
2.43 (iso-propanol). It should be noted that these
solvents are often used in processes including ultra-
filtration membranes for concentration, purifica-
tion, and separation of proteins and similar com-
pounds. In the previous paper [33] we reported that
only negligible swelling of PA membranes with 5%
of nanoadditives takes place in the liquids used.
Here we estimated the stability of membrane struc-
ture by comparing the values of viscosity-normal-
ized flux dispersion for the membranes with differ-
ent composition. The viscosity-normalized flux
(Qn) is the product of the liquid viscosity and its
flux through the membrane. The values of viscosity
were adjusted to 22°C. Figure 7 shows the relative
dispersions of viscosity-normalized flux (,Qn). It
was calculated by standard formula for root-mean
square deviation. The mean value of normalized
flux for definite membrane composition in these

calculations was determined by averaging all nor-
malized flux values for all solvents and all mem-
branes used in the experiment. It is clear that rela-
tive dispersion of viscosity-normalized flux for PA
and fullerene-containing membranes does not
exceed 10% and decreases with increasing fullerene
content. For membranes modified by carbon black,
the relative dispersion does not correlate with the
carbon black concentration and averages out 18%.
Therefore, the modification by fullerene improves
characteristics of membranes by increasing their
resistance to different solvents.

4. Conclusions
Asymmetric ultrafiltration membranes based on
PA/fullerene C60 composites were prepared. The
relationship between properties of casting solutions
and the structure and characteristics of resulting
asymmetric membranes was confirmed. It was estab-
lished that increase in C60 content in the composite
leads to the formation of rigid membranes and
increases membrane resistance to organic solvents.
Ultrafiltration of aqueous protein solutions, as well
as static sorption experiments, showed that increase
in C60 content in membrane causes decrease in pro-
tein adsorption on the membrane surface and inside
pores. Therefore, the obtained membranes modified
by fullerene demonstrate improved antifouling
properties as compared with the membranes made
from pure PA and those modified by carbon black.
Hence, modification by fullerene improved techno-
logical parameters of membranes.
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Figure 7. Relative dispersion of viscosity-normalized flux
vs. carbon additives content. (1) fullerene, (2) car -
bon black
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1. Introduction
Hydrogels are crosslinked hydrophilic polymers
that constitute an important class of materials in
biotechnology and medicine because of their excel-
lent biocompatibility [1–2]. Over the past three
decades, a variety of hydrogels differing in struc-
ture, composition, and properties were developed
[3–4]. Hydrogels exhibiting a swelling response to
environmental changes such as temperature, pH,
electric field, UV or visible light-radiation, solvent
composition, salt concentration and type of surfac-
tants are attracting increasing interest in various
applications such as drug delivery systems, separa-
tion operations in biotechnology, processing of

agricultural products, conductive or superabsorbent
composites, and sensors and actuators [1, 5–7].
HEMA (2-hydroxyethylmethacrylate) was the first
monomer used to synthesize hydrogels for biomed-
ical applications [8]. Its water swelling properties
are improved by co-polymerization with more
hydrophilic monomers [7, 9–10].
Hydrogels may be synthesized via various polymer-
ization techniques, such as thermal polymerization
[11], oxidation-reduction (redox) polymerization
[12] and photopolymerization [13–14]. Photopoly-
merization has several advantages over conven-
tional polymerization techniques. These include
spatial and temporal control over polymerization
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and fast curing rate at room or physiological tem-
peratures. One major advantage of photopolymer-
ization is that hydrogels can be synthesized in the
presence of an active principle, facilitating the
incorporation of drugs during the synthesis of the
hydrogels. Photopolymerization has been employed
to obtain hydrogels for drug delivery applications
using a variety of mono functional monomers such
as HEMA [7–12, 15], and crosslinkers such as poly
(ethylene glycol) dimethacrylate [16], and poly(eth-
ylene glycol) diacrylate [17]. The co-polymerization
of HEMA, acrylamide (AAm) and a suitable
crosslinker provides a unique combination of prop-
erties of the resulting hydrogels, making them
capable of swelling especially at high pH values
[18–19].
Water-soluble photoinitiator systems for vinyl poly-
merizations, above all those active in the visible
region of the spectrum, have gained increasing
interest in recent years [20]. Among them, the most
commonly employed photoinitiators are those gen-
erating radicals by a bimolecular process compris-
ing an excited state of a synthetic dye or natural
pigment, and a co-initiator that behaves as electron
donor. Particularly, safranine O, an azine dye, was
extensively studied for its use as sensitizer of pho-
topolymerization in organic and aqueous media
employing visible light as energy source and differ-
ent amines as co-initiators [21–24].
In a previous study we reported the synthesis of a
silsesquioxane functionalized with methacrylate
and amine groups (SFMA) that was employed as
crosslinker/co-initiator to obtain poly(HEMA-co-
AAm) hydrogels by visible-light photopolymeriza-
tion, employing safranine O (Saf) as sensitizer [19].
The swelling behavior of the poly(HEMA-co-
AAm) hydrogels at different pHs was also reported
[19]. The present study focuses on the way in which
the release rate of a specific compound retained
inside the poly(HEMA-co-AAm) hydrogel is
affected by the ionic character of the active species,
using dyes as model drugs. Two dyes were used:
safranine-O (Saf) as an axample of a cationic active
group and resorufin (Rf) as an example of an
anionic active group. While Saf is a strong base,
resorufin is an acid with a pKa = 7.9. A significant
fraction of Saf persists in its cationic form even at
high values of pH. This is not the case for Rf, where
the fraction of the conjugated base (anion) is very

low at low values of pH. Therefore, experimental
results with Rf were obtained at pH = 7.
The influence of pH and temperature on the release
rate of dyes and drugs from specific hydrogels
(including those based on HEMA) has been reported
in a large number of papers [e.g., 7, 15, 25–40].
However, to the best of our knowledge there are no
comparative studies of the release rate of salts with
large ions and small counterions from a specific
hydrogel under defined pH and temperature condi-
tions. This is an important concept because several
drugs are used as salts. The following are examples
of release rate studies of cationic drugs: prali-
doxime chloride [28], salbutamol sulfate [30], gen-
tamicin sulfate [25], and anionic drugs: sodium sul-
facetamide [25]. We employed safranine (Saf) as a
model of a cationic drug and the anionic form of
resorufin (Rf) as a model of an anionic drug.
The election of poly(HEMA-co-AAm) hydrogels
for this study was based on two facts: a) this is a
classic system for drug delivery studies, b) they can
be hydrolyzed at pH = 13 to irreversibly transform
their amide functionalities into carboxylate groups
[19], a possibility that can be used to compare the
behavior of poly(HEMA-co-AAm) and poly(HEMA-
co-AA) hydrogels of the same composition.

2. Experimental
2.1. Materials
The silsesquioxane functionalized with methacry-
late and amine groups (SFMA) was synthesized as
described in a previous paper [19]. Acrylamide
(AAm – Code: A8887 – Assay !99%) and 2-hydrox-
yethylmethacrylate (HEMA – Code: 128635 – Assay:
97%) were provided by Aldrich, Steinheim, Ger-
many and used as received. Safranine O (Saf – Code:
S2255) and the anionic form of resorufin (Rf – Code:
R3257) were purchased from Aldrich, Steinheim,
Germany and employed without further purifica-
tion. Water was purified through a Millipore Milli-
Q system. Buffer solutions were provided by Labo-
ratorios Oliveri, Buenos Aires, Argentina and used
as received. The structures of a representative mol-
ecule of SFMA, monomers and dyes are presented
in Figure 1.

2.2. Synthesis of hydrogels
Hydrogels were synthesized employing the follow-
ing proportions of monomers by weight: HEMA
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90%, AAm 9% and photoinitiator/crosslinker 1%.
The photoinitiator/crosslinker was composed of
Saf/SFMA in similar proportions as in our previous
study [19]. Typically, 2 mL of a deaerated aqueous
solution (50  by volume) of this formulation was
irradiated for 2 h in a homemade merry-go-round
photochemical reactor supplied with eight green
LEDs (!max = 530 nm).

2.3. Swelling
Uniform disks, 10.5 mm diameter and 2.5 mm thick-
ness, were cut from the hydrogels and immersed in
Milli-Q water to remove unreacted monomers, Saf
and SFMA; water was daily replaced for one week.
After this period hydrogels were washed with Milli-Q
water and dried in a vacuum oven at 37°C for 48 h.
Dried disks were weighed (Wpol) and immersed in
commercial buffer solutions at room temperature.
At specified times samples were removed from the
solutions, blotted with filter paper to eliminate

excess of solution and weighed (Wt). Three samples
were used per point of the swelling curve. The
degree of swelling (Sw) was calculated accoding to
Equation (1):

                                (1)

To visualize the pore structure of the hydrogels in
the swollen state, a JEOL JSM-6460 LV SEM, from
Jeol Technics Ltd., Tokyo, Japan was employed.
Samples were swollen to equilibrium in buffer solu-
tions, blotted with filter paper, frozen at –18ºC and
freeze-dried for 24 h in a Virtis Benchtop SLC, SP
Industries, New York, USA. Freeze-dried samples
were loaded on the surface of an aluminum SEM
specimen holder and sputter coated with Au-Pd for
35 s before observation. A working distance about
20–25 mm, an accelerating voltage of 15 kV, and a
chamber pressure of 10–9 Torr were found to be
suitable for obtaining high-resolution images.
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Figure 1. Structures of SFMA, monomers and model drugs



2.4. Loading and release of dyes
Disks of dried hydrogels were immersed for 24 h in
aqueous solutions of the dyes with a concentration
giving a maximum value of absorbance equal to
1.2, measured with an optical path of 1 cm. Disks
were removed from the solution and dried under
vacuum at 37°C for 48 h. The amount of dye that
was loaded was determined from the residual
absorbance of the solution employing a calibration
curve following Lambert-Beer’s law. UV-vis spec-
tra were recorded with an Agilent 8453 diode array
spectrophotometer, Waldbronn, Germany. Samples
were placed in a 1 cm"#1 cm"#3 cm quartz cell and
spectra recorded at room temperature.
Release experiments were carried out by transfer-
ring the dried dye-loaded disks into 10 mL buffer
solutions of different pHs at room temperature. At
specified time intervals, 3 mL aliquots were removed
from every solution (three aliquots of different
solutions for any single point of the release curve),
and their absorbance determined by ultraviolet-visi-
ble (UV-vis) spectroscopy at the maximum absorp-
tion wavelength of each dye. After measuring the
absorbance, aliquots were returned to the original
solutions to keep volume constant. Calibration curves
were used to transform absorbance determinations
into concentrations.

3. Results and discussion
3.1. Swelling behavior of hydrogels
The swelling of the hydrogel in water at different
pH values can be related to its behavior as a drug-
delivery material. Preliminary swelling results of
the synthesized hydrogels were reported in our pre-
vious study [19]. A significant increase in the
swelling capacity was observed at pH 13, explained
by the almost complete conversion of acrylamide
into carboxylate groups [19]. The repulsion of the
anionic groups fixed in the gel structure and the
increase in hydrophilicity produced by the presence
of ionic species inside the gel led to an increase in
swelling. Morphologies of hydrogels swollen at dif-
ferent pH values are shown in Figure 2 (although
SEM is useful to reveal the hydrogel structure, care
must be taken to avoid affecting the morphology
during sample preparation [41]).
The hydrogel swollen at pH = 2 shows a compact
and collapsed structure with few pores of about
10 µm diameter (Figure 2A). The material swollen
at pH = 7 (Figure 2B) shows a distribution of pores
with an average diameter close to 10 µm. The hydro-
gel swollen at pH = 13 (Figure 2C) presents larger
pores (diameters higher than 20 µm) and thinner
walls, in agreement with its high swelling capacity.
Based on these results it was considered of interest to
compare the behavior of non-hydrolyzed hydrogels,
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Figure 2. SEM micrographs of freeze-dried hydrogels after reaching equilibrium at: A) pH = 2, B) pH = 7 and C) pH =13



poly(HEMA-co-AAm), and hydrolyzed hydrogels,
poly(HEMA-co-AA), obtained by immersing the
non-hydrolyzed hydrogels in a buffer solution of
pH = 13 for 48 h, followed by a water extraction
and drying procedure similar to the one used for the
non-hydrolyzed hydrogels described in the experi-
mental section.
A comparison of the swelling behavior of hydrolyzed
and non-hydrolyzed hydrogels at different pHs is
shown in Figure 3. In hydrolyzed hydrogels amide
groups were converted to carboxylic acid groups
[19, 42–45] whose degree of ionization depends on
the pH of the swelling test. The particular curve
obtained for the non-hydrolyzed gel at pH = 13
should not be considered for the discussion because
partial conversion of amide to carboxylate groups
takes place during the swelling test. Hydrolyzed
hydrogels exhibited a larger swelling capacity than
non-hydrolyzed hydrogels at any pH. This can be
ascribed to the higher hydrophilicity of carboxylic
acid groups compared to amide groups and their
partial ionization when increasing pH.

3.2. Release of dyes from non-hydrolyzed
hydrogels

After 24 h immersion in a water solution of a partic-
ular dye, the amount that was loaded to the hydro-
gel (defined as M$ in mass per unit mass of poly-
mer), was M$ (Saf) = 42 mg/g and M$ (Rf) = 5 mg/g.
The significant loading observed for Saf evidences
the presence of specific electrostatic interactions
between the cation and functional groups of the
hydrogel. This also causes a significant slower
release rate of Saf with respect to Rf as is shown in

Figure 4 for pH = 7. The cumulative fractional
release of Saf and Rf, Mt/M$, in a buffer medium at
pH = 7 are shown in Figure 4. Therefore, the poly
(HEMA-co-AAm) hydrogel might be suitable for
the loading and slow release of cationic drugs.
An empiric equation developed by Peppas and
coworkers for the release rate assumes a time-depen-
dent power law function [46–47] presented in Equa-
tion (2):

                                                           (2)

The fitting of experimental results with Equation (2)
written in logarithmic form is shown in Figure 5.
The resulting parameters are summarized in Table 1.
When the value of the exponent is n = 0.5, the
release rate follows Fick’s law. Within experimental
error the release rate of the anionic dye follows a
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Figure 3. Swelling of hydrolyzed and non-hydrolyzed
hydrogels at pH = 2, 7 and 13

Figure 4. Fractional release of Rf and Saf at pH = 7 from
non-hydrolyzed hydrogels

Figure 5. Logarithmic expression of the fractional release
of Rf and Saf at pH = 7 from non-hydrolyzed
hydrogels against natural logarithm of time
expressed in seconds



Fickian behavior while the cationic dye exhibits a
non-Fickian mechanism. The departure from Fick’s
law can again be explained by the presence of elec-
trostatic interactions between the positive charge of
Saf and functional groups of the hydrogel. Similar
results were observed for crystal violet when it was
employed as model drug in poly(HEMA-co-AA)
hydrogels [7]. The non-Fickian mechanism was
ascribed to electrostatic interactions between the
positive charge of the dye with carboxylic groups of
the hydrogel [7].
For systems following a Fickian behavior, diffusion
coefficients (D) may be calculated from the slope of
the plot of Mt/M$ vs. t1/2 (the initial slope is equal to
4D1/2/(%1/2L), where L is the slab thickness [25]).
The diffusion coefficient of Rf reported in Table 1
lies in the same range as some of the values reported
in the literature [25, 32].

3.3. Release of Saf from a hydrolyzed
hydrogel

The possibility of varying the specific interactions
of Saf by converting amide groups into carboxylic
acid groups was investigated. It was found that the
value of M$ increased from 42 mg/g for the non-
hydrolyzed hydrogel to 80 mg/g for the hydrolyzed
hydrogel, implying that carboxylic acid groups pro-
moted higher specific interactions with Saf than

amide groups. This was confirmed by comparing
release rates of Saf from hydrolyzed and non-
hydrolyzed hydrogels at pH 2, 7 and 13 (Figure 6).
Again the partial conversion of amide to carboxy-
late groups, that takes place during the swelling test,
must be considered for the curves at pH = 13.
For both types of hydrogels release rates were higher
under acid conditions where the lowest swelling
had been observed. This means that release rate
depends more on specific interactions of the dye with
the functional groups of the gel than on the swelling
of the materials. Specific interactions between Saf
and carboxylic acid groups should be stronger than
the ones of Saf and acrylamide groups as evidenced
by the significant decrease of the fractional release
rate observed for hydrolyzed hydrogels at all pH
values. This agrees with the higher loading capacity
for Saf exhibited by hydrolyzed hydrogels. Specific
interactions should decrease their strength under
acid conditions to explain the highest release rate
observed at pH = 2. This means that specific interac-
tions of Saf should decrease in the sequence COO–

>"COOH">"CONH2. Poly(HEMA-co-AA) hydro-
gels are therefore suitable for the very slow release
of a cationic drug, particularly under neutral or
alkaline pH values.

4. Conclusions
In conclusion, we showed that tuning the ionic char-
acter of a drug and the conversion of amide groups
into carboxylate groups enables to control the load-
ing capacity and the release rate from poly(HEMA-
co-AAm) hydrogels used in drug-delivery applica-
tions. These hydrogels are more affine with cationic
than with anionic drugs. This leads to a higher load-
ing capacity and a slower release rate of cationic
dyes with respect to anionic dyes. Conversion of the
hydrogel to poly(HEMA-co-AA) by hydrolysis at
pH = 13, produced a significant increase in swelling
and loading capacity and a decrease of the release
rate, particularly under neutral or alkaline condi-
tions. This means that specific interactions of the
cationic dye decrease in the sequence COO– >
COOH">"CONH2.
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Figure 6. Fractional release of Saf for hydrolyzed and non-
hydrolyzed hydrogels at pH = 2, 7 and 13

Table 1. Release characteristics of model drugs from
poly(HEMA-co-AAm) hydrogels

Drug k [h–n] n R D [cm2·s–1]
Rf 1.74·10–3 0.52 0.978 1.98·10–8

Saf 1.63·10–4 0.62 0.987 –



References
  [1] Hoffman A. S.: Applications of thermally reversible

polymers and hydrogels in therapeutics and diagnos-
tics. Journal of Controlled Release, 6, 297–305 (1987).
DOI: 10.1016/0168-3659(87)90083-6

  [2] Peppas N. A., Hilt J. Z., Khademhosseini A., Langer
R.: Hydrogels in biology and medicine: From molecu-
lar principles to bionanotechnology. Advanced Materi-
als, 18, 1345–1360 (2006).
DOI: 10.1002/adma.200501612

  [3] Peppas N. A.: Hydrogels in medicine and pharmacy.
CRC Press, Boca Raton (1987).

  [4] Oh J. K., Drumright R., Siegwart D. J., Matyjaszewski
K.: The development of microgels/nanogels for drug
delivery applications. Progress in Polymer Science,
33, 448–477 (2008).
DOI: 10.1016/j.progpolymsci.2008.01.002

  [5] Tanaka T., Filmore D. J.: Kinetics of swelling of gels.
Journal of Chemical Physics, 70, 1214–1218 (1979).
DOI: 10.1063/1.437602

  [6] Tang Q., Wu J., Lin J., Li Q., Fan S.: Two-step synthe-
sis of polyacrylamide/polyacrylate interpenetrating
network hydrogels and its swelling/deswelling proper-
ties. Journal of Materials Science, 43, 5884–5890
(2008).
DOI: 10.1007/s10853-008-2857-x

  [7] Yue Y., Sheng X., Wang P.: Fabrication and characteri-
zation of microstructured and pH sensitive interpene-
trating networks hydrogel films and application in
drug delivery field. European Polymer Journal, 45,
309–315 (2009).
DOI: 10.1016/j.eurpolymj.2008.10.038

  [8] Wichterle O., Lim D.: Hydrophilic gels for biological
use. Nature, 185, 117–118 (1960).
DOI: 10.1038/185117a0

  [9] Kabra B. G., Gehrke S. H., Hwang S. T., Ritschel W.
A.: Modification of the dynamic swelling behavior of
poly(2-hydroxyethyl methacrylate) in water. Journal
of Applied Polymer Science, 42, 2409–2416 (1991).
DOI: 10.1002/app.1991.070420906

[10] Wang J., Wu W.: Swelling behaviors, tensile properties
and thermodynamic studies of water sorption of 2-
hydroxyethyl methacrylate/epoxy methacrylate copoly-
meric hydrogels. European Polymer Journal, 41,
1143–1151 (2005).
DOI: 10.1016/j.eurpolymj.2004.11.034

[11] Huang C-W., Sun Y-M., Huang W-F.: Curing kinetics
of the synthesis of poly(2-hydroxyethyl methacrylate)
(PHEMA) with ethylene glycol dimethacrylate
(EGDMA) as a crosslinking agent. Journal of Polymer
Science Part A: Polymer Chemistry, 35, 1873–1889
(1997).
DOI: 10.1002/(SICI)1099-0518(19970730)35:10<1873

::AID-POLA2>3.0.CO;2-P

[12] Podual K., Doyle III F. J., Peppas N. A.: Dynamic
behavior of glucose oxidase-containing microparticles
of poly(ethylene glycol)-grafted cationic hydrogels in
an environment of changing pH. Biomaterials, 21,
1439–1450 (2000).
DOI: 10.1016/S0142-9612(00)00020-X

[13] Anseth K. S., Scott R. A., Peppas N. A.: Effects of ion-
ization on the reaction behavior and kinetics of acrylic
acid polymerizations. Macromolecules, 29, 8308–
8312 (1996).
DOI: 10.1021/ma960840r

[14] Li L., Lee L. J.: Photopolymerization of HEMA/
DEGDMA hydrogels in solution. Polymer, 46, 11540–
11547 (2005).
DOI: 10.1016/j.polymer.2005.10.051

[15] Lu S., Anseth K. S.: Photopolymerization of multilam-
inated poly(HEMA) hydrogels for controlled release.
Journal of Controlled Release, 57, 291–300 (1999).
DOI: 10.1016/S0168-3659(98)00125-4

[16] Bryant S. J., Anseth K. S.: The effects of scaffold
thickness on tissue engineered cartilage in pho-
tocrosslinked poly(ethylene oxide) hydrogels. Bioma-
terials, 22, 619–626 (2001).
DOI: 10.1016/S0142-9612(00)00225-8

[17] Burdick J. A., Anseth K. S.: Photoencapsulation of
osteoblasts in injectable RGD-modified PEG hydro-
gels for bone tissue engineering. Biomaterials, 23,
4315–4323 (2002).
DOI: 10.1016/S0142-9612(02)00176-X

[18] Nizam El-Din H. M., El-Naggar A. W. M.: Synthesis
and characterization of hydroxyethyl methacrylate/
acrylamide responsive hydrogels. Journal of Applied
Polymer Science, 95, 1105–1115 (2005).
DOI: 10.1002/app.21326

[19] Gómez M. L., Fasce D. P., Williams R. J. J., Erra-
Balsells R., Fatema M. K., Nonami H.: Silsesquioxane
functionalized with methacrylate and amine groups as
a crosslinker/co-initiator for the synthesis of hydrogels
by visible-light photopolymerization. Polymer, 49,
3648–3653 (2008).
DOI: 10.1016/j.polymer.2008.07.001

[20] Salomone J. C.: Polymeric materials encyclopedia, Vol
7. CRC press, Boca Raton (1996).

[21] Encinas M. V., Rufs A. M., Neumann M. G., Previtali
C. M.: Photoinitiated vinyl polymerization by safra-
nine T/triethanolamine in aqueous solution. Polymer,
37, 1395–1398 (1996).
DOI: 10.1016/0032-3861(96)81137-2

[22] Encinas M. V., Previtali C. M., Gehlen M. H., Neu-
mann M. G.: The interaction of aliphatic amines with
safranine T in aqueous solution. Journal of Photochem-
istry and Photobiology A: Chemistry, 94, 237–241
(1996).
DOI: 10.1016/1010-6030(95)04218-0

                                                Gómez et al. – eXPRESS Polymer Letters Vol.6, No.3 (2012) 189–197

                                                                                                    195

http://dx.doi.org/10.1016/0168-3659(87)90083-6
http://dx.doi.org/10.1002/adma.200501612
http://dx.doi.org/10.1016/j.progpolymsci.2008.01.002
http://dx.doi.org/10.1063/1.437602
http://dx.doi.org/10.1007/s10853-008-2857-x
http://dx.doi.org/10.1016/j.eurpolymj.2008.10.038
http://dx.doi.org/10.1038/185117a0
http://dx.doi.org/10.1002/app.1991.070420906
http://dx.doi.org/10.1016/j.eurpolymj.2004.11.034
http://dx.doi.org/10.1002/(SICI)1099-0518(19970730)35:10<1873::AID-POLA2>3.0.CO;2-P
http://dx.doi.org/10.1016/S0142-9612(00)00020-X
http://dx.doi.org/10.1021/ma960840r
http://dx.doi.org/10.1016/j.polymer.2005.10.051
http://dx.doi.org/10.1016/S0168-3659(98)00125-4
http://dx.doi.org/10.1016/S0142-9612(00)00225-8
http://dx.doi.org/10.1016/S0142-9612(02)00176-X
http://dx.doi.org/10.1002/app.21326
http://dx.doi.org/10.1016/j.polymer.2008.07.001
http://dx.doi.org/10.1016/0032-3861(96)81137-2
http://dx.doi.org/10.1016/1010-6030(95)04218-0


[23] Previtali C. M., Bertolotti S. G., Neumann M. G., Pas-
tre I. A., Rufs A. M., Encinas M. V.: Laser flash pho-
tolysis study of the photoinitiator system safranine
T-aliphatic amines for vinyl polymerization. Macro-
molecules, 27, 7454–7458 (1994).
DOI: 10.1021/ma00103a031

[24] Gómez M. L., Avila V., Montejano H. A., Previtali C.
M.: A mechanistic and laser flash photolysis investiga-
tion of acrylamide polymerization photoinitiated by
the three component system safranine-T/triethanol -
amine/diphenyliodonium chloride. Polymer, 44, 2875–
2881 (2003).
DOI: 10.1016/S0032-3861(03)00212-X

[25] Tomi& S. L., Dimitrijevi& S. I., Marinkovi& A. D., Naj-
man S., Filipovi& J. M.: Synthesis and characterization
of poly(2-hydroxyethyl methacrylate/itaconic acid)
copolymeric hydrogels. Polymer Bulletin, 63, 837–
851 (2009).
DOI: 10.1007/s00289-009-0123-2

[26] Moogooee M., Ramezanzadeh H., Jasoori S., Omidi
Y., Davaran S.: Synthesis and in vitro studies of cross-
linked hydrogel nanoparticles containing amoxicillin.
Journal of Pharmaceutical Sciences, 100, 1057–1066
(2011).
DOI: 10.1002/jps.22351

[27] Abd Alla S. G., Nizam El-Din H. M., El-Naggar A. W.
M.: Structure and swelling-release behaviour of poly
(vinyl pyrrolidone) (PVP) and acrylic acid (AAc)
copolymer hydrogels prepared by gamma irradiation.
European Polymer Journal, 43, 2987–2998 (2007).
DOI: 10.1016/j.eurpolymj.2007.04.016

[28] Agarwal S., Sumana G., Gupta D. C.: Poly (2-hydrox-
yethyl methacrylate)-based hydrogels for slow release
of pralidoxime chloride. Journal of Applied Polymer
Science, 66, 267–270 (1997).
DOI: 10.1002/(SICI)1097-4628(19971010)66:2<267::

AID-APP7>3.0.CO;2-U
[29] Sastre R. L., Blanco M. D., Gómez C., del Socorro J.

M., Teijón J. M.: Cytarabine trapping in poly(2-
hydroxyethyl methacrylate-co-acrylamide) hydrogels:
Drug delivery studies. Polymer International, 48, 843–
850 (1999).
DOI: 10.1002/(SICI)1097-0126(199909)48:9<843::

AID-PI225>3.0.CO;2-8
[30] Suhag G. S., Bhatnagar A., Singh H.: Poly(hydrox-

yethyl methacrylate)-based co-polymeric hydrogels
for transdermal delivery of salbutamol sulphate. Jour-
nal of Biomaterials Science, Polymer Edition, 19, 1189–
1200 (2008).
DOI: 10.1163/156856208785540118

[31] Xu J., Li X., Sun F.: Cyclodextrin-containing hydro-
gels for contact lenses as a platform for drug incorpo-
ration and release. Acta Biomaterialia, 6, 486–493
(2010).
DOI: 10.1016/j.actbio.2009.07.021

[32] Kalagasidis Kru'i& M., Ili& M., Filipovi& J.: Swelling
behavior and paracetamol release from poly(N-iso-
propylacrylamide-itaconic acid) hydrogels. Polymer
Bulletin, 63, 197–211 (2009).
DOI: 10.1007/s00289-009-0086-3

[33] Krishna Rao K. S. V., Ha C. S.: pH sensitive hydrogels
based on acryl amides and their swelling and diffusion
characteristics with drug delivery behavior. Polymer
Bulletin, 62, 167–181 (2009).
DOI: 10.1007/s00289-008-0011-1

[34] Harling S., Schwoerer A., Scheibe K., Daniels R.,
Menzel H.: A new hydrogel drug delivery system
based on hydroxyethylstarch derivatives. Journal of
Microencapsulation, 27, 400–408 (2010).
DOI: 10.3109/02652040903367301

[35] García D. M., Escobar J. L., Noa Y., Bada N., Hernáez
E., Katime I.: Timolol maleate release from pH-sensi-
ble poly(2-hydroxyethyl methacrylate-co-methacrylic
acid) hydrogels. European Polymer Journal, 40, 1683–
1690 (2004).
DOI: 10.1016/j.eurpolymj.2004.03.012

[36] García O., Blanco M. D., Martín J. A., Teijón J. M.: 5-
fluorouracil trapping in poly(2-hydroxyethyl methacry-
late-co-acrylamide) hydrogels: In vitro drug delivery
studies. European Polymer Journal, 36, 111–122
(2000).
DOI: 10.1016/S0014-3057(99)00037-3

[37] Qiu Y., Park K.: Environment-sensitive hydrogels for
drug delivery. Advanced Drug Delivery Reviews, 53,
321–339 (2001).
DOI: 10.1016/S0169-409X(01)00203-4

[38] Lin G., Chang S., Kuo C-H., Magda J., Solzbacher F.:
Free swelling and confined smart hydrogels for appli-
cations in chemomechanical sensors for physiological
monitoring. Sensors and Actuators B: Chemical, 136,
186–195 (2009).
DOI: 10.1016/j.snb.2008.11.001

[39] Liu F., Urban M. W.: Recent advances and challenges
in designing stimuli-responsive polymers. Progress in
Polymer Science, 35, 3–23 (2010).
DOI: 10.1016/j.progpolymsci.2009.10.002

[40] Wang J., Gao P., Ye L., Zhang A-Y., Feng Z-G.: Dual
thermo-responsive polyrotaxane-based triblock copoly-
mers synthesized via ATRP of N-isopropylacrylamide
initiated with self-assemblies of Br end-capped Pluronic
F127 with (-cyclodextrins. Polymer Chemistry, 2,
931–940 (2011).
DOI: 10.1039/C0PY00360C

[41] Hong P-D., Chen J-H.: Network structure and chain
mobility of freeze-dried polyvinyl chloride/dioxane
gels. Polymer, 39, 5809–5817 (1998).
DOI: 10.1016/S0032-3861(98)00031-7

                                                Gómez et al. – eXPRESS Polymer Letters Vol.6, No.3 (2012) 189–197

                                                                                                    196

http://dx.doi.org/10.1021/ma00103a031
http://dx.doi.org/10.1016/S0032-3861(03)00212-X
http://dx.doi.org/10.1007/s00289-009-0123-2
http://dx.doi.org/10.1002/jps.22351
http://dx.doi.org/10.1016/j.eurpolymj.2007.04.016
http://dx.doi.org/10.1002/(SICI)1097-4628(19971010)66:2<267::AID-APP7>3.0.CO;2-U
http://dx.doi.org/10.1002/(SICI)1097-0126(199909)48:9<843::AID-PI225>3.0.CO;2-8
http://dx.doi.org/10.1163/156856208785540118
http://dx.doi.org/10.1016/j.actbio.2009.07.021
http://dx.doi.org/10.1007/s00289-009-0086-3
http://dx.doi.org/10.1007/s00289-008-0011-1
http://dx.doi.org/10.3109/02652040903367301
http://dx.doi.org/10.1016/j.eurpolymj.2004.03.012
http://dx.doi.org/10.1016/S0014-3057(99)00037-3
http://dx.doi.org/10.1016/S0169-409X(01)00203-4
http://dx.doi.org/10.1016/j.snb.2008.11.001
http://dx.doi.org/10.1016/j.progpolymsci.2009.10.002
http://dx.doi.org/10.1039/C0PY00360C
http://dx.doi.org/10.1016/S0032-3861(98)00031-7


[42] Lee W-F., Shieh C-H.: pH-thermoreversible hydro-
gels. I. Synthesis and swelling behaviors of the (N-iso-
propylacrylamide-co-acrylamide-co-2-hydroxyethyl
methacrylate) copolymeric hydrogels. Journal of
Applied Polymer Science, 71, 221–231 (1999).
DOI: 10.1002/(SICI)1097-4628(19990110)71:2<221::

AID-APP5>3.0.CO;2-W
[43] Kizilay M. Y., Okay O.: Effect of hydrolysis on spatial

inhomogeneity in poly(acrylamide) gels of various
crosslink densities. Polymer, 44, 5239–5250 (2003).
DOI: 10.1016/S0032-3861(03)00494-4

[44] Pourjavadi A., Amini-Fazl M. S., Hosseinzadeh H.:
Partially hydrolyzed crosslinked alginate-graft-poly-
methacrylamide as a novel biopolymer-based superab-
sorbent hydrogel having pH-responsive properties.
Macromolecular Research, 13, 45–53 (2005).
DOI: 10.1007/BF03219014

[45] Marandi G. B., Esfandiari K., Biranvand F., Babapour
M., Sadeh S., Mahdavinia G. R.: pH sensitivity and
swelling behavior of partially hydrolyzed formalde-
hyde-crosslinked poly(acrylamide) superabsorbent
hydrogels. Journal of Applied Polymer Science, 109,
1083–1092 (2008).
DOI: 10.1002/app.28205

[46] Peppas N. A., Bures P., Leobandung W., Ichikawa H.:
Hydrogels in pharmaceutical formulations. European
Journal of Pharmaceutics and Biopharmaceutics, 50,
27–46 (2000).
DOI: 10.1016/S0939-6411(00)00090-4

[47] Siepmann J., Peppas N. A.: Mathematical modeling of
controlled drug delivery. Advanced Drug Delivery
Reviews, 48, 137–138 (2001).
DOI: 10.1016/S0169-409X(01)00111-9

                                                Gómez et al. – eXPRESS Polymer Letters Vol.6, No.3 (2012) 189–197

                                                                                                    197

http://dx.doi.org/10.1002/(SICI)1097-4628(19990110)71:2<221::AID-APP5>3.0.CO;2-W
http://dx.doi.org/10.1016/S0032-3861(03)00494-4
http://dx.doi.org/10.1007/BF03219014
http://dx.doi.org/10.1002/app.28205
http://dx.doi.org/10.1016/S0939-6411(00)00090-4
http://dx.doi.org/10.1016/S0169-409X(01)00111-9


1. Introduction
Metal coated polymer particles have been increas-
ingly used in new electronic packaging technolo-
gies, for example, Anisotropic Conductive Adhe-
sive (ACA) [1]. As a substitute for compact metal
particles, the use of such composite particles in
ACA possesses a number of advantages in terms of
reducing the package size, increasing the reliability
of the interconnections, and developing the envi-
ronmentally friendly process by replacing formerly
used tin-lead solders [2]. In ACA, the electrical
conductivity is established by the contact between
particles and electrodes on chips/substrates. A suffi-
cient contact area is preferred to achieve a low
resistance connection; thus a large deformation of
particles is required although an excess deformation
of particles may cause a significant impact to the
electrical property. How the metal coated polymer
particles behave under such large deformation is a

key issue for the ACA performance. This considera-
tion has motivated us to study the fracture property
of the metal coated polymer particles undergoing
large deformation.
The metal coated polymer particle used in ACA
typically consists of a monodisperse micron-sized
polymer core ranged from 3 to 10 µm for improving
contact compliance, a nanoscale Ni inner layer for
developing electrical conductivity and yielding
adhesion to the polymer core, and a nanoscale Au
outer layer for protecting inner layer from the oxi-
dation and hence enhancing contact reliability and
efficiency [3, 4]. Most of studies in this field exist
related to the preparation and the plating process of
metal coated polymer particles [5–7]. The literature
concerning mechanical properties of nanostruc-
tured composite particles is relatively sparse. How-
ever, mechanical characterization of single micron-
sized particles has to cope with the challenges of
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small volume, spherical geometry, composite struc-
ture and large deformation. A nanoindentation-
based flat punch method has been developed to
measure mechanical properties of single micron-
sized polymer particles by the authors [8–11]. In a
previous study, we have identified a three-stage
deformation process of single Ni/Au coated acrylic
particles under compression [12]. Subject to a com-
pression stress, the Ni/Au coated acrylic particles
shows failure including the rupture of the metal
coating at a critical deformation and the collapse of
the polymer core at a considerably larger deforma-
tion. Due to the viscoelasticity of the polymer core,
the deformation behaviour of particles is rate
dependent [13–15]. Moreover, the adhesion between
the metal coating and the polymer core is influ-
enced by the loading rate because of the substantial
difference between the deformation resistance of
metal and polymer to the external stress. Therefore
the rate sensitivity of the particle behaviour is criti-
cal for the use of particles in ACA. The aim of this
study is to reveal fracture properties and failure
mechanisms of single Ni/Au coated acrylic parti-
cles at different loading rates.

2. Experimental setup
The particles used in this study contained an acrylic
polymer core (Concore™, Conpart AS, NO) sized
3.8 !m in diameter and a Ni/Au bilayer coating of
around 80 nm thickness. The chemical composition
of the polymer core was 40% acrylic strongly
crosslinked with 60% diacrylic. The glass transition
temperature of the core was around 40°C and hence
the core was in an amorphous type at room temper-
ature. The coefficient of variance (C.V.) of the core
size distribution was less than 2% where C.V. was
defined as the ratio of the standard deviation to the
mean. The Ni/Au coating with the Ni inner layer of
about 50 nm thick and the Au outer layer of about
30 nm was deposited on the acrylic particle surface
through an electroless plating process. The disper-
sion process previously established for polymer
particles was used to obtain isolated particles [9].
Based on a nanoindentation device (TriboInden-
ter®, Hysitron Inc., MN, USA), the compression
test was performed by using a diamond flat punch
of 100 !m in diameter rather than a sharp tip com-
monly used for nanohardness measurement [16, 17].
The standard load-control mode was employed, in

which the normal load followed a predefined load
function. Three loading rates 0.02, 0.2 and 2 mN"s–1

were applied to compress single particles to the
same peak load 10 mN. The contact load-displace-
ment relationships were directly obtained. For each
set of experimental conditions, flat punch test was
replicated on different single particles in order to
check the repeatability of the results. It has previ-
ously been shown that the polymer particles from
the same manufacturing batch display remarkably
consistent behaviour [8, 9]. This indicates a homo-
geneous material microstructure and a uniform par-
ticle size, as well as highly reproducible test setup.
After 12 days of the mechanical test, the surface
morphology of the compressed particles was
observed by using a field emission scanning elec-
tron microscope (SEM) (Zeiss Ultra 55 LE FeSEM,
Germany).

3. Results and discussion
The representative stress-strain relationships of par-
ticles at three sampling loading rates are plotted in
Figure 1. From the current experiment the real con-
tact area between the particle and diamond flat
punch (or silicon chip) was unknown hence the true
stress-strain relationship of particles could not be
derived. Instead, the nominal compression stress !C
and strain "C of the particles were calculated by nor-
malizing the contact load to the maximum cross-
section area of undeformed particles and the dis-
placement to the initial diameter of particles [18], as
shown in Equations (1) and (2):

                                                          (1)sC 5
P

pR2
sC 5

P
pR2
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Figure 1. Representative compression stress-strain curves
of Ni/Au coated acrylic particles at three loading
rates



                                                             (2)

where P was the applied load, D was the contact dis-
placement and R was the radius of undeformed par-
ticles, respectively. The particle displays a strong rate
dependence that the faster the compression is, the
stiffer the particle behaves. According to the effect
of the metal coating, the deformation process of the
particle can be clearly divided into three stages
[12]. At the initiation of the compression, shown as
stage I, the contact stress monotonously increases
with strain. The metal coating has a strengthening
effect on the Ni/Au coated acrylic particles in com-
parison with the deformation of the uncoated coun-
terpart. Thereafter, the pop-in appears and the coat-
ing effect is significantly reduced in stage II. It has
been clarified that the pop-in represents cracking
and delamination of the Ni/Au coating from the
acrylic core [12]. Finally the coating effect disap-
pears completely and the coated particle behaves
the same as the uncoated counterpart in stage III.
The corresponding SEM images of compressed par-
ticles are shown in Figure 2. The images were taken
from top view, namely in the direction of the com-
pression. Unlike the compact metal, it can be
observed that the metal coating is constituted by
tiny particles adhering and clustering on the surface
of the acrylic core. All images show the severe
cracking of the Ni/Au coating and its delamination
from the acrylic core, and furthermore cracking and
delamination are aggravated with the increase of
loading rate. The arrows in the images point out the
cracking initiating location and propagating direc-
tion. For the particles compressed at two higher
loading rates, shown in Figure 2b and 2c, a flat-
tened surface area is clearly observed, while it is not
apparent in Figure 2a which represents the slowest
compression. The flattened area indicates the
expected contact area during the compression and
the residual deformation after unloading. The thick-
ness of the fragmented section measured by SEM is
in a range of 70 to 100 nm, which is in agreement
with the coating characteristics after plating. It
implies that the delamination happens at the metal–
polymer interface where there is a weaker adhesion
than the Ni–Au interface. However, there are signif-
icant differences on the fracture pattern between the
particle shown in Figure 2a and those in Figure 2b

eC 5
D
2R

eC 5
D
2R
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Figure 2. The corresponding SEM images of particles after
compression at loading rate (a) 0.02 mN·s–1,
(b) 0.2 mN·s–1 and (c) 2 mN·s–1. The images are
taken from top view (in the direction of compres-
sion). Electron high tension (EHT) = 0.5 kV;
working distance (WD) = 2 mm.



and 2c. The cracking of the Ni/Au coating propa-
gates at different directions, depending on loading
rates. While the coating is disrupted in meridian
direction at loading rates 0.2 and 2 mN·s–1, crack-
ing grows in the latitude direction under the com-
pression with loading rate 0.02 mN·s–1, if consider-
ing the compression on two geographic poles.
Moreover, the metal coating is expanded in differ-
ent directions due to the varied cracking paths. As a
result, the particles exhibit different projected shapes
after compression: elliptic at the smallest loading
rate and round at two higher loading rates. Further
tests prove that the current observation of two frac-
ture patterns at the corresponding loading rate are
repeatable and are the intrinsic response of the
Ni/Au coated acrylic particles.
Figure 1 clearly shows that the fracture properties
of particles are influenced by the loading rate. The
effect of varying loading rates on the fracture prop-
erties, such as breaking stress and breaking strain of
the Ni/Au coating, is summarized in Figure 3. The
breaking strain and the breaking stress were read
directly from the corresponding values at the start-
ing point of the first pop-in on the stress-strain
curve. While the breaking stress increases with the
loading rate, the breaking strain decreases. These
results further prove rate dependent behaviour of
these particles.
The mechanical behaviour of Ni/Au coated acrylic
particles is connected to both composite materials
and spherical geometry. The responses of metal and
polymer to the external stress are constitutively dif-
ferent. The metal coating of composite particles
consists of coagulated nanoparticles to form a het-
erogeneous shell and it is not as strong as the com-
pact metals with a continuous phase. The depend-

ence of particle behaviour to the loading rate is
mainly contributed by the polymer core due to its
viscoelastic nature. It has been demonstrated that
the highly crosslinked polymer particles under
compression experience a viscoelastic deformation
which is highly rate dependent. However, the obser-
vation of two distinct fracture patterns of particles
suggests that the metal coating possesses different
deformation mechanisms when varying the loading
rate.
The compression of the Ni/Au coated acrylic parti-
cle is schematically illustrated in Figure 4, in which
f1, f2 and f3 are the resultant forces on the metal
coating and M represents the bending moment,
respectively. During the flat punch test, the coating
suffers concomitant bending and tension resulting
from both the external stress applied on the particle
and the internal pressure of the core. The observed
cracking propagation in different directions indi-
cates that the dominating factor at varied loading
rates is alternating between bending (M) and coat-
ing tension (f3). When the loading rate is up to 0.2
and 2 mN·s–1, the propagation of the coating crack-
ing in meridian direction, as shown in Figure 2b
and 2c, implies there is a relatively high tension in
latitude direction and thus f3 dominates the coating
fracture. At the loading rate of 0.02 mN·s–1, the
coating opening in latitude direction, as shown in
Figure 2a, suggests that the bending moment M
controls the coating deformation. The exact analy-
sis of coating fracture pattern relies on the viscoelas-
tic properties of the polymer, the mismatch of the
properties between the coating and polymer as well
as the rate-dependent fracture toughness.
Besides, the adhesion quality between the metal
coating and the polymer core might influence the
particle response to the external stress. The good
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Figure 3. Plots of particle fracture properties versus loading
rate. The lines in the figures are guides for the eye

Figure 4. The schematic plots of (a) the vertical section of a
compressed particle in compound view and
(b) stress illustration of a coating element. The
Ni/Au coating is considered as one material and
the interactional effect between Ni and Au layers
is neglected.



adhesion of the Ni/Au coating bonded to the acrylic
core may retard local strain concentrations in the
coating and hence increases the apparent consis-
tency of the coating with the core. Due to the
absence of the experimental results for the adhesion
strength, the effect of the adhesion quality has not
been quantified in this study. The assumption that the
mechanical contact between the particles and flat
punch/substrate is frictionless has been made.
It is worth noting that a theoretical or analytical
model to describe large deformation and failure
behaviour of metal coated polymer particles is still
missing. The reported studies in the literature used
finite element modeling to analyze the response of
coated spheres and focused on elastic contact and
yielding inception [19, 20]. These studies give indi-
cation of stresses distribution at the coating/core
interface, which improve the understanding of par-
ticle deformation. But they only consider the small
strain behaviour of coated spheres with the assump-
tion of elastic and elastic-plastic material proper-
ties, the continuous phase of the coating and the
perfect-bonding of the coating to the spherical sub-
strate. In contrast, in this work the breaking strain
of the metal coating is over 15% and even large
deformation up to 60% is achieved on the particles.
The viscoelastic nature of the core material and the
granular microstructure of the metal coating greatly
complicate the analysis. The electroless plating pre-
pares heterogeneous bilayer coating on the polymer
core with weak bonding. The lack of material con-
stants, such as interfacial adhesion property, elastic
modulus and Poisson’s ratio of the metal coating,
moreover limits the use of these models. Therefore
the existing models are not applicable to the current
study and further development of physically based
model is necessary to verify the deformation mech-
anism of the metal coated polymer particles at dif-
ferent loading rate.

4. Conclusions
In conclusion, we have conducted the nanoindenta-
tion-based flat punch experiments on the Ni/Au
coated acrylic particle to investigate the loading
rate effect on particle fracture properties under large
deformation. The compression stress-strain rela-
tionship of single micron-sized particles has shown
significant rate dependence which states that the
faster compression leads to the stiffer behaviour,

associated with the viscoelasticity of the polymer
core. The fracture parameters of the metal coating are
also sensitive to the loading rate: whereas the break-
ing stress increases, the breaking strain and the frac-
ture energy decreases as the loading rate increases.
Two fracture patterns of particles due to different
loading rate have been identified that the cracking
of the metal coating propagates in the latitude direc-
tion under the slowest compression but in the
meridian direction at two higher loading rates. This
reveals that the metal coating experiences a bend-
ing-dominated deformation at the smallest loading
rate while a tension-dominated deformation at two
larger sampling loading rates.
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1. Introduction
Since the commercialization of Ziegler-Natta process
of polypropylene synthesis, this technology was for
decades almost the only source of all grades of
polypropylene (PP). Only at the end of the last cen-
tury a new process was developed, based on metal-
locene catalysis. This process provides new types of
metallocene PP (m-PP) different from previous
Ziegler Natta PP types (ZN-PP), the main differ-
ence consisting in the production of grades with dif-
ferent stereoregularity (isotactic, syndiotactic,
hemi-isotactic, atactic) [1] or narrow polydispersity
of the polymer chains, compared to Ziegler-Natta
catalysts, which produces only highly polydisperse

isotactic polymers. The tacticity of isotactic (i) m-
PP and ZN-PP is virtually the same (98% of isotac-
tic diads), though the configurational defects are
more frequent in m-iPP [2]; this might be reflected
in a lower melting temperature of m-iPP in compar-
ison with ZN-iPP.
Comparing to ZN-iPP, m-iPP offers a unique bal-
ance of stiffness, transparency, and organoleptic
properties which is not achievable with ZN-iPP. On
the other hand, m-iPP is usually less rigid than ZN-
iPP homopolymers. Thus, any additional informa-
tion on similarity or differences in m-iPP vs. ZN-
iPP behaviour seems to be of scientific as well as
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commercial importance. NMR investigation is con-
sidered to be one of the basic relevant methods.
The high-resolution solid-state 13C NMR studies of
iPP reported NMR spectra recorded with combina-
tion of magic angle spinning (MAS), cross polarisa-
tion (CP) and dipolar decoupling (DD) techniques
[3–14]. Since iPP can crystallize in several crys-
talline forms, depending on the crystallization tem-
perature and on the presence of specific nucleating
agents, the shape of the spectra was found to depend
strongly on the physical treatment of the sample
and the temperature at which the NMR experiment
was carried out.
Three symmetrical resonance lines related to the CH2,
CH and CH3 groups were observed in the 13C NMR
spectra measured on iPP sample crystallizing in the
hexagonal #-form at room temperature. On the other
hand, the sample crystallizing in monoclinic struc-
ture ($-form) prepared by an annealing procedure
gives the spectra with the CH2 and CH3 lines split
into the doublets. This splitting which appeared in
NMR experiments carried out with CP as well as
without the application of the CP technique, was
shown to be associated with two different packing
sites in crystals [4, 7, 11]. With increasing tempera-
ture the lines of the CH2 and CH3 doublets with
lower chemical shifts were shown to be gradually
shifted to the positions with higher chemical shifts
and merged into singlet lines. A more vigorous
molecular motion activated by the rise of tempera-
ture, averaged each crystalline carbon resonance
over the two sites, and resulted in the disappearance
of the doublets [11]. An absence of the abovemen-
tioned crystalline doublets in iPP crystallizing in the
hexagonal (#-form) was explained by the absence
of different packing sites of chains in crystals [4].
It was shown that the increase of the temperature
gives rise to new resonance lines of the CH2 and
CH groups with chemical shifts between the lines
observed at room temperature and those observed
in the iPP solution. These lines detected as sepa-
rated lines in the MAS DD spectra and as shoulders
of the original lines in the CP MAS DD experiment,
were assigned to the carbons in amorphous regions
of the partially crystalline iPP [7].
To reveal if there are some differences in the struc-
ture and molecular motion between m-iPP and ZN-
iPP we report the high-resolution 13C NMR study of
the m-iPP and ZN-iPP crystallizing predominantly

in the hexagonal #-form, based on CP MAS DD and
single pulse MAS DD techniques at temperatures
ranging from room temperature up to the melting
point of the polymer. According to our knowledge,
m-iPP was not studied by solid-state NMR until
now.

2. Experimental
2.1. Materials
Two samples of predominantly isotactic PP pre-
pared in pelletized form were used for the study –
METOCENE HM 562 N (m-iPP, Lyondellbasell)
prepared by metallocene-catalysed polymerization
and TATREN HG 1007 (ZN-iPP, Slovnaft, Slova-
kia) prepared by Ziegler-Natta polymerization. The
degree of crystallinity Xc, taking the value of 209 J/g
[15] as the heat of fusion of 100% crystalline iPP,
and melting temperature Tm of the samples were
determined by DSC (Mettler Toledo DSC 821 (Grei-
fensee, Switzerland), second run, heating rate
10°C/minute), the glass transition temperature Tg
was determined by DMTA experiment (TA Analy-
sis Q800 (New Castle, DE, USA), heating rate
2°C/minutes, frequency 10 Hz). The values are
listed in Table 1. The samples were not treated prior
to NMR experiments except the cutting of pellets
into smaller pieces in order to achieve stable spin-
ning of the NMR rotor.

2.2. NMR measurements
The high-resolution solid-state 13C NMR measure-
ments were carried out on a 400 MHz Varian solid-
state NMR spectrometer (Palo Alto, CA, USA). The
high-resolution 13C NMR spectra were recorded at
the resonance frequency of approximately 100 MHz
with the use of 4 mm rotors and magic angle spin-
ning frequency of 6 kHz. In CP experiments the
Hartmann-Hahn condition was obtained with the
radio frequency field strength of 51 kHz, a contact
time 1 ms and relaxation delay between two consec-
utive scans 5 s. The high power proton-decoupling
field of 85 kHz was applied during data acquisition.
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Table 1. The degree of crystallinity Xc, melting temperature
Tm and glass transition temperature Tg of m-iPP
and ZN-iPP samples

Sample Xc [%] Tm [°C] Tg [°C]
m-iPP 52 145.2 12
ZN-iPP 55 163.6 10



The CP MAS 13C NMR experiments were carried
out within the temperature range of 20–160°C and
the MAS 13C NMR (without CP) spectra were
recorded at the temperatures 20, 90 and 160°C with
relaxation delay 240 s. It has to be stressed that the
measurement at 160°C was performed on the
molten sample of m-iPP. Besides the high-resolu-
tion solid-state 13C NMR spectra also a rotating
frame spin–lattice relaxation times T1" (13C) were
measured at 64 and 90°C. A spin locking experi-
ment was performed under CP and MAS condi-
tions. During spin-lock pulse, which was up to 50 ms,
and detection period the dipolar decoupling fields
of 85 and 100 kHz were applied, respectively. The
13C spins were locked with the field of 77 kHz.
The chemical shifts and integral intensities were
acquired from the deconvoluted spectra. All decon-
volutions were done assuming the Lorentzian’s
lineshapes. The chemical shifts were referenced to
the TMS using adamantane as an external standard
and they were determined with accuracy better than
0.02 ppm. The calibration of the temperature inside
the rotor was performed with the use of the meas-
ured temperature dependence of the 207Pb NMR
chemical shift of lead nitrate [16]. The temperature
was controlled by the variable temperature system
unit with the accuracy of ±0.1°C, however, the gra-
dient of the temperature along the axis of the rotor
is significantly larger and depends on the tempera-
ture.
1H MAS NMR spectra were measured on the same
instrument at the frequency 400 MHz. The duration
of the 90° radio-frequncy pulse was 2.7 %s, spin-
ning frequency was 6 kHz.

3. Results and discussion
The CP MAS 13C NMR spectra measured at differ-
ent temperatures on the solid m-iPP sample and the
MAS 13C NMR spectrum measured at 160°C with-
out CP (due to the fact that the sample was molten
at this temperature and high molecular mobility
made the CP inefficient at this temperature) are
depicted in Figure 1. In the spectrum measured at
room temperature three broad symmetrical reso-
nance lines can be observed with the chemical
shifts of 44.45, 26.63 and 22.20 ppm related to
CH2, CH and CH3 carbons, respectively. They reflect
broad distributions of possible conformations of
iPP chains at room temperature which is slightly

above the glass transition. A small asymmetry of the
CH3 line will be discussed later. Three resonance
lines are also observed in the spectrum recorded at
160°C, however, they are considerably narrower
and with higher chemical shifts of 47.09, 29.48 and
22.36 ppm when compared with those observed in
the spectrum measured at room temperature. The
conspicuous line narrowing observed in this spec-
trum reflects the rapid changes of conformations in
the molten sample.
Figure 1 shows that besides the lines observed at
room temperature, the new resonance lines of CH2
and CH carbons appear in the measured spectra
with the rise of temperature. Similar effect was in
the past observed in the spectra obtained using
MAS DD 13C NMR technique, i. e., without CP, on
the PP crystallizing in $-form and these lines were
assigned to the carbons within the chains of amor-
phous regions [7, 11]. Therefore, additional lines
detected for m-iPP at temperatures above 51°C can
be associated with the CH2 and CH carbons in
amorphous regions of m-iPP.
The main characteristics of the spectra measured
for ZN-iPP exhibit a similar behaviour as those
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Figure 1. CP MAS 13C NMR spectra of m-iPP measured at
temperatures as indicated, except the spectrum
measured at 160°C for the molten sample using
single pulse MAS 13C NMR technique. CP MAS
13C NMR spectra were normalized



shown for m-iPP confirming that both iPP samples
are in the hexagonal #-form [4, 6, 7]. However,
small differences between the spectra measured at
the same temperature can be found. In spectra meas-
ured at elevated temperatures the resonance lines
related to the CH2 and CH carbons in amorphous
regions of m-iPP are better resolved than those of
ZN-iPP. The CH2 lines of the spectra measured on
both samples at 64°C depicted in Figure 2 illustrate
mentioned differences. Therefore, it can be deduced
that the onset of the molecular processes in the amor-
phous regions, which are associated with appear-
ance of new lines, is observed in m-iPP at lower
temperature as compared with that in ZN-iPP. The
resonance lines discussed above apply to the main
chain carbons of both polymers and therefore the
changes observed in the spectra have to be associ-
ated with segmental motion in iPP samples. The dif-
ferences discussed above can then indicate some-
what higher chain mobility in the amorphous regions
of m-iPP. Alternative explanation that the observed
differences might be in connection with the disper-
sion of chemical shifts seems to be for two highly-
isotactic polymers rather improbable. The segmen-
tal motion in amorphous regions of iPP is related to
the glass transition relaxation (#-relaxation) that
was recently studied by wide-line 1H NMR [17]. To
confirm a difference discussed above we also meas-
ured 1H NMR spectra under MAS with the spinning
rate of 6 kHz at 71°C. The splitting of the amorphous
signal into components related to the protons of dif-
ferent PP groups can be seen in Figure 2. Evidently,
due to the larger restrictions in chain mobility of
ZN-iPP in comparison with m-iPP the better resolu-

tion of the spectrum is observed in the case of m-
iPP.
In spite of the fact that no splitting of the CH3 lines
was observed in the spectra, the change of this line
shape, which is very similar for both samples, is of
interest. At 22°C at the left hand side of this peak
and at higher temperature at the right hand side of
this peak a shoulder is formed, at 134°C the line
seems to be symmetrical. The CH3 line therefore
consists of two overlapping lines shown in Figure 3
whose intensities strongly depend on temperature.
The line indicated as the left hand side shoulder at
22°C can be related to the most mobile CH3 groups
in the amorphous regions and that indicated as the
right hand side shoulder at higher temperatures to
less mobile CH3 groups in crystalline and probably
also amorphous regions. With increasing tempera-
ture, a mobility of the less mobile CH3 groups
increases and therefore also the intensity of the
right hand side shoulder decreases. At sufficiently
high temperatures only a small fraction of CH3
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Figure 2. The CH2 lines of the normalized CP MAS
13C NMR spectra (left) and 1H MAS NMR spec-
tra (right) measured at 64 and 71°C, respectively,
for m-iPP (bottom) and ZN-iPP (top)

Figure 3. Deconvolutions of CH3 lines of the CP MAS
13C NMR spectra measured on m-iPP at different
temperatures



groups has still a low mobility. The temperature
dependences of the relative integral intensities of
both CH3 lines obtained by deconvolution, which
are shown in Figure 4, support assumption described
above. Generally, intensities can be influenced by
the transfer of magnetisation during the cross polar-
isation. However, only a slight difference in motion
of CH3 groups in amorphous and crystalline regions
can be deduced from CH3 peaks which are detected
without splitting, therefore it is possible that the
transfer of magnetization from the protons to car-
bons within the CH3 groups in amorphous and crys-
talline regions is essentially the same. An agree-
ment between intensities obtained for CH3 carbons
from experiments with CP (Figure 4) and without
CP (mentioned in further text) supports this assump-
tion.
The T1" (13C) measurements at elevated tempera-
tures are also relevant in this connection. The CH2,
CH and CH3 resonance lines of the spectra detected
after increasing spin-lock pulses were deconvoluted
into two lines and the integral intensities versus

spin-lock pulse duration were plotted for all peaks.
The relaxation curves were fitted by single expo-
nential decays. The T1" (13C) data are summarised
in Table 2. The T1" (13C) relaxation times associated
with the left side peaks of the CH2, CH and CH3 car-
bon types in amorphous regions are at 64°C shorter
than that associated with the respective right side
peaks corresponding to crystalline regions. In the
case of the CH2 and CH groups at 64°C the shorter
and the longer relaxation times can be assigned to
the relaxation processes in the amorphous and the
crystalline phase, respectively, and the two types of
CH3 carbons relax with different relaxation times
reflecting two different molecular processes. For
amorphous CH2 and CH carbons the T1" (13C) values
at 90°C are substantially longer than those at 64°C
resulting in similar relaxation times of both compo-
nents of CH2 and CH signals. This result confirms
that for the amorphous component we operate in the
high-temperature part of the relaxation curve where
a higher T1" (13C) corresponds to higher mobility
(shorter correlation time). Subsequently, from com-
parison of T1" (13C) values obtained for main chain
CH2 and CH carbons in m-iPP and ZN-iPP (cf.
Table 2) it follows that the rate of the segmental
motion in mid-kHz region is in m-iPP and ZN-iPP
virtually the same.
The CP MAS 13C NMR spectra measured for m-iPP
and ZN-iPP at different temperatures were decon-
voluted in the same manner as mentioned above
and the chemical shifts of the separated lines were
determined. The temperature dependences of the
chemical shifts depicted in Figure 5 show that the
chemical shifts of CH carbons in the crystalline
regions of the sample are the same in the whole
temperature range investigated, however, the chem-
ical shifts of the CH2 and CH3 lines show slight
gradual increase as a function of the temperature
within the whole temperature range and within the
temperature range above 55°C, respectively.
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Figure 4. The temperature dependences of the relative inte-
gral intensity of the CH3 resonance lines related
to the more mobile (circles) and less mobile CH3
groups (triangles) of m-iPP (solid symbols) and
ZN-iPP (open symbols)

Table 2. The rotating frame spin lattice relaxation times T1" (13C) in m-iPP and ZN-iPP related to CH2, CH and CH3 carbons
in amorphous and crystalline regions. Measurements were carried out at 64 and 90°C

aEstimated error ±10%.

Sample T [°C]
T1! (13C)a [ms]

CH2 CH CH3

amorphous crystalline amorphous crystalline amorphous crystalline

m-iPP
64 3.3 26.1 6.1 26.9 20.1 40.5
90 17.0 23.0 22.2 22.6 21.1 39.8

ZN-iPP
64 3.6 29.8 7.0 30.2 23.6 47.6
90 17.4 29.6 23.2 29.4 23.8 46.1



The chemical shifts of the CH2 and CH lines related
to the amorphous regions as a function of tempera-
ture show increasing tendency and the chemical
shift of the amorphous CH3 groups is constant
within the broad temperature range above 55°C. It
is evident, however, that the chemical shifts of all
amorphous resonance lines approach very closely
the chemical shifts observed for the molten m-iPP
at 160°C.
Based on the results mentioned above it can be con-
cluded that at room temperature, which is slightly
above the glass transition temperature, m-iPP and
ZN-iPP samples behave in the NMR experiments as
if they were in the glassy state with undistinguished
motion between the amorphous and crystalline
regions. The rise of the temperature results in more
conspicuous enhancement of the mobility of the
chain segments in the amorphous regions and the
quick conformation changes associated with the
motion in these regions result in the new resonance

lines in close proximity to the lines observed at
room temperature. The fact that the chemical shifts
of the lines related to the CH2 and CH groups in
amorphous regions gradually increase up to the
chemical shift observed for the molten sample indi-
cates that the conformation changes between the
glassy and molten state are implemented gradually
in the amorphous regions and, on the other hand,
the abrupt change of conformations in crystalline
domains in the process of melting can be drawn
from the data in Figure 5.
The temperature dependence of the chemical shift
of the resonance lines related to the CH3 groups in
amorphous regions where the values in the solid
polymer are indistinguishable from that in molten
state indicates that the CH3 groups in amorphous
regions can rotate virtually freely within a broad
temperature range. In the case of crystalline regions
the increase of the temperature causes that CH3
groups rotate gradually in a similar way as in
molten sample. All but fluent change of the CH3
group mobility between crystalline and molten state
can be deduced from Figure 5.
The relative integral intensities of the lines related
to the particular groups were estimated for both
samples from the spectra obtained by deconvolu-
tion. Under the applied CP the relative integral inten-
sities of the lines related to the CH2 and CH groups
in amorphous regions and the intensities of the lines
related to these groups in crystalline regions are at
variance with the values of the degree of crystallinity
as obtained by DSC (cf. Figure 1 and Table 1). As
mentioned above, a motion restricts the magnetisa-
tion transfer from the 1H spin system to that of the
13C in the CP MAS NMR experiment. This is the
reason why relative integral intensities of the lines
related to crystalline regions are higher in CP MAS
NMR spectra than the respective degrees of crys-
tallinity. For the molten sample m-iPP the CP is
completely inefficient.
For quantitative evaluations, the MAS DD 13C NMR
spectra (without CP) were measured at temperature
90°C (Figure 6). The evident difference between the
spectra measured by the two different techniques at
the same temperature can be seen comparing the
spectra measured without CP and with CP as shown
in Figure 6. Besides higher intensities of the lines of
the CH2 and CH carbons in amorphous regions also
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Figure 5. The temperature dependences of the chemical
shift of the lines related to the particular carbon
types of m-iPP (solid symbols) and ZN-iPP (open
circles). For all carbon types larger chemical
shifts correspond to amorphous carbons and
smaller chemical shifts correspond to crystalline
carbons. A vertical dashed line separates the val-
ues obtained for solid polymers from those
obtained for the molten m-iPP sample



better resolved two signal components of the CH3
carbons are observed in MAS DD 13C NMR spectra
without CP.
Deconvolution of the spectra measured for the m-
iPP and ZN-iPP is also shown in Figure 6 and the
relative integral intensities of the individual lines
determined by this procedure are summarized for
both studied samples in Table 3. In spite of the fact
that we have used a two-phase model of polymer
with crystalline and amorphous regions only, while
three-phase model takes into account also inter-
phase regions of the partially crystalline polymer
[7, 11, 17], the relative integral intensities of the lines
related to the main chain CH2 and CH groups in the
crystalline regions of both samples are in accor-
dance with the degree of the crystallinity obtained
by DSC (cf. Table 1). No changes of the degree of
the crystallinity with time were observed in the
NMR spectra.

The line widths should be also briefly mentioned.
The fact that the resonance lines related to the amor-
phous regions at 90°C are narrower than the corre-
sponding lines related to the crystalline regions (cf.
Figure 6) was expected and it applies to both CH2
and CH groups and both samples. The higher mobil-
ity of the amorphous chain segments in comparison
with the helix chains in the crystalline domains
accounts for the differences of the line widths.
Somewhat larger spatial restraints of the chain
motion in ZN-iPP can be deduced from the broader
amorphous CH2 and CH lines for ZN-iPP in compar-
ison with m-iPP (by 22 and 7 Hz for CH2 and CH
carbons, respectively).

4. Conclusions
High resolution 13C NMR spectra were obtained for
m-iPP and ZN-iPP samples using CP and MAS tech-
niques. The CP MAS NMR spectra were recorded
in the temperature range from room temperature up
to 160°C. Three resonance lines corresponding to
CH2, CH a CH3 groups were observed in the spectra
measured at room temperature which is approxi-
mately 10 K above the glass transition temperature
of studied samples and also at 160°C for molten
sample. The relatively large widths of resonance lines
detected at room temperature reflect low mobility
of iPP chains and wide distribution of chains con-
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Figure 6. Deconvolutions of the normalized DD MAS (without CP) 13C NMR spectra of m-iPP (left) and ZN-iPP (right)
measured at 90°C. Corresponding DD CP MAS 13C NMR spectra measured at the same temperature are shown in
the insets for comparison

Table 3. The relative integral intensities of the lines of CH2
and CH carbons as obtained by deconvolution of
the MAS DD 13C NMR spectra measured for m-
iPP and ZN-iPP at 90°C

Sample
Integral intensity

CH2 CH
amorphous crystalline amorphous crystalline

m-iPP 0.44 0.56 0.46 0.54
ZN-iPP 0.41 0.59 0.41 0.59



formations. On contrary very narrow resonance lines
detected in molten sample reflect fast conforma-
tional changes. In the spectra measured above 50°C
the resonance lines corresponding to CH2 and CH
carbons were split into two components and assigned
to chains in amorphous and crystalline regions of
iPP. Temperature dependences of chemical shifts of
split lines show that the conformation changes
between the glassy and molten state are imple-
mented gradually with increasing temperature while
in crystalline regions the conformational changes
are observed only under melting process. The exis-
tence of two components was revealed also for CH3
carbons. The crystallinity of the studied samples was
determined from the deconvoluted MAS 13C NMR
spectra measured without CP at 90°C. Deconvolu-
tions of CH2 and CH lines give essentially the same
crystallinities; the obtained values agree well with
those determined using DSC. While virtually the
same rate of the segmental motion in mid-kHz
region in amorphous m-iPP and ZN-iPP chains fol-
lows from T1" (13C) values, larger CH2 and CH
linewidths in 13C and 1H NMR spectra indicate
somewhat larger restraints of the motion in ZN-iPP
in comparison with m-iPP.
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1. Introduction
Polymer nanocomposites have attracted a huge sci-
entific interest because they allow the design of
high-performance materials that exhibit significant
improved properties with regard to the pristine poly-
mer. The extent of improvement generally depends
on several parameters including the size of the par-
ticles, their aspect ratio, their state of dispersion and
their surface chemical characteristics that determine
the interaction between the filler and the polymer
chains and thus the interface of the polymer-filler
system [1, 2].
Polymer-carbon nanotube composites have attracted
particular interest because the structural character-
istics of carbon nanotubes such as their high aspect

ratio, high surface area available for stress transfer
as well as their exceptionally high Young’s modulus
and excellent electrical and thermal properties, are
expected to allow the emergence of a new genera-
tion of ultra-lightweight and extremely strong com-
posite materials [3–5]. In fact, one of the biggest
challenges is to obtain a homogeneous dispersion of
CNTs in a polymer matrix because van der Waals
interactions between individual tubes lead to signif-
icant aggregation and agglomeration that reduce the
expected property improvements. A homogeneous
distribution and a good dispersion are essential for
mechanical reinforcement of polymers. In the case
of anisotropic electrical conductive inclusions, a
good dispersion allows the formation of an inter-
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connecting filler network at a low filler content
characterized by a sharp drop, by several orders of
magnitude, in the electrical resistivity of the com-
posites reaching the so-called percolation threshold.
In fact, it is one of the major attributes of carbon
nanotubes to provide electrical conduction at a very
low filler loading, this property being required in
commercial applications to dissipate electrostatic
charge.
This paper reports investigations carried out on nat-
ural rubber filled with multiwall carbon nanotubes.
The state of nanotube dispersion is evaluated from
transmission electron microscopy and electrical
properties in the isotropic and uniaxially stretched
states of the composite are examined in addition to
mechanical measurements.

2. Experimental part
2.1. Materials
Multiwall carbon nanotubes (MWNTs) were pur-
chased from Nanocyl S.A. (Belgium). In this study,
we have used the Nanocyl 7000 series (purity:
90%) produced via the catalytic carbon vapor depo-
sition process without any further purification.
Their average diameter and length are around 10 nm
and 1.5 µm respectively and their surface area
between 250 and 300 m2·g–1.
Non-vulcanized natural rubber, containing all the
vulcanization ingredients was provided by Formix
(Orléans, France). It was compounded with sulfur
(1.5 phr), zinc oxide (3 phr), stearic acid (2 phr),
cyclohexylbenzothiazole sulfenamide (1.5 phr),
(phr = parts by weight per hundred parts of rubber).

2.2. Composite processing
One of the main factors that have a large influence
on the physical performance of a filled composite is
the state of filler dispersion within the host polymer
matrix. Carbon nanotubes can easily form bundles
and this aggregation decreases their aspect ratio and
reduces their efficiency as reinforcing agents for
high strength polymer composites. Different process-
ing methods, including in-situ polymerization, solu-
tion mixing, surfactant-assisted processing and melt
compounding, have been used to optimize the dis-
persion of CNTs in the polymeric medium in order
to fully exploit the potential of these materials.
In this work, solution mixing which is one of the
most common methods, has been used for fabricat-

ing MWNTs/NR composites. The general protocol
is to mix both components in a suitable solvent and
evaporate the latter before proceeding to the cross-
linking process and film formation. The most effi-
cient dispersion of the nanotubes in a solvent is
achieved by tip sonication with sonication condi-
tions determined in such a way not to degrade the
nanotubes.
An appropriate amount of MWNTs was dispersed
into cyclohexane (0.1 mg/ml) by sonicating the sus-
pension for 30 min (3 times separated by a rest of
30 min) using a Vibra-Cell VCX 500 operating at
40% amplitude with on and off cycles respectively
equal to 4 and 2 seconds. Cyclohexane was used to
disperse the nanotubes because it can also dissolve
natural rubber and is less dangerous than toluene
well known to be is a good solvent for rubbers.
The gum containing the rubber and all the ingredi-
ents of formulation was mixed separately in cyclo-
hexane under magnetic stirring until complete dis-
solution then mixed with the MWNTs dispersion.
The mix of polymer and MWNTs dispersions is
stirred until evaporation of the major part of cyclo-
hexane then put under vacuum at 50°C for one day
for total removal of remaining solvent.
The unfilled and filled samples were then cured into
plaques at 170°C during 20 min under a pressure of
120 bar in a standard hot press.

2.3. Characterization techniques
The state of dispersion of the filler particles was
examined by transmission electron microscopy
(TEM) by means of a JEOL JEM-2010 Electron
Microscope, operating at 200 kV. Ultrathin sections
(50–60 nm) were cut at –90°C by using an Ultracut S
ultramicrotome from Leica fitted with a diamond
knife from Diatome.
Electrical resistivity measurements were deter-
mined on samples of 10"20"0.2 mm3 by measur-
ing their resistance on a high resistance meter
(Keithley 6517A) between two conductive rubber
electrodes with an alternating voltage of 1 V. This
alternating voltage is needed to avoid a background
current effect. The measured resistances R were
then converted into volume resistivity # by using
Equation (1):

                                                               (1)r 5
RS
d

r 5
RS
d
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where S is the cross-sectional area perpendicular to
the current and d the thickness of the sample
between the two electrodes.
The strain dependence of electrical resistivity was
carried out on strips (size: 40 mm"6 mm"0.3 mm)
stretched with a manual stretching machine. The
film under study is clamped between the jaws of the
stretching machine and two copper plates attached
to the jaws of the machine are connected to the
high-resistance meter.
Under the assumption that the volume remains con-
stant during deformation, the resistivity was obtained
from the measured resistance, R, from Equation (2):

                                                            (2)

where S0 and L0 are respectively, the initial cross-
sectional area and length between the two clamps
and $ is the extension ratio, which is the ratio of the
length of the sample in the direction of strain to the
initial length before deformation.
The dynamic properties of the vulcanizates were
measured by means of a Anton Paar Rheometer at

1 Hz sinusoidal oscillation, using disc specimens
with thicknesses of 2 mm, diameters of 8 mm, oper-
ated in a shear mode.
The tensile tests were performed at room tempera-
ture on a standard tensile Instron machine, model
5565 equipped with a 10 N load cell and a video
extensometer. The strips (length around 20 mm
between the jaws, width around 5 mm and thick-
ness between 200 and 300 µm) were marked with
two dots with a white marker for their recognition
by the video extensometer then stretched at a strain
rate of 0.1 s–1.

3. Results and discussion
3.1. Transmission electron microscopy

analysis (TEM)
The state of dispersion, which significantly affects
the electrical and mechanical properties of the
material, can be evidenced by TEM analysis of the
composites.
TEM images, taken at different scales for the NR
composite filled with 3 phr of MWNTs, are seen in
Figure 1. Figures 1a–c show a rather homogeneous

r 5
RS0

a2L0
r 5

RS0

a2L0
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Figure 1. TEM images of NR filled with 3 phr of MWNTs taken at different (a, b, c) scales. d) shows the graphene layers of
an individual tube



distribution of the nanotubes in the elastomeric
matrix and in Figure 1d are magnified the graphene
shells with the hollow core of an individual tube.

3.2. Electrical properties
Carbon nanotubes have largely demonstrated their
ability to provide electrical conduction when incor-
porated into polymeric media usually considered as
electrical insulators. From a great number of results
in the literature, it is now evident that very small
quantities of carbon nanotubes are required to get
relatively high values of electrical conductivity and
this property is expected to open the way for a wide
range of industrial applications.
The electrical conduction process depends on sev-
eral parameters, mainly on filler concentration. But
processing techniques intended to improve disper-
sion of CNTs in the host matrix also influence the
electrical conductivity of the final material. On the
other hand, factors such as nanotube type, polymer
matrix, filler-matrix interactions and filler orienta-
tion are key factors in determining the electrical
properties. At a given amount of conductive parti-
cles (carbon black or carbon nanotubes), called the
percolation threshold, a continuous network of filler
is formed across the matrix and the material under-
goes a sudden transition from an insulator to a con-
ductor. For composites containing conventional con-
ducting fillers such as carbon black (CB), carbon
nanofibers or graphite, depending on the structural
properties of the particles, the percolation threshold
is achieved for a filler content as high as 10–50 wt%,
which may result in a composite with poor mechan-
ical properties and high density. Thongruang et al.
[6] showed that the percolation-threshold concen-
tration in composites is around 10–15 wt% for car-
bon fiber and high structure carbon black and around
40–50 wt% for low structure carbon black and
graphite. Carbon nanotubes yield adequate conduc-
tivity at a much lower filler content on account of
their high aspect ratios thus retaining the desired
mechanical properties of the resulting material.
Another way to enhance electrical conductivity has
been shown to incorporate simultaneously hybrid
fillers of carbon nanotubes and carbon black [7, 8].
It was demonstrated that when CB particles are
added into the nanocomposites containing CNTs,
the result is a better overall dispersion due to syner-
gistic effects arising between the two different

fillers and the formation of connected structures by
bridging uncontacted particles. But, the replace-
ment of carbon black by carbon nanotubes alone for
the synthesis of electrically conducting polymer
composites is very promising for the design of
lightweight materials for numerous future applica-
tions.
As seen in Figure 2 which shows the effect of filler
loading on the volume resistivity of MWNTs-filled
composites based on insulating natural rubber, the
decrease in resistivity is observed from 0.5 to 1 phr.
According to Mamunya et al. [9], at the beginning of
the transition region, an infinite conductive cluster
is formed and, consequently, the composite becomes
conductive. The higher aspect ratio of the nanotube
bundles which increases the probability of particle-
particle contacts explain the low percolation thresh-
old. With regard to previous reported results [10],
thanks to improved dispersion methods, the perco-
lation threshold is shifted to a lower nanotube con-
tent and from this point of view, measurements of
electrical resistivity appears as an indirect tool to
evaluate the state of dispersion. As mentioned above,
an important factor that controls the performance
and especially the electrical properties of CNTs-
reinforced composites is the state of dispersion of
CNTs.
Because the resistivity is very sensitive to any
change in filler distribution, electrical properties of
composite filled with conductive particles should
be affected by a mechanical deformation. Signifi-
cant changes in electrical conductivity against
degree of elongational strain have already been
reported in the literature [11–15].
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Figure 2. Volume resistivity against nanotube loading for
NR composites



Typical strain dependences of volume resistivity are
shown in Figure 3: the results are related to a NR
sample filled with 3 phr of MWNTs that is at a filler
content above the percolation threshold (deter-
mined around 0.5 phr of filler). Tests are performed
as follows:
–%1: stretching to ! = 100% then release,
–%2 and 3: second stretching to ! = 200% then

release,
–%4 and 5: third stretching until failure.
A gradual increase in resistivity is obtained in the
first step as result of a breakdown of contacts and
increasing distances between the conducting inclu-
sions. After total unloading of the sample (step 2),
the resistivity is much higher than that observed for
the undeformed material thus showing that the con-
tacts are not reformed after removal of the stress. A
second stretching leads to a decrease in resistivity
until the point where the first and second stretching
meet. At this point, we can consider that the sample
is in the same state as it was at the first stretching. It
is interesting to point out that this part of the curve
(unloading + second stretch) is completely reversible
as shown in the paper of Ciselli et al. [16] related to
composites based on ethylene-propylene-diene-
monomer (EPDM) filled with MWNTs. After the
point where the first and second stretchings meet,
the curve join up the first stretching curve till ! =
200% (step 3) and the resistivity increases again
due to the breakdown of new contacts that were not
affected during the first stretching. A further removal
of the stress leads to a higher value of resistivity
than that obtained in the first unloading cycle and

the third stretching displays a decreease (step 4)
then increase (step 5). The strain dependence of
electrical resistivity described here for NR compos-
ites is quite similar to that obtained in other rubbery
matrices like SBR [17] or EPDM [18].

3.3. Mechanical properties
3.3.1. Low-strain dynamic behavior
Filled elastomers have the specific ability to dissi-
pate an important part of mechanical energy during
deformation. At small strains (typically for shear
strains below 100%), those materials exhibit a non-
linear viscoelastic behavior, known as the ‘Payne
effect’ and characterized by a drop in the elastic mod-
ulus G! when the shear strain amplitude increases.
The Payne effect in composites filled with conven-
tional fillers (carbon black or silica) has been the
subject of numerous studies on both experimental
and theoretical aspects [19–22] but its origin is still
controversial. The most commonly accepted picture
is the breakdown of a filler network formed by
filler-filler interactions. The percolated network is
progressively broken by increasing the strain ampli-
tude.
Figure 4 displays the strain dependence of the stor-
age modulus of the unfilled NR and of MWNTs-
filled composites. While the unfilled elastomer does
not display any change in the storage modulus with
strain amplitude, at least in the investigated strain
domain, the observed behaviors for filled com-
pounds are similar to what was mentioned in the lit-
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Figure 3. Strain dependence of the electrical resistivity for
NR filled with 3 phr of MWNTs

Figure 4. Strain dependence of the storage modulus of
unfilled NR and of MWNTs/NR composites at
room temperature



erature for carbon-black filled rubbers, that is an
increase in amplitude of the Payne effect with the
amount of reinforcing particles, because the linear
part of the storage modulus typically below 0.1%
strain strongly increases with the filler loading. But
as shown in Figure 4, a Payne effect is observed till
0.5 phr while much larger amounts of carbon black
are required to give rise to a storage modulus drop
with the strain amplitude [23].
In the case of an unfilled rubber network, the mod-
ulus should increase proportionally with tempera-
ture because of its entropic nature. For all the filled
systems, the modulus values should then be cor-
rected by the entropic factor 273/T, in order to get
rid of the modulus dependence of the rubber part

due to temperature [20]. As a typical example, the
temperature dependence of the storage modulus is
shown in Figure 5 for the 3 phr MWNTs/NR com-
posite. As already observed in conventional compos-
ites, the amplitude of the Payne effect decreases
with increasing temperature which is opposite to
the entropic variation characteristic of the unfilled
network [23-25]. The decrease of the Payne effect
results from a weakening of filler-filler interactions
by raising the temperature.

3.3.2. Tensile properties
A common objective for adding fillers into poly-
mers is to increase the modulus or stiffness. Com-
posite theories have been developed in order to pre-
dict the performance of the composite by taking
into account various filler parameters including
geometry, stiffness and orientation [26–28]. In poly-
mer-clay nanocomposites, it was demonstrated that
the superior reinforcement provided by exfoliated
layered aluminosilicates with regard to a conven-
tional filler like glass fibers, arises primarily from
the combination of high modulus and aspect ratio of
the nanofiller [27].
As seen in Figure 6a which represents the strain
dependence of the nominal stress for pure NR and
for composites, considerable improvement in stiff-
ness is observed upon addition of MWNTs in the NR
matrix. In order to evaluate the extent of improve-
ment with the nanotube loading, the stress at 100%
strain is displayed in Figure 6b.
The stress-strain curve for unfilled NR exhibits a
large increase in stress at higher deformations. NR
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Figure 5. Temperature dependence of the storage modulus
for NR filled with 3 phr of MWNTs

Figure 6. Stress-strain curves (a) and stress at 100% for pure NR and MWNTs composites (b)



displays, due to its uniform microstructure, a very
unique important characteristic, that is, the ability
to crystallize under strain, a phenomenon known as
strain-induced crystallization. This phenomenon is
responsible for the large and abrupt increase in the
reduced stress observed at higher deformation cor-
responding, in fact, to a self-toughening of the elas-
tomer because the crystallites act as additional
cross-links in the network. This process can be bet-
ter visualized by using a Mooney-Rivlin representa-
tion, based on the so-called Mooney-Rivlin equa-
tion (Equation (3)):

                 (3)

where " is the nominal stress, # is the extension
ratio and 2C1 and 2C2 are constants independent of
#. The curves of the unfilled vulcanizate displays, at
higher deformations, an upturn in the modulus
ascribed to the strain-induced crystallization of
polymer chains (Figure 7). For the composites
filled with 1 and 2 phr, the upturn is still observed
but it starts at a lower extension ratio than that of
the unfilled sample. That means that the addition of
carbon nanotubes favors the crystallization process.
This fact has already been established by infrared
spectroscopy under strain [29] and by synchroton
wide-angle X-ray diffraction [30]. The reduction in
the strain at rupture for the other composites does
not allow the observation of the tensile behaviour at
high deformations. Unfortunately, the rupture prop-

erties are negatively affected by the nanotubes prob-
ably on account of the presence of some agglomer-
ates which act as failure points and lead to a degra-
dation of the mechanical properties of the materials.
The stress at 100% deformation is seen to increase
linearly with the MWNTs loading (Figure 6b). With
regard to the pure polymer, 10 phr of MWNTs leads
to more than a 700% increase in the stress at 100%
strain. The observed improvements are higher than
those previously obtained in the literature for the
same polymer [10, 29, 31–36].
Such increases in stiffness are not observed for sim-
ilar loading fractions of spherical carbon black or
silica particles in the same matrix, thus highlighting
the effect of the high aspect ratio (length/diameter)
of the nanotubes. In conventional composites, the
increase in the modulus has been ascribed to a
hydrodynamic effect arising from the inclusion of
rigid particles in the soft matrix and to an increase
in the cross-linking density created by polymer-
filler interactions [1, 2, 26, 37–40]. But the anisom-
etry of the filler structures as well as the quality of
their dispersion can greatly affect the composite
performance. The latter point is especially true for
entangled MWNTs in which the occluded rubber
trapped inside the bundles and partially shielded
from deformation, increases the effective filler con-
centration.
To interpret the variation of stiffness of the poly-
meric composites with the MWNTs amount, the
100% modulus results are fitted to the model of
Halpin-Tsai [41]. intended to predict the mechani-
cal properties of fibre reinforced composites. This
model (Equation (4)) yields, for aligned fibre com-
posites and in conditions where the modulus of the
fiber, Ef, is much higher than that of the unfilled
matrix (as in elastomeric composites):

                                                   (4)

(E and E0 are the moduli of the composite and the
unfilled elastomer respectively, f is the aspect ratio
and $, the volume fraction of filler ).
The experimental values are compared with the
Halpin-Tsai predictions using an aspect ratio of 90
to fit the data (Figure 8). This value is lower than
expected from the average dimensions of the
MWNTs but much higher than those previously pub-
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Figure 7. Mooney-Rivlin plots for pure NR and MWNTs/
NR composites



lished for hydrocarbon rubber/MWNTs composites
[42, 43] as a result from a better filler dispersion.
Besides the state of dispersion, another fundamen-
tal issue that determines the properties of the com-
posite is the interfacial interaction between the
polymer and the nanotubes. A good adhesion between
the two phases is required and might result in better
load transfer from the matrix to the nanotube [44].
Raman spectroscopy under strain has also been used
to probe interactions between carbon nanotubes and
polymers in nanotube-based composites. If the nan-
otubes are carrying strain, the Raman peaks of car-
bon nanotubes have been shown to exhibit shifts
upon application of a mechanical deformation to
the composite. Large downshifts up to 20 cm–1 at
about 1% strain have been observed for the G! band
of SWNTs in stiff polymers such as epoxy resins
[44–46]. In our rubbery composites, no significant
shift of the G! band has been observed which means
that load transfer to the nanotubes is negligible.
However, in our experiments, we obtain an upshift
in frequency of the G mode (ascribed to the stretch-
ing of the C–C bond of the carbon materials) with
an increase in strain. The upshift of the G mode has
been attributed to nanotube-nanotube decoupling
within the bundle because the upshift is not reversible
with strain [47, 48].
Some hysteresis (area between the first and second
stretches) is also observed in carbon nanotube-filled

samples while the unfilled sample does not display
any significant stress softening effect. In the experi-
ment presented in Figure 9, the composite was
stretched to a strain of 200% , then released and re-
stretched till the rupture of the sample. In view of
our Raman results, we are in a position to believe
that there is a poor adhesion between the nanotube
surface and the rubber. Consequently, the stress-soft-
ening effect does not originate as in the case of con-
ventional composites from a loss of elastic chains
taking place at the polymer-filler interface [49]. In
previous papers [42, 50], we have suggested a loss
of nanotube orientation on releasing the strain to
explain the lowering in the stress in the second
stretching. Despite the fact that we cannot overlook
the large contribution of orientational aspects in the
stress-strain behavior of composites, we can also
consider that a significant effect of the strain is a
debundling of the agglomerates still remaining in
the polymeric medium. This interpretation is sup-
ported by the fact that the rupture of the sample in
the second stretching occurs at a much higher value
of strain than that obtained in the first stretching
curve (compare Figure 6a and 9).

4. Conclusions
This paper demonstrates that optimized processing
conditions used to achieve good dispersion lead to
composites with high mechanical and electrical
properties. Nevertheless, the presence of a small
number of agglomerates acting as defects are respon-
sible of the lack of improvement in rupture proper-
ties. Comparison of the experimental tensile meas-
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Figure 8. Dependence of the stress at 100% strain of NR/
MWNTs composites on the filler volume fraction
and comparison with predictions of theoretical
models

Figure 9. Loading-unloading cycles performed on NR
filled with 3 phr of MWNTs



urements with the Halpin-Tsai model leads an aspect
ratio of 90 for carbon nanotubes. This high aspect
ratio appears to be the main parameter for mechani-
cal reinforcement and electrical conduction. The
high aspect ratio also explains the formation of a
filler network at a low nanotube loading. Applica-
tion of an uniaxial deformation to the composite
leads to an increase of electrical resistivity while a
drop in the storage modulus is observed when the
sample is submitted to low shear strains. Both
effects are attributed to the breakdown of the filler
network.
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1. Introduction
Wood flour and natural fibers are used in increasing
quantities mainly for the reinforcement of commod-
ity polymers [1–3]. Such reinforcements have many
advantages over particulate fillers or glass fibers;
they increase stiffness considerably, they are obtained
from renewable resources, are available in abun-
dant quantities, cheap, and light at the same time [2,
4, 5]. Major application areas of these materials are
the building and the automotive industries. In struc-
tural applications often large stiffness and impact
resistance are required simultaneously, which are

achieved traditionally by the combination of several
functional additives. Composites used as bumper
materials, for example, usually contain an elas-
tomer to improve impact resistance and a filler or
fiber to increase stiffness [6–8]. Research has started
as early as the 80’s on these materials [6, 9–12] and
they have been commercially available for several
decades.
Structure can be quite complicated in such multi-
component materials. Two boundary structures may
form in them: the two components, i.e. the elas-
tomer and the filler, can be distributed separately
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from each other in the polymer matrix [13–15], or
the elastomer can encapsulate the reinforcement to
create embedded structure [6–8, 16]. The actual
structure is determined by the adhesion and shear
forces prevailing in the melt during homogeniza-
tion, the first favoring embedding because of ther-
modynamic reasons, while the second separate dis-
persion through the shearing apart of the elastomer
layer from the wood fiber [17]. Usually intermedi-
ate structures form in composites produced under
practical conditions, a part of the filler is embedded
into the elastomer phase, but individual elastomer
droplets and filler particles can be also located in
the matrix. Structure can be tailored by the control
of interfacial adhesion through the use of appropri-
ate coupling agents [18–21]. Functionalized polymers
are used to control structure in polypropylene. The
introduction of maleated PP (MAPP) leads almost
exclusively to the separate dispersion of the compo-
nents. The reaction of the maleic anhydride group
with the wood fibers creates strong covalent bonds,
on the one hand, and the interdiffusion of MAPP
forms entanglements with the matrix polymer, on the
other, resulting in strong adhesion and good stress
transfer as well [22–24]. Adhesion force changes
from about 100 mJ/m2 to nearly 1000 mJ/m2 in this
way [25]. The addition of maleated ethylene-propy-
lene-diene elastomer (MAEPDM), on the other
hand, results in a large extent of embedding. Prop-
erties change considerably with structure even at
the same composition. Stiffness was shown to depend
mainly on the extent of embedding, while impact
resistance was influenced also by other factors includ-
ing micromechanical deformation processes occur-
ring around the inclusions (elastomer, filler) [26].
It seems to be obvious to use wood and/or natural
fibers to replace mineral fillers or glass fibers also
in such composites. However, wood flour differs
considerably from traditional reinforcements. Wood
particles are large, usually several 100 µm in size,
which facilitates debonding, the separation of the
matrix/filler interface already at small stresses [27–
29]. A functionalized polymer coupling agent is
needed practically always in order to achieve rea-
sonable properties, at least in polyolefin compos-
ites. Besides debonding, large wood particles may
initiate other micromechanical deformation processes
during the deformation of the composites like fiber
pull-out, or fiber fracture at strong interfacial adhe-

sion [29, 30]. These differences compared to partic-
ulate fillers and glass fibers, and the tendency to
replace traditional reinforcements with natural ones
require more detailed study of the behavior of mul-
ticomponent materials containing wood fibers. Very
few papers have been published in this area yet. A
model study was carried out on the recycling of
PP/PE blends by Clemons [31], and functionalized
elastomers were used to modify structure and prop-
erties in PP/wood composites by Oksman and
Clemons [32, 33]. Since impact resistance is one of
the crucial properties in structural materials, the
goal of our study was to investigate the effect of
structure and interfacial adhesion on fracture tough-
ness in wood reinforced multicomponent PP com-
posites impact modified with elastomers. An attempt
was made to control structure and adhesion by the
use of functionalized polymers. Wood content
changed in a wide, industrially relevant range.
Besides the effect of wood content on fracture
resistance, we tried also to identify the mechanism
of failure in these composites.

2. Experimental
The polymer used in the study was the Tipplen H
781 F grade PP homopolymer (MFR = 0.7 g/10 min
at 230°C and 2.16 kg load) produced by TVK, Ti -
szaújváros, Hungary. The Vistalon 706 ethylene-
propylene-diene (EPR) elastomer (ethylene con-
tent: 65 wt%, Mooney viscosity ML1+4 at 125°C:
42) of Exxon Mobil, Houston, USA was used to
increase impact resistance. The functionalized poly-
mers applied for the control of structure and interfa-
cial adhesion were the Orevac CA 100 grade
maleated PP (MFI = 150–200 g/10 min at 230°C and
2.16 kg, MA content: 1.0 wt%) from Arkema,
Puteaux, France and the Exxcellor VA 1803 maleated
EPDM (ethylene content: 43 wt%, MFI = 3 g/10 min
at 230°C and 2.16 kg, MA content: 0.5–1.0 wt%)
from Exxon Mobil, Houston, USA. We hoped that
the application of the first leads to separate disper-
sion, while the second to the complete encapsula-
tion of wood particles. The Filtracel EFC 1000 wood
flour was supplied by Rettenmaier and Söhne GmbH,
Rosenberg, Germany. The wood was treated to
remove waxes by the producer, it contained 70.4 wt%
holocellulose, 28.7 wt% lignin and 0.9 wt% waxes.
The filler had an average particle size of 210 µm as
determined by laser light scattering. Scanning elec-
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tron microscopic (SEM) analysis of particle geome-
try showed average particle length of 363 µm,
diameter of 64 µm and aspect ratio of 6.8. MAPP
was always added in 10 wt% calculated for the
amount of wood [34], while 5, 10 and 20 wt% of
the matrix polymer was replaced by impact modi-
fier (EPR or MAEPDM). Wood content changed
from 0 to 60 wt% in 10 wt% steps related to the
total weight of the composites.
The composites were homogenized using a Ther-
moPrism TSE 24 (Thermo Fisher Sci. Inc., Waltham,
USA) twin-screw extruder with a screw diameter of
24 mm and an L/D ratio of 28. Screw configuration
included two kneading zones with different lengths
and conveying elements. The polymer components
were introduced into the hopper, while wood was
added to the melt through a side feeder. Zone tem-
peratures changed from 170 to 220°C in 10°C steps
in the six zones of the extruder. The granulated mate-
rial was dried for 4 hours at 105°C in an oven and
then injection molded to standard ISO 527 1A ten-
sile specimens using a Demag IntElect 50 machine
(Demag Ergotech GmbH, Schwaig, Germany) at
170–180–190–200–210°C zone and 50°C mold tem-
peratures, 50 mm/s injection rate, max 1300 bar
holding pressure and 25 sec holding time. The sam-
ples were conditioned at 23°C and 50% RH for a
week before testing.
Tensile testing was carried out with an Instron 5566
type machine (Instron Corp., Canton, USA). Stiff-
ness was determined at 0.5 mm/min, while other
tensile characteristics like yield stress, yield strain,
tensile strength and elongation-at-break at 5 mm/min
cross-head speed and 115 mm gauge length. Impact
resistance was determined on notched Charpy spec-
imens according to the ISO 179 standard at 2 mm
notch depth. Instrumented impact testing was car-
ried out using a Ceast Resil 5.5 instrument (CEAST
S.p.A., Pianezza, Italy) with a 4 J hammer. The struc-
ture of the composites was studied by scanning elec-
tron microscopy using a Jeol JSM 6380 LA appara-
tus (JEOL Ltd., Tokyo, Japan). The distribution of
the components in the matrix was determined on
fracture surfaces created at liquid nitrogen tempera-
ture. Samples containing elastomer were etched in
n-hexane for 1 min. SEM micrographs were recorded
also on surfaces created in the tensile or impact test
in order to determine the mechanism of failure.
Etching was used when appropriate.

3. Results and discussion
The combination of all the compositional variables
resulted in a very large number of composites. As a
consequence we refrain from the presentation of all
results and focus our attention on materials contain-
ing 20 wt% elastomer. However, all the results are
presented in figures showing general correlations.
In the first two sections we present tensile proper-
ties and structure, while impact resistance is ana-
lyzed in detail in the next part of the paper. General
correlations and practical consequences are dis-
cussed in the last section.

3.1. Tensile properties
Model calculations proved that thermodynamics
favors the formation of embedded structure. On the
other hand, weak interaction and large shear destroys
the embedded structure formed, separate the filler
and elastomer from each other [17]. Besides being
an important characteristic of structural materials,
the stiffness of PP composites containing an elas-
tomer and a reinforcement at the same time offers
valuable information also about structure. The elas-
tomer decreases stiffness, but otherwise the effect
of the components is additive in the case of separate
dispersion. On the other hand, embedding results in
additional decrease of stiffness, the extent of which
can be used for the estimation of the amount of
embedded particles [26, 35]. The dependence of the
Young’s modulus of the composites is presented in
Figure 1. The wood flour used in our study rein-
forces PP considerably and interfacial adhesion
does not influence stiffness much. These observa-
tions are in complete agreement with our earlier
results [36–38]. A slight deviation is observed from
the expected tendency at large, 50 and 60 wt% filler
content, which indicates a small extent of aggrega-
tion. The separate dispersion of the components is
expected when both MAPP and EPR are added (!),
and the correlation is practically parallel to that of
the PP/wood/MAPP composites (!) proving that
the expectation is fulfilled. At large wood content
the stiffness of the PP/wood/EPR (") composites is
somewhat smaller than in the presence of MAPP
indicating a small extent of embedding or larger
extent of aggregation. However, this latter seems to
be less probable. MAEPDM was expected to encap-
sulate the particles completely [31, 32]. The com-
position dependence of the stiffness of the compos-
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ites containing this component does not confirm
this expectation (#). Wood reinforces PP also in this
case and the increase in modulus is only slightly
smaller in the presence of MAEPDM than with
EPR that indicates a somewhat larger, but still small
extent of embedding. We may conclude from the
analysis of the composition dependence of stiffness
that only small extent of embedding occurs in our
composites and the separate distribution of the
components dominates.
As shown above, stiffness does not depend very
much on interfacial adhesion; its effect cannot be
deduced from the composition dependence of
Young’s modulus. Properties measured at larger
deformations, like tensile strength, show changes in
interactions very sensitively. Tensile strength is plot-
ted against wood content for the same five series of
composites in Figure 2. The effect of adhesion and
elastomer modification can be clearly seen in the
figure. We refrained from drawing lines through all
series for better clarity; lines are drawn anyway
only to guide the eye and they are not fitted correla-
tions. If we compare PP/wood composites with (!)
and without ($) MAPP, the effect of adhesion
becomes obvious. Strength increases drastically with
increasing wood content in the first case, while it
remains constant or slightly decreases in the sec-
ond. The incorporation of the elastomer decreases

strength, but the relative effect of adhesion, i.e. the
presence or absence of MAPP, remains the same.
Strength is very small in composites containing EPR
without MAPP ("), while a considerable increase in
strength is observed at strong adhesion (!). These
results also support our assumption about the sepa-
rate distribution of the components. The effect of
MAEPDM is very similar to that of EPR; compos-
ite strength is very small in its presence (#). We must
also comment on the strange composition depend-
ence of strength with the minimum at small and the
increase or leveling off at larger wood content. The
deformability of the matrix (with or without elas-
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Figure 1. Stiffness of multicomponent PP composites plot-
ted against their wood content. Elastomer content
is 20 wt%, that of MAPP is 10 wt%. Symbols: 
($) PP/wood, (!) PP/wood/MAPP, (") PP/wood/
EPR, (!) PP/wood/EPR/MAPP, (#) PP/wood/
MAEPDM.

Figure 2. Effect of composition and coupling on the tensile
strength of PP/wood composites. Composition
and symbols are the same as in Figure 1.

Figure 3. Dependence of the deformability of PP/wood
composites on composition and interfacial adhe-
sion. Composition and symbols are the same as in
Figure 1.



tomer) and the composites containing various
amounts of wood is extremely different; it covers a
wide range between 1000 and 2% (Figure 3). Spec-
imen cross-section changes at large elongations and
strain hardening increases strength thus complicat-
ing the comparison of engineering strength values.
Nevertheless, Figure 3 indicates that the presence
of the elastomer increases the deformability of the
samples, thus we may expect larger impact resist-
ance for these composites.

3.2. Structure
Structure is one of the major factors determining
the properties and performance of heterogeneous
materials. The structure of the multicomponent mul-
tiphase materials in question is rather complicated.
The dispersion of the components, aggregation, the
orientation of the fibers, and crystalline morphol-
ogy are the main factors to be considered in the
interpretation of composite behavior. One of the
most important of these issues is the distribution
and possible embedding of the fibers into the elas-
tomer. The composition dependence of stiffness, and
that of the other properties studied, indicates that
the components are separately dispersed in most
composites and only a small extent of encapsulation
may occur mostly at large fiber and elastomer con-
tent.
In order to check this conclusion drawn from the
composition dependence of tensile properties, the
structure of the composites was studied also by
scanning electron microscopy. The distribution of
the components can be determined quite easily on
fracture surfaces etched with n-hexane [13]. The
elastomer is removed by the solvent during etching
leaving holes behind, thus the discrimination of the
phases becomes quite easy. Embedding can be
detected by the apparently smaller number and total
area of holes, and by voids appearing around wood
particles. We refrain from the presentation of a large
number of micrographs and show only two struc-
tures recorded on composites, which are supposed
to have the two boundary structures, i.e. separate
distribution of the components or complete encap-
sulation. The first structure should be obtained
when both an elastomer and MAPP are added to the
PP/wood composite. This structure is shown in Fig-
ure 4a. The micrograph verifies our assumption; the
elastomer is distributed as submicron sized particles

independently of the large wood particles. Unfortu-
nately, the dissimilar dimensions of the dispersed
components make the analysis of the structure quite
complicated. The same part of the composite is
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Figure 4. Distribution of the components in PP/wood/elas-
tomer composites in the presence of different
functionalized polymers. a) PP/wood (29 vol%)/
EPR/MAPP, b) the same as a) at larger magnifica-
tion, c) PP/wood (29 vol%)/MAEPDM.



shown in Figure 4b in larger magnification. The
micrograph clearly shows that wood is firmly embed-
ded in the PP matrix and elastomer particles are not
located on its surface. The other boundary structure,
complete embedding, could not be verified in the
same way. Figure 4c presents a SEM micrograph
taken from the fracture surface of a PP composite
containing MAEPDM besides wood. The structure
is very similar to that shown in Figure 4a. A large
number of small elastomer droplets are visible on
the surface. This does not exclude the possibility of
fiber encapsulation, but the extent of the latter must
be small. A long thin crack runs around the large
wood particle, which might be interpreted as dis-
solved MAEPDM elastomer. However, it is appar-
ently located in the matrix and not on the surface of
the wood, and the number of separately dispersed
elastomer particles strongly denies the formation of
embedded structure. Accordingly, the SEM study
confirmed our previous conclusion drawn from the
composition dependence of tensile properties that
elastomer and wood are distributed mostly sepa-
rately in the PP matrix.

3.3. Fracture toughness
Impact resistance might be the crucial property of
PP/wood composites used in certain application
areas as structural materials. Reports in the litera-
ture indicate that impact resistance often decreases
as an effect of wood reinforcement [38–44] simi-
larly to many particulate filled composites [45–51].
On the other hand, this decrease was compensated
by the incorporation of an elastomer into these latter
materials. The composition dependence of notched
Charpy impact strength is presented for the five
series of composites in Figure 5. Without elastomer
fracture toughness is relatively small and it appears
to go through a slight maximum with increasing
wood content. The effect is stronger for PP/wood
composites not containing MAPP than in those pre-
pared with it, i.e. at good adhesion. The elastomer
increases impact resistance considerably, as expected.
However, fracture toughness decreases drastically
with increasing wood content almost to the same
level of PP/wood composites at the end of the com-
position range. Contrary to tensile strength, adhe-
sion seems to have only a small effect on impact
toughness; obviously other factor or factors deter-
mine the resistance of the material against fracture.

We hoped that instrumented impact testing supplies
additional information about the fracture process
itself and about the factors determining fracture
resistance. Selected force vs. time traces are pre-
sented in Figure 6 to demonstrate the effect of the
various additives and factors on the fracture process.
Neat PP fails by brittle fracture (Figure 6a). The
maximum of the force vs. time traces and the criti-
cal stress intensity factor KIc is related to fracture
initiation, while the area under the traces depends
also on crack propagation. Fracture is initiated at a
relatively small force and catastrophic failure occurs
in a few milliseconds with small energy consump-
tion. The presence of a small amount of wood
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Figure 5. Effect of composition and interfacial adhesion on
the impact resistance of multicomponent PP/wood
composites. Composition and symbols are the
same as in Figure 1.

Figure 6. Force vs. time traces recorded by instrumented
impact testing on selected multicomponent PP/
wood composites. Elastomer content is 20 wt%.
a) PP, b) PP/6 vol% wood, c) PP/47 vol% wood,
d) PP/47 vol% wood/MAPP, e) PP/EPR, f) PP/
13 vol% wood/EPR, g) PP/47 vol% wood/EPR.



increases initiation force and does not change the
time to failure much, which leads to increasing frac-
ture energy (Figure 6b). We assume that debonding
is the dominating micromechanical deformation
process in these composites, which requires surplus
energy consumed by the debonding process itself
and the subsequent plastic deformation. At larger
amount of wood (47 vol%, Figure 6c) stiffness and
initiation force increase further, but increased stiff-
ness leads to smaller plastic deformation and reduced
energy of fracture (see also the slight maximum in
Figure 5). Improved adhesion, i.e. the presence of
MAPP, results in a significant increase in initiation
force, but increased stiffness reduces the resistance
against crack propagation thus overall fracture
resistance remains practically constant (Figure 6d).
The polymer containing the elastomer behaves
completely differently. The elastomer increases the
resistance against initiation (see Fmax~240 N), but
catastrophic failure does not occur, the propagation
of the crack needs constant energy supply (Figure
6e). The addition of wood to the PP/elastomer blend
increases stiffness and facilitates crack propagation
(Figure 6f) and at large wood content the traces,
thus the fracture process, becomes similar, if not the
same, as without the elastomer (Figure 6g). Both
initiation force and the time to fracture decrease
significantly with increasing wood content.
The comparison of the force vs. time traces of Fig-
ure 6 indicates that the two components change
both crack initiation and propagation. Wood content
and adhesion have larger effect on the first, while
elastomer on the second. The critical stress intensity
factor, KIc, was calculated by Equation (1) [52]:

KIc = !FYa1/2                                                         (1)

where !F is the maximum force recorded during
fracture (see Figure 6), a the depth of the notch and
Y is a factor depending on the dimensions of the
specimen and on loading conditions. The effect of
the components on the critical stress intensity fac-
tor, KIc, is presented in Figure 7. We can clearly see
the influence of the various processes and factors
on the variation of KIc. The combined effect of rein-
forcement and increasing stiffness is reflected in the
maximum of the correlation obtained for the PP/
wood composites ($). The continuously increasing
KIc of the PP/wood/MAPP composite indicates that
debonding must play an important role in failure (!).

Increasing wood content leads to decreasing initia-
tion resistance in the presence of the elastomer (")
and the combined effect of elastomer content, adhe-
sion and wood content is shown by the correlation
obtained for PP/wood/EPR/MAPP composites (!).
Although the critical stress intensity factor changes
in a wide range, crack propagation seems to domi-
nate fracture resistance and the effect of wood is
stronger than that of the elastomer when both com-
ponents are present. Obviously crack propagation
becomes fast and plastic deformation small when
the matrix contains large amounts of wood.
Further information can be obtained about the effect
of the main factors, if we analyze the composition
dependence of fracture resistance with the help of a
simple model developed earlier [53], shown in
Equation (2):

                          (2)

where an and an0 are the impact resistance of the
composites and the matrix, respectively, E/E0 is the
relative stiffness of the composites, " is the volume
fraction of the dispersed component and B expresses
the effect of this latter on impact resistance. Accord-
ing to the model impact resistance is influenced by
four factors: matrix property (an0), the decrease of
the deformability of the polymer with increasing
amount of reinforcement (E/E0), changing load-
bearing cross-section [(1 –%")/(1 + 2.5")], interfa-
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Figure 7. Dependence of the critical stress intensity factor
(KIc) on composition and interfacial adhesion.
Composition and symbols are the same as in Fig-
ure 1.



cial interactions and all additional factors [exp(B")].
The model proved to be valid for a large number of
particulate filled, elastomer modified and multi-
component materials [53]. In these latter the analy-
sis is somewhat difficult since different approaches
can be adopted. PP can be regarded as the matrix,
the role of the elastomer ignored and only fiber con-
tent used as independent variable. This route is obvi-
ously wrong because of the influence of the elas-
tomer on both fracture initiation, but especially on
crack propagation. The PP/elastomer blend can be
also regarded as matrix, while the third possibility
is to investigate the combined effect of the additives
in the PP matrix. Since the analysis of structure
indicated the separate dispersion of the compo-
nents, we followed the last route.
If we transform Equation (2) to calculate reduced
impact strength by dividing composite impact
strength with the factors accounting for matrix
property, deformability and load-bearing cross-sec-
tion we arrive to Equation (3):

            (3)

and, if we plot the natural logarithm of this quantity
against filler content, we should obtain a straight
line the slope of which is parameter B. This latter
expresses the effect of the dispersed component on
fracture resistance compared to zero effect, i.e. a
composite containing the amount of holes corre-
sponding to ". This means that a filler, reinforce-
ment or other component can have a positive effect
on impact resistance even if the actual numbers
decrease compared to the matrix value. B is influ-
enced by interfacial interactions, but also by struc-
tural effects like particle or matrix orientation,
aggregation, etc.
The results obtained for five series are presented in
in Figure 8. We can see two sets of lines, one with
large slopes corresponding to two-component PP/
elastomer blends, and the other to composites con-
taining both elastomer and wood. The combined
amount of wood and elastomer is used as composi-
tional variable for these latter composites. We can
see that straight lines are obtained in all cases
indeed. The slope for the PP/elastomer blends is
very large and similar to each other in agreement

with the known fact that elastomers increase the
impact resistance of PP considerably. The EPR used
has a slightly larger effect than the MAEPDM
selected. More interesting are the three-component
PP/wood/elastomer composites. The smaller slopes
express the weaker effect of wood on impact resist-
ance, while the intercepts which differ from the cor-
responding matrix property express the combined
effect of the elastomer and the orientation of the
fibers. The slope of the line for the PP/wood/elas-
tomer composites prepared without MAPP (")
shows that wood has very little positive effect on
impact resistance and that it comes mainly from the
energy needed for debonding and from a slight hin-
drance of crack propagation. Adhesion influences
the fracture process strongly and the effect of wood
on it (!), B increases considerably compared to the
previous case. This change is caused, in all probabil-
ity, by the increase of initiation force (see Figure 7).
On the other hand, the smaller intersection indicates
that adhesion counteracts the positive effect of the
elastomer. Parameter B of the composites contain-
ing MAEPDM is only slightly larger than that
obtained for EPR, which confirms the similarity of
structures and the separate distribution of the com-
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Figure 8. Model calculations carried out for the analysis of
the effect of components on the impact resistance
of three-component PP/wood/elastomer compos-
ites (see Equations (2) and (3) and the calculated
parameters in Table 1). Symbols: (&) PP/EPR,
(') PP/MAEPDM blend; the rest of the symbols
are the same as in Figure 1.



ponents. The parameters determined by the model
calculations are compiled in Table 1 and support our
considerations presented above. We can conclude
from all these results that although the presence of
wood improves resistance against crack initiation, it
facilitates crack propagation very much and thus
becomes the dominating factor determining fracture
toughness at large wood content.

3.4. Correlations, consequences
The application of multicomponent materials in
practice indicates that the approach of the simulta-
neous use of an elastomer and a reinforcing filler or
fiber results in composites which, at least in certain
cases, have large stiffness and considerable impact
resistance at the same time. The materials prepared
in this study failed to meet this requirement espe-
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Table 1. Effect of elastomer impact modifier and wood reinforcement on the impact resistance of three-component
PP/wood composites; results of model calculations (see Equations (2) and (3))

acalculated impact resistance of the matrix
bdetermination coefficient, goodness of the linear fit
cat 20 wt% elastomer content

Component
Intersection an0c

a

[kJ/m2] B R2b
Wood Elastomer MAPP

– EPR – 1.46 4.32 18.22 0.9746
– MAEPDM – 1.67 5.31 16.85 0.9269
+ EPRc – 3.02 20.44 1.61 0.9951
+ MAEPDMc – 2.27 9.67 2.93 0.9822
+ EPRc + 1.97 7.20 4.30 0.9989

Figure 9. SEM micrographs recorded on the fracture surface of multicomponent PP/wood composites; study of deforma-
tion and failure mechanism. The surfaces were created in impact testing. a) PP/20 wt% EPR, b) PP/
6 vol% wood/20 wt% elastomer, c) PP/29 vol% wood/20 wt% elastomer, d) PP/29 vol% wood/20 wt% elas-
tomer/MAPP.



cially in the usual range of wood contents. Previous
sections showed the main factors influencing frac-
ture toughness. In a further attempt to reveal the
reason for the lack of success, we analyzed the frac-
ture surface of various samples by SEM. Only a few
examples are shown here to support conclusions
drawn in previous sections. Figure 9a shows the
fracture surface of a specimen prepared at large
elastomer content. We can see that the presence of
the elastomer results in considerable plastic defor-
mation as expected. This effect depends on the par-
ticle size of the droplets, their dispersion, the prop-
erties of the elastomer and interaction. Differences
in these factors explain the dissimilar effect of the
EPR and the MAEPDM used here. Wood on the
other hand, decreases fracture resistance generally,
in spite of the fact that debonding consumes energy.
The micrograph in Figure 9b proves that very lim-
ited plastic deformation occurs in the presence of
even a small amount (6 vol%) of wood and the
dominating deformation process is debonding. The
fact that debonding is dominating in composites not
containing MAPP, i.e. at poor adhesion, is shown
by Figure 9c in which debonding dominates accom-
panied by limited pull-out and fiber fracture. At
strong adhesion, the main deformation process is
the fracture of the fibers (Figure 9d) which is fur-
ther facilitated by the continuously increasing stiff-
ness with increasing fiber content. Larger stiffness

results in smaller deformability in spite of the pres-
ence of the elastomer and large fiber content
increases the probability of fiber related processes.
The domination of these latter and the additive effect
of the two components are demonstrated quite con-
vincingly by Figure 10 in which impact resistance
is plotted against the relative ratio of the two com-
ponents, i.e. elastomer ("e) and wood ("w). A unique
and very close correlation is obtained with larger
deviations at large elastomer and small wood con-
tent. In order to address our main question, i.e. the
possibility of simultaneously increasing impact resist-
ance and stiffness, the former property is often plot-
ted against the latter. The correlation of the two
quantities is presented for the series of composites
discussed throughout this paper in Figure 11. Sup-
porting very much the conclusions of the previous
figure, the composites can be divided into two
groups, to those containing an elastomeric compo-
nent and to the two prepared without it. We can see
that impact resistance is dominated by fiber related
processes, debonding or fiber fracture, and failure is
accompanied by very small energy consumption in
the latter. This demonstrates again the importance
of crack propagation against crack initiation, since
resistance against the latter increased quite signifi-
cantly with fiber content especially in the case of
good adhesion (see Figure 7). The other three sets
of composites show the usual inverse correlation of
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Figure 10. Impact resistance of multicomponent PP/wood
composites plotted against the ratio of elastomer
and wood volume fractions ("e/"w). Symbols are
the same as in Figure 1. Results obtained at all
elastomer contents (5, 10 and 20 wt%) are plot-
ted in the figure.

Figure 11. Correlation of impact resistance and stiffness for
the five series of composites discussed in the
paper. Composition and symbols are the same as
in Figure 1.



the two properties characteristic for most structural
materials. Very little deviation is observed from the
general tendency, but based on the figure we may
conclude that separate dispersion is slightly more
advantageous than the embedding of the particles
through the use of a functionalized elastomer. Fig-
ure 11 clearly proves that wood cannot be used in
the usual large amounts in composites intended for
application in which large stiffness and toughness is
required. Failure occurs very easily even at small
wood contents because of easy debonding and frac-
ture of the particles caused by their large size. Fur-
ther study is needed, however, to check the effect of
embedding, since all results indicated only limited
extent of encapsulation in our composites in spite of
the use of the functionalized elastomer.

4. Conclusions
The study of the structure of three-component PP/
wood/elastomer composites showed that the com-
ponents are dispersed independently of each other
even when a functionalized elastomer is used for
impact modification, at least under the conditions of
this study. The stiffness of the composites increases
with wood content, but good adhesion, i.e. coupling
is needed to improve strength. Impact resistance
does not change much as a function of wood con-
tent in PP/wood composites, but decreases drasti-
cally from the very high level of the PP/elastomer
blend to almost the same value as obtained without
the impact modifier. Increasing stiffness and fiber
related micromechanical deformation processes
lead to small fracture toughness at large wood con-
tent. These processes depend mainly on PP/wood
adhesion; debonding and pull-out take place at poor
adhesion, while fiber fracture dominates when adhe-
sion is strong. Composites with sufficiently large
impact resistance cannot be prepared in the usual
range of wood contents (50–60 wt%). Separate dis-
persion of the components seems to favor some-
what larger impact resistance, but the effect is slight
and needs further checking.
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1. Introduction
Polymer layered silicate (PLS) nanocomposites are
materials in which the reinforcing elements (called
nanofillers) are nano-sized at least in one direction
leading to very high aspect ratio (length/thickness
> 100), surface area (100–1000 m2/g), and surface
area to volume ratio [1–2]. The interfacial effects
are therefore predominant in that case com-pared
with the conventional reinforcements like talc or
glass fibers even at very low filler loading level
(around 5 wt%). Proper dispersion of nanofillers is
a key issue, and as soon as it is achieved, is reflected
in superior specific mechanical, thermal, flame retar-
dancy and barrier properties [1–2]. The most com-
monly developed polymer nanocomposites are based
on clay silicate layered nanoplatelets and montmo-

rillonite is the most widely used among them due to
its natural abundance and high aspect ratio. The
extent of property improvement mainly depends on
the dispersion and/or exfoliation of clay nano -
platelets. The exfoliation of clay platelets is an uphill
task, particularly in non-polar polymer like poly -
propylene (PP) because of the unfavorable enthalpic
interaction with the highly hy-drophilic clay, which
prohibits the diffusion of polymer molecules into
the intergallery space. Even if attempts have been
made to use pristine (unmodified) clay [3–6], mod-
ification of clay with organic agents and addition of
compatibilizers such as maleic anhydride (MA) are
common solutions used to improve the interaction
between PP and clay nanoplatelets. Thereby improved
dispersion and thus mechanical properties may be
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achieved [7–14] even if full exfoliation cannot be
obtained in PP matrices due to the huge polarity dif-
ference between the matrix and the clay [15, 16].
The most popular manufacturing process to pro-
duce in an economically viable way very complex
shape thermoplastic parts for various industrial appli-
cations in a single and rapid automatic step (mass
production) is injection molding. However, various
parameters viz. screw rotation speed, back pressure,
injection flow rate, mold temperature, melt temper-
ature, holding pressure, etc., are likely to affect the
properties of the injection molded products. The
influence of the above-mentioned parameters on
mechanical properties of PP was studied exten-
sively [17–19]. However, the literature available on
the influence of these parameters on the dispersion
of the nanoplatelets in the clay-based nanocompos-
ites is still limited. Authors mainly focused on extru-
sion process [20–25].
Besides, direct processing (i.e. addition of the nano -
fillers directly into the host polymer matrix so as to
reach the targeted particle weight content) was gen-
erally used in the above-mentioned studies. How-
ever, masterbatch-based nanocomposites process-
ing (i.e. dilution in a host thermoplastic of a master-
batch highly concentrated in nanofillers) is usually
preferred by plastics converters as it avoids direct
handling of health hazardous and environmentally
unfriendly nanomaterials in industrial production
workshops. Nevertheless, the influence of the mas-
terbatch-based processing conditions on the nano -
filler dispersion in polymer nanocomposites is
sparsely reported in the literature [25–29].
It is therefore worth clarifying the relationship
between various injection-molding conditions and
the dispersion of clay nanoplatelets in the case of PP
nanocomposites obtained by melt-mixing from a
PP/clay masterbatch. The influence of injection flow
rate, holding pressure, back pressure and screw
rotation speed will be investigated in particular in
this study, the nanoclay dispersion being assessed
using dynamic rheological measurements.

2. Background on assessment of nanofiller
dispersion by dynamic rheological
measurements

The main issue to solve is to get a representative
evaluation of the dispersion degree at the macro-
scopic scale. Transmission electron microscopy and

X-ray diffraction are widely used but provide quali-
tative assessment only. Alternatively, dynamic rhe-
ology may provide a semi-quantitative evaluation
of the clay nanoplatelets dispersion degree as the
reduction of the filler size down to nanometric scale
substantially modifies the viscoelastic properties of
filled polymers [30–33].
Actually, it is well admitted that the exfoliated and/
or disordered intercalated silicate layers form a net-
work type structure rendering the system highly
elastic as revealed by the appearance of a secondary
plateau for the dynamic storage modulus (G!) in the
low frequency regime. This gradual change of the
behavior from liquid-like to solid-like is mainly
correlated to the extent of dispersion and distribu-
tion of the clay platelets that form a three-dimen-
sional percolating network. The tendency of forma-
tion of this mesoscopic structure gradually increases
with increasing degree of dispersion of the silicate
layers in the polymer matrix. The existence of the
solid-like rheological behavior of the polymer/clay
nanocomposites is attributed to the frictional inter-
actions between the highly anisotropic silicate lay-
ers. They become particularly significant when per-
colation (defined as the formation of a long range
connectivity) is obtained leading to a frequency
independent behavior at the lower frequencies.
Hoffmann et al. [34] confirmed that the higher stor-
age moduli (G!) and the lower terminal slope in G!
vs frequency (!) plot illustrated the profound inter-
action between the silicate platelets and their trend
to form a three dimensional superstructure. Accord-
ing to Chow et al. [35], the stability of the clay dis-
persion can be related to the terminal slope, i.e. the
higher the slope the less stable the clay dispersion.
Moreover, the appearance of a stronger shear thin-
ning effect and higher complex viscosity (|"*|) in
the lower frequency region indicates a strong inter-
calation and/or exfoliation process of clay platelets.
According to these authors, if the clay layers are
well separated from each other (i.e. at exfoliated
stage), then shear thinning is more likely to occur
than in the case of intercalated composites. Also,
the frictional and electrostatic interactions between
the many dispersed clay platelets can lead to higher
complex viscosity value. Wang et al. [36] also dis-
cussed this issue. The silicate sheets have positively
charged edges and negatively charged faces. This
electrostatic interaction between the exfoliated clay

                                                Rajesh et al. – eXPRESS Polymer Letters Vol.6, No.3 (2012) 237–248

                                                                                                    238



platelets leads to strong filler-filler interaction
between the clay platelets. The closer vicinity of
these clay platelets, probably due to the larger num-
ber density and the electrostatic interaction between
them, is responsible for higher complex viscosity
since the oriented clay platelets under shear field
can recover quickly after shear cessation. Galgali et
al. [8] suggested that the dramatic decrease in creep
compliance of compatibilized PP-clay nanocom-
posites could be due to the frictional interaction
between the clay platelets. Therefore larger shear
force is required to overcome this frictional interac-
tion between the clay platelets leading to higher
complex viscosity value.
Finally, all the authors agree about the correlation
between the rheological properties of the nanocom-
posites at low frequency and the nanofiller dispersion
degree. Thus, the comparison of the rheological prop-
erties at low frequency of different nanocomposites
obtained using various injection molding conditions
may allow assessing the influence of each injection
molding parameter on the dispersion degree of the
clay nanoplatelets.

3. Experimental
The materials studied were 4 wt% organoclay filled
PP nanocomposites (NC) prepared by diluting a
masterbatch containing 40 wt% clay (Nanoblend
1001, PolyOne, USA) with PP homopolymer with a
MFI of 12 g/10 min (B10FB, PolyChim, France) by
melt blending technique using a twin screw extruder
(BC 45, Clextral, France) with length/diameter ratio
L/D = 28. The compounding was carried out using a
rotation speed of 70 rpm at a flow rate of 9 kg/h.
The barrel and die temperature settings ranged from
200 to 220°C. In these conditions the residence time
was about 5 min. The neat PP and extruded PP nano -
composites were injection-molded using a 800 kN
clamping force injection molding machine (KM80,
Krauss Maffei, Germany). The geometry of the injec-
tion-molded samples was a 2 mm thick box with a
U shape (Figure 1) so as to roughly reproduce the
geometry of many industrial parts (boxes, bumper,

dash board insert …). The mould cavity was fed by
a sprue gate. The set-up injection molding condi-
tions (L at low level and H at high level) are com-
piled in Table 1. The parameters levels were chosen
considering the capacity of the injection-molding
machine. Preliminary tests were carried out with the
studied materials to determine the possible range of
parameters (processing window). For instance, the
boundaries of holding pressure are the maximum
holding pressure reachable by the injection molding
machine and the minimum pressure giving a part of
good quality.
The designation of the various samples obtained
that way is the following: PP-H and NC-H, respec-
tively, for the PP and PP nanocomposites which
were injection-molded with all set-up parameters at
high levels; PP-L and NC-L, respectively, for the PP
and PP nanocomposites which were injection-
molded with all set-up parameters at low levels. The
influence of individual injection molding parame-
ters on the nanoclay dispersion was studied using a
L16 (215) orthogonal array design of experiment
(DOE) based on the Taguchi method [37]. The DOE
was based on four factors (injection flow rate (Q),
holding pressure (HP), back pressure (BP), screw
rotation speed (SS)) and two interactions between
factors (injection flow rate/holding pressure and
screw rotation speed/back pressure). The others pro-
cessing parameters (holding time, cooling time…)
were kept constant. The designation of the nano -
composites samples used for Taguchi analysis is
NC-X where X denotes the trial number. Table 2
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Figure 1. Typical part manufactured by injection moulding

Table 1. Factors (injection molding parameters) and levels selected in the DOE
Factors

Assigned test level Injection flow rate (Q)
[cm3/s]

Holding pres-sure (HP)
[bar]

Back pressure (BP)
[bar]

Screw speed (SS)
[rpm]

Assigned set-up
level

High level (H) 50 350 65 90
Low level (L) 25 250 35 50



gathers the injection-molding parameters of the
nanocomposites samples used for the Taguchi analy-
sis.
The dynamic rheological tests were carried out on
samples cut from the edge of the U-shaped injec-
tion-molded parts using a rotational rheometer
(ARES, Rheometric Scientific, USA) in dynamic fre-
quency sweep mode starting from 0.1 to 100 rad/s
at 170°C under air atmosphere. The cone and plate
configuration with a cone angle of 0.1 rad was used.
All the tests were performed at 10% fixed strain
rate in the linear viscoelastic domain. PP nanocom-
posites have a linear viscoelastic behavior until a
strain amplitude of about 30%. Storage modulus
(G!) and complex viscosity (|"*|) were calculated
from the tests with data collected at ten points per
decade.
Mechanical properties of all compounded materials
were determined on standard injection-molded test
specimens. Young modulus and elongation at break
of the molded dog bone shaped test specimens were
measured using a tensile machine (Instron 1185,
USA) at a crosshead rate of 20 mm/min at 25°C
according to ISO 527 standard. Charpy notched and
un-notched impact tests were carried out as per ISO
179-1 standard at 25°C using an impact pendulum
(Zwick, Germany). All the reported values were
calculated as average over five specimens for each
composition.

Morphological analysis was performed on cryofac-
tured surfaces of nanocomposites. A thin layer of
carbon was sputter deposited onto the sample. Imag-
ing of the nanocomposite was carried out under high
vacuum with an Scanning Electron Microscope (S-
4300SE/N, Hitachi, Japan) operating at 5 kV.
Structure of the nanocomposites was evaluated by
Transmission Electron Microscopy (TEM) on injec-
tion-molded samples. Ultrathin sections were cut at
ambient temperature with a microtome (Leica
Reichert FCS) and collected on a 300 mesh copper
grid before observation by TEM microscope (Leo
922).

4. Results and discussion
4.1. Effect of processing conditions on

nanofiller dispersion
Rheological measurements were used to evaluate
the dispersion of the clay nanoplatelets for nano -
composites (NC-L and NC-H) obtained by injection
molding with different processing parameters. For
comparison purpose the neat PP (PP-L and PP-H)
was injection molded in the same conditions. Com-
pared to PP-L and NC-L, the nanocomposite NC-H
and the PP-H were injection molded with a higher
injection flow rate, holding pressure, back pressure
and rotational speed so as to increase the dispersion
of the clay platelets.
Figures 2 and 3 show the storage modulus (G!) and
complex viscosity (|"*|) as a function of frequency
(!) respectively. The different processing parame-
ters have no significant effect on the rheological
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Table 2. L16 (215) orthogonal array used for the Taguchi
DOE

Trial #
Injection
flow rate

(Q)

Holding
pres-sure

(HP)

Back
pressure

(BP)

Screw ro-
tation

speed (SS)
NC-1 (NC-H) High High High High
NC-2 Low High High High
NC-3 High Low High High
NC-4 High High Low High
NC-5 High High High Low
NC-6 High High Low Low
NC-7 High Low High Low
NC-8 High Low Low High
NC-9 Low High High Low
NC-10 Low High Low High
NC-11 Low Low High High
NC-12 Low Low Low High
NC-13 Low Low High Low
NC-14 Low High Low Low
NC-15 High Low Low Low
NC-16 (NC-L) Low Low Low Low

Figure 2. Storage modulus (G!) as a function of frequency
for PP and PP nanocomposites injection molded
with all process parameters set-up at low (PP-L,
NC-L) level and high (PP-H, NC-H) level



behavior of the polymer matrix, the G! and |"*|
curves being similar for both PP samples (PP-L and
PP-H). G! at low frequency is higher upon addition
of clay into PP. Moreover, the rheological proper-
ties are modified depending on injection molding
parameters. The storage modulus G! of the NC-H
nanocomposite is higher than the one of the NC-L
nanocomposite. As no significant effect of the injec-
tion molding parameters is noticed for neat PP, this
difference may be ascribed to the improved disper-
sion of nanoclay when injection flow rate, holding
pressure, back pressure and screw rotational speed
increase.
Both nanocomposites NC-L and NC-H show no
percolation as G! is frequency dependent even at
low frequency (Figure 2). This might be explained
by the limited dispersion degree due to unfavorable
interaction between PP and clay nanoplatelets and
by the low clay content (4% wt), whereas the perco-
lation is generally observed at higher clay concen-
tration [8]. Moreover, this tends to evidence that
exfoliation does not occur during injection molding
leading to intercalated nanocomposites with a dis-
persion degree insufficient to achieve a percolation
effect. However, during the injection molding process
of NC-H nanocomposites, due to better plasticating
and/or more severe shearing conditions, the size of
the clay tactoids is reduced and the aspect ratio
increases. This issue will be discussed later on the
basis of microstructural characterization.
The evolution of the complex viscosity |"*| of both
PP references (PP-L and PP-H) is quite similar at all
frequencies (Figure 3). In the case of nanocompos-

ites (NC-L and NC-H), the viscosities are higher
deviating from the behavior of neat PP. The viscos-
ity is also clearly higher for NC-H nanocomposite
compared to NC-L nanocomposite confirming the
better dispersion obtained in this latter case.
In order to quantitatively assess the clay platelets
dispersion in the PP matrix, the storage modulus G!,
complex viscosity |"*|, terminal slope and shear
thinning coefficient n values of PP and its nano -
composites at 0.1 rad/s are compiled in Table 3. The
terminal slope is defined as the slope of the G! vs
frequency (!) curve in the low frequency region
(below 100 rad/s). The shear thinning coefficient is
defined as the n exponent of the power law fitting
the complex viscosity vs frequency (!) curves. At
low frequency (0.1 rad/s), the storage modulus and
complex viscosity are higher for NC-H than for
NC-L nanocomposites. This could be explained as
follows. NC-L nanocomposite being molded at lower
injection flow rate (meaning lower shear induced
during injection step), larger particles are present.
The number density of clay platelets and tactoids is
therefore lower and might be less than the critical
level required to significantly modify the rheologi-
cal behavior in the low frequency region. Micro-
graphs of cryo-fractured surfaces indicate a number
of clay platelets lower for NC-L (Figure 4a) than
for NC-H (Figure 5a). Lower number of silicate
particles coupled with poor affinity with the apolar
PP matrix leads to slightly lower storage modulus
and complex viscosity values for NC-L compared
to NC-H. Lots of voids or micro-cracks on the sur-
face confirm the poor filler-matrix bonding in both
NC-L and NC-H. The other important parameters
(viz. back pressure and screw rotation speed) that
control the plastication step during which the dis-
persion process generally begins, were also set up at
the lower level. These lower level of injection-mold-
ing parameters do not promote the delamination of
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Figure 3. Complex viscosity (|"*|) as a function of fre-
quency for PP and PP nanocomposites injection
molded with all process parameters set-up at low
(PP-L, NC-L) level and high (PP-H, NC-H) level

Table 3. Terminal slope, storage modulus G!, shear thinning
coefficient n and complex viscosity |"*| at 0.1 rad/s
of PP and PP/clay nanocomposites

Material Terminal
slope

Storage
modulus,
G! [Pa]

Shear
thinning

coefficient, n

Complex
viscosity, 
|"*| [Pa·s]

PP-L 1.23 48 –0.14 3110
PP-H 1.21 49 –0.15 3104
NC-L 1.00 71 –0.26 3620
NC-H 0.98 107 –0.28 5270



the clay tactoids and the homogeneous dispersion
of clay platelets. Therefore, the dispersion degree of
clay platelets may be lower in NC-L than in NC-H.
SEM micrographs (Figure 4b and 5b) also confirm
this and hence explain lower storage modulus and
complex viscosity values measured for NC-L nano -
composites.
TEM observations (Figure 6 and 7) further provide
supporting evidence of the above-mentioned trend.
Clay platelets are dispersed as tactoids and the
structure of both nanocomposites is intercalated.
Few isolated platelets are observed. However, in the
case of NC-H nanocomposite some exfoliated clay
platelets are visible, even if not in a sufficient num-
ber to influence significantly the rheological prop-
erties of the nanocomposites. The comparison of
NC-H and NC-L nanocomposites TEM observa-
tions demonstrates clearly that the dispersion
degree is higher in the case of NC-H nanocompos-
ite which presents tactoids of smaller size (length

below 1 "m and width around 200 nm) and thus
higher interface area.
However, as attested by the rheological measure-
ments, none of the nanocomposites presents a suffi-
cient dispersion of the layered silicate as the New-
tonian plateau remains. Indeed, the increase of G!
and |"*| is usually attributed to the formation of sta-
ble three-dimensional network structures, which
might consist of exfoliated clay platelets in larger
extent because the percolation network could be
built in any polymers regardless of its polarity and
molecular weight [38]. Moreover, NC-L and NC-H
nanocomposites have low shear thinning behavior
compared to results reported elsewhere [39]. Even
if the dispersion is improved in the case of NC-H
compared to NC-L, no or few exfoliation has
occured and the extent of intercalation is limited
compared to the dispersion commonly obtained in
the case of PA6 nanocomposites [40–43].
In order to evaluate the effect of the injection-mold-
ing induced dispersion of clay, the mechanical
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Figure 4. SEM images of cryo-fractured surface of NC-L nanocomposite at low (a) and high (b) magnification

Figure 5. SEM images of cryo-fractured surface of NC-H nanocomposite at low (a) and hig (b) magnification



properties of the nanocomposites NC-L and NC-H
were measured and compared to neat PP. The val-
ues of tensile properties (Young modulus, yield

stress, stress and elongation at break) and Charpy
impact strength are reported in Table 4.
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Figure 6. TEM images surface of NC-L nanocomposite at low (a) and high (b) magnification

Figure 7. TEM images surface of NC-H nanocomposite at low (a) and high (b) magnification

Table 4. Tensile and Charpy impact properties of PP and PP nanocomposites (average value±standard deviation)

Material
Young

modulus
[MPa]

Yield stress
[MPa]

Tensile el-ongation
at break

[%]

Stress at break
[MPa]

Impact strength –
unnotched

[kJ/m2]

Impact strength –
notched
[kJ/m2]

PP-L 1280 ± 20 28.9 ± 0.3 616 ± 15 35.2 ± 0.6 117 ± 8 2.4 ± 0.2
PP-H 1254 ± 23 28.8 ± 0.3 613 ± 12 34.7 ± 0.5 120 ± 9 2.3 ± 0.1
NC-L 1617 ± 54 35.3 ± 0.6 100 ± 22 8.7 ± 6.1 52 ± 4 4.3 ± 0.9
NC-H 1687 ± 45 35.6 ± 0.6 103 ± 23 12.9 ± 5.2 64 ± 8 3.9 ± 0.9



Compared to neat PP (PP-L and PP-H), the increase
of the Young modulus for NC-L is about 25%
whereas the increase for NC-H is slightly higher
(30% compared to PP). The dispersion degree does
not significantly modify the yield stress. The influ-
ence of the clay dispersion degree is much more
visible on the stress at break. The higher dispersion
degree in the case of NC-H nanocomposite tends to
increase significantly (+50%) the stress at break.
Whereas the elongation at break is usually expected
to be influenced by the dispersion state, the differ-
ence between NC-L and NC-H is here negligible,
considering the decrease of ductility when the clay
platelets are added into the PP matrix and the stan-
dard deviations (experimental data dispersion).
A similar trend is observed for the unnotched
impact strength (e.g. toughness decrease upon addi-
tion of nanoclay into PP). Conversely, in the case of
notched impact strength, the nanocomposites NC-L
and NC-H have a higher toughness compared to PP.
This is due to the fact that notched impact behavior
is controlled to a greater extent by factors affecting
the propagation of fracture due to stress concentra-
tion at the notch tip. The presence of dispersed clay
tactoids may restrict the propagation leading to
higher toughness as already observed in the case of
PP/carbon nanotube nanocomposites [44, 45]. Con-
cerning the impact strength, the toughness of the
better dispersed NC-H nanocomposites tends to be
higher (+20%) when measured on unnotched sam-
ples.
Finally, it may be concluded that the clay dispersion
is influenced by the injection molding conditions.
This difference of dispersion degree is sufficient to
lead to variations in mechanical properties and thus
justifies the optimization of the injection molding
parameters so as to take the most of these nanocom-
posites.

4.2. Optimization of processing parameters
A Taguchi Design Of Experiment (DOE) was used
to point out the extent of influence of individual
injection molding parameters (also called factors)
and their interactions on the nanoclay dispersion
[37]. The storage modulus G! was chosen as output
parameter for the Taguchi analysis because of its
correlation with the nanoplatelets dispersion as
already discussed previously. Figures 8 and 9 respec-
tively present the influence of individual injection
molding parameters and the influence of the inter-
actions (Taguchi effect graphs). Figure 10 shows
the contributions of the individual parameters and
interactions to the storage modulus determined
from the DOE.
This Taguchi analysis indicates that injection flow
rate and back pressure are the two most important
individual injection molding parameters that govern
the storage modulus of PP/clay nanocomposites and
thus, the nanoplatelets dispersion degree. Among
them injection flow rate is the dominant factor.
Screw rotation speed has little effect. Holding pres-
sure does not show any effect. Therefore the opti-
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Figure 8. Effect of injection molding parameters on storage
modulus G! of PP/Clay nanocomposites – Stan-
dard deviations represent data scattering when the
considered factor is set-up to its low or high level
in the Taguchi DOE

Figure 9. Influence of interactions between injection molding parameters on storage modulus G! of PP/clay nanocomposites



mum injection molding condition for PP nanocom-
posites leading to the higher storage modulus should
have higher injection flow rate, higher back pres-
sure and higher screw rotation speed. The storage
modulus data reported in Table 5 confirm this trend.
A reduction in holding pressure (NC-3) does not
affect the storage modulus significantly compared
to NC-H. However, the reduction in any of other
three injection molding parameters lowers the stor-
age modulus compared to NC-H, although the
extent of decrement depends on the considered
injection molding parameter. This set of optimum
conditions leading to the highest storage modulus
was logically expected because the dispersion of
clay layers begins at the plastication step, which

involves parameters such as back pressure and
screw rotation speed [46]. Generally a higher plasti-
cation effect would result in a better distribution
and/or dispersion of clay layers. The increase of
shearing force due to the high screw rotation speed
causes a better dispersion of clay layers whereas the
high back pressure further promotes the dispersion
and favors the distribution of the clay domains by
providing higher residence time in the barrel.
Taguchi analysis shows that the back pressure dis-
plays a higher contribution (more than twice) as
compared to the screw rotation speed. It tends to
prove that, considering the plastication step, the
optimization of the nanoclay dispersion requires the
increase of the residence time more than the
increase of shearing. After the plastication step, the
injection step is crucial considering that the injec-
tion flow rate is the most important parameter and
brings a huge change in the storage modulus values
(comparison of NC-H and NC-2). The very high
shearing forces induced during the injection step
may promote the final delamination of the clay tac-
toids homogeneously distributed during the plasti-
cation step.
The interactions between injection flow rate and
holding pressure (Q-HP), and between the back
pressure and screw rotation speed (BP-SS) were
also considered (Figure 9) The interaction between
the screw rotation speed and the back pressure has a
significant influence on the storage modulus when
compared with the contribution of the correspon-
ding factors. Also, the interaction between holding
pressure and injection flow rate does not show any
effect on the storage modulus. The reduction in both
the back pressure and screw rotation speed results
in a drastic change in G! value of NC-H (compari-
son of NC-H and NC-14) from 107 to 59 Pa, which
is the lowest among all nanocomposites. The com-
bined effect of back pressure and screw rotation
speed on dispersion is not surprising as these param-
eters are intimately correlated to the plastication
step and promote a longer residence time [46].
Based on these results it can be concluded that the
optimization of injection molding parameters could
be done as follows. Increasing the shear using high
injection flow rate and increasing the residence
time by improving the plastication step (high screw
rotation speed and mainly high back pressure)
result in higher dispersion degree and thus, better
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Figure 10. Contribution of individual factors and interac-
tions between factors to the storage modulus
(G!) variations of PP/clay nanocomposites, from
the Taguchi DOE analysis

Table 5. Experimental data obtained by dynamic rheologi-
cal measurements – Storage modulus (G!) and
complex viscosity (|"*|) of PP/clay nanocompos-
ites at 0.1 rad/s 

Material G!
[Pa]

Complex viscosity,
|"*| [Pa·s]

NC-1 (NC-H) 107 5270
NC-2 74 4259
NC-3 104 5096
NC-4 79 4385
NC-5 76 4289
NC-6 59 3170
NC-7 73 3657
NC-8 74 3576
NC-9 59 3241
NC-10 62 3314
NC-11 58 3203
NC-12 63 3379
NC-13 80 4409
NC-14 86 4520
NC-15 66 3359
NC-16 (NC-L) 71 3620



mechanical properties. This is confirmed by rheo-
logical measurements as the better dispersion (high-
est G!) is obtained for NC-1 and NC-3, the two sam-
ples having these parameters at high level (i.e. Q =
50 cm3/s, BP = 65 bars and SS = 90 rpm).

5. Conclusions
Injection molding parameters influence the disper-
sion of clay in PP matrix as attested by the modifi-
cation of dynamic rheological properties of master-
batch-based melt-mixed PP/clay nanocomposites.
Nanocomposites injection-molded at higher back
pressure, screw rotational speed, injection flow rate
and holding pressure display higher storage modu-
lus and complex viscosity compared to those manu-
factured with process parameters set-up at lower
level. Such improvement achieved with more severe
injection molding conditions was attributed to opti-
mized dispersion during injection molding.
The effect of the dispersion degree of the nanoclay
on mechanical properties was evaluated. The Young
modulus, the Young modulus and the unnotched
Charpy impact strength were improved when more
severe injection molding parameters were used.
Based on a Taguchi analysis, the influence of the
individual injection molding parameters and of
their interactions on the dispersion was investi-
gated. The injection flow rate and the back pressure
are the most influent parameters because of higher
shear and longer residence time respectively. The
interaction between the back pressure and the screw
rotation speed also has a significant influence.
Dilution of highly concentrated PP/clay master-
batches in neat PP is a very promising way to pro-
duce polymer nanocomposites injection-molded
products in industrially viable conditions. However,
the injection molding machine set-up has to take
into account the specificity of the polymer nanocom-
posites. In particular, the dispersion of the nano -
platelets in the final part is a critical issue that
requires a careful optimization of the injection
molding parameters so as to obtain the expected
properties.
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1. Introduction
The high demands on tailor made materials such as
light weight but stiff construction, in addition to
aesthetic and haptic properties, are increasingly met
by advanced commodity plastics. Various fillers and
fibers with different particle size, shape, and sur-
face properties are applied to modify the material’s
stiffness, strength, and tribological behavior. These
are the visible improvements on the macroscopic
scale. However, on a mesoscopic scale the material
is multiphase and at the corresponding interfaces

the material is prone to various defects, as e.g. rup-
ture of elastomer particles resulting in voids [1].
One challenge is to characterize these defects in
engineering structures before and during the service
in order to visualize the actual mechanical state
(stress and strain), with an emphasis on the remain-
ing product life assessment. In the literature and in
practice many non-destructive testing and evalua-
tion (NDTE) methods have been introduced with
discussions regarding their limitations [2–6].
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Optical coherence tomography (OCT) is a non-
destructive and contactless method for high-resolu-
tion imaging of internal structures within turbid
media. Invented in the early 90’s [7], OCT was orig-
inally developed for biomedical applications and is
nowadays a well established tool for in vivo diag-
nostics of eye diseases [8]. In the materials sector, the
applications range from imaging of subsurface
cracks in ceramics or Teflon, to the investigation of
thin multi-layer foils, coatings and injection moulded
plastic parts [9]. In the subsurface regions of such
semi-transparent and translucent media OCT detects
microscopic size defects and structures with a spa-
tial resolution in the micrometer range [10]. The
penetration depth strongly depends on the attenua-
tion properties of the material (scattering and
absorption) in the used wavelength range. OCT uses
light in the near-infrared (800–1500 nm) and there-
fore composites containing conducting fibers (e.g.
carbon) or metal components are not suitable for
OCT imaging due to their opacity. However, a cus-
tomized OCT system is easy to operate, usually
requires no sample preparation and the measure-
ment head can be designed specially towards the
needs of the application, e.g. as a hand-held detec-
tor. In addition, this method allows the immediate
observation of a specimen and its inner structure
during material testing. OCT has lately also shown
high potential as a high resolution imaging method
for in-situ monitoring during arbitrary mechanical
loading of heterogeneous polymer structures [11].
Based on the principle of standard photoelasticity
[12], the so called polarization sensitive (PS-) OCT
[13] technique can yield depth resolved polarization
patterns. This method was proven to be applicable
for the non destructive quantification of internal stress
in polymer materials [14, 15], including dynamic
measurements during tensile tests [11], but shows
two major restrictions: First, samples becoming
strongly depolarizing under stress will not show
any polarization patterns, as it is the case for the spec-
imens presented in this work. Secondly, a PS-OCT
setup detects only stress induced birefringence per-
pendicular to the incident light beam, which leads
to a systematic error. A more promising approach is
speckle tracking. Since its invention in the 80’s
[16], digital image correlation (DIC) in combina-
tion with speckle tracking is used to determine the
local strain distribution on surfaces during mechan-

ical loading. In order to receive adequate speckles,
it is common practice to apply a stochastic color
spray pattern on the specimen surface. In contrast,
the depth resolved, OCT based method relies on
intrinsic speckles inside the real specimen that do
not only represent material related information but
also noise [17]. In addition, rigid-sample displace-
ment occurring during the testing procedure and
several imaging artifacts, like strong reflections at
defects, misalignments, or decreasing signal-to-
noise ratio over depth, require extended image
enhancement. Thus, existing DIC software does not
directly work on the recorded OCT images.
For this work tensile tests were performed on elas-
tomer particle filled PP polymer test bars. The local
strain on the surface was monitored with a stereo-
scopic full field strain analysis (FFSA) system
based on DIC. As complementary method depth
resolved measurements with an OCT system fol-
lowed by advanced data processing were performed
and the promising results are presented in the fol-
lowing.

2. Experimental setup and method
Based on white light interferometry, OCT employs
light in the near infrared spectral region [8, 18]. The
light coming from the optical source is split into a
sample and a reference interferometer arm, with the
latter one being terminated by a mirror. The light
back reflected from the reference mirror and the dif-
ferent sample structures is then recombined. The so
called spectral domain (SD-) OCT uses a broad-
band light source with the spectrum being detected
as a whole by the grating spectrometer, as depicted
in Figure 1a). The lateral (!x) and depth resolution
(!z) are independent and limited by the optics and
the square of the center wavelength !c over the
source bandwidth (!!) (with !z!(!c)2/(!!)), respec-
tively [19]. Thus, best resolution is achieved for
high bandwidth sources centered at shorter wave-
lengths. On the other hand, the penetration depth is
limited by the attenuation properties in the wave-
length range used. It was shown that for most poly-
mers measurements applying 1550 nm center wave-
length resulted in a more than doubled penetration
depth when compared to measurements performed at
800 nm [9]. Thus, the SD-OCT system was equipped
with a superluminescence diode centered around
1550 nm and a spectral width of 55 nm (Exalos,
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Switzerland), as well as an InGaAs line camera for
the spectrometer. This results in a depth resolution
of 19 µm in air, which corresponds roughly to 13 µm
in typical polymer materials with a refractive index
n ~ 1.45. The interferometer of the OCT setup was
built in a Michelson configuration, as shown in Fig-
ure 1a. A galvanometer mirror was used to scan the
specimen laterally at a lateral resolution of ~ 14 µm.
Cross sectional images (1000"512 pixels) with a
sensitivity of 95 dB over depth were acquired at a
frame rate of 4 Hz. A customized compact measure-
ment head allowed the integration into the tensile test-
ing machine (TestBench; Bose Inc; Michigan, USA)
that is depicted in Figure 1b. The full field strain
analysis based on DIC (ARAMIS, GOM Braun-
schweig, Germany) was performed by the stereo-
scopic system depicted in Figure 1c. As samples,
specimens of elastomeric particle filled poly -
propylene (PP) were investigated. The size of the
specimens was 35"10"2 mm3. Those specimens
were cut from an injection molded flat plaque with
a bench shear. Under identical testing conditions, the
materials were investigated during loading of the
tensile machine in situ with DIC and then with the
OCT-setup. To achieve a high temporal resolution
considering an OCT frame rate of 4 Hz, the tensile

tests were performed at a velocity of 0.01 mm/s.
The maximum displacement was 6.5 mm. Eight
specimens were investigated and in both experi-
ments they all showed necking similar in range and
position without fracture, with OCT and FFSA pro-
viding comparable results.
While the FFSA system surveyed the sample’s
upper surface in full length (xy-plane in Figure 2a),
the OCT images showed a cross sectional area of
9 mm in length and 3.5 mm in depth (xz-plane in Fig-
ure 2a). Figures 2b and 2c show two consecutive
OCT frames of the performed measurements. The
sample surface was slightly tilted with respect to
the sample lens. Due to galvanometer scanning, a
small difference in the optical path length of the
travelling rays causes an inherent distortion at the
left and the right side of the OCT images. Thus, the
sample surface appears bent, although it is straight.
The OCT images are analyzed in detail in the results
section. Advanced image processing methods were
applied to determine the local (dis)similarity between
temporally subsequent OCT frames, resulting in a
so-called Local Dissimilarity (LD-) map, as shown
in Figure 2d. Considering a local neighborhood the
value of the dissimilarity between subsequent frames
was estimated within the corresponding local
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Figure 1. Schematic illustration of the a) spectral domain (SD)-OCT set-up, b) the loading unit and c) the 3D DIC system.
Mirror (M), reference mirror (RM), beam splitter (BS), collimator lens (CL), sample lens (SL), reference lens
(RL), galvanometer mirror (GM), diffractive grating (DG), data acquisition (DAQ), digital image correlation
(DIC).



regions. By investigating different dissimilarity meas-
ures (be referred to [20]) the Euclidian distance
(L2-norm) was chosen here as dissimilarity meas-
ure, as depicted in Figure 2d.

3. Results and discussion
The global stress-strain curves were derived from
the linear variable differential transformer (LVDT)
integrated in the loading test bench and they showed
good agreement during the measurements via the
OCT and the FFSA system, as shown in Figure 3a.
Four significant states i to iv were chosen for com-

parison of the results, as presented in Figures 3 and
4. Figure 3b shows the color-coded local strain dis-
tribution as detected by the FFSA system over the
entire upper surface of the specimen. The panels pre-
sented in Figure 4b only show the region of the OCT
measurements and have a lateral extension of just
9 mm. The panels presented in Figure 4b correspond
therefore to the cross sectional OCT images and the
corresponding LD maps shown in Figure 4c and 4d.
At the beginning of plastic deformation – states i
and ii – the global strain is uniformly distributed
according to the FFSA measurements shown in Fig-
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Figure 2. a) Scheme of specimen loaded in axial direction: stress-strain distribution of the upper surface measured with the
FFSA system during testing; b) and c) are consecutive OCT scans acquired during testing (1000#"#512 pixels);
d) corresponding LD-map

Figure 3. a) Global stress-strain curves measured during the OCT and the FFSA measurement via a linear variable differen-
tial transformer (LVDT); b) local strain measured by the FFSA system; the states i to iv are analyzed in detail in
the results section



ure 3 and as magnified detail in Figure 4ib and 4iib.
In contrast, the OCT image already reveals a change
in the material properties: in Figure 4 ic the speci-
men is still highly translucent showing air inclu-
sions around agglomerated elastomer particles,
whereas in the next state Figure 4 iic, the develop-
ment of a brighter region near the upper surface
indicating increasing scattering of the material shows
up. This can be attributed to small-scale cavitations
between the elastomer particles and the host matrix
[20]. The corresponding LD maps in Figures 4 id
and 4 iid show a bright region in the center, reflect-
ing this beginning change in opacity. The remaining
darker region, including the air beyond the lower
surface, is a measure for the high similarity between
consecutive frames, and thus also reflects the high
signal-to-noise ratio. In states iii and iv flowing of
the material is observed: the FFSA measurement
shows the onset of necking in Figure 3 and as mag-

nified detail in Figure 4 iiib and an advanced state
in Figures 3 and 4 ivb. The brightness of the speci-
men in the OCT images 4iiic and 4ivc indicates high
scattering of the material implying the beginning of
matrix crazing and stress whitening. Multiply scat-
tered photons lead to a reduced penetration depth of
OCT and so the lower surface is no more visible.
The lower half of the OCT image is dominated by
noise of random nature, leading to dissimilarity
between consecutive frames. This corresponds to
the bright regions in the lower half of the LD maps
in Figures 4iiid and 4ivd. Near the upper surface two
regions can clearly be distinguished: an increasing
dark area representing a static region within the
specimen, and to the right a bright region indicating
the flowing of material. These two regions form a
border, which can be clearly observed and repre-
sents, from the microscopic point of view the inter-
face between the static and the highly dynamic area,
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Figure 4. a) Global stress-strain curve; b) local strain measured by the FFSA system; c) OCT measurement within the spec-
imen’s cross-section; d) corresponding local dissimilarity map



and in the macroscopic view the front of the neck-
ing.
For better comparison with the global stress strain
curve, a characteristic value representing the whole
LD-map was needed. Anyhow, the lower part of the
LD-map was not taken into account, since it includes
a large area of air under the sample and shows sig-
nificant noise in case of reduced penetration depth
(state iii, iv). Thus, only the upper half of the image
was considered as region of interest, as shown in
Figure 5a. As characteristic value, we calculated the
percentage of the total ‘static area’ with respect to
the total area in the LD-map. A static area is an area
of high similarity between consecutive frames and
is represented by dark pixels. In contrary, a dynamic
area is an area of low similarity between consecu-
tive frames and is represented by bright pixels.
Considering that not only material yielding but also
overall elongation, rigid sample movements and
noise ‘brighten’ a pixel, the determination of an
appropriate gray level as limit between static and
dynamic regions is not trivial. Two alternative grey
levels were found suitable for further processing;
the first one was chosen near the lower knee of the
histogram as shown in Figure 5a. Regions brighter
than this level were assumed to be highly dynamic.
Regarding the second gray level, regions darker

than this level were assumed to be truly static. For
calculation of the characteristic value, pixels with
values lower than the respective gray level were
summed-up via integration of the histogram (I1,
I2), as depicted in Figure 5a. To visualize the con-
tinuous development of necking within the sample,
the resulting curves, I1 and I2, were compared to the
global stress strain curve in Figure 5b: The begin-
ning of the tensile test is dominated by a lack of sim-
ilarity due to rigid movements of the specimen fol-
lowed by its overall elongation. Thus, the percent-
age of the static area remains at its minimum for
both variants, I1 and I2. At state i a first significant
increase of I1 is observed, reflecting a considerable
reduction of the dynamic area, and indicating that
the specimen has reached a stable position. I2 does
not increase until the formation of a static region
within the specimen, indicated by an arrow in Fig-
ure 5b. This coincides with the moment when cross-
ing the yield point and marks the beginning of the
non-uniform elongation flow.
To illustrate the local development of the overall
elongation Figure 5c depicts the strain measured
along the white section lines indicated in Figure 3b.
For state iv the local strain peaks due to necking.
Figure 5d shows a comparison of the gray values
obtained along the white section lines drawn in Fig-
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Figure 5. a) LD-Map histograms for three states (i, ii, iii) based on the upper half of the LD-Map (region of interest).
b) OCT: Global stress strain curve (left y-scale) in comparison with characteristic values I1 and I2 (right y-scale)
computed from the LD-Map. c) FFSA: Local distribution of strain along the section line given in Figure 3b;
d) OCT: Local distribution of gray value along the section line of Figure 4d.



ure 4d. The curves show an increasing slope, which
corresponds to a rising non-uniformity in elonga-
tion.

4. Conclusions
As demonstrated in this work, a combined evalua-
tion approach by FFSA and OCT provides novel
complementary information and thus represents a
promising procedure to investigate in situ dynamic
processes occurring inside scattering specimens
during tensile tests. In addition to observing the
development of micro defects and the progression
of structural change, the depth resolved necking
front between static and flowing material was
detected. OCT is applicable to specimens of arbi-
trary size, affords no extensive radiation protection
in contrast to X-ray computed tomography (CT),
and can be customized to be integrated in a testing
device. Furthermore, by means of speckle tracking
the local distribution of strain can be determined
and turns OCT superior to conventional techniques
like standard photoelasticity.
Consequently, this great potential is now to be
exploited through (i) an enhancement of the OCT
setup with respect to higher penetration depth and
resolution in both space and time, (ii) a systematic
collection of measurement data derived simultane-
ously via OCT and FFSA systems, and (iii) advanced
data processing.
Beyond the qualitative material characterization
given already by the local dissimilarity map, fur-
thermore, an extended data processing is needed for
analyzing the OCT-imaged material behavior in a
quantitative way. A combined statistical and corre-
lation based multi-scale analysis of the speckle pat-
terns is suggested to distinguish between noise and
information carrying speckles and finally to calcu-
late the displacement and strain fields. In addition,
information in the LD-maps is found primarily in
the characteristics of the local distribution. Thus, a
more sophisticated approach than the evaluation of
the static area portion is needed to generate a scalar
quantity describing the whole LD-map or the stress/
strain map. Finally, advanced data processing can
reveal significant processes occurring within the
specimen, such as the start and progress of yielding,
identification of the yielding point, localization of
the necking front and the development of small
scale voids as in the case of matrix crazing.
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