
When polymer nanocomposites emerged over
twenty years ago, represented by the application of
clay/nylon-6 nanocomposites at Toyota Central R&D
Labs, they were considered as revolutionary alter-
native to microcomposites. As the interface between
nanofillers and matrix would constitute large area
within the bulk material, properties of polymer nano -
composites were expected to be greatly improved.
With growing experience, however, it seems that
enhancement of mechanical properties of rigid
polymers (which are so named to distinguish them
from rubbers and gels) resulting from addition of
low aspect ratio nanofillers (e.g., clay, nanoparti-
cles, etc.) is not so easy as people imagine. In gen-
eral, stiffening characterized by increase of modu-
lus can be acquired due to the inherent rigidity of
inorganic nanofillers. Toughening is also possible
when nanofillers are capable of highly mobile under
applied stress, which leads to greater ability of
energy dissipation and hence higher ductility of nano -
composites. The strategy has been evidenced by
nanoclay/poly(vinylidene fluoride) or polystyrene
(Adv. Mater., DOI: 10.1002/adma.200400984),
nano-SiO2/polypropylene or polystyrene (Adv.
Mater., DOI: 10.1002/adma.200602611), and car-
bon nanotubes/polypropylene (J. Mater. Chem., DOI:
10.1039/C1JM14474J). Nevertheless, the reported
strengthening effect is far from satisfactory no mat-
ter how the composites are prepared. The poor load-
bearing capability of the low aspect ratio nanofillers
should take the main responsibility.
It is worth noting that the results of our recent
exploration indicate that the problem might be
hopefully solved (J. Mater. Chem., DOI: 10.1039/

C2JM16097H). We found that when nano-SiO2 is
present in drawn polypropylene, the aligned chains
in amorphous regions can be tied by the well dis-
tributed nanofillers to share the stress together.
Above the critical content of nanoparticles or draw-
ing ratio, the nanoparticles form percolated network
throughout the matrix, facilitating stress transfer in
the amorphous phases during tensile test. Addition-
ally, the nanoparticles favor microfibrillation of
matrix polymer in the late stage of tensile testing
(note: the microfibrils are mainly constituted by the
crystalline phases). As a result, the high strength
covalent bonds of macromolecules in both amor-
phous and crystalline phases are brought into full
play. The matrix acts as the key load-bearer, while
nano-SiO2 gives indispensable assistance. This is
different from the mechanism involved in conven-
tional fiber/ polymer composites.
Our approach is not a total solution for the aforesaid
problem and needs optimization for specific poly-
mers, but it demonstrates the possibility of strength-
ening rigid linear polymers with low aspect ratio
nanofillers. Continuous efforts are needed in this
aspect to find out new strengthening mechanism.
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1. Introduction
Recently, much effort has been devoted to develop-
ing biodegradable and renewable resource-derived
polymers because of the worldwide environment
concerns and sustainability issues resulted from
petroleum-based polymers. Poly(propylene carbon-
ate) (PPC), derived from carbon dioxide (CO2) and
propylene oxide, is one such polymer attracting
great research attention. The utilization of CO2 as one
of the synthetic monomers can largely reduce the
dependence on petroleum resources and the emis-
sion of CO2 contributing to the greenhouse effect
[1–4]. Generally, PPC exhibits excellent tensile tough-
ness and transparency. However, its inferior tensile
strength and low glass transition temperature (Tg,
around 35°C) are the major drawbacks to prevent it
from widely practical applications [5, 6]. Therefore,

melt blending of PPC with various biodegradable
polymers, such as poly(3-hydroxybutyrate) (PHB)
[7], poly(butylenes succinate) (PBS) [8], poly(eth-
ylene-co-vinyl alcohol) (EVOH) [9], and starch
[10], has drawn much attention to obtain PPC mate-
rials with good biodegradability and improved
properties. Poly(lactic acid) (PLA) is another prom-
ising biodegradable polymer derived from renew-
able resources (e.g., corn, wheat, or rice). It exhibits
a potential as an effective reinforcing agent for PPC
due to its high strength and stiffness [11, 12]. On
the other hand, its inherent brittleness can be simul-
taneously improved by the flexible PPC as a tough-
ening agent [13].
It is well-known that the mechanical properties of a
polymer blend are greatly dependent on its phase
morphology and interfacial adhesion [14–16]. How-
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ever, most polymer pairs are incompatible thermo-
dynamically. The coarse phase morphology and
poor interfacial adhesion often give rise to unfavor-
able property combinations in the blends [17].
Although PPC and PLA have been reported to be
partially compatible, compatibilization is also required
to further improve its phase morphology and then
endow the blend with desirable properties [18]. The
introduction of well-defined block or graft copoly-
mers into immiscible polymer blends is the most
popular compatibilization strategy [19, 20]. Unfor-
tunately, to the best of our knowledge, no commer-
cially available block copolymer can be used as an
effective compatibilizer for PPC/PLA blends at this
time. Moreover, the in situ formation of graft copoly-
mers by reactive blending is often not straightfor-
ward. In very limited investigations, another strat-
egy, i.e. adding random copolymer or homopolymer,
has been successfully used to improve the compati-
bilization of incompatible blends [21, 22]. In these
cases, the selective localization of compatibilizer at
the interface between the blend components is of
vital importance to manipulate interface properties.
Selective localization of a third component in incom-
patible binary blends is mainly attributed to the dif-
ference in the affinity between the third component
and the blend components [23, 24]. Generally, the
effective compatibilizer (e.g. well-designed block
copolymer) prefers to locate at the phase interface
as a result of the similar affinity to each of the
matrix components. In previous works, poly(vinyl
acetate) (PVAc) has been demonstrated to be com-
patible with both PPC and PLA [25, 26]. Therefore,
in this contribution, a small amount of PVAc
(10 wt%) was introduced into PPC/PLA blends. It
is expected that PVAc could be mainly located at
the phase interface as a compatibilizer to reduce
interfacial tension and suppress coalescence of dis-
crete domains, and thus leading to a significant
improvement in mechanical performance of the
PPC/PLA blends.

2. Experimental
2.1. Materials
Maleic anhydride end-capped poly (propylene car-
bonate) (PPC) was supplied by Changchun Institute
of Applied Chemistry, Chinese Academy of Sci-
ence. Its weight-average molecular weight (Mw)
was 2.48·105 g/mol and Mw/Mn was 3.2. Poly(lactic
acid) (PLA), with Mw = 1.59·105 g/mol and Mw/Mn =
2.75, was purchased from Haizheng Biomaterial
Co. (Zhejiang, China). The Mw of poly(vinyl acetate)
(PVAc) used in this work was about 1.7·105 g/mol,
and was provided by Acros organics USA. The
chemical structures of PPC, PLA and PVAc are
given in Figure 1.

2.2. Preparation of blends
PPC/PLA blends with and without PVAc were pre-
pared by direct melt compounding in a HAAKE
torque rheometer (Thermo Fisher Scientific, USA)
at 50 rpm for 7 min. And the temperature was set at
150°C, which ensured that PPC and PVAc will not
decompose. The content of PVAc was set as 10 wt%
in the ternary blends. Specimens for tensile and
dynamic mechanical measurements were compres-
sion molded at 150°C under a pressure of 10 MPa
and then cut into dumb-bell shaped sheets (about 1
mm in thickness). Before being used, all materials
were dried in a vacuum oven at 45°C for 24 h.

2.3. Characterization
Dynamic mechanical properties (DMA) were con-
ducted using a TA Instruments Q800 dynamic
mechanical analyzer (USA) in a film-tension mode
at a frequency of 1 Hz. The temperature ranged
from –10 to 90°C at a heating rate of 3°C/min.
The tensile-fractured surfaces of the specimens
were characterized by using an Inspect F field-
emission SEM (FEI Company, USA) with 5–20 kV
accelerating voltage. For the observation of phase
morphologies, the specimens were first cryogeni-
cally fractured in liquid nitrogen. Then the PPC
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Figure 1. Chemical structures of (a) PPC, (b) PLA, and (c) PVAc



phase and PVAc were etched away in a mixed solu-
tion of anhydrous ethanol and acetone (1:1, v/v) at
room temperature for 6 h. To determine the disper-
sion state of PVAc in the blends, anhydrous methanol
was also used as an etching agent to selectively dis-
solve the PVAc phase at room temperature for 12 h.
Before SEM characterization, both the etched sur-
faces and tensile-fractured surfaces were coated
with a thin layer of gold.
A Netzsch DSC 204 Phoenix (Germany) was used
to investigate the effect of PVAc on the crystalliza-
tion behavior of PPC/PLA blends. The specimens
(about 5 mg) were first heated from room tempera-
ture to 190°C rapidly and then kept at this tempera-
ture for 5 min to eliminate the thermal history. The
cooling curves were recorded from 190 to 0°C at a
cooling rate of 2°C/min. The values of crystalliza-
tion temperature (Tc) could be obtained from the
cooling curves. All measurements were carried out
under a nitrogen atmosphere.
All FTIR spectra were recorded at 4 cm–1 resolution
using a Thermo Scientific Nicolet 6700 spectrome-
ter equipped with Smart iTR attenuated total reflec-
tion (ATR) accessory.Tensile testing was performed
using an Instron 4302 universal tensile testing
machine (USA) with a crosshead speed of 10 mm/min
at 23°C. The results reported were the average from
at least five specimens for each testing.

3. Results and discussion
3.1. Compatibility and phase morphology
The compatibility of PPC/PLA blends was evalu-
ated by DMA. Figure 2 shows the plots of dynamic
loss modulus versus temperature for PPC, PLA, and
50PPC/50PLA blend with and without PVAc. The
glass transition temperature (Tg) can be obtained
from the peak in the plots. Neat PPC and PLA exhibit
the glass transition at 27.1 and 55.0°C, respectively.

As previously reported by Ma et al. [18], the Tg of
both PPC and PLA shifts significantly towards each
other in the blend, suggesting that PPC and PLA are
partially compatible. More importantly, adding a
small amount of PVAc (10!wt%) into the blend gives
rise to not only a clearly increased Tg of PPC (from
34.5 to 36.0°C) but also a decreased Tg of PLA
(from 50.0 to 47.7°C). Similar results have also
been obtained from 30PPC/70PLA and 70PPC/
30PLA blends with and without PVAc, as shown in
Table 1. Evidently, the difference in the values of Tg
between PPC and PLA decreases clearly with the
introduction of PVAc, indicating that PVAc can act
as a good compatibilizer for the PPC/PLA blends.
The enhanced compatibility between PPC and PLA
by adding PVAc can be further proved from the
changes in the phase morphology of PPC/PLA
blends with and without PVAc, as presented in Fig-
ure 3. It is obvious that 70PPC/30PLA blend exhibits
a typical sea-island morphology, in which PLA
domains are dispersed in the PPC matrix (Figure 3a),
while 50PPC/50PLA blend exhibits a co-continu-
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Table 1. Glass transition temperatures (Tg) and Mechanical Properties of PPC/PLA blends with and without PVAc

a)can not be determined from the loss modulus plots

Samples Tg,PPC
[°C]

Tg,PLA
[°C]

Tensile strength
[MPa]

Young’s modulus
[MPa]

Elongation at break
[%]

PPC 27.1 – 6.2±0.5 121±40 988±40
70PPC/30PLA 32.2 a) 17.3±1.5 1104±80 118±35
70PPC/30PLA/10PVAc 34.0 a) 28.5±3.0 1434±150 187±60
50PPC/50PLA 34.5 50.0 28.3±1.0 1588±80 6±10
50PPC/50PLA/10PVAc 36.0 47.7 40.2±2.5 1787±100 65±10
30PPC/70PLA 37.1 53.3 45.6±3.2 1965±40 28±11
30PPC/70PLA/10PVAc 37.7 52.0 50.7±1.5 1960±80 40±5
PLA – 55.0 59.8±2.0 2164±85 4±1

Figure 2. Loss modulus of PPC, PLA, and 50PPC/50PLA
blend with and without PVAc as a function of
temperature
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Figure 3. SEM micrographs of PPC/PLA blends with and without PVAc: (a) 70 PPC/30PLA, (b) 70PPC/30PLA/10PVAc,
(c) 50PPC/50PLA, (d) 50PPC/50PLA/10PVAc, (e) 30PPC/70PLA, and (f) 30PPC/70PLA/10PVAc



ous morphology (Figure 3c). With increasing PLA
content up to 70!wt%, however, the primarily con-
tinuous PPC phase is gradually transformed into
dispersed droplets, followed by more and more dis-
persed PLA droplets in the PPC matrix coalesce
together, forming another typical sea-island mor-
phology (Figure 3e). Very interestingly, with the addi-
tion of PVAc, a much finer and more uniform phase
structure is presented, which is similar to the results
of introducing well-designed block copolymers into
incompatible polymer blends [27]. For the compati-
bilized blend, the dispersed phase in the SEM
micrographs is attributed to PPC-rich phase
because the PVAc also can be etched away in the

mixed solution. For example, the size of dispersed
PPC domains in the 30PPC/70PLA blend ranges
from 5 to 15 µm, whereas in the 30PPC/70PLA/
10PVAc PPC-rich dispersed phase is significantly
decreased to less than 5 µm (Figure 3e and 3f). This
further demonstrates that PVAc can improve the
compatibility between PPC and PLA significantly.
The improved compatibility may origin from the
selective localization of PVAc in PPC/PLA blends.
This assumption is well supported by another mor-
phological observation of the blends as shown in
Figure 4. Because it is very difficult to clarify the
dispersion state of PVAc in the blends through SEM
images of the cryogenically fractured surfaces (Fig-
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Figure 4. SEM micrographs show the dispersion of PVAc in (a, b) 70PPC/30PLA/10PVAc and (c, d) 30PPC/70PLA/
10PVAc blends. (a) and (c) are the images of cryogenically fractured surfaces, while (b) and (d) are the subse-
quently etched surfaces. PVAc was selective dissolved by anhydrous methanol as shown by the arrows.



ure 4a and 4c), PVAc was selective removed from
the blends by anhydrous methanol (both PPC and
PLA cannot be dissolved in anhydrous methanol).
As shown in Figure 4b and 4d, the dark holes repre-
sent the removed PVAc phase. Clearly, PVAc is
selectively located at the interface between PPC
and PLA phases as highlighted by the arrows. Fur-
thermore, a fraction of PVAc may be dispersed in
the PLA phase, evidenced by the existence of some
tiny dark holes in the PLA droplets (Figure 4b).
This indicates that PVAc may have a higher affinity
to PLA than to PPC. In this case, a small amount of
the PVAc has a tendency to migrate from the phase
interface to the PLA phase during melt blending.
The dispersion of PVAc in the PLA phase can also
be confirmed by the results of DSC measured crys-
tallization behavior of PPC/PLA blends with and
without PVAc. As clearly shown in Figure 5, for
30PPC/70PLA and 50PPC/50PLA blends, no appar-
ent changes in Tc of PLA can be observed compared
to neat PLA. Similar result has been found in PPC/
PHB blends, where the crystallization of PHB is
independent of the presence of PPC [7]. However,
with the addition of PVAc, a significant decrease of
Tc appears in both the PLA and PPC/ PLA blends.
Because the shift degree of the two Tc-s are almost
equivalent, the depressed crystallization of PLA in
PPC/PLA/PVAc blends should be attributed to the
PVAc dispersed in the PLA phase. The strong inter-
action between PVAc and PLA may play a negative
role for the crystallization of PLA by hindering the
movement and rearrangement of molecular chains.
In particular, the Tc of PLA in 70PPC/30PLA blend
is much lower than that in 30PPC/70PLA or 50PPC/

50PLA blend, indicating the confined crystalliza-
tion of PLA in the case of PPC being a continuous
phase (Figure 3e).

3.2. Molecular mechanisms for the
compatibilization

Due to the similar chemical structures of the three
polymers, the possible molecular mechanisms for
the interactions between the interface-localized
PVAc and the two matrix components (i.e. PPC and
PLA) are analyzed with FTIR spectra of PPC, PLA,
and their blends with and without PVAc. As shown
in Figure 6, in the C=O stretching vibration region,
the absorption peak of PLA at 1747 cm–1 shifts sig-
nificantly towards lower wavenumber with the addi-
tion of 50!wt% PPC due to the specific intermolec-
ular interactions between PPC and PLA, such as
C=O…O=C dipole-dipole interaction [18]. More
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Figure 5. (a) DSC cooling curves of PPC/PLA blends with and without PVAc, and (b) crystallization temperature (Tc) as a
function of PLA content

Figure 6. Normalized FTIR spectra of C=O stretching
bands for PPC, PLA, PVAc and PPC/PLA blends
with and without PVAc



importantly, it is interesting to note that the addition
of PVAc into the PPC/PLA blend gives rise to not
only a peak shifting of the C=O stretching band
(from 1742 to 1739 cm–1) but also an obvious peak
broadening, suggesting that PVAc is likely to improve
the interaction between PPC and PLA molecules.
The potential molecular mechanisms for the enhanced
interaction may be the CH3…O=C interaction, as in
the case for PHB/PLA/PVAc blends proposed by
El-Hadi [28]. To give a direct evidence on the valid-
ity of this assumption, the FTIR spectra of neat
PPC, PLA, and PPC/PVAc and PLA/PVAc blends
were measured. Unfortunately, because the chemi-
cal constitution of PVAc is very similar to those of
PPC and PLA (Figure 1), both the absorption peaks
assigned to the CH3 deformation bands and those
corresponding to the C=O stretching vibration
bands overlap for PPC/ PVAc and PLA/PVAc
blends, then the spectra become complicated and it
is difficult to reveal the direct interaction according
to the changes in peak position and peak shape.
Maybe as the literature reported, the interaction
between C=O groups of PLA and CH3 groups of
PVAc is considered to be the main contribution to
the compatibility between PLA and PVAc [26].
This type of hydrogen bonding has also been
reported to exist in PLLA/PDLA stereocomplex
[29]. For PPC/PVAc blends, such weak hydrogen
bonding is likely to favor the compatibility due to
the fact that PPC and PLA have similar C=O groups
in main chains. Because of the delicate difference
between the FTIR spectra, the exact molecular
mechanisms need further investigation and will be
reported in further work.
From above discussion, it is obvious that the com-
patibility between PPC and PLA is improved dra-

matically upon of PVAc, which is selectively dis-
persed at the phase interface and in the PLA phase.
At the current stage of this study, we give a briefly
schematic representation of the possible compatibi-
lizing mechanism of PVAc in the binary blends, as
shown in Figure 7. These interface-localized PVAc
can act as a compatibilizer to reduce the interfacial
tension through specific intermolecular interactions
with the two matrix components (i.e. PPC and
PLA) and hinder the domains coalescence during
blending, thus leading to a much refined phase mor-
phology.

3.3. Mechanical properties
As discussed in the introduction, the phase mor-
phology of multiphase polymer blends plays a cru-
cial role in determining their performance. There-
fore, with the addition of a small amount of PVAc
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Figure 7. Schematic representation of the possible compat-
ibilizing mechanism of PVAc in PPC/PLA blends

Figure 8. (a) stress-strain curves of of PPC/PLA blends with and without PVAc, and (b) enlarged part of the curves
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Figure 9. SEM micrographs of tensile-fractured surfaces of PPC/PLA blends with and without PVAc: (a) 70PPC/30PLA,
(b) 70PPC/30PLA/10PVAc, (c) 50PPC/50PLA, (d) 50PPC/50PLA/10PVAc, (e) 30PPC/70PLA, and (f) 30PPC/
70PLA/10PVAc



in the PPC/PLA blends, the enhancement in the
mechanical properties is expected because of the
significant improvement in the phase dispersion.
Figure 8 shows the stress-strain curves of PPC,
PLA and their blends with and without PVAc. The
mechanical properties are summarized in Table 2.
Clearly, although the tensile strength and Young’s
modulus increase steadily with increasing PLA con-
tents, PPC/PLA binary blends exhibit a relatively
low ductility (the elongation at break is much lower
than that of neat PPC) probably due to the weak
interfacial adhesion between PPC and PLA phases.
However, as expected, the evident enhancements in
both the strength and the ductility are observed
upon adding 10!wt% PVAc. For example, the ten-
sile strength and elongation at break increase from
28.3 MPa and 36% for 50PPC/50PLA blend to
40.2 MPa and 65% for 50PPC/50PLA/10PVAc
blend, respectively. In addition, the Young’s modu-
lus of PPC/PLA/PVAc ternary blends displays a
slight enhancement with respect to that of PPC/PLA
binary blends. Note that, even for 70PPC/30PLA/
10PVAc blend where PPC as the dominant compo-
nent, the tensile strength and Young’s modulus still
remain as high as about 26.5 and 1434 MPa, respec-
tively, which are comparable to those of widely
used polypropylene (PP) [30]. Obviously, the PPC/
PLA blend modified with a small amount of PVAc
exhibits a potential to be used as a sustainable alter-
native to petroleum-based polymers.
In order to clarify the fracture mechanisms respon-
sible for the improved mechanical properties, ten-
sile-fractured surfaces of PPC/PLA blends with and
without PVAc are observed by SEM. As shown in
Figure 9, PPC/PLA binary blend shows an intensive
interfacial debonding between PPC and PLA phases
(most of the dispersed domains are pulled out from
the matrix rather than being broken), suggesting a
relatively weak interfacial interaction. Moreover, the
domains are as large as 20 µm (Figure 9a and 9c),

which leads to the large voids through interfacial
debonding and subsequently not only reduce the
tensile strength but also develop into cracks. In con-
trast, for the PPC/PLA/PVAc ternary blends, the
interfacial interaction is significantly improved by
the interface-localized PVAc, which is able to pro-
mote the stress transfer between the two matrix
phases and prevent the initiation of cracks at the
phase interface [31, 32], then highly stretched and fib-
rillated ligaments are formed due to the matrix
shear yielding (Figure 9b, 9d, 9f). On the other hand,
compared with the coarse phase morphology in the
PPC/PLA binary blend, the much finer one in the
PPC/PLA/PVAc ternary blend is more favorable to
trigger large-scale shear yielding [33].
Based on the results presented above, it can be con-
cluded that the improvement in the mechanical
properties of PPC/PLA blends with the addition of
10!wt% PVAc should be mainly attributed to the
remarkably improved phase dispersion and the
enhanced interfacial bonding through the bridge
effect of the interface-localized PVAc.

4. Conclusions
Homopolymer PVAc has been successfully used to
improve the compatibilization of partially compati-
ble PPC/PLA blends. During melting blending,
PVAc is selectively dispersed at the interface between
the two matrix phases and in the PLA phase. The
interface-localized PVAc acts as not only a compat-
ibilizer to improve the phase morphology remark-
ably but also as a bridge to enhance the interfacial
bonding, which are mainly responsible for the sig-
nificant increase in the mechanical properties.
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1. Introduction
Nanocomposite materials, based on a polymer
matrix and inorganic nanoparticle fillers, have drawn
considerable attention in recent years, due to
improvements in various properties including elec-
trical, thermal, optical and other mechanical proper-
ties [1–5]. Poly(methyl methacrylate)/zirconia
(PMMA-ZrO2) is one of the most important nano -
composites that has been applied for the increasing
demands of optical waveguides, ophthalmic lenses,
antireflection coatings and adhesives for optical
components. Several methods including in situ poly-
merization, sol-gel methods for the preparation of
nanoparticles, and in situ emulsion polymerization

have been used to prepare the nanocomposites.
FTIR, TEM and UV investigations showed that zir-
conia nanoparticles were generally homogeneously
dispersed in the polymer matrix at primary particle
size level and that the composites were transparent
[6–12].
TGA analyses of PMMA-ZrO2 nanocomposites in
air and nitrogen atmospheres, where a sol-gel
method was used for the preparation of the nano -
composites, showed three degradation steps with
the thermal stability increasing in the presence of
zirconia [10, 11]. However, the onset temperatures
of the second step in nitrogen and of the third step
in air of the nanocomposites were lower. This was
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related to different mechanisms of thermal degrada-
tion in air and nitrogen atmospheres. The kinetic
results showed that the values of activation energy
(Ea) for the degradation of the nanocomposites in
air were higher than that of pure PMMA. In nitro-
gen the Ea values of thermal degradation for the
first and last stages were larger than that of PMMA.
The increase was associated with the action of the
nanoparticles to inhibit the formation of free radi-
cals. A similar reason was given by Wang et al. [13]
in a study of synergistic flame-retarded systems
consisting of nano-ZrO2 and triphenylphosphate for
PMMA prepared by a solution mixing process.
They observed more significant increases in the
thermal stability of the PMMA-ZrO2 nanocompos-
ites in air than in nitrogen.
DMA analysis of PMMA-ZrO2 nanocomposites
prepared via in situ emulsion polymerization,
showed higher storage and loss moduli, glass tran-
sition (Tg) and elastic modulus than PMMA in the
glassy state [6–8, 12]. This was related to the rein-
forcing effect of the zirconia nanoparticles. How-
ever, in the rubbery state, the PMMA modulus was
independent of the filler content, which was attrib-
uted to the weak interaction between the polymer
and filler at high temperatures. It was found that the
pendulum hardness of PMMA-ZrO2 nanocompos-
ites quickly increased with increasing ZrO2 content,
even for low content, and that there was steady
increment of scratch resistance with increasing zir-
conia content. The hardness and abrasion behaviour
was attributed to the gel effect on PMMA-ZrO2
nanocomposites by ZrO2 nanoparticles during poly-
merization.
Hu et al. [10] prepared PMMA-ZrO2 nanocompos-
ites by modifying non-aqueous synthesized ZrO2
nanoparticles with methacryloxypropyltrimetho -
xysilane (MPS) in tetrahydrofuran, dispersing MPS-
functionalized ZrO2 nanoparticles in MMA and per-
forming in situ bulk polymerization with controlled
pre-polymerization time. They found that the ZrO2
enhanced rigidity without loss of toughness, though
not remarkable. This was attributed to bonding
between the polymer and the functionalized zirco-
nia. The results were in line with the study of Hu et
al. [6], where an increase in elastic modulus was
observed.
The purpose of this study was to prepare PMMA-
ZrO2 nanocomposites through a melt compounding

method. Zirconia was prepared using a sol-gel
method. Both nanoparticles and composites were
characterized using X-ray diffractometry (XRD),
transmission electron microscopy (TEM), 13C cross-
polarization magic-angle spinning nuclear magnetic
resonance (13C{1H} CP-MAS NMR), dynamic
mechanical analysis (DMA), thermogravimetric
analyses (TGA), and Fourier-transform infrared
(FTIR) spectroscopy. The effect of the presence and
amount of zirconia nanoparticles on the thermal and
mechanical properties, as well as the thermal degra-
dation kinetics, of the PMMA will be discussed.

2. Experimental
2.1. Materials
Tetra-n-propylzirconate (TPZ, Aldrich), capronic
acid (Aldrich), ethanol (Eurobase), ammonium
hydroxide (NH4OH, Aldrich) were used as received
without further purification. Commercial grade
poly(methyl methacrylate) (PMMA, Altuglas!
V920T) produced by Bayer Materials Science, Italy
and having a melt flow rate at 230°C/3.8 kg of
1 g/10 min, and an Mw = 350 000, was used in pel-
let form. The polymer was dried at 120°C overnight
under static vacuum before processing.

2.2. Zirconia preparation
The ZrO2 nanoparticles were prepared according to
the sol-gel method reported by Bondioli et al. [14].

2.3. Preparation of the composites
The PMMA pellets were thoroughly mixed with 1,
2 and 5!wt% zirconia for 10 min at 200°C and
30 rpm in a 50 mL internal mixer of a Brabender
Plastograph from Duisburg, Germany. The mixed
samples were melt-pressed into 1 mm thick sheets
at 200°C for 5 min.

2.4. Analysis methods
Oriented finite element analysis (OFE) was carried
out on a Carlo Erba EA 1110 apparatus in order to
determine the residual carbon content in the zirco-
nia particles.
TEM micrographs were acquired by using a JEM-
2100 (JEOL, Japan) electron microscope operating
at 200 kV accelerating voltage equipped with an X-
ray energy dispersive spectrometer (EDS, Oxford,
model INCA ENERGY-200T) for analysis of ele-
ments. Few tens of milligrams of powders were dis-
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persed in 2 mL of isopropanol and a small drop of
the dispersion was deposited on a 300 mesh carbon-
coated copper grid, which was introduced into the
TEM chamber analysis after the complete solvent
evaporation. Nanocomposite thin samples of about
50 nm in thickness were cut using a Leica EM UC6
ultramicrotome equipped with a Leica EMFC6 cry-
ocamera and a diamond blade. The thin samples
thus obtained were deposited onto copper grids.
XRD patterns were recorded in the 2–70° 2" range
at steps of 0.05° and a counting time of 5 s/step on a
Philips PW 1050 diffractometer, equipped with a
Cu tube and a scintillation detector beam. The X-
ray generator worked at 40 kV and 30 mA. The
instrument resolution (divergent and antiscatter slits
of 0.5°) was determined using standards free from
the effect of reduced crystallite size and lattice
defects. Diffraction patterns were analyzed accord-
ing to the Rietveld method [15] using the pro-
gramme MAUD [16].
The 13C{1H} CP-MAS NMR spectra were obtained
at room temperature with a Bruker Avance II
400 MHz (9.4 T) spectrometer operating at
100.63 MHz for the 13C nucleus with a MAS rate of
10 kHz, 400 scans, a contact time of 1.5 s and a rep-
etition delay of 2 sec. The optimization of the Hart-
mann-Hahn condition [17] was obtained using an
adamantine sample. Each sample was placed in a
4 mm zirconia rotor with KEL-F caps using silica
as filler to avoid inhomogeneities inside the rotor.
The proton spin–lattice relaxation time in the rotat-
ing frame T1#(H) was indirectly determined, with
the variable spin lock (VSL) pulse sequence, by the
carbon nucleus observation using a 90°–$–spin-
lock pulse sequence prior to cross-polarization [18].
The data acquisition was performed by 1H decou-
pling with a delay time, $, ranging from 0.1 to
7.5 ms and a contact time of 1.5 ms. The TCH values
for all carbon signals of PMMA were obtained
through variable contact time (VCT) experiments
[19]. The contact times used in the (VCT) experiments
were 0.05, 0.1, 0.2, 0.3, 0.4, 0.5, 0.6, 0.8, 1.0, 1.2,
1.5, 2.0, 2.5, 3.0, 3.5, 4.0, 4.5, 5.0, 6.0 and 7.0 ms.
The proton spin–lattice relaxation time in the labo-
ratory frame T1(H) was determined, with the satura-
tion recovery pulse sequence [20], by the carbon
nucleus observation using a 90°–$–90° pulse sequence
prior to cross polarization with a delay time $ rang-
ing from 0.01 to 3 s.

The dynamic mechanical analysis (DMA) of the
blends and composites was performed from 40 to
180ºC in the bending mode at a heating rate of
5ºC min–1 and a frequency of 1 Hz using a Perkin
Elmer Diamond DMA from Waltham, Massachu-
setts, U.S.A.
Thermogravimetric analysis (TGA) was performed
in a Perkin Elmer TGA7 from Waltham, Massachu-
setts, U.S.A. The analyses were done under flowing
nitrogen at a constant flow rate of 20 mL min–1.
Samples (5–10 mg) were heated from 25 to 600°C
at different heating rates. The degradation kinetic
analysis was done using the following two meth-
ods. The Flynn-Wall-Ozawa method is an isocon-
versional linear method based on Equation (1):

                                          (1)

where ! heating rate in K min–1, c is constant, Ea
activation energy in kJ mol–1, R universal gas con-
stant, and T temperature in K. The plot of ln! vs.
1/T, obtained from the TGA curves recorded at sev-
eral heating rates, should be a straight line. The acti-
vation energy can be evaluated from its slope. The
second method is Kissinger-Akahira-Sunose which
it is based on Equation (2)

                                  (2)

where !, Ea, R and T were defined before, % fraction
of conversion, A pre-exponential factor and g(!)
algebraic expression for integral methods. From the
TGA curves recorded at different heating rates ",
temperatures T were determined at the conversions
! = 10~90%. The activation energies were calcu-
lated from the slope of the straight lines of ln(!/"2)
versus 1/T.
The thermogravimetric analysis-Fourier-transform
infrared (TGA-FTIR) analyses were performed in a
Perkin Elmer STA6000 simultaneous thermal ana-
lyzer from Waltham, Massachusetts, U.S.A. The
analyses were done under flowing nitrogen at a
constant flow rate of 20 mL min–1. Samples (20–
25 mg) were heated from 30 to 600°C at 10°C min–1

and held for 4 min at 600°C. The furnace was
linked to the FTIR (Perkin Elmer Spectrum 100,
Massachusetts, U.S.A.) with a gas transfer line. The
volatiles were scanned over a 400–4000 cm–1

wavenumber range at a resolution of 4 cm–1. The
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FTIR spectra were recorded in the transmittance
mode at different temperatures during the thermal
degradation process.

3. Results and discussion
The elemental analysis of zirconia particles shows a
significant carbon content of 7.2% and a hydrogen
content of 4.4%. These residues can be attributed to
an incomplete sol-gel reaction of the zirconia pre-
cursor tetra-n-propylzirconate (TPZ).
The XRD patterns of the ZrO2 powder, pure PMMA
and of the composites are reported in Figure 1. The
analysis of the XRD patterns was performed using
the Rietveld method [15]. The pattern of zirconia
powder is described in terms of two crystalline
phases: 80(±3)!wt% of tetragonal [S.G. P42/mnm,
a = 3.6205(±1) Å and c = 5.14245(±1) Å, average
crystallite size 180 Å(±3)] and 20(±3)!wt% of mon-
oclinic [S.G. P21/c, a = 5.03(±1) Å, b = 5.06(±1) Å,
c = 5.04(±1) Å and " = 98.7°, average crystallite
size 500(±30) Å] Baddeleyite. The diffraction pat-
tern of PMMA shows a broad diffraction peak at
2# = 14°, typical of an amorphous material, together
with two bands of lower intensities centred at 29.7
and 41.7°. The XRD patterns of the PMMA-ZrO2
nanocomposites having 1, 2 and 5!wt% of ZrO2
show the bands of PMMA together with the peaks
of the zirconia in which the intensity increases with
zirconia quantity. This suggests that zirconia main-
tains its structure in the composite and that the ori-
entation of the PMMA chains is not influenced by
the filler.
Some TEM micrographs and the EDS spectrum of
zirconia powder are reported in Figure 2. Aggre-

gates with a large number of particles (more than 30)
of different sizes are observed. In each aggregate
bigger, quite thick particles (around 200–400 nm)
are surrounded by smaller spongy particles (50–
100 nm). The EDS spectrum shows the characteris-
tic peaks of Zr and O in the sample, together with
nickel and the copper of the grid. The TEM micro-
graphs of the PMMA-ZrO2 nanocomposite having
5!wt% of zirconia, reported in Figure 3, show aggre-
gates constituted of many small particles of 100 and
200 nm in size having spongy surfaces dispersed in
the polymer. The TEM micrographs of the PMMA-
ZrO2 nanocomposites having 1 and 2!wt% of zirco-
nia still show some aggregation, but to a lower
extent, and the nanoparticle dispersion looks better
(Figures 4 and 5).
The DMA curves of the pure PMMA, and the PMMA
composites having 1, 2 and 5!wt% of zirconia are
shown in Figure 6. The presence of zirconia shows
a decrease in the storage and loss moduli at lower
temperatures, which could be the result of more free
space for molecular vibration in the presence of the
inorganic (nano)particles. Above the glass transi-
tion temperature the 2 and 5% zirconia containing
nanocomposites have storage moduli similar to
PMMA, but the 1% containing nanocomposite has
higher storage modulus values. It seems as if effec-
tive immobilization of the polymer chains only
takes place at the lower zirconia content. The tan&
curves, shown in Figure 6c, confirm that the pres-
ence of zirconia did not have a significant influ-
ence, except for the nanocomposite containing
1 wt% ZiO2, which shows a little increase in the
glass transition temperature. These results are sur-
prising because a rigidity increase of the polymer
chains is generally observed at higher filler content
[21]. They could, however, be explained by consid-
ering the aggregation of particles at higher filler
quantity. Aggregation would reduce the exposed
surface area of the nanoparticles and decrease the
extent of interaction of these particles with the
polymer, thereby reducing the immobilization of
the polymer chains by the nanoparticles.
The TGA curves of the pure PMMA and of the
composites having 1, 2 and 5!wt% of zirconia are
reported in Figure 7. All the samples show single-
step degradation and an increase in char content
with an increase in the zirconia content. The amount
of char is in line with the amount of zirconia ini-
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Figure 1. XRD patterns of zirconia powder, pure PMMA
and of the PMMA-ZrO2 nanocomposites



tially mixed into the sample (Table 1). The standard
deviation values suggest that the nanoparticles dis-
persion in the polymer matrix was fairly homoge-
neous, except for the 5% zirconia containing sam-
ple which has a very high standard deviation value.
This is probably the result of a large number of aggre-
gates formed in this nanocomposite, as observed
from the TEM micrographs and according to the
hypothesis made when discussing the tan & data.
The presence of zirconia in PMMA slightly increased
its thermal stability, but the thermal stability does
not increase with increasing amount of zirconia.

This is probably due to interactions between the zir-
conia and the free radicals formed during degrada-
tion which immobilized the free radicals and retarded
the degradation process. It is possible that the nano -
particles also interacted with the volatile decompo-
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Figure 2. TEM micrographs (a–c) and EDS spectrum (d) of zirconia powder

Table 1. Char content values for all PMMA-zirconia nano -
composites

Sample Char content [%]
98/1 w/w PMMA-ZrO2 1.33±0.11
98/2 w/w PMMA-ZrO2 2.10±0.13
98/5 w/w PMMA-ZrO2 4.88±1.10



sition products and in the process retarded its diffu-
sion out of the sample.
From the TGA curves of PMMA and PMMA-zirco-
nia (5!wt%) at heating rates of 3, 5, 7 and 9°C min–1

the isoconversional graphs of ln" versus 1/T accord-
ing to Equation (1) were plotted, and of ln ("/T2)
versus 1/T according to Equation (2). The activa-
tion energy values were calculated from the slopes
of the isoconversional plots. Both isoconversional
methods give similar values of the activation ener-
gies within experimental uncertainty. Figure 8 illus-

trates the relationship between the activation ener-
gies and the degree of conversion.
The activation energy values of pure PMMA and its
nanocomposites generally show an increase with
the degree of conversion. However, those of the
nanocomposites slightly decrease after 80% mass
loss. The activation energy values of the nanocom-
posite are slightly higher than those of pure PMMA
up to about 30% mass loss, which is in line with the
higher thermal stabilities observed in Figure 7.
However, the differences between the two sets of
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Figure 3. TEM micrographs of the 5 wt% PMMA-ZrO2 nanocomposite at different magnifications

Figure 4. TEM micrographs of the 1!wt% PMMA-ZrO2 nanocomposite at different magnifications



values increase with increasing degree of conver-
sion. The lower activation energy values for the
nanocomposite at higher conversions may be
related to strong interactions between zirconia and
the free radicals formed during degradation, giving
rise to the nanoparticles having a catalytic effect on
the PMMA degradation during the more advanced
stages of degradation [22, 23].
TGA-FTIR analyses were done to establish the
nature of the degradation product(s), and to confirm
the observations from the kinetic analysis of the
thermal degradation of PMMA and PMMA-zirco-
nia (5!wt%). All the spectra almost perfectly match
the known spectrum of methyl metacrylate (MMA),
which confirms the primary degradation as that of
de-polymerization (Figure 9). The peak around
2966 cm–1 is assigned to the CH3 and CH2 stretch-
ing vibrations, whereas their bending vibration
appears around 1451 cm–1 for CH2 and 1314 cm–1

for CH3. The carbonyl absorption vibration appears
around 1744 cm–1 and the stretching vibration for
C–O is around 1167 cm–1. The peak at 2336 cm–1 is
related to the asymmetric stretching mode of CO2.
No new peaks or peak shifts were observed for the
nanocomposite samples. There is a clear increase in
peak intensity for all the characteristic peaks with
increasing temperature, it reaches a maximum, and
decreases again with further increase in tempera-
ture.

The PMMA-zirconia (5!wt%) sample shows the
same spectra and a similar trend (Figure 9b). The
peaks at 314ºC for PMMA are more intense than the
corresponding peaks of the PMMA nanocomposite.
The intensities of the peaks for PMMA seem to
reach a maximum between 346 and 360°C, while
those of the nanocomposite reach a maximum at
360°C. This confirms that the initial release of MMA
volatiles is retarded when zirconia nanoparticles are
present, whether it is because of an inhibition of the
decomposition process or because of a stronger
interaction between zirconia and the MMA mole-
cules. The interaction between PMMA or MMA and
the zirconia nanoparticles therefore played a signif-
icant role in modifying the degradation kinetics.
In order to investigate this aspect, solid state NMR
measurements were performed. The 13C{1H} CP-
MAS NMR spectra of PMMA and of the composite
having 5% of zirconia are reported in Figure 10.
Five peaks are present in all the spectra: peak 1 at
17 ppm is related to the methyl group, peak 2 at
45 ppm to the methylene group, peak 3 at 52 ppm to
the quaternary carbon of polymeric chain, peak 4 at
56 ppm to the methoxyl group, and peak 5 at
177 ppm to the carbonyl carbon, according to liter-
ature [20]. No modification in the chemical shift
and in the band shape is observed in the PMMA-
ZrO2 composite spectrum indicating that no chemi-
cal modification occurred in the polymer.
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Figure 5. TEM micrographs of the 2!wt% PMMA-ZrO2 nanocomposite at different magnifications



The spin-lattice relaxation time in the laboratory
frame T1(H), and in the rotating frame T1#(H), and
the cross-polarization time TCH were determined
through solid-state NMR measurements in order to
evaluate the dynamic modifications occurring in the
polymeric chain of the PMMA matrix after com-
posite formation. The T1(H), T1#(H), and TCH values
obtained from each peak in the 13C spectra of all the
samples are reported in Table 2.
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Figure 6. (a) Storage modulus, (b) loss modulus and
(c) tan& curves of PMMA and PMMA-ZrO2 nano -
composites

Figure 7. TGA curves of PMMA and PMMA-ZrO2 nano -
composites

Figure 8. Ea values obtained by the OFW and KAS degra-
dation kinetics methods

Table 2. Relaxation time values for all the peaks in the 13C spectra of the PMMA and the PMMA-ZrO2 composite having
the 5!wt% of filler

ppm
T1(H) [s] T1!(H) [ms] TCH ["s]

PMMA PMMA-ZrO2 PMMA PMMA-ZrO2 PMMA PMMA-ZrO2

178 0.70±0.02 0.71±0.02 18.1±0.5 22.9±0.9 1306±167 1105±126
56 0.71±0.03 0.70±0.03 20.4±0.9 19.5±0.7 254±79 185±26
52 0.71±0.01 0.70±0.01 16.2±0.2 20.7±0.3 339±42 268±22
45 0.71±0.01 0.69±0.01 17.0±0.2 19.6±0.3 614±33 713±41
17 0.71±0.01 0.74±0.02 19.3±0.4 21.9±0.3 320±36 261±21



The presence of the filler in the PMMA matrix did
not significantly affect the T1(H) values. This indi-
cates that the composite was dynamically homoge-
neous in a range from tens to hundreds of nanome-
tres. The presence of the ZrO2 in the PMMA causes
an increase of the T1#(H) values indicating an
increase in the polymer stiffness due to the presence
of the filler. This effect is correlated with distances
ranging from tens to hundreds of angstroms. In fact,
the T1#(H) parameter is inversely proportional to
the spectral density of motion in the kHz frequency
region. These motions reflect the dynamic behaviour
of a polymeric chain in a range of a few nanome-
tres. Larger T1#(H) values result in an increase in
the rigidity of a polymer. The TCH value decrease
indicates that there was an increase in the heteronu-

clear dipolar interactions involving the carbons and
the surrounding hydrogen nuclei indicating an
increase in the polymer rigidity [24, 25]. It is, how-
ever, possible that the effect is not strong enough to
give rise to an observable change in a macroscopic
property like the Tg of a polymer.

4. Conclusions
Zirconia was successfully prepared by a sol-gel
method and XRD analysis confirmed that the pow-
der was composed of a mixture of tetragonal and
monoclinic Baddeleyite. The elemental analysis
showed evidence of the presence of carbon in the
powder. PMMA-zirconia nanocomposites were
prepared using a melt compounding method and
were systematically investigated as a function of
zirconia amount from 1 to 5!wt%. The XRD results
showed that the zirconia nanoparticles maintained
their structure and did not induce orientation of the
PMMA chains. TEM analysis showed that the nano -
particles were well dispersed in the PMMA matrix,
with some agglomerates, especially for the highest
investigated zirconia content. NMR analysis indi-
cated that the filler increased the rigidity of the
polymer.
The char content values from TGA confirmed the
homogenous dispersion by zirconia nanoparticles
within PMMA matrix at low zirconia contents. The
degradation of the polymer and the release of volatile
products occurred at higher temperatures in the
presence of zirconia and an increase in zirconia
content showed negligible influence on the thermal
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Figure 9. FTIR spectra at different temperatures during the thermal degradation in a TGA of (a) PMMA and (b) 95/5 w/w
PMMA/ZrO2 at a heating rate of 10°C min–1

Figure 10. 13C{1H} CP-MAS NMR spectra of PMMA and
the 95/5 w/w PMMA/ZrO2 nanocomposite.
Numbers on the peaks identify the carbon atoms



stability of PMMA. The presence of the nanoparti-
cles also reduced the activation energy of degrada-
tion of PMMA at higher conversions.
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1. Introduction
Because of its unique chemical structure, silicone
rubber exhibits a list of excellent properties includ-
ing a large degree of flexibility, climate and oxida-
tion resistance, thermal stability, low electrical con-
ductivity, biocompatibility, low surface tension, and
high permeability [1, 2]. As a result of these excel-
lent properties, silicone rubber is widely used in
aerospace industry, automobile industry, electronic
industry and biomedical applications [2–5]. How-
ever, silicone rubber has low mechanical strength
because of the weak intermolecular forces between
polymer chains [6], and the weak mechanical prop-

erties seriously limit the practical application of sil-
icone rubber [7]. Therefore, improving the mechan-
ical properties of silicone rubber is of foremost
importance. At present, fumed or precipitated silica
is most commonly used to reinforce silicone rubber;
other fillers like clays, graphite, carbon nanotubes,
and polyhedral oligomeric silsesquioxanes have
also been reported to be effective reinforcing agents
[8–12]. However, it is very difficult for nano-sized
particles to disperse in a polymer matrix with low
viscoelasticity, and a long mixing time and high dis-
persion energy are required to obtain fine disper-
sion. Hence, it is meaningful to find new methods
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and reinforcing agents with good processability,
fine dispersion, and high reinforcing effect to
improve the mechanical properties of silicone rubber.
The ‘in situ reaction’ technique is an effective method
to obtain fine dispersion of fillers in a polymer
matrix. Generally, two ‘in situ reaction’ methods can
be used for the preparation of rubber composites:
the ‘sol-gel’ method and the ‘in situ polymerization’
method. An example of the ‘sol-gel’ method is the
‘sol-gel’ hydrolysis of alkoxysilanes (organosili-
cates) to form silica in situ within a polymer matrix
[13–17]. Ning et al. [15] carried out many studies
on reinforcing polydimethylsiloxane by the in situ
precipitation of silica, and found that the generated
particles were dispersed at the nano-level and con-
siderable reinforcement of the elastomer could be
achieved. Other particles generated in situ, for exam-
ple, titania, have been also reported to have a good
reinforcement on elastomers [16, 17]. However, the
cost of this method is higher than that of conven-
tional ‘ex situ’ methods [8]. In the ‘in situ polymer-
ization’ method, reactive monomers are polymerized
to generate reinforcing particles. Among the reac-
tive monomers, metal salts of unsaturated car-
boxylic acids are the typical monomers widely used
to improve the properties of elastomers [18–24, 26–
32]. Wen et al. [21] synthesized particles of acry-
lato(1,10-phenanthroline)bis (2-thenoytrifluoroace-
tonato) samarium [Sm(TTA)2-(AA)(Phen)], which
combined the good fluorescence property of
Sm(TTA)3(Phen) and the reactivity of acrylic acid
with radicals, and used the particles to prepared
HNBR/Sm(TTA)2-(AA)(Phen) composites. It was
suggested that a fine dispersion of the particles in
HNBR was obtained due to the in situ reaction. Lu
et al. [22, 23] added zinc dimethacrylate (ZDMA)
into different kinds of elastomers and found that
uniform nanophases were formed by the in situ
polymerization of ZDMA and the mechanical prop-
erties of the resulting composites were significantly
improved . The ‘in situ polymerization’ method is
relatively simpler and less expensive than the ‘sol-
gel’ method, and its reinforcing effect is more
remarkable.
In this study, we attempted to improve the proper-
ties of methyl vinyl silicone rubber (VMQ) by the
‘in situ reaction’ method. We selected ZDMA as the

reinforcing agent because ZDMA shows better rein-
forcement than most of other metal salts of unsatu-
rated carboxylic acids do [26]. VMQ/ZDMA com-
posites with different amounts of peroxide and
ZDMA were prepared, and the polymerization con-
version of ZDMA, the morphology and the crosslink
structure of these VMQ/ZDMA composites were
studied. The effect of peroxide content and ZDMA
content on the mechanical properties of the VMQ/
ZDMA composites was also investigated.

2. Experimental
2.1. Materials
VMQ having 0.15% vinyl substituent and a molec-
ular weight of 550 000 g/mol was obtained from
Chenguang Chemical Research Insititute, Sichuan,
China. Zinc Dimethacrylate (ZDMA) (grade Saret
634) was purchased from Sartomer Co., USA. The
peroxide used was 2,5-bis(tert-butylperoxy)-2,5-
dimethyl hexane (DBPMH), which was purchased
from Akzo Nobel Cross-Linking Peroxide Co.,
Ltd., Ningbo, China.

2.2. Preparation of VMQ/ZDMA composites
At room temperature, silicone rubber and ZDMA
were mixed on a two-roll mill for 15 minutes, fol-
lowed by the addition of DBPMH. The resulting
blends were cured at 160°C  in an electrically heated
hydraulic press for their respective optimal cure
time (t90) obtained from the curing curve.
The ZDMA/DBPMH blend was prepared as fol-
lows: (1) the ZDMA and DBPMH (ZDMA/DBPMH
6:1, weight ratio) were dispersed in acetone to
obtain a turbid liquid (DBPMH can dissolve in ace-
tone but ZDMA can’t); (2) after being stirred for
24 hours at room temperature, the prepared turbid
liquid was dried at 60°C to remove acetone, and
then the ZDMA/DBPMH blend was obtained.

2.3. Measurements
2.3.1. Curing characteristics of VMQ blends
Curing characterisitics of VMQ blends were deter-
mined with an oscillating disc rheometer (M2000-
FA) made by Gotech Testing Machines (Dong Guan)
Co. LTD. The curing dynamics of the rubbers were
characterized at 160°C with an angular displace-
ment of 0.5°.
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2.3.2. Fourier transform infrared spectroscopy
(FTIR)

FTIR analysis was performed on an FTIR spec-
trometer (Tensor 27, Bruker Optik Gmbh Co., Ger-
many). The scan range was 4000 to 600 cm–1 with a
resolution of 4 cm–1.

2.3.3. X-ray diffraction (XRD)
X-ray diffraction (XRD) analysis was carried out
on a Rigaku D/Max 2500 X-ray diffractometer
(Rigaku Inc., Sendagaya, Japan) with Cu K! radia-
tion (at 40 kV and 100 mA). The scanning was per-
formed in the diffraction angle (2") range from 3 to
40° at a rate of 5°/min.

2.3.4. Scanning electron microscopy (SEM)
Scanning electron microscopy observations were
performed on an S4700 field emission scanning
electron microscope (Hitachi Co., Japan) at a volt-
age of 20 kV.

2.3.5. Polarizing optical microscopy (POM)
The VMQ/ZDMA blends before vulcanization were
difficult to observe on a scanning electron micro-
scope or transmission electron microscope because
they were very viscous fluids. Instead, the VMQ/
ZDMA blends were observed on a polarizing opti-
cal microscope (ZEISS Axioskop 40A, Germany).
In this technique, the samples were heated to 160°C
on a hot-stage, and the morphology change during
the peroxide curing was recorded.

2.3.6. Transmission electron microscopy (TEM)
and high resolution transmission electron
microscopy (HRTEM)

Both transmission electron microscopy (TEM) and
high resolution transmission electron microscopy
(HRTEM) were performed to observe the morphol-
ogy of VMQ/ZDMA composites. TEM was carried
out on an H-800-1 transmission electron micro-
scope (Hitachi Co., Japan) and HRTEM was carried
out on a JEM-3010 transmission electron micro-
scope (Hitachi Co., Japan). The thin sections for
TEM and HRTEM experiments were cut by a micro-
tome at –100°C and collected on cooper grids.

2.3.7. Differential scanning calorimetry (DSC)
DSC measurements were carried out on STARE
system DSC 1 instrument (Mettler-Toledo Interna-

tional Inc., Switzerland). The sample was heated
from 30 to 350°C under nitrogen atmosphere with
the heating rate of 10°C/min. For isothermal DSC
analysis, the sample were heated to 160°C rapidly
and kept at 160°C for 20 minutes.

2.3.8. Mechanical properties
Tensile tests were performed on a CTM 4104 ten-
sile tester (SANS, Shenzhen, China) at a cross-head
speed of 500 mm/min and a temperature of 25±2°C
according to Chinese Standards GB/T528-1998 and
GB/T529-1999.

2.3.9. Measurements of crosslink density
The crosslink density was determined by equilib-
rium swelling. A certain amount of samples (about
0.15 g) was swollen in toluene in a sealed vessel at
25±0.2°C for 5 days. Then the samples were taken
out and immediately weighed on an analytical bal-
ance after the surface toluene was blotted off with
tissue paper. Subsequently, the samples were dried
in a vacuum oven at 80°C for one day to remove all
the solvent and weighed again. The crosslink den-
sity of the samples (!e) was calculated by the Flory-
Rehner equation (Equation (1)) [25]:

                              (1)

where V0 is the molar volume of the solvent
(106.54 cm /mol for toluene), " is the interaction
parameter of VMQ and toluene and is taken as
0.465 here [6], and v2 is the volume fraction of the
polymer in the vulcanizate swollen to equilibrium.
The parameter v2 was calculated by Equation (2):

                          (2)

where m0, m1 and m2 are the masses of original
sample, sample swollen to equilibrium, and dried
sample, respectively, # is the mass fraction of VMQ
in the original sample, $1 and $2 are the density of
toluene and density of gum VMQ vulcanizate,
respectively, and % is the mass loss of gum VMQ
vulcanizate during swelling.
For the measurements of covalent crosslink density,
samples (about 0.5 mm in thickness) were swollen
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in a mixture of dilute hydrochloric acid (1 mol/L)
and acetone (the volume ratio of dilute hydrochloric
acid and acetone is 1:9) for 2 days to destroy the
ionic network, and then placed for 3 days in a Soxh-
let extractor containing acetone, and vacuum dried.
The crosslink density of samples before acidolysis
(!e) and the crosslink density of samples after aci-
dolysis (!e1) present the gross crosslink density and
the covalent crosslink density, respectively, and the
ionic crosslink density (!e2) was calculated by sub-
tracting #e1 from !e.

3. Results and discussion
3.1. Polymerization conversion of ZDMA
To verify the in situ reaction of ZDMA in VMQ
matrix during the peroxide curing, transmission
FTIR spectroscopy was performed. The FTIR spec-
tra of ZDMA, ZDMA after heat treatment at 160°C
for 15 min (the optimum curing time t90 of the
blend), ZDMA/DBPMH blend, ZDMA/DBPMH
blend after heat treatment at 160°C for 15 min,
VMQ/ZDMA blend, and VMQ/ZDMA composite
are shown in Figure 1. In the spectrum of ZDMA
(Figure 1 curve a), the bands at 1560 and 1420 cm–1

are attributed to the symmetrical and anti-symmet-
rical vibrations of COO–; the band at 1651 cm–1 is
assigned to the stretching vibration of C=C. After
heat treatment, those characteristic peaks of ZDMA
can be still observed (Figure 1 curve b), illustrating
that ZDMA is stable at 160°C. For ZDMA/DBPMH
blend (Figure 1 curve c and curve d), however, the
band at 1651 cm–1 has disappeared after the heat

treatment. This result confirms that ZDMA has a
high reactivity and most of ZDMA particles have
reacted with the peroxide. In the spectrum of
VMQ/ZDMA blend (Figure 1 curve e), the two
sharp bands at 1015 cm–1 and 1087 cm–1 are attrib-
uted to the stretching vibration of Si–O–Si, and the
sharp band at 796 cm–1 is attributed to the stretching
vibration of Si–C. The C=C characteristics of ZDMA
can be still observed in the blends, although the
intensity of the peaks decreases as a result of the
concentration effect. In the spectrum of VMQ/ZDMA
composite (Figure 1 curve f), the band at 1651 cm–1

has disappeared, indicating that most of the ZDMA
participated in the in situ reaction in the VMQ
matrix during the peroxide curing.
X-ray diffraction (XRD) analysis was carried out to
further verify the in situ reaction of ZDMA during
the peroxide curing. Figure 2 shows the XRD pat-
terns of ZDMA, ZDMA after heat treatment at
160°C for 15 min, ZDMA/DBPMH blend, ZDMA/
DBPMH blend after heat treatment at 160°C for
15 min, VMQ/ZDMA blend, and VMQ/ZDMA com-
posite. ZDMA is highly crystalline and shows strong
peaks at 2" of 9.8, 11.0, 11.9, 16.7 and 22.1°, as
shown in Figure 2 curve a. From the XRD patterns
of ZDMA before and after heat treatment, it can be
seen that there is almost no difference, meaning that
the crystal structure of ZDMA was not destroyed by
the heat treatment. The main characteristic peaks of
ZDMA can be still observed in the ZDMA/DBPMH
blend before heat treatment, as shown in Figure 2
curve c; after heat treatment, however, none of
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Figure 1. FTIR spectra of ZDMA (a) before and (b) after
heat treatment, ZDMA/DBPMH blend (c) before
and (d) after heat treatment and VMQ/ZDMA
(100/40) composites containing 5 phr DBPMH
(e) before and (f) after cured

Figure 2. XRD patterns of ZDMA (a) before and (b) after
heat treatment, ZDMA/DBPMH blend (c) before
and (d) after heat treatment and VMQ/ZDMA
(100/40) composites containing 5 phr DBPMH
(e) before and (f) after cured



those peaks can be detected (Figure 2 curve$d). The
result reveals that almost all the ZDMA crystals
have transformed to amorphous state, which further
confirms the reaction of ZDMA. In the pattern for
the VMQ/ZDMA blend (Figure 2 curve$e), the strong
characteristic peaks of ZDMA at 2" = 9.8 and 11.0°
can be observed clearly. However, only a very broad
diffraction peak of the VMQ matrix at 2" =11.8°
can be detected in the VMQ/ZDMA composite, as
shown in Figure 2 curve$f. The result suggests that
most of the ZDMA particles have participated in the
in situ reaction during the peroxide curing and
formed amorphous phases, consisting with the con-
clusion from the FTIR analysis.
On the basis of the above results and the results of
previous studies on the in situ reactions of ZDMA
[22, 27, 28], the possible chemical reactions in the
VMQ/ZDMA blend during the peroxide curing are
represented in Figure 3. During the peroxide curing,
the peroxide is first decomposed to form free radi-

cals, which will react with the ZDMA monomers
and silicone rubber chains to form ZDMA radicals
and VMQ radicals, respectively. A ZDMA radical
initiates its monomer to form a poly-ZDMA radical,
which will be terminated with another poly-ZDMA
radical to form poly-ZDMA or terminated with a
VMQ radical to form grafted poly-ZDMA. Simul-
taneously, the covalent bonds between the rubber
chains are formed by the reaction of VMQ radicals.

3.2. Morphology analysis
The SEM image in Figure 4a shows the morphol-
ogy of the original ZDMA particles. These particles
are in the shape of rod (ratio of length to diameter,
L/D – 5 and length 5–50 µm). The polarizing opti-
cal microscopy (POM) image of the VMQ/ZDMA
blend is shown in Figure 4b. The dark phase is the
silicone rubber matrix (silicone rubber is amor-
phous at room temperature), and the bright phase
represents the ZDMA crystals. The size and shape
of the ZDMA particles in the VMQ matrix don’t
change much over those of the original ZDMA par-
ticles shown in the SEM image (Figure 4a) because
the shear stress generated by the silicone rubber is
too low to grind the ZDMA particles. It implies that
it is difficult to get a good dispersion of ZDMA in
VMQ matrix via simple mechanical blending. After
curing, however, the bright phases have darkened or
disappeared, as shown in Figure 4c, implying that
the crystalline structure of ZDMA was destroyed in
the peroxide curing, possibly because of the in situ
reaction of ZDMA. In the cured VMQ/ZDMA com-
posites, some amorphous particles at the micro-level
can be observed. These particles are probably com-
posed of unreacted ZDMA and poly-ZDMA parti-
cles generated by the polymerization of ZDMA.
Some previous studies focused on the transforma-
tion of metal salts of unsaturated carboxylic acids
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Figure 3. In-situ reaction in VMQ/ZDMA blend during per-
oxide curing: (a) decomposition of peroxide by
heating, (b) ZDMA is initiated to form ZDMA
radical, (c) VMQ is initiated to form VMQ radi-
cal, (d) chain growth of poly-ZDMA, (e) termina-
tion of poly-ZDMA chain, (f) graft reaction
between VMQ and poly-ZDMA, and (g) genera-
tion of covalent crosslinks

Figure 4. (a) SEM micrograph of ZDMA, and POM images of (b) uncured and (c) cured VMQ/ZDMA (100/40) composites
containing 5 phr DBPMH



by contrasting the morphology of the vulcanizates
to that of the blends [23, 27]. In the present study,
we used POM to observe the transformation of
ZDMA crystals in situ during the peroxide curing.
The change of the ZDMA crystals, as shown in Fig-
ure 5, was recorded by the polarizing optical micro-
scope for 15 minutes. During the peroxide curing,
the size of ZDMA crystals decreases gradually, and
almost all the crystals disappear at the end. As illus-
trated in the XRD analysis, the reaction of ZDMA
induced by peroxide radicals can destroy the crys-
talline structure. Therefore, the disappearance of
ZDMA crystals in the VMQ/ZDMA blend during
the peroxide curing is probably attributed to the in
situ reaction of ZDMA. Besides, the melting of
ZDMA crystals and the dissolving of ZDMA into
silicone rubber are also possible reasons for the dis-
appearance of ZDMA crystals. To further study the
transformation of ZDMA crystals in silicone rubber
at high temperature, the thermal behavior of ZDMA
was investigated by DSC, as shown in Figure 6.
The DSC heating curve (Figure 6a) shows two endo -
thermic peaks at 186 and 218°C, corresponding to
two different ZDMA crystalline structure. At high
temperature (about 300°C), a strong exothermic
peak can be observed, indicating that some reaction
of ZDMA occurs. In the isothermal DSC curve of
ZDMA at 160°C (Figure 6b), neither endothermic
nor exothermic peak can be observed, implying that

ZDMA is quite stable at 160°C and the disappear-
ance of ZDMA crystals during the peroxide curing
should not be attributed to the crystal melting. Fig-
ure 7 shows the transformation of ZDMA in the
VMQ/ZDMA blend without peroxide when the
blend was kept at 160°C for 15 min. At the begin-
ning of heating process, the size of ZDMA decreases
gradually, probably due to the dissolving of ZDMA
into silicone rubber since the melting of crystals
does not occur according to the DSC analysis.
However, great quantities of ZDMA crystals can be
still observed at the end of heating process. Com-
paring the POM images of VMQ/ZDMA blend con-
taining peroxide with those of VMQ/ZDMA blend
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Figure 5. POM images of VMQ/ZDMA blends (100/40) containing 5 phr DBPMH during the heat treatment

Figure 6. DSC curves of ZDMA under nitrogen atmosphere
(a) DSC heating curve, (b) isothermal DSC curve



without peroxide, we can conclude that the in situ
reaction of ZDMA during the peroxide curing plays
an important role on the transformation of ZDMA
from crystalline state to amorphous state.
Transmission electron microscopy (TEM) and high
resolution transmission electron microscopy
(HRTEM) were performed to observe the morphol-
ogy of VMQ/ZDMA composites at the nano-level.
Figure 8a shows the TEM morphology of VMQ/
ZDMA composites. In the VMQ/ZDMA compos-
ites, micro-level particles can still be observed.
However, the crystalline structure of these particles
was likely destroyed because the crystals would
split from the VMQ matrix to form cavities during
the preparation of the samples. In the TEM photo-
graph at high magnification, uniform dark phases at
the nano-level can be observed, as shown in Fig-
ure 8a1. The HRTEM images given in Figure 8b–d
clearly show that there are significant amounts of
nano-dispersed structures (the darker phase) form-
ing in the composites. These nano-dispersed struc-
tures, which are about 5–10 nm in diameter, repre-
sent poly-ZDMA aggregates or poly-ZDMA ionic
clusters [23, 28–32] produced by the in situ poly-
merization of ZDMA during the peroxide curing.
The TEM observations indicate that uniform nano-
level dispersion can be obtained via the in situ reac-
tion method even though the original dispersion of
ZDMA is poor. The ‘dissolving-diffusion’ mecha-

nism of nanodispersion generation, which has been
accepted by some researchers [28, 31, 32], was used
to illustrate the transformation of ZDMA in VMQ
matrix, as shown in Figure 9. During the peroxide
curing, the ZDMA monomers dissolved in the VMQ
matrix and on the surface of the micro-level ZDMA
crystals homo-polymerize or graft onto the silicone
rubber chains with peroxide. The generated poly-
ZDMA particles separate from the ZDMA crystals
and disperse in the VMQ matrix. As a result, the
inner monomers of the ZDMA crystals are exposed
for further reaction, and the size of ZDMA particles
decreased gradually. On the other hand, because of
the formation of grafted poly-ZDMA, the compati-
bility between the silicone rubber and ZDMA is
probably improved to some extent. The improved
compatibility is beneficial to further diffusion of
ZDMA monomers. With the in situ polymerization,
the dissolving-diffusion balance of the ZDMA
monomers in the VMQ matrix is broken, leading to
a continual diffusion of these monomers from the
particles into the matrix to participate in the in situ
polymerization. Ultimately, a nano-dispersion is
obtained.

3.3. Mechanical properties
We studied the effect of ZDMA on the mechanical
properties of VMQ because ZDMA has been shown
to be an effective reinforcing agent for elastomers
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Figure 7. POM images of VMQ/ZDMA blends (100/40) without peroxide during the heat treatment



[22]. Since a considerable amount of radicals gener-
ated by peroxide was consumed by ZDMA, the
amount of peroxide should be an important factor
for the mechanical properties of VMQ/ZDMA com-
posites. In this work, the effect of the amount of

peroxide on the mechanical properties of VMQ/
ZDMA was investigated first. Table 1 show the
mechanical properties of VMQ/ZDMA (100/30)
composites. With increasing the amount of DBPMH,
the modulus at 100% strain and Shore A hardness
increase, but the elongation at break decreases
gradually. The tensile strength shows a maximum
value of 4.08 MPa when the amount of DBPMH is
5 phr. The amount of ZDMA also affects the tear
strength of VMQ/ZDMA composites. With increas-
ing the amount of DBPMH, the tear strength increase
at first and then tends to stable when the amount of
ZDMA is higher than 3 phr. The content of DBPMH
has little influence on the permanent set of VMQ/
ZDMA composites, and the value keeps at a low
level for all the samples (below 5%). Additionally,
it can be seen that the elongation at break (over
350%) is still high even when the amount of
DBPMH is as high as 6 phr. It is a characteristic
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Figure 8. (a) TEM morphology and (c–d) HRTEM morphology of the cured VMQ/ZDMA composite containing 40 phr
ZDMA and 5 phr DBPMH

Figure 9. Schematic representation for the formation of
nanophases in silicone rubber matrix during the
peroxide curing



property of metal salts of unsaturated carboxylic
acids that they impart high strength and hardness,
while allowing the rubber to retain a high elonga-
tion at break [29].
The effect of amount of ZDMA on the mechanical
properties of VMQ/ZDMA composites was investi-
gated next. Figure 10 shows the curing characteris-
tics of VMQ/ZDMA blends containing 5 phr
DBPMH. The maximum torque (MH) decreases
with increasing the amount of ZDMA, but the min-
imum torque (ML) doesn’t change much. Generally,
the difference between maximum torque and mini-
mum torque (MH–ML) is related to the crosslink
density of the composites; for a given formula, high
value corresponds to high crosslink density. The
result implies that the incorporation of ZDMA will
affect the crosslink structure of silicone rubber. Addi-
tionally, the optimum curing time (t90) increases
greatly when ZDMA is incorporated into VMQ
matrix, probably ascribed to the consumption of
peroxide radicals by ZDMA.
The mechanical properties of VMQ/ZDMA com-
posites containing 5 phr DBPMH are shown in
Table 2. The tensile strength and elongation at break
exhibit maximums when the amount of ZDMA is
40 and 30 phr, respectively. The maximum tensile

strength is 4.50 MPa and the maximum elongation
at break is 380%. The tear strength also shows a
maximum (9.05 kN/m) when the amount of ZDMA
is 50 phr. Both the modulus at 100% strain and
Shore A hardness increase significantly with increas-
ing the amount of ZDMA. The permanent set of
VMQ/ZDMA composites also increases with increas-
ing the amount of ZDMA, but the value keeps at a
low level for all the samples (below 5%). Consider-
ing the mechanical properties of gum VMQ vulcan-
izate shown in Table 2 (ZDMA 0 phr), we can con-
clude that ZDMA has a significant reinforcing
effect on VMQ. For example, when 40 phr ZDMA
is incorporated into VMQ matrix, both the tensile
strength and tear strength increase by more than
10 times. The typical stress-strain curves of VMQ/
ZDMA composites with different amount of ZDMA
are presented in Figure 11. It can be seen that the
incorporation of ZDMA can greatly increase the
modulus of VMQ vulcanizates, especially at the
low elongation.
In summary, both the amount of peroxide and the
amount of ZDMA play important roles on the
mechanical properties of VMQ/ZDMA composites.
The best mechanical properties of VMQ/ZDMA
composites are obtained when the DBPMH amount
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Table 1. Mechanical properties of VMQ/ZDMA (100/30) composites with different amount of DBPMH

Samples 100% modulus
[MPa]

Tensile strength
[MPa]

Shore A
hardness

[°]

Tear strength
[kN/m]

Elongation at
break

[100%]

Permanent set
[100%]

DBPMH 1 phr 0.30 (±0.01) 1.16 (±0.02) 21 4.20 (±0.05) 529 (±28) 4
DBPMH 2 phr 0.51 (±0.03) 2.24 (±0.06) 30 7.31 (±0.25) 483 (±20) 4
DBPMH 3 phr 0.67 (±0.03) 2.75 (±0.08) 35 8.22 (±0.10) 423 (±20) 3
DBPMH 4 phr 0.83 (±0.04) 3.64 (±0.21) 39 8.42 (±0.34) 409 (±18) 2
DBPMH 5 phr 0.95 (±0.03) 4.08 (±0.21) 40 8.08 (±0.41) 380 (±17) 2
DBPMH 6 phr 0.97 (±0.04) 3.70 (±0.07) 40 8.18 (±0.52) 363 (±17) 2

Figure 10. The curing curves of VMQ/ZDMA blends with
different amount of ZDMA

Figure 11. Stress-strain curves of VMQ/ZDMA blends with
different amount of ZDMA



and VMQ amount are 5 and 40 phr, respectively.
However, the reinforcing effect of ZDMA is lower
on silicone rubber than on other elastomers such as
HNBR, EPDM, and NBR, possibly because of the
poor dispersion of ZDMA in the VMQ blend. The
TEM and POM images showed that large ZDMA
particles cannot diffuse completely into the VMQ
matrix to form a uniform nanodispersion, but
become amorphous particles at the micro-level
instead. These micro-level particles have a negative
effect on the mechanical properties.

3.4. Crosslink structure of VMQ/ZDMA
composites 

The competitive reactions of peroxide-initiated
polymerization of ZDMA and cross linking of poly-
mer occur simultaneously during the peroxide cur-
ing of the blend. In rubber/ZDMA composites, there
are not only covalent crosslinks between the rubber
chains but also ionic crosslinks mainly formed by
the grafted poly-ZDMA, as shown in Figure 12.
Because the ionic crosslinks have been known [22,
29, 30] to play an important role on the mechanical
properties of rubber/ZDMA composites, it is signif-
icant and necessary to investigate the crosslink
structure of the VMQ/ZDMA composites.
Figure 13 shows the FTIR spectra of VMQ/ZDMA
composites before and after acidolysis. After aci-

dolysis, the band corresponding to –COO– at
1560 cm–1 has disappeared, and a new stretching
vibration band corresponding to –COOH was
observed at 1732 cm–1. These results confirmed
that the hydrolysis of poly-ZDMA was quite thor-
ough, and almost all the Zn2+ had been replaced by
H+ during hydrolysis. The FTIR spectra also con-
firmed that parts of the poly-ZDMA were grafted
onto silicone rubber chains during the peroxide cur-
ing because both the ungrafted poly-ZDMA and
residual unreacted ZDMA could be extracted from
the samples during the Soxhlet extraction treat-
ment.
Figure 14 shows that with increasing the amount of
ZDMA, the gross crosslink density and ionic
crosslink density of VMQ/ZDMA composites
increase gradually, but the covalent crosslink den-
sity decreases slightly. Looking at the results of the
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Table 2. Mechanical properties of VMQ/ZDMA composites with different amount of ZDMA

Samples 100% modulus
[MPa]

Tensile strength
[MPa]

Shore A
hardness

[°]

Tear strength
[kN/m]

Elongation at
break

[100%]

Permanent set
[100%]

ZDMA 0 phr 0.25 (±0.06) 0.35 (±0.13) 19 0.67 (±0.04) 160 (±22) 0
ZDMA 10 phr 0.54 (±0.05) 0.97 (±0.13) 32 3.04 (±0. 22) 163 (±28) 0
ZDMA 20 phr 0.78 (±0.03) 2.48 (±0.07) 35 4.73 (±0.28) 292 (±19) 2
ZDMA 30 phr 0.95 (±0.03) 4.08 (±0.21) 40 8.08 (±0.41) 380 (±17) 2
ZDMA 40 phr 1.37 (±0.04) 4.50 (±0.15) 45 8.71 (±0.14) 373 (±11) 4
ZDMA 50 phr 1.75 (±0.03) 3.93 (±0.10) 53 9.05 (±0.33) 313 (±13) 4
ZDMA 60 phr 1.96 (±0.06) 3.64 (±0.09) 57 8.95 (±0.42) 276 (±24) 4

Figure 12. Schematic representation of ionic crosslink

Figure 13. FTIR spectra of samples: (a) VMQ/ZDMA
(100/20) vulcanizate before acidolysis, (b) VMQ/
ZDMA (100/20) vulcanizate after acidolysis,
(c) VMQ/ZDMA (100/40) vulcanizate  before
acidolysis, (d) VMQ/ZDMA (100/40) vulcan-
izate after acidolysis, (e) VMQ/ZDMA (100/60)
vulcanizate before and (f) VMQ/ZDMA (100/60)
vulcanizate after acidolysis



crosslink density and the mechanical properties of
VMQ/ZDMA composites, we can conclude that the
ionic crosslink structure has a close relationship
with the mechanical properties. The composite with
high ionic crosslink density exhibits high hardness
and modulus at 100% strain; high ionic crosslink
density is also favorable to high tensile strength and
elongation at break at the low ZDMA contents.
However, the ionic crosslink content is lower in
VMQ/ZDMA composites than in other rubber/
ZDMA composites such as HNBR/ZDMA compos-
ites and NBR/ZDMA composites. For example, in the
VMQ/ZDMA composite containing 40 phr ZDMA,
ionic crosslinks account for only 67% of gross
crosslinks, but the content of ionic crosslinks is
higher than 85% in HNBR/ZDMA composites [31].
The low content of vinyl substituent (0.15%) in sil-
icone rubber is possibly one reason for the low con-
tent of ionic crosslinks. As illustrated in Figure 3,
grafted poly-ZDMA is formed by the reaction
between poly-ZDMA radicals and VMQ radicals.
Because of the low content of VMQ radicals, which
are mainly generated from the vinyl substituent, the
content of grafted poly-ZDMA is low. As a result,
the VMQ/ZDMA composites have relatively low
contents of ionic crosslinks. Additionally, the poor
dispersion of ZDMA in VMQ blends decreases the
contact area of the ZDMA particles and VMQ
matrix and would do harm to the grafting reaction,
leading to a low content of ionic crosslinks.

4. Conclusions
During the peroxide curing, ZDMA homo-polymer-
ized to form poly-ZDMA or grafted onto silicone
rubber chains to form grafted poly-ZDMA, and the
conversion of ZDMA was almost complete as
shown by the FTIR and XRD analyses. Because of
the in situ reaction of ZDMA, the micro-level
ZDMA particles gradually got smaller. In the com-
posites, a uniform nano-dispersed structure (the
aggregation of poly-ZDMA and grafted poly-
ZDMA) was formed. A ‘dissolving-diffusion’ model
was used in previous studies to illustrate the trans-
formation of ZDMA in the VMQ matrix. This model
suggests that a uniform nano-dispersed structure
can be obtained via the in situ reaction even though
the initial dispersion of ZDMA in the blend is poor.
ZDMA has a significant reinforcement for silicone
rubber. Both the amount of peroxide and the amount
of ZDMA affect the mechanical properties of
VMQ/ZDMA composites significantly, and the best
mechanical properties of VMQ/ZDMA composites
are obtained when the amount of DBPMH and the
amount of ZDMA are 5 and 40 phr, respectively. The
addition of ZDMA into VMQ introduced a large
amount of ionic crosslinks, which plays an impor-
tant role on the mechanical properties. As the amount
of ZDMA increases, the gross crosslink density and
ionic crosslink density increase, but the covalent
crosslink density decreases slightly.
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1. Introduction
According to a recent market analysis the applica-
tion of recycled polymers in the automotive indus-
try is still not usual because of their poor properties
[1]. Although the acceptable upper limit for the
application of secondary plastics in combination
with primary raw materials changes in a wide range
(20-100%), the use of secondary plastic materials is
still lower than required by the European legislation
(COM/2001/0031, 99/31/EC, 2000/53/EC, 2002/96/
EC, 2003/108/EC) aiming at fostering the develop-
ment of environmental-friendly technologies with
reduction of waste [2].
Secondary plastics have low market value because
of their uneven composition and purity; however,

their value can be increased by separation in order to
obtain relatively homogeneous fractions upgraded
with reinforcement, functionalization, restabiliza-
tion and flame retardancy [3, 4].
In the field of transportation both mechanical and
flame retardant properties play important role in the
material development [5]. The application of flame
retardant additives usually considerably deterio-
rates the mechanical properties [6–10]. In order to
fulfil these antagonistic requirements polymer com-
posites of layered (or sandwich) structure can be a
solution.
Concerning the flame retardancy of layered com-
posite structures, it should be noted, that the non-
homogeneous nature of the core composite materi-
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als may cause problems, especially if the adhesion
between the layers is not adequate. Delamination of
the skin, uneven melting of the core and skin, and
edge effects are the factors that must be taken into
consideration evaluating the flame retardancy
results. Using usual bench-scale test methods such
as the Cone Calorimeter test the core composites
may not react as a solid homogeneous material
would be expected to [11]. If halogen-free solution is
required the flammability of polypropylene (PP) is
mostly reduced by application of intumescent addi-
tives [12, 13]. Application of intumescent flame
retardant additives is favourable because of their
low toxicity, action in solid state and suppressed
smoke evolution in case of fire [14]. Considering
the enhancement of mechanical properties of the
composites, fibre-reinforcement offers a cost-effec-
tive solution. Besides providing high strength, stiff-
ness and impact properties, the inorganic fibres pos-
sess other advantages, such as inflammability,
therefore they are widely utilized in thermosets and
thermoplastics [15]. The environmentally and eco-
logically harmless glass fibres are often used as
reinforcement also in flame retarded composites
[16]. The application of polymer waste as matrix of
composites is both ecologic and economic solution
providing driving force to reuse the plastic waste in
a competitive form. Matko and his co-workers [9]
have developed a method for rendering pure
polypropylene flame retardant with additives con-
sisting of mainly recycled materials, which reduce
considerably the material costs. Strongly reduced
heat release rate and high flame retardancy classifi-
cation was achieved with application of recycled
ground tires, and recycled polyurethane in PP, at the
expense of the deteriorated mechanical properties.
Therefore the aim of this study was to find a cost-
effective and environmentally friendly way for pro-
ducing useful materials of higher value from poly-
mer waste by improving the flame retardancy com-
bined with preserved or improved mechanical prop-
erties. In the present approach composites containing
glass fibre reinforced recycled polypropylene core
covered with flame retarded secondary polymer lay-
ers were designed. Whilst most of the papers deal-
ing with polymer waste perform only model experi-
ments using mixtures of pure polymers, in this work
real industrial car shredder, obtained from end-of-
life cars, was used as secondary raw material.

2. Materials and methods
2.1. Materials
The recycled polypropylene (ASR " < 900 kg/m3)
supplied by Alcufer Ltd., (Fehérvárcsúrgó, Hun-
gary) separated to density fractions, originated from
light fraction of automobile shredder residue (ASR)
obtained from shredding of end-of-life vehicles
(ELV). After a comprehensive component analysis
(Fourier transform infrared spectroscopy – FTIR,
Raman, thermogravimetry – TG, differential scan-
ning calorimetry – DSC) [17], it was found that
below the density of 900 kg/m3 the main polymer
component is polypropylene (>#78 %), melt flow rate
(MFR) (190°C, 2.16 kg) 2.14 g/10 min and its inor-
ganic filler residue content (determined by heating
under mass loss calorimeter with heating wire of
900°C, which means approx. 650°C on the surface of
the samples) is lower than 0.75 mass%, containing
mainly talc, calcium-carbonate and short glass fibre.
As some of the inorganic fillers undergo decompo-
sition at this temperature the inorganic filler content
is somewhat higher than the determined residue.
As reinforcing material in the core of the layered
structure and in the mixed polyolefin composite
chopped glass fibre (GF) (DS 2200-13P) 3B – Fibre-
glass Company (Battice, Belgium) (Table 1) was
used.
The contained intumescent flame retardant (IFR),
applied in the flame retarded shell, consisted of
ammonium polyphosphate (APP) (Exolit AP 422)
Clariant GmbH. (Kornkamp, Germany), recycled
polyurethane (RecPUR) Amatech-Polycel Inc.
(Erie, Pennsylvania, USA), glyceryl-monostearate
(GMS) (Estol) Chemiplast Ltd. (Budapest, Hun-
gary) and ethylene-vinyl-acetate (EVA) (Ibucell
K100), H.B. Fuller (St Paul, MN, USA). This intu-
mescent flame retardant system was successfully
applied in polyolefin matrix in our previous work
[9]. The APP is the phosphorous containing flame
retardant additive which forms intumescent char
with application of recycled PUR as a carbon source.
GMS was used as a compatibilizer and EVA to
improve the flexibility.
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Table 1. Properties of the DS 2200-13P type glass fibre
Property Unit E-glass

Fibre length mm 4
Diameter µm 13
Moisture content % max. 0.05
Solid content % 0.5



2.2. Preparation of samples
Compounding: the components were homogenized
in a Brabender Plasti Corder (PL 2000) Brabender
GmbH & Co. KG (Duisburg, Germany) equipped
by a 50 cm3 kneader chamber, at 190°C, with a
rotor speed of 50 rpm, for 10 min.
Compression moulding of the test sheets: the com-
pounds were compressed in a Collin P 200 E Dr.
Collin GmbH (Ebersberg, Germany) laboratory com-
pression moulding machine at 190°C, with 10 bar,
for 10 min, the layered composites were prepared at
180°C, 50 bar for 10 min. The sample thickness was
4 mm.

2.3. Evaluation methods
Comparative mechanical tests were carried out by
ZWICK Z020 universal tester Zwick GmbH & Co.
KG (Ulm, Germany). The tensile test speed was
10 mm/min with clamping distance of 80 mm using
rectangular strip specimens with cross-section of
4 mm#$10 mm. Tensile strength and tensile modu-
lus were calculated from the force-displacement
curves obtained from the tensile test. The three-
point bending measurements were also carried out
using Zwick Z020 device at 64 mm gauge length
and 5 mm/min crosshead speed, following the ISO-
178 standard. The tests were carried out at room
temperature and average values were calculated
from the results of five test specimens. SEM pic-
tures were taken of the composites by JSM 6380LA
type JEOL (Tokyo) Scanning Electron Microscope.
The flame retardant performance was characterized
by limiting oxygen index (LOI) according to the
standard ASTM D 2863 and UL-94 (ASTM D 635,
ASTM D 3801) flammability measurements. While
limiting oxygen index gives information about
ignitability in controlled atmosphere, UL-94 classi-
fication (HB-worst, V2, V1, V0-best) is used for
determination of dripping and fire spreading rate.
For investigation of surface flammability UL 94 -
5VA&5VB (ASTM D 5048) was used, which dis-

tinguishes 5VA (non-burning), and 5VB (through-
burning) materials.
The Mass Loss type Cone Calorimeter tests were
carried out by the device of Fire Testing Technol-
ogy Inc. (East Grinstead, England) instrument, fol-
lowing the procedures in ASTM E 906 standard
method for measuring heat release of materials dur-
ing their burning. The results of 3 measurements were
averaged. Square specimens (100 mm#$100 mm#$
4 mm) were irradiated at a heat flux of 50 kW/m2.
This method is based on the principle of direct meas-
urement of the convective and radiant heat liberated
using a mass loss calorimeter fitted with thermopiles.
Thermocouples are embedded in the mass loss
calorimeters’ chimney to measure the temperature
of the gases directly. By calibrating them by combus-
tion methane gas at each heat flux, heat release val-
ues for each sample can be determined throughout
the experiments. It makes also possible to monitor the
change of sample mass during the burning process.

3. Results and discussion
In order to upgrade the selected polymer waste frac-
tion (< 900 kg/m3), flame retardant additives and
reinforcing fibres were introduced into composite
materials with two technologies. In case of mixed
composite (RMC) the components were homoge-
nized in an internal mixer and hot-pressed to obtain
4 mm thick homogeneous material, while the other
composite had a layered structure (RLC) consisting
of a 2 mm thick reinforced core layer (RC) and two
1 mm thick flame retarded outer layers (RS) pressed
together see in Figure 1.
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Figure 1. The structure of the layered composite

Table 2. Composition of the shell, core layers and composites

Materials Recycled shell
(RS)

Recycled core
(RC)

Recycled composites
(RMC, RLC)

Recycled matrix (ASR " < 0.9 g/cm3) 36% 70% 53.0%
EVA 13% – 6.5%
GMS 1% – 0.5%
APP 25% – 12.5%
Recycled PUR 25% – 12.5%
Glass fibre – 30% 15. %



The layers of the ‘sandwich’ composite were also
investigated separately. The composition of the
samples is summarized in Table 2.
The composites having high waste content includ-
ing the recycled matrix and recycled PUR as an
additive (RS: 61%, RC: 70%, RMC, RLC: 65.5%)
are advantageous from economical and environ-
mental aspects.
In order to compare the efficiency of the different
composite technologies (mixed and layered com-
posites) their flame retardant and mechanical prop-
erties of the sandwich composites and their each
layer were determined.

3.1. Flammability
The LOI and UL-94 results are summarized in
Table 3. It can be concluded that the intumescent
shell, as expected, reached V-0 UL-94 level of fire
retardancy and much higher LOI (28) than the core
material (HB and 19 respectively). If the compo-
nents are simply mixed together the UL-94 classifi-
cation remained HB, and the LOI values increased
only with 2 units (21), which means that it is still
very combustible in air. Applying flame retarded
layer as an outer shell of layered composite, the
UL-94 level remained HB, however, the LOI
increased from 19 to 25. During the UL-94 classifi-
cation of layered composite structures the cross sec-
tion of the sample is exposed to fire during the igni-
tion, therefore the core of the layered composites,
being the most ignitable layer of the material, deter-
mines the achieved classification. Taking into account
the possible application areas of this material, it is
quite clear that only the outer layers (the surface),
will be exposed to fire, the classification of the shell
in case of layered composites is more relevant. The
UL-94 5VA&5VB surface flammability test (Table 3)
verifies that similarly to the shell, the layered com-
posite reaches also the best (5VA) classification in
contrast to the core and mixed composite (5VB)
results.

Although the composition of the mixed and layered
composites is exactly the same, the application of
layered structure causes improvement in the oxygen
index from 21 (RMC) in case of mixed composite
to 25 (RLC) at layered composites, furthermore sig-
nificantly (by approx. 80%) reduces the burning
rate as well.
Concerning the heat release rate (HRR) results
shown in Figure 2 the core contains only 70% PP
and 30% glass fibre which helps the heat diffusion;
therefore the pHRR is reduced compared to the
RecPP. The 4 mm thick flame retarded shell causes
more than 4 min shift in the time of peak heat
release rate owing to the formed intumescent char
on the surface of the material. This layer is intact up
to 500 s, then it looses its’ protecting effect. The
intumescent flame retardant system significantly
(by 70%) reduced the peak heat release rate (pHRR)
of both mixed and layered composites compared to
the matrix materials. However, comparing the two
technologies applied for producing the composites,
it is clear that the application of layered structure
delayed the time to pHRR and also the intensive
burning by approx. 200 s. After 200 s the shell layer
lost its protecting effect and the HRR values
approached the curves of mixed composites. Con-
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Table 3. LOI and UL-94 ratings

Samples LOI
[%] UL-94 Burning rate

[mm/min]
UL-94

5VA & 5VB
Recycled matrix 19 HB 31.1 –
Recycled core (RC) 19 HB 24.7 5VB
Recycled shell (RS) 28 V-0 – 5VA
Recycled mixed composite (RMC) 21 HB 25.5 5VB
Recycled layered composite (RLC) 25 HB 3.6 5VA

Figure 2. Heat release rate results of the mixed and layered
composites



sequently if the whole amount of the FR additives is
concentrated into the surface layer both the inten-
sity and the time of pHRR decreases.
In order to understand more details of this behav-
iour, the layers and the layered composite are com-
pared in Figure 3. Surprisingly the HRR curve of
layered structure runs lower at the beginning than
that of shell with higher overall FR content and the
loss of the protective function occurs earlier than in
case of shell tested alone (RS). The difference occurs
because the glass fibre in the core of the layered
structure, having flame retarded layer of 1 mm on the
surface, helped the heat diffusion under the surface
[12]. Thus the pHRR was reduced at the initial phase
(until 250 s). Later on in case of the 4 mm thick
shell material the accumulated heat leads to decom-
position of the surface structure and breakdown of
its protecting effect, leading to a second intensive
peak of heat release. It does not occur with the lay-
ered composite in which the heat is carried away by
the heat conductive sublayer, therefore the protect-
ing effect of the intumescent char is similar to the
shell material but this protection effect lasts until
the end of test. No significant cracks or delamina-
tion occurred at the surface of the composite see on

Figure 4b compared to the uncovered residue made
of glass fibres of the recycled core (RC) (Fig -
ure 4a).
The total heat released (THR) was approximately
the same during the burning of both mixed and lay-
ered composites (see Table 4), but in case of the
layered one, the main heat release step was pro-
longed by 220 s (almost 4 minutes) in time com-
pared to the mixed one, due to the protecting effect
of the outer flame retarded layers, where the intu-
mescent flame retardants were concentrated. Fur-
thermore the amount of residue after burning was
significantly increased in case of RLC (see Table 5).
The most surprising result of Table 4 is the lower
amount of total heat released of the composites than
that of shell material in spite of their less fire retar-
dant content. It can not be explained merely by the
presence of 15% non-combustible glass fibre, con-
sideration of the preserved protecting capability of
their surface layer, as described at the explanation
of Figure 3, is also required.
Based on the results in Figure 2 and 3 and Table 4 it
can be concluded that the layered composite is the
more advantageous than the shell (containing dou-
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Figure 3. Heat release rate results of the layered (sandwich)
composite, core and shell materials

Figure 4. Residues after burning; recycled core (a), recy-
cled layered composite (b)

Table 4. Numeric results of mass loss calorimeter tests

adeviation of method ±5 s
bdeviation of method ±39kW/m2

cdeviation of method ±3 MJ/m2

Samples Time of peak heat release ratea

[s]
Peak heat release rate (pHRR)b

[kW/m2]
Total heat released (THR)c

[MJ/m2]
Recycled matrix 176 834 155
Recycled core (RC) 357 258 112
Recycled shell (RS) 630 232 136
Recycled mixed composite (RMC) 78 233 102
Recycled layered composite (RLC) 303 181 100

Table 5. The residue of the samples after burning
Samples Residue

Recycled matrix (ASR " < 900 kg/m3) 0.7%
Recycled shell (RS) 17%
Recycled core (RC) 30.5%
Recycled mixed composite (RMC) 13%
Recycled layered composite (RLC) 16%



ble amount of flame retardant), because of the
decrease in the peak HRR, the shift of its position by
approx. 200 s and the significantly reduced THR.
The combined application of FR shell and rein-
forced core of enhanced heat conductivity layers in
the form of layered composites resulted in a syner-
gistic effect, both in terms of total heat released and
peak of HRR.

3.2. Mechanical properties
The main mechanical properties of the samples
were evaluated by tensile and flexural tests in order
to trace the changes caused by different additives.
In comparison to the matrix (RecPP), the tensile
strength of the flame retardant containing shell (RS)
was reduced by 50% (Figure 5a). Applying glass
fibre reinforcement the tensile strength of the core
(RC) could be increased by 25% compared to the
matrix. The reinforcement effect of the same amount
of glass fibre in the mixed composite (RMC was
not enough to balance the negative effect of flame
retardant system, thus the tensile strength shows
slight (14.7 MPa) decrease compared to the matrix

(16.1 MPa). In case of layered structure better com-
pensation can be achieved, therefore this structure
is considered more favourable than the mixed one
in terms of tensile strength.
The tensile moduli of the materials are shown in
Figure 5b. While the presence of the flame retardant
additives slightly diminishes the stiffness, the rein-
forcement with glass fibre raises it significantly.
The tensile moduli of all composite samples pre-
pared either by mixing (RMC) or by layering tech-
nology (RLC) are approximately similar to that of
core material (RC): ~1.2 GPa. It is surprising because
the glass fibre content in these composites is less
than in the core material. It seems that the FR com-
ponents and the macromolecules adsorbed in their
interlayers compensate the lower content of the
reinforcing fibres in this respect.
Figures 6a and 6b summarize the results of the flex-
ural tests. Similarly to the mechanical properties
showed previously, the flexural strength and modu-
lus of the flame retardant containing samples
decreased, but the glass fibre significantly improved
them.
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Figure 5. Tensile strength (a) and modulus (b) of the recycled samples

Figure 6. Flexural strength (a) and modulus (b) of the recycled samples



As it was expected, the results of the mixed compos-
ite (RMC) are between the core (RC) and shell (RS)
or reference matrix, but the flexural properties of
the layered composites (RLC) are somewhat worse
than those of the mixed composites, because the
reinforcement is concentrated in the middle layer of
the composite, which can admit higher flexibility,
but attains the flexural strength of the matrix. Appli-
cation of this recycled layered structure as an inter-
nal element of cars, such as dashboard it has to be
flexible, because of the slight deformation of each
car element, therefore EVA was used for this pur-
pose. In this point of view, the layer composite shows
better moduli than the mixed one. Nevertheless, it
can be stated, that besides improved fire retardancy
also the tensile and flexural properties of the lay-
ered composites reach the mechanical properties of
the reference matrix.
Based on the SEM picture (Figure 7) it can be stated,
that the orientation of the fibres is not considerable,
it can be observed only near the surface of the core
(interlayer). It is assumed that the compression
moulding process did not induce any fibre orienta-
tion effects which might influence the mechanical
properties.

4. Conclusions
The aim of this work was to find a cost-effective,
environmentally friendly way for upcycling of
polypropylene waste in order to produce useful
materials of higher value. Different composite tech-

nologies were used to improve the flame retardancy
besides constant or improved mechanical properties
using recycled polypropylene and layered structure.
Chopped glass fibre was used as reinforcing agent
in recycled polypropylene waste separated from
automotive shredder residue (ASR), with density
below 900 kg/m3, and intumescent flame retardant
system served for the reduction of flammability
with application of recycled polyurethane as a char-
ring agent. Layered structure was used in order to
eliminate the deterioration of mechanical properties
caused by flame retardant additives. The applica-
tion of the flame retarded shell material decreased
the peak of HRR of the sandwich composites by
approx. 80% in comparison to recycled PP matrix
and increased the LOI from 19 of the core material
to 24. The mechanical properties of the flame
retarded recycled layered composite reached the
properties of the reference polypropylene, therefore
the composites containing recycled materials are
still proper for certain engineering applications.
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1. Introduction
With the rapid development of modern sciences and
technologies, new materials with comprehensive
physical properties are desired to meet the require-
ments of multifunctional devices [1–4]. Especially,
optically transparent, mechanically flexible but
electrically conductive and ferromagnetic material
films are very useful in practical applications for
flexible multifunctional devices in various elec-
tronic and electro-optical [5, 6], magneto-optical
recording [7, 8], surface mount [9, 10] and new sen-
sor technologies [11, 12]. Polymer based compos-
ites are nowadays more and more considered as
promising candidates for this kind of applications
[13–15].
Transparent polymers such as poly(vinyl alcohol)
(PVA) and epoxy resin, etc. can be made to be

mechanically flexible [16, 17], but they are com-
pletely electrical insulators and nonmagnetic mate-
rials. In order to make them electrically conductive
and ferromagnetic, functional particles such as Ni
and Co, etc. must be incorporated to form micro-
and nano-composites [13, 15, 18–20]. Thermoset-
ting polymers have the advantages such as ease of
processability and low cost of production, etc.
Epoxy resins are a class of extensively used ther-
mosetting polymers and their multifunctional com-
posites have wide applications in surface mount,
space and electronic technologies [14, 15, 21]. Unfor-
tunately, the resultant composites usually become
opaque by the introduction of functional particles.
This is due to the fact that the refractive index mis-
matches between organic polymers and inorganic
particles [22]. It is thus of great significance to
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develop transparent conductive and ferromagnetic
composites based on epoxy resins. However, little
work has been reported yet on transparent epoxy
composite films with comprehensive physical prop-
erties. Moreover, free standing films have some
advantages such as easy operation and flexibility in
practical applications for multifunctional devices. It
is still a great challenge to develop free standing
composite films based on epoxy resins since epoxy
resins are strongly adhesive to various substrates
[23–25].
Epoxy and its composite films can be prepared on
various substrates [15, 26–28]. Epoxy films were
synthesized by coating epoxy polymer on low car-
bon steel substrates degreased with organic solvents
[26, 27]. Epoxy–polyester films were prepared on
stainless steel substrate by electrostatic spray depo-
sition [28]. The magnetic conductor micro-sized Ni
powders and filaments were added to the epoxy
matrix and then mixed thoroughly, finally the com-
posite films were then obtained on a flat glass sub-
strate [15]. However, it is hard to prepare free-stand-
ing epoxy composite films as mentioned above. In
order to prepare free-standing epoxy composite
films, release oil agent or polytetrafluoroethylene
(PTFE) can be used to assist in peeling off epoxy
composite films from substrates, but it is hard to
form complete and good quality epoxy composite
films due to large contact angles of epoxy resins
with release oil agent or PTFE. Thus, it is of  great
importance to prepare free-standing epoxy compos-
ite films via a new approach.
In this work, a new method is developed for suc-
cessful preparation of free-standing epoxy compos-
ite films. One key point here is that a water soluble
PVA film is used as the interlayer film to separate
epoxy resin and glass substrate. The PVA film has
not only a small contact angle with epoxy resin but
can also be water-soluble so that complete and high
quality epoxy and composite films can be easily
formed. In order to create transparent composite
films, the as-prepared ultrafine monodisperse Ni
particles with uniform sizes are aligned in the
epoxy matrix by an applied magnetic field to allow
light to transmit in the vertical direction. To get flex-
ible epoxy and composite films, brittle epoxy resins
can be modified using flexible modifiers [29–32].
This was realized by adding a flexible diamine to
the epoxy resin matrix [33]. The aligned composites

showed obvious anisotropies in electrical and ferro-
magnetic properties and such anisotropies are very
useful material characteristics that can be exploited
for many applications [13–15, 34, 35]. For the pur-
pose of comparison and as reference materials, the
random composite films were also prepared by a
conventional direct mixing method.

2. Experimental
2.1. Materials
Ultrafine Ni particles with a diameter of about
114 nm were synthesized in our laboratory via a sim-
ple surfactant-free solvothermal method [36]. The
matrix used was a transparent epoxy resin based on
bisphenol-A (WS615) with an epoxy value of 0.50–
0.56, purchased from Wuxi Resin Factory, Wuxi,
China. The hardener was composed of flexible
diamine (Jeffamine D-230, molecular weight Mw =
230, amine equivalent weight = 57.5) obtained from
Huntsman Chemical Co., Salt Lake City, Utah,
USA and alicyclic amine WK-6822 (amine value =
260±10) obtained from Wells Sheng Intl. Trading
Co., Guangzhou, China. !-glycidoxypropyltri -
methoxysilane (KH-560) bought from Nanjing &
Compton Co. Nanjing, China, was used as coupling
agent. Flexible diamine (D-230) was used to mod-
ify the epoxy resin in order to get flexible epoxy
composite films after curing [33]. The water soluble
polyvinyl alcohol (PVA) film (Q-type) purchased
from Yongan SYF Water Soluble Films Co., Ltd.,
Yongan, China was employed as the interlayer film
to separate epoxy resin and glass substrate for an
easy preparation of free-standing epoxy composite
films.

2.2. Preparation of free-standing composite
films

The compositions for preparing the composite films
are shown in Table 1. Firstly, ultrafine monodis-
perse Ni particles, coupling agent and hardener
were mixed in a conical flask and sonicated for
20 min. Then, the equivalent amount of the epoxy
resin was mixed with the above mixture by ultra-
sonic treatment for 10 min. Afterwards, the suspen-
sion was degassed with a vacuum pump to elimi-
nate air bubbles. When the air bubbles were suffi-
ciently removed, 0.3 g of the resultant mixture was
spread on a water soluble PVA film which was pre-
coated on a glass slide substrate coated with vac-
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uum silicon grease. The use of such a PVA inter-
layer film was necessary to easily obtain free-stand-
ing epoxy and composite films. Without using a
PVA film as an interlayer, the epoxy resin would
strongly adhere to the glass, making it very difficult
to be free-standing.
The experimental fixture consisted of two perma-
nent magnets in order to apply a magnetic field dur-
ing the curing of the composites, as illustrated in
Figure 1. The magnets with the pole section area of
110 mm"#"105 mm and the pole-to-pole gap of 10 mm
could produce a magnetic field of ca. 63 680 A/m.
The samples were cured at room temperature for 6 h,
and then 80°C for 4 h in the presence of the applied
magnetic field. When the samples were cooled down
to room temperature, the composite films along
with the water soluble film were peeled off from the
glass substrates. They were then placed in an 80°C
hot water till the water soluble film was completely
dissolved. Finally, the high-quality free-standing
composite films of about 150–200 µm thickness
were readily prepared. For the purpose of compari-
son, the samples were also prepared in the absence
of the applied magnetic field under the same curing
condition. Thus, the samples with three different Ni
contents of 0.5, 2.0 and 6.0 wt% were synthesized.

2.3. Characterization and measurement
Scanning electron microscope (SEM) images were
obtained to characterize the morphology and dis-
persion of the ultrafine Ni particles, using a Hitachi
S-4300 microscope (Hitachi Co., Ltd., Tokyo,

Japan). The phase purity of the products was deter-
mined by X-ray diffraction (XRD) (D8 focus, Bruker
Co., Karlsruhe, Germany) with a Cu K$ radiation
(% = 1.5418 Å). Top- and side-view micrographs
were taken by an optical polarized microscope
(Leica DM 2500M with an attached digital camera,
DH-HV3100FC, Leica Microsystems Co., Wetzlar,
Germany). The side-view samples were prepared
by cryo-fracture via liquid nitrogen. The transmit-
tance spectra of the films were detected using a
UV–Vis spectrophotometer (U-3900, Hitachi Co.,
Ltd., Tokyo, Japan). The DC specific resistance was
measured by a high-resistance & microcurrent
meter (EST121, Beijing Institute of Labor Protec-
tion, Beijing, China). For the electrical conductivity
measurement, the sample surfaces were pasted by
silver paste with an area of 5 mm"#"5 mm to ensure
a perfect electrical contact. The area of the silver
paste was large enough and thus the measured con-
ductivity was independent of the contact area of the
silver paste. Three measurements of the conductiv-
ity were conducted for each sample. The magnetic
measurement was carried out at room temperature
for the as-prepared samples, using a vibrating sam-
ple magnetometer (VSM 7307, Lakeshore Co., West-
erville, USA) with a maximum magnetic field of
796 kA/m. The contact angle was measured by an
automatic contact angle meter (SL200B, Solon
Information & Technology Co., Shanghai, China).

3. Results and discussion
3.1. Characterization of Ni particles and

contact angle of epoxy with base substrate
materials

Ultrafine monodisperse Ni particles with a diameter
of 113.7±7.1 nm were synthesized via a solvother-
mal method at a reaction temperature of 100°C for
3 h [36]. Figure 2a illustrates the as-synthesized
spherical Ni particles. The size of the Ni particles
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Table 1. Formulations for preparation of epoxy and Ni/epoxy composite films

Sample code Ni weight
[g]

Ni content
[wt%]

Bisphenol-A (WS615)
[g]

D-230
[g]

WK6822
[g]

KH-560
[g]

Applied
magnetic field

Pure epoxy – – 3.10 0.60 0.60 0.11 –
A 0.02 0.5 3.10 0.60 0.60 0.11 no
B 0.09 2.0 3.10 0.60 0.60 0.11 no
C 0.28 6.0 3.10 0.60 0.60 0.11 no
Am 0.02 0.5 3.10 0.60 0.60 0.11 yes
Bm 0.09 2.0 3.10 0.60 0.60 0.11 yes
Cm 0.28 6,0 3.10 0.60 0.60 0.11 yes

Figure 1. Schematic of the fixture for the curing of the com-
posite samples under the applied magnetic field



prepared under such a reaction condition showed no
dependence on the reaction time [36], i.e. the fol-
lowing polymerization will not affect the size of the
Ni particles. The X-ray powder diffraction (XRD)
pattern of the ultrafine Ni particles is displayed in
Figure 2b. The two peaks detected for the Ni sam-
ple are assigned to diffractions from the (111) and
(200) planes of the face-centered cubic (fcc) Ni
structure, respectively [36]. This is consistent with
the values in the standard card (JCPDS card No. 4-
485). No impurity peaks were detected in the exper-
imental range, thus indicating the formation of pure
Ni particles. The magnetic hysteresis measurement
of the ultrafine Ni particles was carried out at room
temperature in an applied magnetic field, sweeping
from –796 to 796 kA/m. Figure 2c and 2d shows the
room temperature magnetic hysteresis curves of the
as-prepared samples. The ultrafine Ni particles show
ferromagnetic behavior with a saturation magneti-
zation (Ms) of about 48.24 emu/g and a remanence
(Mr) of about 13.39 emu/g. Meanwhile, they have a
relatively high coercivity (Hc) of 16 484 A/m, com-
pared with the coercive force value (56 A/m) of the
bulk one at room temperature [37].

In order to show the advantages of the PVA inter-
layer film over normally used PTFE or release oil
agents for preparing epoxy films, the contact angles
of the epoxy resin with these base materials were
measured. The contact angles of epoxy resin with
PTFE or release oil coated glass substrate were
obtained to be 45.4 and 38.6 degrees, respectively.
In contrast, the contact angle with the water soluble
film was much smaller, amounting to just an angle
of 17.6 degrees. Hence, it is much easier to form
epoxy and composite films based on the water solu-
ble PVA film than based on the PTFE or release oil
agents. If the epoxy was spread directly on a glass
substrate, the formed epoxy film could not be peeled
off from the substrate due to the strong adhesion
between the epoxy and the glass. Therefore, the
advantage of the present work is that there is no
need of peeling off the epoxy composite films from
the water soluble PVA interlayer film, but just by
simply dissolving the water soluble PVA substrate.

3.2. Transmittance of Ni/epoxy composite films
The top-view and side-view optical micrographs of
both the aligned and random 2.0&wt% Ni/epoxy
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Figure 2. (a) SEM image, (b) XRD pattern and (c) hysteresis loops at room temperature of the as-prepared ultrafine nickel
particles as well as (d) enlarged part of (c)



composites are displayed in Figure 3. It reveals that
the Ni columns in the composite medium are aligned
along the magnetic field, and they are separated and
spaced from each other (Figure 3a and 3c).
When the ultrafine Ni particles are uniformly dis-
persed in the epoxy matrix and subjected to a unidi-
rectional magnetic field, they are aligned into a chain
configuration to minimize the magnetostatic energy.
Because they are in a fluid epoxy medium before
curing, the Ni particles will move to minimize the
potential energy of the system. The resultant mag-
netic dipoles in the neighboring columns repel each

other, thus positioning the columns towards an
equilibrium spacing [14]. The surface tension of the
epoxy matrix prevents the undesirable overgrowth
of the Ni columns beyond the thickness of the layer.
The magnetically aligned conductive structure is
retained after the epoxy matrix is cured. Moreover,
most of the columns extend throughout the whole
thickness of the composite film. Figure 3b and 3d
show the top-view and side-view optical micro-
graphs of the composite medium prepared in the
absence of the applied magnetic field. As predicted,
the ultrafine Ni particles were distributed randomly
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Figure 3. (a, b) Top-view (along the z-axis shown in Figure 1) and (c, d) side-view optical micrographs of the Ni/epoxy
composite films (left Bm and right B)

Figure 4. (a) UV-vis transmittance spectra of the Ni/epoxy composite films (calibrated against the pure epoxy film) along
the vertical direction, and (b) digital photographs of the Ni/epoxy composite samples



in the epoxy matrix. This would bring about an
opaque composite medium, which is confirmed in
Figure 4.
Figure 4a shows the effect of the Ni alignment on
the transmittance and transparency of the composite
films with different Ni contents, whereby the data
were calibrated against a pure epoxy sample. It can
be seen that the transmittance of the composite
films is dramatically improved by the alignment of
the ultrafine Ni particles induced under the applied
magnetic field. Therefore, a relatively higher trans-
mittance and transparency have been observed for
the aligned composites than for the random com-
posites with the same Ni contents. However, there
will be increased light scattering and blockage for
both the random and aligned composites as the Ni
particle content increases. Besides, an altered refrac-
tive index in the strained polymer material near the
ultrafine Ni particles will also cause a loss in trans-
mittance [14]. Therefore, a higher Ni content will lead
to more severe light scattering and blockage, and
the transmittance of the composite films decreases
dramatically as the Ni content increases (Figure 4a).
The corresponding transparency shown in Fig-
ure 4b confirms this tendency.

3.3. Electrical resistance and mechanical
flexibility of Ni/epoxy composite films

The epoxy composites consisted of epoxy and fer-
romagnetic ultrafine Ni particles. The ultrafine Ni
particles created aligned columns along the applied
magnetic field, as shown in Figure 3a and 3c. The fer-
romagnetic ultrafine Ni particles are magnetized
under the applied magnetic field, and these magnet-
ized particles interact with adjacent particles due to
their polarity. Finally, a columned structure of ultra-
fine Ni particles is formed due to repulsion of Ni
particles in the as-prepared composites after they
are cured. As a result, the current will primarily

flow along the direction of the applied magnetic
field. To demonstrate this fact, the electrical conduc-
tivity in both the vertical (z-axis) direction and hor-
izontal plane was measured. For the vertical meas-
urement, the composite film was sandwiched between
two copper electrodes, with a thin layer of silver
paste at the interface between the copper electrodes
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Table 2. Specific resistance of the pure epoxy film and the
Ni/epoxy composite films

Sample code
Specific resistance of
the horizontal plane

[!·cm]

Specific resistance of
the vertical direction

[!·cm]
Pure epoxy film 8.4·1014 9.5·1014

A 4.8·1014 6.0·1014

B 2.3·1013 1.6·1013

C 4.6·1012 3.4·1012

Am 3.8·1012 6.8·1010

Bm 5.5·1013 2.4·105

Cm 5.9·1013 2.3·104
Figure 5. Top-view optical micrographs of the aligned

Ni/epoxy composites: (a) Am, (b) Bm and (c) Cm



and the composite film to reduce the contact resist-
ance. The horizontal electrical property of the com-
posites was measured directly by two copper elec-
trodes which clamp the two ends of the sample,
respectively. All the electrical properties of the
composites were measured at room temperature.
The corresponding results for the specific resistance
are presented in Table 2. It can be seen that the spe-
cific resistance of the composite films decreases as
the Ni content increases. This is easy to understand
since the distance between Ni particles is reduced
by the increase of the Ni content, so that it becomes
easy for the Ni particles to contact with each other.
For the aligned composites (Am, Bm and Cm), the
average diameters of the Ni columns are about 8, 23
and 37 µm for the composite films, respectively, as
shown in Figure 5. Moreover, the average distances
among the Ni columns can be evaluated from over
10 measurements to be about 49, 44 and 20 µm,
respectively. Tables 2 shows further that the spe-
cific resistances of the composite films (Am, Bm and
Cm) prepared in the presence of the applied mag-
netic field are 4–9 orders lower in the vertical direc-
tion than in the horizontal plane. This is because the
ultrafine Ni particles were aligned to form columns
throughout the whole thickness of the aligned com-
posite film when the magnetic field was applied.
Thus, these columns serve as electrically conduct-
ing pathways. This anisotropy in the electrical prop-
erty is a useful material characteristic that may be
exploited for electronic device applications [14, 15].
However, the normal composite samples (A, B, C)
prepared in the absence of a magnetic field show an
isotropy in the specific resistance. This is because

the ultrafine Ni particles were randomly dispersed
in the epoxy matrix.
Figure 6 illustrates that the as-synthesized compos-
ite films are also very flexible. When bending the
composite films, they will not be destroyed. After
releasing of bending force, the composite films
recover to their original shapes. In addition, repeated
bending and unbending of the films up to ten times
or more does not change this good behavior, thus
demonstrating their excellent mechanical flexibil-
ity. Moreover, the flexibility of the samples was
tested according to the standard ASTM D4338-
97(2011)e1. The flexibility value of the films is
defined as the diameter of the smallest mandrel over
which four out of five test specimens do not break.
The obtained flexibility for the samples of Am, Bm
and Cm is respectively 4.0, 5.4 and 6.8 mm. And the
flexibility of the samples (A, B and C) is also equal
to 4.0, 5.4 and 6.8 mm, respectively. The good flex-
ibility of these films is mainly due to the fact that
the epoxy matrix modified by the flexible diamine
(D-230) is flexible, as it was also done in our previ-
ous work for severe cryogenic engineering applica-
tion [33]. Moreover, the specific resistance was
measured for the composite films after repeated
bending and unbending, and their specific resist-
ance maintains their original values. This confirms
that the composite films keep their integrity due to
their excellent flexibility.

3.4. Ferromagnetic property of Ni/epoxy
composite films

The hysteresis measurements of the composites
were carried out at room temperature in an applied
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Figure 6. Digital photographs of the composite films bent by fingers: (a) Am and (b) Cm



magnetic field sweeping from –796 to 796 kA/m in
the horizontal plane as well as in the vertical direc-
tion (Figure 7). The hysteresis loops for the aligned
composite films are exhibited in Figure 8, whereby
the hysteresis loops for the random composites
were not presented for simplicity. The Ni/epoxy
composites display a typical ferromagnetic behav-
ior, indicating that the ferromagnetic characteristics
of the ultrafine Ni particles were not altered by the
preparation process of the composites. The results
for the ferromagnetic properties are summarized in
Table 3. It shows that the coercivity of the compos-
ite samples is about 16 000– 16 875 A/m, which is
approximately the same as for the pure ultrafine Ni
particles. This means, the applied magnetic field has
a negligible effect on the coercivity of the compos-
ite films. On the other hand, both the saturation
magnetization (Ms) and remanence (Mr) of the com-
posite films increase as the Ni content increases
from 0.5 to 6.0&wt% (Table 3).
In order to investigate the effect of the applied mag-
netic field on the magnetic anisotropy of the sam-
ples, a comparison in the squareness ratio (Mr/Ms) of
the samples is presented in Table 4. For the aligned
composite films, when measuring in the horizontal
plane (direction), the Mr/Ms of the samples is 0.18,
0.23 and 0.24, for Am, Bm and Cm, respectively;
when measuring in the vertical direction, the Mr/Ms
of the three samples amounts to 0.27, 0.35 and 0.36.

The obvious difference (about 50%) in the square-
ness ratio between the horizontal and vertical direc-
tions indicates that an obvious magnetic anisotropy
has been induced in the aligned composite films.
For the random samples (A, B and C), the Mr/Ms
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Figure 7. Schematic illustration of the VSM experiment in
a magnetic field with different directions: (a) hor-
izontal and (b) vertical

Figure 8. Hysteresis loops of the composite films (Am, Bm
and Cm): (a) horizontal and (b) vertical

Table 3. Saturation magnetization, remanence and coercivity of the Ni/epoxy composite films

Sample code
Ms

[emu/g]
Mr

[emu/g]
Coercivity

[A/m]
Horizontal Vertical Horizontal Vertical Horizontal Vertical

A 0.2622 0.2687 0.0603 0.0564 16687 16659
B 1.1319 1.0433 0.2717 0.2400 16701 16670
C 3.2646 3.1125 0.9141 0.8093 16029 15989
Am 0.2775 0.2770 0.0500 0.0748 16571 16870
Bm 1.0550 0.9993 0.2427 0.3498 16610 16728
Cm 3.2964 3.0525 0.7911 1.099 16083 16115



ratio shows approximately equal values in the two
directions and thus their ferromagnetic property is
isotropic.
The most promising potential application of such
films is in surface mount technology [14], where
comprehensive physical and mechanical properties
are required for epoxy composites. To make such
films, the optimal concentration of the Ni particles
should be about 2.0 wt%, and the film thickness
should be below 200 µm to get a high quality com-
posite film with comprehensive physical properties.

4. Conclusions
In summary, optically transparent, mechanically
flexible, but electrically conductive and ferromag-
netic free-standing Ni/epoxy composite films have
been prepared via a new approach.  The composites
are based on the incorporation of as-prepared ultra-
fine monodisperse Ni particles into a self-designed
flexible-type transparent epoxy resin under an applied
magnetic field. A water soluble poly(vinyl alcohol)
film was used as the interlayer to separate epoxy
resin and glass substrate so that epoxy and compos-
ite films could be easily obtained. It was shown that
the Ni particles were aligned in the composite films
prepared under an applied magnetic field, while the
Ni particles in the reference composites prepared in
the absence of an applied magnetic field showed a
random filler distribution. The aligned composite
films exhibited clear anisotropies in the electrical
and ferromagnetic properties and a relatively higher
optical transparency. Due to their comprehensive
physical properties and great anisotropies in electri-
cal and ferromagnetic properties, the aligned com-
posite films are promising for practical applications
in multifunctional electronic and electro-optical
devices.
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1. Introduction
During the past decade, the issue of sustainability
has been high on the European Union (EU) agenda,
encouraging academia and industry to develop sus-
tainable alternatives thus aiming to preserve resources
for future generations. The successful promotion
and use of biological, renewable materials for the
production of packaging materials will satisfy a
number of the EU objectives [1]. To date, packag-
ing materials have been, to a large extent, based on
non-renewable materials. The only widely used
renewable packaging materials are paper and board
which are based on cellulose, the most abundant

renewable polymer world-wide. However, major
efforts are under way to identify alternative non-
food uses of agricultural crops and the production
of packaging materials, based on polymer from
agricultural sources, could become a major use of
such crops [2–4].
Indeed such alternative bio-based packaging mate-
rials have attracted considerable research and devel-
opment interest for long time [1, 4] and in recent
years the materials are reaching the market. Among
all bio-based biodegradable polymers studied, poly
(lactic acid) (PLA) appears to be one of the most
attractive polymers commercially available, because
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of its biodegradability, ease of processing, trans-
parency and price. In general, commercial PLA
grades are copolymers of poly (L-lactic acid) and
poly(D,L-lactic acid), which are produced from L-
lactides and D,L-lactides respectively. The ratio of
L-enantiomers to D,L-enantiomers is known to
affect the properties of PLA [5, 6], i.e. whether the
materials are semicrystalline or amorphous. There
is increasing interest in using PLA for disposable
degradable plastic articles; however, there are prop-
erties such as flexural properties, gas barrier proper-
ties, high melt viscosity and melt strengh/’elasticity’
during processing, that are often not good enough
for some end-use applications, such as blow mold-
ing [7, 8]. To improve the physical properties of
PLA, especially in terms of thermomechanical sta-
bility, addition of different fillers (nanoparticles) in
PLA was explored [2, 9–11]. Most of the literature
regarding nanocomposites is devoted to lamellar
layered silicates, in particular organically modified
montmorillonites due to their ability to significantly
enhance several polymer physical properties as
compared to unmodified layered silicate clays,
including gas barrier, flame retardancy, thermal sta-
bility and influence on the polymer biodegradation
rate [2, 12–14]; however, needle like phyllosilicates
(sepiolites) and zirconium phosphate are also
reported in literature [15–21].
Sepiolite is a layered hydrated magnesium silicate
characterized by a needle like morphology based on
alternated blocks of tunnels in the fibre direction
[16] and very high surface area (BET 374±7 m2/g)
[23] as compared to layered phyllosilicates (BET
82±1 m2/g) [23, 24]. The addition of sepiolite has
been reported to lead an improvement of the mechan-
ical properties in various polymers, such as poly
(vinylidene fluoride) and poly(methyl methacry-
late) [25, 26], poly(styrene butadiene) block copoly-
mers [27], ethylene-propylene (EPM) compounds
[28] and natural rubber [29]. Based on the few
papers on PLA, Poly (#-caprolactone) (PCL), PP
and Poly (butylene terephthalate) (PBT) [15, 16],
the possibility of an unmodified sepiolite to well
disperse in polymers by melt blending was evi-
denced and mainly attributed to the large concentra-
tion of surface silanols, spaced every 0,5 nm along
the length of sepiolite needle [30–32], that are eas-
ily available for coupling reactions with local polar-
ity on polymer chains.

Zirconium bis(monohydrogen orthophosphate)
monohydrate, ($-Zr(HPO4)2(H2O) ($-ZrP)), has a
layered structure with many interesting properties,
such as high density of grafted organic modifiers,
high thermal stability [33], possible achievement of
large aspect ratios, high elastic modulus and the
potential to delaminate and become intercalated
within the polymer [17, 18]. PLA/zirconium phos-
phate composites has been studied and showed
intumescent flame-retardant properties [34]. How-
ever, to the best of our knowledge, no studies on
layered zirconium phosphonate PLA nanocompos-
ites have been reported for possible packaging
applications.
The aim of this work is to improve melt viscosity,
thermo-mechanical and gas barrier properties of
PLA by mixing it with organically modified mont-
morillonite, unmodified sepiolite and modified zir-
conium phosphonate, and thus producing final PLA
nanocomposites with properties able to enlarge the
PLA application fields.

2. Experimental section
2.1. Materials
The poly(lactic acid) – PLA, 2002D –, average
molecular weight 121 400 g/mol, ratio 96% L-lac-
tide to 4% D-lactide units, MFR 6.4 g/10 min, was
a commercial grade supplied by NatureWorks, Min-
neapolis Minnesota, USA. One commercial mont-
morillonite modified with a ditallow, dimethyl
ammonium salt – CLOISITE 20A – was supplied by
Southern Clay, Cheshire, UK, commercial unmodi-
fied sepiolite – PANGEL S9 – supplied by Tolsa,
S.A, Madrid, Spain and $-carboxyl-ethane zirco-
nium phosphonate – ZrP 102 – (ultrapure >%99%)
were supplied by Prolabin & Tefarm, Perugia, Italy.
The characteristics of the nanoparticles used in this
work are listed in Table 1.
Prior to the melt blending, polymer matrix was
dried at 70ºC under vacuum for 4 h to achieve a
residual moisture less than 190 ppm. Nanoparticles
were dried at 100°C under vacuum for 10 h for CLO
and SEP; and 4 h for ZrP to achieve residual mois-
ture less than 250 ppm. Nanocomposites were pre-
pared at 5% filler loading by melt blending using a
Microextruder DSM Micro 15ml Twin Screw Com-
pounder, with a mixing time of 5 min, at 180°C in
nitrogen flow. The mixing was performed at two dif-
ferent rotor speeds: 60 rpm in the loading step and
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100 rpm during mixing. Sheets were obtained by
compression molding in a hot-plate hydraulic press
at 190°C and allowed to cool (ca. –10°C/min) to
room temperature under pressure (60 Kgf/cm2).
Morphological and thermo-mechanical characteri-
zations were made on compression moulded
0.6 mm films, melt rheological measurements were
carried out on compression moulded 1 mm films,
optical transparency analyses were made on com-
pression moulded 40–50 µm films and oxygen gas
barrier analyses were performed on compression
moulded 320 µm films (for PLA/ZrP) and on chill
roll extruded 150–160 µm films (for PLA, PLA/CLO
and PLA/SEP). These last films were moulded at
180°C, passing the specimens by a chill roll with
150 µm opening of several slits and allowed to cool
to room temperature. In the case of PLA and
PLA/CLO chill roll films, previous to the film cool-
ing process to room temperature, these were biaxi-
ally stretched above PLA glass transition tempera-
ture (above 60°C) to obtain films with 50–70 µm
thick.

2.2. Characterization techniques
Wide Angle X-Ray Spectra (WAXS) were recorded
using a Thermo ARL diffractometer X-tra 48, at
room temperature in the range 1–30º (2&) (step
size = 0.02º, scanning rate = 2 s/step) by using fil-
tered CuK$ radiation (' = 1.54 Å).
Scanning electron microscopy (SEM) was carried
out on surfaces obtained after sectioning with a
microtome diamond knife to avoid large surface
roughness sputtered with gold, using a LEO 1400 VP
Series (Carl Zeiss, Oberkochen, Germany) equipped
with energy dispersive spectroscopy (EDS).
Transmission electron microscopy (TEM) analyses
were performed with a high-resolution equipment.

Ultrathin sections of about 100 nm thick were cut at
room temperature with a microtome equipped with
a diamond knife and placed on a 200-mesh copper
grid. Differential Scanning Calorimetry (DSC) tests
were carried on a DSC Q100 TA Instruments (New
Castle, DE, USA) under nitrogen atmosphere at a
scanning rate of 10°C/min, sample size 3–5 mg in
aluminium pans. Thermal history of samples was
erased by a preliminary heating cycle at 10°C/min
from –20°C to +280°C. The glass transition temper-
ature (Tg), cold crystallization temperature (Tcc),
melting temperature (Tm), cold crystallization
enthalpy ((Hcc) and melting enthalpy ((Hm) were
determined from second heating scan at 10°C/min.
Dynamic-Mechanical Thermal Analysis (DMTA)
was performed on compression moulded 6%)20%)
0.6 mm3 films, using a DMA Q800 TA Intruments
(New Castle, DE, USA) in tension film clamp. The
temperature range analysed was from +20 to +80ºC,
at a heating rate of 2ºC/min, 1 Hz frequency, in
strain controlled mode, 15 micron of amplitude and
static loading = 125% dynamic loading. At least
two samples of each material were tested and the
average value of these parameters for each material
was calculated and reported. The estimated experi-
mental error based on the Storage Modulus and Tan
Delta deviations between repeated tests was ca.
10%.
Melt rheological measurements were performed on
ARES instrument (New Castle, DE, USA) with a
torque transducer capable of measurements over the
range of 0.02 to 200 g*cm. Dynamic oscillatory
shear measurements were performed by applying a
time dependent strain of +(t) = +0 sin(,t) and the
resultant shear stress is -(t) = +0 [G!*sin(,t) +
G"*cos(,t)], with G! and G" being the storage and
loss modulus, respectively. Measurements were con-
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Table 1. Characteristics of nanoparticles

HT: hydrogenated linear alkyl chains: C8–18
a)Organic modifier content ca. 38 wt% according to CLOISITE 20A technical data sheet.
b)Functional formula taken from reference [2].
c)Functional formula taken from reference [22].
d)Functional formula taken from reference [35].

Nanoparticle type Commercial name Modifier structure Functional formula of nanoparticle Notation in text

Montmorillonitea),b) CLOISITE 20A
Mx(Al4–xMgx)Si8O20(OH)4
M: monovalent cation; x: degree of isomor-
phous substitution (between 0.5 and 1.3)

CLO

Sepiolitec) PANGEL S9 None Si12O30Mg8(OH)4·(H2O)4·8H2O SEP
$-carboxyl-ethane
Zirconium phosphonated) ZrP 102 CH2CH2COOH Zr(O3P(CH2)2COOH)2 ZrP



ducted by using a set of 25 mm diameter parallel
plates with a sample thickness of 1 mm. The strain
amplitude was fixed to 1% for PLA/CLO and 10%
for neat PLA and PLA/SEP systems, in order to
obtain reasonable signal intensities even at low fre-
quency (,) to avoid the non linear response. For
each type of material the limits of linear viscoelas-
ticity were determined by performing strain sweeps
at series of fixed ,s. The dynamic viscoelastic
curves were obtained by using the principle of time-
temperature superposition and shifted to a common
reference temperature of 190°C which was chosen
as the most representative of a typical processing
temperature of PLA.
Oxygen gas barrier properties were measured on
compression moulded films of 5 cm2)320 µm for
PLA/ZrP, on chill roll moulded films of 50 cm2)
150–160 µm for PLA/SEP and on chill roll moulded
films of 50 cm2)50–70 µm for PLA and PLA/CLO,
using a permeabilimeter MOCON OX-TRAN 2/21
(Minneapolis, USA). The experimental conditions
were 23°C, 760 mm Hg pressure, 0% relative humid-
ity and with permeant concentration of 100%. Two
samples were tested for each type of material and
average results of permeability (normalised on the
thickness) are presented.
Optical transparency of PLA and PLA/composites
was obtained using a UV-vis spectrometer CARY
500 (California, USA) on compression moulded
5 cm2)40–50 µm. The analysis was performance
in transmittance mode from 380–780 nm wave-
length, UV-vis scan rate of 600 nm/min and Double
Beam Mode. The cumulative transmission over vis-
ible spectra was measured to three samples of each
material and the average value of these measure-

ments was reported for each material type. The esti-
mated experimental error was ca. 10%.

3. Results and discussion
3.1. Morphology
3.1.1. Wide Angle X-ray analysis (WAXS)
The WAXS pattern of PLA is characterized by a
broad amorphous halo with maximum approxi-
mately at 2& = 17º (not shown here). These results
indicate that PLA matrix was not able to crystallize
during the film cooling process (ca. 10°C/min),
thus obtaining a completely amorphous structure
for the polymer matrix at room temperature.
A similar broad WAXS halo with maximum at ca.
2& = 17º was observed for PLA/CLO and PLA/ZrP,
indicating an amorphous structure of the polymer
matrix in these specimens. This result suggests that
the addition of these nanoparticles does not induce
polymer crystallization under the conditions of film
cooling carried out here.
The most significant features are indeed encoun-
tered in the lower angle range, which gives indica-
tion of the nanoparticles interlayer distance. Fig-
ure 1a and 1b represent the WAXS patterns of
composites of PLA with CLO and ZrP, compared
with the pristine nanoparticles. CLO is character-
ized by two diffraction peaks at 2& = 3.5 and 7.2°
respectively (Figure.1a); the diffraction peak at 2& =
3.5° correspond to the crystalline plane (001) [11],
whereas the weak peak at 7.2°, corresponding to an
interlayer distance of 1.24 nm, is likely to be related
to a low content of montmorillonite silicates layers
without organic modifier insertion [11].
The PLA/CLO nanocomposite exhibited two dif-
fraction peaks at 2.4° corresponding to an interlayer
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Figure 1. WAXS patterns of PLA based composites with 5% (a) CLO and (b) ZrP



spacing of 3.71 nm, and a secondary diffraction
peak, (d002), at 5.0° [8, 11]. An increase in the inter-
layer spacing from 2.45 nm in the nanoclay filler to
3.71 nm in the PLA nanocomposite gave credit to
some intercalation occurring during the component
blending above the melting temperature of the poly-
mer matrix. This finding showed the possibility of
penetration of the PLA chains within the nanoclay
galleries on shearing at high temperature.
This intercalation of polymer chains in the CLO sil-
icate layers can be obtained thanks to chemical
affinity between the polymer and the clay, origi-
nated from the hydrogen bonding between the car-
bonyl groups of the main chain of PLA molecules
and the hydroxyl groups belonging to CLO surface
silicate layers [2, 11, 15]. The presence of the organic
modifier between CLO layers could also make pos-
sible the delamination of CLO silicate layers in
PLA/CLO hybrid by high mixing torques during
the melt blending process, despite, strong chemical
interactions between the organic modifier mole-
cules and PLA matrix would not be expected, con-
sidering the non-polar structure of this organic
modifier [8].
Figure.1b shows the WAXS patterns of the pristine
ZrP, showing two characteristic peaks at 2& = 6.70
and 13.5°, which are attributed to the (002) plane
for organo-modified ZrP and pristine ZrP, respec-
tively. Indeed, the main WAXS peak at 6.70° (d =
1.30 nm) indicates greater separation of the ZrP lay-
ers by the presence of the carboxyl-ethane groups
[20, 21, 35], whereas the weaker WAXS peak at
13.5° corresponds to the interlayer d-spacing of
inorganic $-ZrP as an impurity [19, 35, 36].

The WAXS patterns of PLA/ZrP hybrid do not
show signs of intercalation of PLA into ZrP platelets,
likely due to the insufficient interlayer thickness,
which is significantly lower in ZrP as compared to
CLO. Indeed, the presence of the sharp peaks at dif-
fraction angles correspondent to ZrP confirms that,
in these compounding conditions, the stacking of
parallel zirconium phosphate sheets is not signifi-
cantly modified.
No information is delivered by WAXS on disper-
sion of needle-shaped sepiolite in PLA, given the
lack of periodic stacking of pristine nanoparticles.

3.1.2. Scanning electron microscopy (SEM)
All formulations were observed by SEM on sur-
faces to study the dispersion and distribution of
nanoparticles. SEM micrographs at low magnifica-
tion (not shown here) reveals no significant pres-
ence of agglomerated (>%10 µm) inorganic nanopar-
ticles regardless the composition. In PLA/CLO a
very uniform distribution of small stacks of silicate
layers can be observed in the polymer matrix, as
shown in Figure.2a. The presence of clay layers is
indeed highlighted by the cracks observable on dia-
mond cut surfaces, which are not present in pristine
PLA when prepared in the same way. Indeed, such
cracks are attributed to delamination between poly-
mer matrix and nanoclay stacks. TEM images (Fig-
ure.2b) confirmed the presence of both isolated
nanoclay layers and stacks of a few clay layers.
In the case of PLA/SEP, nanofibres emerging from
the polymer surface are clearly visible in SEM
micrographs (Figure.3). Diameter of these fibres
are in the range of 10 to 100 nm, therefore are
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Figure 2. Scanning electron micrograph (a) and transmission electron micrograph (b) for PLA + 5% CLO



assigned to single sepiolite needles and some bun-
dles of a few individual sepiolite needles.
The addition of 5% ZrP (Figure.4) reveals the pres-
ence of ZrP micro-particles fairly distributed in the
polymer surface. However, poor adhesion of the

microparticles is evidenced by the presence of holes
left by detachment of some ZrP particles during
mirotome cutting. Interestingly enough, SEM micro-
graphs show that ZrP powder presents a plate-like
structure and regular sheets, which can be related to
the presence of very sharp WAXS peaks both in pris-
tine ZrP and in the composite.

3.2. Thermal analysis (DSC)
Crystallisation of PLA nanocomposites was studied
by means of DSC measurements. In Figure.5, cool-
ing and second heating DSC plots for PLA and
composites are reported. On cooling at a rate of
10°C/min (Figure 5a), the pure PLA does not exhibit
any exothermic peak, evidencing that no crystal-
lization takes place. Crystallization on cooling of
PLA is not significantly affected by the addition of
the nanoparticles, as evidenced by the identical DSC
thermograms, confirming that all materials addressed
here are not able to crystallise at cooling rates of
10°C/min or higher, in agreement with the WAXS
analysis which evidenced fully amorphous struc-
tures.
Figure.5b reports the DSC thermograms of the sec-
ond heating curves of PLA and PLA/nanocompos-
ites. PLA partially crystallizes on heating at about
130°C (cold crystallization) giving a crystalline
phase which melts with a peak endotherm at about
154°C [15, 37] (see Table 2).
Figure.5b and Table 2 show that the addition of
CLO and SEP does not significantly affect the crys-
tallization and melting behaviour of PLA, since no
significant variations of cold crystallization temper-
ature (Tcc), enthalpy of cold crystallization (/Hcc),
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Figure 3. Scanning electron micrographs at 50 kX of mag-
nification for PLA + 5% SEP. The cracks observed
in the polymer matrix corresponds to matrix
degradation under electron beam irradiation

Figure 4. Scanning electron micrographs for PLA + 5% ZrP

Figure 5. DSC thermograms of PLA and PLA/composites at (a) cooling and (b) second heating. Plots are vertically shifted
for the sake of clarity.



melting temperature (Tm), melting enthalpy (/Hm)
and glass transition temperature (Tg) were observed.
Addition of ZrP particles neither leads important
variations in the Tcc, Tm and Tg of PLA matrix, how-
ever, increases of the enthalpy of cold crystalliza-
tion (ca. 9 J/g) and of the melting enthalpy of neat
PLA (ca. 10 J/g) could be detected by the presence
of these particles (see Figure.5b and Table 2). These
increases of /Hcc and /Hm obtained by ZrP based
composites indicate that the addition of these parti-
cles promotes extent of crystallization of the PLA
on heating, which is most likely related to the regular
distribution of ZrP micronic particles (previously
verified through WAXS and SEM analysis) able to
act as nucleating agents of PLA crystallization.
It is also possible that a higher dispersion level of
CLO and SEP particles into the PLA as compared to
ZrP, could interfere with polymer molecules crys-
tallization instead of enhancing it. In general, it has
been reported the possible nucleating effect of well
dispersed organoclay layers on polymer crystalliza-
tion of PLA [2, 9–11]; however, it has been also
reported that high interactions between polymer
matrix and nanoscale particles, can provoke that
some polymer chains can be attached to the clay
layers, and then partially immobilized and hindered
from taking part in the flow process and their crys-
tallization process [8, 38]. Accordingly, in addition
to acting as nucleation agents, the silicates particles
of CLO and SEP could also become retardant of
crystallization, acting as physical hindrance if there
are important interactions between polymer matrix
and clay, and consequently obtaining insignificant
changes in the crystallization and melting process
of PLA.

3.3. Dynamic-mechanical thermal analysis
(DMTA)

The dynamic-mechanical experiments of PLA and
nanocomposites are reported in Figure.6, Figure.7

and Table 3, showing the temperature dependence
of Storage Modulus (E!) and tan%0 for all the studied
materials. A general enhancement of E! below Tg
was observed compared to neat PLA: at 20°C, E!
increases of ca. 60, 35 and 45% were obtained for
PLA/CLO, PLA/SEP and PLA/ZrP, respectively
(Table 3). Higher enhancements of E! were observed
above Tg: at 65°C increases of ca. 150, 120 and
170% were obtained for PLA/CLO, PLA/SEP and
PLA/ZrP, respectively.
The dynamo-mechanical results show improve-
ments in E! with the addition of all nanoparticles,
indicating that addition of particles into PLA matrix
results in a remarkable increase of elastic properties
for PLA composites, more noticeable at higher tem-
peratures (above 60°C), which means an increase of
thermal-mechanical stability for the composites at
high temperatures [38]. The increase of E! for com-
posites with temperature compared to that of neat
PLA may be attributed to a restriction in the move-
ments of the polymer chains above Tg [2, 38]. How-
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Table 2. DSC data on PLA and PLA/nanocomposites
obtained by second heating curves

a)Temperatures quoted are peak temperatures

Sample Tcc
a)

[°C]
!Hcc
[J/g]

Tm
a)

[°C]
!Hm
[J/g]

Tg
[°C]

PLA 130 2 154 2 61
PLA + CLO 131 2 154 2 61
PLA + SEP 131 3 154 3 61
PLA + ZrP 129 11 154 12 60

Figure 6. Temperature dependence of storage modulus (E!)
for PLA and PLA/composites

Figure 7. Temperature dependence of tan0 for PLA and
PLA/composites



ever, given the very low storage modulus values of
neat PLA above Tg, these enhancement in modulus
above this temperature have limited practical inter-
est, absolute values for E! being below 50 MPa for
all composites.
This improved strength has also been observed for
other polymer/clay nanocomposites, depending on
the degree of dispersion of clay in the polymer
matrix [13, 15]. In the case of PLA nanocomposites
in this study, all composites present E! improve-
ments both below and above glass transition tem-
perature, explained by strong interactions between
the particles and PLA molecules originated from
hydrogen bonding between the carbonyl groups of
PLA and the hydroxyl groups belong to the struc-
ture of CLO, SEP and ZrP (see Table 1). Indeed,
such interactions have been previously verified by
other researchers in biopolymer nanocomposites
based on similar nanoparticles rich of surface silanol
groups (Si–OH) [21, 39, 40]. In this case, they have
corroborated the possible spontaneous assembly of
the biopolymer matrix and nanoparticles through
hydrogen-bonding interactions, by the observed
infrared perturbation of the O–H stretching vibra-
tions assigned to the surface silanol groups. Interest-
ingly enough, similar increases of E! were obtained
upon the addition of ZrP into PLA as compared to
CLO and SEP (even higher at 65°C), despite its low
dispersion level into the PLA matrix according to
WAXS and SEM analysis, and probably attributed
to the high crystallinity of ZrP particles as well as to
the very regular distribution of ZrP micronic parti-
cles along all the polymer matrix (see Figure.1b
and 4).
The presence of the particles does not show signifi-
cant shift of tan0 (Figure.7 and Table 3) for all com-
posites compared to pure PLA, in agreement with
DSC analysis.

3.4. Melt rheology
The rheological properties of polymer nanocom-
posites are directly related to their melt behavior
during processing, such as extrusion or injection
moulding. Moreover, rheology offers a mean to
assess the level of filler dispersion in nanocompos-
ites directly in the molten state, given that rheologi-
cal properties of particle-filled materials are sensi-
tive to the structure, particle size, shape and interface
characteristics of the dispersed phase [2].
The rheological behavior was studied for the PLA
nanocomposites containing well dispersed particles
(CLO and SEP); the linear dynamic viscoelastic
curves for these materials as well as neat PLA are
shown in Figure.8. Both G!(,) and G"(,) moduli of
nanocomposites increase at all frequencies as com-
pared to PLA. At high frequencies, the values of
G!(,) and G"(,) of neat PLA are practically unaf-
fected by the presence of nanoparticles. However,
at low frequency, the presence of nanoparticles
CLO and SEP induces an increase of G!(,) and
G"(,) compared to neat PLA (see Figure.8a, b).
Indeed, at , <%10 rad*s–1 for PLA/CLO and , <
0.05 rad*s–1 for PLA/SEP, both G!(,) and G"(,)
display a significantly diminished frequency depend-
ence as compared to PLA. The lower frequency
dependence and the higher absolute values of the
dynamic moduli observed for PLA/CLO compared
to PLA suggest the formation of a ‘network’ struc-
ture in the molten state [41]. This is explained by
the presence of highly dispersed silicate layers of
CLO which are incapable rotating freely and hence,
by imposing small ,, the relaxations of the struc-
ture are almost completely prevented. This type of
prevented relaxation due to the highly geometric
constrains of dispersed silicate layers leads to the
marked presence of the pseudo-solid like behavior
for PLA/CLO system [41]. Similar results are
obtained for PLA/SEP, but only observing the
achievement of a spatially linked structure deter-
mining G!(,) plateau for , <%0.05 rad*s–1, probably
due to its lower dispersion level as compared to
PLA/CLO in accordance with SEM results and/or
due to the different geometrical features compared
to lamellar clay, i.e. needles vs platelets.
The complex viscosity [|1*|(,)] curves are also
shown in Figure.8c; it is possible to observe at low
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Table 3. E! and tan0 values of PLA and PLA/composites at
20 and 65°C. Estimated experimental error ±10%

Sample E" at 20°C
[MPa]

E" at 65°C
[MPa]

T at tan#max
[°C]

PLA 2429 13 64
PLA + CLO 3815 32 65
PLA + SEP 3264 28 64
PLA + ZrP 3529 35 65



, region (, <%10 rad*s–1) that the neat PLA shows
Newtonian behavior while PLA/CLO (, <%10 rad*s–1)
and PLA/SEP (, <%0.05 rad*s–1) exhibit a consider-
able increase of the viscosity with decreasing ,,
especially in the case of PLA/CLO. This last behav-
ior is associated to a solid-like behavior commented
above, especially for CLO. By increasing the shear
rates, shear thinning behavior was observed for
CLO and SEP materials, indicating that these nano -
particles do not significantly influence viscosity at

higher frequencies, reaching [|1*|(,)] values analo-
gous to those found for neat polymer.

3.5. Oxygen barrier properties
The O2 gas permeability values of pure PLA and
several composites are presented in Figure.9, show-
ing that oxygen permeability of PLA does not vary
significantly, taking into account the experimental
error, upon addition of SEP and ZrP particles. Only
addition of 5.wt% CLO leads to a decrease of the
PLA oxygen permeability (by ca. 30%).
The higher oxygen barrier properties of CLO nano -
composites as compared to PLA can be explained
by the concept of the tortuous path, given to its high
clay dispersion, according to WAXS and SEM analy-
sis, and its clay platelets like morphology which
maximize the permeant path length due to the large
length to width ratio [2]. In the case of SEP, the lack
of barrier effect is likely related to its needle like
morphology, which cannot play a considerable bar-
rier role of oxygen molecules through the bulk
material as compared to platelets morphology of
CLO. In the case of ZrP based material, the low dis-
persion level of lamellar nanoparticles into PLA is
assumed to cause the lack of significant effects on
permeability.
For food packaging applications is widely common
the use of Polystyrene (PS), Polypropylene (PP) and
Polyethylene terephthalate (PET), given their good
mechanical and oxygen barrier properties in this
industrial field. The typical oxygen barrier values of
these polymers are listed in Table 4; comparing these
results with those obtained for neat PLA (see Fig-
ure 9), this results to be an alternative to PS and PP,
in terms of oxygen barrier properties. The addition
of CLO can decrease the oxygen permeation of neat
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Figure 8. Reduced frequency dependence of (a) storage
modulus [G!(,)], (b) loss modulus [G"(,)], and
(c) complex viscosity [|1*|(,)] at 190°C of neat
PLA and PLA/composites

Figure 9. Oxygen gas permeability of PLA and PLA/com-
posites, measured at 23°C and 0% relative humidity



PLA; however, this decrease is not sufficient to
reach the low permeability of PET. The deep under-
standing of chemical and physical interaction
between CLO, SEP and ZrP particles and the poly-
mer could result in the optimization of the melt blend-
ing conditions and clay content in order to obtain
polymer nanocomposites with the reduced oxygen
permeation required for materials with high oxygen
barrier properties such as PET, contributing to the
development of new bio-based polymer composites
for food packaging applications.

3.6. Optical transparency
In polymer nanocomposites, it has been reported
that film transparency is an effective index for pro-
viding information on the size of dispersed particles
in the polymer matrix, typically observing aggre-
gate domains larger than visible wavelength could
obstruct light, leading to translucent or opaque
films [21], while highly dispersed nanoparticles in a
transparent polymer matrix result in optically clear
nanocomposites in visible light given that the size
of particles is smaller than the wavelength [2].
All films of neat PLA and PLA/composites obtained
by compression moulding were optically transpar-
ent. Indeed, Table 5 shows the cumulative transmis-
sion over visible spectra (380–780 nm wavelength)
on neat PLA and composites; these results show
that the absorption in the visible region, taking into
account the experimental error, is not significantly
affected by the presence of any particle, therefore
the characteristic transparency of PLA film of 50 µm

thick is not considerable reduced in the presence of
these particles.

4. Conclusions
Poly(lactic acid) (PLA) based nanocomposites pre-
pared by adding 5 wt% filler content of organically
modified montmorillonite (CLO) and unmodified
sepiolite (SEP) were obtained by melt blending.
WAXS and SEM analysis showed a good disper-
sion of CLO and SEP into the polymer matrix. PLA
containing ZrP showed a limited dispersion on PLA
matrix as compared to CLO, likely due to its signif-
icant lower interlayer thickness, leading to forma-
tion of a polymer microcomposite.
DSC analysis showed that neat PLA and compos-
ites presented no tendency to crystallise on cooling.
Nevertheless, it was observed that PLA was able to
crystallize on heating, and that the addition of ZrP
can promote the extent of crystallization of the PLA
on heating, which can be explained by the regular
distribution of ZrP micronic particles able to act as
efficient nucleating agents for PLA crystallization.
The dynamo-mechanical results showed improve-
ments in E! with the addition of all particles, result-
ing in a remarkable increase of elastic properties for
PLA composites, especially at temperatures close to
the glass transition temperature. These E! increases
were associated to possible interactions between the
particles and PLA molecules originated from hydro-
gen bonding between the carbonyl group of PLA
and the hydroxyl groups belong to the structure of
CLO, SEP and ZrP. Interestingly, similar increases
of E! were obtained upon the addition of ZrP into
PLA as compared to CLO and SEP, despite its low
dispersion level into the PLA matrix, possibly
explained by the high crystallinity of ZrP particles
as well as to the very regular distribution of ZrP
micronic particles along all the polymer matrix.
The melt viscosity and dynamic shear moduli of
nanocomposites were also enhanced significantly
by the presence of CLO and SEP. The dynamic shear
storage modulus, G!, and loss modulus, G" of these
nanocomposites, exhibited less frequency depend-
ence than pure PLA at a low frequency range. These
results could be attributed to important interactions
between PLA and nanocomposites, especially CLO,
forming an interconnected structure within the PLA
matrix.
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Table 4. Oxygen permeation of PS, PP, PET films, values
taken from Massey [42]

Reference Oxygen permeation
[cc$mm/(m2$day$atm)]

Polystyrene (PS) 117–157
Polypropylene (PP) 59–102
Polypropylene oriented film (PPof) 59–63
Polyethylene terephthalate (PET) film 3

Table 5. UV-visible transmission average results of PLA
and PLA/nanocomposites from 380–780 nm wave-
length. Experimental error 10%.

Sample Absorbance
[A/%m]

Transmission
[%T/50 %m]

PLA 0.0081 39
PLA + CLO 0.0101 31
PLA + SEP 0.0066 43
PLA + ZrP 0.0096 33



The oxygen permeability of PLA did not signifi-
cantly vary upon addition of SEP and ZrP particles.
Only addition of CLO leaded to an important
decrease of the PLA oxygen permeability. Optical
transparency measurements showed the transparency
of PLA in the visible region not to change signifi-
cantly with the presence of particles, thus preserv-
ing the good optical properties typical of PLA.
The improvements of viscous and/or elastic proper-
ties for PLA composites as well as the similar trans-
parency and improved gas barrier properties could
provide to these composites an opportunity in the
field of packaging. Even more, it is reasonable to
expect that by controlling the nanoparticle content
and processing conditions, PLA based nanocom-
posites films with improved properties could be
obtained for various purposes of industrial applica-
tion.
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1. Introduction
Electrically conducting rubber has attracted consid-
erable attention due to the potential opportunity of
combining the stretchable and deformable proper-
ties of the material with sufficient high electric con-
duction for various applications such as electro-
magnetic interference shielding materials, sensors
and to avoid electrostatic charging. For example, a
conductivity of 1 S/cm is typically sufficient for
electromechanical interference shielding [1]. In
technical rubber goods the low electrical conductiv-
ity of the polymer is improved by the incorporation
of conductive fillers like carbon black. Polymer
nano-composites can have a remarkable piezo-
resistivity [2, 3]. Such materials are good candi-
dates to be used as sensors with high sensitivity [4].
For example, a piezo-resistive rubber sensor vul-
canized into the sidewall of a tire can monitor the
actual state of a tire such as the tire pressure to a

control system. This kind of pressure control could
be realized by measuring the variation of resistivity
when the sensor passes through the contact area of a
rolling tire reflecting the bending state of the side
wall. Such facilities would improve the security and
drive stability of a vehicle, significantly.
For a sufficient high conductivity the building up of
a filler network is necessary. This can be achieved
above the percolation threshold describing the
amount of conductive filler necessary to obtain an
infinite cluster, which forms a conductive path
through the whole sample. Depending on the struc-
ture and the size of conductive carbon black parti-
cles and the specific interaction with the used poly-
mer, percolation thresholds in the range of 8 vol% <
!c < 20 vol% of carbon black are found [5, 6]. For
special conductive carbon blacks the threshold can
even go down to 3 vol% [7]. Recently, also single
walled CNT and multi walled carbon-nanotubes
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(MWCNT) have been applied as conductive fillers
for reaching the necessary conduction level [8–11].
Compared to carbon black, the percolation thresh-
old of MWCNT is significantly lower due to the
high aspect ratio of the tubes. It can be reduced the-
oretically down to !c = 0.1"vol%, which can be
achieved in case of optimal dispersion resulting in
even higher conductivities as for highly filled car-
bon black composites [12]. In particular, the very
small amount of CNTs necessary to reach high con-
ductivities is an ideal candidate to be used for
preparing highly conducting materials with non-
conductive reinforcing fillers. Additionally, the use
of non-conductive fillers like silica can improve the
dispersion of the CNTs due to the increased shear-
ing forces. It has been demonstrated that the incor-
poration of CNT in silica filled rubber results in a
good dispersion of the CNT probably due to the
high shear forces during the mixing process [13].
The materials show an enhanced mechanical stiff-
ness and tensile strength, an increased modulus and
a high electrical conductivity with quite low amounts
of CNT (!c = 1"vol%), though the tear resistance
under dynamical loading is slightly reduced. The
dynamic-mechanical and dielectric spectra have
been analyzed to get more insight into the morphol-
ogy and dynamics of the systems. Thereby, a better
understanding of the conduction mechanism, the
polymer-tube interaction and the filler networking
in CNT-nanocomposites has been achieved.

In previous papers, the conductivity of MWCNT/
rubber composites was found to be increased by
applying imidazolium type ionic liquids as disper-
sion agent [10, 13, 14]. A chemical coupling between
CNTs and the rubber matrix mediated by imida-
zolium type ionic liquids and sulfur bridges can be
achieved in SSBR-BR/CNT systems [14] as depicted
in Figure 1. For polychloroprene rubber (CR), the
usage of 1-butyl 3-methyl imidazolium bis-(trifluoro-
methyl-sulphonyl)-imide (BMI) modified tubes leads
to a physical coupling between CNTs and rubber evi-
denced by Raman spectroscopy, where the ion-dipole
interaction persists probably between CR and BMI
[14, 15]. A low amount of MWCNT in polychloro-
prene rubber showed a very high conductivity level
of about 0.1 S/cm with a high stretchability of more
than 500%. Transmission electron microscopy
(TEM) demonstrated an improved dispersion of the
BMI modified tubes in the rubber matrix.
In the present paper, we will extend these investiga-
tions by a detailed study of the dielectric properties
of the IL-modified MWCNT/rubber composites.
We will first investigate the modified relaxation
behavior of the pure rubber matrix. In a second step
we will consider the dielectric spectra of the
MWCNT-filled samples more closely.

2. Experimental and methods
The samples were based on chloroprene rubber
(CR, Baypren 611, Lanxess AG, Leverkusen, Ger-
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Figure 1. Schematic representation of the coupling between CNT and the rubber matrix mediated by imidazolium type
ionic liquids and sulfur bridges



many). Each composite contained 0.5 phr stearic
acid, 5 phr zinc oxide (ZnO), 4 phr magnesium oxide
(MgO) and 1 phr ethylene thiourea. These chemi-
cals are used on industrial grades. Table 1 shows the
curing recipe and explanation for sample designa-
tion. For the CNT/CR composites, the commercial
multiwalled carbon nanotubes (MWCNTs) Nanocyl
7000 (Nanocyl S.A, Sambreville, Belgium) has been
used. The MWCNTs were modified with the IL,
BMI (1-butyl 3-methyl imidazolium bis(trifluo-
romethylsulphonyl) imide, Sigma-Aldrich, Stein-
heim, Germany), by grinding them till a black paste
was obtained. The MWCNTs were mixed with CR
in a laboratory scale two roll mixing mill (Polymix
110L, size: 203#$102 mm, Servitech GmbH, Wus-
termark, Germany) at 40°C with a friction ratio of
1:1.25. The vulcanization additives were incorpo-
rated into the matrix after the admixing of MWCNTs.
The optimum cure time (t90) was determined in a
moving die rheometer, shortly referred as MDR
(Scarabaeus V50, Scarabaeus GmbH, Langgöns,
Germany) at 160°C for 60 minutes. The mixed
stocks were cured in a standard hot press at 160°C,
150 kN pressure and at an optimum cure time (t90)
of the samples.
Dielectric investigations have been carried out by
using a broadband dielectric spectrometer BDS 40
(Novocontrol GmbH, Hundsangen, Germany). The
temperature was varied from –100 to 150°C in steps
of five degrees using the temperature control sys-
tem Novocool (Novocontrol GmbH, Hundsangen,
Germany). At each temperature, a frequency sweep
from 0.1 Hz to 10 MHz has been measured. The
sample geometry was a disc shaped plate capacitor
with a diameter of around 2 cm. The sample with a
thickness of around 2 mm was placed between two
gold-plated electrodes. To provide an excellent con-
tact between sample and electrodes, thin gold layers
have been sputtered onto the flat surface of the sam-
ple plate. The dielectric permittivity and the dielec-
tric loss have been recorded for each sample in
dependence on temperature and frequency.

3. Results and discussion
3.1. Relaxation dynamics in neat chloroprene

rubber
The dielectric loss !% of neat CR rubber in depend-
ence on temperature and frequency is shown in Fig-
ure 2a. The pronounced relaxation process can be
related to the glass transition (& process) due to the
cooperative segmental motion of the chain, for which
the characteristic temperature and frequency depend-
ence is described by a Vogel-Fulcher behavior. At
low temperature, the Arrhenius-activated ' process
can be observed which is due to local fluctuations
of chain segments or side groups. The dielectric
loss for CR rubber with IL, shown in Figure 2b, has
an additional relaxation process below the glass
transition of the rubber, which can therefore be
associated with the ionic liquid. It has been reported
that ionic liquids, which exhibit disordered and frag-
ile structure, can also form a glassy-like state that
could be traced by calorimetric measurements [16].
This glass transition of the IL was also observed
previously by dynamic-mechanical analysis [14].
The & process at three temperatures is compared in
Figure 2c. The addition of BMI to the CR rubber
does not change the peak position and the broadness
of the & process. Thus, the ionic liquid has no influ-
ence on the glass transition of the rubber matrix.
This indicates that the two components are not very
compatible and the solubility of the ionic liquid in
the rubber matrix is low. In addition, the distinct
presence of the & process of BMI is a hint that
microdomains of BMI exist in the rubber matrix.
Hence, BMI forms partly a separated phase that has
its own glass transition at temperatures smaller than
the glass transition temperature of the rubber
matrix.
The large rise of dielectric loss at small frequency
and large temperatures seen in both investigated
samples is probably generated by ion conduction
and electrode polarization, which become often
dominant above the glass transition. Ionic conduc-
tance probably results from mobile ions obtained
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Table 1. Curing recipe and explanation for sample designation. All units are in phr (per hundred rubber).
Sample designation CR rubber ZnO MgO Stearic acid Ethylene thiourea MWCNTs BMI

CT0 100 5 4 0.5 1 0 0
CT0BMI20 100 5 4 0.5 1 0 20
CT3BMI0 100 5 4 0.5 1 3 0
CT3BMI15 100 5 4 0.5 1 3 15



from addition of the processing agents zinc oxide,
magnesium oxide and stearic acid. It might be pos-
sible that this large effect masks relaxation transi-
tions in the high temperature range. In order to min-
imize it, an analyzing procedure has been devel-
oped by Wübbenhorst and van Turnhout [17]. This
method is based on the Kramer-Kronig relations,
one of which is Equation (1):

             (1)

where "dc is the Ohmic conduction, #0 is the relax-
ation frequency and !0 is the vacuum permittivity. It
states that the real part !( and the imaginary part !%
are carrying the same information about relaxation
processes. Other than the imaginary part !$, the real
part of permittivity !% has no contribution from the
frequency-independent Ohmic conduction "dc. There-
fore, determining the dielectric loss from the quan-
titiy !% eliminates the part of conduction with ohmic
behavior. In the analysis procedure of Wübbenhorst,
the derivation of !% with respect to the frequency #
denoted as !%deriv:

                                        (2)

is used in order to obtain narrow and sharp peaks
and to eliminate ohmic conductivity. Equation (2) is
almost exact and the derivative reproduces the meas-
ured frequency dependent !% data for broad relax-
ation processes such as the glass process. Contrary,
for narrow Debye-like processes a peak sharpening
is observed and !%deriv ! #–2 is obtained for large
frequencies instead of !%deriv ! #–1 [17].
The partial blocking of ions at the metallic elec-
trodes leads to the pronounced contribution in the
measured !% at high temperature and low frequency.
This electrode polarization refers typically to a
Debye-like process with relaxation maximum below
the measured frequency range. Therefore, Equa-
tion (2) is expected to sharpen this undesired peak
and the contribution in the measured range is dimin-
ished, enabling the observation of other processes
of dipolar origin.
The dielectric loss !%deriv evaluated by the deriva-
tive of !% is shown for neat CR rubber in Figure 3a.
An additional relaxation is clearly observed above
the glass transition, which was masked in the meas-
ured dielectric loss !% in Figure 2a by the dominant
effects related to ion conduction and electrode polar-
ization. A comparison of !%deriv for the both investi-
gated samples, CT0 without IL and CT0BMI20
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Figure 2. Dielectric loss of CR rubber a) without BMI (sample: CT0) and b) with BMI (sample: CT0BMI20). c) Compari-
son of the & process. Closed symbols: CT0; Open symbols: CT0BMI20.



with IL, can be seen in Figure 3b at 1 kHz. The glass
transition of CR is clearly observed and is at the
same temperature for both samples. Thus, the ionic
liquid does not influence the glass transition of the
rubber. The high temperature process, noted here as
HT1, is obviously shifted to higher temperature for
using BMI. This indicates that the ionic liquid hin-
ders the relaxation belonging to this transition. At
low temperatures, the ' process is observed for CT0
and the & process of BMI for CT0BMI20.
The dielectric spectra are fitted by Cole-Cole func-
tions (Equation (3)):

                      (3)

where !) is the dielectric permittivity at infinite fre-
quencies, &j is the relaxation frequency, *!j is the
relaxation strength and 'j is the broadening parame-
ter of the j-th relaxation process. The fit has been
carried out for each temperature as shown in Figure 4
for 20°C. At this temperature, the & process and the
high temperature process HT1 are clearly visible.

Additionally, another high temperature process for
each of the both samples, noted here as HT2a and
HT2b, is observable. These processes are broad and
have relatively small relaxation strengths. The deter-
mination is therefore difficult and imprecise. It is
also unclear whether these both processes have the
same origin or a different one.
The activation diagram, the logarithm of the relax-
ation frequency versus the reciprocal temperature,
is shown in Figure 5. For each of the both samples,
four processes have been detected. The & processes
have been analyzed by the empirical Vogel-Fulcher-
Tamman equation (Equation (4)):

                             (4)

where R is the gas constant. The activation energy
EA, the Vogel-Fulcher temperature TFV and the
relaxation rate log f0 are the fit parameters. The
results are summarized in Table 2. It has been found
that the & process of CR with the activation energy
of about 10 kJ/mol does not change with the usage
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1 1 1ivtj 2aj
e*CC1v 2 5 eq 1 a

j

Dej

1 1 1ivtj 2aj

f1T 2 5 f0 exp a 2 EA

R1T 2 TFV 2 b
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Figure 3. a) Dielectric loss from derivative of +( for neat CR rubber (sample: CT0). b) Dielectric loss +%deriv for CT0 and
CT0BMI20 at f = 1 kHz.

Figure 4. Fits of dielectric spectra with Cole-Cole functions
at 20°C. The lines are fits according to Equa-
tion (3). Figure 5. Activation diagram for the relaxation processes



of BMI. This indicates that the dynamics of the bulk
polymer matrix is not affected by the presence of
the ionic liquid. The & processes of the BMI can also
well be fitted with the Vogel-Fulcher-Tamman equa-
tion. The activation energy and the relaxation rate
are comparable to that of the CR polymer, but the
Vogel-Fulcher temperature is much smaller. The
' process is well described by the Arrhenius rela-
tion (Eqiuation (5)):

                                      (5)

having an activation energy of about 41.5 kJ/mol.
The ' process is only observed in the neat rubber
CT0. In CT0BMI20, the ' process is probably cov-
ered by the BMI & peak, which lies in the same tem-
perature range.
It can be seen that all high temperature processes
can well be described by a Vogel-Fulcher-Tammann
behavior. The BMI clearly influences the high tem-
perature process HT1. The relaxation rate is for
both samples comparable, but the activation energy
is smaller and the Vogel-Fulcher temperature is
much larger for CT0BMI20 than for CT0. The ori-
gin of the relaxation process HT1 might be the for-
mation of zinc clusters as recently reported in car-
boxylated nitril rubber (XNBR) [18]. In this study,
it has been observed by dielectric relaxation spec-
troscopy and confirmed by IR spectroscopy that
clusters are formed due to the presence of ZnO and
carboxylic groups. In chloroprene rubber, a similar
mechanism is imaginable between the polar side
groups and the ZnO. The high temperature process
could therefore be assigned to the thermal decay of
zinc clusters. The ionic nature of the IL can stabilize

these clusters, explaining the shift to higher temper-
atures.
The used CR grade has a slight to medium tendency
to crystallize [19]. Thus, a few crystalline regions
might exist in the mostly amorphous polymer
matrix. It is possible that the melting of these crys-
talline regions generates the less-pronounced, broad
relaxation process HT2a in CT0. The melting tem-
perature at long times of crystalline domains in
chloroprene rubber is found at 30–70°C dependant
on structural and geometrical isomerism [20] and
lies therefore in the same temperature range as
HT2a at low frequencies. This process is probably
not observable in CT0BMI20 due to the higher elec-
trode polarization and the shift of HT1 towards
HT2a. HT2b in CT0BMI20 is maybe generated by
the melting of BMI with melting point at 0°C that
matches approximately HT2b at small frequencies.

3.2. Dielectric properties of CNT filled rubber
composites

Figure 6 illustrates the dispersion of 3 phr CNTs in
the CR rubber matrix by TEM pictures. Consider-
ing the sample CT3BMI0 (Figure 6a and 6c), the
dispersion state of the tubes is poor and a large
amount of different sized agglomerates are seen.
The tube agglomerates are also spaced apart with-
out intertubular connection in many regions. The
pristine MWCNTs have a tendency to form entan-
gled bundles, which are apparently hard to separate
only by the shearing force during mixing with the
elastomer matrix. In contrary, the TEM picture of
CT3BMI15 (Figure 6b) shows only small agglom-
erates. At higher magnification (Figure 6d), single
CNTs are seen, which are well distributed over the
entire image. Thus, a much better dispersion can be
obtained by modifying the CNTs with BMI. Addi-
tionally, the intertubular contacts are increased. It
has been recently discussed that the Van der Waals
attraction among the tubes decreases due to cation -
pi interaction between ILs and CNTs in modified
tubes [10, 11]. This leads to disentanglement of
CNTs that in turn increased the dispersion and the
formation of a highly conductive CNT network.
In Figure 7a, the real part of conductivity is shown
in dependence on temperature and frequency for the
sample CT3BMI15, which contains 3 phr CNTs
and 15 phr BMI. At small frequencies, a conductiv-

f1T 2 5 f0exp a 2 EA

RT
bf1T 2 5 f0exp a 2 EA

RT
b
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Table 2. Activation parameters for CT0 and CT0BMI20
Ea

[kJ/mol] log!f0
TFV
[K]

CT0
' process 41.5 14 –
& process CR 10 12.2 196
HT1 13.2 8.1 179
HT2a 9.3 5.3 192

CT0BMI20
& process CR 9.7 11.9 196
& process BMI 9.3 11.8 149
HT1 6.5 8.9 243
HT2b 7.6 7.9 204



ity plateau is observed which corresponds to the dc
conductivity. The ac conductivity increases from
the plateau into a disperse regime at about 10 kHz.
The dc plateau is almost constant at small tempera-
tures and increases strongly at around room temper-
ature. The effect of ionic liquids on the dc conduc-

tivity is considered in Figure 7b. An improvement
of the conductivity over more than two orders of
magnitude has been found for CT3BMI15 with
regard to CT3BMI0. Note that the slightly increased
ion conduction due to the usage of BMI cannot
explain that huge difference in the conductivity.
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Figure 6. TEM images of CNT filled CR rubber. a) and c) CT3BMI0 without BMI. b) and d) CT3BMI15 with BMI. Scale
bar: a), b) 1 ,m and c), d) 200 nm.

Figure 7. a) Real part of the conductivity of CT3BMI15. b) Conductivity at 1 Hz for CT3BMI0 (without IL) and
CT3BMI15 (with IL).



Neat CR rubber (sample CT0) and CR rubber con-
taining BMI (CT0BMI20) have a conductivity at
room temperature of ~10–10 S/cm ~10–9 S/cm, respec-
tively. Thus, the ion conduction is insignificant com-
pared to the much larger conductivity due to the
electron transport through the CNT network.
One main reason for the much larger conductivity
in the samples containing BMI is the improved dis-
persion. Indeed the conductivity is not only be
determined by the structure and number of conduc-
tive paths of the CNT network, but also affected by
a contact resistance between neighboring CNTs. As
pointed out by Fritzsche et al. [13], quantum mechan-
ical tunneling of electrons between neighboring
CNTs plays a dominant role for CNT/rubber com-
posites. CNTs in the rubber matrix have no direct
geometrical contact, but are separated by a thin
polymer layer that limits the dc conductivity of the
CNT network. Despite these small gaps between
the CNTs, electrons can overcome these barriers by
tunneling or hopping. The increase in conductivity
above room temperature suggests that a transition
from tunneling to thermal activated hopping takes
place and therefore the transport mechanism between
CNTs changes. This behavior has also been observed
for carbon black/rubber composites [6].
In order to gain more information about CNT/CNT
connections, the permittivity has been considered.
The real part of permittivity at different temperatures
can be seen in Figure 8. At small temperatures, a
relaxation transition is found at relatively large fre-
quencies. For CT3BMI15 the relaxation transition is
sharper and at larger frequencies than for CT3BMI0.
Additionally, the plateau of the permittivity at small
frequencies has a much larger value for CT3BMI15,
indicating a larger polarization in the modified

CNT/rubber composite. With increasing tempera-
ture, a large rise of permittivity at small frequencies
becomes dominant. The high !%-values might be cor-
related to Maxwell-Wagner-Sillars relaxation that
occurs due to accumulation of ions at the interfaces
in inhomogeneous media. This effect becomes more
important at larger temperatures since the thermal
activated ion transport increases with increasing
temperature.
The sharp relaxation transition at large frequencies
can be traced back to a quantum mechanical tunnel-
ing process of electrons across small gaps between
adjacent CNTs [13]. A relation between the relax-
ation frequency and the gap distance between neigh-
boring filler particles has been derived, which says
that larger relaxation frequencies means smaller
gap distances. Consequently, the gaps between CNTs
in the sample with IL (CT3BMI15) are smaller.
Additionally, the sharper transition indicates a nar-
rower distribution of gap distances. The much larger
value of the relaxation strength for the IL modified
CNT composite indicates that a larger amount of gaps
exist which contribute to the polarization. This is
consistent with the better dispersion and the more
homogenous CNT network. The consequence of
smaller gaps is that the quantum mechanical tunnel-
ing current over them is larger and thus the conduc-
tivity is increased. The main reasons for the improved
conductivity of the IL modified CNT composite are
therefore the smaller gaps between the CNTs and
the better CNT networking.
The conductivity could additionally be influenced
by the improved polymer-filler interaction due to
BMI as coupling agent. The polymer in the nano -
scopic gaps between neighboring fillers is expected
to be glassy [6] because of immobilization of poly-
mer chains by confinement between adjacent filler
particles and adsorption of polymer segments at the
surfaces. The stronger physical coupling by BMI
probably affects the polymer dynamics in the gaps
and therewith the dielectric properties. In order to
estimate the influence of this effect on the conduc-
tivity, the measured permittivity of the CR without
CNTs (CT0 and CT0BMI20) can be considered,
which is for both samples around 4 in the glassy
regime and around 10 in the elastic regime. Since
the tunneling current is only proportional to the
polymer permittivity [13], the influence on conduc-
tivity due to any changes in flexibility of the poly-
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Figure 8. Real part of permittivity for CT3BMI0 (closed
symbols) and CT3BMI15 (open symbols) at dif-
ferent temperatures



mer is relatively small compared to the improved
conductivity of more than two orders of magnitude.
The effect of the gap size with an exponential
dependence of gap distance on the tunneling current
is probably much larger.

4. Conclusions
The dielectric spectra of unfilled chloroprene rub-
ber and of IL/chloroprene rubber have been investi-
gated. Besides electrode polarization, four relax-
ation processes have been detected for each of the
both samples. It has been found that the glass transi-
tion described by a Vogel-Fulcher behavior does not
change with the usage of ionic liquid, indicating
that the both components are not compatible. The
weakly pronounced, broad relaxation process at
low temperature in pure CR rubber can be assigned
to the ' process due to rotational motion of side
groups. For the sample containing IL, the ' process
is masked by an additional relaxation transition,
which is much more pronounced. This process can
be related to the & process of the IL, whose disor-
dered and fragile structure typically exhibits a glassy
like state at low temperatures. The origin of one of
the both observed high temperature processes might
be the existence of zinc clusters.
The high electrical conductivity of the CNT-filled
rubber composites can be related to the transport of
electrons along conductive paths of the throughgo-
ing CNT network. The temperature behavior of the
conductivity suggests that the conduction mecha-
nism between neighboring CNTs is quantum mechan-
ical tunneling at low temperatures and thermal acti-
vated hopping above room temperature. The IL-
modification of the CNTs leads to an increased
conductivity that is related to smaller gap distance
between neighboring CNTs and a better dispersion
due to a physical coupling between CNTs and rub-
ber matrix.
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1. Introduction
Ever-growing concern related to sustainability and
ecology has been the key driving force for develop-
ing bio-based plastics. In single-use packaging
applications, biodegradability is an advantage and
poor mechanical properties remain acceptable.
Automotive applications are however much more
challenging as durable bioplastics are expected to
meet very demanding requirements, such as high
thermo-mechanical performance (strength and rigid-
ity) often coupled with dimensional accuracy and
stability [1]. The most widely spread bioplastics,
namely biopolyamide 11, poly(lactic acid) and ther-

moplastic starch, are unfortunately often either too
expensive or too sensitive to ageing and humidity,
and are not rigid and resistant enough to be used to
manufacture automotive plastic parts. The issue is
therefore to reinforce bio-based plastics whose prop-
erties are not high enough to replace the fully petro-
leum-based polymers. This may be achieved for
example by addition of cheap micro- or nano-scaled
fillers (particles or fibres), so as to develop cost-
effective composite or nanocomposite materials
reaching the expected level of performance [1].
Considering this constraining application field, raw
material producers have developed hybrid (bipha-
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sic) polymers where a bio-based matrix is associ-
ated with a more conventional polyolefin matrix
(polyethylene, polypropylene). In particular starch-
grafted polypropylene may provide a suitable alter-
native solution to supply automotive industry with a
durable ‘green’ thermoplastic [2]. Nevertheless,
reaching the desired level of mechanical perform-
ance still requires further reinforcement by addition
of nanofillers for instance, as it was done with the
development of bio-based nanocomposites dedi-
cated to packaging applications [3]. In that case,
layered silicate nanoplatelets are commonly used
and among the different types of clay, montmoril-
lonite (MMT) is the most used nanofiller because of
its low cost, natural abundance and high aspect
ratio.
Biphasic thermoplastic matrices such as Gaïalene®

(Roquette, France [2]) made of polypropylene (PP)
grafted with starch at a 48/52 weight ratio form a
complex polymer system with hydrophilic and
hydrophobic phases in which clay has to be dis-
persed and exfoliated. Thermoplastic starch is
hydrophilic. In that case, a better dispersion and
exfoliation is usually obtained with native clay
(Na+-MMT, unmodified sodium montmorillonite),
which is naturally hydrophilic. Polar interactions
are created between the silicate lamella and the
hydroxyl groups of the starch [4–6].
The dispersion, intercalation and exfoliation of
clay, and especially montmorillonite, in PP have
also been widely investigated [7–17]. The exfolia-
tion of clay platelets is an uphill task, particularly in
non-polar hydrophobic polymers like PP because of
the unfavourable enthalpic interaction with the
highly hydrophilic clay, which prohibits the diffu-
sion of polymer molecules into the intergallery
space. Even if attempts have been made to use pris-
tine (unmodified) clay [7], modification of clay
with organic cations (by cationic exchange with the
sodium cations of the mineral) and addition of com-
patibilizers such as maleic anhydride (MA) are
common solutions used to improve the interaction
between PP and clay nanoplatelets. Besides, proper
choice of processing conditions may further improve
clay dispersion [8]. The organic cations used for clay
modification are usually alkyl ammonium cations
with different chemical structures depending on the
considered polymer matrix. Generally apolar alkyl
ammonium cations are used in the case of apolar

polymers such as PP [10, 11]. It is now well admit-
ted that clay dispersion in PP and interfacial adhe-
sion are better with a non-polar clay modifier such
as the one used in Cloisite®20A (Southern Clay
Product) than with pristine (i.e. native) clay or polar
clay modifier such as that used in Cloisite®30B
(Southern Clay Product) [12]. Similarly, as for car-
bon nanotubes [18], it is well known that a better
clay dispersion and exfoliation is achieved when
PP-g-MA compatibilizers are used. Some authors
[11–16] investigated the compatibilizer influence on
the clay exfoliation. A high maleic anhydride graft-
ing level enables a better molecular insertion between
the lamella, but a molecular weight decrease of the
polypropylene may be expected due to molecular
chain breakage [10, 12, 17]. A higher compatibilizer
molecular weight increases the melt viscosity [15],
which may be favourable to break the clay tactoids,
but may also hinder the diffusion mechanism of the
polymer chain in clays interlayer space at low tem-
perature. In practice, a balance between compatibi-
lizer molecular weight and maleic anhydride graft-
ing level is necessary to optimize clay exfoliation
(even if full exfoliation cannot be obtained in PP
matrices due to the huge polarity difference between
the matrix and the clay) and thus mechanical prop-
erties [11, 12, 15].
Furthermore, some authors highlighted the interest
of using solid nanoparticles (clays among others
[19–21]) to improve the properties of polymer
blends, the nanofiller playing the role of both struc-
tural reinforcement and compatibilizer. In particular
in the case of clays, when the platelets are organo-
modified, the nature of the surfactant can influence
the location of clay platelets in immiscible polymer
blends, affect the coalescence behaviour and, effec-
tively, reduce the size of the dispersed phase, decrease
the interfacial tension and improve the adhesion
between the phases [22, 23]. However, whereas it is
commonly admitted that organoclays may act as
compatibilizers in the case of immiscible polymer
blends, the exact mechanism involved is still
unclear. Yousfi et al. [24] have recently shown that
the key factor for organoclay compatibilization effi-
ciency is the surfactant (organo-modifier) itself and
not solely the presence of clay platelets.
In that context, the general objective of the present
research program is to develop, based on a newly
marketed biphasic starch-grafted polypropylene
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matrix, compatibilized starch-grafted polypropy-
lene/organoclay nanocomposites by melt-com-
pounding so as to up-grade its mechanical perform-
ance. In particular, this paper aims at understanding
the influence of both the PP-g-MA compatibilizer
(weight content and maleic anhydride grafting level)
and the organoclay modifier on the clay dispersion
in the complex biphasic starch-grafted polypropy-
lene matrix. The miscibility was evaluated by rheol-
ogy and microscopy. Then, the intercalation and/or
exfoliation were assessed by rheological analysis
coupled to morphological observations. Finally, the
resulting tensile properties were characterized.

2. Experimental
2.1. Materials
The material studied was a 52 wt% plant-based
starch-grafted polypropylene (Gaïalene® 906PJ,
Roquette, France) with an MFR of 30 g/10 min
(190°C/10 kg), further named PP-g-starch. Three
commercial maleated polypropylenes (Polypropy-
lene-grafted maleic anhydride, PP-g-MA) were used:
two homopolymers with graft efficiency of 0.5 wt%
(Fusabond® P613, Dupont, Switzerland – further
named PP-g-MA1) and 1 wt% (Orevac® CA100,
Arkema, France – further named PP-g-MA2), and
one ethylene-propylene copolymer with graft effi-

ciency of 1.4 wt% (Fusabond® P353, Dupont,
Switzerland – further named PP-g-MA3), the ethyl-
ene content in the copolymer being 52 wt%. The
clays were sodium montmorillonite modified with
quaternary ammonium salt, one polar modified nan-
oclay (Cloisite®30B, Southern Clay Products Co.,
USA – further named C30B) and one non-polar mod-
ified nanoclay (Cloisite®20A, Southern Clay Prod-
ucts Co., USA – further named C20A). The main
characteristics of the materials are summarized in
Table 1.

2.2. Compounding conditions
The PP-g-starch/PP-g-MA and PP-g-starch/PP-g-
MA/organoclay compounds were obtained by melt-
blending in a twin-screw extruder (Haake Polylab,
Thermo Scientific, Germany) equipped with a
16 mm screw diameter and a length/diameter ratio
L/D of 29:1, operating at 160–180°C and 200 rpm.
Polymers were first mixed before introduction in
the extruder. The clays were then introduced in the
polymer melt just before a screw mixing zone (Fig-
ure 1). Raw materials were dried at 80°C during
4 hours in order to get a relative humidity of
8000 ppm. The composition of the compounds is
detailed in Table 2.
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Table 1. Main characteristics of materials used

Polymer material
Gaialene®

906PJ
(PP-g-starch)

Fusabond®

P613
(PP-g-MA1)

Orevac®

CA100
(PP-g-MA2)

Fusabond®

P353
(PP-g-MA3)

Structure Starch-grafted Homopolymer Homopolymer PE/PP (52/48)
copolymer

MFR (190°C; 2.16 kg) [g/10 min] 30 (10 kg) 120 10 (0.325 kg) 470
Melting point [°C] 157 162 167 135
Crystallization point [°C] 110 108 107 93
Mw [g·mol–1] – 95 000 89 000 88 700
Density 1.12 0.903 0.909 0.904
Young’s Modulus [MPa] 420 1170 1050 700
Grafting level [wt%] 52 0.5 1 1.4

Organoclay Cloisite®30B (C30B) Cloisite®20A (C20A)

Organic modifier

Methyl, tallow, bis-2-hydroxyethyl, quaternary
ammonium chloride, where HT is hydrogenated
tallow (65% C18, 30% C16, 5% C14); Anion:
Chloride

Dimethyl, deshydrogenated tallow, quaternary
ammonium chloride, where HT is hydrogenated
tallow (65% C18, 30% C16, 5% C14); Anion:
Chloride

Structure of organic modifier

         CH2CH2OH
          |
CH3–N+–T
          |
         CH2CH2OH

         CH3
          |
CH3–N+–HT
          |
         HT

Modifier concentration [meq/100 g] 90 95
X-ray d001 [nm] 1.85 2.42
% loss on ignition 30 38



The shear rate !· imposed to the blends during com-
pounding was estimated using an extrusion soft-
ware package (Ludovic®, Sciences Computers Con-
sultants, France). The computed value is 120 s–1.

2.3. Moulding conditions
Dumbbell test specimens (ISO 1A) were moulded
on an 800 kN clamping force injection-moulding
machine (80-160E, Krauss Maffei, Germany). The
moulding conditions are summarized in Table 3.

2.4. Mechanical testing
Tensile tests were performed on a tensile machine
(Model 1185, Instron, USA) using an extensometer
for strain measurement. Tests were conducted on
five samples according to ISO 527 standard at
20 mm·min–1 crosshead speed for the yield and ulti-
mate properties measurement and at 1 mm·min–1

for Young’s modulus measurement. Samples were
stored during 2 days at 23°C and 50% relative
humidity before testing.

2.5. Rheological characterisation
Oscillatory shear rheological analysis was carried
out at 170, 180 or 200°C under air atmosphere on
compression-moulded circular samples (40 mm
diameter, 2 mm thick) on a rotational rheometer
(ARES, Rheometric Scientific, USA) with parallel
plates. Linear domains of the materials were identi-
fied from strain sweeps and a common strain of 1%
was then selected for the different samples what-
ever the testing temperature. Frequency sweeps
were run from 0.1 to 100 rad·s–1 in order to record
the storage (elastic) modulus G" and the complex
viscosity #*.

2.6. Structural characterisation
X-ray diffraction (XRD) characterisation of the
structure was carried out on clay powder or disks of
50 mm diameter and 2.3 mm thickness compres-
sion-moulded in a press (Dolouets 383, France;
compression pressure of 10 MPa for 1 min and tem-
perature of 180°C). Wide-angle X-ray scattering
experiments were carried out at room temperature
in reflection mode. XRD curves were recorded on a
diffractometer (D5000, Siemens, Germany) operat-
ing at 40 kV and 30 mA with a beam consisting of
CoK$ radiation (% = 1.78897 Å). Data were col-
lected in the 2& region 2–10° with a step size of
0.04° and a counting time of 30 seconds per step.
The basal spacing of the organically modified lay-
ered silicate (organo-clay) before and after interca-
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Figure 1. Screw profile of the extruder

Table 2. Sample designation and composition

*Neat mineral wt% content, determined from ignition loss tests to eliminate the surfactant weight fraction of organoclay (corresponds to
5 wt% Cloisite® organoclay)

Sample designation PP-g-starch
wt% content

PP-g-MA
wt% content

Neat clay*

wt% content
5PP-g-MA1 (or PP-g-MA2, PP-g-MA3) 95 5
10PP-g-MA1 (or PP-g-MA2, PP-g-MA3) 90 10
15PP-g-MA1 (or PP-g-MA2, PP-g-MA3) 85 15
20PP-g-MA1 (or PP-g-MA2, PP-g-MA3) 80 20
5PP-g-MA2 C30B (or C20A) 95 5 3.5
20PP-g-MA2 C30B (or C20A) 80 20 3.5

Table 3. Moulding conditions
Processing parameters Set up value

Mould temperature [°C] 40
Melt temperature [°C] 180
Volume flow rate [cm3·s–1] 46
Holding pressure [bar] 800
Back pressure [bar] 20
Screw rotation speed  [cm·s–1] 8.8



lation was estimated from the position of (d001)
peak in the XRD diffractogram according to the
Bragg equation (n% = 2d·sin&) where d is the spac-
ing between silica layers of the clay (also called
interlayer spacing), % the wave length of X-ray, &
the reflection angle of X-ray on the silica layer, and
n is a whole number which represents the order of
diffraction, taken 1 in our calculations.
Morphological analysis was performed on cryo-
fractured surfaces of injection-moulded samples. A
thin layer of gold was sputter deposited onto the
sample. Imaging of the samples was carried out
under high vacuum with a Scanning Electron
Microscope (S-4300SE/N, Hitachi, Japan) operat-
ing at 10 kV.
Specimens for Transmission Electron Microscopy
(TEM) were cut from bulk samples using a micro-
tome (Ultracut UTC and EM FCS, Leica, Germany).
Ultra-thin sections were cut using a diamond knife
and collected on a 300 mesh copper grid. TEM
images were obtained using a TEM instrument
(CM20, Philips, The Netherlands) with a 200 kV
acceleration voltage. Experiments were carried out at
PSA research centre (PSA Peugeot Citroen, France).

2.7. Interfacial tensions characterisation
Surface energies (sometimes also called surface
tensions as polymers may be liquid-like) of the
blended polymers were measured by the sessile
drop method using a goniometer (Digidrop, GBX,
France). Experiments, consisting in measuring the
contact angle of a liquid droplet on a solid substrate,
were performed at ISPA (Institut Supérieur de Plas-
turgie d’Alençon, France). The measurements were
carried out at room temperature in static mode
under nitrogen atmosphere. The probe liquids were
HPLC grade water (surface tension ' = 72.8 mJ·m–2

with polar component 'p = 51.0 mJ·m–2 and disper-
sive component 'd = 21.8 mJ·m–2), formamide (' =
58.2 mJ·m–2 with 'p = 18.7 mJ·m–2 and 'd =
39.5 mJ·m–2), and diiodomethane (' = 50.8 mJ·m–2

with 'p = 49.5 mJ·m–2 and 'd =1.3 mJ·m–2).
The polymers surface energies (') and their polar
('p) and dispersive ('d) components were deter-
mined according to Owens-Wendt theory [25]. The
corresponding values are reported in Table 4 for the
different materials constituting the blends (PP-g-
starch being considered as a one and only phase
having its own surface energy).

The interfacial tension ('12) between the constitu-
tive materials (1 and 2) of the different polymer
blends were then calculated from the polymers sur-
face energies and their polar and dispersive compo-
nents using Wu’s harmonic relation (Equation (1)),
which has been shown to be applicable to polymer
melts [26, 27]. The calculated values are reported in
Table 5 for the different PP-g-starch/PP-g-MA
blends:

            (1)

Surface energies were measured and interfacial ten-
sions calculated at room temperature and not at
180°C because forming a suitable droplet at such a
high temperature was impossible in practice.

3. Miscibility of PP-g-MA compatibilizers
with starch-grafted polypropylene

At first, the miscibility of the different PP-g-MA
compatibilizers (differing by their maleic anhydride
grafting level and their molecular weight) with the
polymer matrix (PP-g-starch) was checked in order
to define the most desirable formulation. The assess-
ment of the miscibility was carried out for the dif-
ferent PP-g-starch/PP-g-MA blends by means of
complementary rheological and microscopic char-
acterisation methods.

3.1. Rheological assessment
Rheological methods have been frequently used to
study the phase separation of partially miscible or
immiscible (i.e. fully phase separated) polymer
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Table 4. Surface energies ' and their dispersive 'd and
polar 'p components for the different blends con-
stituents

Table 5. Calculated interfacial tension '12 of the blends

Material !
[mN·m–1]

!d

[mN·m–1]
!p

[mN·m–1]
PP-g-starch 30.4 30.4 0
PP-g-MA2 33.4 32.2 1.1
PP-g-MA1 32.9 32.2 0.7
PP-g-MA3 34.2 31.7 2.6

Blend Interfacial tension !12
[mN·m–1]

PP-g-starch/PP-g-MA2 7.41
PP-g-starch/PP-g-MA1 6.10
PP-g-starch/PP-g-MA3 10.42



blends. One of the most frequently used methods to
judge whether the blend is fully miscible (i.e.
behaves as a single-phase system with no phase
separation) or in phase separated state is the time-
temperature superposition (TTS) principle [28, 29].
The TTS principle states that, when studying the
viscoelastic behaviour of a material (for instance
complex viscosity or complex elasticity modulus),
a change of temperature is completely equivalent to
a shift of the logarithmic time scale (so-called time-
shift); such a material is termed ‘thermo-rheologi-
cally simple’ [30]. It is usually believed that TTS
principle fails for polymer blends in phase sepa-
rated state, and works in miscible state [28, 29]. If
an excellent superposition is obtained when plotting

the rheological master curves at a reference temper-
ature, then the polymer blend is fully miscible; if
not, it is assumed to be immiscible or partially mis-
cible only.
The dynamic rheological behaviour of 95/5 and
80/20 wt% PP-g-starch/PP-g-MA blends was
recorded at different temperatures, namely 170, 180
and 190°C. The master curves of complex viscosity
#* as a function of the shifted frequency $T ( at
180°C were plotted (Figure 2). A very good super-
position is obtained for the blends containing PP-g-
MA2 and PP-g-MA3 whatever the compatibilizer
weight content. Their rheological behaviour depends
neither on the temperature nor on the blend compo-
sition (i.e. PP-g-MA weight content), suggesting
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Figure 2. Complex viscosity master curves at the reference temperature of 180°C for PP-g-starch/PP-g-MA1 (a, b), PP-g-
starch/PP-g-MA2 (c, d) and PP-g-starch/PP-g-MA3 (e, f) compatibilized blends at 95/5 wt% (a, c, e) and
80/20 wt% (b, d, f)



quite good miscibility. A peculiar behaviour is
noticed in the case of the blend containing PP-g-
MA1; a shift appears at lower frequencies depend-
ing on both the temperature and the PP-g-MA weight
content. Such a deviation may be ascribed to a par-
tial, lower miscibility of this blend, in particular
when the compatibilizer weight content is high. A
similar trend was also pointed out by other authors
[10]. It is however worth mentioning that the failure
of TTS principle is not a strict principle to judge the
phase separation as it may fail in the miscible state
also according to some authors [28]. Therefore,
another complementary method was also imple-
mented.

3.2. Microscopic assessment and prediction of
dispersed particle size

As a method of direct observation, optical or elec-
tron micron microscopy has also been used quite
often to show whether polymer blends are in homo-
geneous or phase separated states. SEM imaging of

neat PP-g-starch and of the three PP-g-starch/PP-g-
MA blends were performed. Taking the neat bipha-
sic PP-g-starch matrix (Figure 3a) as a reference
(further considered being the continuous matrix
phase), a PP-g-MA dispersed phase possibly appears
upon compatibilizers’ addition, depending on PP-g-
MA type and content. SEM imaging of the three PP-
g-starch/PP-g-MA blends does not show any signif-
icant immiscibility at the lower PP-g-MA compati-
bilizer content (5 wt%). At higher weight content
(20 wt%), the dispersed phase size is high enough
to be visible on microscopic images (Figure 3b, c, d),
but strongly depends on the compatibilizer used.
Based on representative SEM images, an equivalent
diameter of dispersed phase was determined (typi-
cal order of magnitude only). For the PP-g-MA1
homopolymer-based compatibilizer, the size of the
dispersed phase typically reaches more than 80 )m
(Figure 3b) whereas it is of about 35 )m for the PP-
g-MA2 homopolymer-based compatibilizer (Fig-
ure 3c) and of 25 )m for the PP-g-MA3 copolymer-
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Figure 3. SEM images of cryo-fractured surfaces of (a) neat PP-g-starch; (b) 80/20 wt% PP-g-starch/PP-g-MA1;
(c) 80/20 wt% PP-g-starch/PP-g-MA2; (d) 80/20 wt% PP-g-starch/PP-g-MA3



based compatibilizer (Figure 3d). These particle
size differences may explain the difference of rheo-
logical behaviour of the blends observed previ-
ously, and especially the peculiar behaviour of PP-
g-MA1 based blends (see 3.1.).
The average particle size in incompatible polymer
blends may be predicted using the theory being
developed by Wu (Equation (2)) [26]. The dispersed-
drop size is the smaller when the interfacial tension
is the lower and the components viscosity ratio is
the closer to unity. Serpe et al. [31] further modified
Wu’s equation in order to take into account the
influence of the dispersed phase concentration and
the blend viscosity on blend morphology (Equa-
tion (3)):

                                         (2)

                             (3)

where ‘D’ is the diameter of the droplet of dispersed
phase, '12 the interfacial tension between the two
components of the blend at a temperature equal to
the mixing temperature, !· the shear rate during mix-
ing, #disp the dispersed phase viscosity, #cont the
continuous (matrix) phase viscosity, #blend the blend
viscosity, and *disp and *cont the volume fractions
of dispersed and continuous matrix phases. #disp/#cont
and #disp/#blend are named viscosity ratio and cor-
rected viscosity ratio. $ is an experimental parame-
ter, and has a value of nearly 0.84, which is positive
if the corrected viscosity ratio is larger than one and
negative if the viscosity ratio is smaller than one.
Dynamic viscosity measurements (Figure 4) show
that the rheological behaviour of PP-g-MA3 com-

patibilizer is similar to that of neat PP-g-starch at
the reference temperature (180°C) in the 0.01–
100 rad·s–1 frequency range. This means that the
finest dispersed-droplet size is expected in that
case. At the processing shear rate (!· =120 s–1), the
blend viscosities of the two homopolymer compati-
bilizers (PP-g-MA1 and PP-g-MA2) are similar and
lower than the PP-g-starch viscosity; the dispersed
droplets should be larger. The theoretical particle
sizes of the dispersed phase were calculated from
the Serpe’s model (Equation (3)) for each blend.
They are around 2 to 4 )m for the 95/5 wt% PP-g-
starch/PP-g-MA blends. The theoretical particle
diameter of PP-g-MA1 is two times higher than that
of the other compatibilizers, but the differences
remains low in the considered shear rate range.
When PP-g-MA content reaches 20 wt%, the theo-
retical particle diameter increases up to 7.5, 8.8 and
20 )m for PP-g-MA3, PP-g-MA2 and PP-g-MA1
compatibilizers respectively (Figure 5). The hierar-
chy previously obtained on the basis of representa-
tive SEM observations (25, 35 and 80 µm respec-
tively) is confirmed. The differences between
experimental and theoretical values may be explained
by the fact that the interfacial tensions values used
in computations were determined at room tempera-
ture and not at the mixing temperature for practical
reasons (see 2.7.).
To summarize, even if major immiscibility of the
compitibilizers used with PP-g-starch was not evi-
denced, the PP-g-MA3 copolymer compatibilizer
gives the best results in terms of dispersed particle
sizes and thus of miscibility thanks to its rheologi-
cal behaviour close to that of the PP-g-starch matrix.
The addition of PP-g-MA1 compatibilizer leading
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Figure 4. Dynamic rheological behaviour of the blend con-
stituents

Figure 5. Calculated diameter of 20 wt% PP-g-MA dis-
persed phase in the PP-g-starch matrix as function
of frequency



to lower miscibility (large dispersed particle size),
further investigations will be carried out using PP-
g-MA2 homopolymer-based and PP-g-MA3 copoly-
mer-based compatibilizers.

4. Reinforcement of starch-grafted
polypropylene with nanoclay

In a second development step, nanoclay was added
to the compatibilized starch-grafted polypropylene,
aiming at forming ternary PP-g-starch/PP-g-MA/
organoclay nanocomposites with improved mechani-
cal properties. Dispersion, intercalation and exfolia-
tion of nanoclay is a key factor to achieve this goal.

4.1. Assessment of clay dispersion,
intercalation and exfoliation in ternary
PP-g-starch/PP-g-MA/clay hybrids

When assessing the structure of nanocomposites,
the main issue is to get a representative evaluation
of the filler dispersion degree at a relevant scale.
Microscopy is widely used but provides local and
qualitative assessment only. Alternatively, dynamic
(oscillatory) rheology may provide a semi-quantita-
tive evaluation of the dispersion degree of nano -
fillers such as carbon nanotubes or layered silicates
(montmorillonite among others) in the bulk [8, 18,
32–35]. Also, X-ray diffraction (XRD) analysis
allows quantifying the intercalation in the bulk by
measuring the clay platelets interlayer distance [35].

Influence of clay organo-modification
Transmission Electron Microscopy (TEM) shows
that, whatever the material formulation, clay is
locally well dispersed (see for example Figure 6a
and 6c for 5PP-g-MA3 C30B and 5PP-g-MA2 C20A
references respectively). The presence of clay tac-
toids and several individual clay platelets indicates
an intercalated structure with partial exfoliation
(Figure 6b and 6d). No significant difference is vis-
ible at this local scale between the different materi-
als. As a consequence, rotational rheology and
XRD were used in this section to further investigate
the effect of the clay surfactant and PP-g-MA com-
patibilizer on nanoclay dispersion, intercalation and
exfoliation and to get a more global assessment.
The dynamic rheological analysis (Figure 7) does
not reveal any major difference between the two
organo-modified polar (C30B) and non-polar
(C20A) clays whatever the PP-g-MA compatibilizer

type, the secondary plateau of storage modulus tend-
ing to appear in both cases. Nevertheless, compared
to its non-polar counterpart, the polar organo-modi-
fied clay (C30B) has a higher storage modulus and
a slightly lower terminal slope in the low frequency
domain, which suggests a better clay dispersion
degree, intercalation and/or exfoliation in that case.
Actually, it is well admitted that the exfoliated
and/or disordered intercalated silicate layers form a
network type structure rendering the system highly
elastic as revealed by the appearance of a secondary
plateau for the dynamic storage modulus (G") in the
low frequency regime (i.e. frequency independent
behaviour at the lower frequencies) or at least a
lower terminal slope in G" vs. frequency (() plot.
This gradual change of the behaviour from liquid-
like to solid-like is mainly correlated to the extent
of dispersion and distribution of the nanofillers that
form a three-dimensional percolating network.
Based on XRD analysis (Figure 8), the space gallery
was determined using the Bragg law for the organ-
oclays and the blends containing nanoclay. A decrease
in the degree of coherent layer stacking (i.e. a more
disordered system) of the clay would lead to a peak
broadening and an intensity decrease in the XRD
diffractogram. The primary (d001) diffraction peaks
of neat C20A and C30B are located around 2& = 4
and 5.4° respectively, which gives interlayer spac-
ing (d-spacing) of 1.55 and 0.81 nm respectively.
Upon addition of C20A clays into PP-g-starch/PP-
g-MA blend, the XRD peak shifts to lower angles
around 2& = 2.56° (or even vanishes tending to form
a shoulder in case of PP-g-MA3) indicating an
increase in interlayer spacing due to polymer inter-
calation within clay platelets (confirmed by TEM
imaging, Figure 6d). The average distance between
the platelets then becomes about 2.99 nm instead of
1.55 nm before intercalation. In the case of the
C30B-based blends, the absence of the signal in the
XRD pattern tends to suggest the existence of clay
platelets exfoliation.
The maleic anhydride of the PP-g-MA compatibi-
lizer can interact with both the polar organo-modi-
fied clay (C30B) and the starch phase of the matrix
according to the chemical reactions presented in
Figure 9. The C30B surfactant has two hydroxyl
groups (–OH) that can react with the PP-g-MA
anhydride (–CO–O–CO–) to give an ester (–COO–)
and an acid (–COOH) (Figure 9a and 9b). The acid
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Figure 6. TEM images of PP-g-starch/PP-g-MA/organoclay hybrids. (a, b) 5PP-g-MA3 C30B, (c, d) 5PP-g-MA2 C20A, at
lower (a, c) and (b, d) higher magnifications

Figure 7. Influence of MA-grafting level of PP-g-MA (1 wt% for PP-g-MA2 and 1.4 wt% for PP-g-MA3) on storage mod-
ulus of PP-g-starch/5 wt%PP-g-MA/organoclay hybrids for different organoclays: (a) C30B ; (b) C20A



group can then react with the second hydroxyl of
the surfactant (or coming from another part of the
surfactant) to form a second ester and a water mole-
cule (Figure 9c). On the other hand, maleic anhy-
dride can react with the numerous hydroxyl groups
of the starch which is mainly constituted of amylose
and amylopectine. All these chemical reactions
favour the formation of a surfactant/PP-g-MA/starch
network making the platelet separation, intercala-
tion and exfoliation (at least partially) possible and
therefore increasing the dynamic storage modulus.
In the case of the non-polar organo-modified clay
(C20A), the long alkyl chains of the surfactant inter-
calate the platelets to form a paraffin film facilitat-
ing the exfoliation, as suggested by Alexandre and
Dubois [36]. This is supported by the fact that, as
mentioned above, the initial inter-platelet distance
of this non-polar modified montmorillonite (C20A)
is higher than that of its polar modified counterpart
(C30B) (1.55 nm against 0.81 nm). In case of C20A,

the exfoliation mechanism is more mechanically
driven (by polypropylene chain insertion) than
chemically driven.
Globally, whatever the PP-g-MA compatibilizer,
the addition of polar organoclay (C30B) seems to
be preferable rather than non-polar organoclay
(C20A) as the former allows achieving better clay
dispersion degree and exfoliation level and there-
fore higher dynamic storage modulus.

Influence of PP-g-MA content and MA-grafting
level
Increasing the MA-grafting level of PP-g-MA from
1 wt% (PP-g-MA2) to 1.4 wt% (PP-g-MA3) increases
the storage modulus and slightly decreases the ter-
minal slope in the low frequency domain (Fig-
ure 10), apparently slightly more for C20A than for
C30B organoclay. This suggests that PP-g-MA3 has
a better ability to promote clay intercalation and
partial exfoliation of the non-polar organoclay
(C20A) that is confirmed by XRD analysis (vanish-
ing of the C20A residual peak, shoulder appearing
at low angles, Figure 8). As PP-g-MA2 and PP-g-
MA3 have similar molecular weights (89 000 and
88700 g·mol–1 respectively), a higher molecular
mobility and lower rigidity of the PP-g-MA3 maleated
ethylene-propylene copolymer (compared to the
maleated homopolymer PP-g-MA2) due to the
52 wt% ethylene content in the copolymer, may
also contribute to explain this better efficiency.
Increasing the PP-g-MA compatibilizer weight con-
tent from 5 to 20 wt% is either not significant (in
the case of PP-g-MA2) or detrimental (in the case
of PP-g-MA3) (Figure 11). In particular for C20A,
the storage modulus drops by nearly a decade when
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Figure 8. Influence of clay organo-modification (C20A or
C30B) on X-ray diffraction patterns of PP-g-
starch/5 wt% PP-g-MA/organoclay hybrids for
different PP-g-MA

Figure 9. Expected chemical reactions of C30B polar organo-modified clay and PP-g-MA compatibilizer (a) to form an
ester and acid groups (b); final ester chemical structure (c)



the PP-g-MA3 content is multiplied by 4. This may
be ascribed to the lower modulus of the PP-g-MA
based on ethylene-propylene copolymer. The XRD
patterns do not show any significant differences
when PP-g-MA weight content increases (therefore
not reported here).
To summarize, adding at moderate weight content
(5 wt%) an ethylene-propylene copolymer-based
PP-g-MA compatibilizer having high MA-grafting
level and a polar modified montmorillonite (C30B)
seems to be the most desirable combination to opti-
mize the clay dispersion, intercalation and exfolia-
tion in PP-g-starch/PP-g-MA/organoclay hybrids.

4.2. Mechanical properties of ternary
PP-g-starch/PP-g-MA/clay hybrids

The tensile mechanical properties of the ternary PP-
g-starch/PP-g-MA/organoclay hybrids were deter-
mined and are plotted as a function of the maleic
anhydride fraction in the total PP phase (i.e. PP con-
tained in both PP-g-starch and PP-g-MA) in Fig-
ures 12 (Young’s modulus), 13 (yield stress), 14
(strength, i.e. stress at break) and 15 (elongation at

break). The weight content of the added PP-g-MA is
therefore taken into account in an implicit manner.
Addition of 3.5 wt% of mineral (neat mineral corre-
sponding to 5 wt% organoclay) into PP-g-starch
clearly increases its tensile modulus (Figure 12) by
100 or 130% depending on the organoclay type
(polar organo-modified C30B or non-polar organo-
modified C20A, respectively). However, addition
of polar PP-g-MA compatibilizer induces opposite
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Figure 10. Influence of MA-grafting level of PP-g-MA (1 wt% for PP-g-MA2 and 1.4 wt% for PP-g-MA3) on storage mod-
ulus of PP-g-starch/5 wt %PP-g-MA/organoclay hybrids for different organoclays: (a) C30B; (b) C20A

Figure 11. Influence of PP-g-MA content (5 or 20 wt%) on storage modulus of PP-g-starch/PP-g-MA/organoclay hybrids
for different organoclays (C30B or C20A) and PP-g-MA types: (a) PP-g-MA2; (b) PP-g-MA3

Figure 12. Influence of clay organo-modification (C20A or
C30B) and PP-g-MA compatibilizer on nan -
composites Young’s modulus



effects depending on the clay surfactant polarity.
Whereas the modulus increases (up to +20%) as a
function of MA fraction for polar C30B-based com-
pounds, it decreases (up to –15%) for non-polar
C20A-based compounds. These results confirm that
clay platelets intercalation is mechanically-driven
in the case of CA20 (no possible chemical reac-
tions) and chemically-driven in the case of C30B
(existence of chemical reactions between the maleic
anhydride of PP-g-MA and the hydroxyl groups of
the surfactant).
Similarly, addition of nanoclay into PP-g-starch
increases its tensile yield stress (Figure 13) by 10 or
15%, depending on the organoclay type (polar
organo-modified C30B or non-polar organo-modi-
fied C20A, respectively). Besides, the yield stress
further increases significantly (up to +15%) as a
function of the MA fraction increase for both organ-
oclay types.
The effect of nanoclay addition on ultimate proper-
ties is quite different and strongly depends on clay
organo-modification type. Addition of 3.5 wt% of
mineral into PP-g-starch changes its strength (Fig-

ure 14) in a manner being either detrimental or
favourable, by –25 or +6.5%, depending on the
organoclay type (polar organo-modified C30B or
non-polar organo-modified C20A, respectively). As
for the strength, addition of compatibilizer at grow-
ing MA level then increases the strength signifi-
cantly: moderately for C20A-based materials (up to
+10%) and very importantly for C30B-based mate-
rials (up to +36 or even +48% depending on the
compatibilizer type, possibly above the initial value
of neat PP-g-starch for PP-g-MA3).
As expected, the elongation at break is also affected
(Figure 15). Adding 3.5 wt% of mineral has almost
no effect on PP-g-starch ductility (elongation at
break decreases by –10% only) for C20A, whereas
it strongly reduces deformation ability (elongation
at break drops by –40%, from about 600% to less
than 375%) for C30B due to the presence of clay
aggregates in the sample. In this latter case, addi-
tion of PP-g-MA compatibilizers makes it possible
to limit to [–20%;–10%] or even to nearly avoid
(case of PP-g-MA3) the loss of ductility.
Such an increase in tensile yield stress and strength
may be ascribed to improved matrix/clay interfacial
interactions [10], better miscibility between PP-g-
MA and PP-g-starch macromolecules and improved
interfacial affinity between polymer phases brought
by clays surfactant (well known double role of clay
acting as structural reinforcement and compatibi-
lizer in polymer blends [19–23] as shown by Yousfi
et al. [24]).
The efficiency differences in term of usage proper-
ties improvement observed between non-polar C20A
and polar C30B organoclays, the former having
affinity with PP phase and the latter with the starch
phase of PP-g-starch matrix [11, 12], may be
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Figure 13. Influence of clay organo-modification (C20A or
C30B) and PP-g-MA compatibilizer on nano -
composites yield stress

Figure 14. Influence of clay organo-modification (C20A or
C30B) and PP-g-MA compatibilizer on nano -
composites strength (stress at break)

Figure 15. Influence of clay organo-modification (C20A or
C30B) and PP-g-MA compatibilizer on nano -
composites elongation at break



explained considering the chemical composition
and structure of PP-g-starch. The long PP chain
mobility may be assumed being higher than that of
grafted starch chains because of steric hindrance
issues. Moreover, considering the PP/starch weight
ratio within PP-g-starch (48% PP and 52% starch)
and the respective molecular masses of PP
(42.08 g·mol–1) and starch (162 g·mol–1) repeating
units, the molar ratio is 1/0.28. When the material is
subjected to tensile loading, the PP segments pre-
dominantly sustain stresses and strains whereas
grafted starch segments follow this main skeleton
chain movement and mostly undergo shear and
compression. Considering C20A/PP and C30B/starch
above-mentioned affinities, it makes sense to sup-
pose that the non-polar modified clay (C20A) is
preferentially dispersed in the PP phase whereas the
polar modified clay (C30B) is mainly dispersed in
the starch polar phase. Despite better exfoliation
obtained with C30B clay within the starch phase,
previously evidenced by XRD and dynamic rheol-
ogy, C20A intercalated clay efficiently reinforces
the phase (PP) governing the PP-g-starch deforma-
tion, damage and fracture mechanisms under tensile
loading.
As a consequence, whatever the PP-g-MA compati-
bilizer (PP-g-MA2 or PP-g-MA3), the addition of
non-polar organoclay (C20A) is preferably recom-
mended rather than polar organoclay (C30B) to
achieve higher tensile properties (modulus, yield
stress, strength) without significant loss of ductility
in PP-g-starch/PP-g-MA/organoclay hybrids.

5. Conclusions
Novel nanocomposites based on durable, 52 wt%
plant-based, starch-grafted polypropylene (PP-g-
starch) and organo-modified montmorillonite com-
patibilized with polypropylene-grafted-maleic anhy-
dride (PP-g-MA) were successfully prepared by
melt-compounding in a co-rotating twin-screw
extruder. Two types of organoclay (same montmo-
rillonite with different surfactants) were consid-
ered: Cloisite®30B having affinity with the starch
phase due to its polar functional groups, and
Cloisite®20A having affinity with the polypropy-
lene phase of the polymer matrix due to its non-
polar groups. Homopolymer or copolymer-based

PP-g-MA with different molecular weights and dif-
ferent maleic anhydride (MA) grafting levels was
added at different weight contents as compatibilizer
to improve clay dispersion.
Whatever the formulation, no significant immisci-
bility of PP-g-starch/PP-g-MA blends is evidenced.
The best miscibility is however observed for low
content of the ethylene-propylene copolymer-based
PP-g-MA, which combines the lowest molecular
weight and the highest MA-grafting level, and has a
rheological behaviour (viscosity) close to that of
PP-g-starch.
Regarding clay dispersion, adding a low content of
ethylene-propylene copolymer-based PP-g-MA
compatibilizer having a high MA-grafting level,
and a polar organoclay (Cloisite®30B) is the most
desirable combination to optimize clay intercalation
and exfoliation in PP-g-starch. Nevertheless, regard-
ing the reinforcement effect (i.e. improvement of
tensile properties), the addition of non-polar organ-
oclay (Cloisite®20A) is preferably recommended to
reach higher tensile properties (modulus, yield stress,
strength) without significant loss of ductility. Con-
sidering the PP/starch molar ratio (1:0.28), PP/
Cloisite®20A affinity is expected to promote prefer-
ential dispersion of clay within the dominant PP
phase, which governs the overall mechanical behav-
iour in tension, whereas Cloisite®30B is assumed
being mainly dispersed within the starch phase with
less or no benefit on the tensile behaviour.
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