
Since the single graphene layers were isolated from
the graphite by Geim and Novoselov group in 2004,
graphene triggered a gold rush for exploiting its
possible applications. A search with graphene as a
key word using the SciFinder shows even a tremen-
dous increase of publication from 3900 (2010) to
9500 (2011) as they were awarded the novel prize
in physics in 2010.
Graphene is a one-atom thick, two-dimensional
sheet composed of sp2 hybridized carbon atoms
arranged in a honeycomb structure. It has combined
benefits of layered silicates and carbon nanotubes,
and is considered as the most promising reinforcing
and functional filler of polymers.
Large area graphene is typically produced by bot-
tom-up method such as chemical vapor deposition
while flake type by top-down method consisting of
oxidation of graphite, exfoliation of graphite oxide
(GO) by sonication in liquid media, and reduction.
Rapid thermal expansion of GO in inert atmosphere
gives thermal exfoliation and reduction simultane-
ously and is suited for economical, large scale pro-
duction without using any dispersion media.
The oxygen groups on the surface remaining upon
reduction of GO enable dispersion in solvent and
water and provide sites for chemical functionaliza-
tion which allows covalent bonding with reactive
polymer function (Advanced Materials, DOI:
10.1002/adma.201102036). For example, polyure -
thanes (PUs) are readily blended with graphene,
and hydroxyl functions of graphene react with iso-
cyanate termini of PU to form graphene/PU chemi-

cal hybrids. It is vital to control the type and amount
of reactive sites on the graphene surface and edges.
Markets for graphene are opened for i) energy sav-
ing electrodes as secondary cells for smartphone,
notebook, electric car and solar cell, ii) transparent
electrodes for flat panel (LCD, OLED) and touch
screen, and iii) semiconductors. If graphene thin
layer is properly deposited on glass or polymer sur-
faces, flexible displays, thin film transistors, and
photovoltaic and LCD devices will be made possi-
ble (Macromolecules, DOI: 10.1021/ma100572e).
Graphene can be used as functional reinforcement
for polymer to include packaging, gasketing, auto-
motive, aircraft, ink, painting, sensor etc. When
graphene is doped to PU, electrically and infrared
light triggered shape memory material is synthe-
sized where graphene provides crosslinks, strain
energy storage and light absorption. However, low
cost and large production of graphene will only
expedite its applications. Otherwise, ‘It is a dream.
The prospect is so far beyond the horizon that we
cannot even assess it properly’, as Geim says.
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1. Introduction
Polybenzoxazine, synthesized by the ring-opening
polymerization reaction of cyclic benzoxazine resin
only by thermal treatment without the need of cata-
lyst and without producing any harmful by-prod-
ucts during the polymerization process, is recog-
nized as an interesting new class of phenolic resin
[1–5]. Moreover, polybenzoxazine provides some
characteristics such as excellent dimension stabil-
ity, high heat resistance, flame retardance and low
moisture absorption as well as good dielectric prop-
erties in which cannot be found in traditional phe-
nolic resins [6, 7]. Alloying of polybenzoxazine with
various other resins or polymers has been reported
to economically provide a novel class of resin sys-
tems with superior performance [1, 4, 8–15]. How-

ever, the major shortcoming of polybenzoxazine is
its relatively high rigidity. Therefore, various efforts
have been done to toughen polybenzoxazine such
as by easily blending with more flexible monomers
or polymers e.g. flexible epoxy resins [9, 12], ure-
thane elastomers [8, 13], polyimides [14, 15] or dian-
hydrides [16, 17].
In recent reports, thermal and thermo-oxidative sta-
bilities of polybenzoxazines have been substantially
improved by alloying techniques [8, 15–18]. Alloy-
ing between benzoxazine resin and epoxy resin is
considered to be a potentially effective measure to
enhance thermal, mechanical properties, and flam-
mability as well as processability of the polymers.
Rimdusit et al. [12] investigated effects of epoxy
resin on various arylamine-based benzoxazine resins,
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i.e. aniline (BA-a), m-toluidine (BA-mt), and 3,5-
xylidine (BA-35x) on processability, thermal, and
mechanical properties of the polybenzoxazine
copolymers. The authors reported that processing
windows of the polybenzoxazine copolymers were
found to be widened with epoxy resin content.
Glass transition temperature (Tg) of the polyben-
zoxazine copolymers, i.e., PBA-a/epoxy resin and
PBA-mt/epoxy resin, exhibited a synergistic behav-
ior with the maximum Tg value, i.e. 183 and 215°C,
respectively, at the polybenzoxazine blended with
epoxy content of 20 wt%. Moreover, flexural strength
and elongation at break of the polybenzoxazine
alloys increased with increasing amount of the
epoxy resin. Spontón et al. [19] developed a mix-
ture of bis(m-aminophenyl)methylphosphine oxide-
based benzoxazine (Bz-BAMPO) and glycidylether
(DGEBA). The authors reported that the Bz-
BAMPO: DGEBA at 2:1 mole ratio showed degra-
dation temperature (Td) at 5% weight loss of about
347°C compared to 333°C of Bz-BAMPO. More-
over, thermomechanical properties of bisphenol A
and aniline-based polybenzoxazine (PBA-a) modi-
fied with highly flexible urethane elastomer (PU)
[13] were reported. The obtained Tg of the PBA-a:
PU copolymers was in a range of 177 to 245°C which
was substantially greater than those of the parent
polymers, i.e. Tg = 166°C for PBA-a, and Tg = –70°C
for PU. Coefficient of thermal expansion of the
copolymers showed a minimum value at PBA-a:PU
(90:10) mass ratio. In addition, flexural strength of
the alloys also exhibited a synergistic characteristic
at the PBA-a:PU mass ratio of 90:10 with an ulti-
mate value of 142 MPa. Takeichi et al. [15] dis-
closed a performance improvement of bisphenol A
and aniline type polybenzoxazine (PBA-a) by blend-
ing with polyimide (PI). The authors reported that
Tg values, degradation temperature and char yield
of the copolymers were enhanced as the PI compo-
nent increased. Tg of the PBA-a:PI copolymers was
in a range of 186–205°C which was greater than that
of the neat polybenzoxazine.
In more recent reports, organic acid dianhydrides
have been shown to easily copolymerize with ben-
zoxazine resin leading to substantially higher
crosslink density of the copolymer network, thus
greatly enhancing thermal stability of the polyben-
zoxazine [15, 16]. Jubsilp et al. [16] reported property

enhancement of a novel bisphenol A and aniline-
based polybenzoxazine (PBA-a) modified with
3,3!,4,4!-benzophenonetetracarboxylic dianhydride
(BTDA). Fourier-transform infrared spectroscopy
(FTIR) reveals ester linkage formation between
hydroxyl group of the PBA-a and anhydride group
of the BTDA. The PBA-a:BTDA copolymer films
showed single Tg with the value as high as 263°C at
BA-a:BTDA = 1.5:1 mole ratio. The value is remark-
ably higher than that of the unmodified PBA-a. In
addition, the resulting PBA-a:BTDA copolymers
display relatively high thermal stability with Td at
5% weight loss up to 364°C and substantial enhance-
ment in char yield at 800°C with a value up to 61%
vs. that of 38% of the PBA-a.
In this work, a series of aromatic biphenyltetracar-
boxylic dianhydride isomers including a-BPDA,
i-BPDA, and s-BPDA are investigated for their
ability to form copolymer with bisphenol A-based
benzoxazine resin (BA-a). The three isomers are
originally synthesized to provide polyimides with
improved solubility [20–22]. Curing behaviors,
dynamic mechanical properties and thermal stabil-
ity of the obtained polybenzoxazine copolymers are
also reported.

2. Experimental
2.1. Materials
Materials used in this study are bisphenol A/ani-
line-based bifunctional benzoxazine resin (BA-a),
dianhydrides, 1-methyl-2-pyrrolidone (NMP) as
solvent. Benzoxazine resin based on bisphenol A,
paraformaldehyde and aniline was synthesized
according to the patented solventless technology
[7]. Bisphenol A (polycarbonate grade) was pro-
vided by Thai Polycarbonate Co., Ltd., TPCC,
(Rayong, Thailand). Paraformaldehyde (AR grade)
and aniline (AR grade) were purchased from Merck
Co., Ltd. (Darmstadt, Germany) and Panreac Quim-
ica SA (Barcelona, Spain), respectively. Biphenylte-
tracarboxylic dianhydride isomers which are 2,3!,3,4!-
biphenyltetracarboxylic dianhydride (a-BPDA),
2,2!,3,3!-biphenyltetracarboxylic dianhydride
(i-BPDA), and 3,3!,4,4!-biphenyltetracarboxylic
dianhydride (s-BPDA) are obtained from Japan
Aerospace Exploration Agency, JAXA, (Prof. R.
Yokota) (Ibaraki, Japan) and Akron Polymer Sys-
tems, Inc. (Ohio, United States). 1-methyl-2-pyrroli-
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done (NMP) solvent was purchased from Fluka
Chemical Co. (Bushs, Switzerland). All chemicals
were used as-received.
BA-a resin was blended with various types of
biphenyltetracarboxylic dianhydride isomers (DA)
at BA-a:DA = 4:1, 3:1, 2:1, 1.5:1, and 1:1 mole ratios.
The mixtures were dissolved in NMP and stirred at
80°C until a clear homogeneous mixture was
obtained. The solution was cast on Teflon sheet and
dried at room temperature for 24 h. Additional dry-
ing was carried out at 80°C for 24 h in a vacuum
oven followed by thermal curing at 170°C for 1 h,
at 190, 210, 230°C for 2 h each and 240°C for 1 h to
guarantee complete curing of the mixtures.

2.2. Characterization methods
Glass transition temperatures (Tg) of all specimens
were determined using a differential scanning
calorimeter (DSC) model 2910 from TA Instru-
ments (New Castle, DE, United States). The ther-
mogram was obtained using a heating rate of
10°C/min from 30 to 300°C under nitrogen purging
with a constant flow 50 mL/min. The specimen with
a mass of 8–10 mg was sealed in an aluminum pan
with lid. The Tg, DSC was obtained from the temper-
ature at half extrapolated tangents of the step transi-
tion midpoint.
Fourier transform infrared spectra of fully cured
specimens were acquired at room temperature using
a Spectrum GX FT-IR spectometer with an ATR
accessory from PerkinElmer, Inc. (Waltham, Mass-
achusette, United States). In the case of a BA-a and
a pure biphenyltetracarboxylic isomers, a small
amount of biphenyltetracarboxylic isomer powder
was cast as thin film on a potassium bromide (KBr)
window. All spectra were taken with 64 scans at a
resolution of 4 cm–1 and in a spectral range of 4000–
400 cm–1.
A dynamic mechanical analyzer (DMA) model
DMA242 from Netzsch, Inc. (Bavaria, Germany)
was used to investigate viscoelastic properties of all
specimens. The dimension of specimens has a width
of 7.0 mm, a long 10 mm, and a 0.1 mm thick. The
test was performed in a tension mode at a frequency
of 1 Hz with a strain value of 0.1% and at a heating
rate of 2°C/min from 30 to 400°C under nitrogen
atmosphere with a constant flow 80 mL/min. The
storage modulus (E!), loss modulus (E#), and loss
tangent or damping curve (tan$) were then obtained.

The Tg, DMA was taken as the maximum point on the
loss modulus curve in the DMA thermograms.
Degradation temperature (Td) at 5% weight loss and
char yield at 800°C of all specimens were acquired
using a Diamond TG/DTA from PerkinElmer, Inc.
(Waltham, Massachusetts, United States). The test-
ing temperature program was ramped at a heating
rate of 20°C/min from 30 to 1000°C under nitrogen
purging with a constant flow of 50 mL/min. The
sample mass used was approximately 15 mg. Tds
and char yields of the specimens were reported at
their 5% weight loss and at 800°C, respectively.

3. Results and discussion
3.1. Optimal composition of

BA-a:dianhydride isomer mixtures
DSC thermograms of the fully cured PBA-a copoly-
mers of BA-a:s-BPDA at various mole ratios rang-
ing from 4:1, 3:1, 2:1, 1.5:1 and 1:1 are depicted in
Figure 1. From this figure, we can see that the glass
transition temperature (Tg, DSC) determined from a
mid-point in initial slope change of DSC thermo-
grams of the PBA-a copolymers increases with
increasing amount of s-BPDA content until BA-a:
s-BPDA = 1.5:1 mole ratio and then the Tg, DSC value
of the copolymer at 1:1 mole ratio tends to decrease.
In other words, the ultimate value of Tg, DSC of the
copolymer was obtained at the BA-a:s-BPDA com-
position of 1.5:1 mole. All of the fully cured PBA-
a:s-BPDA copolymers showed only single Tg, DSC
ranging from 170 to 257°C suggesting a single phase
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Figure 1. DSC thermograms of PBA-a:s-BPDA copolymer
films at various mole ratios: (%) PBA-a, (&) BA-a:
s-BPDA = 4:1, (') BA-a:s-BPDA = 3:1, (() BA-a:
s-BPDA = 2:1, ()) BA-a:s-BPDA = 1.5:1, and
(*) BA-a:s-BPDA = 1:1



material in these PBA-a-dianhydride copolymers.
Those values are substantially greater than the
Tg, DSC of the neat PBA-a i.e. 166°C. From the Tg, DSC
results, the optimal network formation reaction of
the PBA-a copolymers clearly required greater
moles of benzoxazine monomers than those of the
s-BPDA or did not follow the stoichiometric ratio
of the two monomers. This is because an ability of
the benzoxazine monomers to undergo self-poly-
merizability upon heating besides their ability to
react with the dianhydrides. As a consequence, the
consumption of the benzoxazine monomers tended
to be greater than that of the dianhydrides in order
to form a perfect network which may be related to
the phenoxy-phenolic rearrangement that occurs
during the formation for PBA-a [23]. This result is
also in good agreement with the reaction of BA-a
with BTDA [16]. In addition, DSC thermograms of
the fully cured BA-a:a-BPDA and BA-a:i-BPDA
copolymers at various dianhydride contents (not
shown here) also provided similar trend on the Tg
values. The maximum Tg, DSC value of the copoly-
mers prepared from BA-a:a-BPDA = 1.5:1 mole
and BA-a:i-BPDA = 1.5:1 mole indicated about
245 and 237°C, respectively. The results show that
each isomeric BPDA significantly affected the glass
transition temperature of the copolymers as previ-
ously observed in polyimides based on isomeric
BPDA [24].

3.2. Network formation by thermal cure of
PBA-a:dianhydride isomer copolymers

Chemical structures of BA-a, PBA-a, isomeric dian-
hydride modifiers and their network formation reac-
tions between the PBA-a and those isomeric dian-
hydride modifiers were studied using Fourier trans-
form infrared spectroscopy (FT-IR) technique. The
FT-IR absorption bands of the BA-a resin are previ-
ously reported in details [1, 15, 18]. In Figure 2, the
important characteristics of infrared absorptions of
BA-a resin were obviously observed at 947 and
1497 cm–1 attributed to the tri-substituted benzene
ring and at 1232 cm–1 assigned to the asymmetric
stretching of C–O–C group of oxazine ring. On the
other hand, the biphenyltetracarboxylic dianhydride
isomers, i.e., a-BPDA, i-BPDA, and s-BPDA, were
identified by a distinctive carbonyl band region.
From Figure 2, the spectrum of biphenyltetracar-
boxylic dianhydride isomer, e.g. a-BPDA, provided

the characteristic absorption peaks with component
in the 1780–1740 cm–1 region assigned to symmet-
ric and 1860–1800 cm–1 region assigned to asym-
metric starching of strong anhydride carbonyl groups
[16, 25]. After thermal curing, an infinite three
dimensional network was formed from benzoxazine
ring opening by the breakage of C–O bond and then
the benzoxazine molecule transformed from a ring
structure to a network structure [6, 26]. During this
curing process via ring opening reaction of the BA-a
resin upon thermal treatment, the tri-substituted
benzene ring around 1497 cm–1 which is the back-
bone of benzoxazine ring, became tetra-substituted
benzene ring centered at 1488 and 878 cm–1 which
led to the formation of a phenolic hydroxyl group-
based polybenzoxazine structure. The phenolic
hydroxyl group is also confirmed by the appearance
of new absorption peak about 3300 cm–1.
The chemical transformations of BA-a:a-BPDA at
1.5:1 mole ratio upon thermal curing were investi-
gated and the resulting spectra are shown in Fig-
ure 2. The new absorption bands of PBA-a:a-BPDA
copolymer were observed. The phenomenon was
ascribed to the appearance of carbonyl stretching
bands of ester linkages. From the PBA-a:biphenyl-
tetracarboxylic dianhydride isomer spectrum in
Figure 2, we can see that the anhydride carbonyl
stretching bands of biphenyltetracarboxylic dianhy-
dride at 1860 and 1780 cm–1 completely disap-
peared. It was suggested that the reaction between
the phenolic hydroxyl group of the PBA-a and the
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Figure 2. FTIR spectra of isomeric biphenyltetracarboxylic
dianhydrides-modified PBA-a films of BA-a:
a-BPDA = 1.5:1 mole



anhydride group of the biphenyl tetracarboxylic
dianhydride isomer could occur to form ester car-
bonyl linkage as evidenced by the observed peak in
the spectrum at 1730–1700 cm–1 of its C=O stretch-
ing of ester carbonyl group bonded phenolic hydroxyl
group of the PBA-a modified with biphenyltetracar-
boxylic dianhydride [18]. Furthermore, the car-
boxylic acid occurred after thermal curing of the
PBA-a:dianhydride isomer mixture can also be fol-
lowed by monitoring a band at 1650–1670 cm–1 due
to C=O stretching [27]. In addition, carboxylic acid
shows characteristic C–O–H in-plane bending band
at 1440–1395 cm–1, C–O stretching band at 1320–
1210 cm–1, and C–O–H out-of-plane bending band
at 960–900 cm–1, respectively [25, 28]. Further-
more, the FTIR results for the i-BTDA and s-BTDA-
modified PBA-a (not shown here) are relatively
similar to a-BTDA-modified PBA-a.
As a consequence, the proposed reaction model of
these mixtures was shown in Figure 3 which was
similar to the cure reaction between anhydride group
and hydroxyl group of the ring-opened epoxide
group to form the ester carbonyl linkage [29–31]
and a diglycidyl ether of bisphenol A-based epoxide
resin (DGEBA) with dodecyl succinic anhydride
(DDSA) [32] as well as reaction between BTDA

dianhydride and hydroxyl group of 2-hydroxyethyl
acrylate (HEA) [33].

3.3. Thermomechanical properties of
PBA-a:dianhydride isomer copolymers

The mechanical properties of the PBA-a modified
with isomeric biphenyltetracarboxylic dianhydrides,
i.e. BA-a:a-BPDA, BA-a:i-BPDA, and BA-a:s-
BPDA at 1.5:1 mole ratio were measured as a func-
tion of temperature. In this study dynamic tensile
property was applied as dynamic mechanical analy-
sis (DMA). The DMA thermograms were displayed
in Figure 4, 5 and 6, respectively. Generally, the
storage modulus of the materials demonstrates the
deformation resistances of material when external
force were applied sinusoidally. The storage moduli
at room temperature (25°C) of PBA-a:a-BPDA,
PBA-a:i-BPDA, and PBA-a: s-BPDA copolymers
exhibited the values of 2.91, 2.89 and 3.42 GPa,
respectively, which were higher than that of the neat
PBA-a of 2.57 GPa as shown in Figure 4. This is
due to higher crosslink density and greater aromatic
content of the PBA-a copolymers with a greater
amount of the isomeric biphenyltetracarboxylic
dianhydride.
The effects of isomeric biphenyltetracarboxylic
dianhydride on the crosslink density, !x, of their
polymer alloy network can be calculated from a
value of the equilibrium storage shear modulus in
the rubbery region, G!e, which equals to E!e/3 as fol-
low in Equation (1) derived from the statistical the-
ory of rubber elasticity by Nielsen [34]:
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Figure 3. Model compound of isomeric BPDA-modified
polybenzoxazine copolymers

Figure 4. Storage modulus of isomeric biphenyltetracar-
boxylic dianhydrides-modified PBA-a films of
BA-a:BPDA = 1.5:1 mole: (%) PBA-a, (&) PBA-a:
a-BPDA, (') PBA-a:i-BPDA, (() PBA-a:s-BPDA



                              (1)

where E!e is an equilibrium storage modulus in rub-
bery plateau [dyne/cm2] and +x is crosslink density
[mol/cm3] which is the mole number of network
chains per unit volume of the polymers.
As expected, crosslink density values of the PBA-a
and its copolymers i.e. PBA-a:a-BPDA, PBA-a:
i-BPDA, and PBA-a:s-BPDA, calculated from Equa-
tion (1) are 3981, 7157, 6353 and 7664 mol/m3,
respectively. It is evident that the crosslink density
of the neat PBA-a was greatly enhanced by an addi-
tion of isomeric biphenyltetracarboxylic dianhy-
drides, corresponding to an enhancement in their
storage modulus values discussed previously. More-
over, we can see that the storage modulus at room
temperature of the isomeric BPDA-modified PBA-a
copolymer films increases with i-BPDA"<"a-BPDA"<
s-BPDA as similarly reported in polyimide film
derived from isomeric BPDA/p,p!-ODA and iso-
meric BPDA/1,4,4-APB [35]. This behavior results
from the greater interaction of the macromolecules
and denser packing of s-BPDA than those of a-BPDA
and i-BPDA. In case of i-BPDA based polyimides,
the polyimides tend to form internal cyclization
which may be lead to obtain lower interaction of the
macromolecules and rather low molecular weights
than s-BPDA based polyimides [36].
Figure 5 displays glass transition temperature, the
maximum point on the loss modulus curve (Tg, DMA),
related to molecular motion at structural level deter-
mimed from of the PBA-a:a-BPDA, PBA-a:i-BPDA,
and PBA-a:s-BPDA copolymer films. From the fig-
ure, the neat PBA-a and its copolymers showed
only single Tg, DMA as reported in DSC thermogram
in Figure 1. This result suggested that all kinds of
PBA-a:isomeric biphenyltetracarboxylic dianhy-
dride copolymer films were homogeneous and no
phase separation occurred in these copolymers.
From Figure 5, the Tg, DMA value of the neat PBA-a
was determined to be about 178°C and those of the
PBA-a modified with isomeric biphenyltetracar-
boxylic dianhydrides films were found to be in the
range of 239–266°C. The Tg, DMA value of the neat
PBA-a was clearly enhanced by blending with the
a-BPDA or i-BPDA or s-BPDA dianhydrides. The
obtained high Tg, DMA value of PBA-a:isomeric
biphenyltetracarboxylic dianhydride copolymers
can be attributed to the improved crosslink structure

via ester carbonyl linkage between phenolic hydroxyl
group of PBA-a and anhydride group of isomeric
biphenyltetracarboxylic dianhydride as seen in FT-IR
spectra and their high aromatic content from the
presence of the dianhydrides in the copolymers net-
work as well as hydrogen bonding between ester
carbonyl group (C=O) or OH groups in a carboxylic
acid and phenolic hydroxyl group (–OH) of the
PBA-a. Moreover, the Tg values of PBA-a copoly-
mers measured by DMA displayed descending
order on basis of both molecular packing and chain
conformation such as semirigid s-BPDA and bent
chain a-BPDA structures of isomeric biphenylte-
tracarboxylic dianhydrides [37, 38]. In our experi-
ments, the order of Tg’s PBA-a: s-BPDA (266°C)">
PBA-a:a-BPDA (247°C)">"PBA-a: i-BPDA (239°C)
was observed as similarly investigated in [23]. This
observation implied that the Tg values were also
dependent on stiff/linear chain of these isomeric
biphenyltetracarboxylic dianhydride moieties that a
decrease in the chain linearity as follow s-BPDA">
a-BPDA">"i-BPDA caused an increase of energy to
motivate motions in PBA-a:s-BPDA copolymer as
compared with that of PBA-a:a-BPDA and PBA-a:i-
BPDA copolymers and thus results in higher Tg for
the PBA-a:s-BPDA copolymer as compared to lat-
ter copolymers.
The loss tangent (tan$) of the neat PBA-a and their
copolymers with various types of isomeric biphenyl-
tetracarboxylic dianhydrides was illustrated in Fig-
ure 6. The peak height of the tan$ of the PBA-a:

log1Ee9>3 2 5 7.0 1 2931rx 2log1Ee9>3 2 5 7.0 1 2931rx 2
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Figure 5. Loss modulus of isomeric biphenyltetracar-
boxylic dianhydrides-modified PBA-a films of
BA-a:BPDA = 1.5:1 mole: (%) PBA-a, (&) PBA-a:
a-BPDA, (') PBA-a:i-BPDA, (() PBA-a:s-BPDA



a-BPDA, PBA-a:i-BPDA, and PBA-a:s-BPDA
tended to decrease while the peak position of their
PBA-a copolymers shifted to a higher temperature.
The results indicated that the increase in the
crosslink density with decreasing the chain’s seg-
mental mobility in the PBA-a modified with
biphenyltetracarboxylic dianhydride isomers. This
characteristic of the copolymers conformed to
increasing of Tg’s copolymer as follow s-BPDA">
a-BPDA">"i-BPDA. Furthermore, the width-at-half-
height of tan$ curves was broader in their PBA-a

copolymers, which confirmed the more heteroge-
neous network in the resulting copolymers due to a
hybrid polymer network formation. Moreover, the
obtained transparent copolymer films and the single
tan$ peak observed in each copolymer suggested
no macroscopic phase separation in their PBA-a
copolymer films.

3.4. Visual appearance of PBA-a:dianhydride
isomer copolymers

Because of the ester carbonyl linkage, structurally
flexible functional group, formed after thermal cur-
ing stages, the enhancement of the PBA-a:dianhy-
dride isomer copolymer bending was expected. A
transparent brown neat PBA-a film and red brown
PBA-a blended with isomeric biphenyltetracar-
boxylic dianhydrides at the neat BA-a equal to 1.5
mole and dianhydride isomer equal to 1 mole which
showed the highest Tg, DMA value of the PBA-a
copolymers were obtained. The visual appearances
of the cured PBA-a copolymer specimens are pre-
sented in Figure 7. We can see that the PBA-a spec-
imen of about 100 µm thick is rather brittle, and it
can not be bent further than as shown in Figure 7a due
to the internal hydrogen bonding among hydroxyl
and amino groups of the PBA-a. Whereas the homo-
geneous specimens of all the PBA-a copolymers of
the same thickness as illustrated in Figures 7b–7d
showed a remarkable improvement in their tough-
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Figure 6. Loss tangent of isomeric biphenyltetracarboxylic
dianhydrides-modified PBA-a films of BA-a:
BPDA = 1.5:1 mole: (%) PBA-a, (&) PBA-a:
a-BPDA, (') PBA-a:i-BPDA, (() PBA-a:s-BPDA

Figure 7. Visual appearances of isomeric biphenyltetracarboxylic dianhydrides-modified PBA-a films of BA-a:BPDA =
1.5:1 mole: (a) PBA-a, (b) PBA-a:a-BPDA, (c) PBA-a:i-BPDA, (d) PBA-a:s-BPDA



ness. The toughness enhancement of the PBA-a
copolymer specimens, actually, due to ester car-
bonyl linkages (C=O) formed in the PBA-a copoly-
mer network. Moreover, the formation of the esters
might result in the breaking of the internal hydro-
gen bonding of the PBA-a. The new hydrogen-bond-
ing tends to be random; therefore, the total polymer
network structure could be more flexible. In addi-
tion, the great toughness of the PBA-a copolymers in
Figures 7b–7d is similar to that of the commercial
polyimide films such as UPILEX!S film presented
by Ube Industries, Ltd. and Kapton!H films [39].

3.5. Thermal stability of PBA-a:dianhydride
isomer copolymers

Figure 8 depicted the TGA thermogram results of
three kinds of representative isomeric biphenylte-
tracarboxylic dianhydride-modified PBA-a, i.e.,
PBA-a:a-BPDA, PBA-a:i-BPDA, and PBA-a:
s-BPDA copolymer films consisted of BA-a equal
to 1.5 mole and dianhydride isomer equal to 1 mole.
The degradation temperature (Td), expressed as the
5% weight loss under nitrogen atmosphere in TGA
of the neat PBA-a, was determined to be 334°C.
The Td values at 5% weight loss of the all sort of
PBA-a:isomeric biphenyltetracarboxylic dianhy-
drides copolymer films were higher than that of the
neat PBA-a films, i.e., 379°C for PBA-a:a-BPDA,
365°C for PBA-a:i-BPDA, and 402°C for PBA-a:
s-BPDA. This is due to the effect of the ester car-
bonyl linkage formation in the PBA-a copolymer
network as the Td of polyester reported ~353–550°C

[40, 41] which had higher thermal stability than that
of the neat PBA-a. In addition, the improved
crosslink density of the PBA-a with an addition of
the isomeric biphenyltetracarboxylic dianhydrides
via esterification reaction between the hydroxyl
group of the polybenzoxazine and the anhydride
group of the isomeric dianhydrides as mentioned
previously as well as additional hydrogen bonding
between –OH group and C=O group in the copoly-
mers. Moreover, we can see that Td at 5% weight
loss in TGA falls in the same order as Tg: i.e., Td at
5% weight loss of the PBA-a copolymers with
respect to the structure of isomeric biphenylte-
tracarboxylic dianhydride component increases in
the order of i-BPDA"<"a-BPDA"<"s-BPDA which
shows the similar trend in polyimides based on iso-
meric biphenyltetracarboxylic dianhydrides [42].
Interestingly, Tg-thermal energy absorption rela-
tionship shows that the molecular chain with greater
mobility or lower Tg may absorb more thermal energy
and less thermal stability than a chain with less
mobility.
Additionally, the amount of carbonized residue
(char yield) at 800°C under nitrogen for the PBA-a
and all kind of the PBA-a:isomeric biphenylte-
tracarboxylic dianhydride copolymer films also
showed in Figure 8. Their PBA-a:isomeric biphenyl-
tetracarboxylic dianhydride copolymer films were
54, 55 and 60% for i-BPDA, a-BPDA, and s-BPDA-
modified PBA-a, respectively, which was much
great than that of the neat PBA-a (i.e. 38% at
800°C). The high char yield of these PBA-a copoly-
mers due to their higher aromatic content in the
molecular structure and enhanced crosslink density
through inter hydrogen bonding in the copolymers
of the resulting PBA-a copolymers as previously
reported in [16].

4. Conclusions
High temperature bisphenol-A-aniline type poly-
benzoxazine (PBA-a) copolymer films were pre-
pared from mixtures of BA-a resin and a-BPDA, i-
BPDA, or s-BPDA isomeric biphenyltetracarboxylic
dianhydrides. The obtained network structures were
due to reaction between the hydroxyl group of poly-
benzoxazine and the anhydride group of isomeric
biphenyltetracarboxylic dianhydrides. The Tg value,
crosslink density, and Td value of PBA-a was
enhanced by blending with the isomeric biphenylte-
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Figure 8. TGA thermograms of isomeric biphenyltetracar-
boxylic dianhydrides-modified PBA-a films of
BA-a:BPDA = 1.5:1 mole: (%) PBA-a, (&) PBA-a:
a-BPDA, (') PBA-a:i-BPDA, (() PBA-a:s-BPDA



tracarboxylic dianhydrides. Moreover, Tg and Td
values of polybenzoxazine copolymers with respect
to the structure of isomeric aromatic carboxylic dian-
hydride were as follow: PBA-a:s-BPDA">"PBA-a:
a-BPDA">"PBA-a:i-BPDA. The char yield of their
copolymer films at 800°C under nitrogen is much
higher than that of the neat polybenzoxazine. There-
fore, the polybenzoxazine modified with the isomeric
biphenyltetracarboxylic dianhydrides should be
considered as good potential candidates for high-
temperature resistant materials with outstanding
mechanical integrity at high temperatures.
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1. Introduction
Organic-inorganic hybrid materials, especially poly-
mer matrix composites with inorganic nanoscale
building blocks, have drawn the widespread atten-
tion of researchers owing to the promise of combin-
ing the superior mechanical and thermal properties
of inorganic phases with the flexibility and proces-
sibility of organic polymers [1, 2]. The comprehen-
sive performances of the composites depended on
many factors, such as the intrinsic properties of the
polymers, the processing technology of the com-

posites, the dispersion of the nanoparticles in the
polymer matrix, and the interfacial compatibility
between nanoparticles and the polymer matrix [3].
Commonly used inorganic nanoscale additives
include carbon nanotubes, nanoparticles, layered
silicates and clays. Mesoporous molecular sieve, a
new class of nanoscale materials which possess
large specific surface areas and tunable pore sizes
between 2 and 50 nm, have provided the possibility
of incorporating diverse organic guest species into
ordered mesoporous structures [4–5]. Although
mesoporous molecular sieve have been widely stud-
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ied as catalysts, absorbents, chemical sensing, and
electronic device materials, using mesoporous molec-
ular sieve as polymer additive attracted less atten-
tion [6–8]. Recently, mesoporous silica reinforced
polymer composites have attracted considerable
interests due to the possibility of improving the
mechanical and thermal properties of polymers [9–
17], and have even generated certain properties, for
example, low dielectric constant [10, 12–14, 16, 17],
low thermal expansion property [18–21], excellent
friction and wear performance [22], and so on. It is a
key factor that the incorporation of guest-monomer
or polymer into the channels of mesoporous materi-
als contributed to the dispersion of the additives in
polymer matrix and the advancement of the proper-
ties of as-prepared composites. Run et al. [3] reported
the preparation of MCM-48/PMMA composites by
injecting MMA monomers into the mesoporous
particles under high temperature and low pressure.
They found that the physical properties and thermal
stability of MCM-48/PMMA composites were
improved significantly with the increase of the con-
tent of MCM-48.
Phenolic resins (PF), classified as resol and novolac
by synthetic conditions and curing mechanism, are
important technical materials and are irreplaceable
in many areas, especially in thermal insulation, coat-
ing, adhesive, aeronautic utilities, and composite
materials, because of their excellent thermal stabil-
ity, high char yield, and good solvent resistance, etc
[23]. The rapid growth of PF applications requires
extensive research to improve their comprehensive
properties. Moreover, it is demonstrated that many
properties of PF can be easily improved by prepar-
ing PF composites [24]. Recently, researchers tried
to prepare the PF nanocomposites by addition of
nanoscale materials, including carbon naotubes [25,
26], expanded graphite [23] and layered silicates
[27, 28]. There is a considerable amount of litera-
ture on the preparation and properties of polymer-
mesoporous silica nanocomposites by using epoxy
[10–13, 18, 22] and polyolefin resins [3, 6, 7] as poly-
mer matrix. However, there are still few reports
about the composite materials based on PF and meso-
porous silica. In addition, though the researchers
have paid much attention to the properties of the
nanocomposites, systematic studies of structural
variations of mesoporous silica in the process of the

nanocomposites preparation have been rarely
reported.
In this study, the novel SBA-15/PF composites
were prepared via in situ condensation polymeriza-
tion of phenol and formaldehyde in the presence of
SBA-15. The mesoporous silica SBA-15 with large
surface area, uniform hexagonal channels, large
pore sizes and pore volume was synthesized by sol-
gel method. In order to improve the interface com-
patibility between SBA-15 and PF matrix, surface
modification of SBA-15 by coupling agent was
conducted. Then, the modified SBA-15 was dis-
persed in phenol monomer by ultrasonic irradiation
before polymerization. The structure of the SBA-15
by surface treatment and in situ polymerization
methods and the effects of SBA-15 loading on the
thermal properties of SBA-15/PF nanocomposites
were investigated in detail.

2. Experimental
2.1. Materials
EO20PO70EO20 (where EO stands for ethylene oxide,
PO for propylene oxide, Pluronic P123) was com-
mercially obtained from Sigma-Aldrich Co., Ltd.
(USA). Tetraethoxysilane (TEOS) used as silica
source and !-glycidyloxypropyltrimethoxysilane
(GOTMS) used as coupling agent were purchased
from Aladdin Chemistry Co. Ltd. (Shanghai, China).
Phenol and formaldehyde monomers were ordered
from Xilong Chemical Co. Ltd. (Guangdong, China).
Oxalic acid was purchased from Shanghai Chemi-
cal Reagent Company (Shanghai, China) and used
as catalytic agent. All chemicals were of reagent-
grade and used as received without further purifica-
tion.

2.2. Synthesis of mesoporous silica materials
Mesoporous silica materials, SBA-15, was firstly
synthesized by templating with the EO20PO70EO20
triblock copolymers via a sol-gel process according
to literature [29, 30]. Typically, 2 g of Pluronic P123
and 37 wt% HCl solution (10 mL) were dissolved
in deionized water (80 g) with stirring at 35°C for
6 h. Then 4.2 g of TEOS was dropped into the
homogenous clear solution with stirring at 35°C for
24 h. After that, the solution was then removed to
an autoclave and hydrothermally treated by putting
in a 100°C oven for another 24 h. The obtained par-
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ticles were collected by filtration, washed 3times
with deionized water, and dried at 60°C in air. The
resulting products were calcined at 550 C for 6 h to
remove the template.

2.3. Preparation of organically modified
SBA-15 (SBA-15-GOTMS)

The typical procedure for the preparation of organi-
cally modified SBA-15 is described as follows: the
SBA-15 was dispersed in toluene under ultrasonic
irradiation and stirring for 30 min, and then the cal-
culated amount of GOTMS was added to the mix-
ture. The weight ratio between SBA-15 and GOTMS
was 5:1. The mixture was refluxed at 120°C for 6 h
under vigorous stirring. After the mixture was fil-
trated with Buchner funnel, the product was washed
several times using acetone and dried in the vacuum
oven at 60°C.

2.4. Preparation of SBA-15/PF nanocomposites
The SBA-15-GOTMS was first dispersed in phenol
by ultrasonic irradiation and high temperature and
high pressure treatment. In a typical procedure, the
calculated amount of SBA-15-GOTMS was dis-
persed in phenol by ultrasonic irradiation in a beaker
at 50°C for 1 h. Subsequently, the mixture was trans-
ferred into an autoclave, sealing reactor, then put it
into an oven at 200°C for 12 h, following by natural
cooling and reserve.
The novolac-type phenolic nanocomposites were
synthesized in a 250 mL three-necked reactor
equipped with a reflux condenser, stainless-steel
stirrer, and thermometer. The reagents, phenol con-
taining SBA-15, formaldehyde (in 37 wt% water
solution) (P: F molar ratio = 1.15:1) and oxalic acid
(2 wt% of phenol), were fed into a flask reactor.
The mixture was first stirred under 85°C for 5 h in
water bath, and then keep on reacting in order to
remove the water and free phenol at 160–180°C for

an additional 1 h under 0.03–0.05 MPa pressure.
When Weissenberg effect was observed, SBA-15/
PF nanocomposite was prepared [31]. The final
products, i.e. SBA-15/PF nanocomposites which
included various SBA-15 additives from 0 to 3 wt%
were prepared as well.

2.5. Preparation of E-SBA-15/PF hybrid
materials

SBA-15/PF nanocomposite containing 3 wt% SBA-
15, was dissolved in a large volume of ethanol in a
glass flask. The mixture was refluxed at 60°C for 12 h
under stirring, and then centrifugal separated and
washed for several times to remove most of the
polymer from the external surface of the SBA-15
particles, and the residual sample named as E-SBA-
15/PF (extracted SBA-15/PF) was dried in vacuum
at 80°C for 6h before analyses [3]. Following the E-
SBA-15/PF was calcined at 500°C for 6 h to remove
most of the organic compounds, the as-prepared
powder materials were named after CE-SBA-15/PF.
The experiment details of the process of hybrid
materials are shown in Figure 1.

2.6. Characterization
X-ray powder diffraction (XRD) was carried out
with a PANalytical X"Pert PRO X-ray Diffractome-
ter (Holland). The X-ray beam was nickel-filtered
Cu-K# radiation ($ = 0.154 nm), the diffraction pat-
terns being collected in the 2% range 0.5–8.0° at a
scanning rate of 0.2°/min. N2 adsorption-desorption
isotherms were obtained at 77 K using a Quan-
tachrome NOVA 1200e gas-adsorption analyzer
(USA). Before the adsorption measurements, all
samples were outgassed for 12 h at 353 K in the
degas port of the adsorption analyzer. The average
pore radius and pore volume were determined by
applying the BJH (Barrett, Joyner and Halenda)
method. The specific surface area was calculated
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Figure 1. Scheme of possible reaction of the surface modification and in-situ polymerization



using the BET (Brunauer, Emmet and Teller) model.
Fourier-transform infrared spectroscopy (FTIR)
spectra were recorded using a Nexus-470 FTIR
spectrometer (Nicolet, USA), and the sample pow-
der was pressed into a pellet with KBr. Differential
scanning calorimetry (DSC) was performed with
DSC 204 (NETZSCH, Germany) between 10 and
100°C at a heating rate of 10°C/min under a nitro-
gen atmosphere. Thermogravimetric analysis (TGA)
was carried out on a STA 449C analyzer (NET-
ZSCH, Germany) at a heating rate of 10°C/min
from 50 to 800°C under a nitrogen atmosphere.
Scanning electron microscopy (SEM) observation
was conducted with a JSM-6380 LV microscope
(Japan) operating at 5 kV. Samples were sputter
coated with a thin carbon layer under vacuum situa-
tion. Energy dispersive X-ray (EDX) spectroscopy
image of the silicon element mapping was recorded
using S-4800 scanning electron microscope (Hitachi,
Japan). Transmission electron microscopy (TEM)
was taken on JEM-2100 electron microscope (JEOL,
Japan) operating at 120 kV. The sample powders
were dispersed in ethanol under sonication, and
then an aliquot was put on a copper grid and the sol-
vent was evaporated in an oven.

3. Results and discussion
3.1. Characterization of the surface modified

SBA-15 and its nanocomposites
In order to improve the interfacial adhesion between
the SBA-15 and the PF matrix, the surface modifi-
cation of SBA-15 was carried out. In this study, the
GOTMS was used as coupling agent, which is capa-
ble of linking SBA-15 covalently to the PF resin by
silylation of the mesoporous silica [12]. Then, SBA-

15/PF composites were prepared via in situ poly-
merization in the presence of SBA-15-GOTMS.
The FTIR spectra of GOTMS, SBA-15 and SBA-
15-GOTMS are illustrated in Figure 2a. It can be
seen that the GOTMS shows two epoxy group char-
acteristic peaks at 915 and 820 cm–1, a weak O–CH2
and CH3 bending vibrations at 1465 cm–1 [32] and
two peaks at 2960 and 2850 cm–1 corresponding to
the asymmetric and symmetric stretching vibrations
of C–H in –CH2 and –CH3, respectively. For unmod-
ified SBA-15, a wide absorption peak at around
3450 cm–1 and a weak peak at 965 cm–1 may be
assigned to Si–OH stretching and bending vibra-
tions, a strong absorption peak at 1082 cm–1 and a
weak peak at 798 cm–1 associated with Si–O–Si
asymmetric and symmetric stretching vibrations
can be observed, respectively. However, the surface
modified mesoporous silica materials (SBA-15-
GOTMS) possess many characteristic absorption
peaks derived from SBA-15 and GOTMS. It can be
clearly seen that both Si–O–Si and Si–OH character-
istic absorption peaks are kept, and the epoxy group
peak at 915 and 820 cm–1 are overlapped by a series
of intensive peaks at 798–1082 cm–1 which belong
to Si–O–Si and Si–OH [12]. Additionally, the adsorp-
tions peak shifts from 2960 to 2930 cm–1, which
can be attributed to asymmetric stretching vibra-
tions of C–H, and it implies the –CH3 is absent in
the SBA-15-GOTMS. All these results suggest that
the GOTMS has been attached to the surface of
SBA-15 through condensation between the silanol
groups of hydrolyzed GOTMS and SBA-15. Fig-
ure 2b shows the FTIR spectra of PF, SBA-15-
GOTMS and E-SBA-15/PF hybrid materials. The
E-SBA-15/PF exhibit many characteristic absorp-
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Figure 2. FTIR spectra of GOTM, SBA-15, and SBA-15-GOTMS (a), PF, SBA-15-GOTMS and E- SBA-15/PF (b)



tion peaks both of PF and SBA-15-GOTMS. Among
them, the peaks at 1400–1600 cm–1, corresponding
to the phenyl rings, and 3030 cm–1, corresponding to
C–H stretching vibration of phenyl rings, are pre-
sented in the E-SBA-15/PF hybrid materials as well
as pure PF. A strong absorption peak at 1082 cm–1 is
attributed to the Si–O–Si stretch vibration appears
in the FTIR spectra of the SBA-15-GOTMS and
E-SBA-15/PF hybrid materials. But the peak at
1230 cm–1, corresponding to stretching vibration of
phenolic C–O–C [33], is overlapped by an intensive
peak at 1000–1300 cm–1 belonging to the Si–O–Si
characteristic peak. The results demonstrate that
SBA-15-GOTMS has been covalently bonded with
PF chain during in situ polymerization. The presence
of covalent conjugation could improve the interfacial
adhesion between SBA-15-GOTMS and PF.
The nitrogen adsorption-desorption isotherms along
with the corresponding pore-size distribution curves
of SBA-15, SBA-15-GOTMS and E-SBA-15/PF
are shown in Figure 3. The SBA-15 exhibits a clas-
sical Langmuir IV-type isotherm with H1 type verti-
cal hysteresis loop, and the capillary condensation
occurs at a high relative pressure, which is con-
formable to the literature [29]. In addition, the H1
type hysteresis loop of the SBA-15 is relatively
wide. We think this may be caused by a wide distri-
bution of the pore volume SBA-15. The curves of
SBA-15-GOTMS and E-SBA-15/PR show rarely
adsorption steps and H1 type hysteresis loop (Fig-
ure 3a), and the pore volumes decreased from 1 to
0.71 and 0.04 cm3·g–1, respectively. The detailed
structural parameters of the SBA-15 and its hybrid
materials are listed in Table 1. The results indicate
that GOTMS has been conjugated to SBA-15 by

chemical bond, and the condensation polymeriza-
tion of PF has been successfully carried out inside
the channels of SBA-15, leading to occupation most
of channel space of SBA-15. Therefore, the pore
volume of E-SBA-15/PF is very small after the poly-
merization. Moreover, the three samples exhibited
great differences of the distribution of pore size.
The distribution of pore size of SBA-15-GOTMS
and E-SBA-15/PF are broader than that of SBA-15
(Figure 3b), which may be attributed to the fact that
the mesoporous channels were plugged up in vari-
ous extents after the coupled treatment and poly-
merization occurred [4, 34]. On the other hand, this
also indicated the successful reaction within the
channels of SBA-15.
Figure 4 shows the XRD patterns of mesostructure
silica. There are three well-defined peaks at 2% val-
ues between 0.5 and 8° which can be indexed as
(100), (110), and (200) Bragg reflections, suggested
the typical hexagonal (p6mm) SBA-15 [30]. After
treating SBA-15 by GOTMS, the XRD pattern of
the resulted SBA-15-GOTMS shows the p6mm
structural feature as well, although the diffraction
peaks increased slightly in 2% values. The three char-
acteristic XRD peaks of SBA-15-GOTMS can still
be observed after treatment by coupling agent,
demonstrate that hexagonal SBA-15 was undam-
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Figure 3. Nitrogen sorption isotherms (a) and pore diameter distribution (b) of SBA-15, SBA-15-GOTMS and E-SBA-
15/PF

Table 1. Textural parameters of SBA-15, SBA-15-GOTMS
and E-SBA-15 /PF

Material
BET

Surface area
[m2/g]

Total pore
volume
[cm3/g]

Average pore
diameter

[nm]
SBA-15 707 1.00 6.6
SBA-15-GOTMS 619 0.71 2.0
E-SBA-15 /PF 46 0.04 1.6



aged. From the XRD pattern of E-SBA-15/PF and
CE-SBA-15/PF, we can see that the intensity of
(100) diffraction peak was distinctly decreased,
meanwhile the peaks at higher angles are not
observed, suggesting that the ordered structure of
SBA-15 has been little changed in short-range but
great changed in long-range. This may be explained
by the following reasons: the SBA-15 were uni-
formly dispersed throughout the polymer matrix
during the in situ polymerization process, and
meanwhile interpenetrating organic-inorganic net-
work structure may be formed, leading to the
decrease of long range regularity of SBA-15.
Thermogravimetric analysis (TGA) curves of SBA-
15, SBA-15-GOTMS, PF and E-SBA-15/PF are
shown in Figure 5. It can be seen that only 1.8 wt%
weight loss was found for unmodified SBA-15
below 800°C, while 13.48 and 34.02 wt% weight
loss were observed between 50–800°C for SBA-15-
GOTMS and E-SBA-15/PF, respectively. All these

results demonstrate that the GOTMS has been suc-
cessfully grafted onto the surface of the SBA-15
and the chemical reaction has occurred between
SBA-15-GOTMS and PF resin via in situ polymer-
ization. From the TGA curves, the reacting masses
of GOTMS grafted onto SBA-15 can be approxi-
mately calculated, which is 11.68 wt%. Taking into
consideration that the carbon residue of PF is up to
36.67&wt% at 800°C, the masses of PF reacted with
SBA-15-GOTMS (RMp) during in situ polymeriza-
tion can be estimated using the Equation (1) [35]:

        (1)

where RMp is the masses of PF reacted with SBA-
15-GOTMS by in situ polymerization; WPF,T,
WSBA-15-GOTMS,T and WE-SBA-15/PF,T are the residual
weight percent of PF, SBA-15-GOTMS and E-
SBA-15/PF, respectively, at temperature T. The
value of RMp was 32.43&wt% of SBA-15 according
to the Equation (1). Meanwhile, it could be seen
from the TGA curves of E-SBA-15/PF that a plat-
form arose at 250–350°C as compared with PF,
suggested that the thermal stability of E-SBA-
15/PF was greatly enhanced, which confirmed that
there was a strong interaction between SBA-15-
GOTMS and PF resin.

3.2. Morphology
Figure 6 shows the SEM micrographs of the SBA-
15, SBA-15-GOTMS and E-SBA-15/PF. It can be
clearly observed that the SBA-15 consist of many
rope-like shapes with relatively uniform sizes of 1–
2 µm, which are aggregated each other and form
clusters. The morphology characteristic of SBA-15
is well in accordance with previous literature [29].
After surface modification, SBA-15-GOTMS shows
the similar particle morphology as SBA-15, sug-
gested the high stability of ordered structure of
SBA-15. Figure 6c shows the SEM image of E-
SBA-15/PF (the extracted SBA-15/PF), which
reveals that both the surface and interface of SBA-
15 attached some PF resins but the SBA-15 could
still be distinguished easily. Furthermore, the larger
orderly agglomerates of the SBA-15 have been bro-
ken, and some holes among SBA-15 appeared result-
ing from the extracted PF matrix. The lose of orderly
structure of the SBA-15 seen from the SEM image
and the above XRD analysis may be attributed to

RMp 5
WSBA2152GOTMS,T 2 WE2SBA215>PF,T

1 2 WPF,T

RMp 5
WSBA2152GOTMS,T 2 WE2SBA215>PF,T

1 2 WPF,T
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Figure 4. X-ray powder diffraction of SBA-15, SBA-15-
GOTMS, E-SBA-15/PF and CE-SBA-15/PF

Figure 5. TGA thermograms of SBA-15, SBA-15-GOTMS,
PF and E-SBA-15/PF



the formation of chemical bonds Between SBA-15
and PF during in situ polymerization. This effect
could contribute to the homogeneous dispersion of
mesoporous silica in the PF matrix.
To further observe the variation of morphology of
SBA-15 before and after in situ polymerization, the
TEM images of the SBA-15 and CE-SBA-15/PF

are presented as shown in Figure 7. The images of
the SBA-15 show large domains of well-ordered
structure with 1D channels, which are similar to
results reported in literatures [29–30]. It can be seen
from Figure 7b that the large domain regularity of
CE-SBA-15/PF has decreased, and there are still
the 1D channels of mesoporous materials in the rel-
atively small domain, which is consistent with the
XRD analysis. This results can further confirm that
the effect of the in situ polymerization on the ordered
structure of SBA-15.
In order to further study the dispersion of SBA-15
in the PF matrix, EDX mapping of SBA-15/PF com-
posite materials were carried out. Figure 8 show Si
mapping of SBA-15/PF composite materials with
various contents of SBA-15. It can be clearly seen
that lots of white spots associated with silicon atoms
were uniformly distributed in black background
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Figure 6. SEM images of SBA-15 (a), SBA-15-GOTMS (b)
and E-SBA-15/PF (c)

Figure 7. TEM images of the SBA-15 (a) and CE-SBA-
15/PF (b) hybrid material



associated with polymer matrix at '20 000 magnifi-
cation (scale bar = 500nm), indicating that the SBA-
15 was well dispersed throughout the PF matrix.
Moreover, with the increasing of SBA-15 content,
the density of silicon atoms was distinctly increased.

3.3. Thermal properties
The thermal properties of polymer nanocomposites
have drawn much attention because of the demand
of many application fields of the nanocomposites.
Furthermore, the improvement of the thermal prop-
erties of polymer nanocomposites can also demon-
strate the uniform dispersion of fillers and the pres-
ence of intensive interactions between fillers and
polymers to a certain extent. Figure 9 shows the
variation of the glass transition temperature (Tg)
with SBA-15 loading as determined by conven-
tional DSC for the unmodified and modified PF. Tg
of the pure PF is about 61.2°C, whereas all the SBA-
15/PF nanocomposite show substantially higher Tg
values than that of pure PF. Moreover, Tg of nano -
composites is enhanced with the increase of SBA-
15 contents. It is worth noting that the Tg of the nano -
composite containing 3&wt% SBA-15 is increased
by 12.9°C in contrast to pure PF. The significant
enhancement of Tg may be attributed to the strong
interactions between the polymer chains and SBA-
15 which was formed by in situ polymerization.
More importantly, the in situ polymerization of PF
monomers within the pore channels of SBA-15, may
trap some polymer chains or fractions. These inter-
actions between PF and SBA-15 will impede the
movement of polymer chains and result in the
increases of Tg significantly with addition of SBA-15.
Figure 10 and Table 2 show the results of the ther-
mal stabilities of the SBA-15, pure PF and its nano -
composites by using TGA in the range of 50–800°C.
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Figure 8. Si-mapping images studies of EDX on SBA-
15/PF composites (a) 1%, (b) 2% and (c) 3%

Figure 9. DSC curves and Tg values for PF and SBA-15/PF
nanocomposites



Thermal stabilities of the nanocomposites are
expressed by their 5 and 10% weight loss decompo-
sition temperatures, Td,5 and Td,10. As expected, the
SBA-15/PF nanocomposites show better thermal
stability than the pure PF. Moreover, the Td,5 and
Td,10 of the nanocomposites increase with respect to
the amount of SBA-15, for instance, the Td,5 and
Td,10 of SBA-15/PF nanocomposites with 1 and
3 wt% SBA-15 increases from 263 and 312°C (neat
PF) to 266 and 317°C (1&wt%) and 364 and 380°C
(3&wt%), respectively. Meanwhile, for the TGA
curves of SBA-15/PF nanocomposites with 3&wt%
SBA-15 loading, a platform appeared in the range
of 300–350°C. In addition, the char yield of the
nanocomposites increased with the increase of SBA-
15 content, and is higher than its SBA-15 content
(Table 2), because the introduction of SBA-15 hin-
dered the production of gaseous product and resulted
in increase of the char retention. The obvious
enhancement of the thermal stability of the nano -
composites can be attributed to the presence of
strong interaction between SBA-15 and polymer
matrix. The modified SBA-15 nanoparticles have
abundant GOTMS on their surface and internal

pore channel surface, and thus chemical bonding
between the PF chains and SBA-15 can be formed
after in situ polymerization. Hence, it’s believed
that PF chains not only bonded to the surface of the
SBA-15, but also penetrated through the pore chan-
nel and were tethered to the channel surface. The
favorable interaction leads to homogeneous dis-
perse of SBA-15 in the PF matrix.

4. Conclusions
The PF nanocomposites containing SBA-15 type
mesoporous silica modified by GOTMS have suc-
cessfully been prepared via in situ polymerization.
From the FTIR and TGA analysis, the GOTMS was
chemically grafted onto the surface of SBA-15 and
there were chemical reaction between SBA-15-
GOTMS and PF chains during in situ polymeriza-
tion. In addition, the variation of the textural param-
eters of SBA-15 was studied during the reaction
process by XRD, N2 adsorption-desorption, SEM,
and TEM. The results show that both surface modi-
fication and in situ polymerization treatments have
great influence on the textural parameters of SBA-
15.
We also investigated the effect of SBA-15 loading
on glass transition temperatures and thermal stabil-
ity of the SBA-15/PF nanocomposites. With the
increase of the SBA-15 content, the Td,5, Td,10 and
Tg of PF nanocomposites were gradually improved
as compared to that of the neat PF. It is especially
exciting that the Tg and Td,10 of the PF nanocompos-
ites were increased by 12.9 and 68°C at 3&wt%
SBA-15 loading, respectively. From the analysis of
EDX mapping of SBA-15/PF composite materials,
the uniform dispersion of the SBA-15 in the PF
matrix may be the cause for the enhancement of
thermal properties. Because of the excellent ther-
mal properties of the new nanocomposites, it has
great potential for friction composite materials and
electronic packaging materials applications.
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Table 2. Thermal stabilities of SBA-15, PF and SBA-15/PF
nanocomposites

Material Td,5
[°C[

Td,10
[°C[

Char yield at 800°C
[wt%]

pure PF 263 312 37.7
SBA-15 – – 98.2
1 wt% SBA-15/PF 266 317 39.1
2 wt% SBA-15/PF 279 337 42.0
3 wt% SBA-15/PF 364 380 49.7

Figure 10. TGA curves of SBA-15, PF and SBA-15/PF
nanocomposites
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1. Introduction
Owing to environmentally friendly attributes, good
mechanical properties, low density, biodegradabil-
ity and abundant availability of renewable resources,
the production of nanocellulose and their applica-
tion in composites materials has gained increasing
attention in recent times [1–2]. Nanocelluloses are
recognized to be more effective in reinforcing poly-
mers, due to the interaction between the nano-sized
elements that form a percolated network connected
by hydrogen bonding [3]. Two different types of
nano cellulose can be isolated from a cellulosic
source: nanocrystals and nanofibrils. Nanocrystals
have a perfect crystalline structure and high modu-

lus, close to the theoretical modulus of cellulose;
nanofibrils are fibrillar units containing both amor-
phous and crystalline regions and have the ability to
create entangled networks [4]. Different properties
of these two types of nanocellulose will result in
varying reinforcement of nanocomposites.
In order to utilize nanocellulose as a reinforcing
phase to form nanocomposites, the strong hydrogen
bonding between cellulose crystals must be sepa-
rated and dispersed well in the polymer matrices
[5]. Extensive research has been reported to extract
nanocellulose from different sources [6–10]. Typi-
cal processes involve mechanical and chemical
treatments. The chemical ways, mainly by strong
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acid hydrolysis, can remove the amorphous regions
of cellulose fibers and produce cellulose nanocrys-
tals [11–12]. While for mechanical methods, which
include high intensity ultrasonication [13], high
pressure refiner [14] or grinder treatment [15], the
main product generated is not a single fiber and has
been referred as nanofibrils. However, these two
techniques of extracting nanocellulose from plants
are time consuming and very costly [1]. It involves
high consumption of energy for processes as mechan-
ical treatments [16], which can cause dramatic
decrease in both the yield and fibril length down to
100–150 nm and also introduces damage to the
environment, as in the case of chemical treatments
[17]. Current research has been focused on finding
environmental conservation, high efficiency and low
costs methods to isolate nanocellulose. Recently,
individualized cellulose nanofibrils have been
obtained using 2,2,6,6-tetramethylpiperidine-1-oxyl
radical (TEMPO)-mediated oxidation for regioselec-
tive conversion of the cellulose primary hydroxyl
groups to aldehydes and carboxylate ones. The mild
reaction condition (room temperature and alkales-
cent medium), the characteristic of little fiber mor-
phological change and the resultant diverse surface
functionalities (carboxyl, aldehyde, and hydroxyl)
lend the TEMPO-mediated oxidation technique sig-
nificant potential in the fields of composites rein-
forcement [18–19].
Currently, very few references are available about
the systematic study of the effect of nanocellulose
isolation techniques on the quality of nanocellulose
and its performance in reinforced nanocomposites.
The main goal of this work is to employ three dif-
ferent techniques including acid hydrolysis (AH),
TEMPO-mediated Oxidation (TMO) and ultrasoni-
cation (US) to isolate nanocellulose from micro-
crystalline cellulose (MCC) and to evaluate the
quality of nanocellulose and the reinforcing ability
of these nanocellulose in PVA matrices.

2. Experiment
2.1. Materials
Microcrystalline cellulose (MCC) with a mean
diameter size of 20 µm, purchased from Xuanyuan
Machinery (Shandong, China) was used as raw mate-
rial. Poly(vinyl alcohol) (PVA, 99% hydrolyzed,
Mw 85 000~124 000) was used as matrices. Sulfuric
acid (98 wt%) was used for the acid hydrolysis of

MCC. 2,2,6,6-tetramethylpiperidine-1-oxyl radical
(TEMPO), sodium bromide (NaBr) and 6% sodium
hypochlorite (NaClO) solution were used for the
TEMPO-mediated oxidation of MCC. All chemi-
cals were of laboratory grade (Sigma-Aldrich,
China) and used without further purification.

2.2. Nanocellulose isolation
2.2.1. Acid hydrolysis (AH)
About 5 g MCC was mixed with 45 mL sulfuric acid
(64 wt%), the mixture was hydrolyzed at 45ºC for
120 min with continuous stirring (500 rpm). The
hydrolysis was quenched by adding 500 mL water
to the reaction mixture and then the slurry was
washed with distilled water for 20 min at 5000 rpm,
using repeated centrifugation. The supernatant was
removed from the sediment and replaced by new
distilled water and mixed, the centrifugation step
continued until the pH of the supernatant became 1.
The last wash was conducted using dialysis with
distilled water until the wash water maintained a
constant pH of 7. The resultant suspension was
stored at 4°C before further analysis or treatments.

2.2.2. TEMPO-mediated oxidation (TMO)
About 5 g MCC was suspended in 500 mL distilled
water containing TEMPO (0.080 g, 0.5 mmol) and
NaBr (0.5 g, 5 mmol). The TEMPO-mediated oxi-
dation was started by adding 6% NaClO solution
(25.0 mmol) with continuous stirring (500 rpm) at
room temperature. The pH was maintained at 10 by
adding 0.5 M NaOH using a pH stat until no NaOH
consumption was observed. The TEMPO-oxidized
cellulose thus obtained was then ultrasonicated for
20 min, using an ultrasonic homogenizer (KBS-
1200, China) with an output power of 1200 W. The
slurry was washed with distilled water by repeated
centrifugation (5000 rpm, 20 min) and then cen-
trifuged at 12 000 rpm to separate large particles.
After that, the samples were dialyzed against dis-
tilled water until the pH reached 7. The resultant sus-
pension was stored at 4°C before further analysis or
treatments.

2.2.3. Ultrasonication (US)
About 5 g MCC was dispersed in 500 mL distilled
water under continuous stirring for a whole day,
then ultrasonicated for 60 min using an ultrasonic
homogenizer (KBS-1200, China) with an output
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power of 1200 W, equipped with a sonication probe
of 20 mm. In order to avoid overheating, the beaker
with the cellulose suspension was put in an ice bath
with controlled temperature. Two hours after the
ultrasonication process ended, nanocellulose was
obtained from the water suspension by decanting
the supernatant into other vessels. The resultant sus-
pension with pH of 7 was stored at 4°C before fur-
ther analysis or treatments.

2.3. Nanocomposite films preparation
PVA water solution (10 wt%) and nanocellulose
suspension (2 wt%, relative to the PVA mass) were
mixed under continuous stirring (500 rpm) at 80ºC
for 3 hours, then dispersed by ultrasonic treatment
(KBS-1200, China) for about 2 min with 50% power
level. Films were cast onto a PTFE plate with con-
trolled leveling, the mixture in the plate were
degassed in a vacuum desiccator, and then evapo-
rated at 25°C and relative humidity of 30% until
films were formed, the films were heat treated in an
oven at 80ºC for more than 12 h. Films with three
levels of nanocellulose loading (2, 6 and 10 wt%)
were manufactured. The thicknesses of the films
were controlled to be approximately 150 µm.

2.4. Characterization
2.4.1. Morphology and crystallinity analysis
Morphology of the nanocellulose and fractured sur-
face of the PVA nanocomposite films were exam-
ined using  scanning electron microscopy (Nova,
NanoSEM 430, FEI Company) with an accelerating
voltage of 15 kV. For nanocellulose observation, a
droplet of the nanocellulose suspensions (0.1 wt%)
was put on a glass grid and dried under vacuum
before SEM analysis. The dried nanocellulose and
the fractured surface of the films (after tensile tests)
were coated with gold on an ion sputter coater, var-
ious magnification levels were used to obtain images.
More than three images were taken and chosen to
observe the morphology of all samples.
Wide-angle X-ray diffraction (WXRD) data was
collected using a X-ray diffractometer (Rigaku D/
max-III A, Japan) equipped with Cu K! radiation (" =
0.1541 nm) at the operating voltage and current of
45 kV and 100 mA, respectively. Diffractograms
were collected in a 2! range of 4~50° at a rate of
1°/min with a resolution of 0.05°.

2.4.2. Wet particle size and surface charge
analysis

Nanocellulose particle size analysis was conducted
by dynamic light scattering (DLS) using a Zetasizer
NanoZS instrument (Malvern, UK), under the fol-
lowing conditions: dispersant water, material refrac-
tive index 1.47, dispersion refractive index 1.33,
viscosity 0.8872 cP, temperature 25°C and general
calculation model for irregular particles. Three meas-
urements of 10 s each were taken and the averaging
was done.
The zeta-potential (estimated as surface charge)
tests of the nanocellulose particles were conducted
with the Zetasizer NanoZS Instrument (Malvern,
UK). Experiments were performed in a cuvette con-
sisting of 4 ml 0.1 wt% nanocellulose suspension,
solutions were all adjusted at pH values of 7.

2.4.3. Thermal properties
The differential scanning calorimetry (DSC) of PVA
nanocomposite films was performed on a DSC Q200
(TA Instruments, USA) from 25 to 300°C at a heat-
ing rate of 10°C/min under  nitrogen flow. Approxi-
mately 8 mg samples were used. The thermogravi-
metric analysis (TGA) were performed using a TGA
Q500 (TA Instruments, USA). About 5~10 mg sam-
ples were heated from 30 to 600°C with a heating
rate of 10°C/min under a nitrogen atmosphere. The
weight change was recorded as a function of the
heating temperature.

2.4.4. Mechanical properties
The mechanical tests were performed using a test-
ing machine (Instron 5567, USA) with a crosshead
speed of 5 mm/min. The crosshead extensions were
used as specimen deformations. The films were cut
to dog bone shapes with width of 15 mm for the nar-
row portion and total length of 50 mm (gauge length
was 25 mm). The thickness of the films was calcu-
lated before the test. The values of tensile modulus,
tensile strength and elongation at break of the sam-
ples were evaluated and reported as the average val-
ues of five measurements of each composition. Prior
to testing, films were kept in a humidity chamber
desiccator with a 50% relative humidity (RH) and
25°C for 5 days (according to the ASTM D1708
standard [20]).
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3. Results and discussion
3.1. Morphological properties
The SEM morphology of untreated MCC and nano -
cellulose (isolated from acid hydrolysis (AH),
TEMPO-mediated oxidation (TMO) or ultrasonica-
tion (US) are shown in Figure 1. Nanocelluloses
isolated from AH technique have individual crystal-
lites and disperse uniformly showing needle shaped
structures (namely nanocrystals), with diameters of
30~40 nm and lengths of 200~400 nm. While the
TMO-derived nanocellulose are interconnected webs
with tiny nanofibers (namely nanofibrils), with diam-
eters of 40~80 nm and the lengths are ranging from
200 nm to several micrometers, which have a wide
range of aspect ratio, most are more than 50 as evi-
dent from the measurements of randomly selected
features, nanofibrils of this aspect ratio are suitable
for polymer reinforcement, in order to allow suffi-
cient stress transfer, and thereby act as an effective
reinforcing agent [21]. However, in the case of sam-
ples prepared with the US treatment, pieces of

undefibrilated MCC and many microfibril bundles
are observed.

3.2. XRD analysis
Figure 2 shows the X-ray diffraction of the MCC
and nanocellulose (isolated from AH, TMO or US).
In all curves, peaks are observed at 2! =14.8, 16.6
and 22.9°, corresponding to a cellulose I structure,
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Figure 1. SEM images of (a) untreated MCC, (b) AH-derived nanocellulose, (c) TMO-derived nanocellulose and (d) US-
derived nanocellulose. (mag 100# for (a), (mag 100000# for (b), (c), (d))

Figure 2. X-ray diffraction patterns of MCC and nanocellu-
lose (isolated from different treatments)



which means that all the three techniques have no
effect on the crystal form of the native cellulose.
The intensity of the peaks is higher for all the
nanocellulose samples, showing that nanocellulose
samples are more crystalline than MCC. The crys-
tallinity index (Xc) of the cellulose can be calculated
using the Equation (1) [22]:

                           (1)

where Icrystalline is the intensity of the peak at 2!
about 22.9°representing crystalline material and
Iamorphous is the intensity of the peak at 2! about 18°
representing amorphous material in cellulosic fibers.
The values of the crystallinity index obtained are
shown in Table 1. The cellulose Xc is of the order
AH-derived$>$TMO-derived$>$US-derived$>$MCC.
The maximum Xc (88.1%) was obtained when AH
process was carried out for the treatment of MCC,
due to the removal of the majority of amorphous
regions during the harsh process and resulted in
needle shaped individual crystallites. On the other
hand, there is an increase of diffraction intensities in
the crystalline peak around 2! = 20.5° of AH-derived
nanocellulose, which may be attributed to the higher-
ordered region of cellulose chains. For TMO and
US treatments, the nanocellulose Xc values are also
high (86.4 and 86.5%, respectively), it has been
reported that TMO process produces no change in
crystallinity of cellulose even at a high oxidation
level of 10 mmol NaClO/g cellulose [23]. The Xc
increase of the TMO-derived nanocellulose in this
study may be attributed to the partial removal of
amorphous regions, due to the harsh ultrasonication
treatment of oxidized samples.

3.3. Yields analysis
The yield results of the nanocellulose (isolated from
AH, TMO or US) are shown in Table 1. In cellulosic
plant fibers, cellulose is present in an amorphous
state, but also associates to crystalline domains
through both inter-molecular and intra-molecular

hydrogen bonding [24]. AH is a well-known harsh
process conducted to the disintegration of amor-
phous regions and degradation of crystalline parts
generating a low yield of 28.6%. This kind of pro-
cedure affects the total integrity of fibers. While for
US method, the mechanical treatment alone cannot
be effective to separate the strong hydrogen bond-
ing of native fibers. This is why the yield of US-
derived nanocellulose is as low as 12.7% and pieces
of undefibrilated MCC  still remained. While TMO
is a method of combination of chemical and mechan-
ical treatments, the mild reaction condition of room
temperature, alkalescent medium and characteristic
of regioselective oxidation [18–19] maintain par-
tially amorphous regions left in the axial direction
of the starting material, which result in a higher
yield of 37.4%, as well as higher aspect ratio of the
final TMO-derived nanofibrils.

3.4. Surface charge analysis
Zeta potential (estimated as surface charge) can be
measured by tracking the moving rate of  negatively
or positively charged particles across an electric
field. Usually a value less than –15m V represents
the onset of agglomeration. Values greater than 
–30 mV generally signifies that there is sufficient
mutual repulsion which results in colloidal stability
[25]. The zeta potential data of the nanocellulose sus-
pension (isolated from AH, TMO or US) are shown
in Table 1, attributed to the esterification of cellulose
hydroxyl groups to sulfonate groups during the AH
process and the regioselective conversion of the
cellulose primary hydroxyl groups to carboxyl ones
during the TMO process, the AH and TMO-derived
nanocellulose possess high negative charge of –38.2
and –46.5 mV, respectively. For TMO-derived nano -
fibrils, the highest surface charge imparts electrostatic
repulsive forces to the system, preventing the bind-
ing between nanofibrils-nanofibrils, and thus homo-
geneous nanocellulose suspension is obtained. The
uniform dispersion of nanocellulose is critical to
improve the mechanical properties of the final nano -

Xc 5
Icrystalline 2 Iamorphous

Icrystalline
~
100Xc 5

Icrystalline 2 Iamorphous

Icrystalline
~
100
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Table 1. Parameters of MCC and nanocellulose (isolated from different treatments)

Results expressed as mean±standard deviation

Nanocellulose MCC AH-derived TMO-derived US-derived
Xc [%] 79.5±2.0 88.1±1.8 86.4±2.0 86.5±2.1
Yield [%] – 28.6±8.0 37.4±8.3 12.7±3.2
Zeta [mV] –8.3±3.4 –38.2±3.4 –46.5±3.4 –23.1±3.4
Particle size [nm] ~µm 115±35 210±54 623±93



composite products, promoting the actual formation
of hydrogen bonding between the PVA and nano -
cellulose (nanocrystals or nanofibrils), which also
leads to a higher efficiency of the stress transfer
from the matrices to the fibers. In contrast, the US
generated nanocellulose has only a weak charge of
–23.1 mV originated from its inherent hydroxyl
groups, the formation of larger insoluble precipi-
tates was revealed by SEM image (Figure 1).

3.5. Size dispersion analysis
Dynamic light scattering (DLS) analysis has been
employed to find the statistical distribution of the
particles present in nanocellulose. After measuring
millions of particles, an average particle size of the
nanocellulose (isolated from AH, TMO or US) were
found to be 115, 210 and 623 nm (Table 1), respec-
tively. Larger particle size than those determined for
samples in SEM analysis were obtained in DLS
measurements, because of the rapid aggregation of
nanocellulose in water suspension. The size disper-
sion of the different nanocellulose particles are
shown in Figure 3. Because of the concentrated acid
(64 wt% H2SO4) hydrolysis used to harshly destroy
the majority of cellulose hydrogen bonding, the AH
reaction is homogeneous and more complete, that
resulted in a narrower nanocellulose size distribu-
tion, besides, the strong surface charge (–38.2 mV)
also prevents the nanocellulose particles from
agglomerating. The TMO-derived nanocellulose
particles display a relatively poor size dispersion,
mainly due to the mild reaction condition compared
to the AH treatment. For US treatment, the lack of
surface charge (–23.1 mV) induced continuing
agglomerate of insoluble nanocellulose particles,
resulted in a wide size dispersion.

3.6. Thermal properties
Thermal characterization of neat PVA and PVA
nanocomposite films was carried out using DSC
and TGA measurements. From the analysis of DSC
traces (Figure 4), the glass rubber transition temper-
ature (Tg), the melting temperature (Tm), heat of
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Figure 3. Size dispersion of (a) AH-derived nanocellulose,
(b) TMO-derived nanocellulose, (c) US-derived
nanocellulose

Figure 4. DSC curves of (a) neat PVA, (b) MCC/PVA,
(c) AH/PVA, (d) TMO/PVA and (e) US/PVA
films (6 wt% filler loading)



fusion (%Hm) and degree of crystallinity (Xc) were
evaluated and compared. The resulting experimen-
tal data are listed in Table 2. The glass transition tem-
perature (Tg) of PVA nanocomposites is increased
with the addition of AH-derived and TMO-derived
nanocellulose. The strong hydrogen bonding for-
mation between the PVA matrices and nanocellu-
lose is expected to restrict the segmental mobility of
polymer chains and thereby increase Tg. The fea-
tures of Tm, %Hm, and Xc are also enhanced as com-
pared to neat PVA films. The increase in Xc is possi-
bly due to the nucleating effect of the nano-sized
fibers. This enhancement of the Xc of the PVA
matrices probably results, at least partially, in the
improvement of the mechanical properties for TMO/
PVA films as reported later. On the contrary, the
thermal behavior is not obviously enhanced for
US/PVA films and even tends to decrease upon
MCC addition. It means that the presence of large
agglomerate and microfibril bundles induce steric
hindrance effects restricting the growth of crys-
talline PVA regions. It results in both a lower melt-
ing point and lower degree of crystallinity.
The thermal stability of the neat PVA and PVA
nanocomposite films examined by TGA are shown
in Figure 5. All samples show major weight loss in

the range of 30~550°C. For PVA nanocomposite
films, a slight increase of the major degradation
temperatures (T10°C, T50°C and Td) (Table 2) is
observed, in the sequence of TMO/PVA$>$AH/PVA
>$US/PVA$>$MCC/PVA$>$neat PVA, thus further
confirming the enhanced thermal stability due to a
strong hydrogen bonding between the TMO-derived
nanocellulose and the PVA matrices. The reason
maybe that despite the regioselective oxidation of
the cellulose primary hydroxyl groups to carboxy-
late ones in TMO treatments, the total amount of
the strong hydrogen bonding in film formation is
not affected. In contrast, the hydrogen bonding
between the AH-derived nanocellulose and PVA
matrices is decreased, due to the esterification of
hydroxyl groups to sulfonate groups during the AH
process. The US/PVA nanocomposite films have
relatively lower degradation temperature. Because
the specific surface area of US-derived nanocellu-
lose is not as high as the AH-derived or TMO-
derived ones, resulting in fewer hydroxyl groups on
the nanocellulose surface, besides,  the easy forma-
tion of larger insoluble precipitates will also accel-
erate this process, these two factors resulted in
lower thermal stability of the final composites.

3.7. SEM and mechanical properties
The fractured surface after tensile tests of neat PVA
and PVA nanocomposite films were examined using
SEM as shown in Figure 6. As compared to the neat
PVA films, the morphology of the AH/PVA and
TMO/PVA films can be easily identified. The nano -
cellulose appears as white dots, these white dots
could correspond to the nanocrystals (AH-derived)
or nanofibrils (TMO-derived). No large aggregates
and a homogeneous distribution of the nanocellu-
lose in the PVA matrix are observed in both AH/PVA
and TMO/PVA films, implying good adhesion
between fillers and matrix. This should be attrib-
uted to the formation of a rigid hydrogen-bonded
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Table 2. TGA data of neat PVA and PVA nanocomposite films (6 wt% filler loading)
Samples Neat PVA MCC/PVA AH/PVA TMO/PVA US/PVA

Tg [°C] 70.3 68.0 75.1 76.9 71.2
Tm [°C] 215.9 214.1 218.8 219.1 214.5
%Hm [J/g] 81.1 76.8 88.5 84.9 80.6
Xc [%] 54.1 54.5 62.8 60.2 57.1
T10 [°C] 239.3 239.2 252.8 254.9 245.8
T50 [°C] 283.4 304.5 306.8 314.9 300.4
Td [°C] 270.4 271.1 277.2 287.8 264.0

Figure 5. TGA curves of neat PVA and PVA nanocomposite
films (6 wt% filler loading)



network of nanocellulose that is governed by perco-
lation theory. Such an even and uniform distribution
of the fillers in the matrix could play an important
role in improving the mechanical performance of
the resulting nanocomposite films as discussed later.
However, some microfibril bundles are observed in
fractured surface of US/PVA films, because of lack
of bulk charge on the US-derived nanofibrils, which
makes the nanofibrils to contact and interact exten-
sively with each other leading to the formation of
loose and bulky aggregates in PVA matrices.
The tensile modulus, tensile strength and elonga-
tion at break of neat PVA and PVA nanocomposite
films (2, 6, and 10 wt% loading) are shown in Fig-
ures 7, 8 and 9, respectively. It is found that the
modulus and strength are both higher for TMO/PVA
nanocomposite films, with increments of 21.5 and

10.2% at the 6 wt% nanofibrils loading, respec-
tively. The higher aspect ratio and the stronger
hydrogen bonding of TMO-derived nanofibrils in
the PVA matrix are the main reasons to explain this
phenomenon. Whereas the elongation at break of
TMO/PVA films is lower for a given loading level
as compared with AH/PVA nanocomposite films.
The difference is most probably ascribed to the pos-
sibility of entanglements of nanofibrils contrarily to
rod-like nanocrystals. The US/PVA films are better
than MCC/PVA films for modulus and elongation
but similar to strength, the increase in tensile modu-
lus or elongation of US/PVA films is less than the
one reinforced by AH or TMO-derived nanocellu-
lose. The reason is that in the US-derived nanocel-
lulose is easy to produce larger insoluble agglomer-
ates and always have some bigger fibrils (> 1 µm),
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Figure 6. SEM images of fractured surface of (a) neat PVA, (b) AH/PVA, (c) TMO/PVA and (d) US/PVA films.(mag
20000# for (a), (b), (c), (mag 10000# for (d))



and because of the resulting lower aspect ratio the
matrix strain exceeds that of the fibers throughout
the whole length of the fibers. In such cases, the
fibers do not provide efficient reinforcement,
because they carry much less load than longer fibers
in the same system, and hence, the composites fails

before the full reinforcing potential of the fiber is
attained. Besides, the fibrils may not be even and
fine enough, which have more defects and low
mechanical property than those of smaller nanofib-
rils and nanocrystal [26]. Adding more nanocellu-
lose (10 wt%) did not increase furher tensile modu-
lus, strength or elongation, the nanocellulose
agglomeration at higher concentration is the most
important factor.

4. Conclusions
Three different techniques (acid hydrolysis (AH),
TEMPO-mediated oxidation (TMO) and ultrasoni-
cation (US)) were employed to isolate nanocellu-
lose from microcrystalline cellulose. The resulting
nanocellulose was used to reinforce Poly(vinyl
alcohol) (PVA) films. The characterization of nano -
cellulose indicated that nanocellulose with higher
aspect ratio, surface charge (–47 mV) and yields
(37%) was obtained by TMO treatment. While AH
treatment resulted in higher crystallinity index
(88.1%) and better size dispersion. Both the TMO-
derived and AH-derived nanocellulose could homo-
geneous disperse in the PVA matrixes. The TMO/
PVA films were better than AH/PVA films for ten-
sile modulus and strength but lower for elongation.
The thermal behavior of the PVA nanocomposite
films was higher improved with TMO-derived nano -
fibrils addition. Comparing to AH and US tech-
niques, because of the mild reaction condition, the
environmental friendly attribute, the good quality
of resulted nanofibrils and the superior properties of
the final reinforced nanocomposites the TMO tech-
nique has significant potential in the field of com-
posites reinforcement.
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1. Introduction
The friction stir welding (FSW) process was devel-
oped by TWI in 1991 for joining aluminium alloys
[1]. Subsequently this welding process has been
used for joining magnesium [2], titanium [3] and
copper alloys [4], stainless steels [5], steels [6] and
thermoplastics [7]. Friction stir spot welding
(FSSW) is a version of the FSW process. It was
developed in the automotive industry as an alterna-
tive for resistance spot welding of aluminium sheets
in 2001 [8].
The FSSW process consists of three phases; plung-
ing, stirring and retracting as shown in Figure 1.
The process starts with the spinning of the tool at a
high rotational speed. Then the tool is forced into
the workpiece until the shoulder of the tool plunges
into the upper workpiece. The plunge movement of
the tool causes material to expel as shown in Fig-
ures 1a and 1b. When the tool reaches the predeter-
mined depth, the plunge motion ends and the stir-

ring phase starts. In this phase, the tool rotates in
the workpieces without plunging. Frictional heat is
generated in the plunging and the stirring phase
and, thus, the material adjacent to the tool is heated
and softened. The softened upper and lower work-
piece materials mix together in the stirring phase.
The shoulder of the tool creates a compressional
stress on the softened material. A solid-state joint is
formed in the stirring phase. When a predetermined
bonding is obtained, the process stops and the tool
is retracted from the workpieces. The resulting weld
has a characteristic keyhole in the middle of the
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Figure 1. Three phases of friction stir spot welding process,
(a) plunging, (b) stirring and (c) retracting



joint as shown in Figure 1c. FSSW has been succes-
fully applied to aluminium [9, 10], magnesium [11]
and steel [12] sheets, but there are very few publica-
tions on polymer FSSW applications [13–16].
The welding parameters and the tool geometry
affect friction stir welding and friction stir spot
welding stir zonestir zone formation and weld
strength [17]. The tool consists of two parts [18]: the
shoulder and the pin. The pin generates friction heat,
deforms the material around it and stirs the heated
material [19]. In FSSW of metals the diameters of
the pin [20], the pin angle [21], pin thread orienta-
tion [22], pin length [23] and pin profile [24] were
found important in stir zonestir zone formation. The
shoulder of the tool generates heat during the weld-
ing process, forges the heated material, prevents
material expulsion and assists material movement
around the tool [25]. The diameters of the shoulder
and its concavity are also important in friction stir
spot welding [26].
Based on the observations of the FSSW macrostruc-
tures, the weld zone of a FSSW joint is schemati-
cally illustrated in Figure 2. From the appearance of
the weld cross section, two geometrical characteris-
tics of the weld may be identified [27, 28]. The first
is the thickness of the weld stir zonestir zone (x)
which is an indicator of the weld bond area (Fig-
ure 2). The weld bond area increases with the stir
zonestir zone thickness. The second is the thickness
of the upper sheet under the shoulder indentation
(y). These gerometircal characteristics determine
the strength of a FSSW joint [18, 19]. There are
numerous papers concerning the FSSW parameters
which affect the joint geometry and the weld
strength [16, 29, 30].
The quality of a spot weld is usually determined by
a lap-shear test [31]. Standard lap-shear tests are
used to find the joint strength of a resistance spot
weld [32]. A standard for mechanical strength test
for FSSW joints is not available presently. There-

fore, in this study, the lap-shear test was used to
determine the weld strength.
In FSW of metals improper welding parameters and
tool geometry cause low mechanical strength and
weld defects [33]. Therefore, in FSSW the welding
parameters (tool rotational speed, dwell time, delay
time, plunge depth and plunge rate) and the tool
geometry (pin diameter, pin length, pin angle, pin
profile, shoulder diameter and shoulder concavity
angle) must be selected optimally [34]. There are a
few studies about the FSSW tool geometry effects
on thermoplastic sheets [13]. Thus, this study was
intended to explain the tool geometry effects on
FSSW of polypropylene sheets. The weld stir zone
formation and lap-shear fracture loads were exam-
ined to reveal the tool effects.

2. Experiments
In this investigation 4 mm thick polypropylene
sheets were used. Polypropylene sheets were pur-
chased from SIMONA AG, Gemany (Tensile yield
stress 34 MPa or lap shear fracture load 4500 N). 60
!150 mm lap-shear specimens were cut from the
sheets. In order to develop the FSSW tests, a prop-
erly designed clamping fixture was utilized to fix
the specimens. The steel plates comprising the fix-
ture ensure a uniform pressure distribution on the
fixed specimens. Additionally, proper backing sheets
were used in order to obtain the desired lap joints. A
specimen had a 60"!60 mm overlap area. The spec-
imens were welded in a milling machine. The tools
used in welding operations were machined from
SAE 1040 steel and heat treated to 40 Rockwell C
Hardness Conversion. The tool dimensions are shown
in Figure 3. Four different tool pin profiles (straight
cylindrical, tapered cylindrical, threaded cylindrical
and square) were used to fabricate the joints (Fig-
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Figure 2. Schematic illustration of the cross section of a
friction stir spot weld. x: stir zone thickness, y:
the thickness of the upper sheet and t: total mate-
rials thickness Figure 3. FSSW tool design showing geometric parameters



ure 4). In straight cylindrical, tapered cylindrical
and threaded cylindrical pins, the pin diameters was
determined by measuring the bottom diameter of
the pin. In the square pin, the pin diameter was
determined by measuring the diagonal lengh of the
bottom of the pin. A standard M8 thread cylindrical
pin was formed. Then, the pin of the tool was milled
to a 7.5 mm diameter. The tool dimensions and their
ranges employed in this study are given in Table 1.
In this study, the welding parameters were selected
from a previous publication. Optimum parameters
obtained previously were selected for the experi-
ments. The welding parameters were constant as
900 rpm tool rotational speed, 105 seconds dwell
time and 50 seconds delay before retracting the
tool. The rotating tool plunged into the upper sheet
with a 0.33 mm/s plunge rate down to a 0.20 mm
depth at an accuracy of ±0.02 mm [35]. The stirring
phase of FSSW started with the completion of the
tool plunging. In this phase, the tool rotated without
plunging. The duration of this phase is called the
dwell time. Upon reaching of the predetermined
dwell time, the rotation of the tool was immediately
stopped. The tool stayed in the weld zone for
50 seconds and then it was retracted. All the weld-
ing operations were done at the room temperature.
Before welding each specimen the pin and the
shoulder of the tool were cooled to the room tem-
perature.
Welded lap-shear specimens were tested on an
Instron machine at a constant crosshead speed of

5 mm/s. The fracture load was recorded during the
test. The lap-shear fracture load was obtained by
averaging the strengths of 5 individual specimens,
which were welded with identical welding parame-
ters. As a result of these experiments, the effect of
tool properties on the lap-shear fracture load were
investigated.
Weld cross section appearence observations of the
joints were done with a video spectral comparator
at 12.88X magnification. For macroscopic structure
studies, thin slices (30 #m) were cut from the welded
specimens using a Leica R6125 model rotary type
microtome. These thin slices were investigated
using a VSC-5000 model video spectral compara-
tor. The photographs of the cross sections were
obtained. So, the effect of tool properties on weld
stir zone formation were investigated.

3. Results and discussion
The importance of the tool pin profile was shown in
Figure 5. In these tests, each tool had a 7.5 mm pin
diameter, a 5.5 pin length, 6° shoulder angle and
30 mm shoulder diameter. The tapered cylindrical
pin had a 15° pin angle. The maximum fracture load
was obtained with the tapered cylindrical pin
(4032 N). The straight cylindrical pin profile gave
the lowest fracture load (3305 N). The reason of
this difference can be easily explained with the
weld stir zone thicknesses which are shown in Fig-
ure 6. The straight cylindrical pin and tapered cylin-
drical pins have the same pin diameter (7.5 mm),
but the weld stir zone thickness obtained by these
pins are different. The stir zone thickness of the
straight cylindrical is 7.5 mm as shown in Figure 6a.
The 15° tapered cylindrical pin has a 8.4 mm weld
stir zone thickness (Figure 6b).
These two photographs show that the tapered pin
produced a bigger weld area. The lap-shear fracture
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Table 1. The FSSW tool dimensions
Dimensions Symbol Units Ranges

Shoulder diameter D millimeter [mm] 10–35
Pin length l millimeter [mm] 3.8–6.5
Pin angle $ ° 0–25
Shoulder angle ! ° 0–12

Figure 4. FSSW tool profile and pin size (d): a) straight
cylindrical, b) tapered cylindrical, c) threaded
cylindrical, d) square

Figure 5. Lap shear fracture loads of different pin profiles



force of a FSSW joint is directly proportional to the
stir zone thickness and the weld bond area [30]. In
FSSW of thermoplastics the welding force effect of
a pin increases with the pin angle [13]. The tapered
pin produces more friction heat and a bigger weld
thickness as shown in Figure 6. The heat produced
in the weld area is directly propertional to the weld-
ing force [36, 37]. A high welding force produces
more heat and a bigger weld area which causes a
high weld strength [24]. Therefore, the tapered pin
produces a higher welding force than the straight
cylindrical pin [13]. Therefore, the strength of the
15° tapered pin is higher than that of the straight
cylindrical pin. In Figure 5, it is shown that the
threaded cylindrical pin's weld has a lower fracture
load than the tapered pin's weld. This is an unex-
pected result. It was reported that the thread geome-
try [38], thread orientation [22] and thread pitch
size [37] were important in metal FSSW operations.
The effect of the lap-shear tensile fracture load and
the tool pin angle on welding zone are shown in
Figure 7 and Figure 6. Each tool had a 7.5 mm pin
diameter, a 5.5 mm pin length, 6° shoulder angle,
30 mm shoulder diameter and from 0 to 25° pin
angle. The photographs illustrate that the size of the
keyhole which formed in the welding zone was
directly dependent on the pin profile. The wall slope
of the keyhole changed with the pin angle of the
tool. The stir zone thickness is 7.5 mm for the

straight cylindrical pin, 8.4 mm for the 15° pin angled
tapered pin and 8.9 mm for the 25° pin angled
tapered pin. The tapered pins created thicker stir
zone s than the straight cylindrical pin. The straight
cylindrical pin which had a 0° pin angle gave the least
fracture load. The fracture load increased with the
pin angle up to 15° and then the fracture load reduced
with the bigger pin angle. The stir zone thickness
increased with the pin angle as shown in Figure 6.
Although the 25° tapered cylindrical pin has a
8.9 mm weld stir zone thickness, weld strength was
lower than the others. The 25° tapered cylindrical pin
has produced more heat than the other tools. So,
excessive heat and pressure will cause breakage of
the chain structure. An excessive pin angle causes
extra high friction heating which lowers the weld
strength FSSW of thermoplastics.
In order to determine the effect of the thread pitch
length on polypropylene FSSW, four different
threaded cylindrical pins were produced. These pins
are shown in Figure 8. The diameter of the each pin
was 7.5 mm. The pitch length was varied between
0.8–2.0 mm. The pin length was 5.5 mm at each
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Figure 6. The effect of pin angle on weld stir zone forma-
tion. (a) straight cylindrical pin, (b) 15° pin angled
tapered cylindrical pin and (c) 25° pin angled
tapered cylindrical pin.

Figure 7. The effect of pin angle on the lap-shear fracture
load

Figure 8. The geometry pitch length of theraded pins

Figure 9. The effect of pitch length on lap shear fracture
load



tool. The 30 mm tool shoulder diameter, 0° pin angle
and 6° shoulder angle were constant in the tools. The
effect of pitch length on lap-shear fracture load is
shown in Figure 9. The fracture load decreased with
the pitch length. During FSSW operations material
expulsion increased with the pitch. This lowers the
weld strength. The threaded cylindrical pin shown
in Figure 5 had a 1.25 mm pitch. The fracture load
obtained with the 0.8 mm pitch (Figure 9) is higher
than the result of the 15° tapered pin and 1.25 mm
pitch thread pin (Figure 5 and 9). That is why this
pin gives a lower strength than the pin of 0.8 mm
pitch. Increasing the threaded pitch punctures the
materials as a drill [39]. So, shavings of material
flow upward. In the FSSW process the most impor-
tant point is that the shavings of the material must
remain between the upper surface and the shoulder.
If such conditions are not provided in the FSSW
operation, welding will not occur. Therefore,
threaded pitch was found to be important for the
properties for FSSW.
Figure 10 shows the effect of the pin length on the
weld fracture load. The tools used for these tests
had a 30 mm shoulder diameter, 6° shoulder angle,
15° pin angle and 7.5 mm pin diameter. The pin
length was varied between 3.8–6.5 mm. The frac-
ture load was nearly zero when the weld was made
with the 3.8 mm pin length tool. A weld was not
formed between the sheets. The pin worked as a
drill. The pin hardly plunged into the lower work-
piece. Most of the drilled material of the upper
sheet was expelled out, so a very small weld stir
zone formed which gave a very small fracture load.
The fracture load increased with the pin length up
to 5.5 mm. The maximum lap-shear fracture load
was obtained with the tool which had a 5.5 mm pin
length. The pins which were longer than 5.5 mm
gave smaller fracture loads. The weld cross sections

of these welds are shown in Figure 11. Therefore, it
expelled the drilled material out of the welding
zone. A small stir zone formed with this pin and
only a 100 N fracture load was obtained as shown
in Figure 11. The optimum pin length was deter-
mined as 5.5 mm. Longer pin lengths produced big-
ger weld bond area but lowered the fracture load.
The weld strength and the weld stir zone thickness
increased with the pin length (Figure 11).
Figure 12 illustrates the effect of the shoulder diam-
eter on the lap-shear fracture load. All the tools used
for these tests had a 6o shoulder angle, 15° pin angle,
7.5 mm pin diameter and 5.5 mm pin length. The
shoulder diameter was varied between 10 and 35 mm.
The lap-shear tensile force increased with the shoul-
der diameter up to 30 mm. Then the lap-shear frac-
ture load reduced slightly with the increased shoul-
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Figure 10. The effect of the pin length on the lap-shear
fracture load

Figure 11. The effect of the pin length on the weld cross
sections. (a) 4.5 mm pin length, (b) 5.5 mm pin
length and (c) 6.5 mm pin length.

Figure 12. The effect of the shoulder diameter on the lap-
shear fracture load



der diameter. The load increased with the shoulder
diameter because a big shoulder produced more fric-
tion heat [13] and a bigger stir zone thickness [33]
as shown in Figure 12. The best load was obtained
with the 30 mm shoulder diameter. The weld stir zone
thickness increased with the shoulder diameter as
shown in Figure 13. The shoulder diameter is under-
stood to be very important for produced the heat
and pressure. FSSW process must be selected the
most suitable diameter of the shoulder for weld
quality.
The effect of the shoulder concavity angle on the
weld strength was shown in Figure 14. Each tool
used for these tests had a 30 mm shoulder diameter,
15° pin angle, 7.5 mm pin diameter and 5.5 mm pin
length. The shoulder concavity angle was varied
between 0.8–2.0 mm. The fracture load increased
with the shoulder angle. The best load was obtained
with the 6° shoulder angle. Increasing the shoulder
angle beyond the 6° angle caused a decrease in the
weld strength. Therefore, a very small stir zone thick-
ness and a small fracture load were obtained. If the
shoulder angle is above this angle a smaller weld
strength was obtained. The flat shoulder didn't pro-
duce a healthy weld stir zone, because during the
stirring period of the welding operation the stirred

material was expelled out. A zero degree angle of
the shoulder mustn't be used in FSSW experiments.
In this study each mechanical test diagram shows
an extremum. The lap-shear fracture load increases
with the pin angle (Figure 15), the pin length (Fig-
ure 10), the shoulder diameter (Figure 12) and the
shoulder concavity angle (Figure 14). All these dia-
grams indicate that there is an optimum value for
each tool geometry variable. When the variable value
exceeds the critical value, the weld strength starts
decreasing. The size of the weld increased conti-
nously with the pin geometry variable (Figures 6,
11, 13 and 15). For example, the weld stir zone thick-
ness increased with the pin angle (Figure 6). The
lap-shear fracture load reached its highest value
with the 15° pin angle (Figure 7). The fracture load
of the 25° pin is less than the 15° pin. Although the
25° pin had a bigger weld thickness than the 15° pin
(Figure 6), a lower fracture load was obtained with
it. The reason of this strength difference is due to
the chain scission [40]. Chain scission lowers the
strength of a thermoplastic material [41]. If a molten
thermoplastic material is heated to a high temperature
and then a high pressure is applied to it, a decrease
in the molecular weight of the material occurs [40].
The mechanical properties of thermoplastics decrease
with lowering the molecular weight [42]. In FSSW
the welding tool produces a compressive pressure
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Figure 13. The effect of the shoulder diameter on the weld
cross sections. (a) 20 mm shoulder diameter and
(b) 30 mm shoulder diameter.

Figure 14. The effect of the shoulder angle on the lap-shear
fracture load

Figure 15. The effect of the shoulder angle on the joint
cross section, (a) 1.5° shoulder angle tool, (b) 6°
shoulder angle tool and (c) 12° shoulder angle
tool



in the weld zone [27]. In FSSW of thermoplastics
the material in the weld area melts [13]. Very high
temperatures were recorded in FSW of plastics [15,
43]. High melt temperatures and high welding forces
cause chain scission in the welding zone of the plas-
tics which lowers the weld strength [44].
The physical properties of a polymer are strongly
dependent on the size or length of the polymer chain.
For example, as chain length is increased, melting
and boiling temperatures increase quickly. Weld
strength also tends to increase with chain length, as
does the viscosity, or resistance to flow, of the poly-
mer in its melt state. FSSW process produces high
temperature and pressure. But excessive heat and
pressure will cause to break the chain structure. Most
of molten material was expelled out, so a very small
weld stir zone formed which gave a very small frac-
ture load. Thus, a reduction in weld strength occurs.
In the friction stir welding is very important to
check the excessive heat and pressure. Furtermore,
tool geometry is very important in the production of
heat and pressure.

4. Conclusions
The following results were derived from this study:
–%The biggest tensile strength were obtained with

threaded tool (Pitch length 0.8 mm, 7.5 mm pin
diameter, 5.5 mm pin length, 30 mm shoulder
diameter and 6° shoulder angle.

–%In polypropylene FSSW, the weld tool geometry
affects stir zone formation and weld lap-shear
fracture load.

–%The optimum straight tool geometry for 4 mm
thick sheets was determined as 7.5 mm pin diam-
eter, 15° pin angle, 5.5 mm pin length, 30 mm
shoulder diameter and 6° shoulder angle.

–%The weld strength obtained with a threaded pin
decreases with the pitch. Pitch length of threaded
pins are very important for the weld quality and
the weld strength.

–%Chain scission can occur in polypropylene FSSW,
if excessive high friction heating is created in the
weld zone.

–%Excessive heat and pressure will cause to break
the chain structure. So, the importance of control-
ling excessive heat and pressure was emerged.
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1. Introduction
Carbon nanotubes (CNTs) are unique materials
with superior mechanical, thermal and electrical
properties. CNTs are of increasing interest both in
the academic and industrial worlds for use as fillers
in polymer composites in which low mass, electrical
conductivity and mechanical strength are required.
In general, the challenge for controlling and predict-
ing nanocomposite properties lies in understanding
interfacial phenomena between the particles and
polymers. The dispersion of the CNTs in the matrix
polymer and interfacial adhesion between the CNTs
and polymers are the two major factors that deter-
mine the reinforcement effect of the CNTs. Compro-
mises have to be made in order to obtain high rein-
forcement and electrical conductivity in the resulting
composite. The orientation of the CNTs in compos-

ites has contradictory effects on the properties of
the composite. Well-aligned CNTs in the composite
improve mechanical properties [1, 2]. Tensile tough-
ness of poly(methyl methacrylate) (PMMA) increased
170% after addition of 1!wt% CNTs, which were
oriented in the matrix [1]. On the other hand, elec-
trical conductivity decreases in well-aligned CNTs
[3–5]. In PMMA composites with 2!wt% CNTs, the
nanotube alignment decreased the electrical con-
ductivity from 10–4 S/cm (unaligned) to 10–10 S/cm
(aligned) [4]. Electrical conductivity of the com-
posites is based on the continuous network of the
conductive phase throughout the composite. There
are many factors to be considered when the conduc-
tivity of a composite is to be optimized. The CNTs
are mainly concentrated in the amorphous phase of
the matrix, and when the crystallinity of the matrix
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increases, the concentration of the CNTs increases
in the amorphous phase by increasing the conduc-
tivity of the composite [6].
CNTs, having high surface energy and strong van
der Waals interactions, are difficult to disperse in
the matrix polymer on the nanoscale level through
simple mixing. Conventional mixing in solution or
melt mixing usually gives nanoscale dispersion of
CNTs with poor stability [7]. Yet direct melt mixing
and the use of a masterbatch are highly desired pro-
cessing methods in many applications which
require highly stabile dispersions.
Direct melt mixing is not sufficient for breaking up
CNT agglomerates and dispersing the CNTs into
the matrix polymer when interfacial interactions are
poor between the CNTs and the matrix polymer.
Chemically modified CNTs are more soluble than
pristine nanotubes and are more easily incorporated
into a matrix polymer, including when using melt
mixing. Using functionalized CNTs and a compati-
bilizer, Jin et al. [8] have managed to improve the
dispersion of the CNTs in a polypropylene matrix in
melt mixing. Lin et al. [9] have studied the mixing
conditions in different melt mixers and the effect of
shear on CNT agglomerates during mixing. Isayev
et al. [10] have prepared an ultrasonic-assisted
extruder for direct melt mixing, which enhanced the
dispersion of the CNTs in polyetherimide. When
composites are prepared by melt processing, the
crystallinity of the matrix polymer affects both the
mechanical properties and electrical conductivity of
the composite. Coleman et al. [11] have determined
that rather than acting as reinforcing agents, the
major role played by the CNTs in improving the
mechanical properties of composites is to nucleate
polymer crystallization. The same phenomena have
been observed with polypropylene-CNT compos-
ites [6, 12]. In the case of the PP-CNT composite, the
mechanical properties, elongation at break and
impact strength, decreased as the amount of CNTs
in the composite increased. With only a small amount
of CNTs, 0.5!wt%, the mechanical properties were
improved, which was attributed to increased matrix
crystallinity. Yet the percolation threshold was at
8.0!wt% CNTs [13]. In addition, a polyamide 6-
CNT composite was produced in which the crys-
tallinity increased after addition of CNTs and
mechanical properties were improved [14, 15].

To use a masterbatch, the CNTs are first dispersed
in one polymer, and this composite is then melt
blended with a second polymer. Melt mixing in
extruders has provided a reasonably economical
way to produce a wide range of polymer blends.
The improvement in mechanical properties of a
blend requires that the phase of the matrix polymer
is continuous, and that there is sufficient adhesion
between the phases. In melt mixing, phase separa-
tion can be controlled by adjusting the viscosity
ratios [16] and shear rates [17] to achieve a mor-
phology in which both phases are continuous or the
CNT-rich polymer phase is continuous. In such
blends, double percolation can be exploited to min-
imize the CNT content in the composite [18, 19]. In
polyamide 6-CNT composites, the percolation thresh-
old was between 4–6!wt% CNTs. When this com-
posite was blended with acrylonitrile/butadiene/
styrene (ABS), the CNTs were selectively located
in the polyamide-6, and percolation threshold
decreased to 2–3!wt% CNTs [18]. Depending on the
conditions, the CNTs can reorganize during melt
mixing by diffusion. The diffusivity of the CNTs is
determined by the viscosity of the matrix polymer
and thus the extent at which they can reorganize
[20]. The thermodynamically-driven migration effect
can be used to obtain well-dispersed CNTs in a
matrix polymer. Pötschke et al. [21] have used a
polyethylene-CNT masterbatch in extrusion with
polycarbonate or polyamide. The CNTs diffused
into matrix polymers that had lower interfacial
energies with the CNTs. Electrical percolation was
achieved at a lower CNT content than that needed
with direct incorporation of the CNTs.
To obtain only mechanical improvements, Yuan et
al. [22] prepared a polystyrene-CNT masterbatch
by using in situ polymerization of styrene to coat the
CNTs with polystyrene, and the masterbatch was
diluted with melt mixing. They managed to enhance
impact strength 250% compared with pure PS by
adding 0.3!wt% CNTs to the composite, while main-
taining the good dispersion of the CNTs. Tong et al.
[23] coated the CNTs with polyethylene and after
melt mixing with matrix polyethylene, the mechan-
ical properties were similar to those of the matrix
polymer; without coating the CNTs, poor mechani-
cal properties obtained.
In this paper, we demonstrate the benefit of using
the in situ polymerized composites as a master-
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batch. We have previously used in situ polymeriza-
tion to form stable dispersions of CNTs in two dif-
ferent types of polymers, polystyrene and poly
(methyl methacrylate) [24]. The properties of the in
situ polymerized masterbatch can be tailored based
on the desired viscosity to form conductive paths in
the final composites. The viscosity of a masterbatch
can be optimized by changing the molecular weight
of a masterbatch and/or by adding plasticizer. We
show that the addition of a plasticizer is an easy
way to alter the viscosity of materials. We studied the
effect of CNTs, both type and amount of CNT, in in
situ emulsion and combined emulsion/suspension
polymerization of styrene and methyl methacrylate.
Based on the results, the preparation method of mas-
terbatches was selected in order to obtain high con-
tent of CNTs and appropriate molecular weight of
the masterbatch. Significant improvements for low-
ering resistivity of PMMA-CNT composite was
achieved by using in situ polymerized masterbatch.

2. Materials and methods
2.1. Materials
Monomers styrene (>99%, Fluka, Steinheim, Ger-
many) and methyl methacrylate (MMA, >99%,
Fluka, Steinheim, Germany) were treated with alu-
minum oxide (Fluka, Steinheim, Germany) to remove
inhibitor, initiators potassium peroxodisulfate (KPS,
Fluka, Steinheim, Germany) and azobisisobutyroni-
trile (AIBN, Fluka, Switzerland), surfactant sodium
dodecyl benzene sulfate (DBSA, Fluka), buffer
sodium hydrogen carbonate (NaHCO3, Merck), plas-
ticizer glycerol (>99%, Merck), and multi-walled
carbon nanotubes (CNTs, NC7000, Nanocyl, Sam-
breville, Belgium) were used as received. CNTs has
been manufactured via a chemical vapor deposition
(CVD) process, the carbon purity is ~90%, average
diameter ~9.5 nm, and average length ~1.5 µm
according to manufacturer. All water used was dis-
tilled. Matrix polymers polystyrene (PS, Styron
678E, Styron Europe GmbH, Horgen, Switzerland)
and poly(methyl methacrylate) (PMMA, IG840,
LG Chemicals, Korea) were milled before melt
mixing.

2.2. In situ – polymerization of masterbatches
The molecular weight of a polymer depends on the
polymerization method and the amount of CNTs in

the in situ polymerization reaction [24]. Therefore
two polymerization techniques were used in order
to control the molecular weights: emulsion poly-
merization with KPS as an initiator and combined
emulsion/suspension polymerization with AIBN as
an initiator. PMMA-masterbatch was prepared by
using emulsion polymerization method with
10 wt% CNTs in order to get molecular weight that
approaches the molecular weight of commercial
PMMA matrix. High molecular weight PS-master-
batch was prepared by using the emulsion polymer-
ization method with 12!wt% CNTs and low molec-
ular weight PS-masterbatch by using combined
emulsion/suspension method with 6!wt% CNTs.
At first, a seed emulsion was prepared. The CNTs,
0.5 g surfactant, 0.1 g buffer, and 90/100 mL water
were introduced into a 250 mL three-neck round
bottom flask, cooled in an ice bath, and the mixture
was deoxygenated with argon. Ultrasonic irradia-
tion was carried out with the probe of the ultrasonic
horn immersed directly into the mixed system. The
power output was set at 100 W and the system was
irradiated 30 min. After ultrasonic treatment, the
flask was transferred into an oil bath and fitted with
a stirrer under argon atmosphere.
In the case of the emulsion polymerization, 0.09 g
initiator (KPS) was dissolved in 10 mL water and
the solution was fed into the seed emulsion before
monomer feed. The monomer (5 mL) was added
dropwise with a membrane pump at 0.03 mL/min to
control the growing polymer particles in the emul-
sion. Polymerizations were conducted with a stir-
ring rate of 300 rpm under argon atmosphere for 15–
18 h at 60°C for PMMA-masterbatches and at 70°C
for PS-masterbatches.
In the case of the combined emulsion/suspension
polymerization, 0.045 g initiator (AIBN) was dis-
solved in 5 mL of styrene and the solution was fed
into the seed emulsion with the membrane pump at
0.03 mL/min. Polymerization was conducted with
stirring rate of 300 rpm under argon atmosphere for
3 h at 80°C.
The emulsions were dried at 50°C in an oven
overnight. To adjust the viscosity of a masterbatch,
a plasticizer (30!wt% or 50!wt% based on monomer
content) was added to the emulsion before drying.
The masterbatches with added plasticizer are
referred to as plast30 and plast50, respectively.
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2.3. Melt mixing
The composites were prepared with a corotating
twin-screw midiextruder (DSM, Pforzheim, Ger-
many; capacity = 16 cm3; screw length L = 150 mm)
under nitrogen atmosphere. In the case of PS com-
posites, different screw speeds, 60/80/120 rpm, and
mixing times, 5/10/15 min, were tested at 190°C.
PMMA composites were mixed at 120 rpm for
10 min at 210°C. The CNT content in composites
was 1–4!wt% and the CNTs were incorporated
directly or by using a masterbatch. The master-
batches were in powder form after drying. In order
to obtain favorable phase morphology of the mas-
terbatches in the final composite, matrix polymers
were milled. The particle size of the masterbatch
varied from fine powder to coarse powder, because
some agglomeration of polymer pearls occurred
during drying. Therefore matrix polymers were
milled to a fine powder with particle size less than
500 "m. The components were mixed together
before feeding into the midiextruder. The samples
were designated based on the content of CNTs in
the composite, followed by how CNTs were incor-
porated, directly (CNTs) or with masterbatch (MB),
and the matrix polymer.

2.4. Characterization
Molecular weights (Mw) and molecular weight dis-
tributions (D) were determined with respect to poly -
styrene standards by size exclusion chromatogra-
phy (SEC, The Waters Associates system, USA). The
samples were dissolved in tetrahydrofuran (THF)
and THF was used as eluent. The samples were ana-
lyzed at room temperature.
Mechanical properties of the composites were char-
acterized from hot-pressed samples (hot-press,
Fontijne TP 400, the Netherlands). The used melt-
ing and pressing temperatures and times were
170°C/5 min for PS and 165°C/4 min for PMMA.
The used pressure was 150 kN. Tensile tests were
performed with an Instron 4202 testing machine
(Instron, United Kingdom) using a test speed of
5 mm/min and with specimen type 1BA according
to the standard ISO 527:1993(E).
The bulk resistivity of the composites was measured
by the four-probe method (Keithley 2400 Sourceme-
ter, USA). Alligator clips were used as electrodes
and the electrodes were placed in the middle of the
tensile test specimen. The cross sectional area of the

tensile test specimen was 0.075 cm2. The distance
between the clips was 1 mm. The measurement was
repeated three times per sample and the electrical
resistivity was determined as an average value.
Thermal analyses with differential scanning
calorimetry (Mettler Toledo DSC 821, Switzerland)
using a heating rate of 10°C/min from 25°C to
190°C with PS and to 220°C with PMMA were car-
ried out to determine the glass transition tempera-
tures, Tg.
The melt rheological properties of the master-
batches were determined indirectly from the final
composites by using a rotation rheometer (Anton
Paar Physica MCR 301, Austria) with parallel plate
geometry, gap 0.4 mm, at 190°C for PS and at
210°C for PMMA, using dynamic oscillation fre-
quency sweeps of 0.1–100 rad/s under nitrogen
atmosphere. The morphology of the composites was
characterized with a field emission scanning elec-
tron microscope (SEM, JSM-6335F JEOL, Tokyo,
Japan). The extrudates were fractured after cooling
in liquid nitrogen, and the fractured surfaces were
sputter-coated with platinum under argon. The elec-
tron micrographs were taken using an acceleration
voltage of 5.0 kV.

3. Results and discussion
We have investigated a number of parameters that
can affect the final properties of CNT composites.
The purpose was to obtain a conductive composite,
and the mechanical properties were determined for
chosen samples based on their electrical perform-
ance. Two different polymers were chosen as matrix
polymers. The first was polystyrene, which has a
compatible structure with CNTs, and interactions
were based on #-stacking. The latter was poly(methyl
methacrylate), which does not have favorable groups
in the backbone or the side chain to form strong
interactions with CNTs. All properties, i.e. resistiv-
ity and mechanical properties, were analyzed from
unoriented CNT composite samples.
There are only limited possibilities to affect shear
forces in the midiextruder to disperse the CNTs into
the matrix polymer. Therefore, the particle size of the
matrix polymers was reduced by milling in order to
improve the dispersion of CNTs in the final com-
posites. The effect of various mixing times and rota-
tion speeds on the dispersion of CNTs was studied
with polystyrene, which have strong interactions
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with the CNTs. Based on the conductivity of the
composites, the most efficient combination of mix-
ing time and rotation speed was 120 rpm and 10 min
(Table 1). This combination was the best for prepar-
ing both the directly melt mixed CNT composites
and the masterbatch composites of polystyrene.
In general, the resistivity decreased when the CNT
content increased in the composites. PS composites
were conductive with CNT loading of 1–2!wt%
(Table 1). Due to the compatible structure of the
CNTs and polystyrene, CNTs disperse more easily
into the PS matrix, and the directly melt mixed PS-
CNT composites were conductive with CNT load-
ing of 1–2!wt%. By using a masterbatch, the same
conductivity level with the same CNT loading was
achieved in the final composite. However, the prop-
erties of a masterbatch affected greatly to the con-
ductivity of the final PS composite. When the mas-
terbatch was used, the properties of the masterbatch
were needed to optimize in order to achieve the
conductive composite.
The molecular weight of matrix polymers affects
the mechanical and rheological properties [25, 26].
Therefore, the molecular weights were analyzed by
rheometry. Based on the rheological model of the
volume fraction (!) and viscosity ("), phase conti-
nuity and inversion in polymer blends and simulta-
neous interpenetrating networks can be predicted
(Equation (1)) [16]:

                                                       (1)

The matrix polymers have quite low molecular
weights compared to the masterbatches (Table 2).

The final PS composites with the high molecular
weight PS-masterbatch were conductive below
3 wt% CNTs. However, directly melt mixed PS-
CNT composites were already conductive below
2 wt% CNTs.
The morphology of the composite is affected by the
viscosity of the masterbatch, thus rheological meas-
urements were carried out. The viscosities of mas-
terbatches could not be measured directly due to
instrument limitations, therefore the measurements
were performed with the final composites. Indirect
measurements of rheological properties of the mate-
rials revealed that the addition of CNTs increased
the viscosity and dynamic moduli of the composites
(Figures 1–2). The viscosity of the final PS com-
posites was highest when the masterbatches were
used, as the higher molecular weight of the polymer
induces a higher viscosity (Figure 1).
The viscosity of the PS matrix increased after addi-
tion of CNTs (Figure 1). There was also a notable
difference between the high molecular weight PS-
masterbatch and the low molecular weight PS-mas-
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Table 1. The electrical resistivity and mechanical properties of polystyrene samples; melt mixing parameters were 10 min
and 120 rpm, if not marked otherwise

a)The resistivity of pure PS is a literature value, from ref [25]

Sample CNT content
[wt%]

Electrical resistivity
[!·cm]

Young’s modulus
[MPa]

Tensile strength
[MPa]

Strain
[%]

PS – 1020–1022 a) 1170±43 34±2 3.3±0.2
1 CNTs/PS 1 >109 1130±24 28±3 2.8±0.3
1 MBPS,KPS/PS 1 >109 1210±48 31±4 3.0±0.1
2 CNTs/PS 2 1.1$105 1170±58 20±8 2.1±0.7
2 MBPS,KPS/PS 2 2.0$107 1290±71 30±3 2.8±0.4
2 MBPS,KPS/PS 5 min/120 rpm 2 >109 – – –
2 MBPS,KPS/PS 5 min/60 rpm 2 >109 – – –
2 MBPS,KPS/PS 10 min/60 rpm 2 >109 – – –
2 MBPS,AIBN/PS 2 2.6$107 1180±58 22±10 2.2±0.9
2 MBPS,AIBN plast30/PS 2 1.1$105 990±30 18±3 2.2±0.5
3 CNTs/PS 3 650 1170±53 18±7 1.8±0.4
4 CNTs/PS 4 180 1220±26 28±1 2.5±0.1

Table 2. Molecular weights (Mw), molecular weight distri-
butions (PD), and glass transition temperatures
(Tg)

Sample
CNT

content
[wt%]

Mw
[g/mol] PD Tg

[°C]

PS, powder – 260 000 2.5 87
MBPS (KPS) 12 1 450 000 3.3 89
MBPS (AIBN) 6 630 000 3.4 107
MBPS (AIBN) plast30 6 630 000 3.4 106
PMMA, powder – 93 000 1.9 106
MBPMMA 10 280 000 3.8 123
MBPMMA plast30 10 280 000 3.8 118



terbatch. The difference was more pronounced at
low frequency, where the viscosity of high molecu-
lar weight PS-masterbatch was higher than that of
the lower molecular weight PS-masterbatch with
the same amount of CNTs in the final composites.

The high molecular weight PS-masterbatch had the
higher melt viscosity compared to the viscosity of
the PS matrix. Based on the Equation 1, the master-
batch formed a discontinuous phase, because of the
insufficient viscosity ratio of the components. In
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Figure 1. Complex viscosity (a), storage modulus (b), and
loss modulus (c) of the final PS composites

Figure 2. Complex viscosity (a), storage modulus (b), and
loss modulus (c) of the final PMMA composites



order to improve the viscosity ratio of the compo-
nents, the molecular weight of the PS-masterbatch
was decreased by changing the in situ polymeriza-
tion method. When the molecular weight of the PS-
masterbatch was decreased and with higher poly-
dispersity, the viscosity of the masterbatch slightly
decreased. However, the resistivity of the final PS
composite with the low molecular weight master-
batch was not decreased compared to the final PS
composite with high molecular weight masterbatch
(Table 1).
In the final PS composite with the low molecular
weight masterbatch, the CNTs remained primarily
in the PS-masterbatch phase due to the presence of
AIBN initiator. The initiator can form additional
bonding with CNTs [27], and some polymer pearls
were tightly attached to CNTs preventing them from
diffusing to the matrix polymer from the master-
batch (Figure 3). Therefore, the lower molecular

weight decreased the viscosity of the masterbatch,
but was offset by the presence of CNTs.
An optimum viscosity ratio of the components was
achieved when glycerol was added to the low molec-
ular weight PS-masterbatch, with a corresponding
decrease in resistivity of the final composite. The
viscosity and dynamic moduli of the final compos-
ite increased when glycerol was added to the low
molecular weight PS-masterbatch (Figure 1). With
the addition of glycerol, the plasticized PS-master-
batch formed finer phase morphology in the final
composite and the CNTs were able to diffuse into
the PS matrix, which slightly increased the viscos-
ity of the final composite. The Tg values of the pure
composite components correlated, to some extent,
with the viscosities of the composites (Table 2). The
PS matrix had the lowest Tg, but the high molecular
weight PS-masterbatch had a similar value. The low
molecular weight PS-masterbatch showed the high-
est Tg. Due to the initiator used in the in situ poly-
merization of the low molecular weight PS-master-
batch, there were polymer chains grafted to the
CNTs, which increased the Tg of the PS-master-
batch.
The matrix polymers were processed similarly as
composites, in order to diminish the processing
effects on the mechanical properties of CNT com-
posites. The processing itself deteriorated the mechan-
ical properties, which can be seen by comparing the
values of pure matrix polymers given by the manu-
facturers and the values of processed matrix poly-
mers (Tables 1 and 3). Tensile strength and strain at
break for PS are 43.0 MPa and 2.0%, and for PMMA
73.0 MPa and 11.0%, respectively, given by manu-
facturers.
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Figure 3. SEM micrograph of dried PS-masterbatch emul-
sion, AIBN as an initiator in the polymerization

Table 3. The electrical resistivity and mechanical properties of PMMA samples

a)The resistivity of pure PMMA is a literature value, from [26]

Sample CNT content
[wt%]

Electrical resistivity
[!·cm]

Young’s modulus
[MPa]

Tensile strength
[MPa]

Strain
[%]

PMMA – > 1015 a) 1220±39 58±3 6.2±0.5
1 CNTs/PMMA 1 >109 – – –
1 MBPMMA/PMMA 1 >109 – – –
2 CNTs/PMMA 2 >109 1260±50 41±6 3.6±0.6
2 MBPMMA/PMMA 2 >109 1240±33 25±4 2.4±0.4
2 MBPMMA plast30/PMMA 2 1.1$108 – – –
2 MBPMMA plast50/PMMA 2 4.1$107 – – –
3 CNTs/PMMA 3 >109 1280±35 32±10 3.5±0.8
3 MBPMMA/PMMA 3 >109 1270±10 20±4 2.1±0.05
3 MBPMMA plast30/PMMA 3 320 989±69 26±8 3.2±1.3
4 CNTs/PMMA 4 >109 – – –
4 MBPMMA/PMMA 4 1.3$105 – – –



Compounding CNTs directly with the matrix poly-
mer appeared to slightly weaken the mechanical
properties. In the case of PS, tensile modulus was
affected more by the high molecular weight PS-
masterbatch than by CNTs (Table 1). Tensile modu-
lus was slightly higher when the high molecular
weight PS-masterbatch was used. The direct addi-
tion of CNTs into the PS matrix did not affect ten-
sile modulus, nor did the use of the low molecular
weight PS-masterbatch. The improvement of mechan-
ical properties depending on the molecular weight
of the PS-masterbatch was seen more clearly in ten-
sile strength. Tensile strength decreased when CNTs
were added directly to PS matrix, which implies that
CNTs were agglomerated and not dispersed as indi-
vidual tubes. It has been observed that the addition
of 0.15!wt% purified CNTs into a polystyrene slightly

decreased tensile strength [22]. When the amount of
CNTs increased to 4!wt%, they began to strengthen
the composite, as a micro-size filler. The addition of
plasticizer to the low molecular weight PS-master-
batch decreased the mechanical properties of the
final PS composite (Table 1).
The SEM micrographs confirmed that the CNTs
and the masterbatches formed separate phases in
the final composites (Figures 4–5). The obtained
resistivities of PS composites were ca. 105 %·cm.
Though #-stacking between CNTs and PS limits the
reagglomeration of CNTs, the CNTs formed agglom-
erates and behaved as macroscopic particles rather
than individual nanoparticles in the directly melt
mixed CNT composites. The diameter of CNT
agglomerates was ca. 1 "m in the PS matrix, and the
effect of the agglomerates can be seen in the mechan-
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Figure 4. SEM micrographs of fracture surfaces of PS extrudates, a) 2 wt% CNTs in the final composite, prepared directly
melt-mixed CNTs (2 CNTs/PS), b) higher magnification of 2 CNTs/PS composite c) 2!wt% CNTs in the final
composite, prepared using masterbatch (2 MBPS,AIBN/PS), and d) higher magnification of 2 MBPS,AIBN/PS com-
posite



ical properties, which were not improved as much
as expected based on the amount of CNTs. On the
other hand, CNTs were partly dispersed as individ-
ual tubes that formed an agglomerated network
which improved the conductivity of the composite.
In the final PS composites with PS-masterbatches,
CNTs were mainly in the masterbatch phase and they
were covered with in situ polymerized styrene (Fig-
ure 4c–d). In the previous study of in situ polymer-
ization of PS-CNT composites, the obtained resist-
ances were under 100 % [24]. Even though the
resistivity and resistance values are not exactly pro-
portional, the difference between the conductivities
of the final PS composites and in situ polymerized
PS-CNT composites indicates, in accordance with
SEM image (Figure 4c), that the PS-masterbatch
was dispersed in the matrix. Therefore, the resistiv-

ities of the final composites with PS-masterbatches
were relatively high.
In the case of PMMA, without significant interfa-
cial adhesion between the matrix polymer and the
CNTs, there are only shear forces in the midiex-
truder to break up the CNT agglomerates. In addi-
tion, there are no additional forces to break up the
CNT agglomerates and inhibit the reagglomeration
of CNTs. The resistivity values of PS composites
were clear indicators to select the efficient mixing
parameters for PMMA. When the same mixing
parameters were used, directly melt mixed PMMA-
CNT composites were not conductive even with
CNT loading of 4!wt% (Table 3).
To form a conductive network of CNTs in the PMMA
matrix, the PMMA-masterbatch was tested. The
low molecular weight masterbatch was chosen based
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Figure 5. SEM micrographs of fracture surfaces of PMMA extrudates, a) 3!wt% CNTs in the final composite, prepared
directly melt-mixed CNTs (3 CNTs/PMMA), b) higher magnification of 3 CNTs/PMMA composite c) 3!wt%
CNTs in the final composite, prepared using masterbatch (3 MBPMMA/PMMA), and d) higher magnification of
3 MBPMMA/PMMA composite



on the results of PS-masterbatches. The use of the
PMMA-masterbatch gave clearly lower resistivity
values than the use of the directly melt mixed CNTs
(Table 3). A conductive composite was achieved
below 4!wt% CNTs when the PMMA-masterbatch
was used. When the viscosity of the PMMA-mas-
terbatch was decreased with glycerol, the conduc-
tive composite was achieved below 3!wt% CNTs.
Moderately low resistivity was achieved even with
2!wt% CNTs when a higher amount of glycerol was
added to the PMMA-masterbatch.
As the viscosity of the components had an effect on
the properties of the PS composites, the PMMA
composites was analyzed by rheometry. The rheo-
logical behavior of PMMA composites was more
straightforward than the case of PS composites
(Figure 2). The addition of CNTs increased the vis-
cosity of the PMMA matrix, and viscosity was high-
est when the PMMA-masterbatch was used. The
PMMA-masterbatch had a higher molecular weight
than the PMMA matrix and most of the CNTs were
located in the PMMA-masterbatch phase, and both
these factors led to an increase in viscosity.
When glycerol was added to the PMMA-master-
batch, the viscosity of the final PMMA composite
was lower than the directly melt mixed CNT com-
posite with a constant amount of CNTs. The glass
transition temperatures, which were measured
directly from the masterbatches as well as the matrix
polymers, follow the trends in molecular weight
and plasticization (Table 2). The PMMA matrix had
the lowest Tg and the PMMA-masterbatch with
higher molecular weight and CNTs had the highest
Tg. When the PMMA-masterbatch was plasticized,
the Tg shifted to a lower temperature. Tg of the plas-
ticized PS-masterbatch was almost identical to the
unplasticized PS-masterbatch. In the case of PMMA,
without additional covalent bonds formed by initia-
tors or other interfacial interactions between PMMA
and CNTs, the plasticization of the PMMA-master-
batch was more effective than plasticization of the
PS-masterbatch. Because of the improved plasti-
cization of PMMA-masterbatch, the viscosity ratio
of the components in PMMA composites was opti-
mized, and PMMA-masterbatch formed continuous
phase.
Due to the effective plasticization of the PMMA-
masterbatch, tensile modulus was mainly affected
by the plasticizer and not by the CNTs (Table 3).

Without interactions between PMMA and CNTs,
tensile modulus remained at similar values regard-
less of how CNTs were introduced into the PMMA
matrix. On the other hand, tensile strength of the
PMMA composites decreased after the addition of
CNTs, which was more pronounced with the use of
the PMMA-masterbatch than with directly melt
mixed CNTs. However, tensile strength of the
PMMA composite was improved upon addition of
plasticizer to the PMMA-masterbatch. The same
behavior can be seen for tensile strain at break. This
may be taken as indirect evidence that CNTs were
well-dispersed in the plasticized PMMA composite.
Based on the SEM images, CNTs agglomerates were
larger in the PS composites compared to the PMMA
composites (Figures 4–5). The diameter of CNT
agglomerates was ca. 0.5 "m in the PMMA matrix
(Figure 5), which was half of the diameter of the
CNT agglomerates in the PS matrix. Though the
CNTs formed smaller agglomerates in the PMMA
matrix, the resistivity of the PMMA composites
was high. CNTs were mostly present in the form of
agglomerates without individualized CNTs forming
a network which would increase conductivity into
the composites. Contrary to the PS composites, the
PMMA-masterbatch formed a continuous phase in
the final PMMA composite. In the previous study of
in situ polymerization of CNT/PMMA composite,
the obtained resistances were ca. 100 % [24], which
are similar to the resistivities of PMMA-master-
batch composites, 100 %·cm. This indicates that
there was the continuous phase of PMMA-master-
batch in the final PMMA composite. Finer phase
morphology of PMMA-masterbatch in the PMMA
matrix can be seen in the SEM image (Figure 5c)
compared to the PS-masterbatch in the PS compos-
ite (Figure 4c). The CNTs were not coated by poly-
merized methyl methacrylate in the PMMA-master-
batch, and CNTs can diffuse more easily during
melt mixing. Therefore, the use of PMMA-master-
batch improved the conductivity of the final com-
posites of PMMA.

4. Conclusions
The properties of composite materials are deter-
mined by many different variables. It is not the sum
of the mechanical and electrical properties of the
components that determines properties of the final
composite. The rheological properties of the materi-
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als and the internal and external forces, such as
interfacial interactions between the components and
mechanical mixing forces, have great impact on the
properties of the composite. Two different CNT com-
posites were studied: PS composites with interac-
tions between the components and PMMA compos-
ites without interactions between the components.
The results confirm that, for lowering the percola-
tion threshold of CNTs, novel compounding meth-
ods are needed, as there are limited possibilities for
adjusting the shear forces during melt mixing. The
mechanical properties of the composites were
mostly determined by the amount of CNTs. In con-
trast, the resistivity of the composites was more
dependent on how CNTs were added into the matrix
polymer. In the case of PS composites with stronger
interfacial interactions between the components,
CNTs can be directly melt mixed into the PS matrix
and obtain a conductive composite. The strong inter-
action between CNTs and PS enhanced the disper-
sion of the CNTs. But without significant adhesion
between the components, the use of a masterbatch
improved the conductivity of PMMA composites.
In the case of PMMA, there are no strong interac-
tions between CNTs and the matrix during melt
mixing, and there was only small amount of indi-
vidually dispersed CNTs in the PMMA matrix. Due
to the ease of emulsion polymerization of the mas-
terbatch, the properties of the masterbatch could be
tailored based on the molecular weight and viscos-
ity, thereby tailoring the properties of the final com-
posite. When CNTs were well-dispersed in a PMMA-
masterbatch, which had optimized viscosity com-
pared to the PMMA matrix, the use of a PMMA-
masterbatch notably decreased the percolation
threshold of the CNT-PMMA composite.
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1. Introduction
Microcapsules are tiny particles with diameters in
the range between 1 and 1000 µm that consist of a
core material and a covering shell. Through a selec-
tion of the core and shell material, it is possible to
obtain microcapsules with a variety of functions.
This is why microcapsules can be defined as con-
tainers, which can release, protect and/or mask var-
ious kinds of active core materials [1]. Microencap-
sulation is mainly used for the separation of core
material from the environment, but it can also be
used for controlled release of core material in the
environment. Microencapsulation has specially
attracted a large interest in the field of phase change
materials (PCMs) as they are capable of storing and

releasing energy during solid-liquid phase transi-
tion. The applications of PCMs in thermal energy
storage have been well known and used in many
fields [2–11]. For shell material of PCM microcap-
sules melamine-formaldehyde resin is often used
mainly because of its good mechanical [12–14] and
thermal stability [9, 14–16]. Melamine-formalde-
hyde (MF) microcapsules can be prepared by the in
situ polymerization process by polycondensation,
where the melamine-formaldehyde prepolymer is
initially soluble in the continuous water phase,
while the hydrophobic core material is contained in
dispersed droplets. As the polymerization reaction
starts in aqueous solution, the formed oligomers
start to collapse on the surface of the core droplets.
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On the surface, the polymerization continues and
crosslinking occurs, which results in a solid MF
shell formation [17–21]. The shell formation is par-
ticularly linked to the pH value [15, 17, 18, 20],
temperature [15, 20, 22], type and the amount of
emulsifier used [18, 22–27] and to melamine to
formaldehyde molar ratio [20], which all signifi-
cantly determine thermal stability and shell mor-
phology of microcapsules. For a successful forma-
tion of a homogenous and compact MF shell the
usage of anionic emulsifiers is necessary. In the case
of cationic emulsifiers, charge repulsion between
cationic emulsifier and MF resin negatively influ-
ences the shell formation in microcapsules. On the
other hand, the efficiency of nonionic emulsifiers is
medium [26]. Faster MF shell formation is achieved
at lower pH values. However, the usage of low pH
values results in microcapsules with raspberry-like
surface or even in lower microencapsulation effi-
ciency, while at relatively high pH values a smooth
MF shell is formed [20].
In our previous work, the research was focused on
the investigation of MF microcapsules with decane
core, which were prepared at different temperatures
and different pH values [28]. The degree of curing
of the MF resin at different process parameters was
studied as well. It was found that at higher tempera-
tures and lower pH values the time necessary for
stable microcapsules formation is shorter. Thicker
shells were obtained in microencapsulations carried
out at lower pH values and higher temperatures. At
lower pH values the degree of MF resin crosslink-
ing was higher.
In the present work, microencapsulation of butyl
stearate with melamine-formaldehyde resin was
carried out at 70°C at different pH value decreasing
regimes. As PCM butyl stearate was chosen because
its phase change temperature is around 20ºC, where
melting and crystallization occur, and because it has
a relatively high heat storage capacity. Therefore, it
can be used as an effective thermo regulating mate-
rial at ambient temperature. For example, microen-
capsulated butyl stearate can be used as an additive
in indoor or outdoor coatings or it may be built in
insulating materials, such as foams. The main objec-
tive of this study was to investigate the effects of
decreasing the pH value regime and final pH value
on the composition of microcapsules, their thermal
stability and morphology. To study the microencap-

sulation process, properties of microcapsules were
investigated during and after the microencapsula-
tion. For this purpose differential scanning calorime-
try, scanning electron microscopy and thermogravi-
metric analysis were used.

2. Experimental
2.1. Materials
We used etherified melamine-formaldehyde (MF)
resin (70 wt%, Melapret NF70/M, Melamin, Ko"e-
vje, Slovenia), butyl stearate (technical, 40–60%,
rest butyl palmitate, Sigma-Aldrich, Steinheim,
Germany), sodium dodecyl sulfate (SDS, 98.5%,
Sigma-Aldrich, Steinheim, Germany), formic acid
(99.8%, Kemika, Zagreb, Croatia) and deionized
water.

2.2. Preparation of microcapsules
Emulsion preparation: 25 g of technical butyl
stearate, 2.5 g of SDS (used as emulsifier), 15 g of
MF resin and 457.5 g of deionized water were mixed
for 30 minutes using Ultraturax Dispermat (VMA-
Getzmann, Reichshof, Germany) at the rate of
1000 rpm and temperature of 30°C.
Microencapsulation: The emulsion was poured into
a glass five neck reactor, equipped with a reflux
condenser, a mechanical stirrer, a digital thermome-
ter, a high pressure liquid chromatography (HPLC)
pump K-120 (Knauer, Berlin, Germany) and a glass
electrode for pH measurements. The reactor content
was stirred at the rate of 500 rpm. The pH value of
emulsion was adjusted to 6.0 by adding 1 wt% formic
acid solution at the rate of 1 mL/min using HPLC
pump and then heated to 70°C. During microencap-
sulation processes the temperature was kept con-
stant at 70°C, while the pH value was regulated
according to the regimes shown in Figure 1. Every
30 minutes samples were taken from the reactor to
analyze the composition and properties of micro-
capsules. Before analyses the samples were filtered
through paper filter discs (Sartorius 388) and washed
with warm deionized water. The wet cake contain-
ing microcapsules was dried at room temperature to
constant weight and dry powders of microcapsules
were used for characterization. In the text of this
report, the samples are labeled as MC(x–y/step/t)
and MC(x–y/linear/t) for microencapsulation with
stepwise or linear decrease regime of pH values,
respectively. MC stands for microcapsules, x–y for
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starting and final pH value of microencapsulation
and t for sampling time.

2.3. Characterization of microcapsules
The morphology of microcapsules was observed by
scanning electron microscopy using a FE-SEM
ULTRA Plus (Carl Zeiss, Oberkochen, Germany)
instrument. Before SEM analysis the samples were
partly mechanically cut with a razor blade. The cut-
ting lasted for several minutes until the analyzed
sample contained enough damaged microcapsules
for their shell thickness determination. Treated
samples (containing damaged and whole microcap-
sules) were sparsely sprinkled onto a carbon tape
attached to metal stubs, dried in vacuum at 100°C
for 48 hours and then gold coated at 20 mA for
1.5 min (SCD 030 gold coater, Balzers Union model
FL-9496, Liechtenstein). The samples were then

imaged using an accelerating voltage of 1 kV. For the
purpose of determining shell thickness at least four
SEM images of the same sample were taken. The
shell thickness was measured using SmartSEM
software. The average shell thickness value was
calculated out of at least ten shell thickness values
obtained for an individual sample.
Differential scanning calorimetry (DSC) was used
to define mass percentage of shell material in micro-
capsules. The measurements were performed on a
Mettler Toledo DSC1 instrument with intra-cooler
using STAR software. In and Zn standards were
used for the temperature calibration and for the
determination of the instrument time constant. Stan-
dard 40 µL alumina pans and air atmosphere were
used. Sample mass was about 10 mg. The following
temperature program was used: An isothermal seg-
ment at 50°C for 5 minutes was followed by a cool-
ing segment from 50 to –50°C with a cooling rate of
–5°C/min. Then a heating segment from –50 to 50°C
with a heating rate of 5°C/min was performed. This
temperature interval was chosen because the phase
change temperature of butyl stearate is around
20°C. Each sample was analyzed three times and
the average weight percentage of core material was
calculated from melting enthalpies of bulk and
encapsulated core material. Termograms of butyl
stearate and samples isolated at 180 minutes are
presented in Figure 2. To confirm the core to shell
weight ratio obtained by DSC analysis a gravimet-
ric analysis was performed by Soxhlet extraction of
core material in acetone for 72 hours. Duration of one
extraction cycle was 4 minutes. After extraction,
sample residues were dried at room temperature for
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Figure 1. pH value regimes during microencapsulation
processes

Figure 2. Thermograms for butyl stearate and microcapsules obtained at the end of microencapsulation: (a) butyl stearate
crystallization peaks and (b) butyl stearate melting peaks



12 hours and additional 15 hours in vacuum at 50°C.
The dried sample residues were weighed and the
weight percentage of shell material in microcap-
sules was calculated. To confirm complete Soxhlet
extraction of core material, DSC analysis of sample
residue was also performed.
Thermogravimetric analysis (TGA) of microcap-
sules was performed using a Mettler Toledo TGA/
DSC1 instrument with STAR software. All the
experiments were conducted in a nitrogen atmos-
phere with a flow rate of 50 mL/min at a heating
rate of 10°C/min from 50 to 500°C. Standard 80 µL
Al2O3 crucibles were used. For all measurements
the baseline was subtracted. Sample mass was about
10 mg.

3. Results and discussion
3.1. Microcapsule composition and

morphology
Variations of weight percentage of MF resin in sam-
ples during microencapsulations carried out at dif-
ferent process parameters are presented in Figure 3.

Until 60 minutes of microencapsulation processes,
which was carried out at pH value 6.0 for all exper-
iments, the weight percentage of MF resin in sam-
ples was constant and within the range of 7–10%.
Discrepancies between individual microencapsula-
tion samples can be attributed to incomplete stabil-
ity of microcapsule shells [28]. At the point when
the pH value started decreasing, the weight percent-
age of MF resin in samples started to increase,
depending on the regime by which pH value was
decreased and on the final pH value. The increase
of the amount of MF resin was faster in the case of
stepwise pH value decrease, than in the case of lin-
ear pH value decrease. As expected, the fastest
increase of the amount of MF resin was observed in
microencapsulation MC(6.0–4.5/step), i.e. when we
used a stepwise pH value decrease to the lowest pH
value. This is explained by faster MF resin poly-
merization [29, 30], curing reactions [31] and con-
secutive deposition [20] of MF resin on microcap-
sules surface at lower pH values. In MC(6.0–4.5/
step) synthesis the final weight percentage of MF
resin was reached already at 90 minutes (30 min-
utes after lowering the pH value from 6.0 to 4.5).
The lowest increase of MF resin amount was
achieved in synthesis MC(6.0–5.5/linear), i.e. at lin-
ear pH value decrease to the highest final pH value.
To verify the accuracy of DSC results a gravimetric
analysis by Soxhlet extraction was performed. DSC
and gravimetric measurements results for samples
of microencapsulations are shown in Table 1. DSC
results were in good agreement with gravimetrical
results.
Shell morphology and thickness of microcapsules
were evaluated using SEM images. Selected images
of microcapsules, obtained at different process
parameters and different process times, are shown
in Figures 4 and 5.
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Figure 3. Weight percentage of MF resin in samples during
microencapsulation processes determined by
DSC analysis

Table 1. DSC and gravimetrical results for weight percentage of the MF resin in samples of microencapsulation

Microencapsulation
MF resin in samples [wt%]

DSC analysis Gravimetric analysis
60 min 120 min 180 min 60 min 120 min 180 min

MC(6.0–5.5/step) 9.1 9.9 19.7 – – 19.3
MC(6.0– 5.0/step) 8.4 29.1 30.1 – – 29.6
MC(6.0– 4.5/step) 7.9 29.5 29.9 8.2 28.6 29.2
MC(6.0–5.5–5.0/step) 7.3 9.6 29.4 – – 29.1
MC(6.0–5.5/linear) 8.4 8.3 10.1 – – 10.3
MC(6.0–5.0/linear) 8.4 9.5 28.8 – – 27.6
MC(6.0–4.5/linear) 9.1 16.4 29.8 10.4 17.1 29.6



Since in all microencapsulations the process param-
eters were the same till 60 minutes, the microcap-
sules morphology was also the same. As can be
seen from SEM images of microcapsules at 60 min-
utes (Figure 4a and Figure 5a), microcapsules have
a smooth shell with only a few pure MF particles
attached to them. After the pH value was decreased
the pure MF particles started depositing faster on
the surface. Deposition of MF particles was particu-
larly rapid in the case of stepwise decrease of the
pH value to 5.0 (Figures 4e and 4h) and 4.5 (Fig-

ures 4d and 4g). The MF particles were not deposited
evenly all over the surfaces of microcapsules. More-
over, the MF particles were not firmly attached to the
surface as several free clusters of MF particles were
noticed.
Treatment (cutting, crushing) of microcapsules before
actual SEM analysis allowed for the determination
of the average shell thickness. An example of shell
thickness determination for sample MC(6.0–4.5/
linear/180 min) is given in Figure 6.
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Figure 4. SEM image of microcapsules isolated during microencapsulations with stepwise decrease of the pH value:
a#b#c for MC(6.0–5.5–5.0/step) at 60, 120 and 180 minutes; a#b#f for MC(6.0–5.5–5.0/step/180 min) at 60,
120 and 180 minutes; a#e#h for MC(6.0–5.0/step) at 60, 120 and 180 minutes and a#d#g for MC(6.0–
4.5/step) at 60, 120 and 180 minutes



In this figure we can clearly observe the small pure
MF particles. For determining the shell thickness
only the thickness of the smooth part of the shell
without small particles on the surface was meas-
ured. Changes in the average shell thicknesses dur-
ing microencapsulation processes are shown in Fig-
ure 7.
Shell thickness of microcapsules after one hour of
microencapsulation was almost the same in all
experiments because of identical process parame-
ters used during the first 60 minutes. The average
shell thickness at 60 minutes was between 290 and
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Figure 5. SEM image of microcapsules isolated during microencapsulations with linear decrease of the pH value: a#b#c
for MC(6.0–5.5/linear) at 60, 120 and 180 minutes; a#e#g for MC(6.0–5.0/linear) at 60, 120 and 180 minutes;
a#d#f for MC(6.0–4.5/linear) at 60, 120 and 180 minutes

Figure 6. Shell thickness determination for microcapsules
MC(6.0–4.5/linear/180 min)



300 nm. After that, in all syntheses the average shell
thickness increased with microencapsulation time.
The increase depended on the pH value and on the
manner in which the pH value was lowered. In
microencapsulations with stepwise pH value
decrease the shell thickness increased slowly and
there were no major differences in shell thickness
between the experiments. Among these samples the
thickest shell was observed in sample MC(6.0–5.5–
5.0/step/180 min) for which the pH value decrease
was performed in two steps. On the other hand, in
microencapsulations with linear pH value decrease
significant differences in shell thickness between
samples with different final pH value were observed.
Namely, the shell thickness increased with decreas-
ing the final pH value. The shells of microcapsules,
obtained by linear decrease the pH value, were
therefore significantly thicker than those of micro-
capsules obtained by stepwise pH value decrease.

3.2. Thermal stability of microcapsules
TGA was used to investigate thermal stability of
microcapsules and its pure components. Thermal
characteristics of starting components (butyl stearate
and dried MF prepolymer Melapret NF 70/M) and
by Soxhlet extraction isolated MF resin of samples
MC(6.0–5.0/linear/180 min) and MC(6.0–5.5–5.0/
step/180 min) are shown in Figure 8. Butyl stearate
evaporated/decomposed completely in one step
from 160 to 300°C (Table 2). For dried uncured MF
resin Melapret NF 70/M two distinctive steps of
weight loss were observed. In two partially cured
MF resins (microcapsules’ shell material) the weight
loss did not occur as distinctively on the account of
differences in the chemical structure between par-
tially cured and non-cured MF resin. Thermal sta-
bility of MF resins was studied in detail by Manley
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Figure 7. Average shell thickness during microencapsula-
tion processes

Figure 8. TGA curves of butyl stearate, dried MF prepoly-
mer Melapret NF70/M and isolated MF resins of
MC(6.0–5.0/linear/180 min) and MC(6.0–4.5/
step/180 min)

Table 2. Results TGA analysis of core material, isolated MF resins and microcapsules at 180 minutes

*average weight loss of the isolated MF resins

Sample
Shell

thickness
[nm]

MF resin
[wt%]

At 300°C
Residue at

500°C
[wt%]

Total weight
loss

[wt%]

Weight loss on account
of core material

[wt%]

Evaporated
core material

[wt%]
butyl stearate – 0 100 100 100 0
isolated MF resins – 100 15* 0 0 32
MC(6.0–5.5/step/180 min) 307 19.7 20.5 17.5 22 5.2
MC(6.0–5.0/step/180 min) 307 30.2 29.6 25.1 36 8.9
MC(6.0–4.5/step/180 min) 307 29.9 40.0 35.5 51 9.4
MC(6.0–5.5–5.0/step/180 min) 313 29.4 18.6 14.2 20 8.4
MC(6.0–5.5/linear/180 min) 318 10.1 24.3 22.8 25 2.6
MC(6.0–5.0/linear/180 min) 329 28.8 17.5 13.3 19 8.6
MC(6.0–4.5/linear/180 min) 347 29.8 19.0 14.5 21 9.9



and Higgs [32] and Devallencourt et al. [33]. For
Melapret NF 70/M the first significant weight loss
occurs at the temperature around 160°C, which can
be attributed to evaporation of methanol, formalde-
hyde and water during curing reactions. The next
major weight loss step occurs above 350°C, when
the methylene bridges start to breakdown. Above
400°C the three-dimensional polymer structure of
MF resin continues to decompose slowly. At these
temperatures ammonia, formaldehyde and other
volatile decomposition products are released. The
nonvolatile residue contains –NH– bridges between
melamine rings as well as different cyameluric
structures [33]. In isolated cured MF resins the
decrease of weight starts already below 100°C, pre-
sumably as a result of adsorbed water on MF resin.
With increasing the temperature (140–260°C), MF
resin starts to cure and the weight loss can be
ascribed to evaporation of water, formaldehyde and
methanol. As these resins were partially cured [28]
before TGA analysis, the weight loss due to
crosslinking reactions is smaller compared to
uncured MF resin Melapret NF 70/M. At tempera-
tures above 280°C weight loss is visible, which can
be mainly ascribed to transformation of dimethyl-
ene ether bridges to methylene bridges. The weight
loss step of isolated MF resin due to decomposition
of methylene bridges is not as distinctive as in the
case of Melapret NF 70/M and shifts towards
higher temperatures (400°C).
TGA curves of butyl stearate and microcapsules
isolated at the end of microencapsulations are shown
in Figure 9. At temperatures below 140°C the dif-
ferences between samples are minimal and are due
to weight loss caused by the adsorbed water evapo-
ration. The remaining parts of TGA curves have
two main weight loss stages. The first stage is in the
temperature range between 140–300°C, where
weight loss can be attributed mainly to evaporation
of butyl stearate. Namely, microcapsules contained
70 wt% or more of core material. Of course, a cer-
tain part of weight decrease in this temperature
range must also be ascribed to the evaporation of
water, methanol and formaldehyde as a conse-
quence of MF resin curing reactions. However, con-
sidering the core/shell ratio the thermal degradation
of MF resin may be ascribed to a maximum of
4.5 wt% decrease in this temperature range (Fig-
ure 8). The second main weight decrease for micro-

capsules occurs above 350°C, where MF shell was
unable to hold the expanding core material and its
decomposition products within microcapsules due
to enhanced disintegration of three-dimensional
resin structure.
For the purpose of comparing thermal stabilities of
microcapsules obtained at different pH lowering
regimes we focused on the weight losses at temper-
ature point of 300°C, since 300°C is the tempera-
ture where butyl stearate exhibited 100% weight
loss. By comparing the results of TGA analysis of
samples after 180 minutes of microencapsulation
(Table 2) we can observe that samples MC(6.0–
4.5/step/180 min), MC(6.0–5.0/step/180 min) and
MC(6.0–5.5/linear/180 min) had the highest weight
loss in respective order. Other samples have compa-
rable weight losses at 300°C. Distinct weight losses
were calculated from the determined core/shell mass
ratio (DSC measurements) and TGA results of pure
butyl stearate and isolated MF resins. Weight per-
centage of evaporated core material was obtained
by dividing weight loss on the account of core
material at 300°C by weight percentage of core
material in microcapsules before TGA analysis.
Based on the results, presented in Table 2 it may be
concluded, that in microcapsules MC(6.0–5.0/lin-
ear/180 min) only 19% of the core material evapo-
rated till 300°C. On the other hand, in microcap-
sules MC(6.0–5.0/step/180 min), a 36 wt% loss of
the core material was observed. The lower thermal
stability of sample MC(6.0–5.0/step/180 min) may
be explained by its thinner shell thickness since
both samples contained around 30 wt% of shell
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Figure 9. TGA curves of butyl stearate and microcapsules
isolated at 180 minutes



material. Shell thickness of sample MC(6.0–5.5–
5.0/step/180 min) was between samples MC(6.0–
5.0/linear/180 min) and MC(6.0–5.0/step/180 min).
Therefore it may be concluded that if the end pH
value is fixed, thermal stability of microcapsules
increases with increasing the shell thickness, which
is strongly dependent on the pH value lowering
regime.
By comparing the results of the microcapsules
obtained by lowering the pH value to different end
values in one step, we can observe that a large pH
value drop had a negative effect on thermal stabil-
ity. In this case the shell thickness could not be the
reason for the differences we noticed, since the shell
thickness for all the samples (MC(6.0–4.5/step/
180 min), MC(6.0–5.0/step/180 min) and MC(6.0–
5.5/step/180 min), presented in Table 2, was the
same. The reason may be due to the crosslink den-
sity of the MF shell, which is, together with shell
thickness, the most important factor for good ther-
mal stability of microcapsules. In the case of a large
step decrease of the pH value, the curing of MF
resin was strongly accelerated. Consequently, this
leads to the formation of a thin outer layer of higher
cured MF shell. On the other hand, the inner part of
microcapsules shell (which was not in contact with
the continuous phase with lowered pH value)
remained less cured. Moreover, despite the fact that
curing was faster, the crosslinking and resin density
were lower at lower pH values. Namely, at high cur-
ing rate the crosslinking bonds are formed quickly
and the molecules do not have sufficient time to ori-
ent themselves in positions to form the maximal

number of crosslinks. A lower crosslink density
results in a brittle and permeable MF shell.
To determine the changes in thermal stability of
microcapsules during microencapsulation, and to
prove that large pH value decrease in stepwise pro-
cedure has indeed a negative influence on thermal
stability of microcapsules, microcapsules were also
investigated for MC(6.0–5.0/step), MC(6.0–5.5–
5.0/step) and MC(6.0–5.0/linear) at 60 and 120 min-
utes. Detailed results of TGA analysis of the core
material, isolated MF shell material and microcap-
sules isolated at 60, 120 and 180 minutes of microen-
capsulations MC(6.0–5.0/step), MC(6.0–5.5–5.0/
step) and MC(6.0–5.0/linear) are presented in
Table 3. Due to identical reaction parameters till 60
minutes of microencapsulations, TGA curves for
MC(6.0–5.0/step/60 min), MC(6.0–5.5–5.0/step/
60 min) and MC(6.0–5.0/linear/60 min) are similar,
as it was expected from the results of SEM analysis,
i.e. microcapsules isolated at 60 minutes had identi-
cal morphology and comparable shell thicknesses.
Minor differences between TGA with the microcap-
sules isolated at 60 minutes could be attributed to
the fragile shells of microcapsules (possible rupture
of microcapsules). Since different regimes of the pH
value decrease were employed, there was also a
greater differentiation in thermal stability of the
microcapsules. While thermal stability of MC(6.0–
5.0/linear) and MC(6.0–5.5–5.0/step) microcap-
sules increased with decreasing the pH value, the sta-
bility of microcapsules MC(6.0–5.0/step) decreased.
In MC(6.0–5.0/step) the weight loss of the core
material decreased from starting 28% at 60 minutes
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Table 3. Results of TGA analysis of core material, isolated MF resins and microcapsules isolated at 60, 120 and 180 min-
utes of microencapsulations MC(6.0–5.0/step), MC(6.0–5.5–5.0/step) and MC(6.0–5.0/linear)

*average weight loss of the isolated MF resins

Sample
Shell

thickness
[nm]

MF resin
[wt%]

At 300°C
Residue at

500°C
[wt%]

Total weight
loss

[wt%]

Weight loss on account
of core material

[wt%]

Evaporated
core material

[wt%]
butyl stearate – 0 100 100 100 0
isolated MF resins – 100 15* 0 0 32
MC(6.0–5.0/step/60 min) 290 8.4 26.9 25.6 28 1.7
MC(6.0–5.0/step/120 min) 301 29.1 41.1 36.7 52 7.9
MC(6.0–5.0/step/180 min) 307 30.2 29.6 25.1 36 8.9
MC(6.0–5.5–5.0/step/60 min) 290 7.3 25.1 24.0 26 1.7
MC(6.0–5.5–5.0/step/120 min) 299 9.6 22.1 20.7 23 1.7
MC(6.0–5.5–5.0/step/180 min) 313 29.4 18.6 14.2 20 8.4
MC(6.0–5.0/linear/60 min) 298 8.4 23.8 22.5 25 2.0
MC(6.0–5.0/linear/120 min) 323 9.5 20.8 19.4 21 2.1
MC(6.0–5.0/linear/180 min) 329 28.8 17.5 13.2 19 8.6



to 52% at 120 minutes of microencapsulation. As
microencapsulation continued, thermal stability of
microcapsules MC(6.0–5.0/step) increased again.
Weight loss due to core material evaporation was
36% in MC(6.0–5.0/step/180 min). Initial decrease
of thermal stability could be explained by the for-
mation of thin highly cured and less crosslinked
outer layer of the microcapsules shell, while the
inner layer was still incompletely cured. The shell,
being rigid and thin, has lower mechanical stability,
and consequently it is less able to retain core mate-
rial. With microencapsulation time the inner layer
of microcapsule shell slowly cures and the thermal
stability of microcapsules increases.

4. Conclusions
In this paper we investigated the influence of differ-
ent pH regimes during preparation of PCM micro-
capsules by in situ polymerization with melamine-
formaldehyde resin on the composition of
microcapsules, their morphology and stability.
While on the one hand the decrease to a low pH
value in one step resulted in a rapid increase of the
weight percentage of MF resin in samples, thermal
stability and morphology of microcapsules were
unsatisfactory on the other. To attain better thermal
stability it is necessary to ensure slow curing reac-
tion and deposition of the MF resin on the micro-
capsule surface, which can be achieved by decreas-
ing the pH value during microencapsulation in
several smaller steps or in a linear way. With linear
decrease of the pH value, microcapsules with
thicker and better cured MF shells were obtained.
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1. Introduction
Monodisperse polymer nanospheres have found a
wide variety of applications in coating, instrument
calibration, chromatography and biomedical treat-
ment etc [1]. However, polymer materials produced
by traditional radical polymerization have a broad
molecular weight distribution. Many applications
require particles consisting of a pre-defined molec-
ular weight and a narrow molecular weight distribu-
tion [2]. Control over the polymer molecular weight
and its distribution during polymerization has long
been a challenge in polymer material research,

especially in the applications for medicine release
material and as biotechnology materials [3, 4]. The
advent of atom transfer radical polymerization
(ATRP) provides a new way to synthesize polymers
with controlled molecular weight [5–7]. Numerous
well-defined (co)polymers with the desired molecu-
lar weight and low polydispersity index (PDI <1.5)
[8, 9], (co)polymers with complex architectures
[10–13], functional polymers and hybrid materials
have been prepared by the ATRP technique [14–
16]. Atom transfer radical polymerization (ATRP)
also remains one of the most powerful, versatile,
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Abstract. Polystyrene nanospheres have been synthesized by atom transfer radical polymerization (ATRP) to control the
molecular weight distribution in the aqueous system. The crucial factor in such a system is the ligand that adjusts the solu-
bility of the catalyst in different phases to control the concentration of both the activator and the deactivator in reaction
phase. The effect of different ligands including ethylenediamine, 1,10-phenanthroline (phen) and 4,4-dinonyl-2, 2-bipyridyl
(dNbpy) on the catalytic solubility in the organic and aqueous phase has been investigated. The molecular weight distribu-
tion of polymer obtained in this way was analyzed by gel permeation chromatography (GPC). It showed that the obtained
polymer particles presented a broad molecular weight distribution (polydispersity index 1.78) with ethylenediamine as the
ligand, but the polymerization rate was high and conversion reached 96.8%. The molecular weight distribution of poly-
styrene was narrowest with dNbpy as ligand, but the conversion was lowest and only achieved to 69%. Possible reasons
were the influence of the structure of three different ligands on the control of ATRP reaction. SEM and GPC indicated that
the polystyrene nanospheres presented regular sphere with a diameter of about 120 nm and uniform molecular weight dis-
tribution, which possessed a significant potentials in drug carrier field.

Keywords: polymer synthesis, ATRP, aqueous emulsion polymerization, polystyrene nanosphere, ligand
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simplest, and least expensive polymerization tech-
niques [17]. Not only does this feature offer ability
to tailor the polymer coatings to possess a variety of
compositions and functionality, but this feature may
be important in biomedical applications to modify a
biological polymer specifically for cellular interac-
tions [18, 19]. The basis of the ATRP technique is
the reversible transfer of a halogen atom from a
polymeric alkyl halide (R–X) to a transition metal
complex (LMtn), generating an organic radical and
a transition metal complex (LMtn+1X) with a
higher oxidation state [20]. To establish the equilib-
rium between LMtn and LMtn+1X so that it is
strongly shifted toward the LMtn complex, many
factors should be taken into consideration, involv-
ing the monomer, initiator with a transferable halo-
gen, catalyst (composed of a transition metal species
with any suitable ligand), solvent and temperature
[21].
Over the past few years, extensive studies on ATRP
have mainly focused on homogeneous bulk or solu-
tion systems to obtain a variety of well-defined
(co)polymers with controlled molecular weights. Its
use has been demonstrated for the synthesis of a
series of functional monomers such as (meth)acry-
late, (meth)acrylamide and (meth)acrylic acids, giv-
ing the target polymers better control of the molec-
ular weight and distribution [22–25]. Currently, in
order to meet the requirements for environmentally
benign technology and the development of sustain-
able chemistry, some new strategies are beginning
to be pursued. The major approach is based on
using water as the solvent, both from an environ-
mental view and safety related reasons [26, 27]. In
aqueous dispersed media, such as an emulsion or
suspension, the polymerization is able to effectively
transfer heat from exothermic polymerization
processes and allows a dramatic increase of the
polymerization rate [28]. The polymer nanospheres
produced in this way can be used directly in drug
delivery, microencapsulation and many other appli-
cations [29]. However, unlike bulk/solution ATRP,
to maintain the ‘living’ character of the polymeriza-
tion in a stable emulsion, many factors need to be
considered. For instance, the choice of an appropri-
ate surfactant, the solubility of the initiator and the
radical trapping agent in both the organic and aque-
ous phases, avoidance of any potential side reac-
tions caused by water and a high reaction tempera-

ture, all require attention. Among these, the choice
of ligand is a crucial factor that adjusts the catalytic
solubility in the organic and aqueous phases and
has a tremendous impact on the controlled polymer-
ization. It should be noted that a further requirement
of the ligand (such as dNbpy) for aqueous disper-
sion is that it must form soluble catalyst complexes
with the chosen monomer. The ligand can then
improve the retention of the catalyst in the particle
phase where polymerization takes place and mini-
mize partitioning into the aqueous phase. However,
it is well known that even with a hydrophobic lig-
and, not all of the catalyst complex can be pre-
vented from partitioning into the aqueous phase
[28].
The object of this work was to investigate the abil-
ity to control the molecular weight and latex stabil-
ity of polystyrene nanospheres using ATRP in an
aqueous emulsion system. The ligand adjusts the
solubility of the catalyst in the different phases to
control the concentration of both the activator and
the deactivator in the reaction phase. The selection
of the ligand becomes a key for controlling the
reaction and molecular weight in the aqueous sys-
tem. Ethylenediamine, phen and dNbpy were used
as ligands with various experimental conditions.
The influence of the ligands on the conversion and
molecular weight distributions is then discussed.
The reason for the different results obtained is
analysed primarily by consideration of the solubil-
ity of the metal-ligand complexes in the organic
phase and the structure of ligand.

2. Experimental
2.1. Materials
Commercially available styrene (St) was purchased
from Beijing Dong fang Chemical Co. Ltd. (China).
The St was distilled under reduced pressure and
then kept refrigerated until used. Nonyl phenyl
ether polyoxyethylene (10) (OP-10, AR) and sodium
dodecyl sulfate (SDS) were obtained from the Bei-
jing Chemical Plant (Beijing, China) and used with-
out further purification. Copper chloride (CuCl,
AR), carbon tetrachloride (CCl4, AR), hexadecane
(HD, AR) and polyoxyethylene sorbitan monoleate
(TW-80, AR) were supplied by Tianjin Chemistry
Reagent Co, Ltd, China. 1, 10-phenanthroline (phen,
analytically pure) and ethylenediamine (analyti-
cally pure) were supplied by the Tianjin Research
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Institute of Synthetic Material (China) and used
without further purification. 4, 4-dinonyl-2, 2-
bipyridyl (dNbpy), analytically pure, was purchased
from the Hangzhou Chemistry Co. Ltd. (China).
Deionized water was used for all polymerization
and characterization processes.

2.2. Polymerization procedure
The polymerization was conducted in a flask fitted
with a mechanical stirrer, nitrogen inlet and con-
denser. Copper (I) chloride (0.15 g) and different
amounts of ligand were directly dispersed into
monomers. The monomer mixture was added to an
aqueous solution of the surfactant with hexadecane
and then dispersed for 20 min (450 W) using an
ultrasonic instrument (KQ-2300, 150 W, China) at
room temperature. Afterwards, the mixture was
added to a flask with constant stirring under high
purity nitrogen (N2 99.999%). The reactor was
immersed in a thermostated water bath to maintain
a constant temperature. A certain amount of CCl4
was added to the reaction system held at the speci-
fied temperature (80°C) and the time noted. The
polymerization reaction was carried out at constant
temperature for 8 h to obtain the latex nanospheres.

2.3. Characterization
The monomer conversion was determined by a con-
ventional gravimetric method. The molecular
weight and the distribution of the polymer were
characterized by gel permeation chromatography
(GPC, HLC-8220) on a system equipped with a
SHIMADZU (LC-10ADVP) pump and a RID-10A
detector, with THF as the eluent and a flow rate of
1 mL/min. Narrow-standard polystyrene was used
to generate a universal calibration curve. The parti-
tioning of the complexes which were formed by the
CuCl and different ligands were determined by
UV–VIS spectrophotometry [29]. The latex nano -
sphere diameter was determined using a dynamic
light scattering particle size analyzer (DLS BI-
90Plus, Brookhaven Instruments Co., USA). The
dispersion morphology of the particles in the latex
system was observed using transmission electron
microscopy (TEM 100CX-II, Jeol Co., Japan).

3. Results and discussion
3.1. The mechanism of synthesizing

polystyrene nanospheres with ATRP in
emulsion system

For this part of the investigation, a certain amount
of emulsifier TW-80 was added to the reaction sys-
tem to emulsify the organic monomer using the
ultrasonic emulsification instrument in an aqueous
system [30]. Subsequently, a large quantity of mini-
emulsion droplets was obtained and the ATRP reac-
tion was carried out in the monomer droplets to
obtain the nanosphere materials. The mechanism
for the synthesis of the polystyrene latex nanos-
pheres is shown in Figure 1. At the beginning of
polymerization, copper (I) chloride and ligand were
dispersed into monomers and the mixture was dis-
persed ultrasonically. The ligand can increase the
solubility of the catalyst in the organic phase, so
that the complex is diffused into the monomer
droplets at the beginning of the polymerization. A
certain amount of initiator CCl4 was then added to
the reaction system. In the initiation step, the transi-
tion metal complex abstracts the halogen from the
organic halides, creating a radical that adds to the
monomer; the resulting radical species then propa-
gates further. As the radical propagation reaction
takes place, it is rapidly deactivated by a reaction
with the oxidized transition-metal/ligand complex,
regenerating a halogen-terminated polymeric chain
[31]. Through the equilibrium between the activator
and the deactivator in the reaction droplets, poly-
mer particles with a narrow molecular weight distri-
bution were obtained using this ATRP method.
For this system, the transition-metal/ligand com-
plex is located in the organic monomer phase
(styrene) where the ATRP reaction takes place. In
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Figure 1. The mechanism of synthesizing polystyrene nano -
spheres by ATRP in miniemulsion droplets



addition, it may be located in aqueous phase, depend-
ing on the solubility of the ligand. If the majority of
the complex remains in the organic phase, the con-
trol polymerization would be easily carried out. If
not, the transition metal complex can diffuse into
the aqueous phase and the radical species may be
difficult to deactivate. The trend of radical propaga-
tion polymerization would play a major role. As a
consequence, the controlled polymerization could
not be completed perfectly and the molecular
weight distribution of the polymer obtained would
be broadened.

3.2. Solubility of the different catalytic
system in organic and aqueous phase

The partition of the complexes which formed by
CuCl and different ligands were determined by UV-
VIS spectrophotometry [29]. Figure 2 shows the
UV-VIS absorption spectrum curve of complex
which formed by CuCl/ethylenediamine. A compar-
ison of the absorption spectra of the complex in the
organic phase and aqueous phase before and after
mixing with water revealed a remarkable change at
the relative intensity of the peaks around 580 nm.
The resulting complex had a very low solubility in
organic phase before mixing with water, but stronger
characteristic absorption peak emerged in the aque-
ous phase after mixing with water. Figure 3 shows
that the complex which formed with CuCl and phen
emerged stronger characteristic absorption peak
around 660 nm before mixed with water, and the
absorption peak around 660 nm was weakened in
the organic phase after mixing with water. Figure 4
shows that the complex (CuCl/dNbpy) exhibited

stronger characteristic absorption peak around 460
nm in the organic phase.
By comparing the three different metal complexes,
the results indicated that CuCl/ethylenediamine was
highly soluble in water phase and a lot of com-
plexes were easily migrated to the aqueous phase.
However, the complex of CuCl/dNbpy exhibited
stronger characteristic absorption peak in the visi-
ble range. That is to say, the complexes had a
stronger solubility in organic phase and the major-
ity of the complex remains in the organic phase
after mixing with water. The solubility of CuCl/
phen in organic phase was between the two com-
plexes mentioned above.
In ATRP, equilibrium switching between the n and
n+1 oxidation states was achieved by using a metal
complex [32]. Since the polymer chains grow in the
organic phase, the first requirement for control of
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Figure 2. The absorbance of complex which formed CuCl/
ethylenediamine. Temperature: 25°C; [CuCl]/[eth-
ylenediamine]:1/2; the oil phase was styrene.

Figure 3. The absorbance of complex which formed CuCl/
phen. Temperature: 25°C; [CuCl]/[phen]:1/2; the
oil phase was styrene.

Figure 4. The absorbance of complex which formed CuCl/
dNbpy. Temperature: 25°C; [CuCl]/[dNbpy]:1/2;
the oil phase was styrene.



the polymerization is to have a sufficient concentra-
tion of both the activator and the deactivator in the
organic phase where reaction is to take place. The
ligand increases the solubility of the catalyst in the
organic phase. Therefore the choice of the proper
ligand becomes crucial.

3.3. Influence of different kinds of ligands on
the control of the ATRP reaction

The key to controlling the radical polymerization is
to maintain a rapid equilibrium between the grow-
ing radicals and the dormant species. To facilitate a
successful ATRP, it is essential to have both a radi-
cal activator and deactivator available in the organic
phase where the polymerization takes place [33].
One role of the ligand is to adjust the partitioning
behavior of the metal complex between the oil
phase and the aqueous phase. Thus, the selection of
a suitable ligand becomes essential.

In this system, CuCl was added to the ATRP system
to facilitate the establishment of the equilibrium
between the radical and dormant species. The rela-
tionship of the molecular weight versus conversion
and that of conversion versus time with ethylenedi-
amine as the ligand are shown in Figures 5a and 5b.
It can be seen that the polymer finally obtained had
a very broad molecular weight distribution with a
polydispersity index of 1.78. A long tail was found
in the GPC curves with a conversion of 96.8%. In
contrast, experiments with phen and dNbpy as the
ligand system were also carried out. Figures 6a and
6b show the relationship of conversion versus time
and the relationship of molecular weight versus
conversion with phen as the ligand. The results
revealed that the conversion of styrene gradually
increased with the polymerization time. The poly-
mer obtained with phen as ligand had a narrow
molecular weight distribution (PDI:1.65) and lat-
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Figure 5. The relationship of conversion versus time (a) and that of molecular weight versus conversion with ethylenedi-
amine as ligand (b)

Figure 6. The relationship of conversion versus time (a) and that of molecular weight versus conversion with phen as lig-
and (b)



eral shift with increasing of conversion towards
higher molecular weight. Figures 7a and 7b show
the relationship of conversion versus time and the
relationship of molecular weight versus conversion
with dNbpy as ligand. The molecular weight distri-
bution of polystyrene was the narrowest (PDI:1.44)
of the three samples, but the conversion was also
lowest, only reaching 69%. Figure 8 shows the rela-
tionship of ln([M]0/[M]t) versus time of the emul-
sion ATRP of St with the three different ligands
(ethylenediamine, phen, dNbpy). It shows that the
polymerization rate obeyed almost first order kinet-
ics [34]. The polymerization rate with the CuCl/eth-
ylenediamine system was faster than either the
CuCl/dNbpy or CuCl/phen systems.
From the above results we found that phen and
dNbpy had higher solubility in the organic phase,

especially dNbpy. The hydrophobic ligand can
increase the solubility of the catalyst in the organic
phase where the polymerization takes place. So the
most efficiently controlled polymerization (giving a
polydispersity below 1.50) was produced using the
CuCl/dNbpy complex which facilitated a balance
between the activation and deactivation processes
in the reaction phase. dNbpy has stronger solubility
in the organic phase, so it was employed effectively
as a ligand for the ATRP in the emulsion and
miniemulsion systems [35]. However, the catalytic
activity of the copper complex with dNbpy is rather
low and requires a high polymerization tempera-
ture, which reduces the stability of the monomer
droplets/growing particles and leads to lower con-
version during the polymerization.
The reason is possibly due to the different struc-
tures of the ligands. It can be found from the struc-
ture of the ethylenediamine ligand that the lower
steric hindrance around the nitrogen atom was con-
ducive to form the living radical more quickly and
so increased the polymerization rate. The above
results therefore indicated that CuCl/ethylenedi-
amine was highly soluble in water and a large quan-
tity of the complexes easily migrated to the aqueous
phase. As a result, the particles produced can undergo
an uncontrolled conventional free radical polymer-
ization due to the absence of the copper complex as
deactivator/activator. With the long alkyl substituent
of dNbpy as ligand, the steric hindrance around the
nitrogen atoms was significant. To a certain extent,
large steric hindrance hindered the formation of a
living radical. At the same time the copper complex
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Figure 7. The relationship of conversion versus time (a) and that of molecular weight versus conversion with dNbpy as lig-
and (b)

Figure 8. The relationship of ln([M]0/[M]t) versus time for
the emulsion ATRP of St with three different lig-
and(ethylenediamine, phen, dNbpy)



with dNbpy was rather unstable, which decreased
the activity of the catalyst. In order to increase the
catalytic activity, high polymerization temperature
was required, but high temperature reduces the sta-
bility of the monomer droplets/growing particles
during the polymerization.
In addition, the good oil-solubility of the ligand
played a beneficial role for controlling the reaction.
Therefore, the experiments demonstrated that the
effect of ATRP on the controllability not only
depended on the solubility of the catalyst complex
in the organic phase, but also depended on its abil-
ity for radical trapping.

3.4. The selection of surfactant in emulsion of
ATRP

The influence of latex stability with different types
emulsifiers on the reaction system was studied with
dNbpy as ligand (Table 1). It appeared that the sta-
bility of system with SDS as emulsifier was poor
and the polymer presented a broad molecular weight
distribution. The ionic surfactants appeared to be
not suitable for the emulsion ATRP [36]. The possi-
ble reason was that the system had a lot of hydro -
philic groups –SO4Na, which finally led to the sys-
tem instability. Nonionic surfactant, however, was
good candidates for emulsion ATRP. But OP-10 did
not stabilize the system and the latex particles were
coagulated after 2 h from the beginning of polymer-
ization. Among the surfactants in this work, the
nonionic Tween 80 presented a perfect result. It
obtained a stable reaction system and showed a
good livingness for the conversion and control
molecular weight of polystyrene nanosphere. There-
fore, Tween 80 was employed as emulsifier in this
study. One of the major challenges facing emulsion-
based ATRP was very limited range of suitable sur-
factant. The latex stability was a real problem in
controlled/living radical polymerization. Therefore,
the choice of emulsifier became very essential.

Figure 9 shows the size distribution of polystyrene
nanosphere by the method of emulsion ATRP with
Tween 80 as surfactant. The polystyrene latex nano -
spheres obtained had a diameter of 120 nm with a
narrow size distribution. The morphology of poly-
mer latex nanosphere was observed by scaning elec-
tron microscopy (SEM), as shown in Figure 10. It
appeared that the polystyrene latex nanosphere was
uniform spherical with a diameter of about 120 nm.
The most important predominance was that the poly-
mer particle possessed a narrow molecular weight
distribution. In other words, the obtained polymer
nanospheres hold a symmetrical configuration and
uniform size molecular weight. The material of
latex nanosphere produced is very significant in
drug targeting carrier systems, the target-selective
delivery and release of loaded drugs and other
many application fields.
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Table 1. Results of the effects of surfactant types on latex
nanospheres by ATRP

Emulsifier
type

Conversion
[%] Mw/Mn

Diameter
[nm] Stability

SDS 8.43 4.31 – unstable
OP-10 26.60 1.76 150 unstable
TW-80 97.75 1.44 120 stable

Figure 9. The size distribution of the PSt latex nanospheres
produced by ATRP

Figure 10. SEM of the PSt latex nanospheres produced by
ATRP in emulsion system



4. Conclusions
The effect of different ligands including ethylenedi-
amine, 1,10-phenanthroline (phen) and 4,4-
dinonyl-2,2-bipyridyl (dNbpy) on the controlled
polymerization of monodisperse polystyrene
nanospheres was investigated. Using oil-soluble of
ligand (dNbpy), the corresponding polydispersity
of polystyrene was 1.44, but the conversion was at
around 69%. The obtained polymer using ethylene-
diamine as ligand presented a broad molecular
weight distribution (polydispersity index 1.78) but
the polymerization rate was high and conversion
reached to 96.8%. CuCl/ethylenediamine was highly
soluble in water. The metal complexes were easily
migrated to the aqueous phase and led to an uncon-
trolled polymerization reaction, whereas the poly-
merization rate with the CuCl/ethylenediamine sys-
tem was faster than that with the CuCl/dNbpy or
CuCl/phen system. The controllability of polymer-
ization reaction depended on the solubility of metal
complexes in organic phase, but the structure of lig-
and and the steric hindrance also played a key role
in this system. With dNbpy or phen as ligands the
steric hindrance around nitrogen atoms was remark-
able. To a certain extent, large steric hindrance hin-
dered the formation of living radical, at the same
time the complex with CuCl was instable, which
decreased the catalytic activity of the catalyst.
Tween 80 presented the best results of latex nanos-
phere stability in the system. SEM showed the poly-
styrene latex nanospheres were uniform spherical
with a diameter of about 120 nm. The material of
latex nanosphere presented a significant potential in
drug targeting carrier field.
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1. Introduction
Graphene, a two-dimensional layer of sp2-bonded
carbon atoms densely packed in a honeycomb crys-
tal lattice, has attracted significant interests due to
its exceptional mechanical, electrical, thermal and
optical properties [1–6] and is being explored for
use in a variety of applications such as electronics
[7], composites [8, 9], catalysis sensors [10], trans-
parent and flexible electrodes [11], solar cells and
supercapacitor [12]. Among these potential applica-
tions, the use of graphene as one of promising nano -
fillers incorporating in a polymer matrix has been
extensively investigated to develop cost-effective,
high-performance graphene-polymer nancompos-
ites (GPN) [13–15]. Recent studies have shown that
polymer nanocomposites with graphene as nano -
filler exhibit substantial property enhancements at

much lower loadings than with other conventional
nanofiller in many cases [13–16].
To achieve high-performance of GPNs, however,
homogeneous dispersion of graphene nanosheets in
the polymer hosts and proper interfacial interac-
tions between the nanosheets and the surrounding
matrix must be considered. The nature of graphene is
not compatible with the organic polymer matrix and
the individual sheets tend to restack owing to their
large specific surface area and van der Waals inter-
actions between the interlayers of graphene nano -
sheets, which lowers its effectiveness as a nanofiller
for property improvements [6, 17]. An effective way
to overcome the agglomeration and enhance the com-
patibility between graphene nanosheets and poly-
mer matrix is the surface modification of graphene
via noncovalent and covalent interaction [14].
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Graphene oxide (GO), an important intermediate
for preparing graphene via chemical reduction [18],
consists of many oxygen-containing groups, such
as hydroxyl, epoxy, carbonyl and carboxyl groups,
which provide diverse active sites for covalent fun-
cationalizations [17, 19]. Therefore, chemical inter-
action via direct coupling between polymers and
the surface groups bound on GO sheets [20–26] and
grafting some molecules including monomer [27]
and atom transfer radical polymerization (ATRP)
initiator [28–33] prior to polymerization could be
accomplished. Pan et al. [25] prepared covalently
functionalized graphene sheets by grafting a well
defined thermo-responsive poly(N-isopropylacry-
lamide) via click chemistry and the nanocomposites
exhibited a hydrophilic to hydrophobic phase tran-
sition at 33°C and a superior anticancer drug loading
capacity of 15.6 wt%. Fang et al. [30] covalently
grafted an ATRP initiator onto the graphene sheet
via a diazonium addition and the resulting poly-
styrene nano composites showed around 70 and
57% increases in tensile strength and Young’s mod-
ulus with 0.9 wt% graphene nanosheets, respec-
tively. By reacting Gamma-aminopropyltriethoxysi-
lane-grafted graphene oxide sheets and maleic
anhydride grafted polyethylene, Fang et al. [33]
recently demonstrated a covalently bonded polyeth-
ylene grafted graphene oxide hybrid material with
about 20% increase in Young’s modulus at 0.3 wt%
of graphene oxide and about 15% increase in yield-
ing strength and tensile strength with only 0.1 wt%
of graphene oxide were achieved. Chemical linkage
between graphene nano sheets and polymer matrix
could indeed enhance the interfacial adhesion,
which favored the load transfer across the interface
of the nanocomposites. However, current methods
available for enhanced interfacial compatibility via
covalent functionalization of graphene nanosheets
with the polymer suffer from certain drawbacks,
including tedious processes, rigorous reaction con-
ditions, lack of precise control of polymer architec-
ture and nanofiller content.
Compared to these aforementioned methods, non-
covalent interaction between the nanofiller and poly-
mer matrix via hydrogen bonding and !-! stacking
is more easily achieved by solution blending [34–
37], self assembly [38–40] and in situ interactive
polymerization [41–44]. Liang et al. [34] demon-
strated that molecular-level dispersion of graphene

into poly(vinyl alcohol) by solution-mixing and the
hydrogen bonding at the interface were key to 76%
increase in tensile strength and 62% improvement
of Young’s modulus of the nanocomposites at only
0.7 wt% of GO Liu et al. [40] synthesized pH-sen-
sitive GPNs by attaching pyrene-terminated poly(2-
N,N-(dimethyl amino ethyl acrylate) and poly
(acrylic acid) onto the basal plane of graphene sheets
via !-! stacking, respectively. Precipitation/extrac-
tion or solution casting to generate samples often
coincide with these efforts, which causes an addi-
tional tedious work-up for purification. Therefore, it
is very urgent to explore a facile and efficient
method to compatibilize graphene sheets with the
polymer hosts in GPNs while maintaining good dis-
persion of the nanosheets in the matrix.
In situ polymerization is an effective way to prepare
layered-structure nanocomposite [45] and has been
used to produce non-covalent graphene-based nano -
composites. Potts et al. [41] prepared chemically
reduced graphene/poly(methyl methacrylate)
(PMMA) by free radical solution-polymerization of
methyl methacrylate (MMA) in the presence of
exfoliated GO and an shift of over 15°C in the glass
transition temperature with graphene loadings as
low as 0.05 wt% and 28% increase of the elastic
modulus at just 1 wt% loading were observed. To
date, however, most of in situ polymerization tech-
niques used for GPNs are focused on solution poly-
merization [41–44] and involve an intercalation of
functionalized GO with a monomer prior to poly-
merization, where subsequent coagulation of poly-
mer or reduction of GO are frequently involved. In
addition, the tedious purification of GPNs by coag-
ulation with non-solvent of the matrix polymer can
potentially lead to aggregation of the nanofiller in
the composites [46], which could worsen the prop-
erties of the resulting GPNs. Motivated by these
results, in this work, we sought to explore a facile
and efficient route for producing graphene/PMMA
nanocomposites via in situ bulk-polymerization of
MMA in the presence of Octadecylamine-modified
graphene (C18-graphene). The long-alkyl chain
attached onto the edges of graphene favored homo-
geneous dispersion of graphene nanosheets in the
matrix and good compatibility between graphene
and PMMA. The obtained C18-graphene/PMMA
nano composites exhibited significant enhancement
in mechanical properties and thermal stability at
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very low loadings of graphene and the results are
herein disclosed.

2. Experimental
2.1. Materials
Natural graphite flakes with an average particle size
of 150 µm and a purity of >98% were supplied from
Qingdao Nanshu Graphite Co., Ltd., China. Con-
centrated sulfuric acid (A.R., 98%), hydrochloric
acid (A.R., 36%), Hydrogen peroxide (A.R., 30%),
Sodium nitrate (A.R.), N, N-dimethylformamide
(DMF, A.R.) and ethanol (A.R.), were purchased
from Chongqing Chuandong Chemical Reagent
Factory, China. Potassium permanganate (A.R.)
was purchased from Yixin Chemical Reagent Co.,
Ltd., China. Hydrazine hydrate (A.R., 85%), Octade-
cylamine(A.R., ODA) and N, N-dicyclohexylcar-
bodiimide (DCC, A.R.) were provided from
Sinopharm Chemical Reagent Co., Ltd., China.
Methylmethacrylate (A.R.) and benzoyl peroxide
(BPO, A.R.) were obtained from Kelong Chemical
Reagent Factory, China and purified by distillation
under reduced pressure. All the reagents were used
as received without any further treatment.

2.2. Preparation of graphene oxide (GO)
GO was prepared according to the Hummers
method [47]. Graphite (1.0 g), sodium nitrate (1.0 g)
and concentrated H2SO4 (23 mL) were mixed and
cooled to 0°C. KMnO4 (3.0 g) was slowly added
while stirring and the rate of addition was con-
trolled to prevent the mixture temperature from
exceeding 20°C. After the complete addition of
KMnO4, the mixture was then transferred to a 35°C
water bath and stirred for 30 min, during which a
brownish-gray paste was formed. Next, 50 mL of
deionized water was added to the solution, and the
temperature was increased to 98°C. After 15 min,
the solution was further treated with 100 mL of
warm water and 10 mL of 30% H2O2. The light-yel-
low warm solution was then filtered and the precip-
itate was washed with deionized water several
times, and finally dried at 60°C under vacuum.

2.3. Preparation of octadecylamine-modified
graphene(C18-graphene)

Starting from GO, chemically reduced graphene
(CRG) was prepared according to Ruoff’s method

[48, 49]. For surface modification of CRG with
long alkyl chain, 0.15 g of graphene was dispersed
in 200 mL anhydrous DMF by 1 h of ulstrasonica-
tion (As2060B bath sonicator, Automatic Science
Instrument Co. Ltd., China). 5.0 g of ODA and
2.0 g of DCC were then added and the mixture was
stirred at 90°C under N2 for 48 h. After filtration of
the solution, the resulting solid was washed with
excess ethanol and dried under vacuum.

2.4. Preparation of octadecylamine-modified
graphene/PMMA nanocomposites
(C18-graphene/PMMA)

The original loading of C18-graphene was based on
the weight of MMA monomer and C18-graphene/
PMMA nanocomposites were prepared via in situ
bulk-polymerization. Typically, 0.02 g (0.1 wt% of
MMA) of C18-graphene was added into 20.0 g of
MMA and the mixture was treated with ultrasound
at 0°C for 1 h. The obtained black dispersion was then
subjected to 15 min of centrifugation at 4000 rpm to
remove any unexfoliated agglomerate. The obtained
C18-graphene/MMA suspension was purged with
dry nitrogen for 10 min to remove traces of oxygen
from the solution and 0.3 g of BPO was then added.
Subsequently, the temperature was raised to 60°C
to promote polymerization. The reaction was main-
tained at 60°C for 8 h until the mixture turned into
transparent solid. A similar protocol was followed
to prepare pure PMMA and C18-graphene/PMMA
composites with original graphene loading of 0.1,
0.5, 1.0 and 1.5 wt%, respectively. For clarity of
discussion, the prepared PMMA nanocomposites
with original graphene loading of 0.1, 0.5, 1.0 and
1.5 wt% were labeled as C18-graphene-0.1/PMMA,
C18-graphene-0.5/PMMA, C18-graphene-1.0 /PMMA
and C18-graphene-1.5/PMMA, respectively. The
intrinsic loadings of graphene in these nanocom-
posites were measured by TGA analysis as dis-
cussed in Part 3.3.

2.5. Characterization
Fourier Transform Infrared Spectroscopy (FTIR)
A Nicolet 6700 Fourier transform infrared spec-
trometer (Thermo Fisher Scientific, USA) was used
for FTIR analysis. FTIR was measured on with scan-
ning from 400 to 4000 cm–1 by using KBr disks.
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High resolution Transmission Electron Microcopy
(HRTEM)
HRTEM was conducted on JEOL JEM -2100 elec-
tron microscope (Japan) at an acceleration voltage
of 200 kV. The sample for HRTEM analysis was
prepared by depositing an aliquot of the sample sus-
pension onto a carbon grid and then the solvent was
allowed to evaporate.

Scanning Electron Microscopy (SEM)
The fracture surface of the nanocomposites was
observed by FEINova 400 SEM (FEI, Netherlands)
with acceleration voltage of 20.0 kV. Samples were
prepared by immersing the films in liquid nitrogen
for 10 min before fracture. The fracture surfaces
were coated with gold before analysis.

X-ray Diffraction (XRD)
XRD measurements were carried out using a Rigaku
D/Max-2500 diffractometer (Rigaku, Japan) with
Cu-K" radiation.

Gel Permeation Chromatograph (GPC)
GPC measurements were determined using a Waters
gel permeation chromatograph (USA) equipped
with a Waters 1515 Isocratic HPLC pump, Waters
717 plus Autosampler, three Waters Styragel® HT4
columns collected in series and Waters 2414 Refrac-
tive Index Detector refractive index detector. All
samples were analyzed at room temperature with
tetrahydrofuran as the eluent at the flow rate of
1.0 mL/min.

Differential Scanning Calorimetry (DSC)
The glass transition temperature (Tg) was evaluated
by using DSC method. DSC measurements were
conducted on TA Q200 (TA, USA) with an approx-
imately 5 mg of each sample in an atmosphere of
nitrogen. The samples were tested from –40°Cand
then heated to 220°C at a heating rate of 10°C/min,
kept for 5 min to eliminate the thermal history, then
cooled to –40°C at a cooling rate of 10°C/min. The
DSC data reported were taken from the second scan
and Tg were calculated.

Thermogravimetric Analysis (TGA)
TGA and the derivative of TG curves (DTG) were
performed with Netzsch STA 449C thermogravimet-
ric analyzer (Germany) under nitrogen atmosphere at

a heating rate of 10°C/min and approximately 10 mg
of each sample were measured under N2.

Mechanical properties
The mechanical properties of graphene/PMMA
nanocomposites were measured by a universal ten-
sile testing machine (Sans Co. Ltd., China) at room
temperature according to ASTM D882-2009. The
samples used for mechanical test were prepared by
injection molding and conducted with a crosshead
speed of 5mm/min. In all cases, more than five sam-
ples were tested and standard deviations were cal-
culated.

3. Results and discussion
3.1. Preparation of C18-graphene and its

dispersion in MMA
It is widely known that the maximum improvements
in final properties of GPNs can only be achieved
when graphene is homogeneously dispersed in the
matrix and the external load is efficiently trans-
ferred through strong filler/polymer interfacial inter-
action [13–15]. Thus, how to chemically modify the
surface of graphene and design facile preparation
route may be essential to generate GPNs with
enhanced reinforcement efficiency of graphene. The
acylation reaction is one of the most common
approaches used for linking molecular moieties
onto oxygenated groups alongside the graphene
nanosheets [4]. Even if strong reducing reagents are
used in chemical deoxygenation of GO and most of
oxygen-containing functional groups are removed
from the graphene surface, some residual functional
groups such as carboxylic and hydroxyl group
remain within the graphene sheets, which facilitates
further covalent functionalization opening plenty of
opportunities for the preparation of GPNs [17, 22,
50]. In this work, chemically reduced graphene
(CRG) was anchored by long alkyl chain via an ami-
dation reaction to enhance the compatibility between
the nanosheets and polymer matrix. The amidation
reaction was achieved by the DCC-activated cou-
pling reaction between carboxylic moieties on the
CRG nanosheets and the amine group of ODA mol-
ecule, which was confirmed by FTIR. As presented
in Figure 1a, there were some characteristic absorp-
tions of graphene around 1580 cm–1, attributed to
C=C vibrations of graphene sheets. Moreover, a
tiny absorption peak at 1730 cm–1 assigned to the
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C=O situated at edges of CRG sheets was also iden-
tified. After the reaction with ODA, however, the
peak of C=O became weaker and new bands around
3300 and 1640 cm–1 due to the formation of amide
were observed (Figure 1b). Besides, the absorption
peak at 2920 and 2850 (C–H stretch of alkyl chain),
1530 cm–1 (N–H bending of amide) also appeared
in the spectrum of C18-graphene. These results con-
firmed the success of the amidation reaction.
Grafting of long alkyl chain on the nanosheets
imparted the functionalized C18-graphene organo -
philic and was expected to have enhanced solubility
in vavious organic medium [48–53]. As shown in
Figure 2a, after removal of any unexfoliated agglom-
erate by ultrasonication and centrifugation, the func-
tionalized C18-graphene was homogenously dis-
persed in MMA solution. Compared to pure MMA,
where the solution was almost clear, the MMA
solution containing C18-graphene was blacker, indi-
cating that C18-graphene was more soluble in MMA.
Moreover, the blacker MMA solution was very sta-

ble and no sedimentation was observed for at least
four weeks. To evaluate the degree of exfoliation of
organophilic C18-graphene into individual nanosheets
in the MMA system, a suspension prepared from
original loading of 0.5 wt% of C18-graphene was
examined by High resolution Transmission Elec-
tron Microcopy (HRTEM). As seen from Figures 2b
and 2c, although some monolayer nanosheets could
be detected on the substrate, large quantities of few-
layers smooth graphene (<10 layers) with no signif-
icant folding or overlapping were obviously identi-
fied, showing that the long alkyl chain present on
the sides of the sheets could effectively prevent the
restacking of the nanosheets and good dispersibility
was achieved in MMA solution.

3.2. Preparation and microstructure of
C18-graphene/PMMA nanocomposites

Bulk polymerization is ready to prepare PMMA
with high molecular weight. After polymerization,
the resulting C18-graphene/PMMA nanocomposites
darkened to a uniform black as the C18-graphene con-
tent increased, contrary to colorless pure PMMA. It
has been shown that gelation time was affected by
some nanofillers in radical bulk polymerization of
MMA and subsequent molecular weight and molec-
ular weight distribution of the nanocomposites were
different from those obtained from bulk polymer-
ization of pure MMA [54, 55].
In order to investigate whether similar phenomenon
occurred in our research, the molecular weight and
polydispersity index of the neat PMMA and C18-
graphene/PMMA nanocomposites with various
graphene contents were examined by gel perme-
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Figure 1. FTIR spectra of CRG (a) and C18-graphene (b)

Figure 2. (a) Morphological image of MMA solution containing C18-graphene (left) and pure MMA (right); (b) and
(c) HRTEM images of C18-graphene nanosheets in MMA solution of original loading of 0.5 wt%



ation chromatograph (GPC). Prior to molecular
weight measurement, free PMMA was separated
from C18-graphene/PMMA nanocomposites by Soxh-
let extraction with boiling acetone for 48 h, precipi-
tated in methanol, and finally dried in vacuum at
60°C for 48 h. The results of GPC analysis are sum-
marized in Table 1. It could be obviously that PMMA
in these composites had higher molecular weight
than their neat counterpart and the molecular weight
increased slightly as the original loading of C18-
graphene increased. This maybe attributed to the
participation of modified graphene nanosheets in
the polymerization reaction and the additional con-
sumption of radicals captured by the graphene sur-
face, which was similar to the case where carbon
nanotube was used as the nanofiller [54]. In fact, the
polymer chains of PMMA nanocomposites meas-
ured in GPC were not directly attached to graphene
surface because these nanofiller were filtered out
prior to the GPC measurements. But this kind of
end-tethered PMMA on graphene surface could
affect some properties of the resulting GPNs.
The homogeneous dispersion of the nanosheets in
the matrix is very crucial to improve the final prop-
erties of the GPNs. Li et al. [56] recently reported
that simultaneous surface functionalization and
reduction of GO was achieved by simple refluxing
of GO with octadecylamine (ODA) without the use
of any reducing agents and the ODA-modified
graphene nanosheets could impove the nanofiller
dispersion and thus the conductivity of polymer
nanocomposites. To well-disperse the graphene
sheets into the polymer, in this study, the as-pre-
pared organo philic C18-graphene was exfoliated
into MMA solution via ultrasonication to form a
stable colloid and C18-graphene/PMMA nanocom-
posites were readily obtained by subsequent facile
radical-bulk polymerization. To observe the disper-
sion of graphene in these nanocomposites, X-ray

Diffraction (XRD) and Scanning Electron Microscopy
(SEM) were employed to probe the morphology
and nanostructure of these products. Figures 3
and 4 show the XRD patterns of the CRG, C18-
graphene and PMMA nanocomposites with differ-
ent loading of C18-graphene, respectively. The CRG
nanosheets showed a (002) diffraction peak at 2# =
25º (Figure 3a), which corresponded to a d-spacing
of 0.35 nm slightly larger than that of pristine
graphite (0.34 nm, JCPDS No. 75-1621). Upon
functionalizing with ODA, the strongest diffraction
peak of the C18-graphene shifted to a smaller 2# =
21º (Figure 3b), corresponding to a d-spacing of
0.41 nm, which indicated that attachment of long
alkyl chain along the edges of the nanosheets
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Table 1. Results of GPC analysis for neat PMMA and C18-
graphene/PMMA nanocomposites with various
graphene contents

Sample Mw(·105)
[g/mol]

Mw/Mn
[–]

Neat PMMA 2.83 5.25
C18-graphene-0.1/PMMA 3.01 6.53
C18-graphene-0.5/PMMA 2.94 5.31
C18-graphene-1.0/PMMA 3.29 5.94
C18-graphene-1.5/PMMA 3.46 6.11

Figure 3. XRD patterns of CRG (a) and C18-graphene (b)

Figure 4. XRD patterns of (a) PMMA and C18-graphene/
PMMA nanocomposites, (b) C18-graphene-0.1/
PMMA, (c) C18-graphene-0.5/PMMA, (d) C18-
graphene-1.0/PMMA and (e) C18-graphene-1.5/
PMMA



enlarged the interlayer of C18-graphene and thus
would favor the intercalation of monomer and sub-
sequent bulk polymerization within the gallery. For
PMMA and C18-graphene/ PMMA nanocomposites,
pure PMMA showed a (002) diffraction peak at 2# $
12 and 30º (Figure 4a). However, as dispersing the
functional C18-graphene nanosheets into the
PMMA matrix, the peak of C18-graphene around
21º (Figure 3b) disappeared in the nanocomposites
and only diffraction peaks around 12 and 30º arisen
from PMMA were detected (Figure 4b~d), suggest-
ing that penetration of PMMA chains into inter-lay-
ers of graphene were achieved [57], which was fur-
thered confirmed by SEM. Figure 5 shows the
cross-section SEM images of the fractured surface
of C18-graphene/PMMA nanocomposites. As can be
seen from Figure 5, the graphene nanosheets were
randomly dispersed in the matrix, especially in the
case of lower loadings, showing typical characteris-
tics of good compatibility between the nanosheets
and polymer matrix. From Figure 5d, there was
clear and irregular entanglement of nano sheets in
higher graphene content. Meanwhile, the wrinkled
and crumpled profile of the functional nanofiller in
the nanocomposites was also detected, which could
be largely attributed to strong covalent interaction

between graphene nanosheet and PMMA matrix.
This phenomenon was also mentioned elsewhere
[44, 58, 59] and should contribute to enhance the
final properties of graphene/PMMA nanocompos-
ites.

3.3. Thermal and mechanical properties of
graphene/PMMA nanocomposites

It is expected that thermal and mechanical proper-
ties of the as-prepared C18-graphene/PMMA nano -
composites can be significantly enhanced, largely
by the large interfacial area and high aspect ratio of
the nanosheet, the homogeneous dispersion of the
graphene sheets in the matrix and strong adhesion
between graphene and the matrix. Figure 6 displays
TGA and corresponding differential thermogravi-
metric (DTG) thermograms for neat PMMA and its
nanocomposites with different graphene loadings
under nitrogen atmosphere. The onset temperature
of decomposition (Td) can be considered as the tem-
perature at the 5% weight loss. The relative thermal
stability of the samples is evaluated by Td and the
temperature of the maximum degradation rate
(Tmax) obtained from DTG. These data, providing
the information on the thermal degradation behav-
ior, are also listed in Table 2. Both virgin PMMA
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Figure 5. SEM image of cross-section fractured surface of C18-graphene/PMMA nanocomposites. (a) C18-graphene-
0.1/PMMA, (b) C18-graphene-0.5/PMMA, (c) C18-graphene-1.0/PMMA and (d) C18-graphene-1.5/PMMA.



and its nanocomposites exhibited similar weight
loss curve profile with one-step threshold in their
thermograms. With an onset of thermal degradation
at ca. 249°C, pure PMMA showed mass loss between
300 and 400°C and almost no residue left behind
above 480°C. Compared to that of pure PMMA, the
TGA curves of C18-graphene/PMMA nanocompos-
ites were shifted toward higher temperature and all
the Td temperatures of these nanocomposites were
significantly enhanced with low graphene loadings.
For example, Td values were raised from 249°C for
virgin PMMA to 276°C for C18-graphene-0.1/
PMMA, 256°C for C18-graphene-0.5/PMMA, 273°C
for C18-graphene-1.0/PMMA and 281°C for C18-
graphene-1.5/PMMA. Assuming that graphene was
very stable against heat and the weight loss that
occurred during thermal decomposition of these
PMMA nanocomposites in higher temperature
(~500°C) was entirely due to the removal of PMMA
entity [30], the residue weight implied the intrinsic
loading of graphene in these products, which was
also presented in Table 2. With regard to the intrin-
sic loadings of C18-graphene measured by TGA,
therefore, dramatic improvement of thermal stabil-
ity was achieved with very low loading of graphene
in this study. From Table 2, only addition of meas-
ured loading of 0.07 wt% graphene afforded 27°C
increment in Td of C18-graphene/PMMA nanocom-
posites. The reason was presumably that the homo-
geneously distributed CMG nanosheets could avoid
heat concentration upon external thermal exposure
and strong interaction between PMMA matrix and
chemically modified graphene was introduced via
in-situ bulk polymerization [34, 37, 41]. However,
further increasing the graphene loading did not result

in considerable enhancement of Td. The Tmax value
was not also affected by the addition of the function-
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Table 2. Thermal data of PMMA and C18-graphene/PMMA
nanocomposites under nitrogen atmosphere

aTd:the degradation temperature at the 5% weight loss in the
decomposition stage

bTmax: the maximum degradation temperature in the decomposi-
tion stage

cThe value calculated from the residue at 480°C in TGA thermo-
gram of C18-graphene/PMMA nanocomposites

dnot determined

Sample Td
a

[°C]
Tmax

b

[°C]
Calculated

loadingc
Tg

[°C]
PMMA 249 369 –d 107
C18-graphene-0.1/PMMA 276 372 0.07% 122
C18-graphene-0.5/PMMA 256 370 0.21% 121
C18-graphene-1.0/PMMA 273 367 0.28% –d

C18-graphene-1.5/PMMA 281 371 0.50% 122

Figure 6. (a) TGA and (b) TGA in the range of 400–500°C,
and (c) DTG thermograms for PMMA and C18-
graphene/PMMA nanocomposites in nitrogen
atmosphere



alized graphene, showing that the nanofiller did not
alter the thermal degradation mechanism.
Figure 7 discloses the DSC thermogram for PMMA
and C18-graphene/PMMA nanocomposites and the
glass transition temperature (Tg) is obtained as listed
in Table 2. Tg is a macroscopic indication of the
segmental relaxation behavior of nanocomposite
systems, strongly dependent on embedded nanopar-
ticls. Compared to that of PMMA, C18-graphene/
PMMA nanocomposites showed 15°C increase in
Tg at an intrinsic loading as low as 0.07 wt% and lit-
tle increment was exhibited beyond this loading.
Generally, Tg is highly molecular weight depend-
ent, especially below the critical molecular weight
of polymer. With regard to the same preparation
condition and little difference in molecular weight
for all samples in this case, however, the observed
increase in Tg could not result largely from the molec-
ular weight of PMMA. Therefore, the substantial
enhancement in the Tg of these nanocomposites was
attributed to the restriction in chain mobility due to
confinement effect of 2D-layered graphene incor-
porated into the matrix and strong nanofiller-poly-
mer interaction, which was similar to other reports
elsewhere [27, 44].
As an important petrochemical polymer used in
various fields, it is of much concern about mechan-
ical property of PMMA composites. Figure 8 shows
the typical stress-strain curves for pure PMMA and
its nanocomposites with different graphene load-
ings. Taking the intrinsic loading of the nanofiller in
these nanocomposites into account, it was obvious

that low loading of graphene into the polymer
matrix had a significant influence on the mechani-
cal behavior and the tensile strength of C18-
graphene/PMMA nanocomposites with low graphene
loading was dramatically enhanced as compared to
that of pure PMMA matrix. For example, with
intrinsic graphene loading of only 0.5 wt% for C18-
graphene-1.5/PMMA (the intrinsic loading of the
nanocomposites is listed in Table 2), the tensile
strength increased from 45 MPa of pure PMMMA
to 75 MPa and the increase was 67%. The increas-
ing trend was especially clear with lower loading.
For example, the 0.07 wt% intrinsic loading of
graphene increased the tensile strength up to 57 MPa
and the tensile strength changed slightly without a
pronounced threshold while further raising graphene
loading, Suggesting that there existed a mechanical
percolation probably due to the nanosheet restack-
ing in the case of higher graphene content, which
was consistent with the other reports [16, 57, 58].
On the contrary, the elongation at break of the
nanocomposites gradually decreased with graphene
loading in contrast to that of pure PMMA. The
value of the elongation at break decreased from 6%
for pure PMMA to 3.5% for C18-graphene-1.5/
PMMA. The mechanical reinforcement with low
graphene loading could be attributed to the homo-
geneous dispersion of graphene sheets in the matrix
and the strong interfacial adhesion between chemi-
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Figure 7. DSC thermograms for PMMA and C18-graphene/
PMMA nanocomposites

Figure 8. Typical stress-strain curves for (a) pure PMMA
and C18-graphene/PMMA nanocomposites,
(b) C18-graphene-0.1/PMMA, 
(c) C18-graphene-0.5/ PMMA, 
(d) C18-graphene-1.0/PMMA and 
(e) C18-graphene-1.5/PMMA



cally modified graphene and PMMA. Because of
the high surface area of graphene in the nanocom-
posites, the applied stress was expected to transfer
effectively from the matrix to graphene layers
resulting in enhancement of mechanical properties
[59, 60].

4. Conclusions
Chemically modified graphene by long alkyl chain
was prepared and the graphene/PMMA nanocom-
posites were successfully fabricated via a facile in
situ bulk polymerization. Thermal and mechanical
properties of the nanocomposites were significantly
enhanced at very low graphene loadings. The rein-
forcement with low graphene loading was attrib-
uted to homogeneous dispersion of the nanosheets
and enhanced nanofiller-matrix interfacial interac-
tion. Because of easy performance of functional-
ized graphene and bulk polymerization, the facile
method presented here could be extended to the
implementation of other graphene-based polymer
nanocomposites.
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