
Block copolymer as a special kind of copolymers is
made up of blocks of different monomers. For exam-
ple, polystyrene-b-poly(methyl methacrylate) is
usually made by first polymerizing styrene, and
then subsequently polymerizing methyl methacry-
late from the reactive end of the polystyrene chains.
Because the different blocks are covalently bonded
to each other, block copolymer can only microphase
separate (or self-assemble) to form various types of
ordered nanostructures ranging from 5 to 50 nm
either in the bulk or solution depending on the ratio
of different blocks, like hexagonal cylinder array,
lamellae, and micelle nanostructures. Block copoly-
mer provides a perfect platform for fabricating
novel nanostructural materials for potential applica-
tions in advanced technologies such as nanocom-
posites, information storage, and bio-related nano-
materials.
Due to the microphase separation of block copoly-
mer, the morphology of block copolymer can be
tuned from particles in the matrix, hexagonal cylin-
der to the lamellae and then inverse phases by con-
tinuously changing the length of blocks. These nanos-
tructures are extensively used as templates for fab-
rication of mesoporous nanomaterials for example
mesoporous SiO2, TiO2 and carbon. The meso-
porous materials with high surface area have many
important applications in catalyst carrier and mem-
brane separation fields. Block copolymers are also
used as template to organize the functional mole-
cules, precursors, or nanoparticles due to the chem-
ical difference of blocks. For example, metal ions

can be loaded in one phase region; nanoparticles or
nanowires can form within this phase region after
reduction. On the other hand, the ordered nanos-
tructures, especial for the vertical alignment array
structure, can be directly or indirectly used as a
mask for nanolithography such as Si, Ge and other
semiconductor quantum dots or nanowires array.
Nanostructure semiconductor and magnetic array
structures are potentially possible for high effi-
ciency information process and storage. Finally,
block copolymer forms all kinds of micelles in the
solution due to the solubility difference of different
blocks, like spherical micelles, rodlike micelles,
and vesicles. The functional units like drug mole-
cules, fluorescent agent or magnetic agents can be
co-assembled into the micelles in the solution and
transferred to the target area for cure or diagnosis.
Recently, block copolymer micelles have been
extensively used for carrier of the drug delivery,
image contrast agents, and fluorescence agents.
In brief summary, block copolymer as a robust tool
can be extensively using for the synthesis and fabri-
cation of nanomaterials and biomaterials.
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1. Introduction
Organic/inorganic composite materials have unwa-
veringly been the subject of great interests because
they frequently exhibited desired hybrid perform-
ance superior to their individual components and
cost-efficient characteristics [1–4]. Among them,
the composites derived from natural polysaccha-
rides and inorganic clay minerals are especially
focused by virtue of their unique commercial and
environmental advantages [5], and such materials
have also been honored as the material families ‘in
greening the 21st century materials world’ [6].

Superabsorbents are particular 3-D network hydro -
philic functional polymer materials that can absorb
and conserve considerable amounts of aqueous liq-
uids even under some pressure. Owing to the advan-
tages over conventional absorbents (e.g. sponge,
cotton, wood pulp and colloidal silica, etc.), super-
absorbents have found potential application in
many fields such as agriculture [7, 8], hygiene arti-
cles [9], wastewater treatment [10–13], carrier of
catalyst [14] and drug delivery carrier [15, 16], etc.
However, most of the practically available superab-
sorbents are petroleum-based synthetic polymer
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with severe environmental impact and high produc-
tion cost [17], and so the design and development of
eco-friendly superabsorbents by introducing natural
raw materials have long been desired.
Thus far, many polysaccharides including starch
[18, 19], cellulose [20, 21], chitosan [22, 23], algi-
nate [24], and guar gum [25] etc. have been intro-
duced into superabsorbent for improving the per-
formance and environmentally friendly properties.
Compared with other natural polymers, cellulose is
the most potential one because it is the most abun-
dant natural polymer with renewable, odourless,
non-toxic, biodegradable and biocompatible char-
acteristics [26]. However, cellulose is difficult to be
directly modified to produce other useful materials
due to its poor solubility and reactivity. Car-
boxymethylcellulose (CMC) is an anionic car-
boxymethyl ether of cellulose produced by the alkali-
catalyzed reaction of cellulose with chloroacetic
acid, which has been widely used as a thickening
agent and stabilizing agent in industrial fields. The
introduced polar carboxyl groups render the cellu-
lose soluble, chemically reactive and strongly
hydrophilic, whereas the connatural odourless,
tasteless, nontoxic and biodegradable characteris-
tics of cellulose can be retained. So, CMC is advan-
tageous to fabricate eco-friendly polymer materials
by its grafting modification [27], and its application
in superabsorbent fields becomes attractive and
promising. Medical stone (MS) is a special clay
mineral that is different from other clays in both
structure and properties. MS is an igneous rock
composed of silicic acid, aluminum oxide and
above 50 kinds of constant and trace elements, and
so it was known as ‘health-stone’ [28]. The main
chemical composition of MS is aluminum metasili-
cate including KAlSi3O8, NaAlSi3O8, CaAl2Si2O8,
MgAl2Si2O8 and FeAl2Si2O8, etc. In such a struc-
ture, silica (SiO2) presents regular tetrahedron with
a [SiO4] configuration, and has a three-dimensional
stereo-structure in which aluminum coordinates
through oxo-bridging. MS has excellent porosity,
multicomponent characteristic, biological activity
and safety, and so it shows excellent surface activi-
ties, and has been extensively applied in food sci-
ence, medicine, daily chemical industry, environ-
mental sanitation and wastewater treatment, etc.

[29]. However, few information is available on the
application of MS as an inorganic additive for the
manufacture of eco-friendly superabsorbent com-
posite materials. So, the composite of CMC, NaA
and MS was expected to derive superabsorbent
materials with improved network structure and
swelling properties.
Based on the above background, in the current
work, a series of carboxymethylcellulose-g-poly
(sodium acrylate)/medical stone (CMC-g-PNaA/
MS) superabsorbent composites were prepared by
the combination of CMC and MS. The structure,
thermal stability and morphologies of the devel-
oped composites were characterized by Fourier
transform infrared spectroscopy (FTIR), thermo-
gravimetric and differential scanning calorimetry
analysis (TG-DSC), and field emission scanning
electron microscopy (FESEM), energy dispersive
spectrometer (EDS) and elemental map (EM) analy-
ses. In addition, the swelling properties, and the
stimuli-responsive behaviors of the composite in
various medium were evaluated systematically.

2. Experimental
2.1. Materials
Sodium carboxymethylcellulose (CMC, chemically
pure, 300~800 mPa·s (25°C)) was from Sinopharm
Chemical Reagent Co., Ltd, China. Acrylic acid
(AA, chemically pure, Shanghai Shanpu Chemical
Factory, Shanghai, China) was distilled under
reduced pressure before use. Medical stone (MS)
micro-powder (Chinese M-Stone Development Co.,
Ltd, NaiMan, Inner Mongolia, China) was milled
and passed through a 320-mesh screen (<46 "m)
prior to use, and the main chemical composition is
SiO2, 68.89%; Al2O3, 14.06%; Fe2O3, 3.61%; K2O,
3.18%; Na2O, 4.86%; CaO, 1.33%; MgO, 2.59%.
The Cation Exchange Capacity (CEC) is
9.91 meq/100 g, the BET specific surface area is
3.915 m2/g and the average pore size is 11.943 nm.
Ammonium persulfate (APS, analytical grade,
Xi!an Chemical Reagent Factory, China) and N,N-
methylene-bis-acrylamide (MBA, Chemically Pure,
Shanghai Chemical Reagent Corp., China) was
used as received. All other reagents used were of
analytical grade and all solutions were prepared
with distilled water.
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2.2. Preparation of CMC-g-PNaA/MS
superabsorbent composites

CMC (1.04 g) was dissolved in 30 ml of distilled
water at 60ºC in a 250 ml four-necked flask equipped
with a mechanical stirrer, a thermometer, a reflux
condenser and a nitrogen line to obtain a transpar-
ent solution. Afterward, 5 ml of the aqueous solu-
tion of the initiator APS (72 mg) was added drop-
wise to the reaction flask under continuous stirring,
and kept at 60ºC for 10 min to generate radicals. 7.2 g
of AA was pre-neutralized using 8.0 ml of 8.5 M
NaOH solution, and then crosslinker MBA (21.6 mg)
and calculated amount of MS powder (0, 0.44, 0.93,
2.08, 3.57 and 5.57 g, respectively) were added
under magnetic stirring to form a uniform disper-
sion. After cooling the reactant to 50ºC, the disper-
sion was added to the reaction flask, and the tem-
perature was gradually raised to 70°C and kept for 3 h
to complete polymerization. Continuous purging of
nitrogen was used throughout the reaction period.
After being fully washed with distilled water, the
obtained gel products were dried to a constant mass
at 70ºC, ground and passed through a 40–80 mesh
sieve (180~380 µm).

2.3. Measurements of equilibrium water
absorption and swelling kinetics

Dry sample (about 0.05 g) with the size of 180~
380 µm was adequately contacted with excessive
aqueous solution at room temperature for 4 h, until
a swelling equilibrium was reached. The swollen
samples were separated by a 100-mesh screen and
then drained on a sieve for 10 min to remove the
excess water. After weighing the swollen samples,
the equilibrium water absorption of the superab-
sorbent was calculated using Equation (1):

                                                  (1)

where Qeq [g/g] is the equilibrium water absorption
calculated as grams of water per gram of sample,
which are averages of three measurements; wd and
ws are the weights of the dry sample and water-
swollen sample, respectively.
Kinetic swelling behaviors of superabsorbents in
each aqueous solution were measured by the fol-
lowing procedure: 0.05 g samples were immersed
in 200 ml of aqueous solution for a set period of
time. Then, the swollen gels were filtered using a

sieve, and the water absorption (Qt) of superab-
sorbents at a given time (t) can be measured by
weighing the swollen and dry samples, and calcu-
lated according to Equation (1). In all cases three
parallel samples were used and the averages are
reported in this paper.

2.4. Evaluation of pH-responsivity
The buffer solutions with various pH values were
prepared by combining KH2PO4, K2HPO4, H3PO4
and NaOH solution properly and the pH values
were determined by a pH meter (DELTA-320).
Ionic strengths of all the buffer solutions were con-
trolled to 0.1 M using NaCl. The equilibrium water
absorption (Qeq) of the composite in various pH
buffer solutions was measured by a method similar
to that in distilled water. The pH-reversibility of the
superabsorbent composites was investigated in
terms of their swelling and deswelling between pH
2.0 and 7.2 buffer solution of phosphate. Typically,
the sample particle (0.05 g, 180~380 µm) was placed
in a 100 mesh sieve and adequately contacted with
pH 2.0 buffer solution, 154 mmol/l LiCl, NaCl or
KCl solutions and distilled water until reaching
equilibrium. Then, the swollen samples were soaked
in pH 7.2 buffer solutions, distilled water, and
methanol or ethanol for set time intervals. Finally,
the swollen samples were filtered, weighed and then
calculated the water absorption at a given moment
according to the mass change of samples before and
after swelling. The consecutive time interval is
15 min for each cycle, and the same procedure was
repeated for four cycles. After every measurement,
each solution was renewed.

2.5. Determination of network parameter Mc
The swelling properties of the superabsorbent
depend on the crosslinking density, which can be
reflected by the average molar mass among the
crosslinks, Mc. Mc value is reversibly proportional
to crosslinking density and can be calculated by a
previously developed method [30, 31]. Typically,
Mc can be expressed as Equation (2) according to
Flory-Huggins theory [32]:

                                        (2)

where Q represents the equilibrium water absorp-
tion of the superabsorbent; D2 denotes the density

Mc 5 Q5>3 ? D2V1

0.5 2 X1

Qeq 5
ws 2 wd

wd
Qeq 5

ws 2 wd

wd

Mc 5 Q5>3 ? D2V1

0.5 2 X1
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of superabsorbent; V1 denotes the molar volume of
the solvent used for swelling studies and X1 is the
Flory-Huggins interaction parameter between sol-
vent and superabsorbent. Because it is difficult to
determine X1 by experiment, the linear relationship
between X1 and C (the volume fractions of methanol
in methanol/water mixture) was established to
determine X1 value (Equation (3)):

X1 = K1C + K2                                                      (3)

After simplified above equations, it was concluded
that the relations among each parameter follows
Equation (4):

D2V1Q5/3
methanol-water = Mc (0.5 – K1C)                 (4)

The plots of D2V1Q5/3
methanol-water against C give a

set of straight lines, and the Mc can be calculated
according to the slope of the resulting lines for each
superabsorbent.

2.6. Characterizations
FTIR spectra were recorded on a Nicolet NEXUS
FTIR spectrometer in 4000–400 cm–1 region using
KBr pellets. The composite sample after swelling in
various heavy metal solutions was fully washed and
dried before FTIR determination. The surface mor-
phologies, energy dispersive spectrometer (EDS)
and elemental map (EM) of the samples were
examined using a JSM-6701F Field Emission Scan-
ning Electron Microscope (JEOL) after coating the

sample with gold film. Thermogravimetric (TG)
and Differential scanning calorimetry (DSC) analy-
ses of samples was studied on a Perkin-Elmer
TGA-7 thermogravimetric analyzer (Perkin-Elmer
Cetus Instruments, Norwalk, CT), with a tempera-
ture range of 25–700°C at a heating rate of
10 °C/min using dry nitrogen purge at a flow rate of
50 ml/min. The samples were dried at 100°C for 4 h
to remove the absorbed water before determining
TG-DSC curves.

3. Results and discussion
3.1. FTIR spectra analysis
As shown in Figure 1, the characteristic absorption
bands of CMC at 1061, 1118 and 1162 cm–1 (stretch-
ing vibration of C–OH groups) were obviously weak-
ened after reaction and shifted to 1056, 1111 and
1169 cm–1 for CMC-g-PNaA. The new bands at
1714 cm–1 (C=O stretching of –COOH groups),
1568 cm–1 (asymmetrical stretching vibration of 
–COO– groups), 1454 and 1409 cm–1 (symmetrical
stretching vibration of –COO– groups) appeared in
the spectrum of CMC-g-PNaA (Figure 1b). This
result indicates that NaA monomers were grafted
onto CMC backbone. Compared with the spectrum
of CMC-g-PNaA, the –C=O stretching of –COOH
groups at 1714 cm–1 shifted to 1715 cm–1, and the
asymmetrical stretching of –COO– groups at
1568 cm–1 shifted to 1572 cm–1 after forming com-
posite. The stretching vibration of (Si)O–H at
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Figure 1. FTIR spectra of (a) CMC, (b) CMC-g-PNaA, (c) CMC-g-PNaA/MS (20 wt%), and (d) MS



3621 cm–1 can almost not be observed in the spec-
trum of CMC-g-PNaA/MS (Figure 1c, d). The Si–O
stretching vibration of MS at 1032 cm–1 shifted to
1043 cm–1 after forming composite, but its intensity
was obviously weakened. The Si–O bending vibra-
tion at 468 cm–1 can be observed in the spectrum of
CMC-g-PNaA/MS with weakened intensity. This
information gives direct evidence that MS partici-
pated in the graft copolymerization reaction through
its active silanol groups [33–35]. Moreover, a
schematic structure illustration of the CMC-g-PNaA/
MS superabsorbent composite is presented in Fig-
ure 2, the MS existed in the polymer matrix can be
classified as two kinds: chemically bonding and
physically filling [35].

3.2. TG-DSC analyses
Figure 3 showed the TG-DSC curves of CMC-g-
PNaA hydrogel and CMC-g-PNaA/MS (20 wt%)
composite. It is obvious that introduction of MS
exhibited great influence on the thermal behaviors
of the superabsorbents. The weight loss about
6.4 wt% below 251ºC for CMC-g-PNaA (corre-
sponding to an endothermic step at 248ºC) and
about 4.9 wt% below 254.7ºC for CMC-g-PNaA/
MS (corresponding to an endothermic step at
253ºC) can be ascribed to the removal of water
absorbed, the dehydration of saccharide rings in the
chain of CMC [36]. The successive weight loss
about 20.4 wt% (251~432ºC) for CMC-g-PNaA
and about 17.3 wt% (255~436ºC) for CMC-g-
PNaA/MS can be attributed to the breaking of
C–O–C bonds in CMC chains (corresponding to the

endothermic peaks at 399ºC for CMC-g-PNaA and
401ºC for CMC-g-PNaA/MS) and the elimination
of water molecule derived from the two neighbor-
ing carboxylic groups of the grafted PNaA chains
due to the formation of anhydride (corresponding to
the endothermic peak at 424ºC for CMC-g-PNaA
and 425ºC for CMC-g-PNaA/MS) [37]. However,
the endothermic peak of CMC-g-PNaA/MS at
425ºC is obviously weaker than that of CMC-g-
PNaA, and the new endothermic peak at 455ºC also
appeared in the DSC curve of CMC-g-PNaA/MS.
This indicates that the thermal decomposition
process in this region was relieved by introducing
MS. The weight losses about 20.1 wt% from 432 to
502ºC for CMC-g-PNaA (corresponding to a sharp
endothermic peak at 482ºC) and about 19.1 wt%
from 436 to 504ºC for CMC-g-PNaA/MS (corre-
sponding to the continuous endothermic peak from
485 to 497ºC) are due to the breakage of main-chain
scission and the destruction of crosslinked network
structure. Compared with the sharp endothermic
peak of CMC-g-PNaA, the appearance of continu-
ous endothermic peak in the DSC curve of CMC-g-
PNaA/MS reveals that the thermal decomposition
of the superabsorbent was delayed after incorporat-
ing MS. As described above, CMC-g-PNaA/MS
composite exhibited slower weight-loss and ther-
mal decomposition rate as well as lesser total
weight loss than CMC-g-PNaA, which indicated
the incorporation of MS improved the thermal sta-
bility of superabsorbent.

3.3. FESEM, EDS and EM analyses
Figure 4 showed the FESEM micrographs of CMC-
g-PNaA, MS and CMC-g-PNaA/MS (20 and 40 wt%)
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Figure 2. Schematic representation of the CMC-g-PNaA/
MS superabsorbent composite

Figure 3. TG-DSC curves of CMC-g-PNaA and CMC-g-
PNaA/MS (20 wt%)



superabsorbent composite. As can be seen, CMC-g-
PNaA only has a smooth and dense morphology
(Figure 4a), and MS shows a correspondingly coarse
and sheet surface morphology (Figure 4b). After
compounding MS with CMC-g-PNaA, the surface
roughness of the superabsorbent was obviously
increased and some pores and gap can be observed
(Figure 4c), and the surface roughness of CMC-g-
PNaA/MS increased with increasing the content of
MS (Figure 4d), which implies that introduction of
MS contributes to improve the surface morphology
of the resultant composite. In addition, this observa-
tion gives a direct revelation that MS was uniformly
dispersed and almost embedded within the polymer
matrix without the flocculation of MS particles, and
formed a homogeneous combination of MS with
the matrix network.

Figure 5 shows the EDS spectrograms of CMC-g-
PNaA, MS and CMC-g-PNaA/MS (20 and 40 wt%),
corresponding to the surface of samples shown in
Figure 4a–4d). As can be seen, only the characteris-
tic peaks of C, O and Na elements can be observed
in the EDS spectrogram of CMC-g-PNaA. After
forming CMC-g-PNaA/MS composites, the Si, Al,
K, Ca, Fe, Na and Mg elements ascribed to MS
(Figure 5b) can also be observed, indicating that
MS was distributed in the polymer matrix. For fur-
ther proving this, the elemental maps (EM) for each
sample were examined and are shown in Figure 6.
It can be noticed that the characteristic O, Si, Al, K,
Ca, Fe, Na and Mg elements of MS clearly appeared
in the elemental map of the composites, and these
elements showed equal distribution in the CMC-g-
PNaA matrix. This result is consistent with the
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Figure 4. FESEM micrographs of (a) CMC-g-PNaA, (b) MS, (c) CMC-g-PNaA/MS (20 wt%), and (d) CMC-g-PNaA/MS
(40 wt%)



FESEM observations and EDS results, and reveals
the uniform composite of CMC-g-PNaA matrix
with MS.

3.4. Effects of MS content on Mc and water
absorption

As shown in Figure 7, the Mc of the superabsorbent
composite firstly increased and then decreased with
increasing the content of MS. A similar tendency
can be observed for the water absorption curves of
the superabsorbents. The water absorption sharply
increased with increasing the content of MS until a
maximum absorption (634 g/g in distilled water and
60 g/g in 0.9 wt% NaCl solution) was achieved at
20 wt% MS, and then decreased with further increas-
ing MS content. In comparison with the MS-free
superabsorbent hydrogel, the water absorption of

the composite increased by 99% after incorporating
20 wt% of MS. This observation indicates that the
water absorption of the superabsorbent is mainly
dependent on the crosslinking density. The obvious
enhancement of water absorption can be attributed
to the following reasons: (1) MS may participate in
polymerization reaction and act as additional
crosslinker. As a result, the polymer network struc-
ture was improved and the network void for holding
was regularly formed, and the water absorption
capacity of the superabsorbent was improved [35,
38]; (2) MS can ionize and release lots of metal
cations in contact with water [29], which increased
the concentration of electrolyte in interior gel net-
work and enhanced the osmotic pressure difference
between gel network and swelling media, and so the
water absorption can be enhanced; (3) ionization of
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Figure 5. EDS curves of (a) CMC-g-PNaA, (b) MS, (c) CMC-g-PNaA/MS (20 wt%) and (d) CMC-g-PNaA/MS (40 wt%)
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Figure 6. Element area profiles of (a) CMC-g-PNaA, (b) MS, (c) CMC-g-PNaA/MS (20 wt%) and (d) CMC-g-PNaA/MS
(40 wt%) at the magnification of 10 000#. The small dots denote the distribution of each element in the polymeric
matrix



MS may generate [–SiO]– groups [29], which can
repulse with the negatively charged graft polymer
chains and facilitate to the expansion of gel net-
work, and thus contribute to improve the water
absorption. However, the excessive addition of MS
induced a decrease of water absorption. Because
the excessive MS particles may physically fill in the
polymer network, which may plug up the network
voids for holding water and decrease the hydro -
philicity of the composite. For this reason, the water
absorption decreased with the increase of the MS
content above 20 wt%. It deserves to be mentioned
that the water absorption of the composite is till
higher than the hydrogel without MS even the con-
tent of MS reached 40 wt%, which is extremely
favorable to reduce the production cost.

3.5. Swelling kinetics in distilled water
Kinetic swelling curves of the superabsorbents in
distilled water were depicted in Figure 8. It can be
noticed that the water absorption sharply increased

with prolonging contact time at initial stage (<1200 s),
and then the increasing trend becomes flatter until
swelling equilibrium was reached (about 1800 s). In
this section, Schott!s pseudo second order kinetics
model was used to evaluate the swelling kinetics of
the superabsorbents (Equation (5)) [39]:

                                                (5)

where Qt is the water absorption at a set swelling
time t [s]; Q$ is the theoretical equilibrium water
absorption [g/g]; Kis is the initial swelling rate con-
stant [g/(g·s)]. As shown in Figure 8b), the plots of
t/Qt against t showed straight lines with better linear
correlation coefficient, indicating that the kinetic
swelling behaviors of the superabsorbents follow
the pseudo second order model. The values of Kis,
Q$ and swelling rate constant Ks (= Kis/Qeq

2, [g/(g·s)])
can be determined by fitting experimental data
using Equation (5) and calculated by the slope and
intercept of the straight lines (Table 1). According

t
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5
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1

1
Qq

t
t
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t
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Figure 7. Effects of MS content on Mc (a) and water absorption (b)

Figure 8. Swelling kinetic curves of the superabsorbents in distilled water (a) and the plots of t/Qt against t for each super-
absorbent (b)



to the resultant data, it can be concluded that the ini-
tial swelling rate of the superabsorbents decreased
in the order of CMC-g-PNaA/MS (5 wt%) > CMC-
g-PNaA/MS (10 wt%) > CMC-g-PNaA/MS (20 wt%)
> CMC-g-PNaA/MS (30 wt%) > CMC-g-PNaA.
This result reveals that incorporation of MS also
enhanced the initial water absorption rate of the
superabsorbents besides water absorption capabil-
ity. It can also be noticed that the swelling rate con-
stant (Ks) in the whole swelling process follow the
order of CMC-g-PNaA/MS (5 wt%) > CMC-g-
PNaA > CMC-g-PNaA/MS (10 wt%) > CMC-g-
PNaA/MS (30 wt%) > CMC-g-PNaA/MS (20 wt%),
indicating the moderate introduction of MS (5 wt%)
is favorable to improve the swelling rate. However,
the change trend of Ks is not consistent with that of
Kis. This is because that the water absorption (Qeq)
of the superabsorbent composites with 10, 20 and
30 wt% of MS is higher than CMC-g-PNaA hydro-
gel. This means that the polymer chains need to
move greater distance for reaching the swelling
equilibrium, so the time of reaching equilibrium for
CMC-g-PNaA/MS (10, 20 and 30 wt%) is rela-
tively longer than that of CMC-g-PNaA.

3.6. pH-responsive characteristics
It can be noticed from Figure 9 that the water absorp-
tion of the composite is almost zero at pH 2.0 for
both CMC-g-PNaA hydrogel and CMC-g-PNaA/
MS composite, but the water absorption rapidly
increased with enhancing the pH of external solu-
tion, and almost keep constant in the pH range of 6–
12. The water absorption follows the order of
CMC-g-PNaA/MS (20 wt%) > CMC-g-PNaA/MS
(10 wt%) > CMC-g-PNaA/MS (30 wt%) > CMC-
g-PNaA at pH 7.2. In acidic medium, the –COO–

groups on the polymer chain converted to –COOH
groups. For one thing, the electrostatic repulsion
among negatively charged –COO– groups decreased
and the expansion of polymer network was restricted;
for another, the increase of number of –COOH

groups strengthened the intramolecular and inter-
molecular hydrogen bonding interaction and enhanced
the physical crosslinking degree. Thus, the polymer
network swells little at low pH. For evaluating the
reversibility of pH-responsivity, the swelling-
deswelling cycles were evaluated between the
buffer solutions of pH 2.0 (Off) and 7.2 (On). It can
be obviously observed that the composite shrunken
at pH 2.0 can recover to relatively higher swelling
ratio at pH 7.2. After four swelling-deswelling peri-
ods between pH 2.0 and 7.2, the intriguing On-Off
switchable and reversible swelling effect was
observed. This implies that the pH-responsivity of
the superabsorbent composite is highly reversible
and the introduction of MS effectively enhanced the
responsivity of the superabsorbent.

3.7. Salt-responsive characteristics
Figure 10 depicts the circular swelling-deswelling
behaviors of the superabsorbent composite between
distilled water and 154 mmol/l of LiCl, NaCl and
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Table 1. Swelling kinetic parameters for CMC-g-PNaA/MS composites with various amounts of MS

*Initial swelling rate constant Kis; **Swelling rate constant Ks = Kis/Qeq
2

Samples Qeq [g/g] Q! [g/g] *Kis [g/(g·s)] **Ks ·10–5 [g/(g·s)] R
CMC-g-PNaA 318 315 2.2783 2.2530 0.9999
CMC-g-PNaA/MS (5 wt%) 424 429 4.6092 2.5639 0.9999
CMC-g-PNaA/MS (10 wt%) 549 562 3.8069 1.2631 0.9998
CMC-g-PNaA/MS (20 wt%) 633 648 2.8820 0.7193 0.9995
CMC-g-PNaA/MS (30 wt%) 514 529 2.8636 1.0839 0.9995

Figure 9. Variation of swelling ratio for (a) CMC-g-PNaA,
(b) CMC-g-PNaA/MS (30 wt%), (c) CMC-g-
PNaA/MS (10 wt%) and (d) CMC-g-PNaA/MS
(20 wt%) superabsorbents at the buffer solution
with various pHs. The inset is the On-Off switch-
ing behavior as reversible pulsatile swelling
(pH = 7.2) and deswelling (pH = 2.0) of CMC-g-
PNaA/MS (20 wt%) composite. The time interval
between pH changes is 15 min.



KCl solutions. As can be seen, the water-swollen
superabsorbent composite can shrink and loss the
absorbed water when it was contacted with salt
solutions, but the shrunken gel can rapidly recov-
ered in distilled water. The switching salt stimuli-
responsive characteristics were observed. As well
known, the osmotic pressure difference between
internal gel network and external swelling media
acts as the driving force for the swelling of superab-
sorbent; it decreases with adding polyelectrolyte to
the solution. Also, the ultimate screen effects of
cations on negative charges of polymer chains
increased with increasing polyelectrolyte in the
solution. These factors induced the deswelling of
the composite. After four circles of swelling (On)-
deswelling (Off), the superabsorbent still keeps
excellent responsive properties, indicating the
swelling of the superabsorbent is switched and
reversible.

3.8. Hydrophilic organic solvents-responsive
characteristics

The phase transitions of hydrogels have aroused
attention since the collapse of polyacrylamide hydro-
gels in aqueous solution of acetone was observed
[40]. The unique phase transition behavior of super-
absorbent to organic solvents endows it with stim-
uli-responsive characteristics. Figure 11 represents
the swelling (On)-deswelling (Off) cyclic curves of
the superabsorbent composite between distilled
water (On) and methanol or ethanol (Off). It was
noticed that the composite exhibited higher water
absorption in distilled water, but the absorbed water
was sharply lost when it was fully contacted with

hydrophilic organic solvent. The great shrinkage of
the water absorption in hydrophilic organic solvents
can be attributed to the decrease of the solubility
parameter and dielectric constant as well as the
interaction between the polar groups of organic sol-
vent and the ionic groups in the polymer [41]. The
solubility parameter of water is 23.4 (cal/cm3)1/2,
but the value of methanol and ethanol is only 14.5
and 12.7 (cal/cm3)1/2. The great decrease of solubil-
ity parameter caused the rapid shrinkage of water
absorption [42]. Likewise, the dielectric constant of
water is 78.54, but the dielectric constant of methanol
and ethanol is only 32.63 and 24.3. As described
previously [41], the dielectric constant of the solu-
tion directly affects the ionization degree of ionic
groups, and the larger the dielectric constant of the
solution, the bigger the osmotic pressure of the gel.
Thus, the sharp decrease of dielectric constant from
hydrophilic organic solvents to water certainly
causes the reduction of water absorption. In addi-
tion, the polarity of water is larger than methanol
and ethanol. The lower polarity of ethanol and
methanol is responsible for the easier collapse of
composite network in contrast to water [43]. These
indicate that the collapse of the composite is a result
of the total depletion of water due to the competi-
tive extraction of water from the solvated polymeric
network. It can also be observed from Figure 11
that the shrunken gel can rapidly recovered when it
was immersed in distilled water, and no obvious
slack after four On-Off cycles. This indicates that
the hydrophilic organic solvent-responsive proper-
ties of the composite are switching and reversible.
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Figure 10. The reversible On-Off switching swelling behav-
iors of the composite between distilled and
154 mmol/l of LiCl, NaCl and KCl solutions

Figure 11. The reversible On-Off swelling behaviors of the
composite between distilled water and methanol
or ethanol



3.9. Time-dependent characteristics in
heavy-metal solutions

Effects of heavy metal saline solutions on kinetic
swelling behaviors of the composite were evaluated
in NiCl2, CuCl2 and ZnCl2 solutions at the concen-
tration of 2, 5 and 10 mmol/l (Figure 12). An intrigu-
ing time-dependent swelling behavior was observed
for the composite in each saline solution. The water
absorption of the composite increased with pro-
longing contact time, reached a maximum absorp-
tion (127, 63 and 40 g/g for 2, 5 and 10 mmol/l of
Ni2+; 126, 65 and 39 g/g for 2, 5 and 10 mmol/l of
Cu2+; and 130, 70 and 41 g/g for 2, 5 and 10 mmol/l
of Zn2+, respectively) with further prolonging con-
tact time and then decreased until the swelling
almost disappeared. Also, the required time of
reaching the maximum absorption was reduced
with increasing the concentration of saline solution
(12, 8 and 5 min for 2, 5 and 10 mmol/l of each
saline solution, respectively). The time-dependent
swelling effect can be attributed to the following
reasons depicted in Figure 13. The superabsorbent
composite contains numerous –COOH and –COO–

functional groups, which can complex with heavy
metal cations to form an additional ionic crosslink-
ing [12, 44]. So the effective crosslinking degree of
composite network increased with prolonging the
contact time. Also, the complex of –COO– with
heavy metal cations would decrease electrostatic
repulsion among negatively charged polymer chains
and reduce the expansion degree of the hydrogel
network. As a result, the absorbed water would be
expelled out from the network void and the swollen
hydrogel tends to shrink. After reaching the maxi-
mum swelling, the swollen composite network
gradually collapsed and the initially absorbed water
was squeezed out of the network under this action.
For proving the complex action, the FTIR spectra of
the composite after swelling in 5 mmol/l NiCl2,
CuCl2 and ZnCl2 solutions for 0.5, 5. 10. 30 and
120 min were determined and are shown in Fig-
ure 14. As can be seen, the characteristic absorption
bands of –COO– groups at 1572 cm–1 (Figure 1c)
shifted to 1571 (Ni2+, 0.5 min), 1568 (Ni2+, 5 min),
1561 (Ni2+, 10 min), 1558 (Ni2+, 30 min) and
1556 cm–1 (Ni2+, 120 min); to 1570 (Cu2+, 0.5 min),
1569 (Cu2+, 5 min), 1563 (Cu2+, 10 min), 1560 (Cu2+,
30 min) and 1557 cm–1 (Cu2+, 120 min); to 1571

(Zn2+, 5 min), 1570 (Zn2+, 10 min), 1568 (Zn2+,
30 min) and 1563 cm–1 (Zn2+, 120 min) after swelling
in heavy metal saline solutions for different inter-
val, respectively. The shift of absorption band to
low wavenumber indicates that Ni2+, Cu2+ and Zn2+

ions were complexed with –COO– groups [44] and
the additional crosslinking in hydrophilic network
was formed, and so the swollen gel network tends
to deswell.
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Figure 12. Kinetic swelling curves of CMC-g-PNaA/MS
(20 wt%) in 2, 5 and 10 mmol/l of (a) NiCl2,
(b) CuCl2 and (c) ZnCl2 solutions. The insets are
the enlargement of the curves ranged from 0–
60 min.



4. Conclusions
For developing new kinds of superabsorbent com-
posites with improved structure, properties and
environmentally friendly characteristics, reducing
the excessive consumption of petroleum resource
and minimizing the pollution from the industrial
polymers, a series of cellulose-based superab-
sorbent composites containing MS were prepared
by free-radical graft copolymerization technique.
FTIR analysis revealed that the NaA monomers had
been grafted onto the macromolecular chains of
CMC, and MS participated in the polymer reaction
and combined with the network by chemically
crosslinking and physically filling models. MS led

to a better dispersion in the CMC-g-PNaA matrix as
shown by EDS and EM analyses. The incorporation
of MS and the formation of composite structure
clearly improved the surface morphologies, thermal
stability, swelling capabilities, and swelling rate of
the developed composite. The superabsorbent com-
posite exhibited excellent switching swelling-
deswelling behaviors between pH 2.0 and 7.2 buffer
solution, between distilled water and 154 mmol/l
LiCl, NaCl and KCl solutions, between distilled
water and hydrophilic organic solvents, and the
obvious pH-responsive, saline-responsive and
hydrophilic organic solvent-responsive properties
were presented. In addition, the intriguing time-
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Figure 13. Proposed mechanism for the swelling–deswelling of the composite in heavy metal solutions

Figure 14. FTIR spectra of the superabsorbent composite after swelling in 5 mmol/l NiCl2, CuCl2 and ZnCl2 solutions for
(a) 0.5 min, (b) 5 min, (c) 10 min, (d) 30 min, (e) 120 min



dependent swelling behaviors were observed in var-
ious heavy metal saline solutions, which are caused
by the strong complexation action between hydro -
philic –COO– groups and heavy metal ions. As
described above, the superabsorbent composite
based on renewable, low-cost and biodegradable
natural CMC and abundant MS exhibited improved
swelling properties, excellent pH-responsive, salt-
reversible, hydrophilic organic solvent-reversible
properties and intriguing time-dependent swelling
behavior, which can be used as potential candidate
for water-manageable materials or drug delivery
system.
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1. Introduction
Conducting polymers with highly-extended !-elec-
tron systems in their main chains have attracted
much interest [1–4]. Polymers and metal oxides
have been studied for many years for their inde-
pendent electrical, optical, and mechanical proper-
ties [5]. Composites of these polymers with inor-
ganic matter, combining the different properties of
components, are considered remarkable advanced
materials [6].
Polythiophene (PT) was widely studied as donor
material in organic solar cells [7, 8]. Sharma et al.
[9] studied the optical and photoelectrical proper-
ties of liquid state photoelectrochemical cells (PECs)
based on photoactive electrodes made of poly
(phenyl azo methane thiophene) (PPAT) and a com-
posite film of nano-crystalline titanium dioxide (nc-
TiO2) and PPAT, and found that the composite film
was better than PPAT by itself. Visy et al. [10] pre-

pared Poly (3-octyl-thiophene) (POT) and ferrous
oxalate composite in order to get a better material.
Suresh et al. [11] applied poly (3-phenyl hydrazone
thiophene) (PPHT) and titanium dioxide composite
in solar cells and obtained some improved results.
Huisman et al. [12] replaced the titanium dioxide
layer of solar cells with a PT/titanium dioxide com-
posite layer and obtained solar cells that clearly
show that area enlargement is beneficial to the con-
version efficiency. However, there is no paper on
poly (3-alkylthiophene) (P3AT) and doping inorganic
nano composites. P3AT has good solubility, process-
ability, stability, and electrical activity, and is con-
venient for mass production. The regular structure
of P3AT can be obtained easily, and therefore P3AT
was considered as one of the best donor materials.
In this paper, the synthesis of P3DT/N/TiO2 nano -
composite materials was introduced in detail. Chem-
ical interactions in the material were found by
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X-ray diffraction, IR spectroscopy, and X-ray pho-
toelectron spectroscopy. Ultraviolet–visible and
luminescence measurements indicated that these
P3DT/N/TiO2 nanocomposites have excellent pho-
toelectric properties. Electrochemical results indi-
cated that the band gap of the nanocomposite hybrid
was lower than that of the components.

2. Experimental section
2.1. Materials
3-Decylthiophene (Aldrich), FeCl3 (Aldrich) and
TiCl4 (Aldrich) was used without further purifica-
tion. FTO (Fluorine Tin Oxides) was commercially
available. LiClO4 was obtained from LiClO4"3H2O
(Aldrich).

2.2. Synthesis of P3DT/N/TiO2
nanocomposites

The conducting poly (3-decylthiophene) was syn-
thesized with Fe (III) as catalyst and 3-decylthio-
phene monomer as material according to Ref. [13].
3-decylthiophene monomer and chloroform were
added to a 100 ml flask and ultrasonically dispersed
for 15 min. The temperature of system was con-
trolled at 0°C. FeCl3 was dissolved in chloroform,
and added dropwise to the flask. The reaction mix-
ture was stirred under high-purity nitrogen for 8 h.
The product was slowly added to methanol, precip-
itated, filtered and subjected to Soxhlet extraction
with methanol for 20 h. The P3DT was then dried
under vacuum at room temperature. P3DT (0.01 g)
was dissolved in chloroform (2 ml) and dropped
evenly on a clean quartz glass and ITO (Indium Tin
Oxides) conductive glass. Red-brown P3DT films
were obtained on vacuum drying the glasses.
Nano-N/TiO2 was prepared with TiCl4 as material
according to Ref. [14]. Surfactant polyethylene gly-
col (PEG 800) was added to 0.3 mol/l of TiCl4, fol-
lowed by stirring vigorously at ambient tempera-
ture. The pH of the solution was adjusted to 5–6 by
dripping ammonia. The sol was filtered and washed
with ammonia until no presence of Cl–, and then
transferred into a PTFE autoclave (100 ml) and
maintained at 240°C for 12 h. Then the sol was
washed by ethanol until no water existed. The
obtained alcogel was dried at room temperature,
and calcined at 500°C for 1 h to give the nano-
N/TiO2. N/TiO2 (0.01 g) was suspensed in isopropyl
alcohol (2 ml) and dropped evenly on clean quartz

glasses and ITO. White N/TiO2 films were obtained
after drying in vacuum.
About 0.01 g of P3DT was dissolved in 2 ml of
chloroform, and 0.05 g of N/TiO2 was added. The
mixture was ultrasonic shocked for 3 h at 40°C to
get a uniform liquid. P3DT/N/TiO2 nanocomposite
powder was obtained by vacuum drying at room
temperature. The uniform mixture liquid obtained
above was dropped evenly on a clean quartz glass
and ITO conductive glass. The red-brown P3DT/N/
TiO2 nanocomposite films were prepared by the
vacuum drying method.

2.3. Preparation of dye-sensitized solar cell
The prepared TiCl4 sol-gel was dropped on the FTO
substrate and spun on a uniform plastic machine at
a rate of 3000 r/min for 20 seconds. The prepared
anatase TiO2 powder of particle size about 14 nm
was dropped on the sol-gel coated FTO substrate,
and suffered spinning by the machine at a rate of
3000 r/min for 20 seconds. After being sintered at
450°C for 30 min, a good film was produced. H2PtCl6
was evenly dropped on another FTO substrate and
burnt at 380°C for 30 min before the Pt electrode
was obtained. The anode was sensitized by P3DT
and P3DT/N/TiO2 chloroform solution, and then
packaged by the prepared Pt electrode, followed by
the addition of electrolyte.

2.4. Structural characterization
X-ray diffraction (XRD) measurements were per-
formed using a Shimadzu HR6000X (Cu target X
tube, voltage 40.0 kV, current 30.0 mA, scan angle
3–80°). Infrared spectroscopy (IR) spectra were
recorded in the range of 400–4000 cm–1 by a pres-
tige-21IR spectrophotometer with KBr pellet. Trans-
mission electron microscope (TEM) measurements
were performed using a HITACHI-800 transmis-
sion electron microscope. X-ray photoelectron spec-
troscopy (XPS) analyses were conducted by an
ESCALAB 250 in which the electronic binding
energy of the samples were measured.

2.5. Performance characterization
UV–visible spectra were measured using a Hitachi
U-3010 spectrophotometer (Scan range: 200–
800 nm). The excitation and emission spectra meas-
urements were performed on a Hitachi F-7000 spec-
trofluorophotometer equipped with a 150 W xenon
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lamp as the excitation source. The spectra were
recorded with monochromator slit width of 1.5 nm
on both the excitation and emission sides. Cyclic
voltammetry (CV) measurements were carried out
with a Potentiostiostat/Galvanostat (EG&G PAR
Model 283). The counterelectrode was platinum
and the reference electrode was non-aqueous
Ag/Ag+. The CV curves were record in acetonitrile
with 0.01 mol/l LiClO4 as electrolyte at a scan rate
of 50 mV/S. Before using, the solution was insuf-
flated with N2 for 30 min.
Current-voltage (I-V) measurements were taken in
air at room temperature (298 K) using a Keithley
236 high current source power meter under white-
light illumination from a 1000 W Xenon lamp. The
light intensity was about 100 mW/cm2 on the sam-
ple surfaces as measured by a photodetector. To
measure the decay, we recorded the short circuit
current and open circuit voltage as a function of the
illumination time.

3. Results and discussion
3.1. XRD characterization of TiO2, N/TiO2,

P3DT and P3DT/N/TiO2
The XRD patterns of TiO2, N/TiO2, P3DT and
P3DT/N/TiO2 are presented in Figure 1. In XRD pat-
terns of TiO2 and N/TiO2, the peaks at 25.32, 37.88,
48.08, 53.80, 55.04 and 62.80° are assigned to the
(101), (004), (200), (105), (211) and (215) lattice
planes, which are attributed to the signals of the
anatase phase. There is little difference in two
curves, so doping elements are highly monodis-
persed in the TiO2. By using the Scherrer formula, it
is found that the average TiO2 particle size is
22.22 nm while N/TiO2 is 13.69 nm. In the XRD
pattern of P3DT, the ‘hill’ at 15–28° is associated
with the amorphous phase, while the reflections at
around 5, 10, 15.07° and 21.72° can reflect crys-
talline structure. The reflection at 21.72° is attrib-
uted to the interchain distance between !-stacking
oxidized chains. The Bragg equation gives 0.35 nm
for this distance. The reflections at 5, 10, and 15.07°
Bragg angles confirm the layered structure of P3DT
as having a dominant first-order reflection at 2! = 5°
and a lamellar interlayer spacing of 1.81 nm [10].
The diffraction peak of P3DT is quite narrow, which
shows the high degree of crystallization, plane struc-
ture, and the high regularity of P3DT segments. For
the P3DT/N/TiO2 nanocomposite, the XRD pattern

mainly shows the strong N/TiO2 peaks. The charac-
teristic P3DT broad peak can not be seen on the
XRD pattern of P3DT/N/TiO2 nanocomposite. The
XRD pattern of the nanocomposite has higher back-
ground intensity, lower diffraction peak intensity,
decreased interplanar spacing, and reduced sharp-
ness of the peak profiles than N/TiO2, confirming
the chemical interaction between P3DT and nano-
N/TiO2.

3.2. IR results of N/TiO2, P3DT and
P3DT/N/TiO2

The FT-IR spectra are shown in Figure 2. In the
spectrum of N/TiO2, the Ti–O–Ti bond absorption
is at about 497 cm–1 [15]. In the spectrum of P3DT,
there is a low-intensity peak at 3056 cm–1 that can
be attributed to the thiophene ring C–H stretching
vibration, which is corresponding to the out-of-
plane bending of the thiophene ring C–H at 830 and
720 cm–1. The bands at 2921 and 2853 cm–1 belong

                                                Zhang et al. – eXPRESS Polymer Letters Vol.5, No.5 (2011) 401–408

                                                                                                    403

Figure 1. XRD patterns of TiO2, N/TiO2, P3DT and
P3DT/N/TiO2

Figure 2. FT-IR spectras of N/TiO2, P3DT and P3DT/N/
TiO2



to the C–H of CH2 or CH3 symmetric and asymmet-
ric stretching, which are corresponding to the asym-
metric and symmetric deformations at 1305 and
1459 cm–1. The bands at 1499 and 665 cm–1 corre-
spond to the symmetric vibration of the C=C and
the asymmetric vibration of the C–S, respectively.
Bands coming from both N/TiO2 and P3DT are
observed in the spectrum of P3DT/N/TiO2 nano -
composite, whereas the bands originating from
N/TiO2 and P3DT are located at low wavenumbers.
In addition, several new peaks appear at 3840,
3745, 580, 476, and 418 cm–1.

3.3. TEM measurements of nano-N/TiO2
Figure 3 demonstrates the TEM results of nano-
N/TiO2. It can be seen that the particle size is
between 13–15 nm, the result is basically the same
with the Scherrer formula. The particles have good
dispersibility and clear mesh structure. This is
attributed to the use of alcohol exchange in the
preparation of powder to eliminate the liquid sur-
face tension and reduce the agglomeration of parti-
cles during the burning process; thereby high

surface area, small particle size, and good disper-
sion of nano-particles can be obtained.

3.4. XPS characterization of N/TiO2, P3DT
and P3DT/N/TiO2

The high-resolution XPS spectra are shown in Fig-
ure 4a–4d. In the P3DT/N/TiO2 sample (Figure 4a),
the XPS spectrum shows C, O, S, Ti and N peaks.
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Figure 3. TEM pattern of nano-N/TiO2

Figure 4. XPS spectras of P3DT/N/TiO2 (a), the sulfur peaks in P3DT (b), the sulfur peaks in P3DT/N/TiO2 (c) and Ti 2p
peaks (d)



Figure 4b shows the sulfur peaks in P3DT. Two sul-
fur peaks (S 2p3/2) are found, one with a binding
energy of 164.3 eV for neutral thiophene units in
the polymer chain and the other with a binding
energy of 165.3 eV for oxidized thiophene units
[16]. Figure 4c shows the sulfur peaks in P3DT/N/
TiO2. There are also two sulfur peaks (S 2p3/2), one
with a binding energy of 164.1 eV for neutral thio-
phene units in the polymer chain and the other with
a binding energy of 165.1 eV for oxidized thio-
phene units, indicating that the S atom of P3DT will
interact with some other atom except the C atom of
P3DT after composite reaction. Figure 4d shows
the displacement of Ti 2p peaks after composite
reaction. The binding energy became larger, indi-
cating that there were electrons gained and lost dur-
ing the complex process and N/TiO2 combined with
P3DT at the Ti position. Comparing Figure 4b with
Figure 4c, we find the sulfur peaks are displaced
after composite formation, and P3DT combined
with N/TiO2 at the sulfur position.

3.5. UV–Vis spectra of N/TiO2, P3DT and
P3DT/N/TiO2

The UV–Vis spectra of the N/TiO2 film, P3DT film
and P3DT/N/TiO2 nanocomposite film are pre-
sented in Figure 5. The spectrum of N/TiO2 shows
the fundamental absorption of UV light ranging
from 250 to 420 nm by the Ti–O bond. The UV–Vis
spectrum of P3DT with maximum adsorption at a
wavelength of about 457 nm for the !#!* transi-
tion indicates the formation of the big ! conjugate
structure along the main chain [17, 18]. From the
spectrum of P3DT/N/TiO2 nanocomposite film, it

can be seen that there are two absorption bands with
maximum wavelengths of 270 and 500 nm in the
ultraviolet region and visible light region, respec-
tively. Comparing with the spectra of N/TiO2 and
P3DT, we find the P3DT/N/TiO2 nanocomposite
film absorbs much more UV–Vis light. It is reason-
able to believe that the P3DT/N/TiO2 nanocompos-
ite will perform better in semiconductors than
P3DT and N/TiO2.

3.6. Fluorescence spectra of N/TiO2, P3DT,
and P3DT/N/TiO2

The fluorescence spectra of the N/TiO2 film, P3DT
film and P3DT/N/TiO2 nanocomposite film are
shown in Figure 6. Two emission peaks can be seen
with the maximum emission at 386 and 454 nm in
the fluorescence spectrum of N/TiO2. There is an
emission peak with the maximum emission at
630 nm in the spectrum of P3DT. The fluorescence
spectrum of the P3DT/N/TiO2 nanocomposite film
is totally different from that of either P3DT or
N/TiO2. It exhibits new optical property for the new
chemical interaction between P3DT and N/TiO2
with three emission peaks at 350, 483, and 726 nm.
It proves that P3DT/N/TiO2 is a new compound.

3.7. Cyclic voltammetry
Figure 7a–7d. show the cyclic voltammetry results
of the TiO2 film, N/TiO2 film, P3DT solid film and
P3DT/N/TiO2 nanocomposite film. The oxidation
potentials and redox of electrode and the bandgap
Eg are listed in Table 1.
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Figure 5. UV–Vis spectras of N/TiO2, P3DT and P3DT/N/
TiO2

Figure 6. Fluorescence spectras of N/TiO2, P3DT and
P3DT/N/TiO2



Using the Equations (1) and (2) [19, 20]:

EHOMO (or ELUMO) = E0 + eVox (or eVred)            (1)

Eg = ELUMO – EHOMO                                           (2)

EHOMO is the electrode potential of the highest
occupied molecular orbital; E0 is the standard elec-
trode potential of Ag/Ag+ electrodes, and its value
is –4.4 eV. "ox is the oxidation potential of elec-
trode (as opposed to Ag/Ag+ electrodes). ELUMO is
the electrode potential of the lowest unoccupied
molecular orbital; "red is the redox potential of
electrode (as opposed to Ag/Ag+ electrodes).
The initial oxidation/reduction potential can be seen
in Figure 7. Table 1. shows that N/TiO2 has lower

bandgap Eg than TiO2 and the bandgap Eg of P3DT/
N/TiO2 is 0.97 eV which is lower than that of
P3DT. The results indicate that the P3DT/N/TiO2
nanocomposite is a new promising p–n type com-
posite material.

3.8. Results of solar cells performance test
Figure 8. displays the photovoltaic performance of
solar cells sensitized respectively by P3DT and
P3DT/N/TiO2 chloroform solutions, and Table 2
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Table 1. The frontline molecular orbital and energy gap of
TiO2, N/TiO2, P3DT and P3DT/N/TiO2 nanocom-
posite

Sample !ox
[eV]

!red
[eV]

EHOMO
[eV]

ELUMO
[eV]

Eg
[eV]

TiO2 2.14 –1.01 –6.58 –3.43 3.15
N/TiO2 2.14 –0.75 –6.58 –3.69 2.89
P3DT 0.51 –0.62 –4.95 –3.82 1.13
P3DT/N/TiO2 0.30 –0.67 –4.74 –3.77 0.97

Figure 7. Cyclic voltammetry waves of TiO2 (a), N/TiO2 (b), P3DT (c) and P3DT/N/TiO2 (d)

Figure 8. Photovoltaic performance of solar cells sensitized
respectively by P3DT and P3DT/N/TiO2



lists the parameters of dye-sensitized solar cells.
Under standard global AM1.5 G (100 mW/cm2)
solar condition, the P3DT-sensitized solar cell gave
a short-circuit current (JSC) of 0.733 mA/cm2 and
an open-circuit voltage (VOC) of 0.401 V, correspon-
ding to an overall conversion efficiency (#) of
0.115%. The P3DT/N/TiO2-sensitized solar cell
gave a short-circuit current (JSC) of 1.06 mA/cm2

and an open-circuit voltage (VOC) of 0.467 V, corre-
sponding to an overall conversion efficiency (#) of
0.225%. The overall conversion efficiency enhance-
ment of P3DT/N/TiO2 relative to P3DT can be
related to the chemical interaction between P3DT
and N/TiO2 in the nanocomposite.

4. Conclusion
A new Ti-S bond and new optical properties can be
found in P3DT/N/TiO2 by IR, XPS, UV and PL
tests. CV tests show that P3DT/N/TiO2 has the
smallest bandgap Eg of 0.97 eV and is a kind of p-n
semiconductor composite material of good per-
formance. Solar cell performance tests indicate that
the P3DT/N/TiO2 -sensitized solar cell is better
than the P3DT-sensitized solar cell. All these show
that P3DT/N/TiO2 is a new kind of p-n material of
good photoelectric performance.
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1. Introduction
Shape memory materials are featured by their abil-
ity to recover their original shapes when a particular
stimulus is applied [1]. For shape memory alloys
(SMAs), the stimuli are thus far limited to heat
(including joule heating) and magnetic field only
[2–4], whereas for shape memory polymers (SMPs),
the stimuli are further extended to include light,
chemical (including water, pH change, etc) and
many others [5–8].
Shape memory materials, in particular SMAs, have
been used in a wide range of engineering applica-
tions for many years [2, 3, 9]. More recently, SMPs
have been attracting a lot of attention due to their
great potential, in particular for biomedical applica-
tions [10–12]. As compared with SMAs [13], SMPs
are lower in cost (for both material and processing),

and easier to be customized to achieve tailored
properties and functions to meet the needs of a par-
ticular application [2, 11, 14–18].
Despite these advantages, the synthesis of a new
SMP requires not only strong background in poly-
mer/chemistry but also extensive trial and error pro-
cedures. Moreover, although there are a myriad
number of SMPs that have been developed or still
under development all over the world, till today few
of these SMPs are commercially available or widely
accepted in some specific fields. One of the ratio-
nales behind it is that it is relatively easy to develop
a new SMP, but as a new material, it requires
tremendous effort and time to conduct various tests
in order to ensure its reliability/stability for any real
engineering applications [19–21]. For instance, long
term stability of materials, such as SMP stents [22],
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within a liquid environment is a major concern in
the biomedical applications.
From the application point of view, the ideal solu-
tion is to use the materials that have been tradition-
ally used in the industry, so that devices made of
these materials are not only compatible (in every
aspect) to both the fabrication processes and the
working environment but also meets the particular
requirements. Furthermore, its performance can also
be well-predicted even in the early design stage.
In this paper, a hybrid concept was demonstrated to
achieve water-driven shape recovery, i.e., water-
responsive shape memory hybrid was designed and
produced. This concept is generic and easily acces-
sible to those even without much chemistry/poly-
mer knowledge.
It should also be pointed out that the focus of this
paper is twofold, one is for proof of concept and the
other is for demonstrating the convenience and ver-
satility in the design and fabrication of such shape
memory materials in a Do-It-Yourself manner. 

2. Mechanism and concept
Unlike SMAs, in which the reversible martensitic
transformation is the driving mechanism behind the
shape memory phenomenon [2], the shape memory
effect in polymers is the result of a two-segment
system [1]. As illustrated in Figure 1a, a SMP nor-
mally includes an elastic segment, which is always
elastic within the temperature range of our interest,
and a transition segment, which is able to dramati-
cally alter its stiffness when a particular stimulus,
which might be heat, light or water etc., is applied.
At the presence of the right stimulus, the transition
segment becomes soft, so that the polymer can be
easily stretched, while the elastic segment is also
deformed accordingly (Figure 1b). Upon removal
of the stimulus, the transition segment becomes
hard again and thus, the deformation of the elastic

segment is largely preserved (Figure 1c). The poly-
mer can virtually maintain this temporary shape
(stretched shape) forever. Only the presence of a
stimulus (either the same stimulus as previously
used for fixing the temporary shape or a different
one) that causes the softening of the transition seg-
ment can trigger the release of the stored elastic
energy in the elastic segment. Consequently, the
polymer recovers its original shape (Figure 1d).
This mechanism for the shape memory effect in
polymers can also be applied into hybrids, resulting
in the avoidance of the difficulties in the syntheses
of polymers, which require not only strong back-
ground knowledge and extensive experience in
polymer/chemistry but also tremendous efforts in
trial and error procedures. Fundamentally, such a
hybrid is a kind of composite, consisting of matrix
(the elastic segment) and inclusion (the transition
segment), similar to the mixtures reported in [23].
By selecting the right materials for the matrix and
inclusion, together with the right processing tech-
nique, we can minimize the chemical interaction
between the elastic segment and transition segment
as much as possible, so that the properties and
behaviors of the resulted materials can be well pre-
dicted from the very beginning.
Water (or moisture)-responsive SMP has been real-
ized in a couple of polymer systems [24, 25]. Because
of the strong interaction between the elastic and
transition segments in these polymers, it is difficult
to predict their properties (such as the transition/
shape recovery temperature and stiffness) and behav-
iors (e.g. the recovery stress and recoverable strain).
Individual characterization of their respective prop-
erties/behaviors after synthesis is required. As such,
tailoring a shape memory material to meet the
requirements of a particular application, which is
possible in theory, is in fact a tedious and costly
process in practice.
In the next section, based on the concept of shape
memory hybrid discussed above, we demonstrate
two simple approaches to achieve water-responsive
shape memory hybrids, in which the chemical inter-
action between the elastic and transition segments
is largely avoided.

3. Fabrication and demonstration
As discussed above, the chemical interaction between
the elastic and transition segments in shape memory
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Figure 1. Illustration of the shape memory effect: normal
state (a), deformed state (b), preserved state (c),
recovered state (d)



hybrids should be minimized or totally avoided (if
possible), so that the properties and behaviors of the
resulted hybrids can be well predicted from the very
beginning. This can be achieved in two ways. One
is to select the material components (for the elastic
matrix and the transition inclusion) which do not
have any possible chemical reaction at all, while the
other is to select a processing technique to avoid or
minimize such chemical reaction.
Here, two examples of the preparation of water-
responsive shape memory hybrids using two differ-
ent approaches are presented. To achieve the water-
responsive function in the simplest way, a solid
material that can dissolve in the water is used as the
transition inclusion. This material should be ade-
quately strong and be in the powder/micro particle
form for easy and good dispersion within the elastic
matrix. Many non-organic crystals, such as cupric
sulphate and sodium acetate, are water-soluble.
They are good candidates, at least for demonstra-
tion purpose at this stage. Whereas for the elastic
matrix, the material should be elastic and stable
throughout the entire working processes.
Depending on the material properties of the elastic
matrix and transition inclusion, different processing
procedures can be applied to fabricate a shape mem-
ory hybrid.

3.1. Polymer sponge/cupric sulphate
pentahydrate hybrid

Cupric sulphate pentahydrate bought from Sigma-
Aldrich, was used as the transition inclusion. The
elastic matrix was a polymer sponge, which was
selected mainly because it can be significantly com-
pressed. An aluminum cone (base diameter: 2 cm;
height: 5 cm) was pushed through the sponge (2.8 cm
long ! 2.5 cm wide ! 1.3 cm thick) along its thick-
ness, as shown in Figure 2a and b. Figure 2c shows
a small through-thickness crack after the removal of
the cone, indicating that a permanent deformation,
although limited, did occur.
The water-responsive feature was demonstrated by
means of showing the closure of a large hole inside
the sponge upon immersing into room temperature
water (about 22°C).
The experiment was done in two steps. The details
of the first step are as follows.

1. A saturated solution of cupric sulfate was pre-
pared in a ratio of 20 g cupric sulfate pentahy-
drate per 100 ml of water.

2. The solution was heated to 100°C to accelerate
the dissolution process.
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Figure 2. Polymer sponge with a sharp end aluminum cone
punched through. Top view (a), side view (b),
after removal of aluminum cone (c).



3. The cone was inserted into the sponge (Fig-
ure 2b).

4. The cone and sponge were immersed into the
saturated cupric sulfate solution.

5. The sponge was squeezed so as to absorb as
much saturated cupric sulfate solution as possi-
ble.

6. The cone and the sponge were left in the satu-
rated solution for 24 hours. 

7. The cone and the sponge were removed from the
solution (Figure 3a).

8. The cone was removed from the sponge.
It can be seen from Figure 3b that the hole is virtu-
ally well preserved. For a better comparison, Fig-
ure 4 reveals different parts of the sponge with/
without cupric sulfate pentahydrate crystals. The

part with cupric sulfate pentahydrate crystals is
solid and stiff, while the part without the crystals is
porous, soft and elastic.
Figure 5 shows the cyclic uniaxial compression
testing results of both the original sponge and the
sponge/cupric sulfate pentahydrate hybrid. It can be
seen that the stiffness of sponge/cupric sulfate pen-
tahydrate hybrid is significantly higher, which indi-
cates that after crystallization, cupric sulfate
pentahydrate is strong enough to retain the shape of
the deformed sponge, i.e., shape recovery is largely
prevented so that the hole can be largely main-
tained.
It can also be noticed that remarkable residual strain
occurs in the original sponge upon loaded to about
12.5% compressive strain. As such, the elasticity of
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Figure 3. Sponge with aluminum cone after crystallization of cupric sulphate pentahydrate (a) and after removal of alu-
minum cone (b)

Figure 4. Comparison of parts with/without cupric sulphate pentahydrate in a sponge (a) and a sectional view (b). The unit
indicated in the ruler is in cm.



the sponge is limited. This is consistent with the
observed residual crack after penetration shown in
Figure 2c.
In the second step, the sponge (Figure 3b) was
immersed into room temperature water. Figure 6
presents the snapshots of the recovery (hole clo-

sure) sequence. As cupric sulfate pentahydrate grad-
ually dissolved in the water, the color of the sponge
changed from dark blue back to its original color,
and the hole closed gradually due to the release of
the elastic energy stored in the pre-deformed sponge.
After about 6 minutes, the hole was largely closed.

3.2. Silicone/sodium acetate trihydrate hybrid
Silicone has become a widely used material for a
variety of applications, mainly due to its excellent
biocompatibility and elasticity. Sylgard®184 sili-
cone elastomer (from Dow Corning) was used as
the elastic matrix, and sodium acetate trihydrate
(from Sigma-Aldrich) as the transition inclusion in
this part of study. The as-received silicone came in
two parts, i.e., liquid silicone base and curing agent.
After mixing in a ratio of 10:1, curing can be done
either at room temperature or at high temperatures
(for a shorter curing time). The cured silicone is
transparent, rubber-like and mechanically/chemi-
cally stable from –40 to 270°C.
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Figure 5. Stress vs. strain curves of sponge and sponge with
cupric sulphate pentahydrate (CuSO4) in cyclic
uniaxial compression tests

Figure 6. Shape recovery (hole closure) of sponge/cupric sulphate pentahydrate hybrid upon immersing into room temper-
ature water  (a–d)



Different from cupric sulfate pentahydrate, upon
heating sodium acetate trihydrate starts to melt at
about 60°C due to the transition of sodium acetate
trihydrate (C2H3NaO2·3H2O) into sodium acetate
anhydrous (C2H3NaO2) and water (3H2O) (sodium
acetate dissolved in this 3H2O) (refer to Figure 7).
At above 85°C, a full liquid state is reached. Hence,
sodium acetate liquid can be mixed with liquid sili-
cone base at above 85°C. After cooling back to room
temperature, curing agent can be added in for solid-
ifying the silicone. As an alternative, at room tem-
perature sodium acetate trihydrate can be ground
into tiny powders and the powders can then be
mixed directly into the silicone. In our experiment,
the latter was followed as this approach is more

convenient. Figure 8 is a typical SEM image, which
reveals the dispersion of sodium acetate trihydrate
within silicone matrix. It can be seen clearly that
tiny sodium acetate trihydrate crystals actually have
a tendency towards forming aggregates. A closer
look reveals that these aggregates are not fully iso-
lated from each other but connected by some sepa-
rate crystals.
In order to program the silicone/sodium acetate tri-
hydrate hybrid into a temporary shape, a piece of
this hybrid sample (strip shape, with 60 vol% of
sodium acetate trihydrate) was heated to above the
melting temperature of sodium acetate trihydrate
and then bent into a U-shape. After cooling back to
room temperature, sodium acetate trihydrate re-
crystallized. Hence, apart from a slight elastic
recovery, the deformed shape was largely preserved
(becoming V-shape) after the constraint was
removed. Thermally induced shape recovery (i.e.,
the thermo-responsive shape memory effect) was
examined by immersing the distorted hybrid sample
into hot water. As revealed in Figure 9, the sample
recovered its original flat strip shape in 18 s in
72.5°C water.
To verify the water-responsive feature, a hybrid
ring (with 50 vol% of sodium acetate trihydrate)
was prepared (refer to Figure 10, original). The ring
was heated to above the melting temperature of
sodium acetate trihydrate and deformed into a Y-
shape. After cooling back to room temperature, the
deformed shape was mainly retained. Subsequently,
the deformed ring was immersed into room temper-
ature water. Figure 10 reveals the sequence that the
ring gradually recovered its original shape after
50 hours of immersion.

3.3. Discussion
Two approaches have been demonstrated to fabri-
cate water-responsive shape memory hybrids. In the
first approach, the temporary shape was achieved
by means of re-crystallization of the inclusion
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Figure 7. Result of differential scanning calorimeter test of
sodium acetate trihydrate

Figure 8. Typical SEM image showing the dispersion of
sodium acetate trihydrate (at 50 vol%) within sil-
icone

Figure 9. Shape recovery of a strip hybrid (60 vol% of sodium acetate trihydrate) upon immersing into 72.5°C water



material inside the deformed porous matrix. As the
porous matrix is a cured polymer, the possible chem-
ical interaction between the inclusion and matrix is
minimized. In the second approach, the temporary
shape was achieved by heating the hybrid to the
melting temperature of the inclusion, deforming the
hybrid and then followed by cooling it back to the
room temperature. As we can see, by selecting a
proper processing procedure, we can limit, if not
totally avoid, the possible chemical interaction
between the matrix and the inclusion.
Depending on the type of the inclusion, the porosity
of the matrix, the shape of inclusion (closed cell or
open cell), and/or the permeability of the matrix,
the speed of shape recovery can be controlled.
As compared with the traditional approaches to fab-
ricate water-responsive shape memory polymers
(e.g., [25]), the proposed hybrid concept is more
convenient and versatile. For instance, the types of
inclusion materials are not limited. Hence, medi-
cine can even be used as the inclusion for drug-
release [26, 27]. Retractable eluting shape memory
stent, which can release drug gradually and eventu-
ally shrink its size for easy removal, could be a
potential application area.
After the materials for the matrix and inclusion are
selected, one can easily predict the properties and
behaviors of the resulted hybrid, i.e., the hybrid can
be designed following a standard approach as in the
design of a conventional composite material. This is
another major advantage of this hybrid concept.
This concept can be easily extended into solvent-
responsive shape memory hybrids [28], in which a
particular chemical is the stimulus to trigger the
shape recovery or other means of mechanical action.
Consequently, targeted drug release can be more

conveniently (or even routinely) realized. Once the
hybrid senses a particular chemical from the sur-
rounding environment, it releases the drug automat-
ically [29, 30].

4. Conclusions
In this paper, the concept of water-responsive shape
memory hybrid is proposed. The advantages are
demonstrated by the two examples. As we can see,
the hybrid concept is versatile and can be easily
accessed by those even without much polymer/
chemistry background. Moreover, the performance
of the resulted hybrid can be well-predicted in the
early design stage. This concept can also be further
extended into solvent-responsive shape memory
hybrids, which can be routinely realized in a Do-It-
Yourself manner by almost anyone.
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1. Introduction
Segmented polyurethanes (PU) are versatile materi-
als used in many segments of life [1]. They are
applied as automotive parts, in building and con-
struction, in electrical and engineering applications,
in the oil, chemical and food industry and in many
other fields [1, 2]. One of their major application
areas is health care, where they are used mainly as
medical devices in the form of encapsulants for hol-
low-fiber devices, dip-molded gloves and balloons,
asymmetric membranes, functional coatings, and as
extruded profiles for cardiovascular catheters [3–5].

The properties of segmented polyurethanes depend
on their structure, which is quite complicated. Their
molecular structure is determined by the compo-
nents used in the polymerization reaction and on
stoichiometry, and they phase separate during the
reaction forming a supermolecular structure [6–10].
Phase separation has been the subject of many stud-
ies [11, 12]. The results showed that structural units
of various forms and sizes develop during polymer-
ization [13–15]. Besides a crystalline or at least
highly ordered phase, soft and hard segments form
corresponding phases which are partially soluble in
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polyurethane. Larger transparency of the polyester PU indicated the formation of smaller dispersed particles of the hard
phase. The larger number of smaller hard phase units led to the formation of more physical cross-links distributed more
evenly in the polymer. These differences in the phase structure of the polymers resulted in stronger strain hardening ten-
dency, larger strength and smaller deformations for the polyester than for the polyether polyurethane.

Keywords: biocompatible polymers, polyurethane elastomer, specific interactions, phase separation, physical cross-links
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each other [16–21]. Solubility depends very much
on the interaction of the components, the urethane
groups are capable of forming specific interactions,
H-bonds with each other, but also with the soft seg-
ments [22, 23]. Depending on preparation condi-
tions, the final structure of the product is deter-
mined by kinetic effects, but a very large extent by
interactions [24].
Polyurethanes are usually prepared from an iso-
cyanate, a polyol and a chain extender [25]. Only a
few isocyanates are used in practice, mostly the aro-
matic compounds 4,4!-methylenebis(phenyl iso-
cyanate) (MDI) and toluene diisocyanate (TDI).
The versatility of polyols is much larger, they may
differ in chemical structure, molecular weight or
functionality. Polyether and polyester polyols form
probably the most important groups of this compo-
nent [1, 25]. It is obvious to assume that interactions
will be different in polyurethanes prepared from the
two kinds of polyols, and experience supports this
assumption by showing that the properties of prod-
ucts prepared from them differ considerably [26].
Although the effect of the structure and characteris-
tics of the polyol on PU properties have been inves-
tigated extensively [27–30], many questions related
to structure-property correlations in these materials
remain open.
The goal of this communication is to discuss the
possible effect of specific interactions on the struc-
ture and properties of segmented linear polyurethane
elastomers. Two series of samples were prepared
from a polyether and a polyester polyol with similar
molecular weight. The stoichiometric ratio of iso-
cyanate and hydroxyl groups (NCO/OH ratio) was
kept constant while the –OH functional group ratio
of polyol/total diol (POH/OH ratio) was changed
and used as variable in the experiments. Because of
the larger molecular weight of the polyol compared
to butanediol, the changing of this ratio results in a
relative increase on the amount of the soft phase.
Changing POH/OH ratio makes possible the adjust-
ment of properties (hardness, strength, elongation,

Tg) to specific applications. Using the entire com-
position range allowed us seeing the effect of inter-
actions and changing composition on a wider scale
and also drawing more comprehensive conclusions
even if the practical relevance of larger POH/OH
ratios is small. The structure of the polymers was
characterized by various methods and an attempt
was made to explain the apparently contradictory
results with differences in interactions.

2. Experimental
4,4!-methylenebis(phenyl isocyanate) (MDI) was
used as isocyanate and 1,4-butanediol (BD) as
chain extender in both series. The polyether polyol
was polytetrahydrofurane (PTHF), while the poly-
ester was diol-end-capped poly(butanediol-adipate)
(PBDA); both polyols had a molecular mass of
1000 g/mol. All the chemicals were acquired from
Sigma-Aldrich Co. (USA). MDI was used as
received, butanediol was distilled under vacuum at
190°C for 3 hours, and the polyols were dried at
80°C under vacuum for a day before the reaction.
The stoichiometric ratio of isocyanate and hydroxyl
groups (NCO/OH ratio) was 1 in all materials. The
variable was the –OH functional group ratio of
polyol/total diol (POH/OH ratio), which changed
from 0 to 1 in 0.1 steps. One step bulk polymeriza-
tion was carried out in a W50EH internal mixer
(Brabender GmbH & Co., Duisburg, Germany) at
150°C, 50 rpm for 30 min. The polymer was com-
pression molded into 1 mm plates at 200°C and
5 min using an SRA 100 (Fontijne Grotnes BV,
Vlaardingen, Netherlands) machine. The molecular
structure of the repeat units of the polyether and
polyester polyurethane elastomers are shown in
Figure 1.
The torque and temperature of mixing were recorded
during polymerization. The time dependence of
these quantities offers information about the kinet-
ics of polymerization and about the molecular mass
of the final product. Fourier transform attenuated
total reflectance infra-red spectra (FTIR-ATR) were
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Figure 1. Molecular structure of the repeat units of the polyether and polyester polyurethane elastomers. a) polyester,
b) polyether PU.



recorded on the compression molded plates in the
wavelength range of 4000 and 400 cm–1, using a
Scimitar 2000 (Varian Inc., USA) apparatus equipped
with a Specac Golden Gate ATR reflection unit and
a wide band Hg-Cd-Te (MCT) detector. The origi-
nal spectra were corrected before evaluation using
the Advanced ATR Correction Algorithm by Thermo
Scientific [31]. Specific interactions were estimated
by the measurement of solvent absorption. Ethanol
and n-octane were used as solvents and Flory-Hug-
gins interaction parameters were calculated from
equilibrium solvent uptake. The relaxation transi-
tions of the various phases of the polymers were
studied by differential scanning calorimetry (DSC)
with a TA 4000 apparatus (Mettler Toledo, USA)
equipped with a DSC 30 cell. Two heating and a
cooling runs were done on 10 mg samples with a
rate of 20°C/min. Dynamic mechanical spectra
(DMA) were recorded on samples with 20"6"1 mm
dimensions between –120 and 200°C at 2°C/min
heating rate in N2 atmosphere using a Pyris Dia-
mond DMA apparatus (Perkin Elmer, USA). The
measurements were carried out in tensile mode at
1 Hz frequency and 10 µm deformation. The struc-
ture of the samples was characterized by X-ray dif-
fraction (XRD). XRD patterns were recorded using
a PW 1830/PW 1050 equipment (Phillips, Amster-
dam, Netherlands) with CuK# radiation at 40 kV
and 35 mA in reflection mode. Mechanical proper-
ties were determined by tensile testing on dog-bone
type specimens with 50"10"1 mm dimensions at
100 mm/min cross-head speed using an 5566
(Instron, USA) apparatus. Tensile strength and elon-
gation-at-break were derived from recorded force
vs. elongation traces, while tensile modulus was
determined from the initial, linear section of the
traces. Shore A hardness was determined with an S1
protable durometer (Instron, USA) on 4 mm thick
samples created by the stacking of 1 mm pieces.
The transparency of the compression molded plates
was measured using a Spekol ultra-violet-visible
(UV-VIS) (Analytic, Jena, Germany) apparatus at
500 nm wavelength.

3. Results and discussion
The results of the study will be presented in several
sections. The dependence of properties on composi-
tion, i.e. on the POH/OH ratio, is shown first, fol-
lowed by the characterization of structure. Specific

interactions and their possible role in structure
development are presented next, while practical
consequences are discussed in the final section.

3.1. Properties
The molecular weight of all polymers should be the
same, since the same stoichiometry, conditions and
polyols with the same molecular weight are used
for their preparation. Molecular weight can be deter-
mined by gel permeation chromatography (GPC) in
dilute solution, but polyurethanes are not always
easy to dissolve [32–33]. Since our polymers were
prepared by reactive processing, the equilibrium
torque measured during the reaction offers informa-
tion about the molecular weight of the polymers
produced. In an earlier study we found good agree-
ment between molecular weight determined by GPC
and torque recorded in the internal mixer [33]. Equi-
librium torque determined for the two series is pre-
sented in Figure 2. Considerable differences can be
seen in viscosity between the polyether and poly-
ester polyurethanes in spite of our expectations.
Several reasons may explain these differences. Under
the conditions of reactive processing the polyols
may have different reactivity leading to different
kinetics and final molecular weights. Side reactions
may also occur during polymerization and in differ-
ent extents. However, detailed analysis of FTIR
spectra could not reveal the formation of biuret or
allophanate groups resulting from such reactions in
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Figure 2. Effect of composition on the viscosity (equilib-
rium torque) measured at the end of the polymer-
ization reaction in the mixer. Symbols: (!) poly-
ester, ($) polyether polyol.



either of the series. Finally, we cannot exclude the
role of interactions as a possible reason for the dif-
ferences. The larger number of carboxyl groups in
the polyester PU may interact with each other, but
also with the urethane groups and increase viscos-
ity. The decrease of viscosity with the POH/OH
ratio from 0 to 1 also indicates the role of interac-
tions.
Polyurethane elastomers are often characterized by
their Shore A hardness, which changes with the rel-
ative amount of polyol and chain extender. The
hardness of the two series of polymers is compared
to each other in Figure 3. Polyether polyurethanes
are obviously softer than polyesters and the differ-
ence is more pronounced at larger POH/OH ratios.
We must assume that the phase segregated mor-
phology differs in the two types of polymers and
either the extent of phase separation or the proper-
ties of the phases change with composition. At small
POH/OH ratios hard segments (MDI and the chain
extender) dominate structure, but with increasing
polyol content the role of the chemical structure of
the polyol, interactions and their effect on phase
structure become more pronounced.
The tensile strength and deformability of PU elas-
tomers are other important characteristics determin-
ing their possible application. These properties
clearly depend both on the molecular and the phase
structure of the polymer. In the absence of strong
interactions molecular weight determines elonga-
tion and strength, while the formation of physical

cross-links results in a considerable increase in both
properties. The tensile strengths of the two series
are compared to each other in Figure 4. The differ-
ence is even larger than in the previous figure.
Much larger strengths and different composition
dependence is observed for the polyester urethanes
than for their polyether counterparts. The maximum
in the composition dependence of strength for the
polyester PU is a result of several factors. With
increasing polyol content the amount of soft phase
increases, the size of the hard phase decreases and
its distribution becomes more homogeneous. A larger
number of smaller physical cross-link sites increase
both elongation and strength (stain hardening).
Because of weaker unlike interactions a smaller
number of larger hard phase units form in the poly-
ether PU and the effect of changing composition
(increasing amount of soft phase) dominate (see
also section 3.2. on structure). These differences
may result from dissimilar molecular structure as
suggested by the change of viscosity in Figure 2 or
by different interactions and phase structure. The
picture is further complicated by the results pre-
sented in Figure 5, in which the elongation-at-break
values of the samples are plotted against the POH/
OH ratio. The larger elongation of the polyether
polyurethanes gives an indirect answer and proof
that the molecular weight of the polymers is more
or less the same. Ultimate elongation is propor-
tional to molecular weight since larger molecules
can uncoil more. The similar magnitude of elonga-
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Figure 4. Composition dependence of the tensile strength
of polyurethanes prepared with different polyols.
Symbols: (!) polyester, ($) polyether polyol.

Figure 3. Changes in the Shore A hardness of segmented
polyurethane elastomers with the POH/OH ratio.
Symbols: (!) polyester, ($) polyether polyol.



tions in the two series indicate similar molecular
weights, while the smaller actual values of the poly-
ester urethanes points to the role of interactions and
phase structure. We may assume that polyether seg-
ments can enter into weaker interaction with each
other and the urethane groups, thus less soft seg-
ments dissolve in the hard phase and the molecules
remain more flexible. This leads to smaller hard-
ness and larger elongation, but smaller strength.
The results presented up to now emphasize the role
of interactions and phase structure, thus we analyze
structure in the next section.

3.2. Structure
Hard segments are known to form an ordered, crys-
talline phase in PU elastomers. This crystalline
phase melts at high temperature and can be detected
by DSC. Crystallinity and order is small, but this
phase may hinder solubility and influence proper-
ties considerably. Besides DSC, another technique
to study ordered, crystalline structures is X-ray dif-
fraction. The XRD traces of selected polyurethanes
are presented in Figure 6. Two compositions were
selected for comparison, one rich in hard segments
at 0.2 POH/OH ratio and one at high polyol content
at 0.8 POH/OH ratio, where the soft phase domi-
nates properties. We can see that order is clearly
visible at small POH/OH ratio, but the polymers are
practically completely amorphous at large polyol
content. Hardly any difference can be detected

between the polyurethanes prepared with the two
types of polymers, but visual evaluation might be
deceiving. The ether urethane seems to be more
ordered than the ester at small POH/OH ratio, while
the polyester PU exhibits a very small peak at around
22.3 degree hinting at the presence of crystallinity.
Unfortunately DSC traces did not confirm the pres-
ence of soft phase crystallinity, but this is not very
surprising, since its amount is very small, if it is
present at all. Quantitative analysis [34] of XRD
spectra showed about 10% crystallinity for the poly-
mer containing only hard segments, about 6% at a
POH/OH ratio of 0.2 and almost zero above POH/
OH = 0.4. This result also means that not crys-
tallinity, but interactions, and the structure and prop-
erties of the hard phase result in the differences in
strength observed in Figure 4, since the polymers
are practically completely amorphous in the com-
position range in which the strength of the two
types of polymers differs the most (POH/OH > 0.4).
Thermal methods offer valuable information about
the phase structure of heterophase polymers and
about the mobility of the segments going through
transitions. The analysis of spectra may even offer
some information about the composition of the
phases. The DMA spectra of the two types of PU are
compared to each other in Figure 7 at the POH/OH
ratio of 0.5. We can see that the relaxation transition
of the soft phase can be detected easily at sub ambi-
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Figure 6. XRD traces of selected PU samples. Effect of com-
position on crystallinity. The number in the leg-
end indicates the POH/OH ratio.

Figure 5. Ultimate elongation of polyurethane elastomers
plotted against the POH/OH ratio. Symbols:
(!) polyester, ($) polyether polyol.



ent temperatures. The soft phase of polyether ure-
thane has lower glass transition temperature than
that of the polyester PU. The detection and analysis
of the hard phase is much more difficult. Hard seg-
ments are stiff and their mobility does not change
much even after the transition. The transition can be
detected by the change of the storage modulus, but
identification is much more difficult on the tan!
trace.
The analysis of DSC traces yields very similar
results. The identification of the glass transition of
the soft phase is unambiguous, while that of the
hard phase is more difficult and the reliability of
any quantity derived from the traces for the hard
phase is much smaller. The composition depend-
ence of the glass transition temperature of the phases
determined by DSC is presented in Figure 8. and
Table 1. We can see that the Tg of both phases changes
with composition. The transition temperature of the
soft phase decreases continuously, while that of the
hard phase drops quite considerably first, then
increases slightly with increasing polyol content.
We must call attention here to the fact that because
of the difference in the molecular weight of butane-
diol and the polyol the amount of soft phase
increases with increasing POH/OH ratio thus lead-
ing to changes in partial solubility and in the com-
position of the phases. The drop in the Tg of the hard
phase is a result of unlike interactions, which are
stronger in the polyester than in the polyether PU.
The slight increase at above the POH/OH ration of
0.2 is probably caused by more pronounced phase

separation with increasing soft segment content.
The composition dependence of the transition tem-
perature of the phases is similar for the two types of
polymers, but the actual values are not. The Tg of
the soft phase of polyester polyurethanes is larger in
the entire composition range than in the polyether
polymers, while the opposite is valid for the hard
phase. These results indicate smaller mobility for
the soft and larger for the hard segments in the poly-
ester PU. Accordingly, we can conclude that the
structural units of the polyester PU molecules enter
into stronger interactions with each other than those
in the polyether PU.
Further information is supplied about structure at a
different scale by the dependence of light transmit-
tance on composition (Figure 9). Large hetero-
geneities in a transparent matrix scatter light and
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Figure 8. Changes in the glass transition temperature of the
phases with composition. Tg was determined by
DSC at 20°C/min heating rate. Symbols: (!, %)
polyester, ($, &) polyether polyol.

Table 1. Glass transition temperatures of the soft and hard
phases of polyether and polyester polyurethanes
elastomers determined by DSC

POLI(OH)/OH Tgs [°C] Tgh [°C]
ester ether ester ether

0.0 – – 97.89 97.89
0.2 –5.00 –36.94 58.75 66.27
0.3 –18.85 –41.21 59.48 68.43
0.4 –24.88 –45.56 60.52 68.61
0.5 –30.22 –45.02 60.36 71.68
0.6 –30.84 –47.49 62.73 69.31
0.7 –31.20 –46.84 60.41 70.32
0.8 –30.68 –46.11 61.73 73.52
0.9 –31.10 – 62.22 –
1.0 –31.37 –46.21 – –

Figure 7 Comparison of the DMTA spectra of PU elas-
tomers prepared with polyether and polyester
polyols at 0.5 POH/OH ratio



decrease the transparency of materials. Scattering
starts for particles in the range of 20 nm and the
material becomes completely opaque if the size of
dispersed particles reaches several 100 nm. At small
POH/OH ratios the composition dependence of
transparency indicates large differences in the phase
structure of the two types of polymers. The size of
the dispersed phase decreases much faster in the poly-
ester PU than in its polyether counterpart. The slight
decrease of light transmittance above 0.8 polyol
ratio might be related to the crystallization of the
soft phase as indicated by XRD analysis (see Fig-
ure 6).

3.3. Interactions
As mentioned already, specific interactions are
expected to develop between the carbonyl and ether
groups of the polyol and the urethane groups, the for-
mer being stronger than the latter. Interactions may
result in shifts in the corresponding vibrations in the
FTIR spectra. Unfortunately the carbonyl groups of
the polyester polyol absorb in the same wavelength
range as the carbonyl in the urethane group. A
detailed analysis of the spectra revealed only a sub-
stantial increase in the intensity of free carbonyl
groups in the polyester PU as compared to the poly-
ether polymer.
Another way to estimate interactions in a two phase
polymer is the measurement of solvent absorption
and the calculation of the Flory-Huggins interaction

parameter from equilibrium solvent uptake. Interac-
tion parameters determined with ethanol ("EtOH) are
plotted in Figure 10 as a function of composition. We
can see that larger values are measured in the poly-
ester polyurethane than in the polyether PU indicat-
ing weaker interaction. However, in order to under-
stand competitive interactions in such a system, we
must consider the interaction of all possible compo-
nents. The "ETOH values presented in Figure 10 rep-
resent the average interaction of the solvent mole-
cules with the polymer and not the interaction
between the segments of PU. Less solvent uptake
indicates stronger self-interactions among the seg-
ments of the polymer leading to smaller solvent
absorption and smaller interaction parameters. The
results of these experiments confirm further our
previous assumptions that unlike segments of the
polyester PU form stronger interactions with each
other than those of the polyether polymer.
Stronger interactions among the soft and hard seg-
ments should lead to smaller mobility of the soft
segment and its larger partial solubility in the hard
phase, as well as to decreased number of relaxing
species. The number of relaxing units in a phase can
be determined from the intensity of the transition,
from the area or height of the tan! peak, or from the
change in specific heat in the DSC trace. The inten-
sity of soft phase transition is presented as a func-
tion of composition in Figure 11. The two types of
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Figure 10. Flory-Huggins interaction parameter determined
from ethanol absorption ("EtOH) plotted as a
function of POH/OH ratio. Symbols: (!) poly-
ester, ($) polyether polyol.

Figure 9. Effect of composition on the transparency of the
polyurethane elastomers studied. Symbols:
(!) poly ester, ($) polyether polyol.



polymers obviously do not differ from each other in
this respect that is rather surprising. Accepting the
fact that the amount of the relaxing soft segments is
approximately the same in the polyether and poly-
ester urethanes, we must come to the conclusion that
differences observed in properties must be caused
by the size, number and characteristics of the hard
phase.

3.4. Discussion
Results indicate that crystallinity or even order has
limited importance at larger than 0.4 POH/OH ratio,
but hard segments must play an important role in
the determination of properties, especially in the
large differences in strength observed in Figure 4.
Dispersed units of the hard phase act as physical
cross-links and determine the strength as well as
deformability of the polymers. The difference in the
density of physical cross-links, and/or their dissimi-
lar properties are shown well by the strain harden-
ing behavior of the polymers. Stress vs. strain traces
of selected samples are presented in Figure 12. The
tensile behavior of the two types of polymers dif-
fers significantly from each other. Much larger
strengths are measured in the polyester polyure -
thanes at smaller ultimate deformations, than in the
polyether samples, which can be explained with the
larger number and more even distribution of physi-
cal cross-link sites. Larger hard phase units with

larger distances among them must result in the larger
elongation of the polyether polyurethanes, and dis-
entanglement of the chains and/or failure of these
phases occurs at considerably smaller strengths.
Obviously the stronger interaction of the polyester
segments with the hard phase results in stronger
materials.
The effect of physical cross-links can be visualized
quite well if we calculate the work of deformation,
i.e. if we multiply ultimate strength (#) with the cor-
responding elongation ('L/L0), i.e. #'L/L0. Cross-
linking increases both strength and elongation up to
a certain cross-link density in elastomers, and
decreases above a critical value. The number and
deformability of the soft segments is another impor-
tant factor determining this quantity in our PU elas-
tomers. The work of deformation is plotted against
composition in Figure 13. We can see that the cor-
relation has a maximum in both cases. The amount
of the hard phase decreases continuously with
increasing polyol content and the amount of soft
phase thus also the mobility of the soft segments
increases at the same time. At small POH/OH ratio
this leads to an increase in deformability, which
together with the large number of homogeneously
distributed physical cross-link sites increase the
work of deformation. At very large POH/OH ratios
the number of cross-links decreases leading to a
decrease in this characteristics. Although the ten-
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Figure 12. Stress vs. elongation traces of selected polyure -
thane elastomers; change in behavior with polyol
type and composition. Numbers in the legend
indicate POH/OH ratio.

Figure 11. Effect of polyol type and composition on the
amount of relaxing soft segments in polyurethane
elastomers. Symbols: (!) polyester, ($) poly-
ether polyol.



dency is the same for the two polymers, the actual
values, but also the scatter of the points differ con-
siderably. Fewer cross-links distributed less homo-
geneously in the polyether polyurethane lead to
smaller values and to a less unambiguous correla-
tion. The strain hardening tendency of the polymers
and additional analysis of mechanical properties
clearly prove the role of interactions in the determi-
nation of the properties of segmented linear
polyurethane elastomers.

4. Conclusions
The comparison of two sets of polyurethane elas-
tomers prepared with a polyester and a polyether
polyol of the same molecular weight proved that
specific interactions determine the phase structure
and properties of these materials. Crystallinity was
approximately the same in the two types of polyure -
thanes and the amount of relaxing soft segments
was also similar. The determination of interaction
parameters from solvent absorption and differences
in glass transition temperatures indicated stronger
interaction between hard and soft segments in the
polyester than in the polyether polyurethane. Larger
transparency of the polyester PU indicated the for-
mation of smaller dispersed particles of the hard
phase. The larger number of smaller hard phase
units led to the formation of more physical cross-
links distributed more evenly in the polymer. These

differences in the phase structure of the polymers
resulted in stronger strain hardening tendency, larger
strength and smaller deformations for the polyester
than for the polyether polyurethane.
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1. Introduction
Layered double hydroxides (LDHs), commonly
known as hydrotalcite-like compounds or anionic
clays, are a class of host!guest materials whose
general formula is [M2+

1"– xM3+
x(OH)2]x+An–

x/n·mH2O,
where M2+ is a divalent metal ion (i.e. Mg2+, Zn2+,
etc.), M3+ is a trivalent metal ion (i.e. Al3+, Cr3+,
etc.), A is an anion with valency n (i.e. CO2–

3, Cl–,
NO–

3, etc.) or an organic anion, m is the number of
moles of water per formula weight of compound,
and x is a stoichiometric coefficient, generally rang-

ing between 0.2 and 0.4, which determines the
layer charge density and the anion exchange capac-
ity [1–3].
LDHs are structurally similar to the mineral brucite
[Mg(OH)2] with a fraction of the M2+ ions being
replaced by M3+ ions. Such replacement results in a
net positive charge on the octahedral layers, which
is balanced by the anions located in the interlayer
region where the hydration water molecules are
also present [3, 4].
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Owing to their highly tunable and unique anion
exchange properties, LDHs are being considered as
new emerging layered host materials that can be tai-
lored to accommodate a wide range of guest mole-
cules to create novel solids with desirable physical
and chemical properties controlled by host!guest
and guest!guest interactions [5]. As layered hosts,
LDHs have been used in many potential applica-
tions, such as catalysts, ceramic precursors, ion
exchangers, absorbents, medicine stabilizers, and
for controlled release of anions [6–13]. Very recently,
their potential as nanofillers for preparing polymer
nanocomposites has received considerable attention
from both academic and industrial points of view.
In contrast to more conventional layered silicates
(i.e. MMT), LDHs possess certain inherent advan-
tages; for example, being mostly of synthetic ori-
gin, their composition and properties can be modu-
lated by simply changing the type and the molar
ratio of the metal ion pairs during the preparation.
In addition, the unique positive charge of LDH crys-
tal layers provides a greater flexibility in selecting
the most suitable organic modifiers. However, the
hydrophilic nature, the strong interlayer electro-
static interactions, and the small intergallery space
(around 0.28 nm) make them incompatible with
hydrophobic polymers. For this reason, it is neces-
sary to modify the LDH surface, usually with organic
anions [14], in order to minimize the attractive
forces between the layers, and to increase the inter-
layer distance and hydrophobicity of LDH, aiming
to obtain a good dispersion in polymer matrices.
There are several methods reported in the literature
for preparing organo-modified LDHs, i.e. anion-
exchange of a precursor LDH, regeneration, ther-
mal reaction, direct synthesis by coprecipitation,
and the more recent one-step synthesis method [15–
17]. Among all of the methods described, anion
exchange is one of the more commonly used and
several anionic species, such as phosphates, car-
boxylates, sulfonates, and sulfates, have been used
[18]. Actually, the exchange reaction is controlled
by the selectivity of the layered host for the differ-
ent anions, and in a previous work by Miyata et al.
[19], it was demonstrated that the selectivity scale
of exchangeable anions is as follows:
CO2–

3 > SO2–
4 >>"OH– >"F– >"Cl– >"Br– >"NO–

3 >ClO–
4.

LDHs containing ClO–
4, NO–

3, or even Cl– are gener-
ally used as precursors for up taking long-chain

organic anions owing to their large anion-exchang-
ing capacity.
LDH!based polymer nanocomposites have been
extensively investigated with a large number of
polymers, including, epoxy resins [20], polyamide
[21], poly(ethylene terepthalate) [22], poly(vinyl
alcohol) [23], poly(lactic acid) [24], poly(#-capro-
lactone) [25], polypropylene [26–30], and polyeth-
ylene [15, 31–40]. Much attention has been focused
on preparing LDH polyethylene (PE)-based nano -
composites due to the good balance between
processability, mechanical properties, and chemical
resistance of this thermoplastic polymer, very suit-
able for packaging and engineering applications. In
particular, LDH PE!based nanocomposites were
prepared by solution intercalation [31–34] and melt-
ing processes [35–40]. Costa and coworkers [35,
39] first reported the preparation of intercalated/
flocculated LDPE/(dodecyl benzene sulphonate,
DBS)-LDH nanocomposites using a melt intercala-
tion process. A complex morphological feature of
dispersed LDH particles was observed, with the par-
ticles mostly located in the form of thin platelets
and agglomerates. Rheological studies of these nano -
composites evidenced a significant change of the
linear viscoelastic response in the low frequency
region with respect to the matrix due to the forma-
tion of a network-like structure via the interaction
between the LDH particles and the polymer chains,
even if the morphological analysis by X-ray diffrac-
tion (XRD) and transmission electron microscopy
(TEM) did not give evidence of homogeneous dis-
persion and perfect exfoliation of DBS-LDH parti-
cles. Nonetheless, both thermal stability and fire
resistance properties were significantly enhanced
[36], most likely due to the barrier effect of LDH
layers on the oxygen diffusion, thus preserving PE
chain segments from thermal oxidation. Similar
results were also achieved in the case of LLDPE/
dodecyl sulphate (DS)-LDH nanocomposites [37]
and PE/ stearate-LDH nanocomposites [38].
Even though it has been demonstrated that the
organic modification of LDH is sufficient to achieve
the intercalation of PE chains between the layers
[41], the use of a compatibilizer, such as a polyeth-
ylene functionalized with maleic anhydride groups
(PEMAH), is necessary to improve the interactions
between the polymer and the LDH and to favor the
formation of composites with a stable morphology.
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Costa et al. [39] prepared PE/LDH composites using
an unmodified PE and a PE functionalized with
MAH, both as the matrix; in particular, it was inves-
tigated how the chemical compatibility of the poly-
mer matrix with LDH influences the morphology of
the composites and the rheological properties. The
scanning electron microscopy (SEM) analysis evi-
denced that platelets were well coated by the func-
tionalized polymer, while the formation of struc-
tural associations, or clusters, was associated with
the presence of the unmodified PE. A different
behavior of rheological parameters vs. temperature,
due to a deviation from the liquid-like low fre-
quency toward a pseudo solid-like flow, was also
observed in the presence of the functionalized PE,
originating from the differences between the poly-
mer-particle and particle-particle chemical interac-
tions [42].
In the framework of a study of the role of interfacial
effects/interactions in the preparation of nanocom-
posites, we report results about the morphology and
properties of LDPE/organo-LDH composites pre-
pared by changing the type of anion used for modi-
fying the LDH. LDH-CO3 was first converted to
LDH-NO3 for facilitating the organo-modification
by anion exchange. Then, three different organo-
LDHs were prepared with linear and branched alkyl
sulfates having different alkyl chain lengths (nc = 6,
12 and 20, which is the number of carbon atoms of
the main alkyl chain), and the products were char-
acterized by XRD, Fourier transform infrared spec-
troscopy (FTIR), SEM, and thermogravimetry
(TGA). Finally, LDPE composites were prepared
by melt processing with all of the organo-LDHs and
using a PEMAH as compatibilizer of the system.
The morphology, and thermal and thermo-mechani-

cal properties of such materials were investigated in
order to evaluate the effect of the dispersion of
LDH platelets in the polymer matrix on the final
properties.

2. Experimental part
2.1. Materials
Low-density polyethylene (LDPE, Riblene FL34),
with a density of 0.924 g/cm3 and a melt flow index
of 2.1 g/10 min (190°C, 2.16 kg) was purchased
from Polimeri Europa S.p.A (Mantova, Italy). Poly-
ethylene, functionalized with maleic anhydride
(PEMAH) UL EP Compoline® by Auserpolimeri
S.r.l. (Lucca, Italy), having a melt flow index of
2.5 g/10 min (190°C, 2.16 kg) and an amount of
maleic anhydride grafted groups of 0.5 to 1.0 wt%,
was used as the compatibilizer. MgAl hydroxy car-
bonate, PURAL MG63HT (LDH-CO3), having the
following molecular formula,
Mg0.66Al0.34(OH)2(CO3)0.17$0.62H2O as previously
determined [28], was kindly supplied by Sasol
GmbH (Hamburg, Germany). 2-ethylhexyl sul-
phate, dodecyl sulphate, and eicosyl sulfate were
purchased from Aldrich Chemical Company (Stein-
heim, Germany). The chemical structures are shown
in Figure 1.

2.2. Synthesis of Mg/Al LDH-NO3 and
organo-LDHs

The Mg/Al layered double hydroxide, labeled as
LDH-CO3, was used as the precursor. The nitrate
form, with the formula
[Mg0.66Al0.34(OH)2](NO3)0.34·0.44H2O], labeled as

LDH-NO3, was obtained by titration at room tem-
perature of the LDH-CO3 dispersed in a 1M NaNO3
aqueous solution (mass/volume = 2 g/100 ml) with
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Figure 1. Chemical structure of anionic surfactant guest molecules used for preparing the organo-LDHs



a 1M HNO3. After titration, the white solid was
washed several times with CO2-free deionized
water and dried overnight at 60°C in a vacuum oven
[43]. The calculated anion-exchange capacity (AEC)
of the LDH-NO3 was 3.81 mmol of NO–

3/g, calcu-
lated as follows: AEC = x/Mw·103 (mequiv/g), where
Mw and x are the molecular weight and the layer
charge per octahedral unit, respectively [44, 45].
The organo-LDHs were synthesized via anion-
exchange reaction. Firstly, for each organo-LDH, an
amount of surfactant corresponding to 1.5 times the
AEC of the LDH-NO3 was dissolved in 100 ml of
CO2-free deionized water and heated at 70°C until a
clear solution was obtained. The pH of the solution
was maintained at 10 by using 1M NaOH solution.
Secondly, 1 g of the LDH-NO3 was added to the
surfactant solution, followed by ultrasound treat-
ment for 15 min. The mixture was magnetically
stirred for 24 h at 70°C in nitrogen atmosphere.
Then the resulting organo-LDHs were first sepa-
rated by centrifugation at 6000%g for 10 min, washed
several times with CO2-free deionized water until
pH = 7, and finally dried at 60°C under N2 atmos-
phere till constant weight. The organo-LDHs were
labeled as LDH-C6, LDH-C12, and LDH-C20 hav-
ing 2-ethylhexyl sulfate, dodecyl sulfate, and eico-
syl sulfate, respectively, as interlayer anions.

2.3. Preparation of LDPE/organo-LDH
composites

LDPE composites with different organo-LDHs were
prepared in an internal batch mixer (Plastograph
PL2100, Brabender, Duisburg, Germany) 30 ml
chamber at 180°C using a screw speed of 80 rpm. In
the first step, LDPE and PEMAH were melt blended
in the mixing chamber for 4 min until achieving a
constant torque value, then the desired amount and
type of organo-LDH was added and compounded
for 16 min. The amount of clay was fixed at 2.5 wt%
with respect to the polymer matrix in the case of
LDH-C6 and LDH-C12, and 1.5 wt% for LDH-20,
whereas the PEMAH compatibilizer was added in
the same amount as the organo-LDH. In the case of
the LDH-C12, a second composite was prepared by
adding 5 wt% LDH-C12 with respect to the total
amount of polymers to obtain LDPE/LDH-C12_5%.
The exact formulation for each composite is given
in Table 2.
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2.4. Characterizations
X-ray diffraction (XRD) patterns of LDH-CO3,
LDH-NO3, organo-LDHs, and their LDPE compos-
ites were recorded by using a Kristalloflex 810,
(Siemens, Karlsruhe, Germany) diffractometer
(CuK& radiation, ! = 0.15406 nm) in the 2" region
of 1.5 to 40° at the scanning rate of 0.016°/min. The
crystallite size of LDHs was calculated using the
Scherrer Equation (1):

                                                      (1)

where L [nm] is the thickness of the crystallite in the
direction perpendicular to the plane metal hydrox-
ide sheet in LDH materials, # is a factor between
0.87 and 1.00, B is the full-width at half-maxima
(FWHM, rad) and " is the scattering angle [°].
Fourier transform infrared (FT-IR) spectra of the
LDH-CO3, LDH-NO3, and organo-LDHs were
recorded over the wavenumber range 450 to
4000 cm–1 using a spectrophotometer (Model 1760-
X, PerkinElmer, Waltham, Massachusetts, USA).
The spectra were obtained by mixing the sample
with potassium bromide powder.
The thermogravimetric analysis (TGA) of the
LDH-CO3, LDH-NO3, organo-LDHs, and LDPE
composites was performed (Model TGA/SDTA
851e, Mettler-Toledo GmbH, Schwerzenbach,
Switzerland). Samples (~10 mg) were placed in alu-
mina sample pans and runs were carried out at the
standard rate of 10°C/min from 25 to 900°C under
air flow (60 ml/min).
The Mg/Al ratios of the LDH-NO3 and organo-
LDHs were determined by inductively coupled
plasma atomic emission spectrometry (ICP-OES)
(Varian Vista MPX, Varian, Palo Alto, California,
USA) using a Varian Vista MPX spectrometer, as

previously reported [28]. For this analysis samples
were dissolved in a nitric acid solution. In this way
it was determined the stoichiometric coefficient x of
the LDH general formula
[M2+

1"– xAl3+
x(OH)2]x+An–

x/n·mH2O. Carbon, hydrogen,
and sulfur elemental analyses of the organo-LDHs
were determined by a CHNS elementary analyzer
(TruSpec®, LECO Corporation, St Joseph, Michi-
gan, USA). The analyses yielded the following
results:
LDH-C6: 55.98% C, 7.52% H, 5.46% S;
LDH-C12: 54.72% C, 7.11% H, 5.15% S;
LDH-C20: 56.59% C, 7.51% H, 5.80% S.
Accordingly, the intercalation amount of alkyl sul-
fate surfactants into the LDH interlayers was calcu-
lated. Finally, the moles of water per formula weight
of compound, m, were estimated by the first step of
degradation of the TGA. The chemical formulae of
the organo-LDHs, calculated by combining all
these information are given in Table 1.
The morphological features of the LDH-CO3,
LDH-NO3, and organo-LDHs were studied using a
scanning electron microscope (FE-SEM) (S-4800,
Hitachi High-Technologies Corporation, Ibaraki-
ken, Japan). The powdered samples were first spread
on a sample button using conducting cement, while
the composite samples were dipped and fractured in
liquid nitrogen before putting them on the sample
button. Then, all of the samples were sputtered with
platinum before viewing under the electron micro-
scope operating at 3 kV.
The transmission electron microscopy (TEM) (Zeiss
EM 900 microscope, Carl Zeiss, Oberkochen, Ger-
many) was performed operating at an acceleration
voltage of 80 kV. Ultrathin sections (about 50 nm
thick) of compression-moulded plaques were pre-
pared by a cryoultramicrotome (Leica EM FSC,

L 5
l ? k

B ? cosu
L 5

l ? k

B ? cosu
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Table 2. Composition of LDPE/organo-LDH composites and their thermal properties

aCalculated as follows: $c='Hm/(1 –(x)'Hm
0$100, where 'Hm is the experimental melting enthalpy, (1 –(x) is the polyethylene fraction by

weight in the composite, and 'Hm
0 is the melting enthalpy of infinite polyethylene crystal (293 J/g).

bResidue at 900°C obtained from TGA analysis.

Composites
(LDPE/PEMAH/Organo-LDH composition)

T10%
[°C]

T50%
[°C]

Tmax
[°C]

!Tmax
[°C]

Tc, peak
[°C]

Tm, peak
[°C]

!Hm
[J/g] "c

a Residueb

[%]
LDPE (100) 376.0 414.6 434.2 – 85.6 108.8 132.2 45.1 0.31
LDPE/PEMAH (97.5/2.5) 380.0 417.6 431.5 – 84.9 112.3 130.5 44.5 0.48
LDPE/LDH-C6 (97.5/2.5/2.5) 371.8 443.0 464.2 32.7 86.4 110.3 126.1 44.1 1.35
LDPE/LDH-C12 (97.5/2.5/2.5) 370.7 433.3 452.1 20.6 84.4 112.2 125.6 44.0 1.09
LDPE/LDH-C20 (98.5/1.5/1.5) 384.9 440.4 456.8 25.3 86.9 109.6 130.7 45.3 0.68
LDPE/LDH-C12_5% (95/5/5) 367.8 434.7 457.0 25.5 84.5 110.0 119.7 43.0 2.13



Leica Mikrosystems GmbH, Vienna, Austria)
equipped with a diamond knife, keeping the sam-
ples at –145°C.
Differential scanning calorimetry (DSC) measure-
ments were carried out on 5–10 mg samples by using
a calorimeter equipped with a CCA7 liquid nitrogen
cooling device (DSC7, PerkinElmer, Waltham,
Massachusetts, USA). The melting/crystallization
behaviour of LDPE, LDPE/PEMAH blends and
organo-LDH composites was investigated in the
temperature range from –30 to 200°C at the scan-
ning rate of 20°C/min under nitrogen flow. Indium
(Tm = 156.95°C; 'Hm = 28.49 J/°C) and zinc (Tm =
419.50°C) were used as calibration standards. The
crystallinity degree from DSC was calculated accord-
ing to the Equation (2):

                                 (2)

where 'Hm is the experimental melting enthalpy,
(1 –(x) is the polyethylene fraction by weight in the
composite and 'Hm

0 is the melting enthalpy of an
infinite polyethylene crystal (293 J/g).
The thermo-mechanical properties of materials
were investigated by dynamic mechanical thermal
analysis (DMTA) (DMA7e, PerkinElmer, Waltham,
Massachusetts, USA) in three-point bending geom-
etry. Thermograms were obtained at a heating rate
of 5°C/min and 1 Hz frequency in the temperature
range of –150 to 50°C.
Specimens of the composites for XRD, TEM and
DMTA (2%1%0.2 cm) analyses were prepared at
190°C by using a laboratory hot-press (Carver
3851-0, Carver®, Wabash, Indiana, USA).

3. Results and discussion
3.1. Preparation and characterization of the

organo-LDH particles 
To facilitate the exchange process with organic sur-
factants, the LDH carbonate form (LDH-CO3) was
converted into nitrate (LDH-NO3) following the
method described by Miyata [19]. The XRD pattern
of the LDH-NO3 evidences the shift of all diffrac-
tion maxima to lower angles and, in particular, the
(003) basal reflection from 2" = 11.7° to 2" = 9.9°,
corresponding to an enlargement of the basal spac-
ing (d003) from 0.76 to 0.89 nm (Figure 2a). More-
over, the FTIR spectrum of the LDH-NO3 (Fig-
ure 2b) shows peaks at 1384 and 839 cm–1, due to
the %3 and %2 vibration modes, respectively, of the
NO–

3 [43], in addition to adsorption peaks at 670 and
550 cm–1 (Al–OH and Mg–OH translation modes),
and a broad adsorption peak at 3459 cm–1, associ-
ated with the –OH stretching [46].
The XRD patterns of the organo-LDHs modified
with anionic surfactants having alkyl chains of dif-
ferent lengths, two linear and one branched, are
shown in Figure 3a. For all of the samples, it was
clear that there was a further shift toward lower
angles of the (003) basal reflection with the increas-
ing number of carbon atoms of the surfactant alkyl
chain (nc), which is consistent with an enlargement
of the interlayer distance from 0.89 to 2.12, 2.42
and 3.25 nm for nc = 6, 12 and 20, respectively
(Table 1). Moreover, higher order reflection peaks
(00l), due to the formation of well-ordered guest
intercalated LDH layers, are shown in the XRD pat-
terns. Nonetheless, even if the anion exchange was
carried out under nitrogen atmosphere to prevent

xc 5
DHm

11 2 x 2 ? DHm
0 ? 100xc 5

DHm

11 2 x 2 ? DHm
0 ? 100
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Figure 2. XRD patterns (a) and FTIR spectra (b) of LDH-NO3 and LDH-CO3



carbonate contamination, a weak peak at 2" =~ 11.5°
(0.77 nm), related to the co-intercalation of carbon-
ate anions, still exists for all of the samples. A per-

pendicular orientation of surfactants in organo-
LDHs has been observed in previous studies [47–
49]. Indeed, due to the small equivalent area of
LDHs, the surfactants form generally mono- or
bimolecular films instead of lying flat on the inter-
lamellar surfaces. Based on these investigations,
which were carried out for a wide range of LDHs
and surfactants, the relation for predicting the inter-
layer distance in the case of primary alkyl sulfates
with monolayer or bilayer arrangement of the sur-
factant in the interlayer space is given by Equa-
tions (3) and (4), respectively [48–51]:

monolayers: dL [nm] = 0.96 + 0.127·nc·sin&     (3)

bilayers: dL [nm] = 1.42 + 0.254·nc·sin&     (4)

where dL is the basal spacing in nm, nc is the num-
ber of carbon atoms in the alkyl chain of the surfac-
tant, and & is the tilt angle of the alkyl chain from
the normal of the metal hydroxide sheet. In particu-
lar, it has been demonstrated that in the case of alkyl
sulfate anions the value of the & angle is 56° [47–
49, 52, 53]; moreover, a layer of adsorbed water
molecules is generally present in between the
hydrocarbon chain end of the surfactant and the
metal hydroxide layer [47, 48, 51, 52] which takes
up about 0.3–0.5 nm. In particular, a value of
0.32 nm for the adsorbed layer of water molecules
was reported in the case of LDH modified with
dodecyl benzene sulfonate anions. According to
these results, the experimental interlayer distances
of organo-LDHs were compared with predicting
values estimated by considering a monolayer
arrangement of the alkyl sulfate ions between the
layers of LDHs (Figure 3b). The calculated dL val-
ues were corrected by considering an adsorbed layer
of water molecules of 0.32 nm. The linear relation-
ship existing between the dL values and the number
of carbon atoms of the surfactant alkyl chains (Fig-
ure 3b) is consistent with the hypothesis of a mono-
layer arrangement of all surfactants between the
LDH layers. A close similarity between experimen-
tal and calculated values was obtained in the case of
LDH-C12, whereas for both LDH-C6 and LDH-
C20, small differences were observed which could
be due to a different tilt angle of the surfactant alkyl
chains and/or a different amount of the water adsorbed
layer with respect to those considered for the valua-
tion. In particular, for the case of LDH-C6 the ethyl
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Figure 3. Effect of alkyl chain length (nc) of sulfate surfac-
tants on: (a) XRD patterns of organo-LDHs, (b) d-
spacing and alkyl chain arrangement between the
LDH layers, and (c) average crystallite size



branched chain of the surfactant could induce steric
hindrance, thus changing the interlayer orientation
to a higher tilt angle. By analyzing the XRD pat-
terns (Figure 3c), it appears that both the average
crystallite size and the average number of metal
hydroxide layers of the organo-LDHs (calculated
from the ratio of the average crystallite size and the
d-spacing) decrease with respect to the LDH-NO3,
and there is no linear relation with nc.
The morphological features of LDH-CO3, LDH-
NO3, and organo-LDHs are presented in Figure 4a–e.
The high magnification SEM micrograph of the
LDH-CO3 (Figure 4a) reveals a stacking of hexago-
nal plate-like particles with a highly anisometric
nature, where the lateral dimension varies from 100
to 200 nm and the thickness is less than 100 nm.
After the exchange of carbonate with nitrate anions,
the particle morphology is substantially unchanged
(Figure 4b), whereas the nitrate exchange with the
organic surfactants leads to clear variation.
In particular, for the smallest surfactant alkyl chain
(nc = 6, Figure 4c), the stacking structure of the
plate-like particles seems to be partially lost. Actu-
ally, the particles appear in aggregated form (see
the inset picture) with a size of �500 nm and a
rougher surface than the unmodified particles. The
irregular particle morphology in our case may come
from the ethyl-branched structure of the surfactant
probably hindering the ordering of the LDH layers,
as similarly observed [52]. Most likely, the stacks
tend to connect to each other, probably via
hydrophobic interactions [54]. When nc is increased

to 12 (Figure 4d), well-stacked hexagonal particles
reappear, whereas for nc equal to 20 (Figure 4e), the
particle morphology is somewhat changed as com-
pared to the others. Indeed, the LDH-C20 particles
arrange themselves in a non-uniform stacking of
irregular hexagonal plate-like particles. Also, there
appears to be an uneven surface and unshaped
edges, probably as a consequence of the excess of
anionic surfactants draped over the outer particle
surfaces [52, 54, 55].
The successful exchange of these surfactants into
the LDH layers was also confirmed by the FTIR
spectra (Figure 5). The organo-LDHs show absorp-
tion peaks at 1220 and 1065 cm–1, corresponding to
symmetric and asymmetric S=O vibration of the
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Figure 4. SEM micrographs of (a) LDH-CO3, (b) LDH-NO3, (c) LDH-C6, (d) LDH-C12 and (e) LDH-C20 at low and high
magnifications

Figure 5. FTIR spectra of (a) LDH-NO3, (b) LDH-C6,
(c) LDH-C12 and (d) LDH-C20



sulfate group, as well as absorption peaks at 2850–
2965 cm–1, which are due to the –CH2 stretching of
the hydrocarbon chains [37, 56]. The appearance of
broad characteristic peaks of CO2–

3 ions at 1370 (%3),
820 (%2), and 680 cm–1 (%4), suggests there are a few
carbonate ions remaining between the layers, in
agreement with XRD results [3, 37]. The presence
of interlayer water molecules in the organo-LDHs
was evidenced by the shoulder absorption band at
1632 cm–1, due to the H2O bending vibration.
The TGA/DTG curves of the LDH-NO3 and the
organo-LDHs are shown in Figure 6. It can be seen
that the LDH-NO3 exhibits a two step decomposi-
tion process. The first weight loss step, up to 300°C,
is attributed to the loss of adsorbed and interlayer
water molecules (~9%), whereas the second weight
loss step, between 300 and 750°C (~37%), corre-
sponds to the loss of the interlayer nitrate ions and
to the dehydroxylation of the metal hydroxide lay-
ers [57]. The thermal decomposition behavior of all
of the organo-LDHs mainly takes place in four
steps. The first decomposition step, up to 180°C
(~10%), corresponds to the loss of the surface water
molecules and crystallization water located in the

interlayer region. This step shifts to lower tempera-
tures as compared to the unmodified LDH; this shift
is due to the fact that the interaction between the
interlayer water molecules and the hydroxide layers
was greatly reduced by the incorporation of surfac-
tant molecules [36]. In the temperature range of 180
to 800°C, there is a combination of three degrada-
tion steps (accounting for about 50% of the sample
mass loss) which are due to the degradation of the
samples up to the formation of metal oxides. This
combinatorial degradation stage and the related
exothermic effect involve more processes: the
decomposition of intercalated alkyl sulfate surfac-
tants (180 to 260°C) [36], the loss of some inter-
layer carbonate ions interfering with partial dehy-
droxylation of the layered LDH (260 to 500°C), and
then the complete dehydroxylation process of the
layered LDH. Among the organo-LDHs, LDH-C20
exhibits a maximum thermal stability, most likely
due to the higher stability of the eicosyl sulfate
compared to the other surfactants.
Moreover, as expected, the smallest amount of
residue at 900°C was obtained for this sample which
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Figure 6. TGA/DTG curves of (a) LDH-NO3, (b) LDH-C6, (c) LDH-C12 and (d) LDH-C20



contains the surfactant with the highest molecular
weight.

3.2. Preparation and characterization of the
LDPE/organo-LDH composites

After the addition of the organo-LDH to the molten
matrix, no significant changes in the torque-versus-
time plot were observed for any of the samples
(Figure 7a). Generally, in the case of organo-clays,
it is reported that fracturing of clay particles into
smaller aggregates, and delamination lead to a grad-
ual increase of the melt viscosity, thus determining
a torque raise [58]. In our case, the unchanged torque
behavior could be due to the plasticizing effect of
the high surfactant amount present in the organo-
LDHs, which could suppress any effect of rein-
forcement.
The XRD patterns of the composites in the range
2" = 1.5 to 10° are shown in Figure 7b. In the case
of the LDPE/LDH-C6 sample, a (003) basal reflec-
tion at 2" = 3.9° (2.3 nm), very close to the value of
pure LDH-C6, was observed, thus suggesting that
the LDH-C6 was probably not dispersed in the
LDPE matrix. On the other hand, in the case of the
LDPE/LDH-C12 and LDPE/LDH-C20 composites,
(003) basal reflections of low intensity at 2" = 3.18°
(2.8 nm) and 2" = 2.28° (3.9 nm), respectively, were
observed. For these two samples, the polymer chains
were intercalated, and it cannot be excluded that a
partially exfoliated/intercalated mixed morphology,
as well as small or disordered stacks of platelets,
was formed. Moreover, it was observed that the
higher order basal reflection (i.e. <006> and <009>)
distinctly reduced or disappeared, further evidenc-

ing that the well-ordered structure of the metal
hydroxide layers was at least partially destroyed
[59]. These results are in agreement with the values
of Flory-Huggins interaction parameters between
the LDPE and organo-LDHs. Actually, the interac-
tion between the LDPE and organo-LDHs can be
estimated according to the method reported in the
literature and based on the determination of solubil-
ity parameters using the molar attraction constants
of the functional groups derived from the Hoy’s
table [60, 61]. In particular, the solubility parame-
ters of LDPE and organo-LDHs can be calculated
according to the following Equation (5):

                                                            (5)

where ' is the solubility parameter of the species,
)Fi is the sum of the molar attraction constants of
all the groups in the repeating unit of the species, M
is the molecular weight of the repeating unit, and (
is the density of the species. The solubility parame-
ters for LDPE and LDH-C6, LDH-C12 and LDH-
C20 are 18.0, 16.3, 16.9 and 17.1 J1/2·cm–3/2. Hence,
the Flory-Huggins interaction parameter ($AB)
between two components (A and B) can be calcu-
lated as shown in Equation (6):

                                        (6)

where R is the gas constant, T is the temperature
and Vr is a reference volume (which can be consid-
ered to be 100 cm3·mol–1). In particular, the $AB
value for LDPE and LDH-20 (0.03) is smaller than
for LDPE and LDH-12 (0.05) and LDPE and LDH-6
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Figure 7. Torque vs. time plot during melt mixing (a) and XRD patterns (b) of the LDPE/organo-LDH composites



(0.12), thus indicating an interaction more thermo-
dynamically favorable, even if in all the three cases
the values are rather low.
To have a clearer overview of the dispersion of the
LDH platelets, SEM images were acquired on the
fractured surfaces of the samples (Figure 8a–c). In
the case of the LDPE/LDH-C6 composite (Fig-

ure 8a), both low and high magnification SEM
images evidenced the presence of aggregates of
LDH-C6 platelets of 2 to 3 *m, whereas, in the case
of composites containing LDH-C12 (Figure 8b) and
LDH-C20 (Figure 8c), the aggregates have lower
dimensions (see high magnification images; parti-
cles pointed to by arrows) and the LDH particles
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Figure 8. SEM micrographs of the composites: (a) LDPE/LDH-C6; (b) LDPE/LDH-C12; and (c) LDPE/LDH-C20, at low
(3000%, left) and high (10000%, right) magnifications



seem to be better dispersed in the matrix. Moreover,
no voids were observed between the intercalated
particles and the matrix at the failure surface, which
indicates that a strong interaction exists between
them. Therefore, it seems that the dispersed platelets
were well coated by the LDPE, probably thanks to
the presence of PEMAH chains, which should pro-
mote favorable interactions with the LDH surface.
By combining the XRD and SEM results, it appears
that the extent of the organo-LDH dispersion in the
LDPE depends ‘primarily’ on the interlayer dis-
tance of the organo-LDHs and, therefore, on the
chain length of the anionic modifiers and their
assembly between the LDH layers. Moreover, the
favorable interactions between the organo-LDHs
and the polymer matrix promote intercalation, dis-
persion and adhesion. Actually, the increase of the
d-spacing and, therefore the formation of interca-
lated structures, was preferentially observed when
the number of carbon atoms of the surfactant alkyl
chain is equal to or larger than 12. To deeply inves-
tigate the morphology of the LDPE/LDH-C12 sam-
ple, TEM images were acquired (Figure 9). As
already indicated by SEM analysis, micrometric
particles of different dimensions up to more than
10 µm, may be formed by assembling of interca-
lated tactoids, were observed into the matrix. Fur-
thermore, neither submicrometer tactoids nor single
lamellae were detected.
On the basis of these results, it can be reasonably
supposed that during melt processing, polymer

chains preferentially intercalate between the LDH
sheets of the organo-LDHs having the highest d-
spacing values (LDH-C12 and LDH-C20), likely
also as a consequence of better interactions between
the long chain surfactants and the PE; but intercala-
tion was not sufficient to obtain high degrees of
delamination and dispersion of platelets.
Generally, the properties of nanocomposites pre-
pared with organo-clays are improved or depressed
when the amount of filler is increased. In order to
investigate this aspect, LDH-C12 was selected for
preparing an additional organo-LDH/LDPE com-
posite with 5 wt% of organo-LDH with respect to
the polymers (LDPE/LDH-C12_5%). The XRD
pattern of this new sample evidenced a broad dif-
fraction peak at 2" = 3.4° (d003 = 2.7 nm), slightly
more shifted toward the (003) reflection of the pris-
tine LDH-C12 with respect to the reflection
detected in the case of the 2.5 wt% composite (Fig-
ure 10a). 
This result could be a consequence of the presence
of non-intercalated LDH-C12 platelets. Actually,
low and high magnification SEM images (Fig-
ure 10b) evidenced the presence of numerous aggre-
gates with a size of about 2 to 5 *m, most likely
made of several interconnected LDH platelets. It
seems that these big particles are kept together by
strong face-face interactions between adjacent LDH
platelets (indicated by the circle) or between indi-
vidual layers.
The TGA and DTG curves of the LDPE, LDPE/
PEMAH, and organo-LDH composites are shown
in Figure 11. The temperatures corresponding to 10
and 50% of weight loss (T10% and T50%), the tem-
perature at the maximum rate of weight loss (Tmax),
and the residue obtained at 900°C are reported in
Table 2. A two-step decomposition is apparent for
the composites: the first step, in the temperature
range of 200 to 405°C (�25% weight loss), involves
the dehydration of metal hydroxide layers, thermal
degradation of the organic modifiers, and volatiliza-
tion of the thermo-oxidative products of LDPE
[33]; the second step, in the temperature range of
405 to 600°C (�70!75% weight loss), is ascribed
to the decomposition of polyethylene chains and the
volatilization of the residual polymer [62]. It can be
observed that the initial degradation (i.e. at 10%
weight loss of composites) is faster, compared to
the pure matrix, which is due to the earlier degrada-
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Figure 9. TEM image of the LDPE/LDH-C12 sample



tion of the organic modifiers [34, 37]. However, the
layers produced by the fast degradation of the
organo-LDHs are very advantageous for promoting
the charring process, thus enhancing the thermal
stability of the polymer materials. This remarkable
enhancement of thermal properties is characterized

by a shift of the TGA and DTG curves (Figure 11b)
toward higher temperatures, after 25% weight loss,
and the temperature at the maximum rate of weight
loss (Tmax) is increased by about 20 to 33°C with
respect to the pure matrix, suggesting a generally
slower degradation process. Among these compos-
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Figure 10. Comparison of the XRD patterns of LDPE/LDH-C12 and the LDPE/LDH-C12_5% composites (a) and low and
high magnification SEM images of the LDPE/LDH-C12_5% composite (b)



ites, the LDPE/LDH-C6 sample has the highest
degradation temperature, even though the XRD and
SEM analyses evidenced a poor dispersion degree.
However, the degradation temperature of the LDPE/
LDH-C20 is nearly the same as that of the LDPE/
LDH-C6, even if a lower amount of clay was added
to the LDPE/LDH-C20 sample (1.5 wt% with respect
to the LDPE/PEMAH blend). This infers that LDH
platelets in the bulk polymer promote the charring
process and enhance the flame retardant properties
of the LDPE [36, 37, 63].
The residue left after combustion of LDPE and
LDPE/PEMAH blend is nearly zero as the hydro-
carbon chains are converted into gaseous products.
If we assume that by heating up the composites to
900°C under air both the polymers and the organic
part of organo-LDHs are completely burnt, the
amount of TGA residue could be deduced from the
organo-LDH formulae. Actually, by considering the
formation of metal oxides, the residue is propor-
tional to the amount of organo-LDH added to the
polymer blends.
The melting (Tm) and crystallization (Tc) peak tem-
peratures, as well as the melting enthalpy ('Hm)
and degree of crystallinity ($c), were determined by
DSC measurements (Table 2).
Most of the samples show an increase of Tc, espe-
cially in the case of LDPE/LDH-C20, and a slight
decrease of Tm with respect to the LDPE/PEMAH
blend. The increase of Tc is probably due to the het-
erogeneous nucleation activity of the dispersed
LDH platelets; actually, just a small amount of the

LDH platelets could accelerate the crystallization
process of LDPE. However, the degree of crys-
tallinity seems unchanged and independent of the
type of composite. By comparing the two LDPE
composites prepared with different concentrations
of LDH-C12, it can be observed that there was no
significant influence of the amount of organo-LDH
on the crystallization and melting behavior of
LDPE. Instead, a slight decrease of degree of crys-
tallinity ($c, Table 2) is observed; this decrease is
probably due to the suppression effect of the aggre-
gated-LDH, which hinders the growth of the LDPE
crystallites.
The storage modulus (E+), loss modulus (E,) and
loss tangent (tan') behavior vs. temperature of com-
posites prepared with the different types of organo-
LDHs are shown in Figure 12a–c.
Generally, LDPE exhibits three relaxations (known
as &, ) and *) which are associated with chain
motions in the crystalline phase (& at about +50°C),
chain motions of branched structures in the amor-
phous matrix (the )-relaxation, at about –20°C, is
absent in entirely linear polyethylene), and the
motion of the amorphous polyethylene which is
caused by small local short-range segmental motions
involving three to five CH2 chain segments (* at
about –125°C) [64, 65]. It can be observed from Fig-
ure 12a that the E+ of all of the samples decreases
slowly until –50°C; then a sharp drop appears,
which is related to the )-relaxation process. The E+
of the composites is higher than that of the LDPE/
PEMAH matrix in the low temperature region
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Figure 11. TGA (a) and DTG (b) thermograms of the LDPE/organo-LDH composites



(Table 3), except in the case of the LDPE/LDH-C20
sample.

In a previous work, it was found that LDPE/organo-
LDH nanocomposites, prepared in a twin screw
extruder, had a lower storage modulus with respect
to the polymer matrix [41], not evidencing rein-
forcement, but rather a softening of the matrix. It was
assumed that this effect could be a consequence of
the low stiffness of the organo-LDH particles [66–
68], even if it was not excluded that the free surfac-
tant and surfactant molecules loosely bound to the
outer surface of the LDH particles could increase
the mobility of the polymer chains at the polymer-
filler interfacial region, thus acting as plasticizers
[68]. On the basis of the results collected here, it
can be assumed that higher values of E+ are proba-
bly obtained when the organo-LDH dispersion is
poor. Actually, the highest E+ was achieved for the
LDPE/LDH-C6 sample, which has the worst dis-
persion morphology, as evidenced by the XRD and
SEM characterizations. Nonetheless, it cannot be
excluded that, independently of morphology, the
surfactant chain could act as a plasticizer, increas-
ing the mobility of the polymer chains at the poly-
mer-filler interfacial region; the longer the alkyl
chain, the higher the extent of the surfactant-poly-
mer interaction as demonstrated by the calculation
of interaction parameters, and greater the efficiency
of the surfactant as plasticizer. This means that the
different lengths of the surfactant alkyl chain play a
fundamental role, not only related to the dispersion/
morphology aspects, but also to the interactions at
the interface, thus very much affecting the final
properties.
The )-relaxation is assumed here to be the glass
transition temperature (Tg) of the composite. Indeed,
it is reported that both the *- and )-relaxations are
quoted to have the properties of the glass–rubber
transition. In particular, when the alkylidene con-
tent is low, the *-peak is more prominent, whereas
)-relaxation is the dominant mechanism at high
alkylidene content. It has been also shown that the
higher the amorphous fraction, the more intense is
the )-relaxation, which may be classified as Tg [64,
65]. It appears from Figure 12b–c that the peak
position related to the )-relaxation of the compos-
ites shifts to higher temperatures compared to that
of the LDPE.
Generally the state of dispersion of clay platelets in
polymer nanocomposite systems is determined by
dynamic oscillatory shear measurements. Actually,
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Figure 12. Dynamic (a) storage modulus, (b) loss modulus,
and (c) loss tangent of the pure matrix and the
LDPE/organo-LDH composites



the storage (G+) and loss moduli (G,) of the nano -
composites increases monotonically with the clay
loading at all frequencies, but beyond a threshold
volume fraction, the individual layers and tactoids
are not able to rotate freely, and thus incomplete
relaxation occurred when subjected to the shear.
This incomplete relaxation due to the physical jam-
ming or to the formation of a percolated three dimen-
sional network leads to the presence of the pseudo-
solid-like behavior observed in both intercalated
and exfoliated nanocomposites [69, 70]. It is sug-
gested that the strong interaction between the poly-
mer and the clay platelets restricts the mobility and
alters the relaxation processes of the polymer, lead-
ing to the low-frequency plateau in the shear mod-
uli and non-Newtonian viscosity behavior with clay
loading at the low-shear rate [71]. These measure-
ments also showed that tan' (G,/G+) is dependent
on polymer-clay interaction; in particular, tan' > 3
for non-associated, 1 < tan' < 3 for weakly associ-
ated, and tan- < 1 for strongly associated dispersed
particles [72]. Hyun et al. [73] also evidenced that
the clay content affects the tan' value: at low clay
content tan' is greater than 1, while at high clay con-
tent tan' becomes less than 1. In our case, the height
of the tan - peak of the composites (Figure 12c)
decreases with respect to the matrix, moving from
the composite prepared by adding LDH-C20 to
LDH-C12 and to LDH-C6. The tan' values for the
)-relaxation (–40°C) are for all the samples much
smaller than 1: LDPE/PEMAH = 0.114, LDH-C6 =
0.097, LDH-C12 = 0.088 and to LDH-C20 = 0.110.
This suggests the presence of strongly associated
dispersed platelets, which supports the formation of
intercalated composites, as shown by XRD results
and confirmed by the large rigid aggregates evi-
denced by SEM images. It can be also observed that
tan' curves after room temperature seem to move to
higher temperature, which is correlated to the &-
relaxation region. Most likely the polymer!clay

interactions not only restricted the molecular motion
in the amorphous phase, but also confined the seg-
mental relaxation in the crystalline phase [64]. A
similar behavior was observed on other systems
such as EVA/EPDM/DS-LDH nanocomposites [67]
and PBT nanocomposites [68].
By increasing the LDH concentration of the com-
posites (LDPE/LDH-C12_5% vs. LDPE/LDH-C12)
a higher E+ value was observed throughout the entire
temperature range (Table 3), thus suggesting that
the addition of the LDH enhanced the stiffness of
the composite. The temperature dependence of the
storage modulus enhancement factor, defined as
E+real = E+composite/E+pure matrix, in the case of the
LDPE/LDH-C12 (2.5 wt%) and LDPE/LDH-
C12_5% (5 wt%) composites, is shown in Fig-
ure 13.
By increasing the amount of LDH-C12, the relative
storage modulus is increased. This may contribute
to the fact that some volume of the composite is
occupied by LDH particles, for which the storage
modulus is much greater than for the pure polymer.
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Table 3. Dynamic storage modulus and peak temperature of ) and * relaxations for the pure matrix and the LDPE/organo-
LDH composites

Composites Storage modulus, E#, [MPa] Relaxations peak temperature [°C]
–100°C –80°C –60°C $ %

LDPE/PEMAH 7704.8 6911.1 6108.8 –33.6 –133.5
LDPE/LDH-C6 (2.5 wt%) 7997.7 7353.6 6479.8 –27.6 –132.2
LDPE/LDH-C12 (2.5 wt%) 8075.8 7163.6 6304.1 –25.6 –133.0
LDPE/LDH-C20 (1.5 wt%) 7782.9 6911.1 6030.8 –27.1 –129.2
LDPE/LDH-C12_5% (5.0 wt%) 8238.9 7477.6 6712.0 –27.8 –132.0

Figure 13. Temperature dependence of relative storage
modulus (E+composite/E+pure matrix) for the 2.5 and
5 wt% LDH-C12 composites.



In that case, two distinct peaks appear at –46 and
33°C, which are related to the setting up of the
chain motion in the amorphous ()-relaxation) and
crystalline (&-relaxation) phases, respectively. In the
case of the LDPE/LDH-C12 (2.5 wt%) sample, the
relative modulus curve is nearly constant from the
beginning until –10°C, and afterward it suddenly
drops. The observed glass transition temperature
(Tg) of the LDPE/LDH-C12_5% (5 wt%) sample
slightly decreases compared to that of LDPE/LDH-
C12, but it is much higher than that of the pure
matrix (see Table 3). Moreover, as already been
suggested about the tan' value for higher clay load-
ing, the composite with 5 wt% LDH-C12 shows the
strongly associated dispersed clay platelets with
tan' less than 1 (0.087).

4. Conclusions
LDPE/organo-LDH composites were prepared via
melt-compounding using PEMAH as the compati-
bilizer. Pristine LDH-CO3 was modified with vari-
ous alkyl chain length sulfates (nc = 6, 12 and 20)
by a two step anion exchange methodology. The
XRD analysis demonstrated that intercalated LDPE/
organo-LDH composites were obtained by melt
mixing, depending on the chain length of the anionic
modifiers. In particular, intercalated structures were
achieved when the number of carbon atoms of the
surfactant alkyl chain was equal to or larger than
12. Moreover, the TGA analysis showed that the
composites exhibited a remarkable enhancement of
thermal properties, in which the decomposition
temperature is 20 to 33°C higher than that of the
pure matrix. The DSC results showed an increase of
the crystallization temperature, due mainly to nucle-
ation effects, whereas, neither significant changes
of the melting temperature nor of the degree of
crystallinity were observed. On the other hand, the
mechanical properties, and in particular the storage
modulus data, were affected by the morphology and
by the physical properties of the surfactants at the
interface. Generally, a reinforcing effect was
observed by using LDH modified by surfactants
having short alkyl chains (C6), providing larger
aggregates owing to a sort of physical crosslinking
effect induced by the strong interactions between
the functionalized polymer and the layered clay.
The significant increase of the )-relaxation peak
temperature related to the glass transition tempera-

ture (Tg) of the composites may be explained by the
stronger interactions between the polymer and the
layered filler, which restricted the mobility of the
polymer chains. By increasing the chain length of
the LDH modifier, a softening of the composite was
observed due to a plasticizing effect of the surfac-
tant, which also promoted effective interactions
between the matrix and the nanofiller, thus provid-
ing a better morphology. This means that the alkyl
chain length of the surfactant could play a funda-
mental role, not only related to the dispersion/mor-
phology aspects, but also to the interactions at the
interface, very much affecting the final properties.
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1. Introduction
In recent years, natural fibres, either extracted from
plants, such as jute, flax, hemp, or of mineral origin,
such as basalt, are increasingly proposed as a non-
toxic and more easily recyclable alternative to glass
fibres as a result of stricter environmental require-
ments. More specifically, the higher density of
basalt fibres (about 2700 kg/m3) is widely compen-
sated by their higher modulus, excellent heat resist-
ance, good resistance to chemical attack and to
wear and low water absorption [1]. This suggests not
only the possibility to apply them as a replacement
for glass fibres, which has been the object of a pre-
vious study [2], but also the idea of making hybrids,
able to combine, possibly with a positive global
effect, the properties of both materials. As a matter
of fact, hybridisation of basalt fibres has been
attempted with ceramic fibres, to provide improved
hot wear resistance to friction materials [3], and

with high tensile strength fibres, such as carbon [4]
and Kevlar [5]. In these cases, basalt provides a suf-
ficient resistance, in particular to impact, even supe-
rior to that obtained by a possible substitution with
glass fibres, coupled in particular with a substantial
reduction in costs, with respect to carbon and Kevlar
fibres. In the case of basalt/Nylon fibres hybrid lam-
inates, low tensile modulus of Nylon is improved
by adding basalt fibres, whilst nylon provides some
more impact resistance [6].
In contrast, basalt hybridisation with glass fibres
would imply using two fibres, which are chemically
not very different: continuous basalt fibre has a not
very different content in silica and alumina from
glass fibres and also a comparable, if not superior,
tensile strength [7]. A significant difference is their
behaviour under corrosion: for basalt fibres, resist-
ance to acids is much higher than that to alkalis,
whilst for glass fibres resistance to acids is nearly
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the same as that to alkalis [8]. This can for example
make the former preferable over the latter for exam-
ple in the automotive industry, where extensive use
of acids is made. Moreover, basalt fibres, not con-
taining additives in a single producing process,
present an additional advantage in cost. Also, a pre-
vious study aimed at the comparison and discussion
of the electrical properties of composites reinforced
with basalt and E-glass woven fabrics, suggested
that dielectric behaviour of the two composites in
the frequency range 10 kHz–1 MHz is almost iden-
tical [9].
All the above findings would indicate that the com-
bined use of basalt and glass fibres may have some
scope: broadening the application field of the final
material would also possibly result in a prospective
reduced cost, without affecting its properties. It is
significant, however, to assess that the composite
presents a sufficient impact resistance to use it for
structural components.
The major mode for impact damage absorption in
basalt fabrics composites appears to be fibre break-
age, delamination appearing less diffuse than in
E-glass fibre composites [2, 6]. Also, previous study
suggested that in basalt fabrics composites and
hybrids, crack propagation patterns during impact
may be complex, if single layers are used in an
interplay layout [5]. This damage complexity has
the important consequence that it is not easy to
directly find out whether the hybridisation produces
a positive effect or not with respect to the original
laminates, an indication which could be given e.g.,
by the rule of mixtures [10]. In this context, the
measurement of post-impact residual strength
becomes particularly important.
In this study, the different configurations, including
symmetrical and asymmetrical glass/basalt lami-
nates, are fully characterised using interlaminar
shear strength tests and flexural tests. Impact dam-
age is characterised from the study of post-impact
flexural properties assisted by acoustic emission
and thermography, visualising damage using scan-
ning electron microscope (SEM) fractographs. This
is carried out along the lines of two comparative
studies between configurations of glass/jute fibre
hybrid laminates, performed by the same research
group [11–12] and in the aforementioned study
about the comparison of E-glass and basalt fibre
composites [2].

2. Materials and methods
The basalt (BAS 220.1270.P) and E-glass fabrics
(RE 220P) were plain weave fabrics supplied by
Basaltex-Flocart NV (Wevelgem, Belgium) and
Mugnaini Group srl (Stiava-Massarosa, Italy),
respectively. Both fabrics had the same specific sur-
face weight (220 g/m2). The matrix used was a
Bisphenol-A epoxy based vinylester resin (DION
9102) produced by Reichhold, Inc (Research Trian-
gle Park, North Carolina, USA). The hardener and
accelerator were Butanox LPT (MEKP, 2 wt.%) and
NL-51P (Cobalt 2-ethylhexanoate, 1 wt.%), respec-
tively. The laminates were manufactured by a labo-
ratory Resin Transfer Moulding (RTM) system
described in [9]. From the laminates were removed
the specimens for mechanical characterization.
All hybrid configurations, listed in Table 1, were
produced using fourteen fabric layers and with a
similar volume fraction, equal to 0.38!±!0.02, so that
the thickness of all the produced configurations was
approximately the same. The fibre volume used was
the maximum one, which allowed sufficient impreg-
nation from the resin with the RTM system
employed.
Four-point bending tests were performed in accor-
dance with ASTM D 6272. Five specimens for each
configuration type were tested, having the follow-
ing dimensions: 150 mm!"!30 mm!"!3.1 mm (L"W"t).
A span-to-depth ratio of 25:1 and a cross-head
speed of 2.5 mm/min were used. Strain gauges were
used to evaluate the flexural modulus. The speci-
mens were loaded in tension either as received or
following impact with energies of 7.5, 15 and
22.5 Joules, applied as described below. It is sug-
gested that most part of impact damage, even with
the highest energy applied, which does not result in
the full penetration of the laminate, should be con-
tained in the width of the specimen. The interlami-
nar shear strength was evaluated in accordance with
ASTM D 2344. Ten specimens were tested for each
laminate, having the following dimensions: 20 mm
"!6.2 mm!"!3.1 mm (L"W"t). A span-to-depth ratio
of 4:1 and a cross-head speed of 1 mm/min were
used. The mechanical characterization was per-
formed on a Z010 universal testing machine by
Zwick/Roell (Ulm, Germany) equipped with a
10 kN load cell.
Glass/basalt hybrid specimens were impacted and
then subjected to post-impact four-point bending
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tests, using five samples per configuration and
impact energy. Impact tests were performed on an
instrumented impact tower fitted with an anti-
rebound device. The impact point was located at the
centre of the specimens. The impact energy was
changed varying the mass of the hemispherical
drop-weight striker (! = 12.7 mm), thus keeping a
constant velocity of 2.5 m/s, obtaining energies of
7.5, 15 and 22.5 J.
Post-impact flexural tests were monitored by
acoustic emission until final fracture occurred using
an AMSY-5 AE system by Vallen Systeme GmbH
(Icking, Munich, Germany). The AE acquisition set-
tings used throughout this experimental work were
as follows: threshold = 35 dB, Rearm Time (RT) =
0.4 ms, Duration Discrimination Time (DDT) = 0.2
ms and total gain = 34 dB. This level of threshold
was selected after 30 minutes recording of the back-
ground noise with the AE setup configuration actu-
ally used, and was set 6 dB above the maximum
level of the recorded spurious signal from the elec-
tronic system. The PZT AE sensors used (code
SE150-M by DECI, Midland, Texas, USA) were
resonant at 150 kHz. The sensors were placed on
the surface of the specimens at both ends to allow
linear localization.
After impact, the damaged area was observed using
an Avio/Hughes Probeye TVS 200 (Cinisello Bal-
samo, Italy) thermal video system. The heating was
obtained using a 500 W lamp: a 5 s pulse was applied,
positioning the lamp at approximately 200 mm from
the sample, so that a maximum temperature of 35°C
was obtained on the sample surface. The cooling
transient period was not long enough to allow
images acquisition, so that the thermograms were
acquired between 2 and 5 s during heating. The
emissivity was set at 0.90 when the surface illumi-
nated was in basalt and at 0.15 when it was in glass:
these values were deemed offering in both cases
images with the best contrast with the background.
The variations of temperature on the specimen sur-

face were mainly ascribed to geometry alterations
produced by impact damage, since both these com-
posites show poor conductivity.
The microstructural characterization was carried
out by scanning electron microscopy (SEM) using a
Philips XL40 (Eindhoven, Netherlands). Prior to all
SEM observations, the specimens were sputtered
with gold to prevent charging.

3. Results
3.1. Mechanical properties
The principal purpose of adding basalt fibre lami-
nates to E-glass fibre laminates would be getting a
final laminate which, in spite of a slight weight
penalty, has better mechanical properties, both as
received and after impact. A previous study [2]
demonstrated that non-impacted basalt fibre rein-
forced laminates show interlaminar shear strength
and flexural properties slightly superior to those of
E-glass fibre reinforced laminates. Here, in the
VBV laminate, which includes the lowest number
of basalt fibre layers among the three configura-
tions, adding them does not result in an improve-
ment of interlaminar shear strength over pure
E-glass fibre reinforced laminates (Figure 1). The
other two configurations, BVB and BVBV, present
values of the interlaminar shear strength which are
intermediate between E-glass fibre and basalt fibre
reinforced laminates.
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Table 1. Hybrid laminates configurations

Configuration Layup sequence Basalt layers
(avg. vol.% fibres) 

E-glass layers
(avg. vol.% fibres)  

B 14B 14 (38%) –
V 14V – 14 (38%)
VBV 3V/8B/3V 8 (22%) 6 (16%)
BVB 3B/8V/3B 6 (16%) 8 (22%)
BVBV (1B/1V/1B/1V/1B/1V/1B)s 7 (19%) 7 (19%)

Figure 1. Interlaminar shear strength of the different hybrid
laminates



As regards the study of degradation of flexural
properties with increasing impact energies, typical
flexural curves of non-impacted and impacted
hybrid laminates of all configurations are shown in
Figure 2. The main difference which may be
observed is that BVB hybrids, when non-impacted
or impacted at the lowest energy, show a more grad-
ual failure process than the other hybrids. Impact
reduces the flexural strength in a more variable way
among the different configurations than it does with
flexural modulus (compare Figure 3 and 4). In par-
ticular, in Table 2 all configurations are ranked from
the higher to the lower flexural strength, including
also the pure E-glass and basalt fibre reinforced lam-
inates. The larger degradation of flexural strength
of VBV laminates with growing impact energy is
clearly observable, whilst in general BVBV appears

in all cases the best laminate configuration in this
respect. As regards flexural modulus (Figure 4),
BVB and VBV laminates give at all impact energies
the higher and lowest performance of all configura-
tions, respectively: it is also to be noted that all lam-
inates show comparable levels of degradation. The
average residual flexural strength of impact dam-
aged specimens normalized to that of undamaged
ones is reported in Figure 5. This figure aims at
clarifying which is the average level of degradation
which is to be expected in every laminate as an
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Figure 2. Typical flexural curves for hybrid laminates
impacted at 0, 7.5, 15 and 22.5 J

Figure 3. Post-impact flexural strength of the different lam-
inates (compared with pure E-glass, V, and pure
basalt fibre laminates, B)

Figure 4. Post-impact flexural modulus of the different
laminates (compared with pure E-glass, V, and
pure basalt fibre laminates, B)

Table 2. Laminates ordered from maximum to minimum
flexural strength at different impact energies

Position 0 J 7.5 J 15 J 22.5 J
1 BVBV BVBV BVBV BVBV
2 VBV B B B
3 B V V V
4 V VBV BVB VBV
5 BVB BVB VBV BVB



effect of impact damage with respect to the same
laminate before the impact event. Here again, the
lowest residual properties are shown by VBV lami-
nates.

3.2. Acoustic emission analysis
Prior to the acoustic emission analysis, the meas-
urement of the wave propagation speed in the lami-
nates has been performed within an accuracy of
±10 m/s, as allowed by the AE system on the dis-
tances involved. The values obtained are reported in
Table 3. It can be noticed as the difference among
values obtained for the three hybrid laminates can
be considered within the statistical variability of the
measurement.
As a preliminary consideration, from AE cumula-
tive counts vs. time curves it is possible to identify
an approximate load where acoustic emission activ-
ity starts. In particular, neglecting sparse low-counts
events, which may take place even at very low load,
acoustic emission is considered to commence when
it starts to be visible from AE cumulative counts vs.
time graphs, referred to the whole test, an example
of which is given in Figure 6. This happens when
AE counts exceed approximately 1/500 of the final
cumulative counts: at this point, an AE start load is
measured. This derives empirically from the maxi-
mum achievable end-of-scale of the graph on the

Y-axis (1654 pixels), and the fact that only a gradi-
ent of not less than three pixels starts being visible.
Beyond the AE start load, AE activity during monot-
onic loading is likely to grow with increasing stress,
although the specific characteristics of such behav-
iour may change considerably depending on materi-
als properties and presence of irreversible damage.
To better clarify these characteristics, the tests have
been divided in five phases, according to the load
levels, from 0 to 25%, 25 to 50%, 50 to 75%, and 75
to 100% of the maximum load. The fifth phase is
denominated as ‘post’ and represents those AE events
detected after reaching the maximum load, when
the load decreases in the immediate proximity of
failure. The phases are reported on a typical flexural
loading curve in Figure 7.
A further analysis of AE data is performed on their
location with respect to impact (if any): the centre
of the impacting head corresponds to the midpoint
between the edge of the two sensors (located at
abscissa 15 and 135 mm, respectively), at the abscissa
x = 75 mm. With respect to their locations, the events
are divided in four classes, namely A, for those
detected within the impacted length (68–81 mm),
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Figure 5. Normalised residual flexural strength of the dif-
ferent laminates (compared with pure E-glass, V,
and pure basalt fibre laminates, B)

Table 3. Wave propagation speed of the laminates [m/s]
Laminate Wave propagation speed [m/s]

B 3970
V 3660
BVB 3800
VBV 3840
BVBV 3780

Figure 6. AE start load measured from cumulative counts
vs. time curve (in green) and the corresponding
flexural stress vs. time curve (in blue) (BVB hybrid
laminate impacted at 7.5 Joules)

Figure 7. Load levels on a typical flexural load vs. time
curve (VBV hybrid laminate impacted at 15 Joules)



B, detected in a location displaced by no more than
one impacted length from either of the extremes of
A (55–68 and 81– 94 mm), C, detected in the remain-
ing part of the laminate between the sensor edges
(15–55 and 94–135 mm), and D, detected under the
sensors and outside them (0–15 and 135– 150 mm).
More specifically, the localisation analysis is aimed
at discerning on impacted samples between the two
principal modes of impact damage. These represent
the indentation mode, which is limited to the area in
physical contact with the impacting head (‘A’ class
of AE events), and the delamination mode, which
has been approximated for low impact energies
with a ring-shaped area extending no further than
twice the impacting head diameter from the centre
(‘B’ class of AE events). Other events detected in the
bulk of the laminate between the sensors are in the
‘C’ class, whilst those very close to the laminate’s
edge, which can be supposed to be mostly unrelated
with fracture events, are in the ‘D’ class. An exam-
ple of the distribution between the four classes is
reported using different colours in Figure 8.
Results in Figure 9, concerning stress where acoustic
emission activity starts, indicate that for non-
impacted laminates, the worst performance is
obtained with VBV laminates, which are supposed
to be slightly less tolerant to pure flexural loading.
In the laminates impacted with the lowest energy
(7.5 J), acoustic emission may initiate later during
loading (in particular, this happens on VBV and
with lesser evidence on BVB hybrids). This is likely
to suggest that the limited depth and gravity of
impact damage is not yet sufficient to trigger fur-
ther crack growth and delamination in the lami-
nates, as an effect of flexural loading, rather making
the material less sensitive to it.

A significant degradation of properties occurs with
impact at 22.5 J for VBV laminates and both at 15
and 22.5 J on BVB laminates: here AE start is
around 55 MPa, compared with 80 MPa for the non-
impacted BVB laminates. A large scattering in per-
formance is observed for BVBV laminates, which
may be the result of the variable adhesion between
the different interfaces between glass and basalt
fibre layers in the laminates.
The results obtained from the study of the evolution
of acoustic emission activity with load are reported
in Figure 10. This analysis can be considered quite
reliable in that the patterns of flexural load vs. time
curve does not change much between hybrids (see
Figure 2) (apart from some differences on BVB
hybrids at 0 and 7.5 J). The main indication from
Figure 9 are that the typical trend of increased AE
detection with growing load is more frequently dis-
turbed here than it was on pure E-glass or basalt
laminates. In particular, it can be noticed that there
is a strongly variable normalised count rate in the
final part of the test when the applied stress goes
beyond the quasi-elastic limit. In general, it is sug-
gested, by comparison with what observed on pure
basalt or E-glass fibre laminates in [2], that when-
ever the growing trend of acoustic emission is pre-
served (such as for example is the case for VBV
laminates impacted at 15 and especially 22.5 J),
damage progression which produces acoustic emis-
sion takes place preferentially in one of the two
laminates. In contrast, when no clear trend is observ-
able, it is possible that both E-glass and basalt fibre
laminate forming the hybrids are damaged in a
comparable way (this happen e.g., in all BVB lami-
nates, with exception of the 22.5 J impacted ones).
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Figure 8. Partition of the events according to their location
along the laminate (BVBV laminate impacted at
22.5 J) (letter S indicates sensors location)

Figure 9. AE start stress [MPa] for all hybrid laminate con-
figurations



AE location analysis (Figure 11) indicates that there
are more B-class than A-class normalised events for
impacted BVB laminates, whilst the opposite is true
for impacted VBV laminates: this suggests that in
the former case most critical damage is in the wider
delaminated area, whilst in the latter it is in the
immediate vicinity of the impact centre, in a belt
whose length corresponds to the impactor diameter.

For BVBV laminates, an intermediate situation
between the two is revealed.

3.3. Impact damage characterisation
Impact damage characterisation was carried out on
laminates which are larger than those necessarily
used for post-impact flexural tests. This allowed
clarifying whether damage produced by applying
these impact energies was effectively contained in
the width of flexural specimens. This is more often
than not the case, with exceptions for the 22.5 Joules
impacted laminates. In Figure 12 are represented
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Figure 10. a) AE log (Count rate over time) vs. load for
BVB hybrid laminates; b) AE log (Count rate
over time) vs. load for VBV hybrid laminates;
c) AE log (Count rate over time) vs. load for
BVBV hybrid laminates

Figure 11. a) AE log (Count rate over distance) vs. X-loca-
tion for BVB hybrid laminates; b) AE log (Count
rate over distance) vs. X-location for VBV hybrid
laminates; c) AE log (Count rate over distance)
vs. X-location for BVBV hybrid laminates



the impacted and non-impacted surfaces of the
hybrid laminates at the different impact energies, as
obtained using pulsed IR thermography: a region
with dimensions 75"45 mm is shown in the images.
As a general consideration, the visualisation of the
impacted area was easier whenever a basalt fibre
laminate is observed, due to its high emissivity. In
contrast, in some cases on the glass fibre reinforced
laminates the weaving structure created some dis-
turbance to the thermographic signal. In particular,
the difficulties of observing impact damage on E-
glass fibre reinforced laminates using IR thermog-
raphy have been recently reported in [13]. The meas-
urements suggest that at 7.5 and 15 J the dimension
of the impact damaged area for all laminates is com-
parable. At 22.5 J all laminates appear heavily dam-
aged in most of their mid-section corresponding to
the impact line. However, whilst BVBV laminates
show a more symmetrical delamination area, clearly
extending towards both edges, the other two lami-
nates show a more unpredictable damage progres-
sion. This may occur either preferentially in the
direction of one of the edges, as is the case for VBV
laminates, or in other random directions, as it hap-
pens with BVB laminates. The presence of dissym-
metric damage does suggest in general that stiffness

degradation consequent to impact affects in vari-
able way the layers of the hybrid laminates, and in
the case of BVBV laminate some kind of internal
compensation between damage in the different lay-
ers may take place [14].
Photographs of the impact-damaged surface (those
taken on the BVB laminate have been inverted for
better clarity) (Figure 13) do suggest that damage
appears more extended in the B-area and beyond it
for VBV laminates: also, the increment of damage,
passing from 15 to 22.5 J impact energy, is greater
than for the other laminates. This consideration con-
firms by the comparison of the respective AE start
stresses in Figure 9. In contrast, damage spreads
around the whole of B-area for BVB and BVBV
laminates, even at 15 J, going considerably beyond
that for 22.5 J impact energy, especially on BVBV
laminates. This substantially confirms what has been
stated, dealing with AE localisation data analysis,
although of course some overlapping does exist,
when projecting 2-D images into 1-D AE localisa-
tion graphs. It needs also to be noted for complete-
ness that the digital inversion of images on the BVB
laminates does not provide exactly the same level
of contrast between damaged and undamaged parts,
as it is for the direct images, so damage on these
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Figure 12. IR thermograms of both surfaces of the impacted laminates (dimensions are given in mm)



                                             De Rosa et al. – eXPRESS Polymer Letters Vol.5, No.5 (2011) 449–4459

                                                                                                    457

Figure 13. a) Inverted value photographs of impacted BVB laminates (A and B areas are as defined for AE localisation
analysis); b) Photographs of VBV laminates (A and B areas are as defined for AE localisation analysis); c) Pho-
tographs of BVBV laminates (A and B areas are as defined for AE localisation analysis)



laminates might be slightly underestimated: how-
ever, the general sense of the statement can be con-
firmed.
This is substantially confirmed by SEM micro-
graphs representing transverse sections of impacted
region of all hybrid laminate configurations impacted
at the highest impact energy (Figure 14). In BVB
laminate most damage lies in the central glass fibre

laminate (Figure 14a), whilst in the VBV laminate
it is the lowest part (again a glass fibre laminate)
which appears heavily damaged. In BVBV, the gen-
eral appearance shows a limited presence of dam-
age, though sometimes extended also to the basalt
fibre layers (Figure 14c). It may be suggested that
the presence of basalt fibre multi-layers tend to stop
crack propagation, which is not the case for glass
fibre ones. Post-impact residual properties of sym-
metrical (such as BVB and VBV) hybrid compared
with intercalated hybrid (such as BVBV) laminates
has been the object of a previous work on glass/jute
hybrid laminates [11]. In that case, it appeared that
in the intercalated hybrid laminate crack propaga-
tion is more controllable than in the superior sym-
metrical hybrid laminates. Due to the different nature
of basalt fibre, here the perspective appears reversed,
in the sense that high stiffness of basalt would
sometimes allow the development of cracks in inner
layers, rather than their bare compression, as it was
the case with jute. Further improvement in proper-
ties is also likely to be obtained whenever using
more complex systems for intercalation, which
involve the combined presence of both fibres on the
same layer: this has been attempted already with
carbon and basalt fibres [15]. However, post-impact
behaviour may be quite complex and unpredictable,
and needs to be thoroughly assessed, which has not
been the case so far.

4. Conclusions
This comparative study between different hybrid
configurations based on E-glass and basalt fibre
reinforced laminates confirms the slight superiority
of basalt fibre woven laminates over E-glass fibre
ones as for post-impact performance. It suggests
furthermore that a symmetrical configuration includ-
ing the lower strength material (glass) as a core for
the higher strength one (basalt) presents the most
favourable degradation pattern. In particular, con-
cerns about the possible sudden collapse of the core
during post-impact can be, at least in principle,
overlooked. The reverse situation (basalt as core) is
slightly less favourable, because it does appear less
suitable to stop crack propagation, especially at
impact energies approaching penetration. Further
improvement of the ‘as received’ mechanical prop-
erties can be possibly obtained by intercalating sin-
gle layers of E-glass and basalt laminates: however,
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Figure 14. a) Transverse section of impacted BVB laminate
(impact energy = 22.5 J); b) transverse section
of impacted VBV laminate (impact energy =
22.5 J); c) transverse section of impacted BVBV
laminate (impact energy = 22.5 J) (the inner lay-
ers are alternatively glass and basalt)



this happens at the expense of the predictability of
post-impact crack propagation. A suggestion for
further work would include the investigation of
intermediate structures between the one-to-one
intercalated hybrids and the symmetrical ones.
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1. Introduction
Polymeric hydrogels have attracted much scientific
interest over the past several decades and have
found uses in many fields such as superabsorbents,
in medicine, hygiene, and in biomedical applica-
tions [1]. Given increasing environmental issues,
the idea of replacing plastics with hydrogels also
seems reasonable [2]. However, the applications of
the conventional hydrogels crosslinked by the tradi-
tional crosslinkers such as N,N!–methylenebisacry-
lamide are strongly limited by their poor mechanical
properties. In recent years, several synthesized
hydrogels with excellent mechanical properties
have been successfully prepared such as topological
hydrogels [3], double-network hydrogels [4, 5], and

composite hydrogels [6–15]. The composite hydro-
gels include the nanocomposite (NC) hydrogels
using inorganic clay as a crosslinker [6, 15], the
macromolecular microsphere composite (MMC)
hydrogels using hydrophobic macromolecular micros-
phere as a crosslinker [11, 14], and the hydr ophilic
reactive microgel (HRM) composite hydrogels using
hydrophilic reactive microgels containing C=C
double bonds as a multifunctional crosslinker [13].
The HRM composite hydrogels are made from
hydrophilic organic monomers only and do not
require inorganic or hydrophobic fillers. They have
a two-level hierarchic network structure, a primary
network inside reactive microgels and a secondary
network between microgels similar to NC or MMC
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hydrogels [13]. Reactive microgels have also been
used as multifunctional crosslinkers for photopoly-
merized thin films or thermosets to improve their
mechanical properties [16, 17]. In addition to the
direct polymerization method by adding the reac-
tive microgels containing C=C double bonds, the
crosslinked structure can also be obtained by post-
crosslinking of the polymers through irradiation,
peroxide, drying, heating, and so on [18–21]. Amide
groups of acrylamide can react with other groups
[22]. The chemical reactions can occur between the
amide groups of acrylamide (AM) and the hydrox-
ymethyl groups of N-methylolacrylamide (NMA) at
appropriate temperature [13]. Microgel composite
(MC) hydrogels can be designed by the post-
crosslinking method through heating the composite
polymer with dispersed reactive microgels using
the reaction between the microgels containing
hydroxymethyl groups and the polymer linear chains
containing amide groups. High mechanical strength
hydrogels were obtained easily by the post-crosslink-
ing method and the crosslinking did not affect the
polymerization process. The method might open a
new field to manufacture composite hydrogels with
novel structures.
In this paper, AM and 2-Acrylamido-2-methyl-
propane sulfonic acid (AMPS) was used as main
monomers. NMA was used as a functional monomer.
First, the reactive microgels with hydroxymethyl
groups were synthesized by inverse emulsion poly-
merization. Then, they were dispersed into the
monomer solutions to synthesize composite poly-
mers. Finally, the as-prepared composite polymers
or partly evaporated composite polymers were heated
to prepare MC hydrogels. Effects of the heating
temperature, heating time and polymer water con-
tent on the swelling and mechanical properties of
the MC hydrogels were investigated.

2. Experimental Part
2.1. Materials
AM (chemically pure, Dia-Nitrix. Co., Tokyo,
Japan), AMPS (chemically pure, Shandong Lian-
meng Chemical Group Co., Shouguang, China) and
NMA (chemically pure, Shandong Zibo Xinye
Chemical Co., Zibo, China) were used directly. The
other reagents were all analytically pure, commer-
cially available and were used without further

purification. Distilled water was used in the whole
experiments.

2.2. Preparation of reactive microgels with
hydroxymethyl groups

Reactive microgels were prepared by inverse emul-
sion polymerization. AM solutions (98 ml 43 wt%)
and AMPS (5 g) as monomers, NMA (5 g) as a
functional monomer, sorbitan monolaurate (9 g) and
octylphenol ethoxylate (2.5 g) as emulsifiers and
N,N!–methylenebisacrylamide (0.003 g) as crosslink-
ing agent were added into a 500 ml round-bottomed
three-neck flask with a refluxed condenser, a mechan-
ical stirrer, a vent-plug and a thermometer. The
resulting solution was stirred for 20 min, and then
cyclohexane (110 ml) was added into the flask.
After bubbled by nitrogen for 20 min, the polymer-
ization was initiated at 25°C using redox initiator of
ammonium persulfate (0.004 g in 1 ml water) and
sodium bisulfite (0.01 g in 1 ml water). Nitrogen
atmosphere was maintained throughout the poly-
merization. The microgel emulsions were obtained
after 3 h reaction. First, 13 g of the microgel emul-
sions were precipitated by enough acetone to obtain
microgel powder. Second, the microgel powder was
dried at room temperature. Last, the dried powder
was dispersed in 87 ml distilled water to obtain dis-
persed solutions for further use.

2.3. Preparation of composite polymer 
The composite polymer was prepared by solution
polymerization. The above dispersed solution
(13.6 g), distilled water (61.7 ml), AM (20.3 g) and
AMPS (4 g) were added into in a beaker. After nitro-
gen bubbling for 30 min, the solution was initiated
by redox initiator of ammonium persulfate (0.004 g
in 1 ml water) and sodium bisulfite (0.01 g in 1 ml
water) at 20°C. The polymerization was carried out
under airproof conditions for 5 h to obtain compos-
ite polymers and was cut into appropriate size to be
used further. The as-prepared composite polymer
has 75% water content. Polymer water content x%
was calculated by the Equation (1):

                                            (1)

where W and Wpd were the wet polymer weight and
the corresponding dry polymer weight, respectively.

x 3, 4 5 W 2 Wpd

W
x 3, 4 5 W 2 Wpd

W
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2.4. Preparation of MC hydrogels
MC hydrogels were prepared by heating the as-pre-
pared composite polymers or partly evaporated
composite polymers with different water content
under airproof conditions at 80 to 99°C. When the
polymer achieved the designed water content by
evaporation, it was wrapped by plastic wrap and
tape. It was held at room temperature for two days
for uniform diffusion of the water within the whole
polymer. Then, it was heated to prepare MC hydro-
gels. The MC hydrogels were referred to as MC-y-
zh and MCx%-y-zh for heating the as-prepared
composite polymers and the partly evaporated com-
posite polymers, respectively. Here x, y and z were
the partly evaporated polymer water content, heat-
ing temperature and the number of hours for heat-
ing time, respectively. The schematic illustration of
preparing MC hydrogels by post-crosslinking is
proposed in Figure 1a.

2.5. Measurements of microgel particle size
The particle size of the reactive microgels was
detected by JEM-100CX II transmission electron
microscopy (TEM, JEOL Ltd., Tokyo, Japan). TEM
samples were prepared by placing a dilute drop of
microgel particles onto a sample grid and allowing

them natural drying in air. Dynamic light scattering
measurements were performed on a Malvern Zeta-
sizer 3000 instrument (Malvern Instruments Ltd.,
Malvern, UK) at 25°C and at a scattering angle of
90° to obtain the swollen size of microgel particles
in water.

2.6. Measurements of the swelling properties
The swelling experiments were performed by
immersing the hydrogels in a large excess of water
at room temperature to reach the swelling equilib-
rium. The swelling ratio was calculated by the
Equation (2)

                                                    (2)

where We is the weight of the equilibrium swollen
hydrogel and Wd is the corresponding dried hydro-
gel, respectively.

2.7. Measurements of the degree of hydrolysis
of the MC hydrogels

During the heating process for preparing MC
hydrogels, amide groups of acrylamide can hydrolyze
at high temperature. The degree of hydrolysis (z%)
of the amide groups was determined by the titration

Q 5
We 2 Wd

Wd
Q 5

We 2 Wd

Wd
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Figure 1. Schematic illustration of a MC hydrogel formation and crosslinking reactions between microgels and polymer
matrix. (a) MC hydrogel formation, (b) hydrogen bond formation, (c) covalent bond formation



method. The carboxyl groups produced by hydrolyz-
ing were neutralized by excess 0.1 mol/l standard
solutions of sodium hydroxide. The remaining
sodium hydroxide was titrated by 0.1 mol/l stan-
dard solution of hydrochloric acid. The Equation (3)
was used to calculate the degree of hydrolysis of the
product:

       (3)

where C1 and C2 are the molar concentration of
sodium hydroxide and hydrochloric acid standard
solution, V1 and V2 are the total volume of sodium
hydroxide solutions used for neutralization and the
consumed volume of hydrochloric acid solution for
hydrogels, V01 and V02 are the total volume of
sodium hydroxide solutions used for neutralization
and the consumed volume of hydrochloric acid
standard solution for polymer without heating, n is
the amount of the amide groups [mol], respectively.
About 80 g swollen sample was used to measure the
degree of hydrolysis. The amount of the amide groups
was calculated by the corresponding acrylamide
weight of the swollen sample. Three samples were
tested and their results were averaged.

2.8. Measurements of the mechanical
properties of the MC hydrogels

The mechanical properties of the hydrogels were
measured by an electronic pulling tester
(LR10KPLUS, 10 kN Universal Materials Testing
Machine, Lloyd Instruments, West Sussex, UK).
The conditions were as follows: temperature 25°C,
sample water content 90%, the sample size 8 mm
(thickness) " 15 mm (width) " 60 mm (length), the
gauge length 35 mm and crosshead speed
100 mm/min. 90% water content of the sample was
prepared as follows. The hydrogel was immersed in
water. Its water content was calculated by Equa-
tion (1) and controlled according to monitoring its
weight. When its weights attained 90% water con-
tent, it was removed and put in plastic bags for uni-
form diffusion of the water within the whole gels.
The tensile stress was calculated on the basis of the
initial cross section of the specimen and the strain
was defined as the change in the length with respect
to the initial gauge length. Three samples were
tested for each type of hydrogels and the data was
averaged.

3. Results and discussion
3.1. Influence of heating conditions on MC

hydrogels prepared by heating the
as-prepared composite polymers.

The reactive microgels were prepared by inverse
emulsion polymerization. The conversion of the
monomers in microgel synthesis exceeded 99.5%.
It was determined by bromation of the residual dou-
ble bond according to Liu et al. [23]. TEM was used
to observe the microgel particle size. The microgel
particles have sphere morphology. Their average
dry particle size is about 100 nm (Figure 2). The
average swollen size of the microgel particles is
about 298 nm (Figure 3) and the polydispersity in
microgel particle size was 0.449, which was deter-

z 3,45 1V1C12V2C2221V01C12V02C22
n ?100z 3,45 1V1C12V2C2221V01C12V02C22
n ?100
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Figure 2. TEM images of the reactive microgel particles

Figure 3. The swollen size of the microgels by dynamic
light scattering measurements



mined by dynamic light scattering. The reactive
microgels contain hydroxymethyl groups, which
were introduced into the microgel particles by using
NMA as a functional monomer. The schematic illus-
tration is shown in Figure 1. The hydroxymethyl
groups can further react with other active groups
such as amide groups and hydroxymethyl groups
themselves at suitable temperature [13, 24]. The
schematic illustration of preparing MC hydrogels
by post-crosslinking is proposed in Figure 1a. The
reactive microgels containing hydroxymethyl groups
act as potential post-crosslinking agents. The post-
crosslinking reaction can occur between the hydrox-
ymethyl groups and the functional groups of the
polymer linear chains.
The composite polymer with embedded reactive
microgels was prepared by solution polymerization.
Reactive microgels containing hydroxymethyl
groups were uniformly dispersed in the AM and
AMPS solutions before polymerization. As shown
in Table 1, the formation of MC hydrogels by direct
heating the as-prepared composite polymer strongly
depends on the heating temperature and time. The
as-prepared composite polymer is still soluble when
it is heated at 90°C less than 2 h. When the compos-
ite polymer is heated at 90°C for more than 2 h, it
cannot dissolve in large excess water but swells in
water and shows equilibrium swelling behavior. It
suggests that the MC hydrogels are formed. As
shown in Table 1, when the heating temperature
decreases, it requires a longer heating time such as
more than 3 h at 80°C to form hydrogels. It shows
that the crosslinking reaction occurred more easily
at high temperature for the as-prepared composite
polymers.
In order to investigate the action of the reactive
microgels, AM and AMPS copolymer without
microgels was also prepared by solution polymer-
ization under the same experimental conditions. As
shown in Table 1, using the same heating time 5 h
and the same temperature 90°C for the as-prepared
AM and AMPS copolymer, which is named P–90–
5h, the polymer fails to form a hydrogel and is still
soluble. Compared with the composite polymer, the
AM and AMPS copolymer is lacking of functional
hydroxymethyl groups because it does not contain
the reactive microgels. It indicates that the reactions
of hydroxymethyl groups are the direct cause of the
above MC hydrogel formation and the MC hydro-
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gels are crosslinked by microgel particles. Hydrox-
ymethyl groups can form covalent bonds with
amide groups [13] and hydrogen bonds with C=O
ester groups of amide (or carboxyl in case of hydrol-
ysis). Either hydrogen bonds or covalent bonds
between the hydroxymethyl groups and the amide
groups of linear chains in the composite polymer
can lead to crosslinking reaction for MC hydrogel
formation as illustrated in Figure 1. To determine
the hydrogen bonds or the covalent bonds crosslink-
ing for forming the MC hydrogels, the swelling prop-
erties of the hydrogels in the 0.1 mol/l sodium
hydroxide solution was investigated [11]. As shown
in Table 1, no matter how long heating for the as-
prepared composite polymers at 90°C, the hydro-
gels are always soluble in the sodium hydroxide
solution. Therefore, it is mainly due to the hydrogen
bonds crosslinking rather than the covalent bonds
crosslinking for forming the MC hydrogels.
The swelling character of the MC hydrogels from
the as-prepared composite polymers were also inves-
tigated. As shown in Table 1, the swelling ratio
decreases from 1200 to 880 when the heating time
increases from 2 to 4 h. Because the crosslinks of
MC hydrogels are not points but nanoparticles, the
swelling ratio of the MC hydrogels depends on the
degree of crosslinks between microgels and the
hydrogel matrix. According to the swelling theory
[25], the hydrogel swelling ratio is inversely related
to the crosslinking density. It indicates that the
longer the reaction time, the more crosslinked bonds
between the polymer matrix and the microgels are
formed. However, when the heating time increases
from 4 to 5 h, the swelling ratio has a sudden increase
from 880 to 1150. This is inconsistent with the
above crosslinking bonds forming character. Ionic
carboxyl groups can be formed under high tempera-
ture because of the hydrolysis of amide groups. As
shown in Table 1, the degree of hydrolysis of the
amide groups increases from 7.3 to 13.4% when the
heating time increases from 4 to 5 h at 90°C. How-
ever, more carboxyl groups in the MC hydrogel
hardly can significantly increase the swelling ratio.
Increase of swelling ratio can be, probably, due to
the self-reaction of methylol groups, as longer
times at elevated temperature result in less crosslink
degree of MC gels.

Mechanical properties were performed on the MC
hydrogels with 90% water content. As shown in
Table 1, for the above MC hydrogels from the as-
prepared composite polymers, both the heating
temperature and heating time influence the mechan-
ical properties. The tensile strength increases as the
heating temperature increases from 80 to 90°C. How-
ever, the tensile strength decreases as the tempera-
ture increases sequentially to 99°C, because large
numbers of bubbles generated in the hydrogel. The
appropriate heating conditions for high tensile
strength are 90°C and 4 h. The tensile stress–strain
curve of the MC–90–4h hydrogel is shown in Fig-
ure 4. It has a high elongation of 960% and a high
tensile strength of 32 kPa, which is much higher
than that of the conventional N-isopropylacry-
lamide hydrogels (tensile strength of 8–9 kPa and
elongation of 20–50%) [9] or conventional AM
hydrogels (tensile strength of 14 kPa and elongation
of 35%) [26]. The excellent mechanical properties
are attributed to the unique structure that the hydro-
gels are crosslinked by rubber microgels. However,
the tensile strength is lower than that of the MC
hydrogels crosslinked by covalent C–C bonds
reported by our groups [13]. As described above,
the MC hydrogels by heating the as-prepared com-
posite polymers are crosslinked by hydrogen bonds.
This is consistent with the fact that hydrogen bonds
are weaker than the covalent bonds. It suggests that
the covalent bond crosslinking will benefit to
improve the mechanical properties of MC hydro-
gels.
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Figure 4. Stress–strain curves of the MC hydrogels at dif-
ferent heating conditions by heating the as-pre-
pared composite polymers. (All hydrogel samples
used for test has 90% water content.)



3.2. Effect of polymer water content on the
MC hydrogels prepared by partly
evaporated composite polymers

When NMA was used as an efficient crosslinking
agent, covalent cosslinking bonds could be formed
by thermal activation at around 110°C after water
was evaporated in the acrylate latex films [27–29].
After water was completely evaporated to form dry-
ing films, covalent cosslinking bonds could also be
formed under ambient conditions [20]. It is sug-
gested that decreasing the polymer water content is
beneficial to the covalent bond formation when
NMA is used as a crosslinking agent. When poly-
mer water content decreases, the equilibrium water
content decreases as shown in Table 1, which indi-
cates the hydrogel has more crosslinking density.
The as-prepared composite polymer has 75% water
content. As described above, the hydrogels cannot
form covalent crosslinking bonds between the
microgels and the polymer matrix by directly heat-
ing the as-prepared composite polymer. Consider-
ing the influence of the water content on the cova-
lent bond formation, partly evaporated composite
polymer was used to prepare MC hydrogels.
First, natural drying polymer with near equilibrium
water content (about 30%) in natural environment
was used. For MC30%–90–3h hydrogels, after the
polymer was evaporated to 30% water content, it
was heated at 90°C for 3 h. As shown in Table 1, it
is insoluble and has low swelling ratio (about 22). It
shows that the hydrogel is formed and has high
crosslinking density. However, the hydrogel was
very brittle and non-elastic. The tensile strength
could not easy be obtained because it was difficult
to clamp the hydrogel tightly enough for tensile
tests and often broke before obtaining precise
mechanical data. As shown in Table 1, although the
tensile strength can reach 69 kPa, the elongation at
break is only about 51% which is similar to the con-
ventional hydrogel [9] and much lower than that of
MC hydrogels prepared by the as-prepared compos-
ite polymers. As shown in Table 1, this hydrogel is
insoluble in 0.1 mol/l sodium hydroxide solutions.
It indicates that covalent crosslinking bonds are
formed in the above hydrogels. In order to investi-
gate the reactions between the linear chains in the
polymer matrix, the AM/AMPS polymer with the
same water content (30%) and heating conditions
(90°C and 3 h) as the above composite polymer was

investigated, which is named P30%–90–3h. For
P30%–90–3h polymers, it is also insoluble in
0.1 mol/l sodium hydroxide solutions. It suggests
that covalent crosslinking bonds occur between the
linear poly(AM co AMPS) chains at 90°C and 3 h
for polymer with 30% water content. Therefore, for
MC30%–90–3h, the hydrogel matrix between micro-
gels also has crosslinking network structure similar
to conventional hydrogels rather than linear chains.
NC hydrogels with excellent mechanical properties
cannot be obtained when the hydrogel matrix has
crosslinked structure by adding N,N!–methyl-
enebisacrylamide [6]. For MC30%–90–3h, exces-
sive crosslinking of the linear polymer chains also
form crosslinked hydrogel matrix causes the weak
mechanical properties of the MC hydrogels.
As described above, the hydrogels cannot form
covalent crosslinking bonds by heating the as-pre-
pared composite polymer. However, the excessive
drying of composite polymer will lead to conven-
tional hydrogels with weak mechanical properties.
That is, the polymer water content directly affects
the hydrogel properties. For MC58%–90–3h, after
the composite polymer was evaporated to 58% water
content, it was heated at 90°C for 3 h. As shown in
Table 1, the MC hydrogels is formed and their
swelling ratio is 540. They also cannot dissolve in
0.1 mol/l sodium hydroxide solution. This MC
hydrogels have excellent mechanical properties (Fig-
ure 5). It could withstand high levels of deforma-
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Figure 5. Photographs demonstrated the mechanical prop-
erties of MC58%–90–3h hydrogels. (a) and
(d) original length, (b) bending, (c) knotting,
(e) elongation, (f) recovered after elongation



tion such as bending, torsion, knotting, and elonga-
tion. When it was allowed to recover after elonga-
tion, it could recover its original length. As shown
in Table 1, it has a high elongation of 518%, and
high tensile strength of 107 kPa. This tensile strength
is close to that of the NC hydrogels [6] and much
higher than that of the hydrogels prepared by heat-
ing the as-prepared polymers or 30% water content
polymers.
As the stress–strain curve shown in Figure 6 and
Table 1, the tensile strength increases first and then
decreases as polymer water content decreases. At
45% water content, the tensile strength can reach
135 kPa. However, the elongation always decreases
as water content decreases. The composite polymer
contains microgel and polymer matrix. For MC
hydrogels, the crosslinkers are nanoparticles and
the hydrogel matrix consists of linear polymer
chains. This is different from the reported nano -
composite hydrogels that contain crosslinked hydro-
gel matrix by N,N!–methylenebisacrylamide [30,
31]. Our groups reported that the strength of com-
posite hydrogels with network hydrogel matrix is
much lower than that of the MC hydrogels with lin-
ear hydrogel matrix [13]. The linear chains for
hydrogel matrix between the particles can improve
the mechanical properties of the composite hydro-
gels. For this reason, the mechanical properties of
crosslinked hydrogels depend on the matrix, the
microgels and the degree of crosslinks between the
matrix and microgels. As the polymer water content
decreases, the polymer chain length between the
microgels decreases because the distances between
the microgels decrease [6]. Since the decrease of

distance between microgels during the synthesis is
supposed to cause the higher crosslink degree of
MC hydrogels, which leads to the decrease of the
tensile elongation. As polymer water content
decreases, the more covalent bond formation
between the microgel and matrix will lead to higher
tensile strength. However, with further decrease of
polymer water content, the hydrogel matrix is also
crosslinked and is similar to traditional hydrogels
because of the reaction between the linear chains,
which leads to the decreasing of the tensile strength.
As described above, the tensile strength and the
elongation can easily be adjusted by the composite
polymer water content. As shown in Figure 6, for
composite polymer with 50% water content, both
tensile strength and elongation has high values with
130 kPa of tensile strength and 503% elongation.

4. Conclusions
The MC hydrogels have been successfully prepared
by post-crosslinking method by heating the com-
posite polymer. The MC hydrogels prepared at suit-
able conditions has excellent mechanical properties
such as high elasticity, high tensile strength, and
high elongation. This post-crosslinking method
might open a new convenient method to manufac-
ture soft and wet hydrogels with high mechanical
properties.
For MC-90 hydrogels prepared by heating the as-
prepared composite polymers with 75% water con-
tent, the formation of hydrogels and their properties
strongly depend on the heating conditions. More than
2 h is required at 90°C. As temperature decreases,
more time are required to form hydrogels. With the
heated temperature increasing, the swelling ratio
decreases first and then increases. However, it is
soluble in 0.1 mol/l NaOH solution. Hydrogen
bonds are the main crosslinking bonds. For MC–
90–4h, the MC hydrogels have a tensile strength of
32 kPa, which is higher than that of the conven-
tional hydrogels but lower than that of the MC
hydrogels crosslinked by covalent bonds.
The mechanical properties and swelling ratio of
MC hydrogels are influenced by the polymer water
content. When the polymer water content is lower
than 58%, the MC hydrogel cannot dissolve in
0.1 mol/l NaOH solutions. For MC hydrogels pre-
pared by heating the partly evaporated composite
polymers, as water content decreases, the tensile
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Figure 6. Stress–strain curves of MCx%–90–3h hydrogels.
(x% making on the curves is the polymer water
content for preparing hydrogels. All hydrogel
samples used for test has 90% water content.)



strength increases first and then decreases. How-
ever, the elongation always decreases as water con-
tent decreases. The tensile strength and the elonga-
tion can be adjusted according to the polymer water
content. When the composite polymer with 50%
water content is heated at 90°C for 3 h, the hydro-
gels have high tensile strength of 130 kPa and ten-
sile elongation of 503%.When the polymer water
content is 30%, the hydrogels have low swelling
ratio and weak mechanical properties similar to the
conventional hydrogels.
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1. Introduction
Proton-conducting polymer electrolytes have been
given much attention due to their possible applica-
tions in electrochemical devices such as fuel cells,
humidity and gas sensors, capacitors, and electro-
chemical displays that work from subambient to
moderately high temperatures. Direct methanol fuel
cells (DMFCs), in particular, employing polymer
electrolyte membranes are one of the most attrac-
tive power sources for a variety of applications [1].
The most commonly-used polymer for electrolyte
membranes is the perfluorinated ionomer based
polymers known by its trade name, Nafion. Nafion
developed by DuPont evoked the greatest interest
because of its combined chemical, electrochemical,

and mechanical stabilities with high proton conduc-
tivity (~0.1 S·cm–1) at ambient temperature [2].
However, this still limits the wide applications due
to its high cost, high methanol permeability
(~10–6 cm2/s) and difficulty in synthesis and pro-
cessing [3, 4]. The high methanol permeability
allows the undesired transport of methanol from the
anode side of the fuel cell, through the membrane,
to the cathode side, a phenomenon known as
methanol crossover. As a consequence, excessive
methanol permeability of any polymer electrolyte
membrane (PEM) leads to an unacceptable decrease
in cell performance [4, 5]. To address the problem
of methanol crossover, numerous membranes as
alternatives to Nafion have been developed and
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studied. These studies include Nafion-based com-
posite membranes [6], sulfonated poly (ether ether)
ketone [7], sulfonated polyimide [8], polybenzimi-
dazole [9], and sulfonated polyposphazene [10] and
sulfonated poly(vinyl alcohol) (PVA) [4, 11]. Addi-
tionally, organic/inorganic hybrid membranes have
been investigated, motivated by the potential for
inorganic particles which can provide a physical
barrier against methanol crossover while simultane-
ously improving mechanical and thermal stability
[12, 13]. Among the materials investigated, poly
(vinyl alcohol) (PVA) is on the forefront due to its
good mechanical properties, chemical stability, low
cost, film forming ability, high hydrophilic behav-
ior [14, 15]. Cussler and co-workers [16] reported
that the PVA membranes employed in pervapora-
tion process were much better methanol barriers
than Nafion membrane. However, PVA membranes
are poor proton conductors as compared with Nafion
membrane because the PVA itself does not have any
negative charged ions, such as, carboxylic and sul-
fonic acid groups. Therefore, PVA has to be modi-
fied to induce proton conductivity. Shao et al. [17]
developed a membrane for DMFC by coating Nafion
with PVA. Methanol resistance of the membrane
increased at the expense of its proton conductivity.
In addition, interfacial adhesion between the two
polymeric phases has yet to be improved. Here, we
have taken the view that the PVA membranes could
be used as a PEM in fuel cell applications if the
negative ions are held within their structure.
In this work, we report a new proton-conducting
polymer membrane with poly (vinyl alcohol) and
diamine-containing organic molecules immobilized
to PVA to analyze the proton conductivity, methanol
permeability, and physical properties. The introduc-
tion of sulfonic acid group to polymer structure was
achieved by using a sulfonated diamine monomer,
4,4!-diaminodiphenyl ether-2,2!-disulfonic acid
(ODADS). Sulfonation degree could be precisely
controlled by regulating the weight ratio between
PVA and ODADS during polymerization process. It
is well-known that the control of sulfonation degree
is very important because high sulfonation degree
generally leads to high swelling degree or even dis-
solution of the membranes in water. On the other
hand, low sulfonation degree generally results in
poor proton conductivity, and therefore it seems
that improving membrane stability and enhancing

proton conductivity are contradictory to each other.
In this paper, a sulfonated diamine monomer, 4,4!-
diaminodiphenyl ether- 2,2!-disulfonic acid
(ODADS), was synthesized, and a series of poly-
mer blends were prepared. The introduction of neg-
ative charged ion group in the PVA membrane was
achieved by the immobilization of ODADS. We
compared diamine-immobilized PVA with the ones
reported in open literature. The resultant membranes
are thus capable of possessing all the required prop-
erties of a proton exchange membrane, namely, rea-
sonable swelling, good mechanical strength, and
low methanol permeability along with the high pro-
ton conductivity due to trapped ODADS chains in
the PVA network. Physical properties, proton con-
ductivity, and water stability of these membranes
were also investigated.

2. Experimental
2.1. Materials
Poly(vinyl alcohol) (PVA, 99.5% hydrolyzed, Mw =
72 000 g/mol) was supplied from Merck Co. Ltd.,
Hohenbrunn, Germany. 4,4!-diaminodiphenyl ether
(ODA) of 98.2% purity was purchased from the
Sigma-Aldrich Chemical Co. Ltd., St. Louis, USA
and used as received. ODA was converted into 4,4!-
diaminodiphenyl ether-2,2!-disulfonic acid (ODADS)
using concentrated sulfuric acid (%95, Sigma-
Aldrich Chemical Co. Ltd., Seelze, Germany) and
fuming sulfuric acid (SO3, 60%, Sigma-Aldrich
Chemical Co. Ltd., Seelze, Germany). For the syn-
thesis of sulfonated polymers, dimethylsulfoxide
(DMSO, Merck Co. Ltd., Hohenbrunn, Germany)
was used as solvent and used as received. Methanol
was an analytical-grade solvent obtained from
Sigma-Aldrich Chemical Co. Ltd., Seelze, Germany
and the distilled water was also used in this study.

2.2. Synthesis of 4,4!-diaminodiphenyl
ether-2,2!-disulfonic acid (ODADS)

A 100 ml three-neck flask equipped with a mechan-
ical stirring device was charged 2.00 g (10.0 mmol)
of 4,4!-diaminodiphenyl ether (ODA). The flask
was cooled in an ice bath, and then 2.5 ml of con-
centrated (95–97%) sulfuric acid was slowly added
while stirring. After ODA was completely dis-
solved, 3.5 ml of fuming (SO3 60%) sulfuric acid
was slowly added to the flask. The reaction mixture
was stirred at 0°C for 2 h and then slowly heated to
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80°C and kept at this temperature for 2 h. After
cooling to room temperature, the slurry was care-
fully poured into 30 g of crushed ice. The resulting
white precipitate was filtered off and then redis-
solved in a sodium hydroxide solution. The basic
solution was filtered, and the filtrate was acidified
with concentrated hydrochloric acid. The solid was
filtered off, washed with water and methanol suc-
cessively, and dried at 80°C in vacuo. Then 3.05 g
of white product was obtained giving a yield of
85%. Figure 1 and 2 show the reaction pathways of
ODADS and FTIR spectra of ODADS.
FTIR spectroscopy was used to confirm the pres-
ence of the pendant –SO3H group on the monomer
structure. Sulfonation of ODADS is confirmed by
the presence of two sharp peaks at 1104 and
1023 cm–1, which are due to the aromatic SO3H
symmetric and asymmetric stretching vibrations,

respectively. The absorption bands at 3540 cm–1 are
attributed to the stretching vibration of the hydroxyl
–OH group shown in Figures 2b. The presence of
the benzene rings in ODA is established by the =C–H
stretching vibration at 3050 cm–1 and in the region
of 1650–1400 cm–1. There are bands recognized as
vibrations in the plane of aromatic ring !CArCAr
(1467 cm–1) and antisymmetric and symmetric defor-
mation bands of NH2 group (1517 cm–1). The C–N
streching vibrations are located at 1365 cm–1. The
doublet of !CCN bands is observed at 914, 830 cm–1,
respectively [8, 18, 19].

2.3. Membrane preparation
10 wt% PVA solution was prepared by dissolving
the preweighed amount of PVA in DMSO at 90°C
for at least 6 h. PVA solutions were mixed with the
various amounts of ODADS by the weight ratios of
the PVA (5–30%) and then the mixtures were vigor-
ously stirred at 80°C for 24 h. Then, PVA solution
was cast onto a teflon sheet. The solvent was
removed by evaporation at room temperature for
24 h and then the cast membranes were allowed to
dry at 60°C for 24 h. Finally, the dry membranes
were subjected to thermal treatment at 120°C. Mem-
brane thickness was measured with probe using
magnetic induction principle. Measurements were
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Figure 1. Synthetic pathway of 4,4!-diaminodiphenyl ether-
2,2!-disulfonic acid (ODADS)

Figure 2. FTIR spectra of ODADS monomer a) at 2000–400 cm–1 region, b) at 4000–3000 cm–1 region

Table 1. Experimental conditions and maximum proton conductivities of polymers

Samples ODADS/PVA
[weight ratio]

% 5
W.L.

Residue %
[750°C]

Tg
[°C]

Maximum proton
conductivity

[mS/cm]

Methanol
permeability
[mol/(cm·s)]

Water uptake
[%]

PVA-ODADS (T1) 5 73 3.04 71 4.24 1.27·10–11 86.39
PVA-ODADS (T2) 10 69 8.15 89 8.25 7.70·10–10 98.65
PVA-ODADS (T3) 15 93 8.45 96 15.35 3.45·10–11 83.77
PVA-ODADS (T4) 20 116 15.15 95 16.53 7.65·10–11 69.94
PVA-ODADS (T5) 30 123 17.12 93 6.90 8.70·10–11 45.18
Nafion 117 – – – – 19.78 1.76·10–9 –



carried out with a Mega-Check FN coating thick-
ness gauge (0–2000 "m), List Magnetic, Echterdin-
gen, Germany. For each sample, at least 20 mea-
surements were taken from various regions and
average membrane thickness of 120±8 µm was
obtained. The membranes were stored in deionized
water after pretreatment in order to ensure equili-
bration prior to use in conductivity measurements.
The experimental conditions used to prepare the
polymer solutions and the nomenclatures used for
each sample are shown in Table 1. Transparent,
hygroscopic and free standing films (Figure 3) were
obtained in all the samples.

2.4. Membrane characterization
To demonstrate the presence of immobilized diamine-
containing organic molecules on the PVA mem-
brane, membranes were examined by the Fourier
transform infrared (FT-IR) spectra. IR spectra were
recorded on a Bruker Alpha-P ATR spectropho-
tometer with a resolution of 4 cm–1 in the range of
400–4000 cm–1.
Thermal degradation experiments were carried out
in Shimadzu TGA-50 Thermogravimetric Analyzer.
Thermal analyses were completed on thin films
having an average mass of 15 mg. The samples
(~10 mg) were heated from room temperature to
850°C under N2 atmosphere at a heating rate of
10°C/min.

Glass transition temperatures were determined with
Mettler-Toledo DSC 822. Test samples were heated
from 25 to 250°C at a rate of 10°C min–1 under
nitrogen atmosphere in the first DSC cycle and then
cooled from 250 to 25°C at the rate of 10°C·min–1,
and finally subjected to the same procedure in the
second cycle. The measurements were made under
nitrogen gas with a flow rate of 20 cm3·min–1, up to
250°C. Tg of the sample was determined as the mid-
point temperature of the transition region in the sec-
ond heating cycle.
Methanol permeability was measured using our
homemade test cell with a volume of 4 ml [20]. The
cell was filled with 2 ml of methanol. Methanol
vapor was in equilibrium with the liquid at the bot-
tom of the cell. Methanol vapor diffused through
the membrane, which was clamped between the
mouth of glass and the cap with a hole on. The cap
had a 0.84 cm diameter opening hole through which
the methanol diffused into surronding air. The weight
loss caused by the diffusion of methanol through
membrane was recorded as a function of time and
the data were used for permeability calculations.
Molar methanol flux (J) through a PVA-ODADS
membranes was calculated using Equation (1).
Nafion 112, with known permeability, was used as
a reference. The methanol permeability of compos-
ite membranes (P) was calculated using molar flux
(J) shown in Equation (2) [14]:

                                                    (1)

                                                        (2)

where J = flux, W = weight loss [g], l = thickness
[cm], A = area [cm2], t = time [s].
Thickness of the films does not change after adding
with ODADS groups leading the cancellation of the
thickness values (l) in Equation (2). Therefore, per-
meability is directly proportional to the molar flux.
Samples dried in vacuum oven at 40°C for 48 h cut
into 2 cm2 squares and then each sample being
weighed in the dry state before swelling in water at
room temperature (20°C). Afterwards, samples
were immersed in deionized water for at least 24 h,
dabbed for removal of surface water, and then
immediately weighed. Water uptake was calculated
by the Equation (3):
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Figure 3. Homogeneous, transparent PVA-ODADS mem-
brane



                           (3)

Proton conductivities of the modified PVA mem-
branes were measured by using a four-point probe
technique. The conductivity of the membranes was
measured by BT-1005 BekkTech Scanning DC
Software. The membrane was cut into a 1 cm#$#2 cm
strip and immersed in the deionized water for 12 h
prior to the measurement. For uniform water con-
tent in the membrane, the cell along with the sample
was immersed in deionized water.

3. Results and discussion
3.1. FT-IR study
Figures 4 shows FTIR spectra of PVA and PVA mod-
ified with ODADS, respectively. From Figure 4, a
broad peak at a wavenumber ranging between 3000
and 3400 cm–1, representing the hydroxyl group of
PVA, can be observed. In addition, a small sharp
peak at 1720 cm–1 was noted. This small sharp peak
is attributed to the presence of some residual vinyl
acetate repeating units in the 99.5% hydrolyzed
PVA molecules. After performing the sulfonation,
the peaks at 1011–1045 cm–1 attributed to symmet-
ric vibration of the sulfonic group [21]. Peaks at
1218–1270 cm–1 associate with the symmetric stretch-
ing vibration of the –SO3

– group. Also C–N strech-
ing vibrations are located at 1320 and 837 cm–1.
Membranes have a peak at 1640 cm–1 due to amine
NH2 bending vibration. Intensity of the N–H bond

increased with the ODADS content of the membrane.
Additionally, the absorption band at 1640 cm–1

indicates the protonated ODADS from the free-
nitrogen (unprotonated) side. These results suggest
that the –SO3H group deprotonates by doping with
ODADS and forms –SO3

% group. Our results also
demonstrated that the proton conduction occurs by
jumping of protons from a protonated ODADS to a
non-protonated one, to sulfonic acid functional
groups of PVA-ODADS [22]. These spectroscopi-
cally specific observations prove that ODADS par-
ticipated in the PVA network.

3.2. Thermal analysis
Differantial Scanning Calorimetry measurements
were carried out by a heating-cooling-heating cycle,
so-called the H–C–H procedure. The purpose of the
first heating cycle was to remove any thermal his-
tory of the PVA composite membrane. The glass
transition temperatures (Tg) of the PVA/ODADS
membranes with various ODADS compositions (5–
30 wt%) are listed in Table 1. The glass transition
temperature of the pure PVA was reported to be
near 85°C [23]. The immobilized membranes exhib-
ited glass transition temperature (Tg) at slightly
higher values than the pure PVA. For the samples
with different ODADS contents, the glass transition
temperature (Tg) appearing around 90°C, slightly
shifted to higher temperature for higher ODADS
content. The raise in Tg was possibly caused by the
hydrogen bonding of the ODADS units which sup-
pressed the segmental mobility of the polymers.
Also as it is seen on Table 1, the existence of single
Tg for all the samples indicates the homogenity of
the membranes.
In Figure 5, the thermal degradation profiles of
PVA–ODADS membranes illustrated changing the
ODADS contents and 5 wt% weight loss and the
residual ashes at 750°C were also listed in Table 1.
Here, it is found that the weight-loss profiles are
very similar to each other but the onset tempera-
tures of thermal degradation and the residual weight
[%] at 750°C are different in all materials. PVA-
ODADS membranes exhibited three weight loss
stages at 50–140, 230– 320 and 370– 460°C fol-
lowed by the final decomposition of the polymer
that began around 460°C. As seen in Figure 5, for
the PVA–ODADS membranes the first weight loss
region (occurring between temperatures of T = 50–

W 3, 4 5 Wwet 2 Wdry

Wdry
? 100W 3, 4 5 Wwet 2 Wdry

Wdry
? 100
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Figure 4. FT-IR spectra of a) PVA monomer, b) PVA-
ODADS-5% (T1), c) PVA-ODADS-10% (T2),
d) PVA-ODADS-15% (T3), e) PVA-ODADS-
20% (T4), and f) PVA-ODADS-30% (T5) series
polymers



140°C) corresponds to the loss of water in mem-
branes. The second weight loss region (occurring
between temperatures of T = 230–320°C) corre-
sponds to the loss of sulfonic acid due to the desul-
fonation of sulfosuccinic acid. In the third weight
loss region (at temperatures >#370°C) the polymer
residues were further degraded at T = 370°C, which
corresponds to the decomposition of the main chains
of the PVA. The temperature corresponding to a
5 wt% weight loss in the course of thermoxidative
degradation increased with increasing content of
ODADS. It was possible to state that ODADS addi-
tion increased thermal stability of the structure
about 50°C upwards. Additionally, as shown in Fig-
ure 5, an increase of the ODADS content leads to
an increase of the residual char remaining at the
final temperature (750°C). This indicates that the
immobilization of PVA by ODADS is partially attrib-
uted to the improvement of the thermal stability of
the PVA-ODADS membranes and, also in this study,
we found that these types of membranes are stable
up to 220°C without loosing their mechanical
strength and functional properties. TGA results did
not provide enough information about the microstruc-
ture of final membranes. However, we can expect
that the relative difference of weight loss observed
in Figure 5 may be due to uniform immobilization
of ODADS.

3.3. Methanol permeability
Methanol crossover is still an unresolved problem
in direct methanol fuel cells, especially for portable
applications where the current densities are already
relatively low. Fuel crossover at high methanol con-
centrations from anode side to the cathode side

causes polarization losses. In this study, methanol
permeability of the composite membranes was
measured by simple homemade test cell similar to
the study of Gasa et al. [24]. The cell is filled with
2 ml methanol and the mass flow is recorded as a
function of time (Figure 6). Figure 6 shows the
mass flow of methanol permeated through mem-
branes in the cell, as a function of time. Here, the
methanol permeation increased linearly with time.
In addition to their attractive proton conductivity
values, PVA-ODADS membranes also featured
attractive methanol barrier properties. Table 1 showed
methanol permeability values of blend membranes.
For a comparison, methanol permeability of Nafion
117 was measured under the same experimental
conditions, yielding a value of 1.76·10–9 mol/(cm s).
The methanol permeation value of blend mem-
branes was appreciably small compared to that of
Nafion 117. For PVA-ODADS membranes, the
methanol permeability increased with ODADS con-
tent, due to an increased number of hydrophilic sul-
fonic acid groups attached to ODADS. Thus,
ODADS content plays a key role in methanol per-
meability, indicating that the ODADS moieties may
interfere with methanol permeation in some man-
ner, while facilitating proton transport through the
sulfonic acid groups.

3.4. Water uptake (WU)
Figure 7 presents the WU of the PVA-ODADS mem-
branes plotted as a function of ODADS content in
the polymer blend, respectively. Water uptake val-
ues of the membranes modified with ODADS are
relatively high. This is probably due to the immobi-
lization of ODADS in PVA might lead to more rigid
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Figure 5. TG thermograms of PVA-ODADS membranes at
a heating rate of 10°C/min in inert atmosphere

Figure 6. Mass flow of methanol through PVA-ODADS
membranes



and compact polymer structure and resulted in a
decrease in the free volume capable of containing
water molecules. Also, some water-absorption sites
of PVA-ODADS membrane were blocked with 
–SO3H groups. The blocking effect could also be
attributed to the presence of SO3H/PVA interaction,
which reduces the swelling ability of PVA in water.

3.5. Conductivity
The proton conductivity measurements of the mem-
brane were carried out at a 100% RH as a function
of ODADS content by using a four-point probe
technique and the results are shown in Figure 8. The
proton conductivities of the membranes measured
at T = 30°C were in the range 10–3 to 10–2 S/cm. The
conductivity of Nafion 117 measured with our test
system is also included for comparison purposes.
The membranes made of PVA-ODADS exhibited
proton conductivities 4.24 and 16.53 mS/cm. The
proton conductivity of blend membranes increased
with the increase of ODADS content. The conductiv-
ities initially increased with the amount of ODADS,

up to the maximum value of 16.53 mS/cm. After
that, the proton conductivity of the PVA membranes
decreased again as the amount of ODADS used was
above 20%. The maximum poton conductivity value
herein is comparable to that of the Nafion 117 mem-
brane measured in this study (19.78 mS/cm). The
initial increase in proton conductivity of the mem-
brane can be ascribed to the greater content of sul-
fonic acid groups in the modified PVA molecules,
which is responsible for conducting protons. How-
ever, the proton conductivity of a membrane is not
only dependent on the degree of sulfonation of the
polymer, it also changes with water uptake of the
membrane. For example, it was reported [25] that
the proton conductivity of the Nafion membrane
decreased remarkably when the membrane was
operated at a temperature above the boiling point of
the water. This is because water molecules serve as
the ‘vehicles’ for the transportation of the protons
from anode to cathode [26]. In this study, the water
uptake values of the sulfonated PVA membranes
decreased with the amount of sulfonic acid added
(Table 1) and so a decrease in proton conductivity
with the amount of ODADS could be expected.
Therefore, there should be an optimum value of the
amount of ODADS used, in which the effect of the
degree of sulfonation and the effect of water uptake
on proton conductivities of the sulfonated PVA
membranes are compromised. In this study, the opti-
mum value of the amount of the ODADS is found
to be 20% by weight. Beyond this value, the water
uptake became the predominating factor affecting
the proton conductivities of the membrane in nega-
tive manner.
Even though the proton conductivity value of the
blend membranes was lower than that of Nafion.
PVA-ODADS membranes showed quite low values
of methanol permeability, it showed the high impact
in the application of DMFC.
In general, proton conductive mechanism through
these membranes is well known to occur by two
routes [26, 27]. The first route is hopping mecha-
nism, also known as the Grotthuss model, wherein a
proton is passed down a chain of water molecules.
The protons are transferred from one vehicle to the
other by hydrogen bonds (proton hopping). The
second route is a vehicle mechanism, wherein a
proton combines with solvent molecules, producing
a complex like H3O+ or CH3OH2

+. This complex
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Figure 7. Water uptake versus ODADS content of the
PVA/ODADS membrane

Figure 8. Proton conductivity as a function of ODADS con-
tent at 30°C



then diffuses intact. These two principal mecha-
nisms essentially reflect the difference in nature of
the hydrogen bond formed between the protonated
species and their environment. In membranes which
support strong hydrogen bonding, the Grotthuss
mechanism is preferred; the vehicle mechanism is
characteristic of species with weaker bonding [26].
The proton conductivity occurs by transport of
larger complexes such as H3O+, H5O2

+, H7O3
+ or

CH3OH2+ or some similar methanol containing
complex [27]. In addition, the protons of these com-
plexes are transferred from one vehicle to another.
Therefore, the proton conductive mechanism was
occurring by two simultaneous routes. 
Previously Seeponkai and Wootthikanokkhan [28]
prepared sulfonated PVA by reacting the PVA with
sulfoacetic acid and poly (acrylic acid). This PVA
membrane exhibited a maximum proton conductiv-
ity of 6.35 mS/cm at 15% sulfoacetic acid content
under hydrous condition. Kim et al. [29] prepared
PVA/PAA/sulfosuccinic acid/silica hybrid mem-
branes and reported that the maximum conductivity
reached was approximately 8.0 mS/cm for PVA/
PAA/SSA at 25°C. In this study, maximum proton
conductivity of 16.53 mS/cm at 30°C was obtained
for PVA-ODADS (T4) which is relatively better
than PVA based polymers synthesized in the litera-
ture.

4. Conclusions
In the present work, a new proton-conducting poly-
mer membrane with poly(vinyl alcohol) and diamine-
containing sulfonic acid group immobilized to PVA
was prepared and also evaluated as a potential poly-
mer electrolyte membrane in direct methanol fuel
cell applications. Especially, 4,4!-diaminodiphenyl
ether-2,2!-disulfonic acid was effectively intro-
duced as an immobilization agent and a donor of
negative charged ion (–SO3H) in the preparation of
the PVA-ODADS membranes. Thermal stabilities
of membranes were characterized by TGA and found
that PVA-ODADS membranes were thermally sta-
ble up to 220°C. From differential scanning calorime-
try Tg of the PVA membrane materials were found
to have increased with the increasing of ODADS
content. The proton conductivity of these materials
increased with ODADS content. The PVA-ODADS
materials exhibited maximum proton conductivity
of 16.53 mS/cm at 30°C. Compared to the other

membranes, the PVA-ODADS containing 20% of
ODADS showed high proton conductivity. The
membranes made from PVA-ODADS also appeared
to be good candidates for direct methanol fuel cells
because of their low methanol permeability. The
methanol permeability of values of membranes
were much lower than that of the Nafion mem-
brane.
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