
Substantial amounts of composite end-of-life and
manufacturing waste are still being landfilled or
incinerated. Most of them are made of long or end-
less glass or carbon fibres and cross-linked ther-
mosetting resin matrices, which are not easily recy-
cled and remoulded. Recent changes to waste man-
agement legislation are however powerful drivers
to identify more environmental friendly and eco-
nomically viable recycling routes for such ther-
moset composites.
Many attempts have been made over the past twenty
years to develop recycling processes (mechanical
grinding, different variants of pyrolysis, cement kiln
route, solvolysis …) and seek ways of cost-effec-
tively using recycled material (glass or carbon fibres,
resin chemicals) in various applications (moulding
compounds for automotive and sanitary ware, con-
crete and rubber compounds for the construction
industry, ceramic composites for friction applica-
tions).
In spite of the huge research efforts, the industrial
achievements are globally disappointing up to now
as far as closed-loop recycling of structural com-
posites (i.e. high performance unidirectional or tex-
tile composites) is concerned. Indeed, one should
keep in mind that the glass or carbon fiber reinforce-
ment has potentially the most recoverable value in a
structural composite, and that fiber length and fiber
alignment are key features in composites design.
That means that mechanical grinding, which dra-
matically reduces the fiber aspect ratio and cannot

preserve continuous fibers, and further re-use as
random compounds are obviously inappropriate in
the case of structural composites.
Textile technology may bring a solution to over-
come this problem. Patented textile technologies
already allow manufacturing from dry fibre waste
(selvedges, offcuts …) high added-value aligned
fibre products such as veils, tapes or continuous
yarns which could be re-used to form fabrics. How-
ever, glass or carbon fibres recovered by pyrolysis
or solvolysis are more challenging to process that
way because contrary to dry fibres (i) they do not
retain the sizing applied to the virgin fibres at man-
ufacture and would require further surface treat-
ment; (ii) they are not fully ‘clean’, polluting
residues or small resin pieces being possibly still
attached to their surface; (iii) their mechanical
properties (strength, modulus) may be significantly
reduced in some cases (e.g. if recovered by pyroly-
sis). Current research programmes address these
issues. If successful, then a closed-loop recycling
route for such high-performance composites will
emerge.
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1. Introduction
In the last decades, much attention has been focused
on thermoresponsive drug delivery systems [1–3].
Indeed, temperature variations trigger changes of
the polymer configuration, leading to the modula-
tion of the release rate of incorporated drugs.
Poly(N-isopropylacrylamide) (poly(NIPAAm)) is
the most relevant thermoresponsive polymer for
biomedical applications, because it possesses a sharp
phase transition or a  lower critical solution temper-
ature (LCST) around 32ºC in aqueous solutions [4,

5]. Below the LCST, the polymer is in the hydrated
state and therefore it is soluble. Above the LCST,
the polymer is dehydrated, becomes hydrophobic,
and precipitates. Accordingly, the cross-linked
hydrogels obtained from this polymer swell under
the critical temperature and collapse above it. The
critical temperature of the hydrogel is called vol-
ume phase transition temperature (VPTT) and it is
often confused with the LCST [6, 7]. For determin-
ing the LCST of linear thermoresponsive polymer,
the cloud point (CP) method is used to determine
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the CP value [8], and the differential scanning
calorimetry analysis applies to obtain the endother-
mic transition peak [9].
Usually, the concentration of the polymer solution
used for the determination of the LCST value by
calorimetric and absorbance studies is low (0.5–
1%, w/v) [10, 11]. The LCST value determined at
low concentration is then taken as the VPTT of the
hydrogel, although the physical and chemical cross-
linked hydrogels used in biomedical applications
are prepared starting from high concentrated poly-
mer solutions (5–10%, w/v) [11, 12]. Moreover,
cross-linked hydrogels in the swollen state could be
considered as a concentrated polymer solution
related to the amount of water retained by the
hydrogel.
The VPTT values of thermoresponsive hydrogels
are generally determined by the equilibrium swelling
ratio method [13, 14]. Hydrogels (most in the form
of discs or slabs) are weighed and allowed to reach
their equilibrium swelling state at different temper-
atures. Then, the hydrogels are taken out from the
solvent and the excess of solvent present on their
surface is removed by blotting with filter paper.
However, this method, that allows to determine the
water retained at different temperatures, is unreli-
able since the gel is taken out at room temperature
and tapped for a random time with a filter paper or
laboratory tissue [15, 16]. Moreover, in the case of
microspheres, this method gives wrong results,
since it is not possible to discriminate between the
water that is present in the microspheres and the
water present between the microspheres.
On the basis of these considerations, the main pur-
pose of this paper is to evaluate the correspondence
between the LCST values of the polymer solutions
at different concentrations and the VPTT values of
the corresponding hydrogels. Firstly, we synthe-
sized the poly(N-isopropylacrylamide-co-N-hydrox-
ymethyl acrylamide) (poly(NIPAAm-co-HMAAm))
copolymer with a LCST value (under physiological
conditions) closely similar to the body temperature.
Secondly, we studied the influence of the solution
concentration on the LCST value by DSC and CP
methods. Thirdly, the linear thermoresponsive poly-
mer was transformed in cross-linked hydrogel
microspheres, and the VPTT was determined by the
blue dextran method and compared with the LCST

value. Finally, the release of diclofenac, a drug
model system, at temperatures situated slightly
below and above the VPTT was investigated.

2. Materials and methods
2.1. Materials
N-isopropylacrylamide (NIPAAm) (from Sigma-
Aldrich Chemical Co., Milwaukee, WI, USA) was
re-crystallized with hexane. The N-hydroxymethy-
lacrylamide (HMAAm) aqueous solution (48 wt%),
the glutaraldehyde (GA) aqueous solution (25%,
w/v), 1,4-dioxane, and N,N’-azobisisobutyronitrile
(AIBN) were supplied from Fluka AG (Buchs,
Switzerland). 1,4-Dioxane was purified by reflux-
ing and AIBN was purified in methanol. Light min-
eral oil (d = 0.84 g·ml–1) and diclofenac (Na form)
were purchased from Sigma-Aldrich Chemical Co.
(St Louis, MO, USA). Blue dextran (BD) was pro-
vided from Pharmacia (Uppsala, Sweden). All the
other chemicals were from Fluka AG (Buchs,
Switzerland). All chemicals were of the highest
analytical grade.

2.2  Synthesis of poly(NIPAAm-co-HMAAm)
Synthesis of linear poly(NIPAAm-co-HMAAm))
was carried out by free radical copolymerization in
1,4-dioxane with AIBN as the initiator. Typically,
1.13 g of NIPAAm (10 mmol), 0.4 ml of HMAAm
(2 mmol) and 0.010 g AIBN were solubilized in
12 ml of 1,4-dioxane. Dried nitrogen was bubbled
through the solution for 30 min. prior to polymer-
ization. The reaction mixture was allowed to react
at 70°C for 16 hours. The polymer was precipitated
into diethyl ether, and dried under vacuum. Finally,
the copolymer was solubilized in distilled water,
dialyzed for 7 days at 22°C (molecular weight cut
off 10 000–12,000 Da; from Medi Cell Interna-
tional, England), and recovered by freeze-drying.

2.3. Copolymer composition
The copolymer composition was determined by
1H NMR analysis. 1H NMR spectra of poly
(NIPAAm-co-HMAAm) were recorded in D2O on a
Varian Mercury Plus 400/Varian VXR 200 spec-
trometer operating at the frequency of 400 MHz.
The molar fraction of HMAAm in poly(NIPAAm-
co-HMAAm) was calculated according to Equa-
tion (1):
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3!HMAAm = (3!HMAAm + 3!NIPAAm + 
+ 6!NIPAAm) " Y · 9!NIPAAm          (1)

where Y is the molar fraction of NIPAAm calcu-
lated as the area of the methynic proton at
3.91 ppm, and (3!MAAm + 3!NIPAAm + 6!NIPAAm)
is the total area of the peaks between 0.5 and
2.5 ppm, corresponding to the main backbone pro-
tons (3!HMAAm + 3!NIPAAm) and the NIPAAm
methylenic protons (6!NIPAAm).

2.4. Determination of the molecular weight of
poly(NIPAAm-co-NHMAAm)

The number-average (Mn) and weight-average (Mw)
molecular weight of poly(NIPAAm-co-HMAAm)
were determined by GPC using an instrument GPC-
PL-EMD 950 from Polymer Laboratories (Shrop-
shire, UK) (in dimethylformamide at 120°C, the flow
rate was 0.7 ml/min). Calibration was carried out
with monodisperse polystyrene standards.

2.5. LCST determination
LCST was determined from the absorbance at
450 nm measured against temperature using an
UV-Vis spectrophotometer coupled with a tempera-
ture controller. The polymer solution was prepared
in standard phosphate buffer (pH = 7.4, 50 mM
Na2HPO4 and NaOH) (PB). The heating rate was
0.2°C every 10 minutes. CP was defined as the tem-
perature corresponding to the absorbance value of
0.5 of the curve of the absorbance versus tempera-
ture. The onset temperature was defined as the tem-
perature at which the first signs of turbidity
occurred.
Microcalorimetric analyses were performed in PB
with a DSC III microcalorimeter (Setaram, Caluire,
France) at a heating rate of 0.5°C/min, under nitro-
gen. The transition temperature was defined as the
temperature corresponding to the peak of the ther-
mogram. The onset temperature was determined
from crossing of the baseline with the leading edge
of the endotherm.

2.6. Microsphere preparation
Typically, 1 g copolymer was solubilized in 10 ml
distilled water, at 22°C. Then, 0.4 ml of 0.5 M
H2SO4 and 0.5 ml of 25% GA (w/v) were added just
before dispersion of the aqueous copolymer solu-
tion in the dispersion phase. The continuous phase

consists in 100 ml light mineral oil containing 0.5 g
soybean lecitin, as the dispersing agent. The mix-
ture was stirred at 350 rpm by a three-blade turbine
impeller. The reaction temperature was fixed below
the LCST of the polymer solution (34°C); the reac-
tion time was 24 hours. Finally, cross-linked micros-
pheres were washed successively with diethyl ether,
methanol, water, methanol, and dried diethyl ether.

2.7. Morphological and dimensional analysis
of the microspheres

The morphology of the microspheres was evaluated
by scanning electron microscopy (SEM) (ESEM,
type Quanta 200, Netherlands) and by optical
microscopy using an inverted microscope (Nikon
Diaphot, Tokyo, Japan) equipped with a digital
camera. The mean diameter of the microspheres
was determined on digital photomicrographs, con-
sidering at least 100 microspheres for each sample.
The analysis was performed by the computerized
size analysis system NIH image.

2.8. Volume phase transition temperature
The volume phase transition temperature (VPTT)
corresponded to the inflexion point of the curve of
PB retention as a function of temperature. The PB
retention values at different temperatures were
determined by the BD approach based on the solute
exclusion technique at equilibrium [17]. In a closed
vial, 200 mg of dried microspheres were soaked in
10 ml of PB containing BD (2 mg/ml). After reach-
ing equilibrium (24 hours), 0.5 ml of the solution
were picked up and the BD content was assayed by
UV-Vis spectrophotometry, at 618 nm. The PB
retention (PBR) values were determined according
to Equation (2):

                 (2)

where Vi is the initial volume of the BD solution
[ml], Ci is the initial concentration of BD [mg/ml],
and Ce is the BD concentration at equilibrium, in
the presence of microspheres [mg/ml].

2.9. Drug loading
Drug-loaded microspheres were prepared by soak-
ing 100 mg dried microspheres in 4 ml of ethanol
containing diclofenac (2.5 mg/ml). After the com-
plete evaporation of the solvent at 22±2°C, the

PBR 3ml ? g21 4 5 Vi1Ce 2 Ci 2 ? 5
Ce

PBR 3ml ? g21 4 5 Vi1Ce 2 Ci 2 ? 5
Ce
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microspheres were washed with 10 ml of diethyl
ether and dried under vacuum at room temperature.
The amount of the retained drug, per mg of dried
microspheres, was determined by solubilization of
the entrapped drug in ethanol. The amount of the
drug in the filtrate was determined after micros-
phere isolation by UV-Vis spectroscopy, using a
previously made calibration curve.

2.10. In vitro drug release kinetics
In vitro drug release kinetic studies were performed
(under thermal cycling operation), at different tem-
peratures, by soaking an appropriate amount of
loaded microspheres in 50 ml of PB solution under
gentle stirring. At regular time intervals, aliquots of
the released medium were withdrawn and the drug
content was determined spectrophotometrically.
The same volume of the released medium was added
to replace the volume of the extracted samples.

3. Results and discussion
3.1. Preparation and characterization of the

thermoresponsive copolymer
The biomedical applications of thermoresponsive
polymers are achievable when the polymers possess
a phase transition corresponding approximately to
the human body temperature. Moreover, the ther-

mal transition should be sharp when very small
variations of temperature occur below and above
the LCST. As it is well known, poly(NIPAAm)
exhibits a LCST value at 32ºC in aqueous solution
[4, 5]. Under pseudo-physiological conditions (PB
at pH 7.4) the LCST decreases to lower tempera-
tures [12]. In order to increase the LCST towards
body temperature, NIPAAm is usually copolymer-
ized with hydrophilic monomers [18, 19]. Here,
HMAAm was selected to be copolymerized with
NIPAAm. Note that the presence of HMAAm in the
copolymer does not affect the acrylamide sequence
of NIPAAM, which is responsible for thermorespon-
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Table 1. Effect of the co-monomer ratio in the feed and in
the copolymer on the LCST determined by the CP
method under pseudo-physiological conditions
(PB at pH 7.4). The concentration of the copoly-
mer was 10%, w/v

Data are the results of three independent experiments.
an.d. = not determined
bMn = 21 200, Mw = 76 400, IP = 3.60, IP = index of polydisper-
sity

Sample

Co-monomer composition
LCST
[°C]

In PB

In the feed · 10–3 M
[% molar ratio]

In the co-polymer
[% molar ratio]

NIPAAm HMAAm NIPAAm HMAAm
TP0 10 0.0 100 0.0 28.8±0.1
TP1 10 1.0 n.d.a n.d. 32.1±0.2
TP2 10 (86.96) 1.5 (13.04) 86.18 13.82 34.5±0.2
TP3

b 10 (83.34) 2.0 (16.66) 82.87 17.13 36.8±0.2

Figure 1. 1H NMR spectrum of poly(NIPAAm-co-HMAAm) (sample TP3 in Table 1)



sibility. In addition, HMAAm possesses hydroxyl
groups which undergo easily to cross-linking.
As reported in Table 1 and proven by 1H NMR
spectra (Figure 1), the copolymer formation and the
percentage of the co-monomers in the copolymer
correspond approximately to those observed in the
feed. It should be noted that increasing the HMAAm
content of the copolymer, the LCST value increases,
however it shows a sharp phase transition. The
copolymer containing an initial 10/2 NIPAAm/
HMAAm co-monomer molar ratio (sample TP3)
possesses a LCST value of 36.8°C corresponding to
the human body temperature.

3.2. Influence of the polymer concentration on
LCST

Generally, the LCST value of the hydrogels is
determined by the CP method at low polymer con-
centration (0.5–1%) [10, 11], this value is then
assumed to correspond to that of the hydrogels.
However, the chemically cross-linked hydrogels are
prepared from highly concentrated polymer solu-
tion (5–10%) [11, 12]. Moreover, hydrogels could
be considered as concentrated polymer solutions
whose concentration could correspond approxi-
mately to the amount of the retained water. There-
fore, from both the theoretical and practical view-
points, the influence of the concentration of the
polymer solution on the LCST value under pseudo-
physiological conditions must be determined. As
shown in Table 2, the LCST value of linear poly
(NIPAAm-co-HMAAm) determined by CP meas-
urements decreases as the concentration of the
polymer increases.
However, in a highly concentrated solution, the
solution opalescence is more accentuated than in a
diluted solution. Since this discrepancy could affect

the exact determination of LCST, we considered
also the onset points which correspond to the first
opaqueness that appeared in the solution (Table 3).
In addition, the influence of polymer concentration
on LCST was determined by the DSC technique
(Figure 2).
The onset temperature determined by the CP method
decreases on increasing the polymer concentration.
In contrast, the LCST values and the onset points
determined by the calorimetric method seem to be
unaffected by the polymer concentration (see
Tables 2 and 3). In fact, the calorimetric technique
gives information on the heat released from the
cleavage of hydrogen bonds between the water sol-
vent and the polymer [20]. Therefore, it is expected
that dehydration occurs at the same temperatures
regardless of the polymer concentration, while the
CP method detects the clouding of the solution due
to the hydrophobic interactions between the poly-
mer chains [21]. Obviously, hydrophobic interac-
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Table 2. Effect of the polymer concentration on the LCST
as determined by the CP methoda

aData are the results of three independent experiments, standard
deviation ±0.15ºC

bn.d., not determined
cData between brackets were determined by the calorimetric
method

Sample
LCST [ºC] at different copolymer concentration

[%, w/v]
0.25 0.5 1 3 5 10

TP0 30.8 30.6 30.3 29.5 29.1 28.8
TP2 36.8 36.5 36.1 35.4 35.1 34.5

TP3
39.4

(n.d.)b
38.6

(40.3)c
38.1

(40.25)
37.7

(39.9)
37.3
(n.d.)

36.8
(39.66)

Table 3. Effect of the polymer concentration on the onset
temperature as determined by the CP methoda

aData are the results of three independent experiments, standard
deviation ±0.15ºC

bn.d., not determined
cData between brackets were determined by the calorimetric
method

Sample
Onset temperature [ºC] at different copolymer

concentration [%, w/v]
0.25 0.5 1 3 5 10

TP0 30.7 30.3 29.9 29.3 28.9 28.6
TP2 36.3 36.1 35.6 35.1 34.7 33.9

TP3
38.0

(n.d.)b
37.8

(35.75)c
37.6

(36.3)
37.2

(35.8)
36.8
(n.d.)

36.5
(35.94)

Figure 2. DSC thermograms of the poly(NIPAAm-co-
HMAAm) solution (sample TP3 in Table 1) in
phosphate buffer at pH 7.4 at different concentra-
tions. The scanning rate was 0.5ºC·min–1



tions are faster in a highly concentrated solution,
and therefore the phase transition appears to be
sharper at high polymer concentration (Figure 3a, b).
In conclusion, the CP method is a more reliable
technique since highlights the dehydration and the
hydrophobic interactions of the polymer chains,
giving information at the macroscopic level.

3.3. Preparation and characterization of
thermoresponsive microspheres

Spherical poly(NIPAAm-co-HMAAm) microparti-
cles with a mean diameter of 102 #m (Figure 4a)
were prepared from preformed polymers (TP3) by
cross-linking the –OH groups of HMAAm with
GA, under acidic conditions [22].
Microspheres were prepared at a temperature as
high as possible, but lower than the LCST. Prelimi-
narily, the value of the LCST of the polymer solu-
tion (= 38.5º) was determined by CP method under
the same preparation conditions (i.e. in the presence
of H2SO4 and GA). After cross-linking at a temper-
ature below the LCST (= 34ºC), the microspheres
still retain the thermoresponsive properties of the
linear copolymer (Figure 4 b, c).
However, the most important question rising here
concerns the coincidence of the VPTT value of the
microspheres with the LCST value of the linear
polymer. The VPTT of the hydrogel was deter-
mined by measuring the amount of PB retention at
different temperatures. The PB retention of the
microspheres was determined by an accurate method
based on solute exclusion at equilibrium [17]. This
method is based on measuring the increase of the
BD concentration in supernatant, which occurs

when dried microspheres are added to a solution of
BD. Therefore, the temperature dependence of the
PB retention was monitored (Figure 5). A decrease
of the PB retention was observed even at tempera-
tures lower than those of the onset points. This
behavior is somewhat unexpected since no influ-
ence of temperature on the dehydration process was
previously reported for the linear polymer under
peak onset values when determined by calorimetric
studies (Figure 2).
Nevertheless, the decrease of the PB retention pro-
file is discontinuous around 36.5ºC, corresponding
to the VPTT of the hydrogel microspheres. This value
is closely similar to the LCST value of the linear
polymer at the polymer concentration of 10% (w/v)
as determined by the CP method (sample TP3 in
Table 2). Note that the volume of PB retained by the
hydrogel microspheres at 22ºC is 11.2 ml/g, and cor-
responds approximately to the concentration of the
polymer solution that displays the LCST value of
36.8ºC. In conclusion, the VPTT of the hydrogel is
in agreement with the LCST value of the polymer
solution at the concentration corresponding to the
amount of PB retained by the hydrogel.
Conflicting data are reported in the literature con-
cerning the relationships between the phase transi-
tion of the linear polymers and the hydrogels. Some
authors report that both the transition temperature
and the heat of collapse of the poly(NIPAAm) gel
show similar values to those of the poly(NIPAAm)
solutions [23]. Other authors report that the transi-
tion temperature of poly(NIPAAm) gels is slightly
higher (1–2ºC) than that of the linear polymer solu-
tions [24, 25]. This difference in the transition tem-
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Figure 3. LCST profile of poly(NIPAAm-co-HMAAm) (sample TP2, Panel a; sample TP3, Panel b) dissolved in PB
(pH 7.4), at different polymer concentrations (0.25%, open circles; 0.5% filled circles; 1%, open triangles; 3%,
filled triangles; 5%, open diamonds, and 10%, filled diamonds)



perature could be explained by the reduced ‘mobil-
ity’ of the polymer chains in a cross-linked network.
We agree with the last interpretation; however,
when the cross-linking degree is enough low, its
influence is negligible.

3.4. Drug loading and release studies
The release of drugs by thermal cycling was per-
formed for most of thermoresponsive hydrogels at
temperatures far below and above the LCST of the
linear polymer (i.e., 25 and 40ºC) [26, 27]. The rea-
son is to be sure that these temperatures are also sit-
uated below and above the VPTT of the hydrogel,
which in fact, is not known. However, biomedical
applications of the hydrogels are only possible when
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Figure 4. Scanning electron micrographs of poly(NIPAAm-co-HMAAm) microspheres (Panel a). Optical photomicro-
graphs of thermoresponsive microspheres taken in the swollen state in water below the VPTT value at 35ºC
(Panel b) and above the VPTT value at 38ºC (Panel c). The bar corresponds to 200 #m in Panel a, and 500 #m in
Panels b and c.

Figure 5. Effect of temperature on the PB retention by
cross-linked thermoresponsive microspheres
under physiological conditions. All values are the
mean of three independent measurements ± SD.



the volume changes take place at temperatures
slightly higher and lower than the VPTT. On the
basis of these considerations, we studied the release
of diclofenac from thermoresponsive microspheres
at 35 and 38ºC, i.e. at temperatures closely near the
VPTT (= 36.5°C) (Figure 6).
Previously, diclofenac, used as low molecular weight
model drug, was loaded in thermoresponsive micros-
pheres by the solvent evaporation method. This
process was performed in ethanol since diclofenac
displays a good solubility in this solvent and the
thermoresponsive microspheres possess a high
swelling degree in ethanol (swollen volume/dried
volume = 17.9). Following this procedure, a high
encapsulation efficiency (95.4±3%) was obtained,
in fact almost the entire amount of the drug from
solution is forced to diffuse into the microspheres
during ethanol evaporation. The entrapped drug is
molecularly dispersed in the network of the micros-
pheres as proved by the absence of any fusion peak
of the drug crystals in the DSC thermogram of
loaded microspheres (data not shown). The release
rate of diclofenac is mainly determined by diffusion
of the drug through the pores of the microsphere
matrix. Below the VPTT value (i.e., at 35ºC), the
hydrogel microspheres are in the swollen state and
no steric interaction between the drug and the micros-
phere matrix takes place; therefore, the release rate
of the drug is high. On the contrary, when the tem-
perature is raised above the VPTT (i.e., at 38ºC), the
microsphere matrix is in a collapsed state and the
diffusion of the drug is impaired. Moreover, addi-

tional hydrophobic interactions between the drug
and the polymer network occur; accordingly, the
release rate is dramatically reduced. Finally, a pul-
sating drug release was achieved under thermal
cycling between 35 and 38ºC.
Notably, a fraction of the drug is expelled during
the shrinkage of the microsphere matrix, when the
temperature increases above the VPTT. This sug-
gests the presence of the dissolved drug in the
swollen hydrogel. Such drug fraction is mechani-
cally squeezed out from the system when the hydro-
gel network collapsed.

4. Conclusions
Poly(NIPAAm-co-HMAAm)) was synthesized
both as a thermoresponsive linear polymer and as
cross-linked hydrogel microspheres. The LCST
value, determined by the CP method, strongly
depends to the polymer solution concentration. On
the contrary, the LCST value determined by the
calorimetric method is unaffected by the polymer
concentration. The CP method was found to be a
more reliable technique to characterize a hydrogel
because takes in consideration both the dehydration
and hydrophobic interactions of polymer chains,
giving information at macroscopic level. The VPTT
value of the hydrogel agrees with the LCST value
of the polymer solution at the concentration corre-
sponding to that of PB retained by the hydrogel.
The pulsating release of diclofenac under thermal
cycling operation at temperatures slightly below
and above the VPTT, here determined, confirmed
that the phase transition temperature of the hydro-
gel is well determined.
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Figure 6. Effect of temperature cycling (35°C ($) and
38°C (%)) on diclofenac release from poly
(NIPAAm-co-HMAAm) microspheres in phos-
phate buffer at pH 7.4

AIBN N,N’-azobisisobutyronitrile
BD blue dextran
CP cloud point
GA glutaraldehyde
HMAAm N-hydroxymethylacrylamide
LCST lower critical solution temperature
NIPAAm N-isopropylacrylamide
PB phosphate buffer
poly(NIPAAm) poly(N-isopropylacrylamide)
poly(NIPAAm-co-
HMAAm

poly(N-isopropylacrylamide-co-N-
hydroxymethyl acrylamide)

SEM scanning electron microscopy
VPTT volume phase transition temperature
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1. Introduction
Poly(lactic acid) (PLA) is a commercially available
compostable biobased material that could become a
material of choice, due to its high strength and mod-
erate barrier properties. It is a highly transparent
and rigid material with a relatively low crystalliza-
tion rate that makes it a promising candidate for the
fabrication of biaxially oriented films, thermo-
formed containers and stretch-blown bottles [1, 2].
Unfortunately the range of application of PLA is
severely limited because of low glass transition
temperature (around 55–60°C) thus research was
focused on the study of PLA crystallization kinetics
[3]. At temperature higher than glass transition only
the PLA crystalline phase can confer useful mechan-
ical properties. Increasing the crystallization speed
of PLA is thus desired [4].
Lactic acid is optically active and thus it has a L or
D form. The maximum attainable crystallinity level
is obtained by minimizing the amount of the other
lactide and mesolactide in the lactide used as the
major monomer. The crystallinity and crystalliza-
tion rate of PLA decrease as the purity decreases.

The crystallization half-time was found to increase
by roughly 40% for every 1 wt% increase in the
mesolactide content of the polymerization mixture
[5]. However even at high L-LA content PLA crys-
tallization is typically too slow to develop signifi-
cant crystallinity unless it is induced by strain such
as in processes used to produce bottles. In processes
such as injection molding where the orientation is
limited and the cooling rate is high it is much more
difficult to develop significant crystallinity and thus
formulation or process changes are required.
Researchers have studied the crystallization behav-
iour [6–9] of PLA; especially the crystallization
kinetics [5, 10, 11]; the isothermal melting mecha-
nism [12]; the effects of undercooling and the
molecular weight on its morphology and crystal
growth [13]; the effects of annealing on the thermal
properties, morphology, and mechanical properties
of PLA films [14]; and the effects of thermal treat-
ment on compression-molded PLA at different
molecular weights [15]. In order to increase crys-
tallinity three main routes can be considered. The
first one is to add a nucleating agent that will lower
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the surface free energy barrier towards nucleation
and thus initiates crystallization at higher tempera-
ture upon cooling. A second possibility is to add a
plasticizer which will increase the polymer chain
mobility and will enhance the crystallization rate by
reducing the energy required during crystallization
for the chain folding process. The third possibility
is to play with the molding conditions, in particular
molding temperature and cooling time.
Several potential nucleating agents have been
examined in the literature [3]. Talc is a widely used
nucleating agent. It was shown that talc nucleates
the crystallization of polymers through an epitaxial
mechanism [16]. In the case of PLA, it is shown
that the crystallization half-time can be reduced by
more than one order of magnitude to less than 1 min
when 1% talc is added [17]. Similarly, strong
increase in nucleation density with addition of talc
was found in poly(L-lactide-co-mesolactide) [5].
This paper investigated the effect of microtalc con-
centration on the crystalline content developed dur-
ing heating-cooling-heating cycle and in isothermal
condition. The crystalline content and mechanical
properties achieved in different conditions are com-
pared using differential scanning calorimetry and
dynamic mechanical analysis. This information
would be useful to better understand PLA/talc com-
posites and their manufacturing and possible appli-
cations.

2. Experimental
2.1. Materials and sample preparation
Poly(L-lactic acid) ‘NatureWorks® PLA Polymer
3051D’, average molecular weight 160 kDa, ratio
96% L-Lactide to 4% D-Lactide units was obtained
from Natureworks Minneapolis Minnesota (USA).
Industrial microtalc masterbatch ‘PLA NA BIO L
6951’ with 30% of talc content was purchased from
Polyone Belgium SA Assesse (Belgium).
All the material was dried at least for 4 hours at 80°C
under vacuum to a Karl-Fischer titration moisture
content below 500 ppm before processing.
The compounds were melt blended using a co-rotat-
ing twin screw micro extruder DSM Xplore 15 ml
Microcompounder. Residence time was fixed for all
the runs at 5 minutes. To prevent the degradation of
the polymers, N2 purge flow was used during the
processing. The screw speed was fixed at 60 rpm
for the feeding and 100 rpm for the melt mixing.

The heating temperature was set at 180°C. Percent
of talc content is indicated by the number in the
sample name (e.g., PLA1T contains 1.0 wt% talc).

2.2. Characterizations
Wide Angle X-Ray Scattering (WAXS) analyses
were performed on compression moulded 3!3!
0.5 mm specimens with a Thermo ARL diffrac-
tometer X-tra 48 using Cu-K" X-ray source (! =
1.540562 Å), step-size 0,02° at 2°C/min scanning
rate.
Scanning Electron Microscope (SEM) pictures
were taken with LEO 1400 VP Series (Carl Zeiss,
Oberkochen, Germany) on surface of fragile frac-
ture from film samples fractured after cooling by
immersion in liquid nitrogen. The samples were
metallized with gold.
Differential Scanning Calorimetry (DSC) analyses
were performed with DSC Q20 TA Instruments
(New Castle, DE, USA) with a double cycle of heat-
ing from 0 to 230°C at 10°C/min separated by a sin-
gle cooling cycle at 10°C/min with isothermal step
for 3 minutes at 230 and 0°C. The thermal history
of samples was erased by the preliminary heating
cycle at 10°C/min. The amount of material in the
DSC samples was 6–8 mg. An empty pan was used
as a reference. The glass transition temperature
(Tg), crystallization temperature (Tc), cold crystal-
lization temperature (Tcc), melting temperature
(Tm), crystallization enthalpy (#Hc), cold crystal-
lization enthalpy (#Hcc) and melting enthalpy
(#Hm) were determined from cooling and second
heating scans. The crystallinity (") of PLA and
composites was evaluated using Equation (1):

             (1)

where #H = #Hc (for cooling curves, as #Hc is the
specific crystallization enthalpy of the sample) or
#H = #Hm – #Hcc (for second heating curves, as
#Hm is the specific melting enthalpy of the sample,
#Hcc is the specific cold crystallization enthalpy of
the sample), #Hm

0 is the melting enthalpy of the
100% crystalline polymer matrix (93.0 J/g for PLA
[18, 19]) and %wt filler is the total weight percent-
age of talc.
To evaluate isothermal crystallization values, a sam-
ple was heated from 25 to 200°C at 10 C/min and
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maintained at 200°C for 5 min. Subsequently, it
was rapidly cooled (–50°C/min) to the isothermal
evaluation temperatures of 90, 95, 100, 105 and
110°C (Ti). The sample was held at the isothermal
temperature for 120 minutes, allowing crystalliza-
tion. To observe the melting behavior, the isother-
mally crystallized samples were reheated to 200°C
at a rate of 10°C/min. The melting temperature that
was observed was taken as the maximum of the
endothermic transition.
Dynamic Mechanical Thermal Analysis (DMTA)
was performed with DMA Q800 TA Intruments
(New Castle, DE, USA). The measurements were
carried out at a constant frequency of 1 Hz, at a
strain amplitude of 15 $m with a preload of 0,01 N,
a temperature range from 25 to 100°C with a heat-
ing rate of 3°C/min in tension mode. The samples
were prepared by cutting strips from the films with
a width of 6 mm, a height of 26 mm and a thickness
of about 0,5 mm prepared by hot compression
molding with 5 MPa at 180°C for 3 min. For each
material at list three samples were characterized.

3. Results and discussion
3.1. Morphology 
The WAXS spectra of talc is characterized by the
presence of three diffraction peaks at 2# = 9.5, 19.1
and 28.7º [20]. The WAXS pattern of PLA is char-
acterized by a broad band with maximum at 2# =
16.6º, indicating a completely amorphous structure
(Figure 1). Crystalline structure of the polymer
matrix is significantly affected by the presence of
talc: the composites containing talc show the pres-
ence of the three talc peaks and a new peak at 16.6°
due to the crystalline phase of the PLA (inset Fig-
ure 1) [21]. Thus, as expected talc enhance PLA
crystallization. It is interesting to underline that the
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Figure 1. X-ray diffraction of melt-blended samples (inset: magnification of PLA characteristic peak)

Figure 2. SEM analyses of PLA1T (a), PLA5T (b) and
PLA15T (c)



intensities of the three talc peaks seem almost pro-
portional to the talc content.
For the sake of brevity, only SEM analyses of
PLA1T, PLA5T and PLA15T are shown because all
the composites show a good dispersion. There are
no aggregates and the talc lamellae are singularly
dispersed. SEM analyses (Figure 2) shows also a
wide size distribution of talc lamellae with maxi-
mum particle size of about 10 $m.

3.2. Thermal analysis
The thermal history of samples was erased by the
preliminary heating cycle. The DSC thermograms
recorded during cooling and second heating of PLA
composites are reported respectively in Figure 3a
and Figure 3b.
The data derived from DSC analyses are reported in
Table 1. PLA alone does not crystallize during cool-
ing. Talc induces PLA crystallization on cooling, as
already reported [5], the crystallization percentage
increases with the concentration of filler.
Neat PLA crystallizes on heating (cold crystalliza-
tion) with a Tcc of 130°C (Figure 3b, Table 1). The

exothermic peak of cold crystallization is partially
merged with the endothermic melting peak that has
a maximum at 152°C (Figure 3b). The "m and "cc of
PLA have practically the same absolute value and
this confirms that crystallization of neat PLA occurs
only during heating.
The addition of 1 wt% of talc (Table 1) leads to a
considerable decrease of Tcc, (~23°C), as well as to
an increase of total crystallinity respect to neat
PLA. The Tcc remains similar for all the samples
containing talc. The PLA crystals in PLA/talc com-
posites are formed partially during cooling and par-
tially during cold crystallization. There is an impor-
tant increase in the crystallinity percentage formed
during the cooling cycle from 2.7 to 9.1% (evalu-
ated as "m –%"cc) with the increase of talc concentra-
tion from 1 to 15 wt%. The percentage of crystal-
lization during heating ("cc), evaluated by heating
released by cold crystallization, decreases with the
increase of talc concentration. Similarly the overall
crystallinity ("m) decreases with increasing the con-
centration of talc. Probably this is due to the pres-
ence of an higher percentage of crystals formed dur-
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Figure 3. DSC analyses of samples a) cooling (10°C/min 230–0°C) b) second heating (10°C/min 0–230°C)

Table 1. DSC analysis of PLA, PLA/talc composites
Sample PLA PLA1T PLA2.5T PLA5T PLA10T PLA15T

Cooling
Tc [°C] – 85 86 88 88 89
#Hc [J/g] 0.0 0.9 2.4 2.6 4.2 4.4
"c [%] 0.0 0.9 2.7 2.9 5.0 5.6

2° heating

Tg [°C] 59 57 58 59 60 60
Tcc [°C] 130 107 104 106 103 100
#Hcc [J/g] 12.0 26.2 24.2 19.7 16.4 13.9
"cc [%] 12.9 28.5 26.7 22.3 19.6 17.6
Tm [°C] 152 147–153 147–152 147–152 147–152 147–151
#Hm [J/g] 12.1 28.7 28.4 24.9 22.8 21.1
"m [%] 13.0 31.2 31.3 28.2 27.2 26.7
"m – "cc [%] 0.1 2.7 4.6 5.9 7.6 9.1



ing cooling, that reduce the chain mobility [3]. This
reduction negatively affects cold crystallization
process.
Two overlapping melting processes are shown by
the composites containing talc (Tm: 147 and 152°C)
which probably correspond to PLA crystallized
respectively on heating and on cooling [11]. The
low temperature melting process is reduced to a
shoulder increasing talc content which indicates
that crystallization on cooling gives crystals with an
higher melting temperature. Thus the incorporation
of talc leads to an increase of crystallization per-
centage during cooling and affect the total crys-
talline percentage obtained with an annealing
process.

3.3. Isothermal crystallization behaviour
In Figure 4 the heat flow [W/g] versus t [min] at the
isothermal temperature (Ti) of 110°C are plotted.
Typical crystallization isotherms are obtained for
pure PLA and PLA/talc composites. Adding talc the
crystallization isotherm curves are shifted to left
along the time axis.
In Table 2 are reported all the maximum of the
curves (tmax) obtained at the different Ti. By plotting
the Ti against the tmax saddle shape curves for PLA
composites were obtained (Figure 5). The tmax for
PLA/talc composites decrease as the Ti increased,
then reach a minimum and start to increase. This
minimum is at a Ti of 378 K (100°C) for the PLA
alone and composites till 5 wt% of talc, and decrease
to 95°C for talc concentration higher than 10 wt%.

The minimum tmax for PLA alone is 81 min. At the
same temperature the talc reduces this time to 2.0–
4.3 min for PLA/talc composite with various ratios.
Thus the crystallization rates of the PLA containing
talc were much faster than that of pure PLA. This is
obtained at all experimental temperatures indicating
that talc extremely increases the PLA crystallization
rate. As the talc content in the PLA increased the
tmax decreased slightly at all temperatures indicating
an increase in PLA crystallization rate.
The Avrami equation [22–24] (Equation (2))
describes how solids transform from one phase to
another at constant temperature. It can specifically
describe the crystallization kinetics and for these is
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Figure 4. PLA and PLA/talc composites heat flow [W/g]
versus t [min] at the isothermal temperature (Ti)
of 110°C

Table 2. DSC isothermal analysis of PLA and PLA/talc
composites

Sample tmax [min]
90°C 95°C 100°C 105°C 110°C

PLA 120.0 106.2 81.5 86.2 118.0
PLA1T 8.9 4.9 4.3 4.7 6.8
PLA2.5T 6.9 4.6 3.0 4.3 6.2
PLA5T 4.4 2.9 2.8 3.7 4.7
PLA10T 3.0 2.2 2.2 3.0 4.2
PLA15T 2.8 2.0 2.0 3.0 4.0

Figure 5. DSC isothermal analysis of PLA/talc composites:
Ti versus tmax

Table 3. PLA, PLA/talc composites crystallinity percentage after isothermal and after annealing

Sample ! [%] after isothermal DSC ! [%] after annealing 2 h at 100°C90°C 95°C 100°C 105°C 110°C
PLA 7.8 21.2 27.4 28.6 17.3 24.5
PLA1T 26.9 27.9 29.5 33.5 34.3 26.8
PLA2.5T 27.8 27.7 32.8 31.3 34.8 27.2
PLA5T 28.3 28.4 30.5 30.9 34.0 29.3
PLA10T 27.8 29.6 31.6 33.0 34.6 29.2
PLA15T 26.8 29.3 31.0 31.2 36.9 30.1



widely used to describe the isothermal crystalliza-
tion processes in polymers.
If the following two assumptions are made: 
(a) Nucleation rate is either zero (i.e. crystalliza-
tion occurs due to the growth of pre-existing nuclei)
or constant. 
(b) Isotropical growth rate is proportional to either
time t or t1/2 (depending whether the devitrification
is interface or diffusion controlled) then the classi-
cal Kohnogorov-Johnson-Mehl-Avrami (KJMA)
equation can be derived to be Equation (2) [25]:

"(t) = "&[1 – exp(–ktn)]                                        (2)

where "(t) is the volume crystallinity at time t; "& is
the volume crystallinity after infinite time (esti-
mated by using #H&); k is the overall kinetic rate
constant and n is the Avrami exponent (which
depends on the nucleation and growth mechanism
of the crystal).
The evolution of the crystallinity with time can be
estimated by using the degrees of crystallization ($)
as expressed by the ratio of enthalpy determined by
DSC using Equation (3):

                                             (3)

The value of $ at different times (t) is calculated by
integrating this curve of enthalpy at selected times
and calculating the ratio between this value and the
total area of the curve.
Taking the double logarithm of Equation (2) gives
Equation (4):

ln['–ln(1 – Xt)] = ln(k) + nln(t)                             (4)

The plot of ln['–ln(1 – Xt)] vs ln(t) should be linear
and the parameters k and n can be determined by
curve fitting the experimental data with slope n and
intercept ln(k).
The physical interpretation of the Avrami constants
k and n is difficult and open to interpretation. Origi-

nally n was held to have an integer value between
1–4 which reflected the nature of the transformation
in question. In the derivation above for example the
value of 4 can be said to have contributions from
three dimensions of growth and one representing a
constant nucleation rate. If the nuclei are preformed,
and thus present from the beginning, the transfor-
mation is only due to the 3-dimensional growth of
the nuclei and n has a value of 3. An interesting
condition occurs when nucleation occurs on spe-
cific sites (such as grain boundaries or impurities)
which rapidly saturate soon after the transformation
begins. Initially nucleation may be random and
growth unhindered leading to high values for n (3,
4). Once the nucleation sites are consumed the for-
mation of new particles will cease. Furthermore if
the distribution of nucleation sites is non-random
then the growth may be restricted to 1 or 2-dimen-
sions. Site saturation may lead to n values of 1, 2 or
3 for surface, edge and point sites respectively.
The k parameter is a temperature-dependent factor
which is generally taken in the Arrhenius form
(Equation (5)):

                                         (5)

where E is the average activation energy for the
overall crystallization process. For isothermal trans-
formation according to Equation (5) we have Equa-
tion (6):

                                           (6)

The activation energy for crystallization can be
determined by plotting ln(k) vs 1/T and ln(k) is
directly connected to the activation energy. Figure 6
presents plots of ln['–ln(1 – Xt)] vs ln(t) for the
PLA/talc microcomposites at 110°C. The curves
present an early and a nonlinear end part but in the
figure only the parts used to do the fitting are

ln1k 2 5 ln1k0 22 E
RT

k 5 k0 ?exp a2 E
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Table 4. Crystallization parameters ln(k) and n for PLA and PLA/talc microcomposites
Temperature 90°C 95°C 100°C 105°C 110°C

Sample n ln(k) N ln(k) n ln(k) n ln(k) n ln(k)
PLA – – – – 3.06 –13.06 – – – –
PLA1T 2.12 –4.40 2.37 –3.03 2.36 –2.54 2.37 –2.59 2.30 –3.43
PLA2.5T 2.03 –3.75 2.21 –2.98 2.57 –2.05 2.35 –2.20 2.50 –3.12
PLA5T – – – – 2.31 –1.61 2.27 –1.93 2.39 –2.57
PLA10T – – – – – – 2.26 –1.59 2.30 –2.18
PLA15T – – – – – – – – 2.29 -2.04



reported. The crystallization parameters ln(k) and n
obtained after fitting are summarized in Table 4.
Where there are no data was impossible to do the
calculation. For neat PLA there is only one data at
100°C (Figure 7).
The ln(k), and thus the activation energy, decreases
increasing the amount of talc. The ln(k) for pure
PLA is –13.06 so the activation energy is higher
than PLA/talc composites. For the sample where it
was possible to evaluate the ln(k), it has a minimum
value at 100°C according to what already reported
for tmax.
For PLA the Figure 7 shows a nonlinear long early
part, as in the other case but longest, and after a lin-
ear part fitted with the orange line with n values
very near to 3 (Table 4). So the nuclei are pre-
formed and the transformation is only due to the 3-
dimensional growth of the nuclei. For PLA/talc
composites instead at all the Ti under consideration
the n factor is 2.3±0.2 and remains instead quite
constant (except for a little change at 90°C) thus the
mechanism of nucleation and growth of the crystal
is more similar to a two dimensional growth on a
lamellar structure as it can be expected from an epi-

taxial growth mechanism. Thus the micro talc
change the mechanism of PLA crystallization
strongly reducing the activation energy needed as
Kolstad [5] already demonstrated. The mechanism
of growth is directly linked to the presence of talc
particles that works as nucleating agent with a 2d
growth mechanism.

3.4. Mechanical properties 
In Figure 8 are reported the DMTAs of PLA and
talc filled samples. For concentration higher than
5 wt% the addition of talc into PLA improves mod-
ulus as expected. The storage modulus is increased
at 30°C and this is due to the reinforcing effect of
talc. Under 5 wt% of talc content no relevant differ-
ences are highlighted thus the increase of crys-
talline percentage seems not to affect the storage
modulus of PLA.
Considerable improvements of rigidity were instead
observed at higher temperatures upon addition of
talc for all loadings. In Figures 8 and 9 all the data
obtained from DMTA tests of all samples at 30 and
85°C and the peak temperatures of tan% are summa-
rized. Because of the low modulus the test of PLA
must be stopped at about 80°C instead also at low
loading (i.e. 1 wt%), where the addition of talc into
PLA that leads to no change in the storage modulus
at 30°C, the composites show an increase of modu-
lus at higher temperature (Figure 8): the 1 wt% of
talc is enough to allow the PLA to reach the test end
(100°C).
At high temperature the addition of 5, 10 and 15 wt%
of talc leads to increases of storage modulus respec-
tively of 260, 430 and 600 MPa thus the increases
of the storage modulus are directly correlated to talc
percentage. These increases at high temperature
could be associated to the reinforcement effect of
particles in the polymer matrix or to the crystalliza-
tion induced by talc on the PLA.
To better understand the role on reinforcement of
the PLA crystals and of the filler, DMTA were
repeated on samples annealed for 2 hours at 100°C
to permit the maximum crystallization. After the
annealing the samples were tested on DSC to verify
the reached crystallinity. The results are reported in
Figure 9 and Table 3. The crystallinity after anneal-
ing (Table 3) is 25% for neat PLA and increase with
the talc content to 30% as expected from the previ-
ous DSC isothermal data. The total crystallinity of
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Figure 6. Plots of ln['–ln(1 – Xt)] vs ln(t) for the microcom-
posites at 110°C

Figure 7. Plots of ln['–ln(1 – Xt)] vs ln(t) for the PLA at
100°C



the annealed samples is different from the corre-
sponding samples measured with DSC. The differ-
ences are due to the thermal history of the samples:
the DSC samples were quenched while the samples
for mechanical analyses were heated from room
temperature to isothermal condition for annealing.
At 30°C the storage modulus is not influenced by
talc and by the crystallinity level under the 2.5 wt%
of talc content thus the main reinforcing effect in
this case is due to the glassy state of PLA. Above
this content (5 wt% and more) there is a linear
increase of the storage modulus directly correlated
to the talc addition. With the samples annealed the
modulus increases faster with talc content than with
un-annealed samples. This behaviour suggests that
there is a synergistic effect between talc filler and
crystallinity. At 85°C the storage modulus of pure
PLA annealed is about 340 MPa and the sample
reach the end of the test now fixed at 120°C. Thus,
over the Tg, the crystallinity highly affects the
thermo-mechanical properties of PLA. For annealed

samples at high temperature the storage modulus
directly increase with talc content and it seems due
to the linear addition of talc effect and crystals pres-
ence.
Finally there is a small increase in the glass transi-
tion temperature (peak of tan%) of the different sam-
ples after annealing (Figure 8, Figure 9). Probably
during annealing the low molecular weight mole-
cules, that are the molecules with the higher mobil-
ity, are included in the growing crystals. The low
molecular weight molecules are the same that act as
plasticizing agents for PLA amorphous part thus the
result is an increase of the glass transition tempera-
ture.

4. Conclusions
To allow PLA utilization in engineering applica-
tions addition of selected fillers by melt-blending
represents a good methodology for improving its
performance. PLA based-composites obtained by
addition of talc present considerable improvements

                                          Battegazzore et al. – eXPRESS Polymer Letters Vol.5, No.10 (2011) 849–858

                                                                                                    856

Figure 8. DMTA of PLA and PLA/talc composites. Storage modulus (a) and tan( (b)

Figure 9. DMTA of PLA and PLA/talc composites after annealing (2 h at 100°C). Storage modulus (a) and tan( (b)



in the thermal and mechanical properties of PLA
thus they are potentially interesting for technical
applications. The incorporation of talc particles sig-
nificantly accelerates the crystallization process of
the PLA matrix.
The crystallization behaviour of PLA/talc compos-
ites during cooling is mainly influenced by the
composition and the crystallization temperatures.
The talc in PLA/talc composites can effectively
increase the crystallization rate of PLA, even at a
content of 1 wt%. The crystallization rate increased
slightly as the talc content in the composite increased.
The maximum speed of crystallization is reached
with the annealing temperature of 100°C for the
PLA and a lower (95°C) for talc high content sam-
ples.
The kinetics of crystallization obtained using the
Avrami equation shows that PLA/talc microcom-
posites has a different growth kinetics that is more
similar to a two dimensional growth on a lamellar
structure such as an epitaxial growth. Moreover
micro talc strongly reduces the activation energy.
At high temperature the modulus increase is due to
a synergistic effect between crystals and filler, thus
in order to have materials with good performances
both the presence of a filler and PLA crystals are
necessary.
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1. Introduction
Epoxy resins (EPs) are nowadays being extensively
utilized in engineering applications such as aero-
space, automotive, sport and electronic device due
to their good mechanical properties and ease in pro-
cessing. It is a continually challenging task for
polymer scientists and engineers to improve the
fracture toughness of EP simultaneously with other
mechanical properties, e.g. stiffness and strength.
Various methods were developed in the last four
decades to toughen EPs. Thermoplastic fibers sig-
nificantly toughen brittle epoxy resin [1]. Micro-
sized rubber particles [2–4], thermoplastic particles
[5, 6], inorganic particles [7–10] were also proven
to toughen EP systems. Rubber particles are effec-
tive toughening agents in thermosets because they

trigger the localized shear yielding in the related
matrices. However, rubber toughening is accompa-
nied with obvious reductions of the modulus and
creep resistance of the matrix. Thermoplastic parti-
cles can improve the toughness of EP with slight
sacrifices of modulus and yield stress [6]. Micro-
sized short fibers (diameter and length in micron
scale), e.g. short carbon fibers [11, 12] (SCFs) and
short glass fibers [13–16] were also employed to
enhance the toughness of polymers. Inorganic parti-
cles and short fibers are especially attractive in EP
matrices because they can improve the fracture
toughness and the modulus (stiffness) at the same
time. The toughening mechanism of rigid micropar-
ticles may comprise a combination of crack deflec-
tion, crack pinning, particle debonding and micro-

                                                                                                    859

Synergetic role of nanoparticles and micro-scale short
carbon fibers on the mechanical profiles of epoxy resin
G. Zhang1*, Z. Rasheva1, J. Karger-Kocsis2,3, T. Burkhart1

1Institute for Composite Materials, University of Kaiserslautern, 67663 Kaiserslautern, Germany
2Department of Polymer Technology, Faculty of Engineering and Built Environment, Tshwane University of Technology,
Pretoria 0001, Republic of South Africa

3Department of Polymer Engineering, Faculty of Mechanical Engineering, Budapest University of Technology and
Economics, H-1111 Budapest, Hungary

Received 8 February 2011; accepted in revised form 11 April 2011

Abstract. It was demonstrated in our previous work that the combined carbon nanofibers (CNFs) and microsized short car-
bon fibers (SCFs) in epoxy (EP) leads to significant improvements in the mechanical properties of the matrix. In this work,
the effect of nano-SiO2 particles, having an extremely different aspect ratio from CNFs, on the tensile property and fracture
toughness of SCFs-filled EP was studied. It was revealed that the combined use of SCFs and silica nanoparticles exerts a
synergetic effect on the mechanical and fracture properties of EP. Application of SCFs and the nanoparticles is an effective
way to greatly enhance the modulus, strength and fracture toughness of the EP simultaneously. The synergetic role of the
multiscale fillers was explained by prominent changes in the stress state near the microsized fillers and the plastic zone
ahead of the crack tip. The synergetic role of multiscale fillers is expected to open up new opportunities to formulate high-
performance EP composites.

Keywords: nanocomposites, epoxy, fracture toughness, mechanical properties, short carbon fibers

eXPRESS Polymer Letters Vol.5, No.10 (2011) 859–872
Available online at www.expresspolymlett.com
DOI: 10.3144/expresspolymlett.2011.85

*Corresponding author, e-mail: ga.zhang@ivw.uni-kl.de
© BME-PT



shear banding of matrix [8, 9, 17–22]. Compared
with rigid particles, the toughening mechanisms
achieved by short fibers, especially for randomly
distributed fibers with a high aspect-ratio, are more
complicated. Due to the relatively high aspect-ratio
of short fibers, pull-out and fracture of fibers are
important contributions to the toughness response
[13–16].
Even though microsized fillers can effectively
stiffen and toughen the EP matrix, when it is under
stress, stress concentration can occur locally near
the fillers and induce critical failure of the compos-
ite system [21]. In case of microsized short fibers, it
should be taken into account that intensive stress
concentration occurs at the fiber ends and this can
promote fiber slip and may also cause some loss in
strength [13, 23]. Thus, in many cases, the ductility
of the matrix, being reinforced with microsized
rigid fillers or randomly oriented fibers can be
markedly reduced and the strength can only be
moderately enhanced or it is even reduced.
In the last two decades, polymer nanocomposites
gained intensive interest because of the exception-
ally large specific area of the nanofillers available
for interaction with the polymer matrix. Inorganic
nanoparticles are one kind of common nanofillers
being investigated for toughening of polymer matri-
ces. Unlike microsized inorganic particles, inor-
ganic nanoparticles will not lead to significant
stress concentration due to their much smaller size
which guarantees a good integration with the matrix
[21]. It was reported that nanoparticles can simulta-
neously improve the stiffness, strength and tough-
ness of EPs [21, 24, 25]. In addition, nanoparticles
may toughen EP even at a very low loading [25,
26]. The debonding of nanoparticles [21, 25, 27,
28] and plastic void growth [25, 28], shear yielding
of matrix [21, 27] are believed to be the main fac-
tors of toughening mechanisms.
In many cases only EP nanocomposites filled with
nanoparticles at low concentrations are of practical
interests because the introduction of nanofillers at
high concentrations will complicate the manufac-
ture process and lead to high costs, as well. From
the point of view of the mechanical performance,
nanocomposites do not necessarily present superior
properties to microcomposites. Adachi et al. [10]
compared the E-moduli of EP composites rein-
forced with spherical micro- and nano-silica parti-

cles. The contents of the fillers varied from 5 to
35 vol%. They did not find a significant effect of
the particles size on the E-modulus, which was still
controlled by the volume fraction. Wetzel et al. [21]
found that the stiffening effect of large rod-like
CaSiO3 particles on EP is stronger than that of the
alumina nanoparticles. The CaSiO3 particles have a
diameter of 3–5 !m and length to width (aspect)
ratio of 3–4. Even though exceptionally good filler/
matrix interaction exists in EP nanocomposites, the
nanoparticles constrain the matrix deformation less
than microparticles because the former, being in
nearly molecular dimensions, are better integrated
into the polymer microstructure [21]. Indeed, many
research works proved that with low-loading
nanoparticles, the modulus of the high-performance
epoxy matrix can only be moderately increased [24–
27]. A direct comparison of the mechanical proper-
ties of EP micro- and nanocomposites will supply
engineers with a solid knowledge for selecting
appropriate materials according to the needs of real
applications.
Recent studies [29, 30] indicated that the inclusion
of nanoparticles much improves the mechanical
properties [29] and fatigue life [30] of continuous
glass fibers reinforced EPs (GFRP). It was also
revealed that to integrate low-loadings CNT into
continuous glass fibers (GFRP) [31] and continuous
carbon fibers [32, 33] reinforced EP (CFRP) signif-
icantly improves the mechanical and fracture prop-
erties, compared to conventional composites. Even
though the mechanisms are still unclear, it was
noticed that  nanofillers seem to enhance the fibers/
matrix adhesion [31–33]. These pioneer works give
hints to enhance the mechanical properties of con-
ventional EP composites reinforced with micro-
sized (non-continuous) fillers by adding low-load-
ing nanofillers.
Indeed, it might be of great interests to combine the
advantages of micro- and nanofillers. This may be a
promising composite formulation route to combine
microfillers at medium to high concentrations, and
nanofillers at low concentrations into polymer matri-
ces. It was revealed in our previous work that com-
bined use of SCFs and carbon nanofibers (CNFs) in
EP resin leads to a synergetic role on the mechani-
cal properties of the matrix [34]. The composites
filled with combined SCFs and CNFs displays bet-
ter mechanical properties than the materials rein-
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forced only with SCFs or CNFs. However, a combi-
nation of two kinds of nanofillers, e.g. CNFs and
nanoparticles, was not associated with synergetic
effects [34]. It is assumed that that the common use
fillers with distinctly different scale sizes is the key
issue for eventual synergism. With this context, it is
important to know if nanofillers, having distinctly
different ratios from CNFs, will also play syner-
getic roles with the microsized SCFs. As above-
mentioned, inorganic nanoparticles are one kind of
common nanofillers. In the present work, we stud-
ied the effect of nano-SiO2 particles on the mechan-
ical properties of EP composites filled with SCFs.
Special attentions were paid to the contributions of
the respective SCFs, nanoparticles and their combi-
nations.

2. Experimental
2.1. Materials and preparation
All materials in the present work were prepared on
the basis of a commercially available epoxy resin
(DER331 by DOW, USA) with an epoxide equiva-
lent weight 182–192 g/equiv. Cycloaliphatic amine
hardener (HY 2954; Huntsman, USA) was used to
cure the epoxy materials. Fumed spherical silica
nanoparticles (Aerosil R8200) with hexamethyldis-
ilazane modification were supplied by Evonik (Ger-
many). The diameter and the specific surface area
of the nanoparticles are respectively about 12–
14 nm and 160 m2/g. The nanoparticles were used
as-received without any further treatment. Milled
polyacrylonitrile (PAN)-based carbon fibers (Tenax®

A-385) were supplied by Tenax GmbH (Germany).
The diameter and the length of the fibers are respec-
tively 7 !m and 40–70 !m. The SCFs were supplied
without sizing treatment and were used as-received.
Three series of epoxy composites, i.e. microcom-
posites filled with SCFs, low-loading nanoparti-
cles-filled nanocomposites, and multiscale compos-
ites reinforced with both SCFs and low-loading
nanoparticles, were compared in this study. The
loading of the silica nanoparticles varied from 0.5
to 5.0 vol%. Pure EP and SCFs-filled EP (with SCF
fractions from 5 to 15 vol%) served as reference
materials. The volume fractions of all the fillers
were calculated by considering their weights and
(bulk) densities. The densities of pure EP, SCF and
SiO2 nanoparticles are 1.14, 1.74 and 2.00 g/cm3,
respectively.

The nanoparticles adhere to each other due to the
inherent Van der Waals force between the particles,
resulting in nanoparticle agglomerates. The silica
nanoparticles in the EP were dispersed by using a
high-energy vacuum dissolver (Dispermat, VMA-
Getzmann, Germany). At an extremely high rota-
tion speed (5800 rpm) of teeth vested metal disc,
the dissolver provides high shear forces to break up
the agglomerates in the liquid EP in vacuum, fol-
lowed by degassing. The SCFs were dispersed in
the EP with a moderate rotation speed in order to
avoid breakage of the fibers. The multiscale com-
posites were prepared by firstly dispersing, with the
extremely high rotation speed, the needed amounts
of nano-SiO2 in EP and by subsequent introduction
of the SCFs in the nano-SiO2/EP compounds. After-
wards, the compounds were blended with the cur-
ing agent HY2954 by stirring for 15 min. Finally
the mixture was poured into release agent-coated
metallic moulds and cured at 70°C for 8 hours, fol-
lowed by 8 hours at 120°C.
The detailed compositions of the materials are dis-
closed in Table 1. For simplification purpose, the
composite materials were referenced according to
the type and the fraction of the fillers as shown in
the left column of Table 1. For example, 10CF1Si
refers to the multiscale composite filled with
10 vol% SCF and 1 vol% nano-SiO2.

2.2. Glass transition temperature
Assessment of the glass transition temperature (Tg)
was necessary as it is known that especially the
nanofillers may affect the curing of the EP and this
results in slight or prominent changes in the Tg [35].
Tg of the composites were determined by differen-
tial scanning calorimetry (DSC) using a DSC821
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Table 1. Compositions of materials studied

Series Material
codes

Matrix
[vol%]

SCF
[vol%]

Nano-SiO2
[vol%]

Pure epoxy EP 100 – –

Microcomposites
5CF 95 5 –
10CF 90 10 –
15CF 85 15 –

Nanocomposites
1Si 99 – 1
3Si 97 – 3
5Si 95 – 5

Multiscale com-
posites

10CF0.5Si 89.5 10 0.5
10CF1Si 89 10 1
10CF2Si 88 10 2
10CF3Si 87 10 3



apparatus (Mettler-Toledo GmbH, Switzerland). All
tests were performed in nitrogen atmosphere with a
sample mass of about 20 mg. The sample was
heated from 20 to 200°C at a rate of 10°C/min. The
Tgs were assessed by the mid-point of the Tg steps.

2.3. Tensile tests
Tensile tests were performed at room temperature
(21°C) on a Zwick 1474 (Zwick, Germany) univer-
sal testing machine at a constant crosshead speed of
0.5 mm/min. The measurements followed DIN EN
ISO 527 using dumbbell shaped specimens. The
specimens having a 4 mm thickness were machined
from the molded plates. The length overall of dumb-
bell specimens is 75 mm. The length and width of
narrow section are 30 and 5 mm, respectively. The
displacement of each specimen during tension was
accurately measured by an extensometer with an
initial extension span of 20 mm. E-moduli were cal-
culated with 0.05–0.25% strain. All presented data
corresponds to the average of at least five measure-
ments.

2.4. Fracture toughness
The fracture toughness KIC and the critical energy
release rate GIC was determined by means of com-
pact tension (CT) tests according to the standard
ISO 13586 on at least five specimens at a crosshead
speed of 0.5 mm/min. The CT specimens were cured
in a metallic mold and then both sides were pol-
ished by abrasive papers until all visible marks dis-
appeared. A notch was machined and then sharp-
ened by tapping a fresh razor blade into the material,
so that a sufficiently sharp natural crack was initi-
ated. The thickness and the width of specimens were
4 and 30 mm, respectively.
In order to analyze material-failure mechanisms,
the fracture surfaces of the tensile and CT test spec-
imens were inspected in a scanning electron micro-
scope (SEM, ZEISS SupraTM 40VP, ZEISS, Ger-
many) after being coated a thin gold layer.

3. Results and discussion
3.1. Glass transition temperature
Table 2 shows the Tgs of the composites studied.
The SCFs does not significantly influence the Tg.

Only a slight decrease in Tg, if there is any, is noticed
with the addition of SCFs. The effect of nanoparti-
cles on the Tg is non-monotonic and seems to be
rather complex. With respect to the nanocompos-
ites, the addition of nanoparticles in the range of 1
to 3 vol% depresses the Tg. Further increase of the
loading from 3 to 5 vol%, however, gives rise to the
Tg. Compared with the microcomposite, i.e. 10CF,
the nanoparticles in the multiscale composites
slightly arise the Tg.
The change in Tg for EP nanocomposites is a con-
troversial issue. Some researchers have found that
Tg of nanocomposites increases as a function of the
filler-loading [21, 36], whereas others observed the
opposite [28, 37–41], and again others found non-
monotonic trends [42, 43]. In general, the restricted
mobility of polymer chains in the vicinity of the
nanofillers is believed to arise the Tg [21, 35, 36, 40,
42]. However, the free volume at the nanofiller-
resin interface can lower the Tg [39, 40, 42]. More-
over, a possible plasticizing effect of uncured or
less cured epoxy resin, caused by the presence of
nanoparticles, can lower the Tg [38, 40, 41]. The
mechanisms how nanoparticles decrease the cross-
link degree of EP is still not clear. Although the
kinetically-controlled curing reaction is advancing
also in presence of nanofillers, it may become hin-
dered in the diffusion-controlled stage [35, 37].
Note that selective absorption of the resin or the
hardener at the silica surface can lead to an off-stoi-
chiometry in the interphase. This is associated with
a marked difference in the cross-link density locally.
We assume that the preferential adsorption at the
nanoparticles can decrease the Tg due to the lower
cross-link density near the filler-matrix interface. If
this is the case, such a ‘core-shell’-type structure
(core:rigid silica, shell: EP with lower cross-linking
then the bulk) can promote the cavitation of the
nanoparticles and enhance the ductility of the mate-
rial. The complexity of the underlying chemistry
does not allow the reasoning of the observed
change in the Tg.

3.2. Tensile properties
Figure 1a shows representative stress-strain curves
of pure EP, nanoparticles-filled EP, SCFs-filled EP
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Table 2. Tgs of materials studied
Material codes EP 5CF 10CF 15CF 1Si 3Si 5Si 10CF0.5Si 10CF1Si 10CF2Si 10CF3Si

Tgs [°C] 133.4 131.4 130.1 130.5 129.4 128.1 136.8 133.7 131.9 130.8 130.8



and multiscale-fillers reinforced EP. Pure EP first
exhibits a linear stress-strain response (between 0
and 0.3%, approximately) showing an E-modulus
of about 2.71 GPa. The transition from elastic to
nonelastic behavior was interpreted in terms of
‘strain-softening’ due to nonrecoverable deforma-
tion with increasing strain [44, 45]. Figure 1b shows

the slopes, defined in [44] secant modulus Esm, of
the local points on the curves in Figure 1a as a func-
tion of strain. The data with strain from 0 to 0.3%
was not shown due to the scattering of the data. The
tendency of the so-called secant might give hints on
debonding of fillers from polymer matrix in the
loading process [44]. From Figure 1b, at a low strain
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Figure 1. Stress-strain curves of typical materials studied (a), secant moduli of the materials in a (b), and the tensile charac-
teristics: E-modulus (c), tensile strength (d) and elongation rate at break (e) of epoxy composites. Dash lines
in (c), (d) and (e) indicating the levels of two reference materials, i.e. pure epoxy and SCFs/EP, are added for eas-
ier comparisons.



the secant modulus of the nanocomposite (3Si) is
higher than EP. However, when the strain is higher
than ~4.5%, the two materials have similar modu-
lus. With respect to the SCF-composite, the secant
modulus declines rapidly with increasing the strain
due to debonding of SCFs, before critical failures
take place. The ‘strain-softening’ effect of the mul-
tiscale composite (10CF3SiO2) is more evident
compared to 10CF. The enhanced ‘strain-softening’
of the multiscale composites compared with the
SCF-composite will be discussed below.
The mean values of E-moduli, tensile strengths and
elongations at break of the materials studied were
displayed in Figure 1c – Figure 1e. The low-loading
nanoparticles lead to a slight but significant increase
in modulus (cf. Figure 1c). The tensile strength of
epoxy is moderately increased with nanoparticles
varying from 1 to 3 vol%. (cf. Figure 1d). A further
increase of the nanoparticle loading to 5 vol% leads
to a decrease in tensile strength. With a nanoparticle
loading less than 3 vol%, the elongation rate is
slightly increased. Filled with 5 vol% nanoparti-
cles, however, the material exhibits a reduced duc-
tility (cf. Figure 1e).
The reinforcing effect of SCFs is more prominent
than that of the nanoparticles. Incorporation of
10 vol% SCF dramatically increases the E-modulus
of the matrix. The E-modulus of the EP linearly
increased with increasing the SCF fraction. The
effect of randomly distributed SCFs on the strength
is more dependent on the fiber-matrix interface than
on their alignment [46, 47]. The incorporated SCFs
in the present work do not lead to obvious improve-
ment in tensile strength and even a slight decrease
can be noticed if the SCF fraction is higher than
10 vol% (cf. Figure 1d). So, the constraint matrix
deformability and the stress concentrations at the
fibers significantly reduce the ductility of the matrix
(Figure 1d). Therefore, in spite of the highly
improved modulus, the tensile strength remained
unaffected or even deteriorated due to the presence
of SCFs (cf. Figure 1d).
The combination of the microfillers and the nano -
fillers leads to impressive improvements in modu-
lus and strength data of the EP (cf. Figure 1c and Fig-
ure 1d). The modulus and strength of the multiscale
composites increase with increasing the nanoparti-
cle loading. Note that among the systems studied,
application of multi-scale fillers was the only way

to achieve improvements in modulus and strength
at the same time. In addition, it is interesting to note
that the enhancements in the modulus and strength
owing to the multiscale fillers are significantly
higher than the superposition of the separate contri-
butions by respective fillers, as realized in the
SCFs-filled and the nanoparticles-filled EP (cf. Fig-
ure 1c and Figure 1d). Therefore, the multiscale
fillers have synergetic effects on the stiffeness and
strength of the EP matrix. The elongation at break
values of the multiscale composites are similar to
those of the composites filled only with SCFs (cf.
Figure 1e).
Figure 2a shows a typical fracture surface of the
nanocomposites filled with nanoparticles (1Si). The
crack propagation direction is indicated by an
arrow. Numerous dimples can be recognized on the
fracture surface (cf. Figure 2a).
With respect to the reinforcing effect of SCFs,
according to the modified rule of mixture [48, 49],
the stiffening (reinforcing) efficiency depends on
the fiber aspect ratio and fiber orientation, as shown
in Equations (1) and (2):

E = (!Ef – Em)Vf + Em                                          (1)

with

! = !0!1                                                                (2)

where ! is defined as a stiffening efficiency and !0
and !1 respectively the length efficiency factor and
the orientation efficiency factor, respectively. Ef
and Em refer to the moduli of the fiber and the matrix,
respectively. Vf is the volume fraction of the fibers.
According to the linear relationship between the
modulus and the volume fraction of SCFs (cf. Fig-
ure 1c), the ! is determined to be about 0.05 for the
EP+SCF composites. The stiffening efficiency of
SCFs in this work agrees well with that achieved in
polyethersulphone (PES) and polyphenylene sul-
phide (PPS) systems reinforced by randomly
aligned SCFs [50]. Figure 2b and Figure 2c show
representative tensile fracture surfaces of SCFs-
filled epoxy (10SCF) with low and high magnifica-
tions, respectively. The EP matrix fails in a brittle
manner except some ribs formed due to coalesce of
cracks in different planes. Figure 2c displays a typi-
cal SCF-matrix interface taken from the fracture
surface of 10CF. It is clear that the SCF-matrix
interface was strongly involved in the cracking. The
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propagation of local failure at SCF-matrix interface
can be hindered by adhering points as indicated by
dash-line arrows in Figure 2c.
Figure 2d, 2e and 2f display SEM pictures taken
from the tensile fracture surface and SCF-matrix
interface, respectively, of the multiscale composite
(10CF3Si). Due to the large shear force provided by

the dissolver, the nanoparticles were homogeneously
distributed into the epoxy matrix although small
agglomerates remain present in the matrix. Typi-
cally, the size of the small agglomerates is less than
100 nm, with some exceptions which are in sub-
micron scales (cf. Figure 2e and Figure 2f). Com-
paring the fracture surfaces of the 10CF3Si and 10CF
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Figure 2. Fracture surfaces taken from tensile specimens 1Si (a), 10CF (b) and (c), 10CF3Si (d), (e) and (f)



(Figure 2d and Figure 2b), two features are clear.
First, the fiber-matrix interface of the multiscale
composite is far less damaged than in the SCF com-
posite. Second, extensive plastic deformations and
numerous microcracks can be resolved in the matrix
of the multiscale composites. Some of the microc-
racks are indicated in Figure 2e by arrows. These
microcracks were produced in the particle-particle
ligaments and the particle-SCF ligaments due to the
cavitation and debonding of nanoparticles. Figure 2f
displays a local zone on the fracture surface of the
multiscale composite at high magnification. It is
clear that debonding of nanoparticles takes place.
Significant matrix plastic dilatation, indicated by
arrow in Figure 2f, can be found around the debonded
nanoparticles. The obvious plastic dilatation of epoxy
matrix is believed to form due to the cavitation of
nanoparticles [4, 51, 52]. Nanoparticles first cavi-
tate and induce crack bifurcation and pinning. As a
result, before the onset of a critical crack numerous
microcracks are produced. This triggers extensive
shear yielding of the matrix (cf. Figure 2f). It is
worth of noting that the supposed core-shell like
structure of the nanoparticles strongly favors the
cavitation. The sub-critical microcracks and the
debonding of the nanoparticles are assumed to be
the major mechanisms for the enhanced ‘strain-
softening’ of the multiscale composite at a high
strain.
According to the rule of mixture, the enhanced
matrix stiffness due to the presence of nanoparticles
will enhance the modulus of the multiscale compos-
ites, compared to the composites filled solely with
SCFs. If we predict the modulus of the multiscale

composites using the above mixture rule, the related
moduli are only slightly higher than the conven-
tional composite (10CF, cf. Figure 3). Comparing
the predicted and experimental moduli, one can
notice that the moduli of the multiscale composites
are much higher than those predicted by the rule of
mixture (cf. Figure 3). This suggests that the contri-
bution of the nanoparticles on the modulus of the
multiscale composites is much higher than pre-
dicted by additivity rule.
During loading of the composites filled only with
SCFs large local stresses develop in the matrix
close to the fiber ends owing to stress concentration
effects, and as a result larger local strains are signi-
fied in these regions [13, 15, 46]. The neighboring
SCF are ‘too far’ in the brittle matrix, and thus they
can hardly participate in the stress relief needed to
avoid catastrophic fracture [13, 15, 46]. The scenario
is different in the multiscale composites. The bro-
ken tensile specimens were polished in order to
study with an optic microscope the morphologies
under the fracture planes. Figure 4 illustrate the pol-
ished section of 10CF3Si. The diagram associated
with Figure 4 shows the location from which obser-
vations were made. For the microcomposite, e.g.
10CF, no obvious cracking is noticed under the
fracture plane [34]. However, multiple matrix cracks
are observed under the fracture plane of the multi-
scale composite (the multiple cracking becomes
less sharp on the graph due to the polishing). The
multiple matrix cracks are also observed in case of
the multiscale composites reinforced by combined
SCFs and CNFs [34]. The formation of the multiple
cracks gives hints that the stress field in the matrix
between SCFs is homogenized with the presence of
nanoparticles. This is due to the fact in the matrix in
between the SCFs now well distributed nanoparti-
cles are present which work for an efficient stress
transfer and redistribution. Stress concentrations
are relieved via cavitation of the nanoparticles mak-
ing the matrix becomes more ductile. This is helpful
in respect of the neighboring SCF which now can
fulfill their reinforcing role accordingly. The out-
come is a strongly enhanced strength as less stress
concentration-induced premature failure occurs,
which was found in fact (cf. Figure 1d). This failure
sequence can also explain the observed changes in
the fiber-matrix interfacial failure (cf. Figures 2c
and 2e).
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Figure 3. Difference between the real moduli of the hybrid
composites and the predicted values using the
mixture rule



For the composites filled only with SCFs the extra
stress in the regions adjacent to a fiber end is asso-
ciated with large local strain. The stress homoge-
nization of the matrix due to the presence of nano -
particles enhances not only the E-modulus (Fig-
ure 1c), but also the ductility (elongation at break)
of the multiscale composites. The data in Figure 1e
indicates, however, remained or slightly enhanced
ductility. The reason behind is the multiple micro-
racking (cf. Figure 4) which is accompanied with
an inherently small change in the elongation at
break. Nevertheless, the multiple matrix cracking in
Figure 4 evidence the stress relief proposed.

3.3. Fracture toughness
Figure 5a and Figure 5b show the fracture tough-
ness, KIC, and the critical energy release rate, GIC,
of the materials studied. The fracture toughness of
the pure EP was 0.62 MPa·m1/2 (cf. Figure 5a). The
nanoparticles enhance the fracture toughness which
increases monotonously with increasing nanoparti-
cle concentration from 1.0 to 5.0 vol%. At 5.0 vol%
nanoparticles content, the fracture toughness was
increased by about 40%.With 5 vol% SCFs, the
fracture toughness is increased by 47%. An increase
in fiber-loading from 5 to 15 vol% leads to a steady
increase in the fracture toughness. The addition of
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Figure 4. Optic micrographs of polished sections, perpendicular and near to the fracture planes (a), of 10CF3Si; the diagram
associated shows the location observed (b)

Figure 5. Fracture toughness, KIC, (a) and critical energy release rate, GIC, (b) of materials studied. Dash lines in (a) and (b)
indicating the levels of two reference materials, i.e. pure epoxy and SCFs/EP, are added for easier comparisons.



10 vol% SCFs doubles the fracture toughness of the
parent EP.
The multiscale composites present much higher
fracture toughness than the corresponding micro-
composite (10CF) and nanocomposites (1Si-3Si). It
is interesting to note that the combination of nano-
SiO2 and SCF enhances the fracture toughness
more than predicted by the additivity rule (cf. Fig-
ure 5a). For example, the combination of 10 vol%
SCFs and 3 vol% nano-SiO2 increases the fracture
toughness of the pure EP by about 194%, while the
superposition of the separate contributions of these
two fillers, as respectively achieved in 3Si and
10CF, would result in a value of 132%. The tendency
of GIC is similar to that of KIC. Figure 5b shows that
both the nanoparticles and the SCFs increase the
GIC of the EP. As to the multiscale composites with
a nanoparticle concentration 1 to 3 vol%, the com-
bination of nano-SiO2 and SCF leads to an improve-
ment in GIC which is significantly higher than the
predicted one based on the rule of additivity.
Figure 6a shows the typical fracture surface of the
nanocomposite filled with nano-SiO2 (3Si). The frac-
ture propagation direction is downward as indicated
by an arrow, which is identical to all the other CT
fracture surfaces presented in this paper. Numerous
ribs can be detected on the fracture surface. Note
that the fracture surface of pure epoxy is very smooth
without hints for significant plastic deformation
[34]. These ribs are formed when the cracks moving
in slightly different planes coalesce, and they are
believed to contribute to toughness improvement
[4, 27]. Figure 6b illustrates the fracture surface of
3Si near the crack tip at high magnification. The
nanoparticles cavitate and debond from the matrix
and they induce crack bifurcation and pinning. As
results of the cavitation and crack pinning, two or
more fracture planes are produced. This is helpful
for the matrix to dissipate energy by shear yielding,
the onset of which is obvious by the ribs [21, 51,
52].
Figure 6c shows the CT fracture surface of 10CF.
When plane strain conditions prevail, the typical
crack path in short fiber reinforced composites is of
zig-zag type, as was intensively analyzed by Karger-
Kocsis and Friedrich [13–16]. Three major failure
mechanisms dominate the fracture behavior of con-
ventional composites filled with short fibers:

1. Pull-out and fracture of fibers, lying more or less
perpendicular to the crack front;
2. Fiber/matrix debonding of fibers aligned more
parallel to the fracture plane;
3. Stress concentration on fiber ends, followed by
brittle fracture of the epoxy matrix;
All these events happen in a limited plastic zone (or
termed damage zone).
Figure 6d displays a typical fracture surface of the
multiscale composites (10CF3Si). Pull-out, fracture
of fibers, and fiber/matrix debonding are also clearly
observable on the fracture surface. Figure 6e and
Figure 6f show the fracture surfaces at higher mag-
nifications. Compared to the SCF-EP composites,
the matrix fails less brittlely in case of the multi-
scale composites. Extensive micro-mechanical defor-
mations of the matrix are clearly noticed in Fig-
ure 6d to Figure 6f. Similar to the nancomposites,
the nanoparticles in front of the crack tip cavitate,
debond, cause crack bifurcation, crack pinning and
microcracks. By this way the nanoparticles can
relieve the overstress on fiber ends in the vicinity of
the crack tip. As consequence, compared to the con-
ventional composite (10CF) [34], a larger plastic
zone develops in which other SCFs can participate
in the stress transfer (in case of multiscale compos-
ites), as schematically illustrated in Figure 7. Surely,
this leads to enhancements in KIC and GIC, com-
pared with SCFs-filled epoxy. Therefore, the contri-
bution of the nanoparticles is twofold. First, they
improve the fracture toughness triggering such
mechanisms as cavitation, crack bifurcation and
pinning etc. Second, they can relieve the overload
near to the fiber ends in front of the crack tip via the
above matrix-related failure events. The overall
outcome is an enlarged plastic zone which is
assumed to be the key factor for the synergisms
reported.
As aforementioned, applaudable improvements in
mechanical and fracture properties are also achieved
in our recent work with combining SCFs with CNFs
[34]. Basing on these works, it is assumed that the
distinctly different dimensions of the combined
fillers are the key factor for their synergetic roles. In
the multiscale composite system, the nano-sized
fillers can protect the micro-sized fillers by release
stress concentration occurring near the microfillers.
In comparison to nanoparticles, it seems that the
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efficiency of CNFs is more efficient on improving
the mechanical and fracture properties. That is, less
CNF fraction is required for improving the SCFs-
EP properties to the same extent as realized by

nanoparticles. This can be related to the high aspect
ratios of CNFs, which may lead to a more efficient
stress transfer.
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Figure 6. Fracture surfaces taken from CT tests of 3Si (a) and (b), 10CF (c), 10CF3Si (d), (e) and (f)



4. Conclusions
In the present work, mechanical and fracture prop-
erties of three series of epoxy composites were
compared. The three series of composites are respec-
tively I: microcomposites filled with micron SCFs
ranging from 5 to 15 vol%, II: nanocomposites filled
with silica nanoparticles up to 5 vol% and III: mul-
tiscale composites filled with the both fillers. Incor-
poration of multiscale fillers was associated with
synergetic effects in respect to the tensile (E-modu-
lus, strength) and fracture properties (KIC and GIC)
of EP resin. Based on this work the following con-
clusions can be drawn:
1. Filled with nanosilica particles in low concentra-
tion range, the modulus of EP can only be slightly
increased and the tensile strength is slightly increased
or remained. The nanoparticles increase moderately
the fracture toughness of epoxy. Filled with micro-
sized SCFs, the modulus of epoxy is highly
improved, however at cost of the elongation rate
which is dramatically reduced. The tensile strength
is remained or slightly reduced. The fracture tough-
ness is improved with increasing the SCF fraction
up to 15 vol%. With a SCF loading higher than
10 vol%, the fracture toughness of the EP can be
almost doubled.
2. The combination of the multiscale fillers leads
to a significant synergism in both of the tensile and
fracture mechanical responses of the EP. The contri-
butions of the combined fillers to the E-modulus,
tensile strength, fracture toughness and fracture
energy are markedly higher than those expected by

the additivity rule considering the separate contri-
butions of the respective fillers. The nanoparticles
cavitate, induce crack bifurcation and crack pin-
ning. Shear yielding of matrix and microcracks near
SCFs take place. By this way, stress concentration
near fibers, especially fiber ends, is efficiently
relieved. As consequence, a larger plastic zone devel-
ops in presence of both nano-(SiO2) and micro-
fillers (SCF) than solely in the SCF-reinforced EP.
This is believed to be the major reason for the syn-
ergetic effects observed for the EP with multiscale
fillers.

Acknowledgements
This work is connected to the scientific program of the
‘Development of quality-oriented and harmonized R+D+I
strategy and functional model at BME’ project. This project
is supported by the New Széchenyi Plan (Project ID:
TÁMOP-4.2.1/B-09/1/KMR-2010-0002).

References
  [1] Teh S. F., Liu T., Wang L., He C.: Fracture behaviour

of poly(ethylene terephthalate) fiber toughened epoxy
composites. Composites Part A: Applied Science and
Manufacturing, 36, 1167–1173 (2005).
DOI: 10.1016/j.compositesa.2004.08.007

  [2] Sue H-J.: Craze-like damage in a core-shell rubber-
modified epoxy system. Journal of Materials Science,
27, 3098–3107 (1992).
DOI: 10.1007/BF01154125

  [3] Bagheri R., Pearson R. A.: Role of particle cavitation
in rubber-toughened epoxies: 1. Microvoid toughen-
ing. Polymer, 37, 4529–4538 (1996).
DOI: 10.1016/0032-3861(96)00295-9

  [4] Karger-Kocsis J., Friedrich K.: Microstructure-related
fracture toughness and fatigue crack growth behaviour
in toughened, anhydride-cured epoxy resins. Compos-
ites Science and Technology, 48, 263–272 (1993).
DOI: 10.1016/0266-3538(93)90143-5

  [5] Nguyen F. N., Berg J. C.: Novel core–shell (den-
drimer) epoxy tougheners: Processing and hot–wet
performance. Composites Part A: Applied Science and
Manufacturing, 39, 1007–1011 (2008).
DOI: 10.1016/j.compositesa.2008.03.005

  [6] Cardwell B. J., Yee A. F.: Toughening of epoxies
through thermoplastic crack bridging. Journal of Mate-
rials Science, 33, 5473–5484 (1998).
DOI: 10.1023/A:1004427123388

  [7] Lee J., Yee A. F.: Fracture behavior of glass bead filled
epoxies: Cleaning process of glass beads. Journal of
Applied Polymer Science, 79, 1371–1383 (2001).
DOI: 10.1002/1097-4628(20010222)79:8<1371::AID-

APP40>3.0.CO;2-O

                                               Zhang et al. – eXPRESS Polymer Letters Vol.5, No.10 (2011) 859–872

                                                                                                    870

Figure 7. Schematic of plain-strain failure modes proposed
for epoxy composites filled with SCFs and
nanoparticles. The sizes of the fillers were not
depicted in proportion

http://dx.doi.org/10.1016/j.compositesa.2004.08.007
http://dx.doi.org/10.1007/BF01154125
http://dx.doi.org/10.1016/0032-3861(96)00295-9
http://dx.doi.org/10.1016/0266-3538(93)90143-5
http://dx.doi.org/10.1016/j.compositesa.2008.03.005
http://dx.doi.org/10.1023/A:1004427123388
http://dx.doi.org/10.1002/1097-4628(20010222)79:8<1371::AID-APP40>3.0.CO;2-O


  [8] Lee J., Yee A. F.: Inorganic particle toughening I:
Micro-mechanical deformations in the fracture of
glass bead filled epoxies. Polymer, 42, 577–588 (2001).
DOI: 10.1016/S0032-3861(00)00397-9

  [9] Lee J., Yee A. F.: Inorganic particle toughening II:
Toughening mechanisms of glass bead filled epoxies.
Polymer, 42, 589–597 (2001).
DOI: 10.1016/S0032-3861(00)00398-0

[10] Adachi T., Osaki M., Araki W., Kwon S-C.: Fracture
toughness of nano- and micro-spherical silica-particle-
filled epoxy composites. Acta Materialia, 56, 2101–
2109 (2008).
DOI: 10.1016/j.actamat.2008.01.002

[11] Sanadi A. R., Piggott M. R.: Interfacial effects in car-
bon-epoxies. Part 3. Toughness with short fibres. Jour-
nal of Materials Science, 21, 1642–1646 (1986).
DOI: 10.1007/BF01114720

[12] Piggott M. R.: The effect of aspect ratio on toughness
in composites. Journal of Materials Science, 9, 494–
502 (1974).
DOI: 10.1007/BF00737854

[13] Karger-Kocsis J.: Instrumented impact fracture and
related failure behavior in short- and long-glass-fiber-
reinforced polypropylene. Composites Science and
Technology, 48, 273–283 (1993).
DOI: 10.1016/0266-3538(93)90144-6

[14] Karger-Kocsis J.: Structure and fracture mechanics of
injection-molded composites. in ‘International ency-
clopedia of composites’ (ed.: Lee S.M.) VCII Publish-
ers, New York, Vol 5, 337–356 (1991).

[15] Karger-Kocsis J., Friedrich K.: Microstructural details
and the effect of testing conditions on the fracture
toughness of injection-moulded poly(phenylene-sul-
phide) composites. Journal of Materials Science, 22,
947–961 (1987).
DOI: 10.1007/BF01103535

[16] Friedrich K.: Microstructural efficiency and fracture
toughness of short fiber/thermoplastic matrix compos-
ites. Composites Science and Technology, 22, 43–74
(1985).
DOI: 10.1016/0266-3538(85)90090-9

[17] Farber K. T., Evans A. G.: Crack deflection process-I.
Theory. Acta Metallurgica, 31, 565–576 (1983).
DOI: 10.1016/0001-6160(83)90046-9

[18] Farber K. T., Evans A. G.: Crack deflection process-II.
Experiment. Acta Metallurgica, 31, 577–584 (1983).
DOI: 10.1016/0001-6160(83)90047-0

[19] Lange F. F.: The interaction of a crack front with a sec-
ond-phase dispersion. Philosophical Magazine, 22,
983–992 (1970).
DOI: 10.1080/14786437008221068

[20] Green D. J., Nicholson P. S., Embury J. D.: Fracture of
a brittle particulate composite. Part 2. Theoretical
aspects. Journal of Materials Science, 14, 1657–1661
(1979).
DOI: 10.1007/BF00569287

[21] Wetzel B., Rosso P., Haupert F., Friedrich K.: Epoxy
nanocomposites – Fracture and toughening mecha-
nisms. Engineering Fracture Mechanics, 73, 2375–
2398 (2006).
DOI: 10.1016/j.engfracmech.2006.05.018

[22] Wetzel B., Haupert F., Zhang M. Q.: Epoxy nanocom-
posites with high mechanical and tribological per-
formance. Composites Science and Technology, 63,
2055–2067 (2003).
DOI: 10.1016/S0266-3538(03)00115-5

[23] Sanadi A. R., Piggott M. R.: Interfacial effects in car-
bon-epoxies. Part 1. Strength and modulus with short
aligned fibres. Journal of Materials Science, 20, 421–
430 (1985).
DOI: 10.1007/BF01026510

[24] Zhang H., Tang L-C., Zhang Z., Friedrich K., Sprenger
S.: Fracture behaviours of in situ silica nanoparticle-
filled epoxy at different temperatures. Polymer, 49,
3816–3825 (2008).
DOI: 10.1016/j.polymer.2008.06.040

[25] Ma J., Mo M-S., Du X-S., Rosso P., Friedrich K., Kuan
H-C.: Effect of inorganic nanoparticles on mechanical
property, fracture toughness and toughening mecha-
nism of two epoxy systems. Polymer, 49, 3510–3523
(2008).
DOI: 10.1016/j.polymer.2008.05.043

[26] Zhang H., Zhang Z., Friedrich K., Eger C.: Property
improvements of in situ epoxy nanocomposites with
reduced interparticle distance at high nanosilica con-
tent. Acta Materialia, 54, 1833–1842 (2006).
DOI: 10.1016/j.actamat.2005.12.009

[27] Rosso P., Ye L., Friedrich K., Sprenger S.: A tough-
ened epoxy resin by silica nanoparticle reinforcement.
Journal of Applied Polymer Science, 100, 1849–1855
(2006).
DOI: 10.1002/app.22805

[28] Johnsen B. B., Kinloch A. J., Mohammed R. D., Tay-
lor A. C., Sprenger S.: Toughening mechanisms of
nanoparticle-modified epoxy polymers. Polymer, 48,
530–541 (2007).
DOI: 10.1016/j.polymer.2006.11.038

[29] Uddin M. F., Sun C. T.: Strength of unidirectional glass/
epoxy composite with silica nanoparticle-enhanced
matrix. Composites Science and Technology, 68, 1637–
1643 (2008).
DOI: 10.1016/j.compscitech.2008.02.026

[30] Manjunatha C. M., Taylor A. C., Kinloch A. J.,
Sprenger S.: The tensile fatigue behaviour of a silica
nanoparticle-modified glass fibre reinforced epoxy
composite. Composites Science and Technology, 70,
193–199 (2010).
DOI: 10.1016/j.compscitech.2009.10.012

[31] Qiu J., Zhang C., Wang B., Liang R.: Carbon nanotube
integrated multifunctional multiscale composites. Nano -
technology, 18, 275708/1–275708/11 (2007).
DOI: 10.1088/0957-4484/18/27/275708

                                               Zhang et al. – eXPRESS Polymer Letters Vol.5, No.10 (2011) 859–872

                                                                                                    871

http://dx.doi.org/10.1016/S0032-3861(00)00397-9
http://dx.doi.org/10.1016/S0032-3861(00)00398-0
http://dx.doi.org/10.1016/j.actamat.2008.01.002
http://dx.doi.org/10.1007/BF01114720
http://dx.doi.org/10.1007/BF00737854
http://dx.doi.org/10.1016/0266-3538(93)90144-6
http://dx.doi.org/10.1007/BF01103535
http://dx.doi.org/10.1016/0266-3538(85)90090-9
http://dx.doi.org/10.1016/0001-6160(83)90046-9
http://dx.doi.org/10.1016/0001-6160(83)90047-0
http://dx.doi.org/10.1080/14786437008221068
http://dx.doi.org/10.1007/BF00569287
http://dx.doi.org/10.1016/j.engfracmech.2006.05.018
http://dx.doi.org/10.1016/S0266-3538(03)00115-5
http://dx.doi.org/10.1007/BF01026510
http://dx.doi.org/10.1016/j.polymer.2008.06.040
http://dx.doi.org/10.1016/j.polymer.2008.05.043
http://dx.doi.org/10.1016/j.actamat.2005.12.009
http://dx.doi.org/10.1002/app.22805
http://dx.doi.org/10.1016/j.polymer.2006.11.038
http://dx.doi.org/10.1016/j.compscitech.2008.02.026
http://dx.doi.org/10.1016/j.compscitech.2009.10.012
http://dx.doi.org/10.1088/0957-4484/18/27/275708


[32] Karapappas P., Vavouliotis A., Tsotra P., Kostoppoulos
V., Paipetis A.: Enhanced fracture properties of carbon
reinforced composites by the addition of multi-wall car-
bon nanotubes. Journal of Composite Materials, 43,
977–985 (2009).
DOI: 10.1177/0021998308097735

[33] Yokozeki T., Iwahori Y., Ishibashi M., Yanagisawa T.,
Imai K., Arai M., Takahashi T., Enomoto K.: Fracture
toughness improvement of CFRP laminates by disper-
sion of cup-stacked carbon nanotubes. Composites
Science and Technology, 69, 2268–2273 (2009).
DOI: 10.1016/j.compscitech.2008.12.017

[34] Zhang G., Karger-Kocsis J., Zou J.: Synergetic effect
of carbon nanofibers and short carbon fibers on the
mechanical and fracture properties of epoxy resin.
Carbon, 48, 4289–4300 (2010).
DOI: 10.1016/j.carbon.2010.07.040

[35] Allaoui A., Bounia N. E.: How carbon nanotubes affect
the cure kinetics and glass transition temperature of
their epoxy composites? – A review. Express Polymer
Letters, 3, 588–594 (2009).
DOI: 10.3144/expresspolymlett.2009.73

[36] Vassileva E., Friedrich K.: Epoxy/alumina nanoparti-
cle composites. I. Dynamic mechanical behavior. Jour-
nal of Applied Polymer Science, 89, 3774–3785 (2003).
DOI: 10.1002/app.12463

[37] Huang G. C., Lee J. K.: Isothermal cure characteriza-
tion of fumed silica/epoxy nanocomposites: The glass
transition temperature and conversion. Composites
Part A: Applied Science and Manufacturing, 41, 473–
479 (2010).
DOI: 10.1016/j.compositesa.2009.12.003

[38] Ragosta G., Abbate M., Musto P., Scarinzi G., Mascia
L.: Epoxy-silica particulate nanocomposites: Chemi-
cal interactions, reinforcement and fracture toughness.
Polymer, 46, 10506–10516 (2005).
DOI: 10.1016/j.polymer.2005.08.028

[39] Sun Y., Zhang Z., Moon K-S., Wong C. P.: Glass tran-
sition and relaxation behavior of epoxy nanocomposites.
Journal of Polymer Science Part B: Polymer Physics,
42, 3849–3858 (2004).
DOI: 10.1002/polb.20251

[40] Liu Y-L., Hsu C-Y., Wei W-L., Jeng R-J.: Preparation
and thermal properties of epoxy-silica nanocomposites
from nanoscale colloidal silica. Polymer, 44, 5159–
5167 (2003).
DOI: 10.1016/S0032-3861(03)00519-6

[41] Becher O., Varley R., Simon G.: Morphology, thermal
relaxations and mechanical properties of layered sili-
cate nanocomposites based upon high-functionality
epoxy resins. Polymer, 43, 4365–4373 (2002).
DOI: 10.1016/S0032-3861(02)00269-0

[42] Preghenella M., Pegoretti A., Migliaresi C.: Thermo-
mechanical characterization of fumed silica-epoxy
nanocomposites. Polymer, 46, 12065–12072 (2005).
DOI: 10.1016/j.polymer.2005.10.098

[43] Barrau S., Demont P., Maraval C., Bernes A., Laca-
banne C.: Glass transition temperature depression at
the percolation threshold in carbon nanotube–epoxy
resin and polypyrrole–epoxy resin composites. Macro-
molecular Rapid Communications, 26, 390–394 (2005).
DOI: 10.1002/marc.200400515

[44] Meddad A., Fisa B.: Stress-strain behavior and tensile
dilatometry of glass bead-filled polypropylene and
polyamide 6. Journal of Applied Polymer Science, 64,
653–665 (1997).
DOI: 10.1002/(SICI)1097-4628(19970425)64:4<653::

AID-APP4>3.0.CO;2-M
[45] Sudár A., Móczó J., Vörös Gy., Pukánszky B.: The

mechanism and kinetics of void formation and growth
in particulate filled PE composites. Express Polymer
Letters, 1, 763–772 (2007).
DOI: 10.3144/expresspolymlett.2007.105

[46] Sanadi A. R., Piggott M. R.: Interfacial effects in car-
bon-epoxies. Part 1. Strength and modulus with short
aligned fibres. Journal of Materials Science, 20, 421–
430 (1985).
DOI: 10.1007/BF01026510

[47] Bowyer W. H., Bader M. G.: On the re-inforcement of
thermoplastics by imperfectly aligned discontinuous
fibres. Journal of Materials Science, 7, 1315–1321
(1972).
DOI: 10.1007/BF00550698

[48] Carman G. P., Reifsnider K. L.: Micromechanics of
short-fiber composites. Composites Science and Tech-
nology, 43, 137–146 (1992).
DOI: 10.1016/0266-3538(92)90004-M

[49] Krenchel H.: Fibre reinforcement. Akademisk Forlag,
Copenhagen (1964).

[50] Lin G. M., Lai J. K. L.: Fracture mechanism in short
fibre reinforced thermoplastic resin composites. Jour-
nal of Materials Science, 28, 5240–5246 (1993).
DOI: 10.1007/BF00570071

[51] Karger-Kocsis J., Friedrich K.: Fatigue crack propaga-
tion and related failure in modified, andhydride-cured
epoxy resins. Colloid and Polymer Science, 270, 549–
562 (1992).
DOI: 10.1007/BF00658286

[52] Sue H-J., Garcia Meitin E. I., Picklman D. M., Bott C.
J.: Fracture mechanisms in rigid core-shell particle
modified high performance epoxies. Colloid and Poly-
mer Science, 274, 342–349 (1996).
DOI: 10.1007/BF00654054

                                               Zhang et al. – eXPRESS Polymer Letters Vol.5, No.10 (2011) 859–872

                                                                                                    872

http://dx.doi.org/10.1177/0021998308097735
http://dx.doi.org/10.1016/j.compscitech.2008.12.017
http://dx.doi.org/10.1016/j.carbon.2010.07.040
http://dx.doi.org/10.3144/expresspolymlett.2009.73
http://dx.doi.org/10.1002/app.12463
http://dx.doi.org/10.1016/j.compositesa.2009.12.003
http://dx.doi.org/10.1016/j.polymer.2005.08.028
http://dx.doi.org/10.1002/polb.20251
http://dx.doi.org/10.1016/S0032-3861(03)00519-6
http://dx.doi.org/10.1016/S0032-3861(02)00269-0
http://dx.doi.org/10.1016/j.polymer.2005.10.098
http://dx.doi.org/10.1002/marc.200400515
http://dx.doi.org/10.1002/(SICI)1097-4628(19970425)64:4<653::AID-APP4>3.0.CO;2-M
http://dx.doi.org/10.3144/expresspolymlett.2007.105
http://dx.doi.org/10.1007/BF01026510
http://dx.doi.org/10.1007/BF00550698
http://dx.doi.org/10.1016/0266-3538(92)90004-M
http://dx.doi.org/10.1007/BF00570071
http://dx.doi.org/10.1007/BF00658286
http://dx.doi.org/10.1007/BF00654054


1. Introduction
Large maxillofacial defects are often regenerated
with barrier membranes [1–3]. Barrier membranes
function by containing the regeneration site from
ingression of soft tissue into the defect site, which is
often filled with bone harvested from the patients
and/or biological agents such as bone forming cells
and growth factors [3]. These, also called guided
bone regeneration (GBR) membranes are required
to be biocompatible, integrate with host-surround-
ing tissue and have high mechanical properties and
flexibility to maintain and support defect site and
should also be easy to handle.

Fibrous membranes are promising as GBR materi-
als due to their high and breathable interconnected
porosity [3–8]. This allows efficient transport of
nutrient and oxygen into and metabolic waste out of
the regeneration site. The fibrous structure enhances
cell attachment [9], therefore promotes soft tissue
growth along the membrane while the porosity can
be designed to inhibit in-growth. Electrospinning is
a simple and versatile method to produce fibermats
with fiber diameters ranging from nano-micrometer
[10–12]. Electrospun materials are very promising
for the regeneration of tissues and organs [13–15]
due to the possibility of mimicking some of the

                                                                                                    873

Modification and mechanical properties of electrospun
blended fibermat of PLGA and siloxane-containing
vaterite/PLLA hybrids for bone repair
G. Poologasundarampillai, K. Fujikura, A. Obata, T. Kasuga*

Department of Frontier Materials, Nagoya Institute of Technology, Gokiso-cho, Showa-ku, Nagoya 466-8555, Japan

Received 17 February 2011; accepted in revised form 11 April 2011

Abstract. Multi-syringe electrospinning has been successfully employed to produce a blended fibermat composed of
poly(lactic-glycolic acid) (PLGA) fibers and a composite fiber for bone repair. The composite fiber, siloxane-containing
vaterite (SiV)/poly(L-lactic acid) (PLLA),  donated as SiPVH has the ability to release soluble silica species and calcium
ions at a controlled rate. The SiPVH fibermats have demonstrated excellent bone regeneration ability in vivo at the front
midline of the calvaria of rabbits. However, they are brittle and have low tensile strength resulting from the large particulate
SiV (60 wt%) content. In this study, co-electrospinning of PLGA with SiPVH was performed in the hope of achieving a
blended fibermat with improved mechanical properties. The co-electrospun fibermats showed good homogeneous blending
of the PLGA and SiPVH composite fibers that had excellent flexibility. The blended PLGA-SiPVH fibermats had signifi-
cantly improved mechanical properties compared to the SiPVH fibermats, where more than 20 times higher elongation to
failure was achieved on comparison to the SiPVH fibermat. As well as strength, high porosity and large pore size are vital
for the migration of cells into the centre of the graft. This was accomplished by heating the PLGA-SiPVH fibermats at
110°C for a fixed time, which induced the softening and flow of PLGA towards the more stable SiPVH fibers. Heating had
successfully produced PLGA-SIPVH fibermats with large open pores and inter-fused SiPVH fibers, which also had better
tensile mechanical properties than the SiPVH fibermat.

Keywords: biopolymers, biocomposites, electrospinning, blended fibermat, mechanical properties

eXPRESS Polymer Letters Vol.5, No.10 (2011) 873–881
Available online at www.expresspolymlett.com
DOI: 10.3144/expresspolymlett.2011.86

*Corresponding author, e-mail: kasuga.toshihiro@nitech.ac.jp
© BME-PT



structural features of natural extra cellular matrix
(ECM) [16]. Numerous studies show the enhanced
cellular attachment and proliferation on the fibrous
materials [9, 17, 18]. Several studies have also shown
the higher mechanical properties, especially the
elongation to failure, of the electrospun fibermats
[19–22] and blended fibermats [23]. The mechani-
cal properties of electrospun fibers depends greatly
on the degree of alignment of the fibers within the
mat, fiber lay-ups and interface properties of fiber-
fiber contact [20, 24]. Therefore, the versatility of
electrospinning presents a promising method of
fiber production for biomedical application.
The current authors have previously employed elec-
trospinning to fabricate bi-layered GBR membranes
that were shown to be bioactive, biocompatible and
mechanically strong while being flexible [25]. The
bi-layered membranes consists of two layers, a
PLLA fibermat layer and a siloxane-containing
vaterite (SiV) / PLLA composite fibermat layer
(SiPVH) [25, 26]. The PLLA layer acted as the soft
tissue barrier membrane, where the interconnected
porosity was optimised by tailoring the fiber diame-
ter to inhibit cell migration into the depth of the
fibermat. The SiPVH fibermat layer provides space
for bone formation. Both, the PLLA and the SiPVH
layers were bonded together by hot-pressing with a
stainless steel mesh that was placed on top of the
PLLA layer. Whereby, at regions on the fibermat in
contact with the steel mesh fiber-fiber fusion was
induced [26]. Early experiments on SiPVH dip-
coated membranes showed MC3T3-E1 cells prolif-
erate on the membrane and more so on the hydroxyl
carbonate apatite (HCA) coated SiPVH [5]. There-
fore, the authors had also coated the bi-layered
membranes with a bone mineral-like apatite layer
by soaking in simulate body fluid (SBF). The authors
then performed in vivo experiments on New Zealand
rabbits by placing the bi-layered GBR membranes
at the 8 mm defects in the front midline of the cal-
varia of the rabbits [25]. They found enhanced bone
formation on the SiVPVH composite layer at the
sites where depressions (regions of fiber-fiber
fusion) were made my stainless steel mesh. Their
study of the fibermat morphology showed a unique
melted structure which they proposed could have
influenced the cells to proliferate and lay-down new
bone faster at those sites [25, 26]. They also noted
that the cells could only migrate through the non-

depressed areas; therefore porosity for cell migra-
tion was important [25].
From an enhancement of bone regeneration point of
view; it is highly desirable to obtain the melt-fused
morphology throughout the fibermat, however the
hot-pressing process closes majority of the pores,
which are critical for cell migration. The hot-press-
ing process that leads to the desired unique mor-
phology is also the major drawback in this material.
Therefore innovative processing methods are
required to overcome this hurdle in achieving the
unique morphology. Here, in this study one such
strategy is explored. The fabrication of the unique
melted structure throughout the fibermat was
attempted by electrospinning a blended fibermat
and applying a heating procedure that induced par-
tial melting and fusion of the poly(lactic glycolic
acid) (PLGA) fibers. In addition to the melt-fused
morphology, by co-spinning PLGA and SiPVH, the
blended fibermat was expected to have improved
mechanical properties, which is important for ease
of handling, shaping to specific shape and finally to
support the biological moieties and cells during the
process of bone regeneration.

2. Experimental section
PLLA (Purasorb®; PURAC, The Netherlands) and
PLGA (53% lactic, 47% glycolic) (Purasorb®;
PURAC, The Netherlands) with average molecular
weight (Mw) of 260 kDa and 160 kDa, respectively
were used. Chloroform was purchased from Wako
Pure Chemical Industries, Ltd., Osaka, Japan.

2.1. Preparation of SiV particles
The silicon-doped calcium carbonate (SiV) pow-
ders were prepared by a carbonation process as
described by Yasue et al. [27] and later modified by
Kasuga et al. [28]. Briefly, calcium hydroxide
(Ca(OH)2) and aminopropyltriethoxysilane (APTES)
were mixed together in methanol, followed by a
constant bubbling of CO2 gas for 75 min at a rate of
2 l·min–1. The resulting slurry was dried at 110°C,
resulting in the formation of SiV powder with aver-
age particle size of 1 µm.

2.2. Preparation of PLGA-SiPVH blended
fibermats

The SiPVH fibermats were prepared according to
the procedure described by Obata et al. [25]. Briefly,
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SiV particles containing fibers, SiPVH, was pro-
duced by electrospinning a composite solution of
60 wt% SiV and 40 wt% PLLA. The composite
solution was prepared by melt blending SiV and
PLLA at 200°C for 10 min with a kneader and dis-
solved in chloroform with 10 wt% polymer concen-
tration. Electrospun fibers of PLGA were produced
after dissolving in chloroform with 10 wt% poly-
mer concentration. Samples were then electrospun
on the Nanofiber Electrospinning Unit (NEU, Kato
Tech Co, Japan). The mixtures for electrospinning
were loaded into a glass syringe and pushed out at a
flow rate of 0.50 µl·s–1 through a metallic needle
(22 gauge for SiPVH and 19 gauge for PLGA) that
was connected to a +20 kV electric field. The fibers
were collected on a rotating drum that was posi-
tioned 15 cm from the tip of the needle. Blended
fibermats were produced by electrospinning two
separate solutions side-by-side. Blended fibermats
containing fibers of PLGA-SiPVH were produced
with a final thickness of 230 µm after spinning for
210 min.

2.3. Modification of blended fibermats
PLGA-SiPVH fibermats were cut into circular
membranes with a diameter of 17 mm. These were
heated in a drying oven at 90, 110 and 130°C for 15,
20, 25 and 30 min to obtain the heat-fused morphol-
ogy of the PLGA-SiPVH fibermats. Previous work
has demonstrated the enhanced cellular prolifera-
tion of MC3T3 cells on an HA coated SiPVH fiber-
mat in comparison to an uncoated SiPVH fibermats
[26]. Therefore, cut fibermats before and after heat-
ing were soaked in a solution containing ions with
1.5 times the concentration of conventional simu-
lated body fluid (SBF) to obtain the HA coating.
The 1.5 SBF solution consisting of 3.75 mM Ca2+,
213.0 mM Na+, 2.25 mM Mg2+, 7.5 mM K+,
222.45 mM Cl–, 6.3 mM HCO3

–, 1.5 mM HPO4
2–,

0.75 mM SO4
2–, 50 mM (CH2OH)3CNH2 and

45.0 mM HCl was prepared using reagent grade
NaCl, NaHCO3, KCl, K2PO4·3H2O, MgCl2·6H2O,
HCl, CaCl2, NaSO4 and NH2C(CH2OH)3. After
immersion in 1.5 SBF solution for 24 h the mem-
branes were washed with distilled water and dried
at room temperature.

2.4. Characterisation of blended fibermats
Samples for scanning electron microscopic (SEM,
JSM-6301F, JEOL, Japan) observations were coated
with amorphous osmium using an Os coater (Neoc,
Meiwafosis, Japan) and observed under 5 kV accel-
erating voltage and 15 mm working distance.
Tensile tests were performed on the AGS-G, Shi-
madzu, Japan machine equipped with a 50 N load
cell. Rectangular samples with dimensions of 5 mm!"
40 mm were cut out of the fibermats and tested with
a grip-to-grip separation of 20 mm at a strain rate of
5 mm/min. Samples were tested until complete fail-
ure and SEM observations were performed on the
failed samples.

3. Results and discussion
Figure 1 shows the SEM images of the PLGA-
SiPVH blended fibermats. The SiPVH on compari-
son to PLGA fibers has a much rougher fibrous sur-
face due to the presence of SiV particles in the
SiPVH fibers. The SiPVH fibers also have a large
average fiber diameter than the PLGA, this was due
to the higher viscosity of the SiPVH (5312 mPa·s)
electrospinning solution than PLGA (793 mPa·s).
The fiber diameters measured from the SEM images
of PLGA ranged from 1.5–10.0 µm and the average
diameter of SiPVH was measured to be 18±5 µm.
The fiber diameter of SiPVH was found to be more
homogeneous than that of PLGA. The cross-sec-
tional image of the PLGA-SiPVH fibermat (Fig-
ure 1b) shows that the polymer and SiPVH fibers
were very well blended.

3.1. Heating of PLGA-SiPVH blended
fibermats

Optical microscopy was performed on the samples
heated at 90, 110 and 130°C for 15 and 30 min (data
not shown). The PLGA-SiPVH fibermat heated at
90°C for 30 min showed only a very small change
in original morphology. On the other hand, at 130°C
complete melting and large run off of the PLGA
fibers were observed at both 15 and 30 min of heat-
ing. Figure 2 shows the SEM images of the PLGA-
SiPVH fibermats after heating at 110°C for 15, 20,
25 and 30 min. All the PLGA-SiPVH fibermats
heated at 110°C showed PLGA softening and flow;
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this lead to fusion with the SiPVH fibers. An identi-
cal morphology was observed after heating for 15
and 20 min, here the initial as-spun PLGA fibrous
network is still vaguely visible, more so in the
15 min heated sample. However, more coalescence

of the PLGA was observed on the 20 min heated
sample. On the other hand, heating for 30 min pro-
duced a large amount of flow where almost all the
PLGA has aggregated towards the SiPVH fibers.
However, heating for 25 min seems to have pro-
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Figure 1. Surface (a) and cross-sectional (b) SEM images of the PLGA-SiPVH fibermat

Figure 2. SEM images of the PLGA-SiPVH fibermat after heating at 110°C for (a) 15, (b) 20, (c) 25 and (d) 30 min



duced enough flow of PLGA fibers that has resulted
in a fibermat morphology that has open pores of the
order of 100 µm and a substantial proportion of
PLGA still bridging the SiPVH fibers. This mor-
phology could be beneficial for cell attachment,
spreading and migration within the fibermat.

3.2. Morphology of the PLGA-SiPVH blended
fibermats soaked in 1.5 SBF

Figure 3 shows the SEM images of the PLGA-
SiPVH fibermats (Figure 3a) after soaking in 1.5
SBF for 24 h, (Figure 3b, d, e) after heating at
110°C for 25 min then soaking in 1.5 SBF and (Fig-
ure 3c) after soaking in 1.5 SBF for 24 h then heat-
ing at 110°C for 25 min. Firstly, the SiPVH fibers in
all of the samples after soaking 1.5 SBF for 24 h
were completely coated with a thick layer of HA (as
shown in Figure 3d). As well, several particles of
HA were also observed on the surface of PLGA,
especially in the case of fine PLGA fibers that were

observed to be completely coated (Figure 3e). Fig-
ure 3d, e shows the high magnification SEM
images of Figure 3b; the HA particles on the SiPVH
and PLGA surface have a globular cauliflower-like
morphology. Secondly, the fibrous morphology of
the as-spun-HA-coated (Figure 3a) and the heated
and HA coated (Figure 3b, c) fibermats show a
clear difference on the size of the pores in the fiber-
mats. Where, from the SEM images the pore size
seems to increase in the order as follows: as-spun-
HA-coated (Figure 3a) < HA-coated-heated (Fig-
ure 3c)!<!heated-HA-coated (Figure 3b). The through-
pore area fraction of the fibermats was calculated
from the SEM images in Figure 3 using ImageJ.
They were found to be 6.4, 16.2 and 9.2% for the
as-spun-HA-coated, heated-HA-coated and HA-
coated-heated, respectively. Although this not the
true porosity of the fibermat but it gives an indica-
tion of the extent of porosity of each sample and
demonstrates that the heating treatment signifi-
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Figure 3. SEM images of the HA-coated PLGA-SiPVH fibermat (a) without heat application, (b) after heating and soaking,
(c) after soaking and then heating and (d, e) high magnification images of (b)



cantly increases the porosity. The as-spun-HA-
coated has the smallest pore space, this is expected
since no heating was applied to result in the coales-
cence of the fine fibers of PLGA. While, in the case
of the HA-coated-heated fibermat (Figure 3c) the
HA coating on the fine PLGA fibers, where several
fine PLGA fibers with HA coating (circled in Fig-
ure 3c) are clearly visible in the SEM image, has
hindered its flow at the post-heating stage. This has
reduced the coalescence of PLGA and hence the
required effect of heating was not achieved. How-
ever, the heated-HA-coated fibermat (Figure 3b)
has the desired morphology, where the SiPVH
fibers are completely coated with HA and large
interfiber distances can be seen. Therefore, for the
blended PLGA-SiPVH fibermats, the processing
conditions of heating at 110°C for 25 min followed
by soaking in 1.5 SBF for 24 h is proposed to be
ideal in achieving the desired fibermat morphology.

3.3. Mechanical properties of the
PLGA-SiPVH blended fibermats

Figure 4a shows the tensile stress-strain curves and
Figure#4b ultimate tensile strength (UTS) and elon-
gation to failure of the as-spun SiPVH and blended
PLGA-SiPVH fibermats and the heated PLGA-
SiPVH fibermats. Both, the UTS and elongation
before failure of all the PLGA-SiPVH blended sam-
ples were higher than that of SiPVH fibermats. The
SiPVH fibermat had low UTS of 0.16 MPa and a
brittle failure with a very low elongation to failure
of 1.44%. The as-spun PLGA-SiPVH blended fiber-

mat showed the largest elongation before failure of
more than 30%. Both, as-spun and the 15 min heated
samples had the highest UTS (~0.5 MPa), which
then steadily decreased with heating time. Samples
heated for 20 and 25 min at 110°C and then soaked
in 1.5 SBF for 24 h were also tested in tension. A
small decrease in the UTS was observed with soak-
ing in SBF. This could be due to the degradation of
PLGA in the 1.5 SBF solution, however the drop in
UTS was minor.
The elongation to failure of the PLGA-SiPVH
blended fibermats decreased drastically after heat-
ing, however still higher than that of SiPVH fiber-
mat. Although, the 15 min-heated sample had rela-
tively high UTS, the elongation before failure
decreased to around 4%. Wei et al. [24] showed that
the fracture energy decreases with increasing fiber-
fiber fusion, where in this study longer heating time
leads to higher fusion hence the elongation before
failure is observed to decrease. Figure 5 shows the
SEM images of the failure regions on the as-spun
and heated samples of the PLGA-SiPVH blended
fibermats after tensile testing. In the as-spun fiber-
mat (Figure 5a–c) large plastic deformation before
complete failure is evident, where several regions
(circled in Figure 5a) of fiber stretching were
observed on the whole fibermat. A higher magnifi-
cation image of the circled area in Figure 5a is
shown in Figure 5b, where the SiPVH fibers were
seen to be completely fractured while the PLGA
fibers have thinned to various thicknesses. Com-
plete fracture of the sample took place when the cir-
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Figure 4. (a) Exemplary tensile stress-strain curves and (b) ultimate tensile strength and elongation to failure of the SiPVH
fibermat and PLGA-SiPVH blended fibermats before and after heat treatment at 110°C for 15, 20, 25 and 30 min.



cle regions connected up along the width of the
whole fibermat. Figure 5c shows a SEM image
from the region of complete failure, which shows
more thinned PLGA and fractured SiPVH fibers.

All the heated samples had a similar failure mecha-
nism which was very different from that of the as-
spun blended fibermats. Plastic deformation in the
heated fibermats was observed to be very local and
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Figure 5. SEM images of the (a–c) as-spun and heated (d) 15 min, (e) 25 min and (f) 25 min-heated and soaked in 1.5 SBF
PLGA-SiPVH fibermats after performing tensile tests. In the images the regions of local deformation in the as-
spun PLGA-SiPVH are shown with ellipses, box in (d) and (f) show the fractured SiPVH fibers stabilised by
PLGA, black arrows point to the PLGA strands that had plastically deformed and white arrows in (f) indicate a
segment of SiPVH fiber stabilised by melt-fused PLGA.



confined to the region of final fracture. Figure 5d–f
shows the SEM images of the failure zones of the
heated samples. There are several important obser-
vations to be made. First, the fiber morphology close
to the fracture zone had minimal disturbance after
testing, a clear example for this is seen in Figure 5f,
where a part of SiPVH fiber shaped ‘U’ (indicated by
white arrows in SEM image) was not pulled out
during testing. This indicates that the failure was
brittle-like and that the melt-fused PLGA-SiPVH
structure was very stable. Second, small strands of
PLGA, indicated by black arrows in the SEM
images, are the only PLGA polymer to undergo
plastic deformation. Thirdly, these strands of PLGA
are observed to hold the fractured pieces of SiPVH
fibers in place (square boxes in SEM images), this
is advantages after implantation if the SiPVH fibers
were to fracture off; they could be held in implanta-
tion site by the PLGA. Finally, the failure region
and mode of failure of the heated-HA-coated
PLGA-SiPVH fibermat (Figure 5f) was identical to
the hated-only fibermats. Therefore, the melt-fused
PLGA-SiPVH fiber morphology obtained by heat-
ing at 110°C for 20 or 25 min and HA coated by
soaking in 1.5 SBF could be promising for cell adhe-
sion, spreading and migration. In vitro cell culture
and in vivo animal studies are required to confirm
this.

4. Conclusions
An attempt to mimic the morphology of the hot
mesh-pressed bi-layered fibermat structure via a
double syringe electrospinning and heating process
was performed. The SEM images show clearly that
the double syringe electrospinning of PLGA and
SiPVH results in a well-blended fibrous structure.
The PLGA-SiPVH fibermats have more than 30%
elongation before failure and ~0.5 MPa ultimate
tensile strength. On heating the PLGA fibers soften
and flow towards the SIPVH fibers and adhere to it.
This is found to indirectly, increase the pore size of
the fibermat and result in multiple triple-points that
connect the SiPVH fibers. Heating at 110°C for
20 min and more so after 25 min was found to pro-
duce a microstructure with pores of the order of
100 µm. The melt-fused PLGA-SiPVH fibermats
after heating have higher elongation to failure and
ultimate tensile strength on comparison to SiPVH-
only fibermats. The melt-fusing by PLGA was also

observed to provide stability to the SiPVH fibers
while also increasing their strength.
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1. Introduction
Filament winding is known to be one of the most
economic and efficient methods for producing fiber-
reinforced polymer (FRP) structures such as pipes
and vessels. Pressure-retaining structures made from
FRP are becoming increasingly popular, and are
frequently considered as an alternative to conven-
tional metallic structures. Improved performance in
terms of high specific strength and corrosion resist-
ance can be achieved with FRP pressure structures.
However, the performance of these structures is
dependent on the diverse and sustained loading
conditions throughout their service life. It is there-

fore of great importance to understand their com-
plex material behavior and damage mechanisms
under different loading conditions and environmen-
tal effects.
In the design and application of composite pressure
piping, functional and structural failure mecha-
nisms must be considered [1–6]. In the case of func-
tional failure (e.g. leakage) the structure is unable to
contain the pressurized fluid, even though it is still
able to sustain the applied mechanical loading.
Structural failure (e.g. burst failure) is thus charac-
terized by the pipe’s inability to carry the applied
loading. These types of failure usually occur as sep-
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arate events, but can happen as concomitant dam-
age events depending on the applied loading situa-
tion. Functional failure is typically distinguished by
fluid weepage and wetting of the outer wall. Due to
fluid transmission through the wall, composite
pressure structures have restricted application with-
out any ancillary support medium (e.g. liner). Leak-
age is directly related to transverse matrix micro-
cracking which is characterized by a reduction of
composite stiffness as well as nonlinear stress-strain
behavior. Functional failure is known to occur when
transverse tensile loading normal to the fibers
exceeds a certain threshold value [6].
Thermosetting polymers such as epoxy with their
inherent brittleness are particularly prone to matrix
cracking. One possible route to enhance ductility of
thermosets is by dispersing rubbery phases inside
the polymer matrix, i.e. liquid rubbers [7–13], ther-
moplastic spheres [14, 15], core-shell particles [16–
18] and nanostructured block-copolymers [19–23].
Likewise, inorganic particles such as silica [7, 24],
alumina [24], glass beads [25] and nano-clay [18,
26–30] are also known to enhance the toughness of
the epoxy. Mechanism of epoxy toughening (i.e.
particle cavitation, matrix shear yielding, multiple
crazing, crack pinning and crack deflection) can be
as diverse as the multifarious reinforcements avail-
able [31]. Irrespective of the operative resistance
mechanism, the sole purpose of the dispersant is to
aid the deformation process for dissipating energy.
In FRP structures the presence of a fibrous rein-
forcement phase introduced additional complexity
to polymer toughening. It is peculiar that toughness
enhancements as observed in bulk polymers are not
always transferrable to the same extent to fiber
composite systems [32, 33].
Recently, polymer nanocomposites have become
the forefront of composite research. Polymer nano -
composites are typically composed of a polymeric
phase with one or more reinforcing nano-scale
materials. Final properties of the resulting nanocom-
posites are dependent on the type of constituents
used, their morphologies, interfacial characteristics,
dispersion methods and preparation techniques.
The nano-clay I.30E used in this study is an organi-
cally modified hydrous aluminosilicate with a plate-
like structure, having an aluminum octahedron layer
sandwiched between silicon tetrahedron sheets.
Studies have indicated that optimum properties of

the resulting nanocomposite are obtained in an exfo-
liated structure, when individual silicate layers are
completely dispersed into the polymer matrix [34–
36]. The distance between the clay interlayer in the
polymer matrix depends on such properties as the
clay structure, curing agent, curing temperature and
time, viscosity and the type of resin. Block-copoly-
mers on the other hand have a structure consisting
of rather long sequences of different repeating units.
Commercially available M52N is an acrylic tri-
block-copolymer which consists of rigid and rub-
bery blocks. This type of block-copolymer easily dis-
solves in epoxy resin and self-assembles on the nano-
level due to the affinity between epoxy monomers
and polymethylmethacrylate (PMMA), and repul-
sion between the epoxy monomers and the middle
polybutylacrylate block (PBuA) [21, 22]. Various
studies have been conducted on block-copolymer
modified epoxy, most of which reported enhance-
ments in toughness and ductility in the modified
resin, while causing only minor reductions in stiff-
ness and strength [19–23]. Similarly, nano-clay
filled nanocomposites were found to increase tough-
ness as well [26–29]. In clay modified materials an
enhanced tensile strength and stiffness [26, 27, 34]
were usually also observed while ductility was
compromised.
The focus of the present study is to investigate meth-
ods for enhancing mechanical properties of the epoxy
matrix by incorporating nanoparticles into the mate-
rial system. The notion is to improve matrix tough-
ness by adding nanoparticles into the substrate mate-
rial to mitigate or prevent transverse matrix crack-
ing in filament-wound pressure-retaining structures.
With this intention in mind, two different types of
nanoparticles were investigated, i.e. inorganic clay
I.30E and organic tri-block-copolymer M52N. Sev-
eral epoxy-nanoparticle formulations were devel-
oped and used as the matrix material for filament-
wound composite piping. Morphology, mechanical
and fracture studies of bulk epoxy nanocomposites
were performed, and hybrid filament-wound epoxy
composite pipes were subjected to biaxial stress
testing.

2. Experimental procedure
2.1. Material system
The matrix material used in this study was EPON
826 bisphenol-A resin with EPI CURE 9551 non-
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MDA polyamine curing agent; both are proprietary
formulations of Hexion Specialty Chemicals (Colum-
bus, Ohio, USA). The nanofiller used was Nanomer
I.30E, CH3(CH2)17NH3-MMT, which is an primary
alkylammonium ion modified Na-montmorillonite
(Na-MMT) from Nanocor Inc. (USA). The other
type of nano-phase material was an acrylic tri-block-
copolymer M52N [PMMA/DMA PBuA PMMA/
DMA] (where DMA stands for dimethacrylamide)
synthesized by Arkema Inc. (Philadelphia, Pennsyl-
vania, USA). The fiber reinforcement material was
basalt fiber KV12 supplied by Kamenny Vek (Dubna,
Moscow Region, Russia).

2.2. Epoxy nanocomposite formulation
Preparation and processing of epoxy nanocompos-
ites from resin, curing agent and nanofillers involved
such major steps as mixing, dispersion and degassing.
Prior to dispersion into the epoxy precursor, nano-
clay I.30E was dried in an oven at an elevated tem-
perature of 120°C for a period of 24 hours. After-
wards, the nano-clay was allowed to cool down to
room temperature. A specific amount of I.30E was
first introduced into acetone, and pre-swelling in
acetone was performed for six hours at room tem-
perature. The solution was then mixed with pre-
heated EPON 826 resin at 60°C by gentle stirring.
Acetone promoted migration of epoxy inside the
clay interlayer and also reduced resin viscosity. To
obtain the desired level of resin viscosity for effi-
cient ultrasonic mixing, the system temperature was
slowly raised to 80°C. A 300 ml mixture of nano-
clay and EPON 826 was subjected to sonication in a
glass beaker for eight hours. The Sonifier (Branson
model S-75) (Branson Ultrasonics Corporation,
Danbury, CT, USA) operated at 75 W power output
with 20 kHz output frequency. A step horn sonotrode
with a 12.7 mm tip diameter was used to transmit
ultrasonic energy. Sonication was followed by two
hours of mechanical mixing. Finally, the mixture
was degassed under vacuum until all excess acetone
was completely stripped off from the solution.
M52N copolymer was dissolved directly by gradu-
ally adding block-copolymer powder to the epoxy
resin at room temperature under steady mixing. The
temperature was then increased and held stationary
at 80°C until a homogenous solution and good opti-
cal transparency was observed. The dissolution time
varied with copolymer concentration.

A stoichiometric amount of curing agent was mixed
with the epoxy-nanofiller mixture at 60°C for five
minutes by a mechanical stirrer running at 900 rpm.
Formation of bubbles during curing agent addition
necessitated a degassing cycle to be performed for
10~20 minutes. Finally, the resin mixture was poured
into a stainless steel mold and cured at 120°C for
two hours. Representative techniques were fol-
lowed for epoxy nanocomposite formulations con-
taining 1, 2 and 3 wt% I.30E or 1, 3 and 5 wt%
M52N.

2.3. Hybrid nanocomposite pipe fabrication
Filament-wound basalt fiber/epoxy/nanoparticle
tubes were manufactured containing various con-
centrations of either M52N or I.30E. Hybrid fiber-
reinforced nanocomposite pipes were fabricated by
pulling five continuous basalt fiber strands from
their creels using a computer controlled WMS 4-
axis filament winding machine (McClean Ander-
son, Schofield, WI, USA). While en-route to the man-
drel, fiber strands were thoroughly impregnated
with epoxy-nanoparticle formulation contained in a
drum-type resin bath maintained at 30°C. Layers of
resin wet fiber material were wound successively
onto chrome-plated steel mandrels. Throughout the
manufacturing process a numerically controlled
tensioning system steadily applied 26.7 N tension to
each fiber strand. Curing of the specimens occurred
at 80°C for one hour and 120°C for 2.5 hours, fol-
lowed by cooling down to room temperature. For
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Figure 1. Tubular test specimen



mechanical testing, a rubber bladder liner was
inserted inside each tubular specimen and the tube
extremities were reinforced with aluminum end
connections. The rubber bladder was designed to
enable the assessment of functional as well as struc-
tural failure in the same experiment [5]. Composite
pipes were also fitted with two strain gauge rosettes
aligned parallel and perpendicular to the tube axis.
All specimens had a [±603]T fiber architecture, an
inside diameter of 38.1 mm and a gage length of
90 mm. Figure 1 shows a test specimen with attached
aluminum end connections.

2.4. Microstructure study
X-ray diffraction (XRD) analysis of the clay nano -
composites was carried out using a Rigaku Geiger-
flex 2173 (Rigaku Corporation, Tokyo, Japan) dif-
fractometer with a vertical goniometer. The system
is equipped with a Co tube and a graphite mono-
chromator to filter K-beta wavelengths. All tests
were run at 40 kV and 30 mA, and samples were
scanned between 2! = 1 to 30° changing the angle
of incidence at a rate of 0.008 2! s–1.
Thin sections (5~10 !m) of the epoxy nanocompos-
ite fracture surface were investigated by transmis-
sion optical microscopy (TOM). To prepare the thin
sections, nanocomposite blocks were first placed in
a Reichert Jung Ultra Microtome (C. Reichert Opti-
sche Werke AG, Vienna, Austria) and sectioned

with a diamond cutter. These sections represent an
area near the starter crack taken normal to the frac-
ture surface and parallel to the crack propagation
direction. The subsurface birefringent zone was
explored under bright field and between cross
polarizers using a Leica DMRXA microscope (Leica
Microsystems, Wetzlar, Germany) directly con-
nected to a Nikon DXM 1200 digital camera.
Representative samples of the cured nanocompos-
ites having a thickness of about 40 nm were exam-
ined with a Morgagni 268 (FEI, Hillsboro, Oregon,
USA) transmission electron microscope (TEM) at
80 kV. A Reichert Jung Ultra Microtome was again
used to make the thin specimens. Some of the nano -
composite samples containing M52N block-copoly-
mer were allowed to stain overnight in 4% osmic
acid.

2.5. Mechanical testing of epoxy
nanocomposites

Stress intensity factors KI at failure of nanocompos-
ite samples under plane-strain conditions were
determined by three-point bending. The single edge
notch bend (SENB) geometry was chosen accord-
ing to the standard ASTM D5045 99, and testing
was performed on a MTS 810 (MTS Systems Cor-
poration, Eden Prairie, MN, USA) universal testing
machine with a crosshead speed of 0.2 mm/min.
Two methods were chosen to pre-crack specimens
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Figure 2. Pre-crack configurations: (a) blunt crack, (b) sharp crack [35]



prior to testing. A razor blade was inserted and
pressed down to a depth of 1 mm inside a machined
notch using the same MTS machine. This generated
a blunt crack as shown in Figure 2a. The second
method involved inserting and repeatedly tapping a
razor blade with a hammer into the machined notch,
which created a natural sharp crack (see Figure 2b).
The stress intensity factor was calculated according
to Equations (1–3):

                                                  (1)

with

                                                                 (2)

(3)

where P is the load at failure, B is the specimen
thickness, W is the specimen width, and " is the
overall crack length. In this study, stress intensity
factors of sharp pre-cracked specimens were con-
sidered to provide the fracture toughness KIC of the
composite.
Uniaxial tensile tests were performed according to
the standard ASTM D638 03 for the determination
of the tensile modulus, tensile strength and tensile
elongation at break of the neat epoxy and the nano -
composite samples. Dog bone specimens were
mounted into the MTS 810 universal testing machine,
and tested at a constant loading rate of 4.5 N/s.

2.6. Fractographic study
Fracture surfaces of single edge notch bend speci-
mens were explored by a JEOL 6301F field emis-
sion scanning electron microscope (SEM) (JEOL
Ltd., Tokyo, Japan) at an accelerating voltage of
5 kV. This instrument allowed for nanostructure
evaluation with a high resolution of approximately
~3 nm. Before inspection, a conductive gold coating
was applied to the I.30E nanocomposite fracture

surface, while M52N modified epoxy fracture sur-
face was coated with chromium.

2.7. Mechanical testing of hybrid
nanocomposite tubes

Prior to mechanical testing of the hybrid fiber-rein-
forced nanocomposite pipes, fiber volume fractions
were determined by resin burn-out tests, and nomi-
nal wall thicknesses were also calculated [6]. Corre-
sponding data is summarized in Table 1. Tube sam-
ples made with M52N and I.30E exhibited, for the
most part, decreasing fiber volume fraction with
increasing nanofiller content. The reverse trend
resulted for the wall thicknesses, which increased
with rising nanofiller content. An increase in resin
viscosity with nanofiller loading is assumed to have
caused this behavior.
Multi-axial testing of the pipe specimens was per-
formed by applying a monotonic 2-to-1 hoop-to-
axial stress loading ratio (‘pressure vessel loading’)
[2]. During each test a custom built multi-axial test-
ing machine maintained a constant biaxial stress
ratio by simultaneously applying internal pressur-
ization and axial traction. All tests were preformed
under load control conditions. A pressure intensifier
supplied hydraulic oil for specimen pressurization
at a rate of 4.63 kPa/s. Loading was continued until
ultimate specimen failure (i.e. structural failure). The
data acquisition system permitted recording of hoop
and axial strains, axial load and stroke, internal
pressure and pressure intensifier volume. Average
hoop and axial stresses were determined applying
thin-wall membrane theory according to standard
ASTM D2992 06. Hoop and axial stresses were cal-
culated according to Equations (4) and (5):

                                    (4)
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Table 1. Fiber volume fraction and nominal wall thickness for fiber-reinforced nanocomposite pipes

Filler type
Filler matrix loading

0 wt%
(neat epoxy) 1 wt% 2 wt% 3 wt% 5 wt%

Fiber volume fraction [%]
M52N

66.8
66.0 65.9 65.2

I.30E 59.9 59.9 58.8

Nominal wall thickness [mm]
M52N

1.306
1.333 1.341 1.355

I.30E 1.472 1.472 1.499



where D is the internal pipe diameter, t is the wall
thickness, pi and F are the internal pressure and
axial force applied to the pipe, and p0 is the atmos-
pheric pressure.

2.8. Detection of pipe failures
Quantification of previously mentioned failure
events was critical as this would typically standard-
ize the performance of the composite pipes for their
intended service condition. To identify functional
and structural failure events from the same test
setup, each pipe sample was fitted with the aforemen-
tioned internal rubber bladder, which enabled pres-
surization until catastrophic pipe failure. Prior to
testing the inside of a rubber bladder as well as the
annular volume in between the pipe and the bladder
were filled with hydraulic fluid. Pressurization
occurred from inside the bladder. In the course of
the experiment, the initiation, accumulation and
coalescence of matrix cracks provided pathways for
fluid to escape through the composite structure. In
this study, functional failure in the form of leakage
was characterized by a prescribed fluid loss volume
through the tube wall (i.e. a loss corresponding to
1% of the internal pipe volume). After a certain
amount of fluid loss from the annulus, the inflating
rubber bladder provides a seal inside the specimen.
Pressurization was continued until rapid loss of
fluid from the hydraulic system was ascertained
indicating pipe burst, i.e. structural failure.

3. Results and discussion
3.1. Microstructure study
The morphology of the layered silicate in nanocom-
posites was studied by wide-angle X ray diffraction
(WAXD). X-ray diffraction patterns of cured nano -
composites for various clay loadings are shown in
Figure 3. Nanocomposites containing 1 and 2 wt%
I.30E clay did not produce any distinguishable dif-
fraction peak. In these nanocomposites the clay
architecture can therefore be interpreted as exfoli-
ated. Nevertheless, an intercalated structure cannot
be fully ruled out as the traces exceed the detection
limit of the WAXD (2! " 1°). Also shown in Fig-
ure 3 is the diffraction peak for a sample with
3 wt% clay, which shifted to the left implying that
the clays preserved their characteristic stacked layer
structure as tactoids with interlayer spacing d001 of
2.72 nm. From XRD traces the interlamellar dis-

tance of the pure organically modified clay I.30E
was estimated to be d001 = 1.9 nm.
The TEM micrograph of a clay nanocomposite
shown in Figure 4a displays partly exfoliated and
predominantly intercalated layered silicate struc-
tures having adjacent silicate layers 10~15 nm apart
from each other. Although most of the intercalated
nano-clays are in submicron size, a few agglomer-
ated micron size clay particles are also visible in the
TEM micrograph, as exhibited in the lower magni-
fication image of Figure 4b. In agreement with
Messersmith and Giannelis [36] it was assumed that
this type of aggregate formation is the result of
chemical interaction between the silicate layer and
the N–H group in the polyamine curing agent or
from the alkyl ammonium ion modifier of the nano-
clay. Figures 4c and 4d show randomly dispersed
20~30 nm spherical micelles of the block-copoly-
mers, which consist of a PBuA rubbery core sur-
rounded by a PMMA rigid shell [22]. Note that con-
sistent with the particle size of both M52N and
I.30E and the wavelength of visible light, the pre-
pared nanocomposite samples were optically trans-
parent.
Transmission optical microscopy allowed visuali-
zation of polymer deformation by identifying the
birefringence and voided zone underneath the frac-
ture surface. Assuming that a propagating crack
would leave behind traces of a subsurface damage
zone, TOM was employed to confirm the presence
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Figure 3. X-ray diffraction traces of pure I.30E and its
nanocomposites



of the plastic zone. Figure 5 shows the existence of
matrix deformation or shear banding for both pre-
crack geometries under plane-strain condition. The
birefringent region in the sharp crack is mainly con-
fined in the process zone near the starter crack (see
Figure 5b), whereas for the blunt crack the birefrin-
gent region shown in Figure 5c traverses the whole
cross-section due to crack-tip plasticity. Dean and
coworkers [19, 20] and Hydro and Pearson [21]
reported similar subsurface localized matrix defor-
mation for block-copolymer (i.e. PEO-PEP, PMMA-
PBuA-PMMA) modified epoxy. TOM images taken
under bright field and also in cross-polarized light
conditions represent a toughened epoxy containing
1 wt% M52N. The size of the crack-tip plastic zone
can be estimated theoretically according to the Irwin
equation [7]. In a plane-strain condition, the Irwin

equation, i.e. Equation (6) yields the radius of the
plastic zone according to the following expression:

                                                 (6)

where ry is the radius of the plastic zone, KIC is the
plane-strain fracture toughness,  and the value of
the tensile yield stress #ys = 72.76 MPa was meas-
ured from uniaxial tensile testing. Theoretically
determined radii of the plastic zone are 7.52 and
80.04 !m for the sharp and blunt crack geometry
respectively. In terms of the linear elastic fracture
mechanics, the stress situation at the crack-tip can
adequately explain the damage behavior as observed
by TOM microscopy. In plane-strain condition, a
triaxial state of stress caused an intense stress field
at the sharp crack-tip, thereby imposing restrictions
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Figure 4. TEM images of nanostructures in epoxy nanocomposites: (a) intercalated clay I.30E (high magnification),
(b) flocculated clay I.30E (low magnification), (c) spherical micelles of M52N block-copolymer without osmic
acid staining and (d) with osmic acid staining



on the plastic zone size. For the blunt crack-tip the
stress is distributed over a wider section (mimick-
ing a state of plane-stress) that contributed to the
formation of a relatively larger plastic zone. Later
in this paper it will be shown that these differences
in the stress field have a considerable effect on the
toughening mechanism of the modified epoxy.

3.2. Mechanical testing of epoxy
nanocomposites

Fracture toughness of the neat epoxy was estimated
to be 0.78 MPa·m0.5. In Figures 6 and 7 average stress
intensity factors of neat epoxy and its nanocompos-
ites are compared for the respective pre-crack
geometries. (Note that in the following, error bars

shown in graphs represent plus and minus one stan-
dard deviation for tests performed in triplicate or
greater; lines represent first or second degree poly-
nomial trend lines). It is shown that a sharp pre-
cracked nanocomposite containing 5 wt% M52N
yields an almost twofold improvement in tough-
ness, which reveals a direct contribution of block-
copolymer loading on fracture toughness. Pearson
and Yee [12, 13] observed cavitation induced plas-
tic deformation for rubber toughened epoxy, and
Wu et al. [23] described a similar crack resistance
phenomenon for nanostructured (micelle) block-
copolymer modified epoxy. The present authors
also observed similar phenomena during the frac-
ture process. Hydrostatic tension ahead of the sharp
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Figure 5. TOM images of epoxy block-copolymer nanocomposites: sharp pre-cracked fracture surface examined under
(a) bright field, (b) cross-polarized light and (c) blunt pre-cracked surface under cross-polarized light

Figure 6. Critical stress intensity factor of nanocomposites
relative to M52N block-copolymer concentration

Figure 7. Critical stress intensity factor of nanocomposites
relative to I.30E nano-clay concentration



crack-tip caused cavitation of the rubbery core of
the block-copolymer resulting in localized shear
deformation of the epoxy matrix; both are energy
absorption mechanisms. In the case of blunt cracks
only a minor enhancement in critical stress intensity
became obvious (see Figure 6), which is assumed to
be the effect of crack-tip plasticity evidenced by a
large deformation zone shown in TOM microscopy
in Figure 5c. Thus, without any discernible distinc-
tion in fracture energy between the block-copoly-
mer modified epoxy and the neat epoxy the behav-
ior with a blunt crack practically resembles tensile
fracture. Subramaniyan and Sun [29] documented an
equivalent effect of crack-tip zone plasticity in their
study of organoclay and core-shell rubber tough-
ened epoxy.
As presented in Figure 7 the behavior of nano-clay
modified nanocomposites was rather different. For
instance, only marginal or no improvement in frac-
ture toughness was achieved for nanocomposites
with 2 wt% I.30E and a sharp crack, and for sam-
ples with a blunt crack a moderated drop in fracture
energy of up to 10% was observed. According to
Zilg et al. [26] and Zerda and Lesser [27], a mostly
intercalated structure rather than an exfoliated nano -
composite improves toughness by exposing addi-
tional surface area during the crack propagation
process. However, clay nanocomposites prepared in
this study behaved differently, primarily due to par-
tial exfoliation of the nano-clay, and secondly,
because of the relatively small size of the interca-
lated nano-clay. It will subsequently be shown (i.e.
in Figures 10b and 10c) that most of the particles
are indistinguishable on the micron level, indicating
a rather uniform distribution of submicron size par-
ticles. The ultrasonic mixing process is considered
to be the cause for the break down of clay agglom-
erates into the submicron size. It is well recognized
that particle size, shape and structure significantly
affect the fracture process in particulate reinforced
polymers. In the subsequent section of this paper,
micromechanisms are further explored and dis-
cussed in light of the insignificant effect of nano-
clay on fracture toughness.
Tensile moduli of the neat epoxy and the nanocom-
posites are shown in Figure 8. In the case of acrylic
block-copolymer modified epoxy, the modulus
slightly decreased in response to increasing M52N
concentration. A decrease of about 5~10% was

observed for the range of M52N concentrations
studied. Nanocomposites made from 1 wt% layered
silicate I.30E resulted in more than 16% enhance-
ment in stiffness compared to pure epoxy; moduli
were increased even more for higher nano-clay
loadings, which is in agreement with the findings of
Lan and Pinnavaia [34]. Exfoliated clay platelets
with 1 nm thick silicate layers having high in-plane
bond strength and large surface area were expected
to greatly improve mechanical properties of the
nano composites [34]. The present study substanti-
ated this notion as even predominantly intercalated
nano composites generated significantly increased
epoxy stiffness; to a certain extent, the intercalated
particles of relatively small size caused a stiffening
effect similar to that of exfoliated nano-clays.
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Figure 8. Tensile modulus of nanocomposites with respect
to nanofiller loading

Figure 9. Tensile strength of nanocomposites with respect
to nanofiller loading



Figure 9 correlates tensile strength of the nanocom-
posites with their corresponding nanofiller load-
ings. Notably, strength remained mostly unaffected
by the block-copolymer addition, which is contrary
to the common intuition about rubber modified
thermosets [13, 14]. Possible reasons for this behav-
ior are the nano-scale dispersion and greater com-
patibility of M52N block-copolymer towards epoxy.
Addition of 1 wt% I.30E nano-clay in the matrix
caused a slight increase in tensile strength but for
higher nano-clay loadings a minor decrease was
recorded.

3.3. Fractographic study
SENB fracture surfaces of the neat epoxy and its
nanocomposites were extensively studied using
SEM microscopy, see Figures 10 and 11. An arrow
displayed in these micrographs indicates the crack
propagation direction. The neat epoxy fracture sur-
face was found to be flat and smooth, which is char-
acteristic of brittle fracture behavior in a homoge-
nous material. Relative to the unmodified epoxy,
the extensively rough surface morphology of the
nano-clay filled epoxy evidences repeated perturba-
tion of the crack front from its original propagation
path due to the presence of intercalated clay. Fea-
tures shown in Figure 10b are consistent with bifur-
cation and/or deflection of the primary crack into
multiple secondary cracks which are not necessarily
coplanar [25]. Most of the clay tactoids shown in
the micrographs are in the submicron size, but it is
evident that a small fraction of particles were as
large as ~10 !m. Due to the mostly small particle
size and an apparently lower interparticle distance,
deflected crack paths intersecting with each other
generate a severely textured surface morphology as
shown in Figures 10b and 10c, even though the clay
concentrations were different for these nanocom-
posites. No indication of interfacial debonding
between the epoxy network and the clay structures
was discernible, suggesting excellent interfacial
interaction. The morphology of the fracture surface
also discounts the occurrence of effective crack pin-
ning mechanisms. As reported in [25, 31], crack
deflection mechanisms are not an efficient source
of toughening, which correlates well with the rather
insignificant toughening effect of the nano-clay.
In Figures 11a and 11b, acrylic block-copolymer
modified epoxy exhibits a plane and featureless

                                              Bashar et al. – eXPRESS Polymer Letters Vol.5, No.10 (2011) 882–896

                                                                                                    891

Figure 10. SEM images of nanocomposite fracture sur-
faces: a) neat epoxy, b) 1 wt% and c) 2 wt%
I.30E nano-clay modified epoxy



crack surface with considerable epoxy-rich regions.
Also evident in the same pictures is nanoscopic sur-
face roughness. It appears that cavitation of the spher-
ical micelles occurred during the fracture process,
which is substantiated by the presence of minute
spherical cavities with approximately ~20 nm size
that are randomly dispersed in the polymer matrix.
As mentioned previously, the cavitation process is
considered to have initiated localized shear yielding
of the matrix causing substantial dissipation of
energy as evidenced by excellent improvements in
fracture toughness [21, 23].

3.4. Mechanical testing of hybrid
nanocomposite tubes

It is a common inference that transverse matrix
cracking initiates near or at the fiber-matrix inter-
face and then transmits through the resin matrix.
Matrix cracks usually initiate at very low global
strain levels due to high strain concentrations near
the fiber resulting from the elastic discontinuity at
the interface [1, 37]. Figure 12 depicts the influence
of nanofiller loadings on maximum hoop strain,
which usually is congruent with the leakage point at
this loading ratio. Maximum hoop strain of the
unmodified epoxy pipes was measured to occur at a
mechanical strain of approximately 2400 µ#. For a
5 wt% M52N loading an increase in leakage failure
strain of about 30% was observed. M52N signifi-
cantly enhanced leakage failure strain and at the
same time reduced stress non-linearity. These
results correspond to those reported by Sjögren and

Berglund [10, 11], who demonstrated a significant
increase in transverse cracking strains as a direct
consequence of the modifier concentration. Con-
versely, for nano-clay modified pipes the leakage
failure strain remained practically unaffected, and a
maximum of 10% increase in strain was observed
for 3 wt% nano-clay in the matrix.
Failure stresses of hybrid fiber-reinforced nanocom-
posite pipes are summarized in Figures 13 and 14.
The graph for M52N block-copolymer filled epoxy
reveals that the hoop stress at leakage increased by
only 4% with the addition of 1 % M52N (Figure 13).
For the remainder of block-copolymer concentra-
tions a less pronounced effect on leakage strength
was noticed, and a simultaneous decrease in leak-
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Figure 11. SEM images of M52N block-copolymer modified epoxy fracture surfaces at: a) low magnification and b) high
magnification

Figure 12. Maximum hoop strain of hybrid nanocomposite
pipes as a function of nanofiller loading



age and burst strength was observed for 5 wt%
M52N. Test data for tubes made with I.30E modi-
fied polymer showed that the nano-clay imparted
significant reductions in both the leakage and burst
failure strengths (Figure 14). In summary, failure
strength reductions were strongly correlated with
I.30E loading, whereas strength values remained
relatively stable when the polymer matrix was rein-
forced with M52N block-copolymer.
For pipes made with pure epoxy it was observed
that transverse cracks initiate at low global strain in
zones of high fiber packing followed by sudden

unstable crack growth. Crack initiation likely
occurred by adhesive debonding at the fiber-matrix
interface where local strain concentrations are high.
Transverse cracking associated with interfacial
debonding was observed by various researchers [10,
11], and others have described the instantaneous
crack propagation phenomenon [38, 39]. In the case
of block-copolymer modified epoxy, the enhanced
matrix ductility caused a build-up of strain energy
until the sudden release of this energy resulted in
initiation and subsequent crack propagation. It
appears that matrix toughness significantly affected
crack initiation and/or debonding processes due to
improved polymer ductility. Delayed debonding
may also be the outcome of better interfacial adhe-
sion between the fiber and the matrix [11], possibly
due to a sizing effect of the [PMMA/DMA-PBuA-
PMMA/DMA] block-copolymer on the basalt fiber
material [40]. As a consequence, increased strains
at leakage failure were observed. However, the influ-
ence of M52N block-copolymer addition on the
amount and/or extent of cracking was insignificant
as evidenced by only minor improvements in leak-
age failure stresses. It is assumed that restrictions
imposed by adjacent fibers on the crack-tip plastic
zone affected the propagation of transverse cracks,
and also restricted the ability of the spherical
micelles to cavitate and cause matrix shear yield-
ing. It has been reported that in a fiber-polymer
composite, fibers appear to constrain the crack-tip
deformation zone [32]. This effect is more pro-
nounced in a toughened polymer than in a brittle
matrix. As a result, the development of matrix crack
networks and associated fluid leakage was not
diminished anywhere near the extent that one may
have expected based on fracture toughness improve-
ments in pure block-copolymer modified epoxy
resin.
Influenced by congruent trends between composite
pipe leakage strengths and fracture energies ascer-
tained for nanocomposite samples with a blunt
crack, it was hypothesized that transverse matrix
cracking in filament-wound pipes, which includes
both the initiation and propagation of micro-cracks,
resembles tensile fracture behavior in a brittle matrix
material. As discussed by Subramaniyan and Sun
[29] it appears that fracture behavior associated
with propagation of blunt cracks is dominated by a
stress concentration factor and not a stress intensity

                                              Bashar et al. – eXPRESS Polymer Letters Vol.5, No.10 (2011) 882–896

                                                                                                    893

Figure 13. Hoop failure stress of hybrid nanocomposite
pipes as a function of M52N block-copolymer
loading

Figure 14. Hoop failure stress of hybrid nanocomposite
pipes as a function of I.30E nano-clay loading



factor at failure. It is postulated that to some extent
these mechanisms were effective in the case of
block-copolymer modified epoxy pipes. Further
studies are underway in support of this statement,
and interlaminar fracture toughness, microscopy
studies and interface effects will be discussed in
subsequent publications.
For the nano-clay modified epoxy material it was
concluded that the presence of few flocculated clay
particles provided an uneven distribution of stress
concentration points throughout the epoxy matrix
(see Figure 4b), which supposedly acted as initia-
tion sites for transverse matrix cracks [18]. Consid-
ering that the leakage phenomenon is dominated by
crack initiation events rather than crack propagation
(of a dominant crack), and due to enhanced stress
fields resulting from the interaction of clay aggre-
gates and the applied loading, leakage strength of
the composite pipes was degraded. Substantial matrix
cracking further caused reduced structural strength.
In the presence of a weakened fiber-matrix load-
sharing mechanism, fibers failed at their weakest
points at reduced global load levels. The degraded
matrix also allowed fibers to realign along the
direction of the resulting force, thus imposing addi-
tional loading upon the fibers.

4. Conclusions
Visual inspection of functionally failed fiber-rein-
forced composite pressure pipes commonly reveals
multiple aligned, nearly homogenously distributed
cracks, which form numerous interconnected fluid
pathways from the inner to the outer pipe surface.
The majority of these cracks are oriented parallel to
the fiber direction with crossover undulation points
indicating delimitation of the laminates. The com-
mon intuition about transverse matrix cracking is
that it is the consequence of stress acting transverse
to the fiber direction. For the fiber orientation
selected in this study, it is presumably the axial ten-
sile load which is predominantly responsible for
transverse matrix cracking of the composite pipe.
Based on these observations the notion was to rein-
force the relatively brittle epoxy matrix with a
nano-particulate phase with the intent to mitigate
the progression of micro-cracks. Yet, the intended
reinforcement effect could not be realized, despite a
considerable improvement in fracture toughness for
one type of the tested nanocomposite system.

Modification of epoxy with tri-block-copolymer
M52N rendered significant improvements of epoxy
toughness by a process of particle cavitation and
localized shear deformation of the matrix. In con-
trast, I.30E clay exhibited almost negligible influ-
ence on epoxy toughness, where the fracture prop-
erties of the nanocomposites are dictated by the
exfoliated and intercalated morphology of the clay.
It was hypothesized that the transverse cracking
process for fiber composite pipes made with M52N
block-copolymer toughened epoxy begins with pro-
longed straining followed by fiber-matrix interfa-
cial debonding and immediate crack propagation.
Crack progression was also effected by alteration of
the crack-tip stress field by adjacent fibers. In case
of the I.30E nano-clay modified epoxy pipes, trans-
verse matrix cracking was further accelerated in the
presence of micron size clay aggregates which
acted as stress concentrators. Even though leakage
failure strain improved moderately for some of the
hybrid nanocomposite pipes, these enhancements
proved insignificant for the leakage failure strength,
and the damage mechanism was found to practi-
cally resemble that of the neat epoxy composite
pipes.
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1. Introduction 
Recently, there has been renewed interest in apply-
ing biodegradable thermoplastic elastomers (TPEs)
for biomedical implants. TPEs are favored over chem-
ically crosslinked networks because of their remold-
ability and easy processability. Unlike crosslinked
elastomeric networks, TPE demonstrates elastomeric
properties due to physical crosslinks that are formed
as a result of microphase separation between hard
and soft segments. Typically, soft segments can pro-
vide elasticity and flexibility while hard segments
offer the necessary physical crosslink sites.

Polyurethanes (PU) and poly(urethane urea) (PUU)
have been intensively studied for several decades
for mainly tissue engineering scaffolds and vascular
implants because of their compatibility, elasticity
and ease of surface modification. The hard segment
in PUs typically contains diisocyanate, and their
modification is an accepted way to alter properties
of thermoplastic PU and PUU. One can enhance
elasticity of PU by using an aliphatic diisocyanate
instead of aromatic diisocyanate; and improve ten-
sile strength and Young’s modulus by increasing
hard segments content [1]. However, increasing the
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diisocyanate content is not desirable in a biodegrad-
able system because of the potential toxicity con-
cerns regarding the degradation products, although
this is still a matter of debate [2, 3].
To achieve effective elastomeric properties in ther-
moplastic PU and PUU, soft segments modifica-
tion, as an alternative, was investigated intensively.
In previous studies, soft segments such as poly(!-
caprolactone) (PCL) [4, 5], the copolymer or blend
of PCL and polylactide (PLA) [6, 7], triblock PCL-
PEG-PCL with poly(ethylene glycol) (PEG) as
middle block [8], PCL blended with poly(1,6-hexa-
methylene carbonate) (PHC) [9], and the copolymer
of poly(trimethylene carbonate) and PCL (PTMC-
co-PCL (50/50)) [10] with optimum composition
and high molar mass, have shown high elongation,
good flexibility and elasticity.
Very few groups have addressed the effect of soft
segment crystallization on polyurethane properties.
Skarja [11] has reported that soft segment crys-
tallinity strongly affects the properties of PCL-based
polyurethanes. When hard segments are unable to
aggregate to act as physical crosslink points, soft
segment crystal structure may act as reinforcement
filler, results in increased ultimate tensile strength
(UTS), initial modulus and strain-at-break. A recent
study on PEO-based polyurethanes by Waletzko et
al. [12] showed that increased crystallinity of the
soft block results in decreased strain-at-break and
higher permanent set: the higher crystallinity
impeded proper stress transfer to the continuous
phase. Highly crystalline regions decreased strain-
at-break instead of acting as load-bearing reinforce-
ment agents.
The objective of this study was to synthesize bio -
degradable thermoplastic polyurethane elastomers;
a parallel objective was to study the effect of soft
segment crystallization on the polyurethane proper-
ties. PCL-co-PTMC was chosen as the soft segment
of the PU. PTMC homopolymer is a completely
amorphous biodegradable polymer that exhibits
glass transition temperature at –20°C [13]. As com-
pared to PCL, at molar mass range between 40–
50 kDa, PTMC showed 30 times lower tensile
strength but twice the elongation at break [14];
however, when copolymerized with other polymer
such as PCL, PTMC shows better mechanical char-
acteristics. Asplund et al. [10] has recently showed
that LDI-based PUU that using poly (CL-co-TMC)

as soft segments achieved higher elongation than
PUU that based on poly (CL-co-DLLA).
In this study, we tried to lower the potential toxicity
of degradation products by using the lowest amount
of diisocyanate. Detailed cytotoxicity studies will
be published in a separate article. To replace the
role of the diisocyanate hard segments, PCL-co-
PTMC soft segment was further reacted with L-LA
to form A-B-A structure, yielding ‘pseudo hard seg-
ments’ via PLLA crystallization. Kricheldorf and
Rost [15] have recently studied a similar system,
PLLA-b-(PCL-co-PTMC)-b-PLLA multiblock
copolymers synthesized by using bismuth(III)
hexanoate as catalyst. However, they focused on the
polymerization mechanism studies without empha-
sizing the relationship between mechanical prop-
erty and PLLA crystallization.

2. Materials and methods
2.1. Materials
1,3-trimethylene carbonate (TMC) (Boehringer-
Ingelheim, Germany), !-caprolactone monomer (CL)
(Alfa Aesar, Singapore), L-lactide (LLA) (Sigma
Aldrich, Singapore), 1,6-hexamethylene diisocyanate
(HMDI) (Fluka, Singapore) were used without fur-
ther purification. The initiator, 2, 2-dimethyl 1, 3-
propanediol (DMP) (Fluka, Singapore) was dried in
37°C vacuum oven for 24 h to remove moisture
before synthesis. The catalyst, tin (II) 2-ethylhexa-
noate (SnOct2) (Sigma Aldrich, Singapore) and the
chain extender, 1,4-butanediol (BDO) (Alfa Aesar,
Singapore) were dried over molecular sieves (4 Å).
Solvents including methylene chloride, hexane and
anhydrous toluene were of analytical grade, and
used as received.

2.2. Polyurethane synthesis
The synthetic approach of the multiblock polyure -
thanes studied in this work is based on combination
of three reaction steps in one pot, as shown in Fig-
ure 1. The first step was to randomly copolymerize
CL and TMC by ring opening co-polymerization
with controlled CL/TMC molar ratio (15/85, 25/75,
50/50, 75/25 and 85/15) and target Mn of 5000 Da.
The following process illustrates the general proce-
dure used to make 20 g of PCL/PTMC-based
polyurethane (15/85) (MP1 in Table 1). 17.5 grams
of TMC, 0.436 g of initiator, 133.3 ml of anhydrous
toluene, 3.42 g of CL monomer and 0.21 g of
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SnOct2 (1 wt% of monomer weight) were added
into a 250 ml round bottom reaction flask heated to
110°C for 22 hours under argon protection and con-
tinuous stirring. DMP was employed as initiator
because –CH3 showing distinctive peak at 0.95 ppm

in 1H NMR spectrum, allows accurate calculations
of molar compositions and Mn.
In the second step, in the same flask, the resulting
PCL-co-PTMC copolymer terminated by two reac-
tive –OH groups was subjected to polycondensation
reaction with 2-fold excess of hexamethylene diiso-
cyanate (HMDI) (1.39 g) at 75°C for 3 hours, to
yield diisocyanate terminated prepolymer. The third
step was based on the addition of BDO (0.37 g) in a
chain extension reaction, where the mixture temper-
ature was raised to 90°C for 30 minutes under vig-
orous stirring (>"1000 rpm). The mixture was then
cooled down to room temperature while the chain
linking reaction was continued for another 15 hours,
under constant stirring. The resulted product was
purified by precipitation in cold methanol. The
(PCL-co-PTMC): HMDI: BDO molar ratio was set
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Table 1. Composition of soft segments and molar mass of
(PCL-co-PTMC) multiblock polyurethanes

MP = Multiblock Polyurethane
*Theoretical values
aDetermined from SEC which was calibrated from polystyrene
standards, chloroform as mobile phase

Multiblock PU (MP) CL/TMC
[mol%]*

Mw
[Da]a Mw/Mn

MP1 15/85 57 100 1.60
MP2 25/75 59 300 1.62
MP3 50/50 58 700 1.63
MP4 75/25 69 800 1.75
MP5 85/15 78 700 1.83

Figure 1. 3-step synthesis of multiblock polyurethanes based on PCL-co-PTMC



to 1:2.02:1. In this way multiblock polyurethanes
were prepared with variation in soft segments com-
position. Hard segment content (wt%) was calcu-
lated by (g BDO + g HMDI)/ (g BDO + g HMDI +
g soft segments). Each polyurethane contains 8 wt%
of hard segments. MP1 1H NMR (400 MHz,
CDCl3): # 4.77, 4.41, 4.23, 4.16, 4.12, 4.05, 3.95,
3.88, 3.66, 3.14, 2.31, 2.04, 1.66, 1.48, 1.40, 1.32,
0.99.
In the second series, multiblock polyurethanes
(MP6–8) were prepared from A–B–A triblock
copolymers, with variation of theoretical block ‘A’
length (1000, 2500, and 5000 Da). ROP of L-lactide
(block ‘A’) was performed in the solution of PCL-
co-PTMC random copolymer (block ‘B’), when the
first step was completed. It was initiated by both
hydroxyl-ends of block ‘B’, at the presence of the
catalyst from the first step. Steps two and three were
repeated as described previously. MP6 1H NMR
(500 MHz, CDCl3): # 5.15, 4.23, 4.16, 4.12, 4.05,
3.94, 3.87, 3.66, 3.15, 2.30, 2.04, 1.65, 1.58, 1.51,
1.37, 0.95.

2.3. Measurements
Molar mass of MP1-4 were determined by using
Size Exclusion Chromatography (SEC) (Shimadzu
LC-20AD prominence liquid chromatograph sys-
tem equipped with three PLgel mixed-c columns in
series and a Shimadzu RID-10A refractive index
detector) (Kyoto, Japan). Monodisperse poly-
styrene standards were used for calibration. Meas-
urements were made at 55°C with chloroform as
eluent flowing at 1 ml/min. Samples were dissolved
in chloroform (3 mg/ml) and 50 $l was injected.
Besides, molar mass of MP6–8 were examined by
using SEC system consisted of a Waters 510 HPLC
pump, a Waters 410 differential refractometer detec-
tor (Milford, MA, USA) with tetrahydrofuran (THF)
as mobile phase flowing at 1 ml/min. Samples were
dissolved in THF (10 mg/ml) and 20 $l was injected.
Measurements were made at room temperature.
Both 1H NMR and 13C NMR measurements were
recorded in CDCl3 on a Bruker 400 MHz (Bruker,
Fällanden, Switzerland) or Varian VNMRS 500 MHz
Spectrometer(Palo Alto, CA, USA). 1H NMR sig-
nals were assigned according to several articles [13,
16–18] and ChemNMR 1H estimation from Chem-
Draw. 13C NMR spectroscopy was used to charac-
terize the sequences of the triblock copolymer. From

the dyads splitting of the 13C NMR carbonyl signals
of CL, TMC and LLA, the average block lengths of
CL, TMC and LLA were calculated. Average block
length of CL according to Equation (1) [16]:

                                        (1)

where ICL–CL is the signal intensity of the CL–CL
dyad (signal a in Figure 2) and ICL–TMC is from
CL–TMC dyad (signal b in Figure 2). Similar equa-
tion applied to TMC and LLA calculations.
Glass and melt transition temperatures were deter-
mined by Differential Scanning Calorimetry (DSC)
(TA Instruments Q10-0095) (New Castle, DE, USA),
under constant nitrogen flow. To ensure a consistent
thermal history, samples (5 mg) were subjected to
cool-heat-cool-heat treatment from –90 to 200°C
with heating rate of 10°C/min and cooling rate of
20°C/min. The second heating data were analyzed.
Typically, 2nd heating data are preferred for poly-
mers rather than first heating, in order to wipe out
the effects of polymer processing on the results.
The degree of crystallinity (Xc) was calculated
according to Equation (2):

                                                      (2)

where %Hf is the heat of fusion of the sample, %Hf
0

is the heat of fusion of 100% crystalline PCL or
PLLA and w is the weight fraction of CL or L-LA in
the feed. For PCL and PLLA, the value of %Hf

0 used
for the calculations was 139.5 J/g [19] and 93 J/g
[20] respectively.
The stress-strain measurement was performed on
Instron microtester 5848 (Norwood, MA, USA)
equipped with 50 N load cell, at both room and
body temperature (25 and 37°C). The polymer films
were prepared by solution casting, methylene chlo-
ride (15% w/v) as solvent, in a Teflon dish. After
drying in 37°C vacuum oven for 1 week, the films
were punched into standard dumbbell shape
(according to ASTM D 638 – 08, type V sample
with thickness <"4 mm) by using Schmidt press.
Specimens were pulled at 10 mm/min in a tempera-
ture-controlled chamber. Testing result was dis-
carded if the failure or necking occurred beyond
gage length region.
Under the same operating condition, the cyclic ten-
sile test was carried out. The sample was loaded and

Xc 5
DHf

w·DHf
0

L2CL 5
ICL2CL

ICL2TMC
1 1L2CL 5

ICL2CL

ICL2TMC
1 1

Xc 5
DHf

w·DHf
0
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unloaded with 100% of the initial gage length per
minute to 100% strain, for 3 cycles, or to 100–200–
300% strain. The recovered strain (!R) was calcu-
lated as 100% strain minus permanent set. The per-
manent set of 100% strain was determined after a
time of recovery (unloading) for 1 minute. For 200
and 300% strain, the recovery time was 2–4 min-
utes.

3. Results and discussion
3.1. Polyurethanes synthesis and

characterization
(PCL-co-PTMC) polyurethanes
Multiblock polyurethanes, with various CL/TMC
molar ratios, were synthesized by controlled ring
opening co-polymerization (ROP) followed by poly-
condensation with HMDI and BDO. Targeted soft
segment molar mass was achieved by controlling
the total monomer/initiator ratio [21–23]. The mech-
anism of the cyclic esters ROP at the presence of
Sn(Oct)2 as catalyst was proposed in several studies
[24, 25]. Table 1 showed the soft segment content

and molar mass. The CL/TMC ratio was varied sys-
tematically to study PCL crystallinity on mechani-
cal properties, while the hard segment content was
fixed as low as 8 wt%.

[PLLA-b-(PCL-co-PTMC)-b-PLLA] polyurethanes
In the second series, multiblock polyurethanes were
prepared from A–B–A triblock copolymers, which
contained PCL-co-PTMC (50/50) as ‘B’ block,
equivalent to soft segments of MP3 in Table 1, and
PLLA as ‘A’ blocks. PLLA block length was con-
trolled by total L-LA monomer/block ‘B’ macrodiol
molar ratio. Table 2 showed the composition and
molar mass of the second series. The hard segment
content was fixed at 8 wt%.

3.2. Structural characterization
(PCL-co-PTMC) polyurethanes
NMR measurement in Table 3 showed the details of
the soft segments molar mass, degree of polymer-
ization of each segment with respect to one unit of
initiator and average segment length. The random-
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Figure 2. 101 MHz 13C NMR spectrum (carbonyl region) of MP3 in CDCl3



ness of PCL-co-PTMC soft segments was examined
from 13C NMR spectrum of carbonyl region in Fig-
ure 2. Average segment lengths were characterized
by dyad splitting at 173.4 and 154 ppm, which cor-
responded to CL and TMC segments, respectively
[13, 16]. From Figure 2 and Table 3, as expected,
PCL-co-PTMC soft segments were completely and
randomly copolymerized.

[PLLA-b-(PCL-co-PTMC)-b-PLLA] polyurethanes
Table 4 showed NMR data of purified triblock-
based polyurethanes, including the calculated molar
mass of block ‘A’ and ‘B’, degree of polymerization
of each segment with respect to 1 unit of initiator,
PLLA conversion and average segment length. The
completion of the synthesis was examined from
1H NMR spectrum. In Figure 3, 1H NMR signals
were assigned: –CH3 signal from initiator (a), –CH2
signals from CL (d), TMC (j) and CH signal from L-

LA (l). The formation of urethane groups was indi-
cated by –CH2 from HMDI (p). The blockiness of
PLLA blocks and the randomness of PCL-co-PTMC
were analyzed from the carbonyl region of the
13C NMR spectrum in Figure 4. Strong lactide sig-
nal (e) at 169.5 ppm represented the blocky poly-
lactide structures with the absence of significant
transesterification. In addition, the random sequence
of CL and TMC segments agreed with MP3 in Fig-
ure 2.

3.3. Thermal properties
Microstructure of multiblock polyurethanes was
studied by using DSC measurement. Generally, soft
and hard segment crystallization, and the degree of
phase separation can be estimated from thermal
transitions such as glass transition temperature,
melting temperature, and crystallization tempera-
ture. The polyurethane films for mechanical prop-
erty study and the precipitated macrodiols were
used in the thermal characterization.

(PCL-co-PTMC) polyurethanes
The second heating data were presented in Table 5,
Figure 5 (macrodiols) and Figure 6 (multiblock poly -
urethanes). All polyurethanes in this study showed
Tg below room temperature, indicating rubber-like
amorphous structure. MP1–5 showed Tg close to Tg
of their corresponding macrodiols SS1-5. The shift
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Table 3. NMR measurement of (PCL-co-PTMC) multiblock polyurethanes

*Theoretical values
aCalculated from 1H NMR peak integration of peak a, d and j
bCalculated from 13C NMR spectra, using Equation (1)
DMP = 2,2 dimethyl 1,3 propanediol, the initiator of the PCL-co-PTMC random copolymers
SS = Soft segments

Table 4. NMR measurement of [PLLA-b-(PCL-co-PTMC)-b-PLLA] multiblock polyurethanes

*Theoretical values
aCalculated from 1H NMR peak integration of peak a, d and j
bCalculated from 13C NMR spectra, using Equation (1)
#Conversion = LLA found / in feed
DMP = 2,2 dimethyl 1,3 propanediol, the initiator of the PCL-co-PTMC random copolymers

Multiblock PU (MP) SS Mn [Da]a CL/TMC/DMP in feed* CL/TMC/DMP founda LCL
b LTMC

b

MP1 5400 7:41:1 8:44:1 4.5 6.4
MP2 5200 12:35:1 13:36:1 2.7 4.3
MP3 5000 23:23:1 23:23:1 2.4 2.5
MP4 4600 34:11:1 30:10:1 4.8 2.4
MP5 4600 38:7:1 33:6:1 6.7 2.4

Multiblock
PU (MP)

‘B’ Mn
[Da]a

‘A’ Mn
[Da]a

CL/TMC/LLA/DMP
in feed*

CL/TMC/LLA/DMP
founda

PLLA
conversiona# LCL

b LTMC
b LLLA

b

MP6 4900 900 23:23:13:1 22:23:12:1 92% 2.6 2.5 7.2
MP7 4700 2100 23:23:34:1 22:22:29:1 85% 2.7 2.3 21.1
MP8 4900 4500 23:23:68:1 22:23:62:1 91% 2.7 2.4 42.2

Table 2. ‘A’ block theoretical chain length and molar mass
of [PLLA-b-(PCL-co-PTMC)-b-PLLA] multiblock
polyurethanes

*Theoretical values
aDetermined from SEC which was calibrated from polystyrene
standards, THF as mobile phase

Multiblock PU (MP) ‘A’ block Mn
[Da]*

Mw
[Da]a Mw/Mn

MP6 1000 64 400 1.78
MP7 2500 80 200 1.77
MP8 5000 86 900 1.77



was attributed to the short uncrystallized HMDI-
BDO blocks dispersion in the amorphous soft seg-
ments matrix [26]. To examine the degree of
microphase separation between hard and soft seg-
ment, &Tg representing the difference between the
Tg of polyurethane due to soft segments (MP1–5)
and Tg of macrodiols (SS1–5), was calculated and

listed in Table 5. Smaller &Tg reflects decreasing
inter-phase interaction and solubilization, that is,
increasing phase separation. In other words,
polyurethane is well phase-separated if the &Tg is
very small [1]. From Table 5, &Tg decreased with
increasing CL molar fraction, suggesting that
microphase separation between HS (HMDI-BDO)
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Figure 3. 500 MHz 1H NMR spectrum of MP6 in CDCl3



and SS (PCL-co-PTMC) became stronger. This is
attributed to the effect of soft segment crystalliza-
tion that could promote the phase separation, and is
comparable to the studies reported on PU based on
polycarbonates [27], PEO and PEO-PPO-PEO [28].
In the more extreme case, MP5 with 85% PCL
showed Tg of –53 and –18°C, corresponding to PCL-
rich and PTMC-rich two separated amorphous
phases, which was not observed in SS5. The reason

of the amorphous phase separation is unclear. It is
believed that these short uncrystallized HMDI-
BDO blocks tend to phase-separate from PCL and
phase-mix with PTMC, thus, lead to non-continu-
ous amorphous soft segment matrix. More charac-
terizations such as AFM and DMA are required to
further conclude the phase morphology.
Data in Table 5 suggests that crystallization is con-
trolled by CL/TMC molar ratio in the soft seg-
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Figure 4. 101 MHz 13C NMR spectrum (carbonyl region) of MP8 in CDCl3

Figure 5. DSC second heating curves of precipitated macro-
diols (SS1–5), from –90 to 90°C. The y-axis was
shifted for better clarity

Figure 6. DSC second heating curves of (PCL-co-PTMC)
multiblock polyurethane films (MP1–5) from –90
to 200°C. The y-axis was shifted for better clarity.



ments. Soft segments crystallization were observed
when CL/TMC molar ratio was 75/25 and higher.
SS1–3 and MP1–3 did not show any melting transi-
tion because of their short average segment lengths
(LCL of 2.4–4.5 in Table 3). This is in contradiction
with PCL-co-PTMC (50/50) copolymers studied by
Pêgo et. al. [16]. LCL of 3.93 was suggested to be
long enough to crystallize. In our study, MP1 (15%
PCL) with LCL of 4.5 was unable to crystallize even
though they were long enough, mainly due to the
low %PCL. The degree of crystallization (Xc) and
melting enthalpy of fusion (&Hf) dropped after
chain extension, suggesting smaller, less stable and
less organized crystallites were formed in the
polyurethanes compared to the macrodiols in Fig-
ure 5 [28]. From the DSC analysis showing low
degree of phase mixing with PCL, the main restric-
tion of crystallization is due to the reduced chain
mobility. MP5 with longer average LCL of 6.7 was
more readily to crystallize after chain extension as
compare to MP4 (LCL of 4.8 from Table 3).
As expected, hard segments transition was not
observed in the second heating curves because the
amount of HMDI and BDO were as low as 8 wt%.
Pure HMDI-BDO hard segment melting transition
ranging from 165–182°C was reported in previous
studies [28–30].

[PLLA-b-(PCL-co-PTMC)-b-PLLA] polyurethanes
Figure 7 showed the DSC curves of MP6–8. In
Table 6, DSC data of PCL-co-PTMC soft segments,
triblocks and their corresponding polyurethanes
showed that thermal properties was affected by

PLLA block length. Single Tg was observed in the
PCL-co-PTMC soft segments, suggesting a contin-
uous amorphous segments. Tg of triblock was
increased after incorporation of PLLA blocks due to
mixing of amorphous regions from PCL, PTMC
and PLLA. The Tg were all below room tempera-
ture, suggesting a rubbery amorphous phase.
Microphase separation in the second series was
assessed by the difference between Tg of TB6–8
and MP6–8 (&Tg). &Tg was independent of PLLA
block length. This could be attributed to two con-
trasting phenomena: hydrogen bonding between
HMDI-BDO and the carbonyl group from PLLA
esters can improve phase mixing; in contrast, crys-
tallization from either segments can enhance phase
separation [1].
From data shown in Table 6, the multiblock poly -
urethane crystallization is controlled by PLLA
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Table 5. DSC data of the soft segments and (PCL-co-PTMC) multiblock polyurethanes

The thermal properties of soft segments (SS) and their corresponding multiblock polyurethanes (MP) were included. DSC heating and
cooling rate = 20°C/min. DSC data were observed from second heating curves, except Tc.
aEnthalpy of fusion values are per gram of PCL content in the soft segments or multiblock polyurethanes
bCrystallization temperature obtained from cooling curves
cCrystallization temperature obtained from second heating curve
dDegree of crystallinity based on heat of fusion of 100% crystalline PCL = 139.5 J/g
eThe difference between Tg of SS and MP

Polymer Tg [˚C] Tc [˚C] Tm [˚C] !Hf [J/g]a Xc [%]d !Tg
e

SS1 –29 – – – – –
SS2 –36 – – – – –
SS3 –47 – – – – –
SS4 –57 –26b, –19c 32 58 41 –
SS5 –57               2b 42 60 43 –
MP1 –18 – – – – 11
MP2 –26 – – – – 10
MP3 –39 – – – – 8
MP4 –51 –16c 20 16 12 6
MP5 –53, –18 –14b 31 36 26 4

Figure 7. DSC second heating curves of [PLLA-b-(PCL-
co-PTMC)-b-PLLA] multiblock polyurethane
films (MP6–8) from –90 to 200°C. The y-axis
was shifted for better clarity.



block length. Triblock TB6 was found to be a con-
tinuous amorphous copolymer with the absence of
any melting transition. Semicrystalline triblocks
(TB7–8) were observed when the PLLA has aver-
age chain length (LLLA in Table 4) higher than 21.
Melting transition at 137–154°C were observed
accompanied by high degree of crystallinity. After
the addition of HMDI-BDO hard segments, although
melting points remained unchanged, the enthalpy
(and degree of crystallinity), expecially for MP7,
dropped significantly. The decrease in enthalpy is
possibly due to the disruption of PLLA crystallinity
by the HMDI/BDO. It is not likely that this phe-
nomenon is the result of the change in weight per-
centage of PLLA, since the enthalpies shown in
Table 6 have been normalized.

Similar to series one, hard segments transitions was
not observed in the second heating curves obtained
from DSC measurement, because it was low in
weight percent. With the presence of PLLA crys-
tals, having melting transitions similar to HMDI-
BDO hard segments, it may replace the role of hard
segments as load bearing segments upon deforma-
tion.

3.4. Tensile properties 
(PCL-co-PTMC) polyurethanes
Table 7 gave a summary of the mechanical proper-
ties including the initial modulus, ultimate tensile
strength (UTS), the strain-at-break (!b) and the
recovered strain after being stretched to 100–
100–100% or 100–200–300% of the initial gage
length.
As shown in Figure 8 and Table 7, at room temper-
ature (25°C), the shape of the stress-strain curves
for MP1–5 are typical for lightly crosslinked rub-
ber: smooth transition from elastic to plastic region.
MP1–3 showed low UTS which represented soft
amorphous materials, which are in agreement with
DSC results. MP4 and 5 showed significantly higher
moduli, tensile strength, and strain-at-break than
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Table 7. Tensile measurements and cyclic deformation of (PCL-co-PTMC) multiblock polyurethanes at 25˚C

Tensile test was conducted with number of sample n = 3–7 in each multiblock polyurethane
aIn second cycle, sample was deformed to 200%, strain recovery is %recovered/200%
bIn third cycle, sample was deformed to 300%, strain recovery is %recovered/300%
cTesting samples (n = 3) were not failed after machine limit, the standard deviation is not applicable

Multiblock PU (MP) CL/TMC
[mol%]

Initial modulus
[MPa]

UTS
[MPa]

"b
[%]

"R1
[%/100%]

"R2
[%/100%]

"R3
[%/100%]

MP1 15/85 3.2±0.8 0.51±0.11 246±6 77 74 70
MP2 25/75 3.6±0.8 0.63±0.05 133±13 79 75 73
MP3 50/50 2.2±0.3 0.51±0.06 133±20 81 79 75
MP4 75/25 2.6±0.2 1.00±0.13 519±85 87 83a 76b

MP5 85/15 3.6±0.2 2.98±0.09 954c 75 57a 49b

Table 6. DSC data of the soft segments PCL-co-PTMC, tri-
block copolyesters and [PLLA-b-(PCL-co-PTMC)-
b-PLLA] multiblock polyurethanes

The thermal properties of soft segments PCL-co-PTMC (SS), tri-
blocks (TB) and their corresponding multiblock polyurethanes
(MP) were included. DSC heating rate = 10°C/min and cooling
rate = 20°C/min. DSC data were observed from second heating
curves. SS3 and MP3 data was included for comparison.
aEnthalpy of fusion values are per gram of PLLA content in the tri-
blocks or multiblock polyurethanes

bDegree of crystallinity based on heat of fusion of 100% crys-
talline PLLA = 93 J/g

cThe difference between Tg of TB and MP

Polymer Tg
[˚C]

Tc
[˚C]

Tm
[˚C]

!Hf
[J/g]a

Xc
[%]b !Tg

c

SS3 –47 – – – – –
SS6 –49 – – – – –
SS7 –47 – – – – –
SS8 –47 – – – – –
TB6 –32 – – – – –
TB7 –10 74 137 39 41 –
TB8 20 82 154 49 53 –
MP3 –39 – – – – 8
MP6 –27 – – – – 5
MP7 –2 – 136 5 5 8
MP8 23 107 152 31 34 3

Figure 8. Stress-strain curves of MP1–5 at room tempera-
ture (25°C)



MP1–3, as a result of crystallizable PCL segments.
MP1–5 showed UTS lower than traditional PU as
the hard segment content was low and it did not
crystallize. Their UTS and breaking strain were pro-
portional to the degree of crystallinity. This is
agreeable with the study conducted by Skarja [11].
The presence of PCL crystals was anticipated to act
as physical network in a way that similar to hard
segments [11]. They may absorb deformation energy
through unfolding some of the isotropic crystalline
lamellar and form new strain-induced crystalline
lamellar perpendicular to the strain direction [31].
In Figure 8, MP5 showed the best tensile properties
with PCL-co-PTMC 85/15 composition. It showed
a dramatic increase in UTS and strain at break when
compared to MP4 because MP5 has a relatively
higher degree of crystallinity and melting point.
Strain-induced crystallization in MP5 is extensive
since its Tm (31°C) is close to room temperature
thus mobility of the chain is high. However, MP4
has Tm slightly lower than room temperature. The
crystalline region would have partially molten
before it could be strain-crystallized.

[PLLA-b-(PCL-co-PTMC)-b-PLLA] polyurethanes
Second series of polyurethane elastomers with dif-
ferent PLLA block length were studied. Table 8
compared the tensile properties with MP3. Without
PLLA blocks, MP3 showed low UTS and initial
modulus that represented weak and soft materials.
Polyurethanes based on triblock [PLLA-b-(PCL-
co-PTMC)-b-PLLA] copolymers presented tougher
and stronger behavior. At room temperature (25°C),
the UTS and initial moduli increased proportional

to the PLLA block length. This result is coherent
with the mechanical tests of PLA-PTMC-PLA
copolyesters reported by Zhang et al. [32].
In Figure 9, MP8 showed the highest initial modu-
lus and UTS among all the polyurethanes in this
study. In contrast, completely amorphous poly -
urethanes including MP6 and MP1–3 in this study
showed limited elongation, low UTS and initial
moduli. These can be attributed several factors that
played significant role in the tensile properties of
polyurethane. First, PCL or PLLA with moderate
degree of crystallinity acts as reinforment filler to
absorb deformation energy [12]. As noted in NMR
and DSC measurement, PCL or PLLA segments
crystallized in polyurethanes MP4, MP5, MP7 and
MP8. Secondly, although all the HMDI-BDO seg-
ments of the multiblock polyurethanes were not
crystalline, PLLA in the soft segments had high
melting points which acted as additional hard seg-
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Table 8. Tensile test data of [PLLA-b-(PCL-co-PTMC)-b-PLLA] multiblock polyurethanes at room temperature and body
temperature

Tensile test was conducted with number of sample n = 2–3 in each multiblock polyurethane
*Theoretical value
aTesting samples (n = 3), one of them was not failed after machine limit, the standard deviation is not applicable
^Test was not triplicated due to films imperfection

Multiblock PU (MP) PLLA block Mn
[Da]*

Initial Modulus
[MPa]

UTS
[MPa]

"b
[%]

"R1
[%/100%]

25°C
MP3 0 2.2±0.3 0.51±0.06 133±20 81
MP6 1000 3.6±0.4 0.65±0.10 116±14 88
MP7 2500 16.3±1.6 4.58±0.07 919a 93
MP8 5000 65.4±17.7^ 12.90^ 723^ 79

37°C
MP6 1000 2.8±0.2 0.49±0.06 126±14 88
MP7 2500 13.4±0.2 3.28±0.05 582±187 87
MP8 5000 52.1±1.8^ 6.17^ 637^ 80

Figure 9. Stress-strain curves of MP6–8 at both room tem-
perature (solid line) and body temperature (dotted
line)



ments. Lastly, MP6 and MP1–3 polyurethanes
showed relatively low molar masses, and thus low-
ered tensile properties.

3.5. Temperature effect on tensile properties
Polyurethanes in the first series were unable to sus-
tain deformation at body temperature (37°C). They
became soft and too weak to be tested mechani-
cally. The PU lost its structural integrity due to lack
of hard segment crystallization to act as additional
physical crosslinks at higher temperature.
Table 8 and Figure 9 showed that tensile properties
of polyurethanes in the second series were tempera-
ture dependent. As temperature increased, UTS, ini-
tial modulus and strain-at-break decreased slightly.
Unlike PCL crystals in the first series, PLLA crystals
exhibited higher melting point that would not melt
away at body temperature. Instead, the decrease in
tensile properties is possibly due to the differences
between Tg and testing temperature, especially for
MP8 with Tg at 23°C. At room temperature (25°C),
strain-induced crystallization was extensive, leading
to high elongation. At body temperature, further
away from its Tg, polymer chains gained higher mo-
bility that allowed phase mixing between esters in
the soft segments and urethanes in the hard seg-
ments [1].

3.6. Tensile cyclic hysteresis and strain recovery
As discussed in previous section, tensile strength
and initial modulus of polyurethanes depend on
structural rigidity that results from soft segments
crystallinity, as the HMDI-BDO hard segments did
not crystallize. MP8 showed the highest tensile
strength and initial modulus. In contrast, stress hys-
teresis and strain recovery depend more on domain
ductility and restructuring [1]. From our tensile
cyclic test results, although MP8 showed the best
tensile properties, it did not exhibit the highest
strain recovery.
Table 7 showed the trend of strain recovery of the
multiblock PU after tensile cyclic tests. In MP1–4,
the % of strain being recovered was proportional to
the %PCL in the random copolymer, except that
MP5 demonstrated slightly lower strain recovery.
The optimum CL/TMC composition to achieve
highest strain recovery lies between 75/25 to 85/15,
with moderate PCL crystallinity (Xc) between 12–
26% (refer to Table 5). In Table 8, strain recovery

of MP6–8 with PLLA blocks were compared to
MP3. It appears that the recoverable strain after
100% elongation was related to the PLLA block
length. MP7 with low PLLA crystallinity (5%)
showed the highest strain recovery of 93% in one
minute. Similar to MP5 in the first series, MP8 in
series two was not following the trend. It exhibited
a slight drop in strain recovery, indicating the opti-
mum PLLA crystallinity stayed between 5–34 %.
These phenomena were attributed to PCL or PLLA
crystallinity that impeded proper stress transfer to
the continuous phase [12] and thus hindered
domain restructuring. Moreover, their strain recover-
ies were barely affected by temperature, as shown in
Table 8, because of the high PLLA melting point.
Figures 10 and 11 depicted the cyclic tensile 100–
200–300% of MP7 and MP8, respectively. MP7
exhibited strain recovery pattern that is smooth with
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Figure 10. Tensile stress hysteresis of MP7 at 37°C, pro-
gramming to 100–200–300% tensile cyclic load-
ing-unloading

Figure 11. Tensile stress hysteresis of MP8 at 37°C, pro-
gramming to 100–200–300% tensile cyclic load-
ing-unloading



smaller hysteresis compared to MP8. More perma-
nent set was evident in MP8 that showed yield point
in the stress-strain curves (Figure 9).

4. Conclusions
The two sets of multiblock thermoplastic poly -
urethane elastomers reported in this study were dif-
ferent from previous studies in that the optimization
of mechanical properties was studied by (i) crystal-
lization of PCL in PCL-co-PTMC soft segments
and (ii) crystallization of PLLA in PLLA-b-(PCL-
co-PTMC)-b-PLLA triblock soft segments. First,
the (PCL-co-PTMC) polyurethanes were synthe-
sized and characterized. With low hard segment
content, hard segment crystallinity was hardly
observed. Increasing the PCL/PTMC molar ratio in
the soft segments was found to have lowered the Tg,
increased molar mass, and soft segments crys-
tallinity. Mechanically, completely amorphous soft
segments were shown to yield multiblock PUs
which were soft and weak. The presence of moder-
ate PCL crystallinity improved the tensile strength,
initial modulus and strain-at-break while relatively
low PCL crystallinity yielded the highest strain
recovery. However, tensile properties of (PCL-co-
PTMC) polyurethanes were greatly affected when
being tested at body temperature due to the melting
of PCL crystals. To solve this problem, ‘pseudo
hard segments’ represented by PLLA blocks were
introduced in the polyurethanes. When the (PCL-
co-PTMC) polyurethanes were compared with
[PLLA-b-(PCL-co-PTMC)-b-PLLA] polyurethanes,
the presence of PLLA blocks significantly improved
the tensile properties. PLLA soft segments with
high melting point allowed the formation of addi-
tional physical crosslink points that can sustain
deformation at body temperature, in addition to
reducing potential toxicity due to high diisocyanate
content. Similar to PCL crystals, the presence of
moderate PLLA crystallinity improved the tensile
strength and initial modulus while the highest strain
recovery was achieved at low PLLA crystallinity.
These polyurethanes are attractive as biomaterials
for dynamic environment that demands high elas-
ticity such as tissue engineering scaffolds and inter-
ventional cardiovascular devices, due to their excel-
lent strain recovery and tensile properties at body
temperature. Their thermal and mechanical proper-
ties are easily tunable by soft segment crystallinity.
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1. Introduction
Graft polymers became highly attractive materials
and drew more and more attention due to their
potential applications as e.g. compatibilisers, thick-
ening agents, tougheners and modifiers, etc. [1–5].
Graft copolymerization of vinyl monomers onto
plastics is a very useful way to modify some special
performances of the existing materials and expand
their application range [6–10].
Compared with living ionic polymerization for
graft polymers [11, 12], the advantages of living
radical polymerization, e.g. nitroxide-mediated
polymerization (NMP), are that the polymerization
conditions required are less stringent, and the termi-
nal group of initial graft segments (nitroxide group)
is stable in air at room temperature and the interme-
diates can be isolated, stored and used as needed [9,
13]. Besides, the NMP method can combine the

ease of polymerization with the fact that several
monomers are capable of reaction [14]. Polymers
with controlled molecular weight and narrow poly-
dispersity can be synthesized by this controlled/sta-
ble free radical methodology [15, 16].
Several reports about the NMP method have recently
appeared on the subject of the modification of poly-
dienes or polymeric substrates through grafting
copolymerization of vinyl monomers [17–24]. Com-
monly, the nitroxide moieties are firstly hung on the
backbone of those substrates, which are endowed
with functionalized group, and then in the presence
of monomer, the grafts are grown from the nitrox-
ide sites under thermal conditions. Howell et al.
[25] reported a synthesis of PB (polybutadiene)
with hanging nitroxide moieties to produce high-
impact polystyrene (HIPS), and the grafting process
was studied only by the comparison of the gel per-
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meation chromatography (GPC) of the grafted poly-
mer with the functionalized polymer. In the funda-
mental studies of the controlled grafting of PS on
PB by Bonilla-Cruz et al. [26], not only the function-
alization mechanisms were proposed, but the struc-
ture and level of grafting control were investigated.
Nevertheless, some aspects regarding the micro-
structural morphology and the mechanical perform-
ances of the final products have not been reported
in literature.
In the present study, nitroxide-mediated polymer-
ization has been conducted for synthesizing PB-g-
PS copolymers in the presence of difunctional radi-
cal initiator (DP275B) and stable nitroxide radical
(TEMPO), and the grafting polymerization behav-
ior of the resulting product is characterized by size
exclusion chromatography (SEC). Experiments are
also designed to investigate the effect of nitroxide/
initiator (TEMPO/DP275B) ratio on the polymer-
ization kinetics behavior, phase inversion progress,
and the structural and mechanical properties of as-
produced resins. The corresponding toughening
mechanisms are evaluated by means of scanning
electron microscopy.

2. Experimental
2.1. Materials
High-cis-1,4-PB rubber (Trade name: BR9004) was
supplied by Yanshan Petrochemical Co. (Beijing,
China), and its molecular parameters are illustrated
in Table 1. Styrene and ethylbenzene were obtained
from Daqing Petrochemical Co. (Daqing, China).
St was vacuum distilled over CaH2 (Jinke Chemi-
cals Co., Tianjin, China) just before polymerization.
DP275B (80.7 wt% in ethylbenzene) was obtained
from Qiangsheng Chemical Co. (Changshu, China)

and used as received. TEMPO purchased from J &
K Chemical Ltd. (Utah, USA), and solvents from
Hongyan Chemical Co. (Tianjin, China) such as ace-
tone, butanone, chloroform, methanol and tetrahy-
drofuran were used as received.

2.2. NMP preparation of PB-g-PS/PS
composites

The NMP polymerization was carried out under
nitrogen in a dried stainless steel reactor (1 l)
equipped with an anchor-type magnetic stirring bar
(Xiandali Petrochemical Ltd., Beijing, China). The
typical polymerization process is as follows: firstly,
BR9004 (30.0 g) added into the reactor was dis-
solved in styrene (370.0 g, 410.5 ml) under nitro-
gen by stirring at ambient temperature overnight to
obtain a 7.5 wt% of rubber/monomer solution. After
complete dissolution, DP275B (0.458 g, 1.42 mmol)
and TEMPO (0!~!0.261 g, 0!~!1.66 mmol, Table 2)
successively dissolved in ethylbenzene (30.0 g,
34.6 ml) were simultaneously charged into the reac-
tor and dispersed in the previous rubber solution
under the agitation. Then the system was heated by
circulating heated oil to 105°C for pre-polymeriza-
tion. The pre-polymerization continued at a pres-
sure of 0.2 MPa while being stirred at a rate of
375 rpmn for 5 h. The partially polymerized system
was transferred to a quick-opening plate reactor
(Xiandali Petrochemical Ltd., Beijing, China) and
further performed a post-polymerization at 150°C
for 4 h. Finally, the produced polymer composite
was dissolved in chloroform (1.41 kg, 0.95 l) and
precipitated into methanol (1.19 kg, 1.5 l), and the
obtained polymer was cut into granules and dried at
50°C in a vacuum oven under 10–1 Pa for 48 h to
strip off the residual monomer and solvent.
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Table 1. Molecular parameters of high-cis-1,4-PB substrate

Table 2. Reaction conditions for NMP of styrene onto PB, where R = TEMPO/DP275B

kP", x and ! are the abbreviation of apparent propagation rate constant, monomer conversion and system viscosity, respectively.

Substrate Microstructures [%] Mn·10–4 Polydispersity Viscocity in styrene (5%)
[mPa!s]vinyl-1,2 cis-1,4 trans-1,4

BR9004 1.5 97.0 1.5 8.1 3.81 153.8

Run TEMPO
[mmol]

DP275B
[mmol] R kP"·1000

[min–1]
Phase inversion point

x [%] # [Pa!s]
1 0.00 1.42 0.00 5.58 14.7 3.71
2 0.47 1.42 0.33 3.31 19.2 3.34
3 0.95 1.42 0.67 2.66 23.6 2.02
4 1.66 1.42 1.17 1.51 30.5 1.90



2.3. Separation of free PS from PB-g-PS
1.0 g of as-produced polymer composite was dis-
solved in 30.0 ml of mixed solvent (acetone/
butanone = 50:50, v/v). Then, 15.0 ml of methanol
was added into this solution for separating the two
fractions. The PB-g-PS fraction was recovered as
the precipitate at the bottom and the free PS (PSf)
fraction was recovered from the remaining emul-
sion formed. Both polymers were dried under vac-
uum and used for characterizations.

2.4. Characterization techniques
2.4.1. Characterizations of conversion, viscosity

and grafting
Monomer conversion was detected by a 2WA-J
Abbe refractometer (Shanghai Yice Apparatus &
Equipment Co., China). The apparent viscosity was
determined by a NDJ-1 rotary viscometer (Shang-
hai Precision & Scientific Instrument Co., China).
The PS-grafted rubber phase was characterized for
its grafting parameters, i.e. grafting degree (GD)
and rubber phase volume fraction (RPVF), which
could be calculated with Equations (1) and (2):

                (1)

            (2)

where m(Gel), m(PB) and m(PSf) are the weights of
the insoluble part, PB and PSf in sample, respec-
tively.

2.4.2. Size exclusion chromatography (SEC)
The number average molecular weight (Mn) and
polydispersity of PSf were determined by a Vis-
cotek TDA302 SEC (Malvern Instruments, Malver,
UK) with triple detection (refractive index, low-
angle laser scatting and viscosity) in tetrahydrofu-
ran (1.0 ml/min) at 40°C. PS reference standards in
the range of 4000!~!1.6·106 were used for the cali-
bration of the system.

2.4.3. Notched Izod impact testing
The notched specimens were prepared by the
Model 2 Injection Test Sample Molding Apparatus
(UK) and conditioned at 23°C for at least 48 h. The
dimension of the specimens was 80!#!10!#!4 mm3. In
middle part of their narrow face, a sharp notch tip of

2 mm depth was cut with a 6951 reciprocating notch-
milling machine (CEAST, ITW Test and Measure-
ment Italia S.r.l, Pianezza, Italy). The tests were
preformed on a CEAST RESILE Impactor (ITW
Test and Measurement Italia S.r.l, Pianezza, Italy)
at room temperature.

2.4.4. Tensile testing
All of the dumbbell-type specimens for the tensile
tests were also injection-molded. The standard dis-
tance (effective part) was fixed in 20 mm and the
cross section was 4.0!#!2.1 mm2. The tensile tests
were conducted on an INSTRON 5567 universal
material testing machine (Norwood, MA, USA) at a
constant speed of 5 mm/min at 23°C.

2.4.5. Phase contrast microscope
The prepolymer samples drawn from reactor at var-
ious polymerization times were dropped on one
glass slide and covered by another. Then the com-
pacted films were naturally dried in air for observa-
tion. An OLYMPUS Ahimadzu BH-2 phase contrast
microscope (Olympus Corporation, Tokyo, Japan)
was used to observe the phase separation state and
the phase inversion progress under a magnification
of 200.

2.4.6. Transmission electron microscope (TEM)
TEM images were obtained with a FEI TECNAI20
TEM (FEI, Hillsboro, Oregon, USA) at an acceler-
ating voltage of 200 kV. The as-prepared samples
were firstly ultramicrotomed with a diamond knife
on a LEICA ULTRACUT Ultramicrotome (Leica,
Wetzlar, Germany) at –120°C to give ultrathin sec-
tions with a nominal thickness of 100 nm. Then the
sections were transferred to Cu grids of 200 mesh,
and stained with OsO4 staining technique to enhance
the contrast between rubber and matrix prior to the
observation.

2.4.7. Scanning electron microscope (SEM)
Impact fracture surfaces of the specimens were
coated with a thin gold layer on an EMITECH
K550X Sputtering Coater (Quorum Technologies,
East Grinstead, UK), and then observed to analyze
the fracture nature and deformation mechanism.
SEM analysis was performed by a FEI QUANTA200
SEM (FEI, Hillsboro, Oregon, USA) using a work-
ing voltage of 20 kV.

RPVF 3, 4 5 100 ?
m1Gel 2

m1PSf 2 1 m1Gel 2

GD 3, 4 5 100 ?
m1Gel 2 2 m1PB 2

m1PB 2GD 3, 4 5 100 ?
m1Gel 2 2 m1PB 2

m1PB 2

RPVF 3, 4 5 100 ?
m1Gel 2

m1PSf 2 1 m1Gel 2
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3. Results and discussion
3.1. Graft polymerization behavior
The PB-g-PS/PS composites were synthesized via
NMP method in the simultaneous presence of
TEMPO and DP275B. The polymerization condi-
tions utilized are summarized in Table 2. In the ini-
tial stage of polymerization, the thermal decompo-
sition of DP275B (1) firstly occurs at 105°C and
several free radicals are generated as the primary
products, such as tert-butoxy radical (3), 1,1-cyclo-
hexyl-dioxide radial (4) and so on, as shown in Fig-
ure 1. Taking radical (4) as an example, due to the
low reactivity of the oxygen-centered free radical
with TEMPO [20], once formed, it would undergo
addition with styrene to give a carbon-centered free
radical (5), which can be trapped by nitroxide radi-
cal. As a consequence, the intermediate (6) is pro-

duced and temporarily in dormant state. Thus, an
equilibrium between dormant spaces and nitroxide
radicals is achieved and the polymerization rate can
be controlled to some extent. In this case, with an
enhancement of styrene conversion, the molecular
weight of the PSf polymer (7) is gradually increased
[21].
Meanwhile, Figure 2 shows that the functionalized
macroalkoxyamine (here labeled as FPB) can also
be synthesized by heating the BR9004 rubber in the
simultaneous presence of TEMPO and tert-butoxy
radical (3) at 105°C. The radical (3) is formed
directly from the initiator (1) and through the sec-
ondary decomposition of free radical (2) (Figure 1),
and plays a significant role in the process of func-
tionalization. Afterwards, a large amount of styrene
monomers react with FPB to produce the PB-g-PS.
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Figure 1. a) Thermal decomposition scheme of DP275B and b) TEMPO-mediated polymerization of styrene initiated by
one kind of free radical

Figure 2. Reaction scheme of graft polymerization of styrene onto BR9004 rubber



Both length and molecular weights of the grafted
PS chains are controllably enhanced with increas-
ing monomer conversion [21].

3.2. Effect of R values on the polymerization
kinetics

To acquire detailed information about the kinetic
behavior of PB-g-PS/PS composite, the obtained
monomer conversion (x) from Abbe refractometer
method underwent a logarithmic calculation
(–ln (1 –$x/100)) and was plotted as the ordinate
(Y-coordinate) (Figure 3a). And the slope of 
–ln (1 –$x/100)!~!t curve was the apparent propaga-
tion rate constants (kP") of monomer. The corre-
sponding kP" results are shown in Table 2. As seen,
–ln(1 –$x/100) exhibits approximately linear growth
with the polymerization time under various R val-
ues. Evidently, the reaction rate of styrene mediated
by TEMPO decreases with increasing TEMPO/
DP275B ratio. This is mainly because that the car-
bon-centered free radicals generated in the prepoly-
merization process are successfully trapped by the
TEMPO added, and to a certain extent, the prepoly-
merization rate can be efficiently controlled. More-
over, the inhibition effect of TEMPO radical on
polymerization kinetics of styrene is obvious. As
seen from Figure 3a, there exists an inhibition inter-
val of about 60 minutes when adding inhibitor to
the grafting polymerization system. This is also a
clear evidence that inhibition typical for TEMPO
occurred. Besides, the slightly changed inhibition
interval under different TEMPO dosages may also
account for a suitable amount of inhibitor in experi-
mental range examined in favor of precise control-
lability of the grafting behavior.

3.3. Effect of R values on phase inversion
As known, rubber particles formed in phase inver-
sion play an important role in resin-toughening. If
phase inversion takes place incompletely, the prod-
ucts would present no excellent performance. So
the study on phase inversion is of the utmost impor-
tance [27]. The relationship between the system vis-
cosity (!) and the monomer conversion (x) under
different R values is plotted in Figure 3b. When no
TEMPO is added, the polymerization rate is very
fast, and simultaneously, the viscosity also increases
swiftly. It can be decreased obviously with increas-
ing the TEMPO dosage at the same conversion-
value of monomer. The phase inversion progress
also tends to be remarkable, that is, the !~!x curve
displays a significant elevating-descending-elevat-
ing change in phase inversion stage. Meanwhile,
the conversion of styrene corresponding to the tran-
sition point is indeed improved (Table 2), which
implies that a delayed phase inversion occurs.
A phase contrast microscope was applied for the
optical observation of the phase inversion progress.
At any R value, it presents a similar process of phase
behavior change. Figure 4 illustrates the relative
phase contrast photomicrographs of the samples
before, at and after the phase inversion point when
R value is 0.67. The light-colored region represents
the resin phase and the dark-colored region repre-
sents the rubber phase. The reaction mixture is firstly
a continuous phase consisting in PB dissolved in
styrene/ethylbenzene. After a certain degree of
monomer conversion, a second phase consisting in
PS dissolved in styrene/ethylbenzene is formed and
dispersed as irregular drops in the continuous rub-
ber phase (Figure 4a). That is, at a certain spinodal,
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Figure 3. Effect of TEMPO/DP275B ratios on a) polymerization kinetics and b) phase inversion progress of styrene in
BR9004 rubber system



PS polymers start to nucleate, due to the incompati-
bility of newly produced PS with original rubber
substrate. Besides, these droplets gradually grow
while the polymerization degree of monomer

increases. As a result of the reaction evolution, the
volume of said second phase increases gradually
and two individual phases disperse semi-continu-
ously (Figure 4b). At the point that the volume of
PS phase becomes more dominant than of the rub-
ber phase, phase inversion occurs. The continuous
phase is now the PS phase dissolved in styrene/eth-
ylbenzene and the dispersed phase is composed of
the grafted or non-grafted rubber particles dissolved
in styrene/ethylbenzene (Figure 4c). A similar
behavior can be observed in systems containing dis-
solved polymers other than rubber [28–30].

3.4. Stable polymerization behavior
Figure 5 displays the variation progress of grafting
behavior under different TEMPO/DP275B ratio.
When no TEMPO is added, the GD of 9004 rubber
increases quickly in the first 100 min interval, and
afterwards tends to be relatively slow, owing to the
high viscosity of polymerization system and the
scarce diffusion of reactive species. Otherwise,
with the increasing TEMPO dosage, GD becomes
more and more linearly related to the reaction time
during the grafting progress. And the relevant
increasing rate also lowers gradually as R increases
from 0.33 to 1.17 due to an aforesaid depressed
polymerization conversion and grafting rate. Those
all results show that under a moderate dosage of
TEMPO injected a relative stable polymerization
behavior can be obtained.
As an auxiliary method, SEC analysis of the poly-
mers was also carried out in order to elucidate the
controlled polymerization progress. Figure 6 shows
the comparative size exclusion chromatograms of
PSf separated from the resultant composite while
there is no TEMPO added and the R value is 0.33,
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Figure 4. Phase contrast microphotographs of composite
(R = 0.67): a) x = 11.2%; b) x = 23.6%; c) x =
39.1%

Figure 5. GD versus time under different R values



respectively. The relevant SEC results are listed in
Table 3. Obviously, in the first case, once the poly-
merization occurs, PS macromolecules with higher
molecular weight are formed besides those with
lower molecular weight. This leads to a wider poly-
dispersity value (> 4.0). And the average molecular
weight shows no significant variance and the poly-
dispersity becomes narrower and decreases to
2.010. This can be attributed to the equilibrium of
combination and disproportionation termination in
typical free radical polymerization.
As for the second case, it maintains a relative nar-
rower polydispersity value (<!2.2) all the time; more-

over, the maximum peak of the retention curve grad-
ually shifts toward left, that is, higher molecular
weight region, which indicates an increased average
molecular weight of PSf and a controlled growth of
the end-functional chains. On the other hand, at the
same reaction time (30 min), the PSf phase presents
a decreased molecular weight and a narrower poly-
dispersity with the increase of TEMPO/DP275B
ratio as shown in Figure 7. This also corroborates
the foregoing conclusion of the controlled growth
of chains and the stable polymerization behavior.

3.5. Morphological and mechanical properties
The structural and mechanical properties of the
composites prepared with different TEMPO dosages
are listed in Table 4. As shown, the yield stress and
fracture stress have no great variance. However, the
notched Izod impact strength and the elongation at
break are quite different from each other; both show
a significant downtrend with increasing the TEMPO/
DP275B ratio. Therefore, R value has a strong
influence on the impact property and fracture elon-
gation by directly affecting the grafting level of elas-
tomeric toughener. As one of the key factors, the
interfacial performance has an important effect on
the toughening modification. A moderate grafting
level is beneficial to the distribution of rubber parti-
cles and the binding force between the two phases.
On the other hand, the aforesaid great differences in
toughness, to a large extent, are also attributable to
the distinct morphological structures of as-prepared
products. Figure 8 gives the TEM images of various
PS composites obtained by changing R value. As
illustrated from Figure 8a, the composite without
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Figure 6. SEC curves of PSf at different time when no TEMPO added (a) and R value is 0.33 (b)

Table 3. Molecular weight parameters of PSf under differ-
ent R values

t
[min]

R = 0 R = 0.33
Mn·10–4 Polydispersity Mn·10–4 Polydispersity

30 10.8 4.558 6.7 2.189
85 14.4 2.306 8.4 1.641

150 12.8 2.010 9.1 1.314

Figure 7. SEC curves of PSf under different R values (t =
30 min): a) R = 0; b) R = 0.33; c) R = 0.67; d) R =
1.17



TEMPO possesses typical ‘sea-island’ structure with
a wide distribution. A great many smaller particles
(~!300 nm) and a few larger ones (>!1.0 µm) coexist.
A large number of PS occlusions can be observed

inside the larger particles while those smaller parti-
cles have almost no inclusions. The relatively clear
interface and the hypodispersion of rubber phase
may be due to the higher viscosity of polymeriza-
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Table 4. Effect of R values on the molecular structures and mechanical properties of composites

R
Rubber phase PSf phase Notched Izod

impact strength
[J/m]

Yield stress
[MPa]

Fracture
stress
[MPa]

Elongation
at break

[%]
GD
[%]

RPVF
[%] Mn·10–4 Polydispersity

0.00 345.5 35.4 14.6 1.565 28.4 32.8 29.9 37.4
0.33 309.0 39.0 11.3 1.294 20.8 33.5 26.9 20.7
0.67 261.6 41.8 11.0 1.288 16.2 33.6 24.9 36.4
1.17 209.7 48.9 10.7 1.285 15.0 36.2 31.6 13.6

Figure 8. TEM images of composites under different R values: a) R = 0; b) R = 0.33; c) R = 0.67; d) R = 1.17



tion system and the random distribution of grafting
chains on the rubber particle surface.
In the case of R value of 0.33 (Figure 8b), those
smaller and larger particles in the composite similar
to the former without TEMPO still exist. Besides,
there appear homogeneously a mass of nanometer-
grade granules without inner grafting, the size of
which is lower than 100 nm. When R value is
increased to 0.67, the number of larger particles
increases and their size also tends to be uniform and
is decreased to approximately 1.0 µm, which are
attributable to the mediation action of TEMPO. Just
because of those uniform larger particles having
excellent stretching and yielding abilities under ten-
sile, they endow the composite material with a
higher elongation at break. However, the material
shows poor anti-impact property while suffering an
external impact force in that the existing micro-fine
granules can not effectively terminate the develop-
ment of crazes or restrain the propagation of cracks.
Further increasing the TEMPO amount, the poly-
merization and chain extension occur very slowly.
The relative lower grafting degree (209.7%) is not
enough to disperse the rubber phase, indicating a
poor two-phase interface. And the amount of as-
produced PS phase is not up to that of rubber phase
in a certain reaction interval, either. As a result, as
shown in Figure 8d, the semi-continuous state or
interpenetrating network of two-phase is formed
[28], which is further unfavorable to impact resist-
ance property.

3.6. Fractography
In order to deeply clarify the fracture mode and
mechanism, the fracture surface morphologies of
BR9004 rubber toughened PS composites with vary-
ing TEMPO/DP275B ratio after impact tests were
observed by a scanning electron microscope. The
corresponding images are shown in Figures 9–10,
respectively. As can be seen from Figure 9a, the sam-
ple without TEMPO added totally shows a rather
rough fracture surface and a certain degree of stress-
whitening, suggesting that the plasticization and
yielding phenomenon occur. Further amplifying the
region, quite a few naked rubber particles and
micron-grade cavities can be observed in the frac-
tured surface. This means that the stress concentra-
tion releases effectively after the matrix stripping
and the stress yielding. In a word, the dominating
fracture mechanism in this case is the characteristic
plasticization and yielding in the shear stress field.
In contrast, there are three distinct morphological
domains on the fractured surface with R value of
0.33 as shown in Figure 10a. They are (i) mirror
zone, (ii) rib-structure zone and (iii) rapid crack
propagation zone, respectively. In the mirror zone
(a range from notch to 500 µm), the fracture surface
seems to be relatively flat and smooth, accompa-
nied by only a few peeling patterns caused by the ini-
tiation and expansion of single or several crazes.
While the crack propagates into the rib-structure
zone, the rough band and the smooth band alter-
nately appear (Figure 10b). The former are mainly
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Figure 9. SEM images of fracture surface of composite without TEMPO added



the dense cracks extending along the impact direc-
tion. Besides, stress-whiting is dramatic at the edge
of those cracks, meaning a fatally tearing progress
in the material. As for the latter, there exist almost
no characteristics except a single crack from the
rough band terminated here. Its appearance is the
logical result of the external impact energy aggre-
gating first and then releasing in the crack tip. In
addition, with the cracks propagating, the spacing
between rib-structures becomes narrower and nar-
rower while the rough band gets wider and wider,
demonstrating that the matrix material can not
avoid unstable rupturing.
When R value is increased to 0.67 and 1.17, respec-
tively, the composite materials basically present
similar fracture surface morphology (Figure 10c–d).
The substantive diversities lie in the peeling degree

of craze patterns in the mirror zone, the band width
and crack size in the rib-structure zone, and the
propagating speed of cracks in the rapid crack prop-
agation zone, etc. As seen, the more TEMPO is
used, the more brittle the material becomes. Gener-
ally speaking, semi-ductile fracture occurs for the
material with no or less TEMPO accompanied by
pronounced cavitation and shear yielding, while for
the material under the mediation of more TEMPO,
alternate rough band and smooth band successively
followed by fast developed cracks are obviously
exhibited in the mode of quasi-brittle failure.

4. Conclusions
A well-controlled grafting polymerization of styrene
onto the high-cis-1,4-PB rubber initiated by DP275B
under the mediation of TEMPO. The grafting
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Figure 10. SEM images of fracture surface of composites with various R values: a) R = 0.33; b) R = 0.33; c) R = 0.67;
d) R = 1.17



progress, grafting parameters of rubber and molec-
ular weight of PSf while adding different TEMPO
amount were determined, which showed that not
only the grafting kinetics of styrene but the molecu-
lar weight of PS (free and grafted) can be well con-
trolled besides a narrower polydispersity. The struc-
ture, mechanical properties and fracture mechanism
of the composites were also evaluated. By adjusting
the TEMPO/DP275B ratio to a certain degree, not
only the finer rubber particles but the larger ones
tended to be more homogeneous. Consequently, the
material displayed relatively outstanding compre-
hensive mechanical properties. The relevant fracture
mechanism was mainly cavitation and shear yield-
ing. However, too much TEMPO applied was dis-
advantageous to the grafting and fine dispersion of
rubber phase. Furthermore, the material exhibited
poor physical properties and fractured in a quasi-
brittle mode. Totally, three distinct fracture zones
on its fractured surface suggested a fast propagating
progress of crack and an unstable failure of mate-
rial.
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1. Introduction
It has been reported that thermoplastics filled with
nanometer-sized materials show properties differ-
ent from those of thermoplastics filled with conven-
tional microsized particles. The incorporation of
nanosized fillers has, indeed, been shown to have
significant effects not only on some mechanical and
thermomechanical properties e.g. elastic modulus,
heat deflection temperature, but also on the trans-
parency and haze characteristics of the polymers
films. It is well documented that nanoclay incorpo-
ration into polymer films significantly enhances

transparency, reduces haze and sizeably increases
the film barrier properties. Clays, being hydrophilic,
are easier to be nano-disperded in polar polymers.
On the other hand preparation of clay-based nano -
composites by melt processing of polyolefins (PO’s),
thermoplastic olefins (TPO’s) and other non-polar
polymers is a technologically challenging task as
the clay silicate layers have to be exfoliated by pure
mechanical shear during the extrusion of the poly-
mer. Extrusion conditions, extruder screw type and
design strongly affect the exfoliation extent. In
order to improve exfoliation, use of the more polar
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maleic anhydride-modified (maleated) POs, TPOs
and organically modified clays may be required.
The success of these materials requires also that the
incorporation of the organically modified clay has
negligible adverse effects on preparation, cost, pro-
cessing stability and a host of other application spe-
cific performance properties.
When well dispersed low loadings (1–10 wt%) of
nanoclays yield dramatic improvement of physical,
thermal, and mechanical properties of polymer-
based materials with a minimal increase in the poly-
mer density as a result of the low inorganic loading
[1–10].
It must be noted that the improvement of all these
properties occurs only if the nanofiller particles are
exfoliated, or at least intercalated, within the poly-
mer matrix. Intercalation or exfoliation is the result
of the incorporation of polymer macromolecules
between the layers of the exfoliated clay particles
and occurs only if the extrusion-induced thermo-
mechanical stress is well transferred from the melt
to the layered particles. A good adhesion between
matrix and particles is then a necessary condition
for a successful intercalation or exfoliation. When
polymer melt and filler are not well adherent, e.g. in
the case of a non-polar matrix such as polyolefins
containing polar particles such as nanoclays, use of
an adhesion promoter or compatibilizer, having
polar groups is necessary [11–25].
In order to modify the clay morphology and conse-
quently the final macroscopic properties in clay
filled polyethylene, different commercial compati-
bilizers have been used. Sánchez-Valdes et al. [11]
have used Zn-neutralized carboxylate ionomer,
while, Shah et al. [12] used Na-neutralized poly(eth-
ylene co-methacrylic acid), both Surlyn® by DuPont,
in LDPE/clay nanocomposite formulation. Filippi
and coworkers [13–14] have used as a compatibi-
lizer, the ethylene-acrylic acids copolymers (Et-g-
AA), namely Escor® by Exxon-Mobil. Xu et al.
[15] have prepared HDPE/clay nanocomposites
using a HDPE-g-AA co-polymer. The most widely
used compatibilizer in polyethylene/clay formula-
tions has been the maleic anhydride grafted poly-
ethylene that allows obtaining an exfoliated clay
morphology [16–23]. All the authors agree that the
observed macroscopic benefits have been lower
than those expected and calculated, for nanofilled

polymer based systems, using different theoretical
models.
Recently, a new type of polar compatibilizers, based
on the oxidized polyolefin has been used in the
polyethylene/silicate nanacomposite formulations.
Durmu! et al. [24] concluded that the barrier and
mechanical properties of the nanocomposites pre-
pared with commercial grade oxidized polyethylene
were better than those prepared with maleic anhy-
dride grafted polyethylene. Furthermore, Luyt and
Geethamma [25] have reported that the presence of
oxidized paraffin slightly reduces the thermal sta-
bility of the LLDPE/clay sample.
In this work the use of a polar wax, e.g. amphiphilic
Tegomer® E525 is investigated for the first time,
with the aim of modifying, and possibly improving,
the dispersion of an organically modified nanoclay
(OMMT) in a PE matrix at relatively low loading
levels. Interestingly the properties of the 0.5 wt%
TEG containing PE/OMMT film are comparable to
those of a PE/OMMT film containing a tenfold
higher amount, i.e. 5 wt%, of the traditionally used
maleic anhydride grafted polyethylene (PEgMA).
These new results strongly indicate that the
amphiphilic TEG dispersing additive may be advan-
tageously used, at relatively low loading levels, as
an alternative to PEgMA.

2. Experimental
2.1. Materials
The materials used in this work were:
–"LLDPE, PE, (Clearflex FG166, Mw =
130 000 g#mol–1, Mw/Mn = 3.8; MFI190/2.16 =
0.27 g/10 min and ! = 0.918 g#cm–3 at room tem-
perature, Polimeri Europa, Rome, Italy);
–"an organomodified clay, OMMT, (Cloisite® 15A
from Southern Clay Products, Gonzales, TX, USA)
was used to prepare the hybrid blend. Cloisite® 15A
is a montmorillonite modified by dimethyl-dihydro-
genated tallow-quaternary ammonium cation with a
concentration of the organo-modified clay of
125 meq/100 g and density ! = 1.66 g/cm3. The
OMMT was added at 5 wt% in all formulations;
–"a maleic anhydride grafted polyethylene, PEgMA,
with MFI190°C/2.16 kg = 5 g/10 min (Polybond® 3009,
from Crompton Corp., Middelbury CT, USA). The
maleic anhydride level is 1 wt%, reported from the
manufacturer. The PEgMA was added at 5 wt%;
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–"an ethylene-acrylic acid copolymer, EAA, (Escor®

5001 from Exxon-Mobil Chemical Mediterranea,
Milan, Italy) was used to prepare a compatibilized
blend. The composite film has an acrylic acid con-
tent of 2.5 mol%, MFI190°C/2.16 kg of 2.0 g/10 min
and ! = 0.931 g/cm3. The EAA was added at 5 wt%;
–"alternatively a polar wax e.g. Tegomer® E 525,
TEG, (Evonik Goldschmidt Italia, s.r.l., Pandiono,
Italy) , added at different wt%, i.e. 0.5, 1.0, 2.0, 4.0
and 5.0 was used to achieve a better dispersion of
the nanoclay. TEG is a finely grained white powder
with a melting point close to 100°C and a melt vis-
cosity of 200 mPa#s at 140°C.
The composition of all nanocomposite films and
ratio between the dispersing additives and OMMT
were reported in Table 1.

2.2. Processing
The nanocomposite films were prepared consider-
ing two consecutive separate processing. In particu-
lar, first step was the compounding in twin screw
extruder, in order to have a better additive disper-
sion and second step was the film formulation using
a film-blowing apparatus.

First processing step: Compounding
The PE was melt-compounded with nanofiller and
different dispersing additives (different type and
loading) in a co-rotating inter-meshing twin-screw
extruder (L/D = 35, D = 19 mm, OMC, Saronno,

Italy), using a shear stress screw profile as reported
in Figure 1. The temperature profile used was 120–
120–160–170–180–180°C (die) and the residence
time was about 120 s at 250 rpm. The extrudates
were water-cooled, and granulated before the film
formulation.

Second processing step: Film formulation
The films were prepared with a single-screw extruder
equipped with a film blowing head and with a
Brabender film-blowing unit (Braneder Technolo-
gie KG, Duisburg, Germany). The thermal profile
was 120–140–170–190°C and the screw speed
60 rpm. The obtained film thickness was about
80 microns.

2.3. Characterizations
2.3.1. Mechanical test
The tensile properties were determined at room tem-
perature and humidity, by using an Instron machine
mod. 3365 (Instron, Norwood, MA, USA), accord-
ing to ASTM test method D882. The specimens were
cut from films in both the machine and transverse
direction (machine, MD, and transverse, TD), and
were tested at two strain rates: for modulus meas-
urement purposes, the speed was 1 mm/min until a
deformation of 10%, and that was subsequently
increased to 500 mm/min until break. The data
reported are the average values of ten tests per film
sample, the reproducibility being ±5%.

2.3.2. Scanning electron microscopy (SEM)
SEM analysis was performed on the nitrogen frac-
tured surfaces of all the films on a Philips (Nether-
lands, distributed by FEI, Hillsboro, Oregon USA)
ESEM XL30 microscope.

2.3.3. X-ray analyses (X-ray)
Wide-angle X-ray analyses (WAXD) were per-
formed at room temperature in the reflection mode
on a Siemens D-500 X-ray diffractometer (Siemens
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Table 1. Sample composition and ration between dispersing
additives and OMMT

Sample code Composition
wt/wt/wt%

Ratio between
dispersing additive and

OMMT
PE/OMMT 95/5 –
PE/PEgMA/OMMT 90/5/5 1.0
PE/EAA/OMMT 90/5/5 1.0
PE/TEG0.5/OMMT 94.5/0.5/5 0.1
PE/TEG1/OMMT 94/1/5 0.2
PE/TEG4/OMMT 91/4/5 0.8
PE/TEG5/OMMT 90/5/5 1.0

Figure 1. Screw profile of O.M.C. co-rotating intermeshing twin-screw extruder (L/D = 35, D =19 mm)



AG Munich, Germany) with Cu K$ radiation of
wavelength of 0.1542 nm. A scanning rate of
10 deg/min–1 was used. The distances d001 between
the silicate layers of the organoclay in the nanocom-
posite films were evaluated using the Bragg’s equa-
tion d001 = n"/(2 sin#), where " is the wavelength, #
is the incidence angle of the X-ray beam and n is an
integer.

2.3.4. Transmission electron microscopy (TEM)
The analyses were carried out on the radial cross
section for the film samples. Ultrathin films with
thickness of about 100 nm for TEM observation
were prepared by slicing the epoxy block contain-
ing PE nanocomposite films with a Leica Ultrami-
crotome (Leica Microsystems, Wetzlar, Germany).
The ultra-thin films of the nanocomposite films were
mounted on the holey carbon films on 300 mesh
copper grids and then observed by JEOL JEM-2100
(Jeol Ltd., Tkyo, Japan) under accelerated voltage
of 100 kV.

2.3.5. Rheological analysis
The rheological characterization, including meas-
urements of complex viscosity was performed by
using a Rheometric Scientific (Piscataway Town-
ship, NJ, USA) RDA II plate-plate rotational rheome-
ter, operating at T = 180°C in the frequency range
comprised between 0.1–500 rad/s.

2.3.6. Fourier transform infra-red analysis
(FT-IR)

Fourier transform infra-red (FT-IR) spectra were
evaluated using the Spectrum One Spectromoter by
Perkin-Elmer (Weltham, MA, USA) and its Spec-
trum software. The spectra were obtained using
32 scans and a 4 cm–1 resolution. The powder sam-
ples were incorporated in KBr.

2.3.7. Nuclear magnetic resonance analysis
(NMR)

13C cross-polarization magic-angle spinning nuclear
magnetic resonance (13C de-coupled {1H} CP-MAS
NMR) spectra were obtained at room temperature
on a Bruker Avance II 400 MHz (9.4 T) spectrome-
ter (Bruker, Ettlingen, Germany) operating at
100.63 MHz for the 13C nucleus with a MAS rate
of 13 kHz for 1024 scans, a contact time of 1.5 µs,
and a repetition delay of 1.5 ms.

3. Results and discussion
3.1. Rheological characterization
The viscosity measurements, in the frequencies
range between 0.1–500 rad/s, were carried out and
the flow curves are reported in Figure 2a. In gen-
eral, the OMMT presence in the polymer matrix
leads to a substantial viscosity increase in the whole
frequencies region. Addition of adhesion promot-
ers, in particular of PEgMA, further increases the
complex viscosity, most sizeably, at the low fre-
quencies values. Most interestingly the TEG pres-
ence, especially at low loadings (0.5 and 1 wt%),
does not modify the rheological behaviour of the
composites with their viscosity being substantially
equal to that of the pristine polymeric matrix. Fur-
thermore, the TEG presence, even at high loadings
(4 and 5 wt%) leads to a much more pronounced
decrease of the complex viscosity. The TEG addi-
tive has a very low viscosity, see 2.1, and obviously
by increasing the TEG presence, the complex vis-
cosity of the formulated nanocomposites decreases.
In Figure 2b the flow curves of all investigated
materials in high frequencies region are reported.
The higher viscosity of PE/OMMT, in the range of
100–300 rad/s (typical shear rate range of extrusion
operation) does not substantially worsen the process-
ability of this material. The viscosity values of PE/
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Figure 2. Complex viscosity of all the investigated materials



gMA/OMMT and PE/EAA/OMMT nanocompos-
ites are, at higher frequencies, close to those of the
unfilled polyethylene PE, and a comparable process-
ability obtains. By contrast TEG, at high loadings,
exerts a clear lubricating effect, while at low content,
no modification of the processability was observed.

3.2. Mechanical characterization
In Figures 3–5, the mechanical properties, in partic-
ular, the elastic modulus, E, tensile strength, TS,
and elongation at break, EB, are reported, in both the
machine (MD) and transverse (TD) directions for
polyethylene films (PE), either pristine or contain-
ing 5 wt% of organically modified montmorillonite
(PE/OMMT), alone or together with adhesion pro-

moters such as 5 wt% of maleic anhydride grafted
polyethylene (PE/PEgMA/OMMT), of ethylene-
acrylic acid copolymer (PE/EAA/OMMT) or of dis-
persing additives such as polar wax (PE/TEG%/
OMMT) at different concentrations (0.5, 1, 2, 4 and
5 wt%). The obtained results suggest that the pres-
ence of OMMT nano-particles in the composite leads
to an increase of the elastic modulus with no changes,
or in some systems a slight decrease, in the ultimate
properties, in keeping with what already reported in
the literature [5–9]. In general, in order to obtain a
better dispersion of the OMMT nano-particles and
achieve good performances, use of dispersing addi-
tives and/or adhesion promoters is required [10–12,
14].
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Figure 3. Elastic modulus of pristine PE film and PE/OMMT film without and with different dispersing additives in both
machine (MD) and transverse (TD) directions

Figure 4. Tensile strength of pristine PE film and PE/OMMT film without and with different dispersing additives in both
machine (MD) and transverse (TD) directions



It is interesting to note that the values of all the
mechanical properties of films containing 5 wt% of
PEgMA or 5 wt% of EAA are practically the same
of films containing only 0.5 wt% of TEG. Increas-
ing the concentration of TEG to 1 and 5 wt% does
not produce further improvement of the films
mechanical performances. It must also be noted that
at high TEG loading, the films rigidity and proper-
ties at break drop. In particular, the elastic modulus
of the PE/TEG5/OMMT film, in both the machine
and transverse directions, decreases by about 50%
with respect to the value of the PE/TEG0.5/OMMT
film, even though the value is always higher than
those of the pristine PE and PE/OMMT films. In
parallel, a reduction of the tensile strength is observed
upon a tenfold increase (i.e. to 5 wt%) of the TEG
concentration. On the other hand at the higher con-
centration of TEG (e.g. 4 and 5 wt%) the elongation
at break, EB, does not seem to increase.
Interestingly the inspection of the measured mechan-
ical properties reveals that major improvements
obtain at the lowest TEG loading, i.e. 0.5 wt%, and
that the mechanical behaviour of the PE/TEG0.5/
OMMT film is very similar, in both the machine and
transverse directions, to that of both PE/PEgMA/
OMMT and PE/EAA/OMMT films containing
higher amounts (up to one order of magnitude) of
either dispersing or compatibilizing agents.
Furthermore, no benefits are obtained in the film
formulation for high TEG loading (see all discussed
results).

This are, indeed, interesting results and the render
the use of TEG, as a new dispersing additive and/or
adhesion promoter, particularly advantageous in
some film formulations given the low loading val-
ues required. Further confirmation of such envi-
sioned advantages comes also from the analysis of
the observed rheological changes reported and dis-
cussed in section 3.1.

3.3. Analysis of TEG by Fourier transform
infra-red spectroscopy (FT-IR) and
nuclear magnetic resonance (NMR)

The FT-IR and NMR analysis of the TEG sample
was performed and the spectra are reported in Fig-
ures 6 and 7, respectively. In the FT-IR spectra dif-
ferent characteristic absorption areas were identi-
fied, in particular:
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Figure 5. Elongation at break of pristine PE film and PE/OMMT film without and with different dispersing additives in
both machine (MD) and transverse (TD) directions

Figure 6. FT-IR spectra of TEG sample (in KBr)



Area 1: hydroxyl group region (3200–3700 cm–1).
The broad peaks in the spectra suggest the presence
of hydroxyl bonds.
Area 2: C–H stretching in the alkanes (3000–
2800 cm–1). The TEG spectra shows well distinct
absorption peaks at about 2918 cm–1 and about
2844 cm–1 due to the asymmetrical and symmetri-
cal stretching vibration of the methylene groups,
respectively.
Area 3: carbonyl region (1900–1600 cm–1). The
TEG spectra shows well distinct peak at 1738 cm-1
due to the presence of COX functional groups.
Area 4 (1640–1500 cm–1): The TEG spectra reveals
the presence of well a distinct peak at 1553 cm–1

due to the presence of secondary acyclic amides
(–CONH); the absorption involves the coupling of
the N–H bending and C–N stretching vibrations.
Area 5 (<%1500 cm–1): The spectra show absorption
peaks at about 1466 and 1370 cm–1 due to the in-
plane bending and symmetric bending vibrations of
methyl groups. Moreaover, a well distinct peak at
719 cm–1 is visible, due to the in-plane bending of
the methylene groups.
The NMR analysis confirms the above FT-IR analy-
sis. In particular, the well distinct peaks in the spec-
tra at <%50 ppm can be attributed to the presence of
numerous –CH2– and –CH3 groups. The small peak
between 50 and 100 ppm is due to the carbon atoms
carrying hydroxyl groups. Furthermore, the small
peaks between 150 and 200 ppm reveal the presence
of amide and carboxyl groups.
The large amounts of methylene groups, confirmed
by both analyses, suggest that TEG is a low molec-
ular weight sample, according to the rheological

data (see experimental part, i.e. description of the
used materials).
The accurate FT-IR and NMR analyses suggest the
presence of amides and carboxyl functionalities on
the low molecular aliphatic chains in TEG polar
wax structure.

3.4. Morphological analysis
3.4.1. X-ray analysis
In Figure 8, the X-ray traces of pristine OMMT,
pristine TEG, PE/OMMT and PE/additive/OMMT,
with of different dispersing additives are plotted,
and Table 2 reports the interlayer distances of the
investigated films, calculated using the Bragg’s for-
mula. All the OMMT-films show increased inter-
layer distance (main diffraction peak), with respect
to the interlayer distance obtained for the pristine
OMMT film. The latter film shows a secondary dif-
fraction peak between 6 and 8 degrees, that is much
smaller in the PE/OMMT system. The main peaks
of PE/PEgMA/OMMT and PE/EAA/OMMT films
are shifted to the left and the calculated interlayer
distances are 3.56 and 3.37 nm, respectively. The
presence of both compatibilizers leads to a decrease
of the main peak intensity, see Figure 8a, that is
more pronounced than that observed for the weakly
intercalated PE/OMMT sample. As well known, the
absence of the diffraction peak in X-ray trace sug-
gests the presence of exfoliated clay morphology.
It is very interesting to highlight that the presence
of TEG leads to an increase of the interlayer dis-
tance than the PE/OMMT sample but at high load-
ings, i.e. 1 and 5 wt%, the diffraction intensities sig-
nificantly increase and the peaks are very intense,
see Figure 8b. Furthermore, the sample PE/T0.5/
OMMT shows lower diffraction intensity than the
PE/OMMT one and this diffraction trace is similar
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Figure 7. NMR analysis

Table 2. Main peaks and calculated interlayer distance, using
the Bragg’s formula, of the investigated nanocom-
posite films

Sample Main peak, 2! d001 [nm]
Cloisite® 15A 2.80 3.15
PE/OMMT 2.67 3.30
PE/PEgMA/OMMT 2.48 3.56
PE/EAA/OMMT 2.62 3.37
PE/TEG0.5/OMMT 2.58 3.42
PE/TEG1/OMMT 2.50 3.53
PE/TEG4/OMMT 2.42 3.65
PE/TEG5/OMMT 2.35 3.76
Tegomer® E525 1.85 4.77



to the trace obtained for the samples compatibilized
with PEgMA and PEgAA.

In order to better understand the effect of the
amphiphilic block co-polymer presence on the
increase of the diffraction intensity, the X-ray
analysis on the pristine TEG was performed. In Fig-
ure 8c, the X-ray trace of the pristine TEG, pristine
OMMT and PE/TEG5/OMMT samples were shown.
It is evident that the clay morphology modification
occurs because of the polar wax (i.e. TEG) pres-
ence, given the very intense peaks and the increase in
the intensity for PE/TEG5/OMMT sample. It seems
that the small polar wax chains (having very low
viscosity values, as reported in the experimental
part), by strong interaction with the organic modi-
fier, are able to penetrate the clay layers (the inter-
layer distance increase), but are not able to separate
the layers into the clay tactoids, see Figure 9. Con-
sidering the strongly polar nature of the amphiphilic
block co-polymer chains, it also could be hypothe-
sized that the presence of wax chaina in the clay
galleries inhibits the penetration of the polyethylene
chains into the tactoid galleries; a similar hypothe-
sis was made by Luyt and Geethamma [25]. In
order to better explain the hypothesis of the easier
intercalation into the clay galleries, but no exfolia-
tion ability, of the TEG amphiphilic block co-poly-
mer molecules than the PEgMA or EAA long poly-
meric chains, in Figure 9, the possible formation
clay morphology in the nanocomposites is shown.
Really, the penetration of PEgMA, partially EAA
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Figure 8. X-ray diffraction trace of all the investigated sam-
ples

Figure 9. Clay morphology of PE/OMMT with different
dispersing additives: (a) Formation of hybrid clay
morphology, i.e. the PEgMA or EAA polymer
chains are able to intercalate and in some cases to
exfoliate the clay layers. The intercalation ability
only of matrix chains, i.e. PE polymer chains, is
very reduced, as well know. (b) Formation of
preferentially intercalated morphology due to the
reduced ability of the TEG molecules to separate
the clay layers. The TEG molecules are high pen-
etration ability considering their polar nature but
reduced ability in layer separation due to their
small dimension.



chains and PE macromolecules, during melt process-
ing explains the intercalation effect and considering
the specific intrinsic properties and nature explain
also the exfoliation effect, i.e. that the long polymer
chains are able to delaminate the tactoids. While the
TEG molecules, having polar nature and small
dimension are able to intercalate the clay tactoids
during melt processing, in particular at high TEG
loading, and the penetration of the PE chains into
clay galleries are not favoured.
Furthermore, the physically-absorbed organic mod-
ifier on the clay particles surface it is likely to pro-
mote, especially at high TEG loading (e.g. 4 and
5 % wt.), the cluster formation of clay particles (see
3.4.2), by interaction among the wax polar groups,
and, this would further inhibit the otherwise benefi-
cial penetration of the polyethylene chains into the
clay platelets that would improve the mechanical
properties of the films.

3.4.2. Transmission electron microscopy
analysis (TEM)

The TEM analysis of PE/OMMT (a), PE/PEgMA/
OMMT (b), PE/TEG0.5/OMMT (c) and PE/TEG5/
OMMT (d) films was carried out and the micro-
graphs are reported in Figure 10. The PE/OMMT
sample shows the presence in the system of clay
clusters with dimensions larger than 200 nm. The
isolated platelets are not visible, suggesting that the
clay morphology is predominantly intercalated, in
accord with the X-ray analysis results. The PE/
PEgMA/OMMT sample shows clay tactoids with
much smaller dimensions, and also a large number
of isolated clay platelets are clearly visible, see Fig-
ure 10b. The presence of some tactoids leads to
appearance of the diffraction peaks in the X-ray
trace and the clay morphology is hybrid with a large
number of exfoliated platelets.
The discussion about the clay morphology in the
samples additivated with TEG, appears to be more
complex. In fact, the micrographs of both investi-
gated samples, i.e. PE/TEG0.5/OMMT (c) and PE/
TEG5/OMMT (d) respectively, show the presence
of large clay clusters, whose dimensions become
larger at high TEG loading. These observations are
in agreement with the X-ray analysis, in particular,
the chains of the polar wax are arranged between
the platelets of the clay and, due to their polar nature,
significant particle re-aggregation occurs; this effect

is, as noted above, more pronounced at highest TEG
loading. Furthermore, it is reasonable to expect that
the at high(er) TEG loadings some polar wax chains
are also present on the external surface of the tac-
toids and this would promote, by polar-polar groups
interaction, the clay particles re-aggregation.
In fact, the PEgMA presence leads to a formation of
a large number exfoliated platelets and conse-
quently the rigidity of the system increases without
ductility loss. Moreover, the TEG presence leads to
the formation of predominantly intercalated clay
structures but at high loadings leads to some re-
aggregation of the intercalated clay tactoids, most
likely by association between the polar groups of
TEG. It would then seem that this new morphology
could be responsible for the observed worsening in
the mechanical behaviour with respect to the PEgMA
and EAA compatibilized samples; especially, at
high TEG loading. At low TEG loading, i.e. 0.5 wt%,
the polar wax chains are mainly intercalated into
the tactoids and the re-aggregation particle process
is not significantly pronounced.

3.4.3. Scanning electron microscopy analysis
(SEM)

In order to evaluate the system morphology varia-
tions at microscopic level, the SEM micrographs at
two different magnifications of the investigated
films are reported in Figure 11. The morphology of
PE/OMMT sample, not containing compatibilizer
or dispersing additives is not uniform and also a
poor adhesion between the clay particles and the
matrix is observed. Furthermore, on the liquid nitro-
gen fractured surface of the PE/OMMT film are
clearly noticeable some clay particles/cluster hav-
ing micrometric dimensions. Addition of PEgMA at
the 5 wt%, significantly improves the film morphol-
ogy. The beneficial effect imparted by low loading
of TEG, i.e. 0.5 wt%, is clearly evident from the
inspection of the reported SEM micrographs. The
fractured surface of this film is uniform and no re-
aggregated clay clusters are observed. Interestingly,
by increasing the TEG loadings, i.e. 1, 4 and 5 wt%,
the above reported morphology improvement is no
longer observed as seen in the reported micro-
graphs, and these remarks are in full agreement
with the observed differences in mechanical behav-
iour and other morphological analyses.
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4. Conclusions
In this work, a polar wax was used as dispersing
additive in PE/OMMT film preparation with the
aim of modifying, and possibly improving, the dis-
persion of an organically modified nanoclay
(OMMT) in a PE matrix at relatively low loading
levels. The obtained results suggest that the macro-
scopic properties of the films observed when the
polar wax (TEG) was added at low concentration,
i.e. 0.5 wt%, are similar to those obtained by adding
PEgMA and EAA compatibilizers at 5 wt%. Fur-
thermore, by increasing the TEG loading, i.e. 1–

5 wt%, no improvement of the macroscopic per-
formance was observed. At the higher loading lev-
els the low molecular weight and polar nature of TEG
chains promote its arrangement into the galleries of
the organically modified clay and this somewhat
hinders the polymer chains intercalation between
the clay layers, with no improvement of the PE film
mechanical and thermal properties. The obtained
results suggest that the amphiphilic dispersing
agent, at low loading levels, may advantageously be
used as an alternative to PEgMA and EAA compat-
ibilizers in the formulation of nanocomposite poly-
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Figure 10. TEM micrographs of the investigated PE/OMMT (a), PE/PEgMA/OMMT (b), PE/TEG0.5/OMMT (c) and
PE/TEG5/OMMT (d) films



olefin films, and its use would allow obtaining sim-
ilar macroscopic performance improvement at sub-
stantially lower loading levels.
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Figure 11. SEM micrographs at two different magnifications (10 000& and 50 000&) of the investigated films 
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