
The possibility of manufacturing nano-composites
materials with tailored properties at low cost has
gained much interest. In fact, there is already more
than two decades of research on those materials.
Particular interest has been paid to clay nano-
platelets and their composites with non-polar ther-
moplastic polyolefin matrixes, namely polypropy-
lene (PP).
Imagine an industrialist and his design team rela-
tively aware of the developments in the research
with nano-fillers asking themselves: What can we
do with nano-composites and make a net profit up
to the ‘promises’ of the current state of the art?
Research announced potential areas of interest for
practical applications include mechanical perform-
ance, toughness improvement, surface hardening,
fire retardancy, or, solvent and permeability reduc-
tion. However there remains the problem of how a
company could set up the facility for compounding,
and guarantee proper dispersion and minimization
of health hazards. One should bear in mind that for
industrial dissemination conventional equipments
should be used and compounding achieved through
in-line mixing of virgin resins and nanoclay master-
batches.
Since the seventies polypropylene has been seen as
the wonder engineering-commodity material with
widespread application in numerous technical appli-
cations. Current masterbatches are mainly based on
thermoplastic polyolefins and anhydride function-
alized PP as a compatibilizer. In principle, filling
with a low incorporation level of nanoclay (typi-

cally less than 5%), makes PP adequate to applica-
tions with engineering requirements. Nevertheless,
only well-dispersed and well-exfoliated nanoparti-
cles can lead to the expected improvement of prop-
erties. The nanoparticle dispersion and exfoliation
is usually assumed to be achieved during master-
batching, but the suppliers of masterbatches request
a relatively high price. Tests at the industrial scale are
reported with typical processing setup using PP
mixed with nanoclay masterbatches. The results
showed only minute improvements on stiffness.
Conversely, the toughness was affected particularly
in weld-line regions, and the surface tribological
properties were not improved. Underlining these evi-
dences poor exfoliation was a common feature in
moldings obtained using industry achievable pro-
cessing conditions.
There is an evident interest of bringing the benefits
of nanocomposites at the laboratory scale to cost
competitive industrial products. However the first
available information leaves a number of treads that
research could well follow, for example. Which
level of exfoliation should be required to viable
masterbatches? Is there any scope for  hybrid com-
pounding, i.e. combining particulate nanoclays with
fibre reinforcements? Are there only a few niches of
application for nanocomposites? Have nanofillers
any chance of being full exfoliated within non polar
matrixes? Do these nanocomposites will require
alternative routes of processing? Should novel com-
patibilizers be developed in order to avoid unavoid-
able re-agglomeration during injection molding?

                                                                                                    661

Editorial corner – a personal view
Is there any chance for polypropylene/clay nanocomposites in
injection molding?

P. M. Frontini1*, A. S. Pouzada2

1Instituto en Ciencia y Tecnología de Materiales (INTEMA), CONICET, Universidad Nacional de Mar del Plata, 
Juan B. Justo 4302, B7608FDQ, Mar del Plata, Argentina

2Institute for Polymers and Composites/I3N, University of Minho, Campus de Azurem, Guimarães, Portugal

eXPRESS Polymer Letters Vol.5, No.8 (2011) 661
Available online at www.expresspolymlett.com
DOI: 10.3144/expresspolymlett.2011.64

*Corresponding author, e-mail: pmfronti@fi.mdp.edu.ar
© BME-PT



1. Introduction
Recently, people have paid much attention to poly-
lactide (PLLA) from annually renewable resources
due to its good biodegradability, high mechanical
strength, excellent shaping and molding properties
[1–4]. However, PLLA exhibits some disadvan-
tages, such as low thermooxidative stability and
slow crystallization rate, which greatly limit its
application. Therefore, several methods, including
blending with other polymers, copolymerization
with other monomers, have usually been used to
control the properties of PLLA [5–8]. The addition

of nanoparticles such as nanoclay and carbon nan-
otubes into PLLA is also an attractive way to
improve the performance of PLLA [9–14].
As for nanoparticles, more and more attention has
been paid to polyhedral oligomeric silsesquioxanes
(POSS) due to their inorganic-organic hybrid nature
in the last decade [15–19]. POSS molecules possess
a cage-like siloxane structure with a size ranging
from 1 to 3 nm  and are surrounded by eight R groups
(RSiO1.5), where R can be various types of organic
groups, one or more of which is reactive or poly-
merizable [20]. POSS molecules can be easily
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Abstract. Poly(L-lactide)s (PLLA) tethered with octaglycidylether polyhedral oligomeric silsesquioxane (OPOSS) with
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incorporated into polymer systems through blend-
ing, grafting or copolymerization [15, 16]. For exam-
ple, several polymers, such as HDPE [21], PP [22],
epoxy [23–26], PMMA [27–30], PU [31, 32], PET
[33–35] and PC [36], have been blended with POSS.
It has been reported that PLLA/POSS nanocompos-
ites have enhanced crystallization rate, improved
mechanical properties and accelerated hydrolytic
degradation as compared with pristine PLLA [19].
PLLA-POSS hybrids were synthesized via the ring-
opening polymerization of L-lactide with 3-hydrox-
ypropylheptaisobutyl POSS. Then PLLA/PLLA-
POSS nanocomposites were made by blending
PLLA with PLLA-POSS hybrids in solution and
had exhibited improved thermal and thermooxidive
degradation properties, high crystallization rates
and crystallinities [37].
In this work, PLLA-OPOSS hybrids are synthe-
sized by solution ring-opening polymerization of L-
lactide with octaglycidylether POSS as an initiator
in the presence of a stannous (II) octoate [Sn(Oct)2]
catalyst. PLLA-OPOSS hybrids are introduced into
neat PLLA to prepare PLLA/PLLA-OPOSS nano -
composites. The structure of the synthesized PLLA-
OPOSS hybrids are characterized by Fourier trans-
form infrared spectroscopy (FTIR), 1H nuclear mag-
netic resonance spectroscopy (1H-NMR), and X-ray
diffraction analysis. The thermooxidative stability,
isothermal crystallization behavior and the spherulitic
morphology of the PLLA/PLLA-OPOSS nanocom-
posites are investigated by thermogravimetric analy-
sis (TGA), differential scanning calorimetry (DSC),
optical polarimetry and polarizing optical micro-
scope, respectively.

2. Experimental
2.1. Materials
L-lactide (99.8%, prepared by our laboratory) was
used as the monomer for solution ring-opening
polymerization. Octaglycidylether POSS (Product
name: OPOSS) was purchased from Hybrid Plastics
Inc, USA. Sn(Oct)2 (Sigma-Aldrich, USA) was
adopted as a catalyst for the solution ring-opening
polymerization of L-lactide. PLLA (trade name
4032D, number-average molecular weight (Mn)
3·104 g/mol) was purchased from Nature Works Co.
Ltd., USA.

2.2. Synthesis of PLLA-OPOSS hybrids
Octaglycidylether POSS (0.02–1.00 mol%) and L-
lactide were dissolved into xylene in a flask and
heated to 130°C under an atmosphere of dry nitro-
gen, and then 0.1 wt% Sn(Oct)2 as catalyst was
added into the flask. The mixtures were magneti-
cally stirred at 130°C for 8 h, then precipitated into
excess methanol, and filtrated. The overall reaction
scheme is shown in Figure 1. The final products
were purified by dissolving in chloroform and pre-
cipitating in methanol. Finally, the products were
dried in vacuo at 50°C for 24 h. The products are
named PLLA-OPOSSx hybrids, where the sub-
script·denotes the molar percentage of OPOSS to L-
lactide. 

2.3. Preparation of PLLA/PLLA-OPOSS
nanocomposites

For the preparation of PLLA/PLLA-OPOSS nano -
composites, the mixture (3 g) of PLLA and PLLA-
OPOSS0.50 hybrid was dissolved in chloroform
with vigorous stirring. The content of 1–30 wt%
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Figure 1. Scheme for synthesis of PLLA-OPOSS hybrids



PLLA-OPOSS0.50 hybrids were adopted for the
PLLA/PLLA-OPOSS nanocomposites. The mixed
solutions were poured into excess methanol, and the
precipitates were filtered. Then, the PLLA/PLLA-
OPOSS filtrates were dried in vacuo at 50°C for
24 h. The nanocomposites are named PLLA/PLLA-
OPOSSy, where y represents the weight percentage
of PLLA-OPOSS0.50.

2.4. Testing and characterization
The 1H-NMR measurements were carried out on a
400 MHz NMR spectrometer (Bruker AVANCE II,
Switzerland) for characterization of chemical struc-
tures and composition of the PLLA-OPOSS hybrids.
The samples were dissolved in CDCl3 and 1H-NMR
spectra were obtained with tetramethylsilane (TMS)
as the internal reference.
The FTIR measurements were conducted on a FTS
2000 (DIGILAB, America) at room temperature
(25°C). Optical-grade KBr was grounded in a mor-
tar with a pestle, and enough solid sample (1 wt%)
was grounded into KBr to make KBr pellets. After
the pellets were loaded, a minimum of 16 scans was
collected for each sample at a resolution of ±4 cm–1.
The X-ray diffraction analysis was obtained with
XRD-6000 (Shimadzu Co., Japan) (Ni-filtered Cu
K! radiation, 40 kV and 200 mA) over the 2! range
of 5–40° at a scanning rate of 4.0°/min.
A thermal gravimetric analyzer (Pyris Diamond
Perkin Elmer, America) was used to investigate the
thermooxidative stability of the PLLA/PLLA-
OPOSS nanocomposites. The samples were heated
from room temperature to 600°C at a heating rate of
10°C/min under air atmosphere.
The thermal properties of the PLLA/PLLA-OPOSS
nanocomposites were characterized by DSC (DSC
204F1, NETZSCH, Germany). The samples were
heated to 220°C at a heating rate of 10°C/min (first
run) under nitrogen , held for 3 min, cooled to room
temperature at 40°C/min, and then heated to 220°C
again at 10°C/min (second run). The glass transition
temperature, cold crystallization peak temperature,
and melting temperature of neat PLLA and PLLA/
PLLA-OPOSS nanocomposites were obtained from
the second heating run.
The testing of crystallization rate was investigated
by the optical polarimetry (GLY-III) made by
Donghua University at Shanghai in China. The sam-
ples were melted to press into films between two

glass slides at 200°C, subsequently put into a crys-
tallization room, and then the curves of crystalliza-
tion rate were recorded when the temperature of the
crystallization room was constant.
Polarized optical microscopy images of the melt
blended samples were obtained by using an XPR-
500C (Shanghai Caikang Optical Instrument Co.
Ltd., China) polarizing microscope equipped with a
video camera and a heat stage. The samples were
prepared by melting the blended composites on a
hot plate at 200°C for 3 minutes, pressing them
between two cover slips, and then rapidly cooling
them to 125°C.

3. Results and discussion
3.1. Formation of PLLA-OPOSS hybrids
The FTIR spectra of the octaglycidylether POSS,
PLLA-OPOSS0.50 hybrids, and the neat PLLA poly-
mer are shown in Figure 2. In the spectrum of
octaglycidylether POSS, the stretching vibration
bands at 1088 and 906 cm–1 are assigned to the
Si–O–Si moiety and epoxide groups, respectively.
In the spectrum of the neat PLLA, the carbonyl
band appears around 1760 cm–1 and the hydroxyl
stretching vibration band around 3434 cm–1. Under
the same condition, it is seen that the band of epox-
ide groups at 915 cm–1 nearly disappears in the
spectrum of PLLA-OPOSS, indicating that the reac-
tion between PLLA and OPOSS has successfully
happened. Meanwhile, it is interesting to find that
the stretching vibration band of hydroxyl shifts to
the higher frequency (viz. 3512 cm–1) as compared
with that of PLLA (at 3434 cm–1) with the reaction
occurring. The results indicate that the reaction
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Figure 2. FTIR spectrum of (a) PLLA-OPOSS, (b) PLLA
and (c) OPOSS



occurs between PLLA and OPOSS, which results in
the formation of secondary alcohol hydroxyls.
In order to further examine the structure and com-
position of PLLA-OPOSS hybrids, nuclear mag-
netic resonance spectroscopy (1H-NMR) measure-
ment was performed on OPOSS and PLLA-OPOSS
hybrids. The 1H-NMR spectra of OPOSS and PLLA-
OPOSS hybrids together with the assignment of the
spectra are shown in Figure 3. OPOSS (chloroform-
d, ppm): 0.64 (2.01H, SiCH2CH2CH2O), 2.61 and
2.79 (2.03H, OCH2CH epoxide), 3.15 (1.00H,
OCH2CH epoxide), 3.34–3.73 (4.3H,
SiCH2CH2CH2O and SiCH2CH2CH2OCH2).
PLLA-OPOSS (chloroform-d, ppm): 0.64 (3.5H,
SiCH2CH2CH2–O), 1.49 (3.5H, SiCH2CH2CH2O),
1.50–1.60 (75H, methyl on PLLA), 2.09 (0.75H,
OH), 2.61 and 2.80 (2.00H, OCH2CH epoxide),
3.15 (1.00H, OCH2CH epoxide), 3.36–3.75 (8.5H,
SiCH2CH2CH2O, SiCH2CH2CH2 OCH2), 4.34–

4.38 (1.00H, OCH2 CH(CH2) OH), 5.15–5.20
(25H, methylidyne on PLLA). The resonance sig-
nals which appeared in 0.64, 2.61, 2.80 and 3.36–
3.75 ppm are assignable to the protons of gly-
cidylether groups of the OPOSS cages; the reso-
nance signals in 1.50–1.60 and 5.15–5.20 ppm are
assignable to the protons of methyl and methyli-
dyne in PLLA, respectively. The integration inten-
sity ratio of the peak for methyl to that for methyli-
dyne in PLLA is 3:1, which corresponds with the
structure of PLLA. Moreover, we can note the pres-
ence of a characteristic signal of a methylidyne pro-
ton in 4.34–4.38 ppm (signal g in Figure 3), which
could be ascribed to the reaction product of epoxy
of OPOSS and carboxyl of PLLA. Therefore, OPOSS
is tethered with PLLA successfully. However, there
is some residual methylidyne of OPOSS, which
appears at 3.15 ppm (signal e in Figure 3b). In addi-
tion, the ratio of integration intensity of peak at
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Figure 3. 1H-NMR spectra of (a) OPOSS, (b) PLLA-OPOSS0.50 hybrid



0.64 ppm to those of peaks in 4.34–4.38 ppm is 3.5,
which is higher than 2. Therefore, not all octagly-
cidylether groups participate in the reaction with
PLLA.
The molecular weight of the PLLA-OPOSS hybrid
is determined using 1H-NMR and calculated by the
Equation (1):

                     (1)

where k and a represent the area of the 1H-NMR
signal of PLLA methine hydrogen in 5.15–5.20 ppm
and that of OPOSS methylene hydrogen at 0.64 ppm,
respectively. The value of 72 is the molecular mass
of the repeating units of PLLA [38]. The molecular
weight of the PLLA-OPOSS0.50 calculated by
1H-NMR is 9178 g/mol. 
Figure 4 shows the X-ray diffraction patterns of
neat PLLA and PLLA-OPOSS hybrids. All spectra
of the PLLA-OPOSS hybrids reveal diffraction
peaks at 14.8, 16.8, 19.1, and 22.4°, which are con-
sistent with the peaks of neat PLLA polymer reported
by Xu et al. [39]. This observation indicates that
there is little change in the crystalline structure for
the PLLA-OPOSS. Hence, the presence of OPOSS
does not alter the packing structure of PLLA chain
in the crystals. Moreover, the intensity of the dif-
fraction peaks of PLLA-OPOSS hybrids become
stronger than those of neat PLLA, which indicates
that the existence of OPOSS may enhance the crys-
tallinity of PLLA. However, the intensity of the dif-
fraction peaks of PLLA decreases with increasing
the content of OPOSS, which may be caused by the

cage structure of OPOSS which hinders the crystal-
lization.

3.2. Thermal properties of
PLLA/PLLA!OPOSS nanocomposites

A series of PLLA/PLLA-OPOSS nanocomposites
were prepared by solution blending of neat PLLA
polymer with 1–30 wt% PLLA-OPOSS0.50 hybrids.
The TGA curves of the neat PLLA and PLLA/PLLA-
OPOSS nanocomposites in air atmosphere are dis-
played in Figure 5. The thermooxidative decompo-
sition temperatures for 5 and 50% weight loss (T0.05
and T0.50) are evaluated from the TGA curves, as
listed in Table 1. All the samples display similar
degradation profiles within the experimental tem-
perature range, indicating that the presence of
OPOSS does not significantly alter the degradation
mechanism of PLLA matrix. T0.05 and T0.50 of neat
PLLA are about 286 and 346°C, respectively. It is
seen that T0.05 and T0.50 of the PLLA/PLLA-OPOSS
nanocomposites with PLLA-OPOSS content of 1–
20 wt% are higher than those of neat PLLA and tend
to increase with increasing the content of PLLA-
OPOSS hybrids. This improvement in the ther-
mooxidative stability could be ascribed to the well-
dispersed POSS cubes in nanocomposites and the

MnPLLA2OPOSS 5 MnOPOSS 1 72 ?
k
a
16

MnPLLA2OPOSS 5 MnOPOSS 1 72 ?
k
a
16
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Figure 4. The X-ray diffraction patterns for: (a) neat PLLA
and PLLA-OPOSS hybrids of various concentra-
tions (b) 0.50 mol%, (c) 0.10 mol%, (d) 0.02 mol%

Figure 5. TGA curves of the neat PLLA and PLLA/PLLA-
OPOSS nanocomposites test under air

Table 1. Thermooxidative degradation temperatures of
PLLA/PLLA-OPOSS nanocomposites under air

Sample code Air condition
T0.05 [°C] T0.50 [°C]

Neat PLLA 286 346
PLLA/PLLA-OPOSS1 291 352
PLLA/PLLA-OPOSS5 299 354
PLLA/PLLA-OPOSS10 305 354
PLLA/PLLA-OPOSS20 306 356
PLLA/PLLA-OPOSS30 283 338



formation barrier of silica layer during the decom-
position, which prevents PLLA from further degra-
dation.
However, T0.05 and T0.50 of PLLA/PLLA-OPOSS0.5

30

are slightly lower than those of neat PLLA. It is due
to the fact that PLLA-OPOSS with low molecular
weight compared to the neat PLLA matrix results in
low thermooxidative stability of the nanocompos-
ites. In this situation, the lower molecular weight
effect of PLLA-OPOSS became dominant over the
reinforcing effect of the OPOSS molecules for the
nanocomposites with high PLLA-OPOSS content
of 30 wt%.
Figure 6 displays the DSC thermograms of the neat
PLLA polymer and PLLA/PLLA-OPOSS nanocom-
posites with various PLLA-OPOSS0.50 hybrid con-
tent of 1–30 wt%. The cold-crystallization tempera-
tures of PLLA/PLLA-OPOSS nanocomposites shifts
to higher temperatures compared to the neat PLLA.
Moreover, the crystallization exothermic peak area
becomes higher than that of the neat PLLA. This sug-
gested that the crystallization rates of the nanocom-
posites is higher than the neat PLLA because of the
heterogeneous nucleation effect of the OPOSS mol-
ecules dispersed uniformly in the PLLA matrix. On

the other side, the glass transition temperature of
the PLLA/PLLA-OPOSS nanocomposites remains
consistent with the neat PLLA, regardless of the
PLLA-OPOSS content, as summarized in Table 2.
In addition, for all of the neat PLLA and PLLA/
PLLA-OPOSS nanocomposites appear two melting
peaks, as shown in Figure 6. The low-temperature
melting peak results from melting of defective crys-
talline grains and the high-temperature melting
peak due to melting of crystalline grains with rela-
tively perfect structure. The melting temperature
(Tm) of the PLLA/PLLA-OPOSS nanocomposites
decreases with increasing PLLA-OPOSS hybrid
content because of plasticity of the lower molecular
weight of the PLLA-OPOSS hybrid in the PLLA
matrix. In addition, the melting temperature of the
PLLA/PLLA-OPOSS nanocomposites with PLLA-
OPOSS hybrid content of 1–10 wt% is higher than
that of the neat PLLA due to the cage structure of
OPOSS, whereas the low molecular weight of
PLLA-OPOSS effect becomes dominant when
PLLA-OPOSS hybrid content arrives at the range
of 20–30 wt%.

3.3. Dynamic isothermal crystallization
In order to understand the effect of the addition of
PLLA-OPOSS hybrids on the crystallization rate of
PLLA, isothermal crystallization behavior of PLLA/
PLLA-OPOSS nanocomposites were investigated
by the optical polarimetry (GLY-III) tester. The
transmitted light intensity increases with the
increasing of crystallinity and finally levels off
when crystallization completes. As an index of
crystallinity, (It – I0)/(I" – I0) is used to define the
relative light intensity, where It and I0 are the I
value at time tc = t and 0, respectively, I" is the I
value when it levels off. Figure 7 shows the typical
(It – I0)/(I" – I0) changes with tc for PLLA/PLLA-
OPOSS30 films, where the starting, half, and ending
times for overall PLLA/PLLA-OPOSS30 crystal-
lization [tc(S), tc(1/2), and tc(E), respectively] are
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Figure 6. The DSC thermographs(second run)of neat PLLA
homopolymer and PLLA/PLLA-OPOSS nano -
composites

Table 2. Thermal transition properties (second run) of neat PLLA and PLLA/PLLA-OPOSS nanocomposites

Sample code Tg
[°C]

Tcc
[°C]

"Hcc
[J/g]

Tm [°C] "Hm
]J/g]Tm1 Tm2

Neat PLLA 59.8 110.5 38.1 160.5 167.2 42.9
PLLA/PLLA-OPOSS1 60.7 114.0 40.0 161.7 168.2 42.1
PLLA/PLLA-OPOSS5 60.7 114.0 39.5 161.6 167.8 40.4
PLLA/PLLA-OPOSS10 60.7 113.7 38.1 161.0 167.3 41.2
PLLA/PLLA-OPOSS20 59.5 114.1 38.8 161.0 166.7 42.5
PLLA/PLLA-OPOSS30 59.6 114.8 39.3 160.7 165.9 40.7



defined. Figure 8 plotted the evaluated tc(S), tc(1/2),
and tc(E) as a function of Tc. As shown in Figure 8,
the tc(S), tc(1/2), and tc(E) of PLLA/PLLA-OPOSS
nanocomposites with 1–30 wt% of PLLA-OPOSS0.5
were shorter than or close to those of neat PLLA
film. The short tc(S), tc(1/2), and tc(E) as observed
are caused by PLLA-OPOSS which acts as a het-
erogeneous nucleation agent for the crystallization
of PLLA. Compared with the crystallization tem-
perature at 100, 110, 120, 130°C (Figure 7), the val-
ues of tc(S), tc(1/2), and tc(E) for four specimen, had
the lowest values at 120°C, except for those for
PLLA/PLLA-OPOSS1. The results indicate that
PLLA-OPOSS hybrids accelerate crystallization of
PLLA as a heterogeneous nucleation agent with a
lower content of PLLA-OPOSS hybrids, However,
PLLA-OPOSS hybrids with a higher content hinder
segmental motion to restrain crystallization of
PLLA.
Isothermal crystallization kinetics traced by light
intensity are analyzed with the Avrami theory [40],
which is expressed in the Equation (2):

                              (2)

where (It – I0)/(I" – I0) is the percentage of relative
crystallization, k the crystallization rate constant,
and n the Avrami exponent constant depending on
the nucleation and growth mechanism. Equation (2)
can be transformed to Equation (3).

               (3)

The effects of PLLA-OPOSS content on the plot of
ln{– ln[1 – (It – I0)/(I" – I0)]} versus lntc could be
seen in Figure 8. The overall crystallization rate
may be due to the change either in the crystal growth
rate or in the nucleation rate. As shown in Figure 9,
the curves have a good linear relationship at the
beginning, and then exhibit the nonlinear relation-
ship at the end, which may be ascribed to the sec-

ln c 2 ln a12 It2 I0

Iq2 I0
b d 5 lnk1nlntc

1 2
It 2 I0

Iq 2 I0
5 exp1 2 ktcn 21 2

It 2 I0

Iq 2 I0
5 exp1 2 ktcn 2

ln c 2 ln a12 It2 I0

Iq2 I0
b d 5 lnk1nlntc
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Figure 7. Typical (It – I0)/(I" – I0) change with for PLLA/
PLLA-OPOSS30 film at 110°C

Figure 8. Starting, half, and ending times for neat PLLA
and PLLA/PLLA-OPOSS nanocomposites [a) tc(S),
b) tc(1/2), and c) tc(E)]



ondary crystallization. The basically parallel curves
are shown in the process of isothermal crystalliza-
tion at different temperatures, their crystallographic
action is similar.
According to Equation (3), when plotting
ln{–#ln[1 –#(It –#I0)/(I" –#I0)]} against lntc (Figure 8),
the n and k values could be directly obtained from
the slope and the natural logarithmic value of the
intercept, respectively. From Table 3, it is found
that with increasing crystallization temperature the
exponent n first increases and then decreases for
most of samples. Moreover, it can be observed that
the exponent n is found to range from 3.8 to 6.7,
which is simlar to those for PLA/nucleating agent
systems reported by Liao et al. [41] in most cases. It
implies that the crystals in the PLLA/PLLA-
OPOSS nanocomposites showed heterogeneous
nucleation and spherulitic growth [42]. The values
of n reported in literatures are related with many
ingredients, such as the secondary crystallization,

the density of spherulites, nucleation mode and
growth mechanism, etc [43].
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Table 3. Values of Avrami parameter at various isothermal
crystallization temperatures

Samples Tc
[°C] n –ln#k

[min–n]

Neat PLLA

100 5.53 7.50
110 6.02 9.63
120 5.75 7.57
130 3.87 6.53

PLLA/PLLA-OPOSS1

100 5.20 6.36
110 5.39 6.36
120 6.19 5.76
130 6.39 5.79

PLLA/PLLA-OPOSS10

100 6.10 8.50
110 5.77 7.83
120 5.81 6.34
130 3.87 8.93

PLLA/PLLA-OPOSS30

100 5.67 7.64
110 6.55 8.29
120 6.72 6.23
130 3.79 10.75

Figure 9. Plots of the degree of crystallinity ln{– ln[1 – (It – I0)/(I" – I0)]} versus the crystallization time lntc for isothermal
crystallization (a) Pure PLLA, (b) PLLA/PLLA-OPOSS 1.0, (c) PLLA/PLLA-OPOSS 10, (d) PLLA/PLLA-
OPOSS 30



3.4. Polarized optical microscopy (POM)
The nucleating effect of PLLA-OPOSS hybrids on
the crystallization of PLLA is also confirmed by
POM. Figure 10 shows polarized optical microscopy
images of the crystallization of neat PLLA and
PLLA/PLLA-OPOSS nanocomposites. The test sam-
ples were prepared by melting the samples on a hot
plate at 200°C for 3 minutes, and cooled to 125°C,

then maintained for a different crystallization time.
The spherulites of PLLA/PLLA-OPOSS nanocom-
posites are smaller in size and larger in numbers
than those of the neat PLLA. As an approximate
inclination, the nucleation density increases with
increasing of the content of PLLA-OPOSS hybrids.
It indicates that PLLA-OPOSS hybrids act as an
effective nucleating agent to initiate nucleation and

                                                  Zou et al. – eXPRESS Polymer Letters Vol.5, No.8 (2011) 662–673

                                                                                                    670

Figure 10. Polarized optical photomicrographs of neat PLLA and PLLA/PLLA-OPOSS nanocomposites at 125°C. Neat
PLLA: a) 40 s, b) 5 min; PLLA/PLLA-OPOSS10: c) 40 s, d) 5 min; PLLA/PLLA-OPOSS30: e) 40 s, f) 5 min



increase the nucleation density for PLLA crystal-
lization.

4. Conclusions
In this work, PLLA-OPOSS hybrids were prepared
via solution ring-opening polymerization. The for-
mation of secondary hydroxyls due to the reaction
between main PLLA chains and OPOSS is evi-
denced by FTIR and 1H-NMR. X-ray analysis indi-
cates that the presence of OPOSS does not alter the
packing structure of PLLA chain in the crystals.
The PLLA-OPOSS hybrid with 0.50 mol% OPOSS
content is solution-mixed with the neat PLLA poly-
mer to obtain PLLA/PLLA-OPOSS nanocompos-
ites with various PLLA-OPOSS content of 1–30 wt%.
It was found that the glass transition temperature of
the PLLA/PLLA-OPOSS nanocomposites remained
consistent with the neat PLLA and the thermoox-
idative stability of PLLA/PLLA-OPOSS nanocom-
posites is improved with the PLLA-OPOSS content
of 1–20 wt% compared to the pristine PLLA poly-
mer. PLLA/PLLA-OPOSS nanocomposites have the
highest crystallization rate at 120°C, except for PLLA/
PLLA-OPOSS1. The nucleation density increases
with increase in the PLLA-OPOSS content.
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1. Introduction
Ultrahigh molecular weight polyethylene (UHMWPE)
exhibits extraordinary properties, such as wear and
impact resistance, which make the material ideal
for application as joint prostheses and bullet-proof
vests [1, 2]. However, its extremely high melt vis-
cosity makes processing via conventional tech-
niques, such as screw extrusion or injection mold-
ing, difficult [3].
Problems that are commonly encountered in pro-
cessing UHMWPEs include die blockage, melt
fracture, wall slippage, and a small processing tem-
perature window. Processing UHMWPE, therefore,
requires a proper combination of temperature, pres-
sure, and sufficient time to achieve complete plasti-
fication. Inadequate control of the process can lead

to fusion defects stemming from the memory of the
powder morphology [1, 4]. Currently, UHMWPE
resin is consolidated mainly by compression mold-
ing or ram extrusion [3]. Compression molding pro-
gresses slowly and involves costly equipment,
whereas ram extrusion is relatively cheap. How-
ever, some unconsolidated regions in the center of
the material may occur. Considerable efforts have
been devoted to developing better methods for
UHMWPE processing.
Since the discovery of the extended-chain hexago-
nal crystal phase of polyethylene in the 1960s [5,
6], the enhanced chain mobility of this phase has
elicited numerous theoretical and experimental
investigations. However, the extremely high pres-
sure (>360 MPa) and temperature (>230°C) associ-
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ated with the formation of hexagonal crystals make
processing in this phase almost impossible. The
crystallization of chain segments immediately after
synthesis reduces the likelihood of entanglement
formation and favors more extended chain confor-
mations; thus, nascent reactor powders have been
suggested to possess low degrees of entanglement
[7, 8]. Because of this, solid-state extrusion or cold
extrusion was developed. However, the extrudate
needs to be drawn into fibers or films after cold
extrusion [9].
In 1990, Waddon and Keller [10] observed a strange
phenomenon during capillary rheological tests of
medium high molecular weight polyethylene
(MHMWPE). In a narrow temperature interval (150–
152°C), a minimum melt flow resistance was dis-
covered. Keller and his associates called this phe-
nomenon ‘temperature window effect’ and system-
atically investigated it in a series of papers [11–13]
and in a review [14]. Keller and coworkers [15–22],
Cheng [23] and Somani et al. [25] independently or
collaboratively studied the mechanisms of unex-
pected melt flow behavior, and attributed reduced
flow resistance to the transient mobile hexagonal
mesophase by flow-induced chain alignment critical
to strain rate and molecular weight. This hypothesis
was confirmed by the observation of the orthorhom-
bic transformation to the hexagonal phase through
in situ wide angle X-ray diffraction [25–27].
These new findings have potential significance for
polymer processing at low pressures. However, the
window effect is strongly dependent on molecular
weight. Kolnaar and Keller [11] defined molecular
weight dependence within the range of 1.3·105 to
1.0·106 g/mol. To process UHMWPE in the temper-
ature window, Narh and Keller [28] dissolved nas-
cent UHMWPE in a solvent, extruded the dried gel,
and obtained a pronounced pressure minimum at
which a smooth extrudate was observed. However,
a large amount of toxic solvent, usually decalin or
xylene, is employed in this process. A solution-free
route is preferred. Rastogi et al. [27] studied the
orthorhombic-hexagonal phase transition of solu-
tion-crystallized UHMWPE by in situ small-angle
X-ray scattering at pressures of 160 and 180 MPa
during heating or cooling. The experiments
revealed that the location of the triple point in the
pressure-temperature phase diagram of polyethyl-
ene depended on crystal dimensions, that is, fold

length. Based on the results, a UHMWPE sheet was
compression-molded in the hexagonal phase at
120 MPa and 205°C, and then subsequently melted
and recrystallized isobarically. The fusion defects
substantially decreased, but the processing pressure
and temperature were still excessively high.
Previous studies have indicated that the temperature
window effect depends on hexagonal phase stabil-
ity, which in turn, depends on the alignment of
polymer chains [15–17, 22, 29]. Compared with
MHMWPE, UHMWPE chains are much longer.
Accordingly, disentanglement and alignment of
UHMWPE chains are much more difficult. There-
fore, the key is to induce the mobile hexagonal
phase by an elongational flow field and then main-
tain its stability. The aim of this paper is to study
influences of various factors, including extrusion
temperature, annealing condition, thermal history,
piston velocity, L/D ratio of the die, and molecular
weight of UHMWPE, on the temperature window
effect, mainly from the processing viewpoint.

2. Experimental
2.1. Materials and equipment
Three UHMWPE resins were used. M-II and M-III,
with molecular weights (Mw) 2.5 and 3.5 mil -
lion g/mol, respectively, were purchased from Bei-
jing Eastern Petrochemical Co., Ltd (Beijing, China).
GUR 1050, with an Mw of 4.9 million g/mol, was
supplied by Ticona (Celanese Co., Ltd., Singapore).
A high pressure capillary rheometer (Rheologic
5000-Twin, CEAST S.P.A., Pianezza, Italy) was
used to process UHMWPE rods. The barrel length
and diameter are 300 and 15 mm, respectively. The
temperature was controlled in the range of 50–450°C
with an accuracy of 0.5°C. The working ranges of
the force transducer, pressure transducer, and piston
velocity were 5–40 kN, 3.5–200 MPa, and 0.01–
1000 mm/min, respectively. VisualRHEO software
(CEAST S.P.A., Pianezza, Italy) was used to con-
trol the extrusion process and analyze the process-
ing parameters.
Convergent cylindrical dies with an entrance angle
of 90°, length/diameter (L/D) ratio of 10:5, 15:5,
and 18:5 [mm/mm], and total length of 40 mm were
designed (Figure 1). A part of the screw was
machined to the bottom of the self-made hardened
stainless steel die, and a bolt was used to prevent
the powder from leaking during charging.
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2.2. Extrusion procedures
The extrusion steps are listed as follows: 1) The
entire system, including the piston, barrel, and die,
was carefully cleaned because surface quality influ-
ences extrusion pressure. 2) The system was setup
with proper alignment and tight contact of parts to
reduce friction and ensure that the melt is not
expelled from the gap. 3) The barrel was intermit-
tently charged with powder and then compressed to
obtain densely packed particles. 4) Gas/moisture
trapped in the nodular pores was released by
degassing at 120°C. 5) The resin was melted at a
given temperature and pressure at specific periods
(30, 60, and 90 min). 6) The melt was cooled to the
extrusion temperature window. 7) The temperature
was conditioned for about 15 min to reach equilib-

rium and avoid the temperature gradient between
the wall and the center. 8) The block was unin-
stalled and the extrusion carried out at a preset pis-
ton velocity.
Majority of the experiments consisted of measuring
pressure (p) as a function of temperature (T) at a
constant piston velocity (v). Pressure traces were
recorded as a function of time at a fixed piston
velocity while the barrel temperature was kept con-
stant. Various parameters, including extrusion tem-
perature, annealing process, thermal history, piston
velocity, L/D ratio of the die, and molecular weight,
were investigated during UHMWPE processing via
the metastable phase.

3. Results and discussion
3.1. Effects of temperature
The resin (M II) was melted at 200°C for 1 h under
45 MPa; the temperature was then decreased to
145°C and the pressure was decreased to around
2 MPa. After being conditioned for 15 min, the melt
was extruded at a speed of 0.035 mm/s. Pressure
traces were recorded as a function of time (Fig-
ure 2). Figure 2 indicates that extrusion pressure
linearly increases with extrusion time, and then
abruptly decreases after 50–160 seconds in the tem-
perature range of 154–157°C. This temperature
range is defined as the temperature window and the
phenomenon is called the temperature window
effect [10]. If extrusion temperature is below this
window, the pressure continuously increases to the
maximum working range of the transducer; thus,
the rod cannot be extruded. If the extrusion temper-
ature is higher than the window, pressure begins to
fluctuate and the rod becomes distorted. Higher tem-
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Figure 1. Typical design drawing of the extrusion die (L/D
ratio: 10:5, mm/mm)

Figure 2. Time evolution of extrusion pressure at different extrusion temperatures (Mw = 3.5·106 g/mol; L/D = 10:5,
mm/mm; v = 0.035 mm/s)



perature brings about more severe fluctuation, imply-
ing that the stable extrusion of the material can only
be performed within the narrow temperature win-
dow.
Below the temperature window, the UHMWPE melt
exhibits elastic behavior. Flow activation energy is
too high to generate flow of the entangled melt,
causing the extrusion pressure increases with the
extrusion time. The work done by the compression
of the piston is stored in the melt. With the increase
of extrusion temperature, the chain mobility in
UHMWPE melt is enhanced, leading to the decrease
of extrusion pressure.
When the extrusion temperature is increased to
154°C, the melt is compressed at the initial stage
and flows like rubber for about 150 s. The melt
flows from the entry of the convergent die (~5.0 mm)
and enters the ‘capillary’. The extent of chain exten-
sion differs from the center to the wall. The elastic
energy stored in the melt during flow in the conver-
gent entry of the die is released abruptly when the
melt enters the capillary, thereby reducing extrusion
pressure. The melt flows steadily at a constant extru-
sion speed – a phenomenon that can be explained
from two aspects: (1) chain mobility is enhanced at
temperatures 10°C higher than the theoretical equi-
librium melting point of orthorhombic polyethylene
crystals [30]; and (2) chains are extended at the ori-
fice and aligned along the flow direction, producing
a chain-extended structure similar to the hexagonal
crystal phase [26]. This is the so-called elongational
flow-induced crystallization [11]. With the increase
in extrusion temperature, the flow activation energy
declines, and the amplitude of the pressure drop is

of lower magnitude. However, in all the experi-
ments, the pressure stabilizes at around 12 MPa in
the temperature window 154–157°C, yielding an
extrudate with a smooth surface (Figure 3a).
After the temperature is increased to 158°C, extru-
sion becomes unstable immediately after the initial
stage. The extended chain structure induced by
elongational flow is a non-equilibrium state, and
this transient phase is metastable in a narrow tem-
perature range under shear [14]. Non-equilibrium-
extended chains transform into entangled chains,
achieving an equilibrium state. Chain entanglement
in the melt becomes severe at high temperature, and
critical shear rate is very small, resulting in melt
fracture (Figure 3b). With the increase in extrusion
temperature, the pressure fluctuation becomes vio-
lent, and the extrudate surface becomes severely
distorted, as revealed by the fluctuation amplitude
and frequency.
Further increasing the temperature to above 200°C,
which is the temperature range for traditional ram
extrusion, makes for successful processing. How-
ever, the extrusion speed is slower and the extrusion
pressure is much higher compared with those in the
temperature window 154–157°C [1].

3.2. Effects of annealing process
Kolnaar and Keller [11] reported that the resin
should be annealed sufficiently to erase the nascent
structure before extrusion in the temperature win-
dow. To study the influence of annealing process on
the temperature window effect during the extrusion
of UHMWPE, we melted the resin at different tem-
peratures (180 or 200°C) for certain time periods
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Figure 3. Photos of rods extruded at different temperatures (Mw = 3.5·106 g/mol; L/D = 10:5, mm/mm; v = 0.035 mm/s).
a) In the temperature window (T = 154°C); b) above the temperature window (T = 165°C)



(30, 60, or 90 min) under pressure (45 or 0 MPa).
The melt temperature was then decreased to the
temperature window and conditioned for 15 min.
The extrusion pressure evolution with time was
recorded during extrusion at a piston velocity of
0.035 mm/s.
Figure 4 shows the effect of annealing pressure on
the extrusion pressure. After being extruded for
about 130 s, the extrusion pressure drops for the
melt annealed under pressure, whereas the pressure
drop delays to over 450 s for the melt annealed
without pressure. Annealing under pressure also
decreases the maximum extrusion pressure by more
than 10 MPa. This behavior indicates that the melt
is loosely packed when annealed without pressure,
but well-compacted under high pressure. This also
explains the linear increase in the extrusion pres-
sure during the initial stage in Figure 2. However,
the temperature window effect always occurs
whether annealing pressure is applied or not. The

temperature window effect does not depend on the
annealing process because the extrusion pressure
always exhibits a linear increase with time in the
initial stage and abruptly decreases at a maximum
value, finally reaching a stable value. The only dif-
ference is the starting time of the temperature win-
dow effect and the strength of the pressure drop.
Annealing under higher temperature, greater pres-
sure, and longer time leads to a faster and larger
extrusion pressure drop.

3.3. Effects of heating/cooling reversibility
To study the reversibility of the temperature win-
dow effect, we extruded UHMWPE during heating
and cooling (145!175°C). UHMWPE was heated
to 175°C and conditioned for 15 min before extru-
sion at a constant piston velocity to obtain the
extrusion pressure. The extrusion pressure fluctu-
ated with time; thus, the average pressure was
recorded and the amplitudes were represented by
arrows in Figure 5. The melt was cooled to a preset
temperature and the process was repeated. A stable
extrusion pressure was recorded in the temperature
window (154–157°C). Further cooling below the
temperature window linearly increased the extru-
sion pressure with time; thus, the pressure at a given
time after extrusion was used. The melt was then
heated and the same extrusion and data recording
procedures as those conducted in the cooling process
were repeated. Finally, the extrusion pressure was
plotted with temperature, depicted in Figure 5.
The temperature window effect appears during both
cooling and heating processes. The temperature
window range and the minimum pressure do not
depend on cooling or heating. However, the extru-
sion pressure initially decreases and then increases
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Figure 4. Time evolution of extrusion pressure profile under
different annealing pressures during annealing at
200°C for 1 h (Mw = 3.5·106 g/mol; L/D = 10:5,
mm/mm; v = 0.035 mm/s; T = 154°C)

Figure 5. Extrusion pressure profile with extrusion temperature during a) cooling and b) heating (Mw =3.5·106 g/mol; L/D =
10:5, mm/mm; v = 0.035 mm/s)



with temperature upon cooling (Figure 5a), whereas
it constantly decreases upon heating (Figure 5b).
When extruded below the temperature window, the
extrusion pressure during the heating process is
higher than that during the cooling process at the
same temperature. When extruded above the tem-
perature window, the extrusion pressure during heat-
ing is lower than that during the cooling process at
the same temperature. All these behaviors indicate
that the most critical step in extrusion is to induce
the temperature window effect, which depends on
the stability of the oriented chain structure. The
extrusion is a process to induce the chain orienta-
tion, while the temperature affects the stability of
the oriented chain structure. The two factors com-
bined together determine whether the temperature
window effect happens or not. The extrusion pres-
sure should be sufficiently high to induce the chain
orientation, particularly during the heating process.
The chain relaxation time is very long, so the ori-
ented chain structure is maintained to some extent
after the temperature window effect happens, lead-
ing to a relatively lower extrusion pressure. There-
fore, the extrusion pressure at the same temperature
is reversed during the cooling and heating processes.
Kolnaar and Keller [11] reported that the window
effect arises both upon heating and cooling in
extruding MHMWPEs. However, the occurrence of
the effect on cooling was erratic in their experiments.
The window effect always appears upon heating but
does not always appear upon cooling. Furthermore,
if it does appear upon cooling, it is not always at the
same strength [11]. This was eventually traced to a
structure ‘memory’ effect [11], which implies that
some structure formation can be induced more reli-
ably in the heating than in the cooling process of a
thermal cycle; once introduced, it can leave a struc-
ture memory in the melt state. Different from the
extrusion of MHMWPE, the window effect always
occurs both upon heating and cooling during
UHMWPE extrusion. One possible reason is that
the chain relaxation time of the UHMWPE chains is
much longer so that the chain alignment induced by
elongational flow can at least be partially main-
tained. In the second heating or cooling cycle, these
well-aligned chains can re-induce the temperature
window effect.

3.4. Effects of piston velocity
After being melted at high temperature, the
UHMWPE melt was cooled to the temperature win-
dow. The temperature was kept constant, and the
melt was extruded at a constant speed. After occur-
rence of the temperature window effect, the trace of
extrusion pressure with time was recorded. The pis-
ton velocity was increased stepwise, and the corre-
sponding pressure evolution with time was recorded.
The temperature was increased, and the process
was repeated to observe the extrusion pressure
traces with time (Figure 6a–d). The final equilib-
rium pressure was recorded in stable extrusion,
whereas average pressure was calculated in fluctua-
tion. The variations in the extrusion pressure with
piston velocity under different temperatures were
plotted, and depicted in Figure 6e.
Figures 6a–d show that the extrusion pressure is
stable below a critical piston velocity. Outside this
setting, it fluctuates with time. Higher piston veloc-
ity generates more severe fluctuation. The critical
piston velocities decrease with the extrusion tem-
perature, which are 0.20, 0.10, 0.05, and 0.05 mm/s
at extrusion temperatures of 154, 155, 156, and
157°C, respectively. Figure 6e reveals the effects of
piston velocity and extrusion temperature on extru-
sion pressure. Apparently, the extrusion pressure
decreases with an increase in piston velocity and
extrusion temperature. The extrusion pressure at
154°C is inconsistent with the trend possibly
because of experimental errors.
The UHMWPE chains are aligned along the flow
direction in the die during extrusion, and alignment
becomes exceedingly complete with the increase in
piston velocity, decreasing flow resistance. When
the speed reaches a critical value, the wall slip and
wall stick take place alternately. Thus, the extrudate
is significantly distorted because of the melt frac-
ture. With the increase in temperature in the temper-
ature window, the thermal motion of the chains
increases, which is favorable to the extension and
alignment of the chains. This increase in the ther-
mal motion of the chains decreases the extrusion
pressure. At the same time, the stability maintaining
the alignment of extended chains decreases; hence,
the range of piston velocity for steady extrusion
becomes narrow.
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3.5. Effects of L/D ratio of the die
After being melted sufficiently, the UHMWPE melt
was cooled and maintained at a preset temperature.
The melt was extruded at a constant piston velocity,
and the stable extrusion pressure was recorded. In
unstable extrusion, the average pressure was calcu-
lated, and the fluctuation amplitude of pressure was
represented by double arrows in Figure 7. With fur-
ther decrease in temperature, the extrusion pressure

was recorded at a given temperature until the melt
could no longer be extruded. The procedure was
repeated for the other two dies with different L/D
ratios. The extrusion pressure traces with tempera-
ture during extrusion using dies with different L/D
ratios are shown in Figure 7.
Figure 7 clearly reveals that the trend of extrusion
pressure with temperature and the range of the tem-
perature window effect do not depend on the L/D
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Figure 6. Extrusion pressure traces with time (a) T = 154°C; b) T = 155°C; c) T = 156°C; d) T = 157°C) and velocity e)
(Mw = 3.5·100 g/mol; L/D = 10:5, mm/mm)



ratio of the die. In addition, the pressure decreases
with the increase in L/D ratio at the same tempera-
ture. The temperature window effect is attributed to
the chain alignment at the convergent die entrance
by elongational flow, indicating that the formation
of a chain-extended structure and the stability of
this structure are key factors. The die entry geome-
try and angle are unchanged. Accordingly, the elon-
gational flow field at the entrance is also unchanged.
Thus, the temperature window effect is not affected
by L/D ratio. The strength of pressure drop increases
with L/D ratio because of the relaxation of the
chains in the capillary. The long chains are extended
more sufficiently with the increase in capillary
length, thereby generating a larger pressure drop.

3.6. Effects of molecular weight
We extruded three UHMWPE resins to study the
effect of molecular weight on the temperature win-
dow effect. The extrusion pressure versus extrusion

temperature traces for different molecular weights
are shown in Figure 8.
The three types of UHMWPE all exhibit the tem-
perature window effect during extrusion. Below the
window, the extrusion pressure increases with time
and blockage happens; above the window, the pres-
sure fluctuates. In the window, the pressure signifi-
cantly drops to a stable value, yielding a smooth
extrudate surface. The ranges of the temperature
window for UHMWPE with molecular weights of
2.5·106, 3.5·106, and 4.9·106 g/mol are 153–156,
154–157, and 157–160°C, respectively. A quantita-
tive relationship between the molecular weight and
the mean temperature (T) of the window effect is
obtained by linear fitting of the data, which gives
the Equation (1):

T!±"1.5 [°C] = 1.7·10–6 [°C·mol/g] · Mw [g/mol] +
+ 150 [°C]                                        (1)

The onset extrusion temperature required to induce
the temperature window effect increases with
molecular weight. In fact, the temperature window
observed in MHMWPE (2.8·105–4.0·105 g/mol) by
Kolnaar and Keller is 151±1°C [14], which also sat-
isfies Equation (1) quite well. With the increase in
molecular weight, the chain length increases and
chain mobility decreases. The energy needed to
activate chain extension and alignment increases;
hence the onset temperature employed to induce the
temperature window effect rises. In addition, the
extrusion pressure in the temperature window also
increases with the molecular weight of UHMWPE.
This is due to the fact that the chain entanglement
density increases with molecular weight, and the
shear stress needed to disentangle the long chains
during flowing in the die increases accordingly.

3.7. Mechanism analysis
The processability of UHMWPE is determined by
the mobility of its macromolecules. In the melt
state, long chains are entangled, and chain relax-
ation is slow. In the crystal state, long chains are
folded or extended in an orderly manner with less
entanglement. Under equilibrium conditions, the
quiescent melting point of nascent UHMWPE is
around 142–143°C, very close to the theoretical
equilibrium melting point of orthorhombic polyeth-
ylene crystals. After erasing the thermal history, the
quiescent melting point decreases to 132–135°C
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Figure 7. Effects of temperature on the extrusion pressure
using extrusion dies with different L/D ratios
(Mw = 3.5·106 g/mol; v = 0.035 mm/s)

Figure 8. Effects of molecular weight on extrusion pressure
at different extrusion temperatures (L/D = 10:5,
mm/mm; v = 0.035 mm/s)



[26]. In the flow state, the elongational flow in the
die causes chain extension and induces the forma-
tion of extended chain crystals. Therefore, a mix-
ture of melt phase and crystal like phase coexists at
temperatures around 10°C higher than the theoreti-
cal quiescent melting point. UHMWPE continues
to exhibit a solidified behavior with large elasticity,
blocking the extrusion at the die entrance.
According to chain dynamics, phase and its behav-
ior are closely related to material properties, and
these properties may change significantly during
phase transition [23]. There are three types of poly-
ethylene crystal phases, i.e., orthorhombic, hexago-
nal, and monoclinic [30]. The hexagonal crystal
phase has a chain-extended structure and a large
laminar thickness, which demonstrates a higher
chain mobility than in the other two phases [22].
However, the hexagonal crystal phase exists stably
only under high temperature (>230°C) and pressure
(>360 MPa) during the equilibrium process [30].
These strict conditions are difficult to satisfy in
practical processing. The extremely large size of
UHMWPE chains determines its phase transition,
which proceeds much more slowly than that in low
molecular materials, making the equilibrium stable
phases difficult to obtain. Thus, metastable phases
may appear during the phase transition process.
The temperature window effect may be due to the
formation of a metastable mobile phase induced by
the elongational flow [31]. The chains are aligned
along the extrusion direction in the die during extru-
sion and form a metastable structure similar to that
of the hexagonal phase of polyethylene. The verifi-
cation of this metastable phase transition needs spe-
cially designed equipment not readily available in
our lab. However, many reports on studying the
metastable phase transition of polyethylene can be
found in literature.
Waddon and Keller [10] observed the metastable
hexagonal phase transition in the temperature
window of 150±1°C in MHMWPE extrusion
(2.8·105 g/mol) by in situ XRD. Rastogi et al. [27]
determined the metastable hexagonal phase transi-
tion of UHMWPE (3·105–5·105 g/mol) at around
205°C by in situ XRD investigation with isobaric
(160 and 180 MPa) heating. Chen et al. [32] exam-
ined the metastable phase transition of polyethylene
(7.8·104 g/mol) under a transmission electron micro-

scope. All these reports show that the metastable
phase transition of polymers can be induced by
elongational and shear flow in melts and mechani-
cal deformation in solids at certain temperature and
pressure.
The chain dynamics of UHMWPE during extrusion
in the temperature window is complicated. From a
mechanics point of view, the melt flow resistance,
mainly including the stick force at wall and the
shear force between chains, depends on the shear
rate. When the pressure is high enough to overcome
the flow resistance, the melt starts to flow and the
chains are oriented along the flow direction. The ori-
ented chain structure leads to significantly reduced
flow resistance and its stability depends on the
shear rate, or the piston velocity. From a thermody-
namic point of view, flow induced chain extension
results in the formation of extended-chain crystals;
on the other hand, thermally induced chain relax-
ation results in the melting of crystals. The increased
thermal mobility leads to faster relaxation because
of entropic forces, which entangles the chains. The
stability of the mesophase is, therefore, determined
by the competition between external and internal
factors.
Temperature is the most important factor in the tem-
perature window effect. It should be high enough to
activate chain extension, but sufficiently low to
avoid chain entanglement. Therefore, it should be
on the borderline between solid and melt. Because
viscosity is proportional to the power 3.4 of molec-
ular weight [11], the temperature needed to activate
the rheological flow of UHMWPE melt should
increase accordingly. This explains the onset temper-
ature required to trigger the window effect increas-
ing with the molecular weight of UHMWPE (Fig-
ure 8). Annealing and thermal history do not change
the chain structure. Hence, they do not influence the
temperature window effect. The piston velocity and
L/D ratio mainly affect the chain extension in the
die. With the increase in piston velocity and L/D ratio,
the chain extension becomes exceedingly complete.
However, if the velocity is excessively high, wall slip
is prone to happen, especially at higher extrusion
temperatures in which the extended chain structure
is easily broken to form entanglements. This explains
the results in Figure 6 and Figure 7.
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4. Conclusions
UHMWPE rods were ram extruded at low tempera-
ture and pressure using the temperature window
effect. In the narrow temperature window, the extru-
sion pressure abruptly decreases, and the undis-
torted extrudates show a smooth surface. This effect
is attributed to the formation of a transient mesophase
induced by the elongational flow in the convergent
capillary die, resulting in the alignment of chains
along the flow direction. This phase exhibits an
extended chain structure similar to the mobile
hexagonal phase at high temperature and pressure
under the equilibrium state. However, the phase is
metastable and becomes stable under certain condi-
tions. This study explored the factors influencing
metastability, such as extrusion temperature, anneal-
ing process, thermal history, extrusion speed, L/D
ratio of the die, and molecular weight of UHMWPE.
The conclusions are summarized as follows:
The temperature window is in the range 153–160°C,
and increases with the increase in molecular weight.
The effect does not depend on the annealing process
and is reversible on either cooling or heating. The
extrusion pressure decreases with the increase in
extrusion speed and temperature. It begins to fluc-
tuate when the speed is greater than a critical value;
the higher the temperature, the smaller the critical
value. The effect does not depend on the L/D ratio
of capillary die, but the minimal pressure decreases
with the increase in L/D ratio. The minimal extru-
sion pressure in the temperature window increases
with the increase in molecular weight.
The proposed method provides a new solution for
the difficulties encountered in processing UHMWPE.
Compared with other methods, it features no pro-
cessing aids, no blending polymers, no equipment
improvement, along with attractive attributes such
as low energy consumption and high productivity.
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1. Introduction
In the infinitesimal deformation of an idealized
purely elastic material, Poisson’s ratio is a material
constant, defined for an uniaxial stress state as the
negative ratio between the deformation normal to
the loading axis and the axial imposed strain.
For viscoelastic solids, as in the case of polymers,
the lateral contraction coupled to the infinitesimal
axial extension exhibits a time and temperature
dependent behaviour. The Poisson’s ratio of vis-
coelastic materials cannot thus be regarded as a
constant parameter, but as a time-dependent mate-
rial function, deserving a proper description that
encompasses the dependence on time, or equiva-
lently on frequency and strain rate, on temperature
and on materials mechanical history.

Poisson’s ratio of polymeric materials can thus be
thought in the framework of linear viscoelasticity as
one of the various viscoelastic response functions,
but its determination can involve more complexity
[1–3]. In fact, relaxation moduli and creep compli-
ances are usually determined in conditions that
allow an easy description of a time dependent cor-
relation between stress and strain (i.e. stress relax-
ation tests, in which the axial strain is kept constant,
and creep tests, in which the stress is constant). On
the other hand, in the case of Poisson’s ratio, a time
dependent correlation has to be established between
two strains and a stress generating one of them. As
it was underlined by theoretical studies [1, 3–4],
when investigating Poisson’s ratio time depend-
ence, it is of primary importance to provide a proper
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definition of Poisson’s ratio as a viscoelastic func-
tion and a clear indication of its evaluation condi-
tions. The importance of this aspect is often neg-
lected [1], although the obtained results are shown
to depend on testing conditions [3].
In spite of the time dependent behaviour of poly-
mers, and due to considerable experimental diffi-
culties, Poisson’s ratio of polymeric materials is
often assumed as a constant, or, occasionally,
defined for values corresponding to glassy and rub-
bery equilibrium conditions. In both cases its vis-
coelastic nature is completely neglected [1]. Never-
theless, it was shown that only in few cases the
assumption of a constant Poisson’s ratio can be rea-
sonably considered valid [2, 4], and that neglecting
its time and temperature dependence may lead to
predicting models markedly deviating from the
experimental observations [5–7]. More detailed
information on the viscoelastic behaviour of Pois-
son’s ratio is therefore important not only in princi-
ple [8–10], but also for practical reasons. In fact, it
would allow us to interconvert material functions
[1], to refine computational methods [2], to reduce
the number of required experimental parameters to
fit analytical models [8], to better estimate the
effects of the so called Poisson’s strains, originat-
ing from misfits in Poisson’s ratio of joined materi-
als [1].
So far, only few trials have been attempted to com-
prehensively measure and describe the viscoelastic
nature of Poisson’s ratio. In a review article,
Tschoegl et al. [1] summarize the main results con-
cerning the measurement and the prediction of vis-
coelastic Poisson’s ratio, and also give a critical
perspective on the problems regarding its determi-
nation.
A viscoelastic Poisson’s ratio can be experimentally
evaluated following two procedures; a so called
‘direct’ measurement, which involves the measure-
ment of the transverse and axial deformations of the
tested specimen; and a so called ‘indirect’ measure-
ment, where, on the basis of the linear viscoelastic-
ity, Poisson’s ratio is calculated from the measure-
ment of two other material’s time dependent param-
eters. This latter approach has been proven to be a
difficult path, since requiring a very accurate and
precise knowledge of the time dependence of the
starting functions [11].

Direct measurements of Poisson’s ratio has been
carried out on polymeric materials by different
types of experiments, in which the axial deformation
was applied through a constant rate loading ramp
[12–15], under a constant load (creep) [13, 16–17],
under constant strain (stress relaxation) [10, 14, 18],
or under sinusoidal loading-unloading (dynamic-
mechanical analysis) [19–21]. An accurate measure-
ment of the transverse strains is of crucial impor-
tance and various techniques have been employed,
such as optical methods (i.e. Moirè interferometry
[10, 17–18] and video extensometry [13, 16]), bonded
strain gages [19–20] and biaxial contact extensome-
ters [14–15, 21].
Poisson’s ratio of polymeric materials is generally
reported as increasing with time (Lu et al. on poly
(methylmethacrylate) (PMMA) [10], di Landro and
Pegoraro on poly (etherimide) (PEI) [18]), tempera-
ture (Tcharkhtchi on epoxy resins [15]), and strain
(Steinberger et al. on polypropylene (PP) [13]; Litt
and Torp on polycarbonate (PC) [22]). In a work on
epoxy resins we have also reported Poisson’s ratio
as increasing with time, temperature and strain, and
decreasing with strain rate [14]. Moreover, a decreas-
ing trend has been reported for the complex Pois-
son’s ratio with frequency under dynamic condi-
tions (Kästner and Pohl on PMMA [23]; Caracciolo
and coworkers on poly(vinylchloride) (PVC) [19–
20]; Arzoumanidis  and Liechti on a neat urethane
adhesive (Ashland) [21]; Pritz, by indirect method-
ology, on rubbery materials and PMMA [24]).
The results are consistent to what predicted by ana-
lytical approaches, which describe the viscoelastic
Poisson’s ratio following an increasing trend with
time [2, 4, 8], featuring the typical trend of a retarda-
tion process that can be approached as a transverse
creep compliance [25]. Nevertheless, in his studies
on auxeticity, Lakes depicts a vaster framework and
suggests that for structured materials a monotonic
dependence of Poisson’s ratio cannot be assumed a
priori [26].
In the present paper, an experimental investigation
of the viscoelastic features of the Poisson’s ratio of
a semicrystalline material, poly (butylene tereph-
thalate), PBT, is attempted under constant strain
rate and constant strain conditions. The measure-
ments are carried out by means of a biaxial contact
extensometer and a procedure is proposed in order
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to minimize the effects of the extensometer on the
measured transverse strains. Aim of the work is to
provide a description of the effects of time, strain
rate and temperature on the viscoelastic Poisson’s
ratio.

2. Experimental
2.1. Material and preliminary

characterization
Injection moulded PBT dumb-bell specimens (ISO
527 type 1A; gauge length: 80 mm; cross-section:
4!10 mm) were kindly supplied by Radici Novacips
SpA (Villa d’Ogna, Bergamo, Italy). All specimens
were treated for 3 h at 190°C under vacuum and
slowly cooled in the oven in order to release ther-
mal stresses and uniform the thermal history. In
order to detect possible anisotropic effects on the
mechanical behaviour of the tensile bars, cubic
specimens were machined from the dumb-bell cen-
tral region and tested under compression along the
x, y and z axes (i.e. through specimen length, width
and thickness, respectively). On an interval of com-
pressive strains ranging up to 0.6 no significant
dependence of the mechanical behaviour on the
loading directions was detected.
Differential scanning calorimetry (DSC) analyses
were carried out by a Mettler DSC-30 calorimeter
(Mettler Toledo, Zürich, Switzerland) at a heating
rate of 10°C/min in a nitrogen flux of about
100 ml/min. Tests were performed on specimens of
about 15 mg machined from the gauge length of the
dumb-bell specimens. From DSC measurements a
glass transition temperature (Tg) of 47°C, a melting
point (Tm) of 220°C and a crystallinity content (Xc)
of 38% were determined. The cristallinity percent-
age was assessed by integrating the normalized area
under the melting endothermal peak and rating the
heat involved to the reference value of 100% crys-
talline polymer, corresponding to 145 J/g [27].
Dynamic mechanical thermal analysis (DMTA)
experiments were performed by means of an MkII
Polymer Laboratories DMTA testing-machine. Tests
were carried out under bending mode on rectangu-
lar bars (12!5!2 mm) machined from the gauge
length of a dumb-bell specimen at the test frequen-
cies of 0.3, 1, 3, 10, 30 Hz.
The region of linear viscoelastic behaviour was evi-
denced on isochronous stress-strain curves obtained
by stress relaxation tests performed at axial strain

levels in the range from 0.001 to 0.02. Mechanical
tests were performed on PBT dumb-bell specimens
by means of an electromechanical testing machine
(Instron, model 4502, Instron, Norwood, Massa-
chusetts, USA), controlling the level of strain by an
axial extensometer (Instron, model 2640, Instron,
Norwood, Massachusetts, USA). The deformation
was applied at a constant crosshead speed (corre-
sponding to a strain rate of = 0.003 s–1) and then
kept constant for at least 30 min. The tests were per-
formed at 30°C and at 70°C (i.e. below and above
the glass transition temperature) in a thermostatic
chamber (Instron, model 3199, Instron, Norwood,
Massachusetts, USA ), permitting a temperature
control within ±1°C.

2.2. Viscoelastic Poisson’s ratio evaluation
The dependence of Poisson’s ratio on time, temper-
ature and strain rate was experimentally evaluated
under various testing conditions. In particular, as
schematically represented in Figure 1, two different
loading histories were investigated: in constant
deformation rate (CDR) tests the specimen was
subjected to a tensile ramp at a fixed strain rate; in
constant deformation tests (REL) a constant tensile
axial deformation was applied, such as in stress
relaxation tests. In both CDR and REL tests, the
input (axial deformation, "AX) and output (trans-
verse deformation, "TRANS, and stress, #) variables
were simultaneously recorded as a function of time.
The experiments were performed with an Instron
4502 electromechanical testing machine (see above),
operating in displacement control. The tests were
performed in a thermostatic chamber (see above) at
various temperatures between 20 and 100°C.
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Figure 1. Schematic representation of input (axial deforma-
tion, !AX) and output (stress, "; transverse defor-
mation, !TRANS) variables in a) constant deforma-
tion rate (CDR) experiments and b) constant
deformation (REL) experiments



The axial and transverse deformations were evalu-
ated by means of a biaxial clip-on extensometer
(Instron, model 2620-613, Instron, Norwood, Mas-
sachusetts, USA) mounted on the specimen, as rep-
resented in Figure 2. The extensometer is a self-
standing clip-on device, weighing about 300 g,
which is symmetrically distributed on the speci-
men, thanks to the peculiar shape of the device. No
other supports are required to sustain the device,
since visual inspection during the test has never
detected distortion of the specimen at the tempera-
tures explored. In order to assure self-standing and
gripping, the extensometer exerts on the lateral
sides of the specimen a certain force, quantified by
the producer to a nominal value of 22 N [http://
www.instron.com/wa/library/StreamFile.aspx?doc=
290]. This generates a local transverse stress of
about 0.5 MPa, roughly evaluated by dividing the
gripping force over the gauge side cross-section
defined by the specimen thickness multiplied for
the distance between the knives. The value is at
least one order of magnitude lower than the lowest
axial stress measured in constant deformation exper-
iments, and the effect of this transverse stress is
considered to have a minor contribution to the over-
all stress state with respect to the axial tensile stress,
but leads anyway to a continuous penetration of the
extensometer knives in the specimen (creep pene-
tration). The transverse displacement measured dur-
ing the tests originates thus both from the material
contraction (ruled by the Poisson’s ratio) and from
the lateral creep exerted by the extensometer. In
order to compensate the data for this undesired

effect, the amount of creep penetration of the exten-
someter was evaluated separately on undeformed
specimens as a function of time at various tempera-
tures and then subtracted from the total transverse
displacement recorded.
The longitudinal deformation, !AX, was evaluated
as shown by Equation (1):

                                                      (1)

where $LAX represents the axial displacement
measured by the extensometer and LAX,0 the longi-
tudinal initial gauge length (12.5 mm).
The transverse deformation, !TRANS, has been meas-
ured across the specimen width, and evaluated as
shown by Equation (2):

          (2)

where, for a given time, $LTRANS represents the trans-
verse displacement recorded by the extensometer
and $LPENETRATION the extensometer penetration,
while LTRANS,0 is the specimen initial width.
The transverse deformation was measured across
the width of the specimen, since permitting to deal
with larger transverse displacement signals with
respect to those measured when the transverse defor-
mation measured across the specimen thickness.
This testing geometry helps in minimizing the con-
tribution of dimensional defects of the specimens
and of the imprecision in the compensation for the
transverse extensometer penetration. The Poisson’s
ratios described in this paper always refer to such
testing direction, although, due to the overall mate-
rial isotropy, it is expected that very similar results
could be obtained if lateral contraction would be
measured through the thickness.
In constant deformation rate (CDR) tests the speci-
men was subjected to a tensile loading ramp at a
constant strain rate. Aim of the CDR tests is to pro-
vide a description of the effects of temperature and
strain rate on the Poisson’s ratio evaluated at short
times and at small axial strains. We will refer to the
values measured under these testing conditions as
Poisson’s ratio, but still bearing in mind the indica-
tion of Hilton and Yi [4] and Tschoegl et al. [1],
who prefer the term lateral contraction ratio over
Poisson’s ratio, for the data measured in ramp tests.
The tests were performed at two crosshead speeds,
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Figure 2. Experimental set-up employed for the Poisson’s
ratio measurement, in adoption of a clip-on biax-
ial extensometer (Instron mod. 2620) mounted on
a PBT dumb-bell specimen



corresponding to strain rates of 0.003 and 0.05 s–1,
and at various temperatures, in the range between
–20 and 100°C, while the maximum strain never
exceeded 0.01. The Poisson’s ratio values measured
under these experimental conditions will be labelled
as #CDR, and calculated by Equation (3) as the nega-
tive ratio between the slopes of the transversal
deformation and axial deformation curves as func-
tion of the applied load, F:

                                         (3)

on the region of linear proportionality between
stress and strain. The evaluation takes the advan-
tage of the linear dependence of the axial and trans-
verse deformations on the applied load on an ade-
quately large portion of the axial strain values (i.e.
for !AX at least up to 0.03), and is proposed accord-
ingly with standardized procedures for the evalua-
tion of short-time tensile properties of plastics
(ASTM D 638). Further, it has to be remarked that,
when force and the two strains can be described by
functions linearly increasing with time from a zero
value at t = 0, the above formula provides results
coincident with those that can be obtained by apply-
ing Equation (4) proposed by Tschoegl et al. [1] for
the evaluation of the lateral contraction ratio in con-
stant rate of strain measurements:

                                          (4)

where #rate can be defined by Equation (5):

                (5)

and, for a given strain rate, it displays a constant
value on the linear stress vs. strain region.
Young’s modulus was also measured under the same
test conditions.
Constant deformation tests (REL) were performed
applying a constant deformation (!AX,REL) for at
least 30 min and measuring the transverse deforma-
tion as a function of time. These tests were carried
out for two values of the constant axial strain,
!AX,REL = 0.005 and 0.010, applied at a strain rate of

0.003 s–1, and at various temperatures in the range
between 30 and 60°C. The time dependence of
Poisson’s ratio was assessed by measuring the
changes in the specimen width after the axial defor-
mation was applied and maintained constant. This
type of test follows the typical methodology of a
stress relaxation test, and thus the Poisson’s ratio
measured in these conditions is labelled as #REL,
and evaluated according to Equation (6):

                                        (6)

where !TRANS is the time-dependent transverse defor-
mation measured for the applied longitudinal defor-
mation !AX,REL. Since the axial deformation is con-
stant in time, this type of test configuration permits
an easy but rigorous calculation of the viscoelastic
Poisson’s ratio, thus avoiding the otherwise compli-
cated mathematical treatments required for other
deformational histories and involving Laplace trans-
forms between viscoelastic variables [1]. Relax-
ation modulus was concurrently measured in this
part of the test and will be reported as EREL. The
results were then plotted as a function of tREL =
t – t0, where t represents the test time and t0 the time
at which the constant deformation for the relaxation
experiment is applied.

3. Results and discussion
3.1. Preliminary material characterization
Figure 3 reports the traces of the storage modulus
(E%) and loss factor (tan$) as a function of tempera-
ture at various frequencies. The figure shows a
glass transition temperature region between 45 and
70°C, depending on the frequency, as evaluated in
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Figure 3. E% and tan$ traces from the DMTA test performed
on PBT at various frequencies (f = 0.3, 1, 3, 10,
30 Hz)



correspondence to the region where the storage
modulus traces present an inflection point and the
tan$ traces show their maximum. According to a
time-temperature reduction scheme, isothermal E%
vs. frequency curves enabled us to build a storage
modulus master curve, represented in Figure 4 for a
reference temperature T0 = 30°C. The logarithm of
the shift factors, aT

T0
, adopted for the master curve

construction are presented as an insert in Figure 4,
as a function of 1000/T, where T is the absolute
temperature. The master curve indicates that the
transition zone of the storage modulus spans over a
frequency range of 7–8 decades, ranging i.e. from
about 10–15 Hz up to about 10–8 Hz at this reference
temperature.
The extent of the linear viscoelastic region was
assessed on isochronous stress-strain curves obtained
from stress relaxation tests performed at 30 and at

70°C, i.e. below and above the glass transition tem-
perature. The isochronous curves for these two tem-
peratures are reported at various instants in Fig-
ure 5a and b, respectively. Independently from
time, the curves at 30°C show a linear trend for
axial deformations up to 0.01, whereas at higher
deformations an evident deviation from linearity
can be detected. On the other hand, a clear thresh-
old value for the linear viscoelastic behaviour is
more difficult to be identified in the experiments
performed at 70°C. Anyway, the results seem to
indicate that at this temperature the linear viscoelas-
tic region extends up to an axial strain level between
0.005 and 0.01. In consideration of these results the
evaluation of Poisson’s ratio in constant deforma-
tion experiments was carried out both at an axial
strain !AX,REL = 0.005 and at !AX,REL = 0.01.

3.2. Viscoelastic Poisson’s ratio effect and
correction of the transverse displacement

Experimental input and output of CDR experiments
are reported in Figures 6a and b, as measured in
tests performed at a strain rate of 0.003 s–1 at some
of the investigated temperatures. Figure 6a repre-
sents the time evolution of the stress during the ten-
sile ramp test and its well-known dependence on
temperature. In Figure 6b the reading of the trans-
verse extensometer is reported in terms of an appar-
ent transverse strain, i.e. the net transverse displace-
ment, $LTRANS, divided by the specimen width,
named apparent since at this stage it still comprises
the contribution due to the extensometer knives
penetration. Such a representation of the lateral
contraction effects, in which also the overall trans-
verse displacement can be easily deduced (!TRANS =
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Figure 4. E% master curve as a function of reduced frequency
at a reference temperature, T0 = 30°C; insert: shift
factors evaluated by best superposition of isother-
mal E% vs. frequency curves

Figure 5. PBT isochronous stress vs. strain curves at a) 30°C and b) 70°C for various instants: 10 s (&); 100 s ('); 1000 s (();
1 h ())



–0.001 corresponds to a transverse contraction of
10 µm), may help the comparison of the transverse
displacement data with the data regarding the
extensometer penetration, which will be reported
later.
The opposite signs exhibited by axial and trans-
verse strains indicate that the application of a ten-
sile deformation leads to lateral contraction of the
specimen, and it is shown that at any given instant,
and thus at any given axial strain value, a greater
lateral contraction is found as the temperature
increases. The total transverse displacement meas-
ured within this set of tests is between 40 and 50 *m,
depending on the test temperature.
The input and output of constant deformation tests
are reported in Figures 7a and b in case of an axial
deformation !AX = 0.01 and at various tempera-
tures. These figures show that the stress relaxation
is also accompanied by a continuous lateral con-
traction process. While the stress relaxation dis-
plays the well-known dependence on time and tem-
perature, the transverse strain decreases with time

and, at any instant, a greater lateral contraction is
found for a higher temperature. Within this set of
experiments the change in the net transverse dis-
placement signal during the constant axial strain
maintenance is about 5 *m at all temperatures, and
it is shown that at high temperatures an overlapping
of the curves can occur for long times.
In order to correct the value of the transverse dis-
placement for the concomitant lateral creep of the
extensometer knives, this latter term was quantita-
tively estimated in experiments carried out on unde-
formed specimens. Figure 8 reports some examples
of the knives penetration curves. It can be noted that
in the time span of CDR tests (i.e. up to 40 s), the
lateral penetration is in any case lower than 0.1 *m,
and thus very small in comparison with the trans-
verse displacement recorded during the ramp tests;
it is therefore believed that the lateral penetration
does not practically affect the lateral contraction
ratio evaluated in CDR tests. On the other hand, the
knives penetration becomes more important for
long times, and within 1800 s a maximum penetra-
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Figure 6. Time evolution of a) axial strain, !AX, and stress, ", and b) apparent transverse strain in CDR experiments for an
axial strain rate of 0.003 s–1 at various temperatures: 20°C (&); 30°C (+); 50°C ((); 60°C ($)

Figure 7. Time evolution of a) axial strain, !AX, and stress, ", and b) apparent transverse strain in REL experiments carried
out at "AX,REL = 0.01 at various temperatures: 20°C (&); 30 °C(+); 50°C ((); 60°C($)



tion of about 1.7 *m is found at 30°C and almost
the double at 60°C. These values are not negligable
if compared with the transverse displacement varia-
tion recorded during REL tests. In fact, at the two
temperatures considered, they reach about 30 and
60% of the values measured in REL tests during the
constant axial strain maintenance, respectively.
This indicates that the compensation of such unde-
sired effect becomes a strict requirement in order to
provide a quantitative evaluation of the viscoelastic
Poisson’s ratio in relaxation tests.

3.3. Constant deformation rate tests
The effects of temperature and strain rate on the
short-time Poisson’s ratio, #CDR, were investigated
in CDR experiments. The results of the experiments
are reported in Figures 9a and b, representing the
Poisson’s ratio and Young’s modulus, respectively,
as a function of temperature at two strain rates.

Figure 9a shows that, for both strain rates, the Pois-
son’s ratio increases with temperature. Such depend-
ence can be fitted with a sigmoidal function, extend-
ing from a lower plateau value of about 0.41 to an
upper plateau value scattered around 0.5, represen-
tative of the conditions of constant volume defor-
mation, typical of incompressible materials in the
rubbery state. The inflection point of the sigmoidal
curves is located for both strain rates at tempera-
tures in the proximity of the PBT glass transition
temperature, whereas the upper plateau is approached
at about 100°C, i.e. well above Tg. As the strain rate
increases, a lower #CDR value is found for a given
temperature, and a shift of the sigmoidal fitting
curve to higher temperatures can be observed. Such
a shift, if evaluated with reference to the inflection
point, is about 10°C for a strain rate increase of
about 20 times. The Young’s modulus, which is
measured in the same experiment, displays a sig-
moidal decreasing dependence on temperature,
only slightly affected by strain rate. For both strain
rates the inflection point of the curves is located at
about 40°C, in proximity to that found for the Pois-
son’s ratio measured at the lower strain rate.
It is interesting to compare these results with those
previously obtained by this group, under similar
experimental methodology, on epoxy resins [14]. A
similar sigmoidal dependence on temperature was
evidenced for the epoxy systems, but with an inflec-
tion point for the Poisson’s ratio vs. temperature
curve occurring 20°C below the inflection point of
the simultaneously measured Young’s modulus vs.
temperature curve. Moreover, the upper plateau was
approached for deformation temperatures close to
the glass transition temperature. Tcharkhtchi et al.
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Figure 8. Transverse displacement due to the extensometer
lateral penetration measured on an undeformed
specimen as a function of time at various temper-
atures: 30°C (&); 40°C (+); 50°C ('); 60°C (,)

Figure 9. a) Viscoelastic Poisson’s ratio, #CDR, and b) Young modulus for semicrystalline PBT evaluated at different defor-
mation temperatures along a deformation ramp at strain rate of 0.003 s–1 (') and of 0.05 s–1 (,)



[15] provided analogous results on similar epoxy
systems. The results here presented for semicrys-
talline PBT suggest that higher temperatures are
required with respect to amorphous materials to dis-
play the quasi-constant volume conditions and that
the Tg region plays an important role on the transi-
tion to such deformational behaviour. This result
could be interpreted by considering a mobility hin-
drance exerted by the coexistence of crystalline and
amorphous regions.
By a tentative application of a time–temperature
reduction scheme, the isothermal #CDR data, repre-
sented as a function of the strain rate, were rigidly
shifted along the strain rate axis until the best super-
position was reached. The master curve obtained is
presented for a reference temperature T0 = 30°C in
Figure 10. The decreasing (sigmoidal) dependence
of the Poisson’s ratio on strain rate indicates that as
the strain rate decreases the deformation can occur
under quasi-constant volume conditions, and,
although only qualitatively, the result seems to sug-
gest that for a deformation at 30°C these deforma-
tion conditions can be met for very slow strain
rates, lower than about 10–9 s–1.

3.4. Constant deformation tests
REL tests permitted the investigation of Poisson’s
ratio dependence on time and temperature, starting
from the net transverse displacement signal and
correcting it for the extensometer knives penetra-

tion. The results obtained are reported in Fig -
ure 11a, which displays the Poisson’s ratio, #REL, as
a function of the relaxation time, tREL, in terms of
isothermal curves measured for an applied axial
deformation !AX = 0.01. For all the investigated tem-
peratures, the viscoelastic Poisson’s ratio displays a
monotonic increase with time, and, for any given
instant, a higher value of the Poisson’s ratio is found
as temperature increases. The average slope of the
curves increases for temperatures up to 40°C, i.e. in
the proximity of the glass transition temperature,
and decreases again for temperatures above Tg.
The initial part of the curves is characterized by a
fairly regular increase, whereas at longer times (tREL
longer than approximately 10 min) the isothermal
curves tend to overlap, exhibiting a less regular
behaviour and the tendency to converge to a value
slightly above 0.5, i.e. above the incompressibility
conditions. It is important to underline that if the
transverse extensometer reading was not corrected,
even higher Poisson’s ratio values would have been
read. In the author’s opinion these high Poisson’s
ratio values have to be interpreted as scattered
around 0.5, and affected by inaccuracies related to
the correction of transverse deformation for long
times and high temperatures. At the same time, it
can not be excluded that the upper plateau could be
higher than 0.5, due to non-homogeneity on a
microstructural scale, already present in the materi-
als (such as crystalline regions below the melting
temperature [1] or porosity [28]) or developed dur-
ing the deformational process (as cavitational effects
[29–32], although these should have major impor-
tance at deformations higher than those investigated
here).
The decrease of stress was simultaneously moni-
tored, permitting an evaluation of the time evolu-
tion of the relaxation modulus EREL, which is
reported in Figure 11b in terms of isothermal curves
for an axial deformation !AX = 0.01. The well-known
dependence on time and temperature is exhibited
and it is noteworthy to underline that the steepest
decrease is found at T = 40°C.
As previously shown in the evaluation of short-time
Poisson’s ratio by CDR tests, the glass transition
temperature seems to play a relevant role on the
PBT viscoelastic Poisson’s ratio also even under
these loading conditions. Not being directly in pos-
session of data regarding the effect of temperature
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Figure 10. Viscoelastic Poisson’s ratio, #CDR, master curve
as function of reduced strain rate at a reference
temperature T0 = 30°C after shifting of the
isothermal curves at temperatures: 20°C (-);
30°C ('); 35°C (,); 40°C (&); 45°C (+); 50°C (
(); 55°C ($); 60°C ()); 100°C (!); insert:
isothermal curves before shifting



on relaxation Poisson’s ratio of amorphous materi-
als, our results were compared with literature data,
which underline some relevant differences between
semicrystalline and amorphous polymers. O’Brien
et al. [17] reported isothermal curves of the vis-
coelastic so-called lateral contraction ratio for epoxy
resins under creep conditions. They evidenced an
upper plateau at 0.49 for temperatures approaching
the glass transition region, while the simultaneously
measured creep compliance still displays an increas-
ing trend. Similar results were obtained on amor-
phous poly (methylmetacrylate) by the group of
Knauss [10]. In both the above-cited works the
steepest part of the Poisson’s ratio isothermal curve
is located at temperatures lower than Tg.
The REL experiments performed at !AX = 0.005 led
to results similar to those obtained at the higher
deformation level, although a less regular trend for
the isothermal Poisson’s ratio vs. relaxation time

curves was found. This is probably due to the fact
that, in the case of a lower axial deformation, the
extensometer knives penetration becomes of higher
importance with respect to the transverse contrac-
tion, and thus an even greater accuracy is required
for the data correction.
On the basis of a time-temperature reduction
scheme, the #REL and EREL isothermal curves
obtained for the two sets of axial strains were
shifted along the time scale, in order to tentatively
achieve a master curve representation of the two
functions. The master curves obtained are reported
in Figures 12a and b, in which the Poisson’s ratio
and the relaxation modulus, respectively, are plot-
ted as a function of the reduced time for a reference
temperature T0 = 30°C; Figure 12b reports also the
Poisson’s ratio master curve evaluated at !AX = 0.01
in order to directly compare the time dependence of
the two functions.
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Figure 11. a) Isothermal Poisson’s ratio, .REL, and b) relaxation modulus, E, isothermal curves as a function of relaxation
time, tREL, at various temperatures: 0°C (&); 20°C (+); 30°C ('); 35°C (,); 40°C ((); 45°C ($); 50°C ());
55°C (!); 60°C (-); data obtained for an axial deformation "AX,REL = 0.01

Figure 12. a) Poisson’s ratio, .REL, and b) relaxation modulus, E, master curves as a function of reduced relaxation time at
a reference temperature T0 = 30°C for two different axial deformations "AX,REL: 0.005 (,) and 0.01 (')



For both axial strain levels, Poisson’s ratio shows
an increasing trend with time, which can be fitted
by a sigmoidal function and can be viewed as a
retardation (or delay) process. At this reference
temperature the master curve upper plateau seems
to be approached at times in the order of 106 s and
the inflection point is located at about 103 s. The
applied axial strain seems to marginally affect the
time-dependence of the viscoelastic Poisson’s ratio,
and mainly in the region of longer relaxation times:
in fact, although following similar sigmoidal trend,
higher Poisson’s ratio values can be found for a
given instant as the applied strain increases. Also
the relaxation modulus master curve seems to be
dependent on the applied strain, and lower relax-
ation moduli are found at the higher strain. Such
effect on both viscoelastic functions is interpreted
as a typical non-linear viscoelastic effect related to
the higher mobility occurring when larger deforma-
tions are applied.
Several aspects anyway suggest that the time distri-
bution of the Poisson’s ratio master curve here pro-
vided, at this stage, should be considered as merely
qualitative; these aspects regard i) the different dis-
tribution of the Poisson’s ratio and of the relaxation
modulus as a function of the reduced time scale,
and ii) the different shift-factors for the two func-
tions.
In Figure 12b it is shown that, with respect to EREL,
the #REL function displays inflection points occur-
ring at shorter times (the EREL inflection point being
at about 106 s) and a narrower transition region.
This latter is seen to span over 3–4 decades in the
case of #REL, thus on a significantly narrower region
with respect to the 7–8 decades transition region
exhibited by the simultaneously measured relax-
ation modulus, and, similarly, by the storage modu-
lus master curve. Since Tschoegl et al. [1] claims
that the delay times distribution can not be assumed
to be identical to that of relaxation and retardation
times measured in stress relaxation and creep
experiments, such a result can not be regarded as
inconsistent. Nevertheless, inspection of literature
data does not provide great help in interpreting this
effect. A tentative explanation of the peculiar distri-
bution of delay times observed for PBT’s #REL with
respect to relaxation times shown by EREL could be
based on the different relaxation kinetics of the
hydrostatic and deviatoric stress components of the

stresses. In fact, it was experimentally proven that
bulk relaxation shows a narrower distribution of
relaxation times with respect to shear relaxation
(Morita et al. on poly (isobutyl metacrylate), and
Kono et al. on poly (isobutylether); both listed in
[1]); further, Di Landro and Pegoraro [18] have
attributed to the same reason the observed transition
of the viscoelastic Poisson’s ratio of polyetherimide
(PEI) occurring at times shorter than that measured
for shear and tensile modulus.
Of more difficult interpretation is the result con-
cerning the different shift factors required for the
construction of Poisson’s ratio (#CDR vs. strain rate;
#REL vs. time) and of the relaxation and storage
moduli master curves, as can be seen from their rep-
resentation as a function of the inverse absolute
temperature in Figure 13. The shift factors of the
relaxation modulus are not affected by the strain
level and exhibit values quite close to those esti-
mated in DMTA tests. The shift factors for the mas-
ter curves of Poisson’s ratio in REL tests also seem
to be unaffected by the axial strain, but show a less
steep slope with respect to those related to the mod-
uli functions. Finally, the data obtained from the
Poisson’s ratio measured in CDR experiments,
shows an intermediate behavior, exhibiting values
close to those measured for the moduli functions for
temperature up to 40°C, while a deviation is exhib-
ited for higher temperatures, with a slope similar to
that shown by the #REL set of data. Previous litera-
ture data have always shown that the shift factors
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Figure 13. Shift factors employed for the construction of
the following master curves: a) storage modulus
vs. frequency, b) Poisson’s ratio .CDR vs. strain
rate, c) Poisson’s ratio .REL vs. tREL ("AX,REL =
0.005 (() and 0.01 (&)) and E vs. tREL ("AX,REL =
0.005 ($) and 0.01 (+))



required for the Poisson’s ratio master curve con-
struction are the same as those obtained for other
viscoelastic functions [10, 17, 20]. The difference
found between master curves distribution and
between the related shift factors are effects not fully
understood, and that could be tentatively ascribed
to an interference due to the contact extensometer.
In fact, although the subtraction of the transverse
penetration is believed to correct the value of Pois-
son’s ratio in any experimental condition, the pres-
ence of additional stress components, locally induced
by the lateral clip-on device, cannot be avoided.

4. Conclusions
The viscoelastic dependence of Poisson’s ratio on
time and temperature was investigated for semi-
crystalline PBT in tensile ramp tests at constant
deformation rate (CDR tests) and in tests in which
the axial strain was maintained constant (constant
deformation, or REL, tests). The axial and transverse
deformations were simultaneously recorded by
means of a biaxial clip-on extensometer, and a cor-
rection procedure was proposed in order to subtract
the lateral penetration of the extensometer knives
from the net transverse displacement recorded.
It was shown that PBT Poisson’s ratio exhibits vis-
coelastic features, with values increasing with time
and temperature and decreasing with strain rate.
The results of CDR tests show that the short-time
Poisson’s ratio, #CDR, measured at strain rates in the
order of 10–3–10–2 s–1, displays a sigmoidal increase
with temperature with an upper plateau at about 0.5
(i.e. the constant volume deformation conditions),
approached for temperatures well above Tg, in con-
trast to what was reported for amorphous polymers,
which generally reach such deformational behav-
iour at Tg. Further, for the same temperature a higher
#CDR value is found as the strain rate increases, and
a tentative representation of the #CDR vs. strain rate
master curve would suggest that, for a reference
temperature T0 = 30°C, the upper plateau can be
approached for strain rates lower than 10–9 s–1.
In REL tests it is shown that stress relaxation is
accompanied by a continuous lateral contraction
process, which leads to a monotonous increase of
Poisson’s ratio, #REL, with time, exhibiting the fastest
increase in proximity to the glass transition temper-
ature. The master curve representation of Poisson’s

ratio, tentatively obtained from the isothermal #REL
curves, qualitatively describes a sigmoidal increas-
ing dependence on the logarithmic reduced time,
confirming the nature of viscoelastic Poisson’s ratio
as a retardation (or delay) process.
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1. Introduction
During the past years, the miscibility and specific
interaction of miscible blends involving crystalliz-
able polymers have been topics of intense interest
in polymer science because of the strong economic
incentives arising from their potential applications
[1–4]. On the basis of the crystallizability of the
constituents, crystalline/amorphous binary polymer
blends are more widely studied because of their
simpler crystalline phase relative to crystalline/
crystalline ones [5–14]. And the addition of an
amorphous polymer to a crystalline one can modify

both the melting (Tm) and the glass transition tem-
perature (Tg) of the crystalline polymer and conse-
quently has an important effect on kinetic parame-
ters governing the crystallization process. There-
fore, it would be very important to determine the
interactions between the amorphous polymer and
crystallization regimes. And most of studies on
these systems are concerned with dipole-dipole
interactions, hydrogen bonding strengths, morphol-
ogy patterns or crystallization kinetics.
From one experimental point of view, an improve-
ment in the understanding of the correlation between
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microstructure and interaction of polymers has been
obtained by several techniques, such as differential
scanning calorimetry (DSC), dynamic mechanical
thermal analysis (DMA), electron microscopy
(EM), Fourier transform infrared (FTIR) spec-
troscopy  etc. [5–14] Each of these techniques has
its advantages and drawbacks. For instance, DSC is
very convenient to observe miscibility in polymer
blends, but it is not so sensitive and sometimes it is
very hard to clearly identify Tgs of the blends.
Though DMA is relatively sensitive [15], the sam-
ple preparation is complicated, especially for those
polymers whose Tg is below the room temperature.
Compared with thermal analysis and EM, FTIR can
analyze, in situ, some positive information on spe-
cific interactions between polymers without intro-
ducing additional physical process like freezing a
given phase-separated state for the measurements.
However, the IR spectral bands cannot be readily
resolved into two peaks with areas corresponding to
the free and the hydrogen-bonded absorptions [16].
Relatively, owing to the merits of high sensitivity
and nondestructive measurements, the fluorescence
technology has been regarded as a powerful and
effective tool to measure the macromolecular
motions on a molecular level with probe and label-
ing [17–19]. Although this method can obtain lots of
useful information of polymer micromorphology
and microstructure, the labeling procedure is often
tedious. In addition, in most of the fluorimetric
studies of polymer, the fluorescent probe was cova-
lently attached to one of the polymers, which in fact
changed the microenvironment of macromolecules
and made the macromolecules more hydrophobic,
thus enhancing their complexation ability. It is
worth noting that the intrinsic fluorescence of poly-
mers has also shown to be highly sensitive to issues
ranging from local polymer conformational popula-
tions in solution and phase behavior in solvents and
polymer blends to local microenvironments in bulk
homopolymers [20–23]. Due to its intrinsic sensitiv-
ity, this fluorescence method also proved to be pow-
erful in the study of small-scale phase separation
and low-concentration miscibility [24]. In our pre-
vious researches [25, 26], the intrinsic fluorescence
spectra were found to be very simple and sensitive
means to characterize the transition of molecular
conformation and aggregation of macromolecular
chains.

In this work, we employed the intrinsic fluores-
cence method to investigate the miscibility and
interactions of crystalline/amorphous polymer
blends. For convenience, we chose a very common
crystalline polymer, poly(!-caprolactone) (PCL),
which is miscible with several amorphous polymers
through the formation of hydrogen bonding [27,
28]. Since the miscibility of PCL blends depends on
the self-association and inter-association of hydro-
gen-bonding donor polymers, the amorphous com-
ponent used here is thermoplastic phenol formalde-
hyde resin (TPF) which has polar group (hydroxyl
group) and chromophores (benzene rings). It was
found that the intrinsic fluorescence can provide us
valuable information of compatibility on a very
small scale and might supplement the existing char-
acterization tools.

2. Experimental
2.1. Materials and samples preparation
The PCL used in this work was purchased from
Polysciences (UK). The TPF was synthesized as fol-
lows: First, the molten phenol and oxalic acid were
placed into a flask fitted with a mechanical stirrer, a
condenser, and a thermometer. And then the mix-
ture was heated to 90°C (a slight exotherm was
noted), and formaldehyde was charged into the
reaction mixture over a 90 min period using a drop-
ping funnel, during which time the temperature
began to drop. The molar ratio for phenol / formalde-
hyde / oxalic acid was 1 / 0.75 / 0.01. External heat-
ing was required to keep the system at ~95°C for
the duration of the reaction. Reactions were heated
for an additional 6 h before the resins were isolated.
After the condensation process, volatiles, water,
and some free phenol were removed using a high-
temperature (150°C) vacuum distillation. Finally,
the solid resin was powdered using a mortar and
pestle. The molecular weights and the polydisper-
sity index (DPI) were determined through gel per-
meation chromatography (GPC) using a Waters 510
HPLC (U. S. A.), equipped with a 410 differential
refractometer, a refractive index (RI) detector, and
three Ultrastyragel columns connected in series in
order of increasing pore size. N,N-dimethylfor-
mamide (DMF) with LiBr (1 g/l) was used as eluent
solvent at a flow rate of 0.6 ml/min at 25°C. DMF
(A. R.) and toluene (A. R.), purchased from
Guangzhou Chemical Reagent Factory (P. R. China),
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were distilled under reduced pressure before use.
The chemical structures and basic characterization
of TPF and PCL are shown in Figure 1 and Table l,
respectively. Film samples with various composi-
tions were prepared by casting from 1 wt% toluene
solutions onto quartz plates at room temperature.
Firstly, the solution was allowed to evaporate
slowly at room temperature for 1 day, and then the
films were further heat treated in a vacuum oven at
50°C for 24 h to ensure the total elimination of sol-
vent.

2.2. Apparatus
The fluorescence spectra were recorded with a
FLS920 Combined Fluorescence Lifetime and
Steady State Spectrometer (Edinburgh, England)
using either a cooling or heating rate of 3 K/min.
Unless otherwise specified, in cooling and heating
measurements, the fluorescence spectra were
recorded after having annealed samples at 410 and
180 K for 15 min, respectively. To minimize the
influence of reflected light, 45º-angle sample geom-
etry was employed. For the convenience of compar-
ison, samples were also examined by a DSC-204
(Netzsch, Germany) under the same condition.

3. Results and discussion
3.1. Intrinsic fluorescence of TPF and PCL

solutions.
In order to better understand the intrinsic fluores-
cence of blend films, we first measured the emis-
sion spectra in TPF and PCL solution at the concen-
tration of 2 g/l. Clearly, a negligible fluorescence
emission of PCL can be seen in Figure 2. Besides,
there exists the maximum fluorescence intensity for

TPF at 315 nm when excitation was done at 296 nm
according to the excitation spectrum shown in the
inset of Figure 2. Thus, these results make it easy to
attribute the fluorescence emission of TPF/PCL
films in the following discussions.

3.2. Temperature dependent intrinsic
fluorescence of TPF/PCL Films

Figure 3 shows the intrinsic fluorescence spectra of
TPF/PCL (3/7) blend film at various temperatures
during the cooling process. As expected, a maxi-
mum intensity can be observed at about 313 nm,
indicative of the emission of TPF phase. Obviously,
the emission intensity increases as the temperature
decreases, suggesting a decrease in the non-radia-
tive deactivation process upon cooling.
Figure 4 presents the temperature dependence of
fluorescence intensity of TPF/PCL (3/7) blend film
during the cooling process. It can be clearly seen
that two crossovers are located at 241 and 298 K,
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Figure 1. Schematic representation of the chemical struc-
ture of TPF and PCL molecules

Table 1. Characterization of TPF and PCL used in this study

aData obtained from GPC measurement
bDetermined by DSC method

Polymer Mn [Da]a DPI Tg [K]b Tm [K]b

TPF 1#103 1.9 337 –
PCL 4#104 1.5 210 327

Figure 2. Fluorescence emission spectra of TPF and PCL
solution (C = 2 g/l) in THF (!ex = 296 nm). Inset
shows the excitation spectrum for phenolic film.

Figure 3. Intrinsic fluorescence spectra of TPF/PCL (3/7)
blend film at various temperatures during the
cooling process



respectively, which are in good agreement with the
transition temperatures shown in DSC cooling
trace, i.e., 238 and 297 K, respectively (see inset of
Figure 4).  Thus, these two crossovers should be
attributed to the glass transition temperature (Tg) of
TPF/PCL amorphous phase and the crystallization
temperature (Tc) of PCL crystalline phase, respec-
tively. Such single Tg obtained by both fluorescence
and DSC methods indicates that TPF/PCL (3/7)
blend is fully miscible in the amorphous region.
Before we present a further interpretation of the
temperature dependence of fluorescence intensity
shown in Figure 4, it is necessary to review briefly
several aspects of the photophysical process. Fun-
damentally, the excited state of chromophore pro-
moted by absorption of a photon is deactivated by
radiative (fluorescence Kr), and non-radiative (Knr),
thus the fluorescence intensity (I) can be under-
stood as Equation (1):

                                           (1)

where "F is the fluorescence quantum yield. Since
Kr only depends on temperature through the refrac-
tion index [29], Equation (1) can be expressed as
Equation (2):

                (2)

where Kr
0 is a constant independent of temperature

and n is the refraction index. Distinctly, as shown in
Equation (2), the intrinsic fluorescence intensity is
mainly influenced by n and Knr. Usually, it is assumed

that, the non-radiative processes (Knr) almost
become zero at very low temperatures, so that the
radiative deactivation is the favored pathway and
only Kr accounts for the fluorescence intensity.
However, at relatively high temperatures, the
motions of the polymer chains are less limited and
the balance of these two factors should be taken
into account: (i) the reduction of the refraction
index [30] and (ii) the deactivation of the fluores-
cence by non-radiative processes due to the increased
thermal motions [31]. Note that, the refractive
index of amorphous polymer film decreases with
the temperature increases and shows a inflection
point at Tg, suggesting stronger temperature depend-
ence at T > Tg than T < Tg [30]. Hence, the explana-
tion of the results obtained in Figure 4 should now
be clear. When the temperature was lower than 298 K
(T < Tc), the molecular chains of PCL started to
arrange themselves in regular arrays upon crystal-
lization and restrict the motions of TPF chains
which reduced the non-radiative decay rate and
finally caused the higher fluorescence quantum
yield and the greater temperature dependence of
intrinsic fluorescence intensity. On the other hand,
the less temperature dependence of intrinsic fluo-
rescence intensity at T < 241 K was dominantly
induced by the effect of refraction index and non-
radiative rate, which both showed less temperature
dependence in the glassy state compared to rubbery
state [32], due to the limited large-scale cooperative
mobility of macromolecular chains in amorphous
region at T < Tg.
To obtain the comprehensive assessment of intrin-
sic fluorescence, the heating process of TPF/PCL
(3/7) blend film has also been studied, shown in
Figure 5. There are also two obvious crossovers in
the plot, located at 248 and 318 K, highly consistent
with the Tg of TPF/PCL amorphous phase (245 K)
and the melting temperature (Tm) of PCL crystalline
phase (319 K) obtained by DSC method (see inset
of Figure 5). As expected, the temperature depend-
ence of fluorescence intensity around Tg of TPF/
PCL amorphous phase during cooling process (Fig-
ure 4) is similar with that during heating process
(Figure 5). However, in contrast to cooling process,
the heating process shows an opposite intensity
variance around the transition temperature of PCL
crystalline, that is, a stronger temperature depend-
ence of fluorescence intensity. This behavior sug-
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Figure 4. Temperature dependence of the intrinsic fluores-
cence intensity for TPF/PCL (3/7) blend film dur-
ing the cooling process. The inset shows the DSC
cooling trace.



gests that, when melting process started to occur,
the flexible PCL chains could render more drastic
movement of TPF due to the strong hydrogen bond
interaction between the hydroxyls of TPF and car-
bonyls of PCL, which greatly increased the non-
radiative decay rate and thus reduced intrinsic fluo-
rescence quantum yield of TPF. Thus, the results in
Figure 5 not only verify our explanation in Figure 4,
but also strongly suggest that the intrinsic fluores-
cence is very sensitive method for monitoring the
molecular chain motions in TPF/PCL blend film.
The similar behavior can be also found in the case
of TPF/PCL (4/6) blend (see Figure 6).
However, it can be seen for TPF/PCL (5/5) blend,
there is only a single Tg (263 K) in the DSC trace
(inset of Figure 7), which indicates the TPF/PCL
(5/5) blend is not only completely amorphous but

also homogeneous due to the strong hydrogen bond
interaction. Surprisingly, as shown in Figure 7, it
can be observed that there are two crossovers deter-
mined by intrinsic fluorescence, located at 267 and
224 K, respectively. The former temperature is in
agreement with Tg of TPF/PCL blend in DSC trace,
while the latter one is a little higher than the Tg of
PCL (210 K). Generally, a polymer blend is regarded
as miscible when it exhibits a single Tg and regarded
as immiscible when it exhibits two Tgs correspon-
ding to those of the constituent components as deter-
mined by DSC. However, there is a general consen-
sus that such experimental technique, while very
useful to investigate macrophase separation in the
polymer blends, cannot guarantee that a polymer
blend is miscible on a molecular level [33–35].
Besides, fluorescence spectroscopy has proven to
be very sensitive method in studying aggregation
and phase separation behavior at the molecular
level, and can provide us with information on a
scale smaller than conventional light scattering and
comparable to small-angle neutron scattering
(SANS) [36]. Since the homogeneity of a polymer
blend is usually dependent on the detectable mini-
mum domain size by the experimental technique
used, a plausible explanation is that, the crossover
at 224 K may be ascribed to the microscopic hetero-
geneity in the TPF/PCL (5/5) blend.
Note, in Figure 7, that there is a slight change in the
slope at around 320 K which is close to the Tc of
PCL. Was this caused by the inhomogeneous mix-
ing in sample preparation? To answer this question,
Figure 8 displayed the temperature dependence of
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Figure 5. Temperature dependence of the intrinsic fluores-
cence intensity for TPF/PCL (3/7) blend film dur-
ing the heating process. The inset shows the DSC
heating trace.

Figure 6. Temperature dependence of the intrinsic fluores-
cence intensity for TPF/PCL (4/6) blend film dur-
ing the heating process. The inset shows the DSC
heating trace.

Figure 7. Temperature dependence of the intrinsic fluores-
cence intensity for TPF/PCL (5/5) blend film dur-
ing the cooling process. The inset shows the DSC
cooling trace.



the intrinsic fluorescence intensity for TPF/PCL
(5/5) blend film during the heating process. Clearly,
the inflexion point at 270 K can be observed, which
is ascribed to the Tg of TPF/PCL blend. However,
another unexpected crossover at 226 K has also
been found. Moreover, no drastic decrease in the
slope appears around Tm of PCL in Figure 8. This
result strongly convinces us that the crossover at
lower temperature (224 K) in Figure 7 should result
from the microheterogeneity in the TPF/PCL (5/5)
blend instead of the error in sample preparation.
In order to further testify the above result, TPF-rich
blend has also been investigated. Because the intrin-
sic fluorescence showed the more obvious response
upon heating than upon cooling, we only concen-
trate on the temperature dependence of fluores-
cence intensity of TPF/PCL (6/4) and (7/3) blend
film during the heating process, shown in Figure 9
and 10, respectively. Similarly, no indication of
PCL crystalline but two transition temperatures
appear (one close to Tg of blend and the other a little
higher than Tg of PCL), which coincides with the
result shown in Figure 7 and 8.
To better understand the compatibility of TPF/PCL,
a careful analysis of the dependence of Tg for poly-
mer blends on the content of PCL was considered.
As we know, the Fox relation [37, 38] (see Equa-
tion (3)) is well used to describe the Tg dependence
of random mixed polymer blend:

                                                 (3)

where Tg1, Tg2 and Tg refer to the Tg of TPF, PCL
and TPF/PCL blend, W1 and W2 refer to weight
fractions of component, i.e. TPF and PCL, respec-
tively. Figure 11 summarizes the variation of Tg by
the intrinsic fluorescence and DSC with increasing
W1 of TPF/PCL blends. As can be seen, results
obtained by intrinsic fluorescence and DSC method
show a good agreement. In order to better under-
stand Figure 11, the curves are divided into three
regions by two critical weight fractions Wcr1 and
Wcr2, which are located at 0.5 and 0.7, respectively.
Obviously, an upward curvature of Tg – W1, i.e.
strong positive deviations from Fox rule can be
seen at W1 < Wcr2 (region I and region II). Note that,
only DSC data are shown at W2 < Wcr1 (region I)
since it is hard for intrinsic fluorescence method to
calculate the weight fraction of amorphous compo-
nent when there exist a crystallization phase in
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Figure 8. Temperature dependence of the intrinsic fluores-
cence intensity for TPF/PCL (5/5) blend film dur-
ing the heating process. The inset shows the DSC
heating trace.

Figure 9. Temperature dependence of the intrinsic fluores-
cence intensity for TPF/PCL (6/4) blend film dur-
ing the heating process. The inset shows the DSC
heating trace.

Figure 10. Temperature dependence of the intrinsic fluores-
cence intensity for TPF/PCL (7/3) blend film
during the heating process. The inset shows the
DSC heating trace.



TPF/PCL blends. Since there is no microhetero-
geneity in region I, the positive deviations can be
simply explained by the balance of two opposite
effects: (i) the increase in stiffness due to strong
interactions between two components which
enhances Tgs of blends [39–41], and (ii) the destruc-
tion of the self association of each component which
lowers Tgs of blends [42]. So it is easy to under-
stand the former effect is the dominant one in
region I. Besides, this result also implies that the
strong interactions between the TPF and PCL
chains can still exist even when the content of TPF
is relatively low, e.g. W1 < 0.3. Thereby, it is reason-
able to expect that the similar situation should also
arise when the content of TPF is high, e.g. W2 > 0.7.
Unfortunately, when the content of TPF increases
up to Wcr2 (W1 = 0.7), the upward curvature disap-
pears (region III). As we know, for the amorphous
phase in TPF/PCL blends, the only difference
between region I and region III is that there is the
microheterogeneity in the latter but not in the for-
mer. Thus, the phenomenon in region III not only
confirms the existence of microheterogeneity but
also suggests this microheterogeneity can attenuate
the interactions between TPF and PCL chains and
result in a lowering of Tgs of blends.

3.3. The mechanism of formation of
microheterogeneity

According to the finding above, a hypothetical
mechanism is schematically proposed in Figure 12,
to describe the interaction behavior and formation
of microheterogeneity in TPF/PCL blends: (i) when
TPF/PCL < 5/5, the blend can form a homogeneous

amorphous phase and a crystalline phase due to the
strong hydrogen bond interactions between the
hydroxyls of TPF and the carbonyl or ether groups
of PCL; (ii) when TPF/PCL > 5/5, the regular
arrangement of PCL macromolecular chain in the
crystalline phase is completely destroyed by a large
amount of TPF chains. It is worth mentioning that
many semi-crystalline polymers such as poly(ethyl-
ene terephtahlate) (PET) [43], poly(cabonate) (PC)
[44], polypropylene (PP) [45], have been found to
possess of in a three-phase structure consisting of
crystalline, amorphous phases and a so-called third
phase i.e., rigid amorphous phases (RAP). The RAP
has the distinct chain mobility from conventional
amorphous phase and can only unfreeze at a tem-
perature higher than Tg [46]. Thus, similarly in the
cases of TPF/PCL > 5/5, due to their good flexibil-
ity and the strong self-association, the amorphous
PCL phase still tend to arrange orderly to some
extent in a small domain, forming an amorphous
PCL microphase like RAP and leading to the micro-
heterogeneity. Similar phenomena have also been
observed in other miscible crystalline/amorphous
polymer blends judging from the DSC and morpho-
logical results. For example, by using 1H spin-lat-
tice relaxation times in the rotating and laboratory
frames, Parizel et al. [47] found that, the organiza-
tion of the PEO/PMMA blend consisted of three
parts: a crystalline PEO, constrained PEO units in
the neighborhood of the crystalline lamellae and a
miscible amorphous phase that is PMMA-rich. In
addition, Asano et al. [48] have successfully uti-
lized high-resolution solid-state NMR to analyze
various heterogeneity scales in blends of poly
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Figure 11. Dependence of Tg obtained by intrinsic fluores-
cence and DSC on weight fraction of TPF, W1,
for TPF/PCL blends.

Figure 12. Schematic representation for the heterogeneity
in TPF/PCL blends. The solid round dots stand
for hydrogen bonds between TPF and PCL.



(vinylphenol) with poly(ethylene oxide) (PEO),
leading to the conclusion that miscibility is limited
to above the 20–30 nm scale. Furthermore, in the
research of Lin et al. [49], the rotating-frame spin-
lattice relaxation time for protons, T1$(1H), was meas-
ured from 13C CP/MAS/DD NMR to probe molecu-
lar scales of heterogeneity in the miscible poly(benzyl
methacrylate) (PBzMA)/poly(ethylene oxide) (PEO)
blend over the whole composition range. Their
results indicated that, three phases also appeared for
the blends with PEO component > 16%, containing
one miscible homogenous PBzMA-rich phase, one
constrained PEO phase and one crystalline PEO
phase. It worth mentioning, what a pity it is that the
unambiguous clarification of PCL micro-phase
structure in TPF/PCL blend is now not attainable
due to the limitation of the detectable minimum
domain size of our existing equipments. However,
this work is still in progress in our laboratory by
using other model polymer systems with the fluo-
rescent probe technique.

4. Conclusions
The miscibility and interactions in TPF/PCL blends
were investigated by the intrinsic fluorescence
method. By monitoring characteristic intrinsic fluo-
rescence intensity of TPF, the microheterogeneity
can be observed in the blends (TPF/PCL " 5/5).
Such a behavior is because that, after the crystalline
phase of PCL is completely destroyed by TPF chains,
the amorphous PCL phase still tend to arrange
orderly to some extent in a small area due to their
good flexibility and the strong self-association and
thus forms the RAP. Besides, the analysis of the
dependence of Tg on the content of PCL suggests
that this microheterogeneity can attenuate the inter-
actions between TPF and PCL chains and result in a
lowering of Tgs of blends. In view of the simplicity
and sensitivity of measurement, affordability and
availability of instrument, intrinsic fluorescence
method proved to be an effective means for charac-
terization of microstructural variation in polymer
blends.
Since the molecular weight of TPF is low and the
TPF molecules are very easy to diffuse in the blend,
whether or not the microheterogeneity behavior
obtained in this work can be extended to high-mol-

ecular-weight polymers deserves further verifica-
tion. And we believe that deeper information on the
molecular level would be obtained by changing the
various chromophores. Besides, the intrinsic fluo-
rescence method can also be extended to applied
researches, like in-situ inspection of macromolecu-
lar motion, diffusing process, phase separation
mechanism, the interfacial interaction between
polymers and evaluation of the effect of compatibi-
lizer.
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1. Introduction
Manufacturing defects, particularly voids are among
the most common manufacturing induced defects in
composites [1, 2]. In polymeric composite materi-
als, voids always have detrimental effects on the
mechanical properties [3–5]. In general, voids have
detrimental effects on the strength and fatigue life
of composite laminates. Furthermore, voids cause a
greater susceptibility to water penetration and envi-
ronmental conditions [3].
Costa et al. [3] indicated that the ILSS values
decreases with the void content of the carbon/epoxy
laminates and carbon/BMI (bismaleimide) lami-
nates. Chambers et al. [5] reported that increasing
void content reduces both flexural strength and
fatigue performance by acting both on the initiation

and propagation stages of failure. de Almeida and
Nogueira Neto [6] indicated that voids may cause a
remarkable decrease in fatigue life despite having
only a moderate influence on the static strength.
Composite aircraft structures are usually exposed to
a range of hygrothermal conditions through their
designed service life, which causes degradation in
material properties of CFRP laminates. For polymer
composites, moisture often causes swelling and
degradation. The material degradation includes
chemical changes of the matrix materials and
debonding at the fiber/matrix interface. Long-term
exposure at high temperatures is also a concern for
CFRP, as higher temperatures accelerate diffusion
rates of moisture and generally accelerate aging
[7, 8].
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Costa et al. [3, 9] indicated that voids in polymer
matrix composites may result in significant reduc-
tions in matrix dominated mechanical properties
such as interlaminar shear, compressive, and flex-
ural strengths. Voids affect the same mechanical
properties affected by environmental conditions.
Costa et al. [3] also indicated that moisture absorp-
tion has been shown to lead to general reduction of
the mechanical properties of composites. This has
been attributed, in part, to the degradation of the
fiber/matrix interfacial bond. Jedidi et al. [10]
reported that polymer matrix composites undergo
dimensional and stress state changes due to mois-
ture induced swelling and thermal expansion in
hygrothermal environment. Gigliotti et al. [11] indi-
cated that temperature differentials and moisture
absorption induce swelling in the material: then the
heterogeneity of the hygrothermal fields and of the
material are responsible for stress both at the micro
and the macroscale. Cândido et al. [12] also reported
that moisture absorption may induce mechanical
and physical-chemical changes that toughen the
polymeric matrix and/or deteriorate matrix/fiber by
interfacial debonding or micro-cracking. The degra-
dation of physical and mechanical properties has
been found to depend primarily upon the total
amount of moisture absorbed. Meziere et al. [13]
reported that humidity has an influence on the
fiber/matrix interface as well as the matrix proper-
ties. The behavior of any composite depends on the
efficiency of the fiber/matrix interface which can be
reduced by the presence of water.
As described above, many previous literatures have
studied the effect of voids on the mechanical
strength of unidirectional fiber composite materials
under hygrothermal conditions. However, studies
evaluating the mechanical performance of woven
carbon/epoxy laminates under moisture absorp-
tion/desorption conditions are scarce.
This research was aimed to characterize the voids in
woven carbon fiber materials and to investigate the
effect of void content on compressive, bending, and
interlaminar shear strength (ILSS) of T300/914 lam-
inates that are kept at room temperature, hygrother-
mal, and dry environments, respectively. In this
paper, a series of experiments was carried out to
study the effects of void content on the hygrother-
mal and desorption behaviors of carbon/epoxy lam-
inates.

2. Experimental
2.1. Raw materials and specimens

preparation
The specimens were fabricated from commercially
available (Hexcel Composites Ltd., Stamford,CT,
USA) carbon/epoxy pre-impregnated tapes. The
tapes were made of T300 carbon fibers pre-impreg-
nated with Hexcel 914 epoxy resin (fiber volume
fraction of 58%). The material was laid up by hand
in 270mm!"!300 mm woven laminates [(±45)4/
(0,90)/(±45)2]S. Each laid-up stack was fit into a
vacuum bag and placed in an autoclave for curing.
The laminates were cured with a ramp of 1.5°C/min
from room temperature to 135°C, and then held at
135°C for 0.5 h prior to being ramped to 180°C at
1.5°C/min. The laminates were further held at
180°C for 2.5 h. Finally, they were ramped to 45°C
to produce the final composite laminates. In addi-
tion, each step was conducted in a vacuum bag of
0.06 MPa.
Using the described procedure to produce the com-
pressive, bending, and ILSS samples, specimens
with three different porosity levels ranging from
0.33 to 1.50% were obtained by employing auto-
clave pressures of 0.4, 0.2 and 0.0 MPa.
An experimental program to characterize the effect
of voids on the strength of T300/914 laminates was
presented. Three conditions were used in this study:
(a) ambient conditions: the specimens were kept at
room temperature, defined as unaged specimens;
(b) hygrothermal conditions: the specimens were
dried in an oven at 70°C until their weights were
stabilized and then (the now engineering dry speci-
mens) were immersed in distilled water at 70°C
until reaching a saturated moisture content, defined
as aged specimens; and (c) dried conditions: the
aged specimens were dried in an oven at 70°C until
reaching equilibrium, defined as dried specimens.

2.2. Morphology and structure observation
The distribution, shape, and location of voids in the
unaged and aged laminates were observed with a
metallurgical microscope (VNT-100, Visual New
Technology Developing Co., Ltd, Beijing, China).
The specimens were carefully prepared for micro -
structural analysis using a polishing regime begin-
ning with grade silicon carbide abrasive paper, and
ending with 1 µm diamond paste. The microscope
was then used to analyze the pore morphology.
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A scanning electron microscopy (SEM) STERED
SCAN-240 (Sonatest Ltd, UK) was used to study
the effect of moisture absorption on the microstruc-
ture of the water-immersed composite specimens.
The fractographic examinations were carried out in
detail on the compressive, bending, and ILSS frac-
ture surfaces of specimens before and after mois-
ture absorption.

2.3. Moisture absorption test procedure
Moisture absorption tests were carried out accord-
ing to Chinese standard HB 7401-96. Prior to the
moisture tests, all specimens were dried in an oven
at 70°C until their weight became stable. The engi-
neering dry specimens were immersed in distilled
water at 70°C until reaching saturated moisture
content. The change in weight of each specimen was
measured as a function of immersion time. The spec-
imen were removed from the water bath at regular
intervals, wiped with filter paper to remove surface
water, and then cooled back to room temperature
before recording the weight and being placed back
into water bath. The water content in the specimen
was measured by the difference in weight through-
out the moisture tests.

2.4. Mechanical tests
The compressive strength of T300/914 composite
laminates was measured with an Instron 5582
mechanical testing machine (U.S. INSTRON Com-
pany, Norwood, MA, U.S.) in accordance with the
Chinese standard GB/T3856-2005 procedure at a
crosshead speed of 2 mm/min. The length, width,
and the thickness of the compressive specimen
were approximately 140, 6, 4.5 mm, respectively.
Two different porosity levels ranging from 0.33 to
1.50% were obtained for the compressive speci-
men.
The three-point bending tests were performed with
the MTS-810 multi-purpose machine in accordance
with the Chinese standard GB/T3356-1999 at a
loading rate of 5 mm/min. The rectangular speci-
mens had the dimensions of 90 mm!"!25 mm!"
4.5 mm, where the span is 72 mm. Two different
porosity levels ranging from 0.33 to 1.50% were
obtained for the bending specimen.
The ILSS strength of the T300/914 composite lami-
nates was measured with an Instron 5582 mechani-
cal testing machine in accordance with the Chinese

standard GB/T1450.1-2005 procedure at a crosshead
speed of 2 mm/min. The rectangular specimens have
the dimensions of 33 mm!"!6 mm!"!4.5 mm, with a
span-to-thickness ratio of 5. Three different poros-
ity levels ranging of 0.33, 0.71 and 1.50% were
obtained for the ILSS specimen.
For statistical purposes, a total of five samples per
condition were tested.

3. Results and discussion
3.1. Pore morphology analysis
A metallurgical microscope provides an excellent
technique for examining the distribution, shape, and
location of voids in the composite specimens. It is
expected that the surface morphology of the mois-
ture absorbed composite specimen will be different
from that of dry composite specimens, particularly
in terms of voids, porosity, swelling, sorption in
micro-cracking, and disbanding around filler. The
pores can act as stress concentration points, and
lead to premature failure of the composites during
loading. Therefore, studies of the composite surface
topography provide vital information on the level of
interfacial adhesion that exists between the fiber
and matrix when used as reinforcement in wet con-
ditions [14].
Figure 1 shows the microstructural morphology of
voids in the carbon/epoxy laminate which was kept
at room temperature. As shown in Figure 1a) and
b), where the porosity ranged from 0.33 to 0.71%,
the typically spherical voids were mostly, and pref-
erentially located at the resin rich areas. As shown
in Figure 1c), when porosity increased to 1.50%,
elongated or elliptical voids appeared in the resin
along the fiber/matrix interface. Some voids were
typically located at the crossing of the woven fiber
tows, therefore having a triangular shape within the
resin rich areas. It could be seen that the larger
voids tended to be relatively aligned in the fiber
direction.
Figure 2 illustrates the pore morphology of the aged
specimens. As shown in Figure 2a), when the poros-
ity is 0.33%, the aged specimens present minor
cracks from the fiber/matrix interface. Figure 2b)
and c) show that matrix cracks and interlaminar
cracks emanate from the void, and propagate longi-
tudinally along the fiber/matrix interface. Damage
evolution of the aged specimen was primarily
caused by the debonding of the fiber/matrix inter-
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face. Voids could potentially amplify the effects of
moisture absorption in the laminate, and introduce
high stress concentrations that facilitate the devel-
opment of microcracks [9]. Moisture absorption
accelerates the damage propagation in the compos-

ite. With the same porosity, a greater number of
matrix cracks and interfacial cracks were observed
in the aged specimens in comparison to the unaged
specimens (as shown in Figure 1).
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Figure 1. Morphology and structure of the unaged speci-
mens with different void content. a) Porosity of
0.33%, b) porosity of 0.71%, c) porosity of
1.50%.

Figure 2. Pore morphology of the aged specimens with dif-
ferent porosity. a) Porosity of 0.33%, b) porosity
of 0.71%, c) porosity of 1.50%.



3.2. Compressive strength test 
The presence of moisture within polymeric com-
posites often degrades their physical and mechani-
cal properties [12, 15]. As shown in Figure 3, with
the porosity increasing from 0.33 to 1.50%, the
compressive strength of unaged and aged speci-
mens decreased 4.3 and 10.8%, respectively. Com-
pared with the unaged specimens, the compressive
strength of aged specimens decreased 14.6 and
20.4%, with respective porosities of 0.33 and 1.50%,
respectively.
A compressive test is principally driven by the
behavior of the resin and the fiber/matrix interfaces,
especially in hygrothermal aging conditions. Costa
et al. [9] indicated that the water absorbed by the
laminates causes either reversible or irreversible
plasticization of the matrix. Combined with the
temperature effects, these factors may cause signif-
icant changes in the matrix toughness, affecting the
laminate strength. These factors reduce the load
transfer capacity of the interface.
Figure 4 shows the compression fractures of fiber,
interfacial cracks, and fiber buckling, leading to an
irregular, ‘stepped’ fracture surface. This is a char-
acteristic feature of compression failure.
As shown in Figure 5, the general trend of the com-
pressive strength decreased with increasing poros-
ity, and the compressive strength of dried speci-
mens was higher than that of aged specimens in the
case of similar porosity. The water absorbed by the
laminates caused reversible swelling and a plasti-
cization effect on the matrix, which was usually
recoverable after drying.
Compared to unaged specimens, the compressive
strength retention of the dried specimens were 90.4
and 81.6% with a porosity of 0.33 and 1.50%, respec-

tively. The compressive strength of the dried speci-
mens was lower than that of the unaged specimens
for the same porosity. Water absorption in the lami-
nates, combined with external or internal stresses
(caused by loading or thermo-elastic effects), insti-
gated crack propagation and hydrolysis in the resin
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Figure 3. Compressive strength curves of the aged speci-
mens with different porosity

Figure 4. Pore morphology of the aged compressive speci-
mens. a) Fiber compressive fractures, b) interfa-
cial cracks, c) fiber buckling.



matrix. The composite undergoes permanent weak-
ening and its strength cannot be recovered after dry-
ing.

3.3. Bending strength test
As shown in Figure 6, with the porosity increasing
from 0.33 to 1.50%, the bending strength of unaged

and aged specimens decreased 7.2 and 9.8%, respec-
tively. The reduction in net section combined with
the increase in void content had a detrimental effect
on strength. 
Compared to the unaged specimens, the bending
strength of the aged specimens decreased 11.8 and
14.2% with porosity of 0.33 and 1.50%, respec-
tively. Water absorption and its resulting effects
contribute to the loss of compatibility between the
fibers and matrix, which resulted in debonding and
weakening of the interfacial adhesion [16]. The
interface and the effects of environmental condi-
tions on its strength play a major role in determin-
ing the strength of composite laminates in the pres-
ence of moisture [9].
Figure 7 illustrates that the damage of the tensile
side of the aged failed bending specimens was more
severe than that of the compressive side. Matrix
cracks, fiber breakage and the interfacial cracks
were observed in the tensile side of the aged failed
bending specimens.
The delamination and cracks act like pores, which
allow the further diffusion of water and chemicals
and causes degradation. The delamination and cracks
in the matrix weaken the load transfer between the
fibers, and additional harmful chemicals diffuse to
the interface between the fiber and matrix. Conse-
quently, the interface between the fiber and matrix
is weakened, reducing the mechanical performance
[17].
Figure 8 shows that the bending strength of the aged
specimens was lower than that of the unaged speci-
mens for similar porosity. This could be due to the
fact that the immersion of composites specimens at

                                                Zhang et al. – eXPRESS Polymer Letters Vol.5, No.8 (2011) 708–716

                                                                                                    713

Figure 5. Compressive strength in different conditions of
different porosity

Figure 6. Bending strength curves of the aged specimens
with different porosity

Figure 7. Micrographs of the aged failed bending specimens. a) Compressive side, b) tensile side



water affected the interfacial adhesion between the
fiber and matrix and created the debonding leading
to a decrease in the mechanical properties of the
composites. As shown in Figure 8, the general trend
of the bending strength of dried specimens decreased
with the increase of porosity. Furthermore, the
bending strength of dried specimens was higher
than that of the unaged specimens for similar poros-
ity. This may be due to the dry conditions leading to
an increase of the curing degree, which eliminated
some of the residual stress and improved the adhe-
sion of the fiber/matrix interface.

3.4. ILSS test
As seen in Figure 9, with the porosity increasing
from 0.33 to 1.50%, the ILSS of the unaged and
aged specimens decreased 8.6 and 26.2%, respec-
tively. Compared to the unaged specimens, the inter-
laminar shear strength of the corresponding aged

specimens decreased 19.7, 27.4, and 35.2% with
porosity of 0.33, 0.71, and 1.50%, respectively.
It is observed in Figure 9 that ILSS dropped incre-
mentally in hygrothermal conditions as immersion
time increased. Moisture absorption and high tem-
perature cause plasticization of the matrix which
changes its toughness. Moreover, humidity and
temperature cause dimensional changes and induce
stresses in the laminate that degrade the fiber/
matrix interface [9]. The ILSS test is principally
driven by the behavior of the resin and the fiber/
matrix interfaces, which are particularly affected by
hygrothermal aging. As shown in Figure 9, the ILSS
of aged specimens indeed decreases with the immer-
sion time.
Figure 10a shows that matrix cracks, interlaminar
cracks, and further crack propagation were observed
in the aged ILSS failure specimens with a porosity
of 0.33%. As shown in Figure 10b, an apparent
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Figure 8. Bending strength in different conditions of differ-
ent porosity

Figure 9. ILSS curves of the aged specimens with different
porosity

Figure 10. Pore morphology of the aged ILSS failed specimens with different porosity. a) Porosity of 0.33%, b) porosity of
1.50%.



matrix crack was initiated from a void and extended
to the fiber/matrix interface in the aged ILSS failure
specimens with a porosity of 1.50%.
A decrease in the ILSS with increasing porosity was
observed for all the T300/914 laminates in Fig-
ure 11. Compared to the unaged specimens, the ILSS
retention of dried specimens was 87.9, 78.5, and
76.3% with porosities of 0.33, 0.71, and 1.50%,
respectively. For the same porosity, the ILSS of
dried specimens was lower than that of the unaged
specimens but higher than that of the aged speci-
mens for similar porosity.

4. Conclusions
A series of experiments were conducted to separate
qualitatively the effect of voids on the static mechan-
ical properties of hygrothermal conditioned car-
bon/epoxy composites. Through systematic investi-
gation, there were three conclusions to be drawn.
(1) Moisture absorption led to an acceleration of
damage to the composite. For similar porosity, a
higher concentration of matrix crack and interfacial
crack were observed in the aged specimens than in
the unaged specimens. (2) The general trend of the
compressive, bending, and interlaminar strength of
the unaged, aged and dried specimens decreased
with the increase of porosity and immersion time.
The most significant decrement in the strength of
the aged specimens was in the ILSS and compres-
sive strength, with the reduction of the bending
strength being less prominent. The ILSS and com-
pressive strength tests were principally driven by
the behavior of the resin and the fiber/matrix inter-
faces, which are particularly affected by hygrother-

mal aging. (3) For similar porosity, the compres-
sive strength and ILSS of the dried specimens was
higher than that of the aged specimens, but lower
than that of the unaged specimens. However, the
bending strength of the dried specimens was higher
than that of the unaged specimens.
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1. Introduction
The preparation of new polymer nanocomposites is
a promising topic since material properties can be
enhanced and their range of applications extended
by using molecular or nanoscale reinforcements
rather than conventional fillers [1–5]. Since the first
works performed with nylon 6 [6, 7], several poly-
mer based systems and preparation methodologies
such as melt-mixing, solution intercalation and in
situ polymerization have been developed. Results
clearly demonstrate that properties of the neat poly-
mer like water-absorption rate, thermal-expansion
coefficients, Young modulus, thermal stability and
gas barrier effect can be improved by the incorpora-

tion of a small amount of clay, and also that the
crystallization kinetics can be affected.
Layered silicate particles are especially interesting
for nanocomposite preparation as they may be dis-
persed into individual layers with a thickness close
to 1 nm to tune surface interactions with the poly-
mer/monomer through exchange reactions with
organic and inorganic cations [8]. The final struc-
ture of the composite depends on the extent to
which the organic matrix and inorganic clay com-
ponents are made compatible [9], and varies from
an intercalated to a fully exfoliated nanostructure,
which has an obvious impact on the final properties.
Despite extensive research, the influence of nano -
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composite structure on nucleation and crystal
growth rate is not entirely clear in view of the con-
flicting results reported in some cases [10–14].
Aliphatic poly(ester amide)s constitute a promising
family of materials since the presence of hydrolyz-
able ester groups may enhance degradability, and
the establishment of intermolecular hydrogen bond-
ing interactions between amide groups may provide
suitable thermal and mechanical properties for most
applications [15–19]. Furthermore, several monomers
and synthetic routes have been developed to obtain
materials with variable composition and chemical
microstructure, which can consequently meet numer-
ous requirements. The alternating poly(ester amide)
derived from glycolic acid and 6-aminohexanoic
acid (poly(glc-alt-amh)) has recently received
attention for two main reasons: a) The simple syn-
thesis procedure based on only two reaction steps
(Figure 1a), and b) A composition based on the
main units of biodegradable polyesters (glycolic
acid) and aliphatic polyamides (6-aminohexanoic
acid).
Poly(glc-alt-amh)) is obtained by a thermal poly-
condensation reaction based on the formation of a
metal halide salt as the driving force of the conden-
sation reaction [20, 21], which seems an appropri-
ate procedure to prepare nanocomposites by in situ
polymerization. This is a highly attractive technique
due to its versatility and compatibility with various
reactive monomers, making it a valuable process
for commercial applications [22, 23]. Several exam-
ples in the literature concern the preparation of
polystyrene [24], polycaprolactone [25] and nylon 6
[26] nanocomposites.
The in situ polymerization technique was effective
and rendered practically exfoliated nanocomposites
of poly(glc-alt-amh) and the Cloisite 25A (C25A)
organo-modified montmorillonite [27]. Typical
calorimetric techniques were not suitable for proper
evaluation of the polymerization kinetics at temper-
atures lower than 145ºC due to the overlapping of the
exothermic polymerization peak with an endother-
mic peak associated with polymer crystallization.
Thus, Fourier Transform Infrared Spectroscopy
(FTIR) was a basic tool to compare and study the
influence of clay particles on the polymerization
kinetics. Nanocomposites prepared by the above in
situ polymerization and the melt mixing technique
gave rise to two different structures (i.e. exfoliated

and intercalated) that clearly influenced the crystal-
lization kinetics [27, 28]. The main purpose of the
present work is to determine the effect of montmo-
rillonites based on two different surfactants (Closites
30B and 20A) on in situ polymerization and to study
the crystallization kinetics of the derived nanocom-
posites. The polymerization kinetics is evaluated
through real-time synchrotron and FTIR experi-
ments whereas the crystallization kinetics is studied
through FTIR to obtain the overall crystallization
rate and optical microscopy measurements to deter-
mine the nucleation and crystal growth rates.

2. Experimental section
2.1. Materials
The monomer, sodium chloroacetylaminohexa-
noate, was synthesized following a previously
reported method [20, 21]. All reagents and solvents
were purchased from Aldrich Chemical Company,
(Milwaukee, WI, USA) and used as received. Poly-
merization was based on a thermal polycondensa-
tion which rendered sodium chloride as a byproduct
(Figure 1a) [20, 21].
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Figure 1. a) Synthesis scheme for the poly(ester amide)
studied in this work. b) Chemical structure of
Closites 20A, 25A and 30B



The nanocomposites were based on two organo-
modified layered phyllosilicates: methyl tallow
bis(2-hydroxyethyl) ammonium montmorillonite
(Closite 30B, Southern Clay Products, MT2EH,
Gonzales, Texas, USA) and dimethyl dihydro-
genated-tallow ammonium montmorillonite (Closite
20A, Southern Clay Products, 2MH2HT, Gonzales,
Texas, USA). Results are also compared with those
previously obtained with Closite 25 A (Southern
Clay Products, 2MHTEX, Gonzales, Texas, USA)
[27]. The chemical structure of all employed mont-
morillonite surfactants is shown in Figure 1b.

2.2. Preparation of nanocomposites
For both nanocomposite preparations, 10 mg of
monomer was dissolved in 10 ml of water, and sep-
arately, the appropriate clay was dispersed in water
(< 0.1 wt%). The monomer solution and clay dis-
persion were stirred for two hours, and then mixed
and liophilized. The ratio of the solution and disper-
sion was conveniently adjusted to obtain a clay con-
tent of 3 wt% in the final solid. Polymerization was
carried out by heating the monomer/clay mixture to
160ºC. A white solid was recovered and extensively
washed with water, methanol and acetone. This pro-
cedure was similar to that performed with Cloisite
25A. For comparison purposes, polymerization
without organoclay was also performed and the
final sample purified as above.
No significant differences were found between the
molecular weights of the neat poly(ester amide), the
two new prepared nanocomposites and that derived
from C25A. Thus, weight average molecular weight
(Mw) and number average molecular weight (Mn)
were always in the 14 000–17 000 and 37 000–
43 000 ranges, respectively, according to Gel Per-
meation Chromatography (GPC) measurements
using 1,1,1,3,3,3-hexafluoroisopropanol as the sol-
vent and poly(methyl methacrylate) standards.

2.3. Measurements
Interlayer spacing of the clay was studied by Wide
Angle X-ray Diffraction (WAXD) using a Siemens
D-500 diffractometer (Karlsruhe, Germany) with
Cu K! radiation (! = 0.1542 nm).
The structure and distribution of Cloisite were
observed with a Philips TECNAI 10 (FEI/Philips
Electron Optics, Eindhoven, Netherlands) transmis-
sion electron microscope (TEM) at an accelerating

voltage of 100 kV. TEM specimens were prepared
by embedding in a low viscosity modified Spurr
epoxy resin and curing at 40°C for a few days and
then at 60°C for 6 h. Ultrathin sections (less than
100 nm) were cut at room temperature using a Sor-
vall Porter-Blum microtome (Sorvall Products,
Newton, CT, USA) equipped with a diamond knife.
Finally, the sections were collected in a trough filled
with water and lifted onto carbon coated copper
grids. In order to prevent diffusion of the epoxy
resin into the polymer film, a thin layer of carbon
was evaporated over the film surface.
The spherulitic growth rate was determined by opti-
cal microscopy using a Zeiss Axioskop 40 Pol light
polarizing microscope (Carl Zeiss Microlmaging,
GmbH, Germany) equipped with a Linkam temper-
ature control system configured by a THMS 600
heating and freezing stage (Linkam, Scientific
Instruments, Guilford Surrey, United Kingdom)
connected to a Liquid Nitrogen Pump (LNP 94).
Spherulites were grown from homogeneous melt-
crystallized thin films produced by melting 1 mg of
the polymer mixture on microscope slides. Next,
small sections of these films were pressed or
smeared between two cover slides and inserted in
the hot stage. The thicknesses of the squeezed sam-
ples were close to 10 µm in all cases. Samples were
kept at 170ºC (more than 10ºC above the polymer
melting point of 157ºC) for 5 minutes to wipe out
sample history effects, and then quickly cooled to
the selected crystallization temperature. The radius
of the growing spherulites was monitored during
crystallization by taking micrographs with a Zeiss
AxiosCam MRC5 digital camera (Carl Zeiss Microl-
maging, GmbH, Germany) at appropriate time inter-
vals. A first-order red tint plate was employed to
determine the sign of spherulite birefringence under
crossed polarizers.
Time-resolved WAXD experiments were carried
out at the Collaborating Research Group (CRG)
beamline BM16 of the European Synchrotron Radi-
ation Facility (ESRF) of Grenoble. The beam was
monochromatized to a wavelength of 0.098 nm.
Monomer/clay samples were confined between Kap-
ton films and then held in a Linkam hot stage with
temperature control within 0.1ºC. WAXD profiles
were acquired during polymerization and crystal-
lization experiments in time frames of 12 s. The
WAXD detector was calibrated with diffractions of
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a standard of an alumina (Al2O3) sample. The dif-
fraction profiles were normalized to the beam inten-
sity and corrected considering the empty sample
background. Deconvolution of WAXD peaks was
performed with the PeakFit v4 program by Jandel
Scientific Software using a mathematical function
known as ‘Gaussian area’.
Infrared absorption spectra were recorded with a
Fourier Transform FTIR 4100 Jasco spectrometer
(Jasco International Co. Ltd., Tokyo, Japan) in the
4000–600 cm–1 range. A Specac model MKII Golden
Gate attenuated total reflection (ATR) with a heated
Diamond ATR Top-Plate which can be used up to
200ºC, and a Series 4000 High Stability Tempera-
ture Controller were also utilized.

3. Results and discussion
3.1. Dispersion structure of C20A and C30B

clays in the poly(glc-alt-amh) composites
C20A and C30B organo-modified clays were easily
mixed with the sodium salt of N-chloroacetyl-6-
aminohexanoic acid before performing thermal
polycondensation at a temperature close to 160ºC.
The final nanostructures were analyzed by X-ray
diffraction and transmission electron microscopy.
Evidence of intercalation of polymer chains into the
silicate galleries can be obtained from diffraction
patterns in the range of 2" = 1–10º, when the char-
acteristic silicate diffraction peaks appear at larger
spacings than neat clay ones. Similarly, the absence
of these peaks may suggest an exfoliated structure.
Direct TEM morphological observation is always

advisable to corroborate diffraction data although
TEM images show a local distribution that also
depends on how the sample was previously cut.
Direct observation of the morphology and phase
distribution of ultrathin sections of poly(glc-alt-
amh)/C20A specimens by transmission electron
microscopy clearly showed that an intercalated
structure was predominant (Figure 2a). X-ray dif-
fraction profiles of the nanocomposite sample also
revealed the existence of a low angle reflection
associated with the stacking of silicate layers. The
measured spacing was close to 3.58 nm, a higher
value than that observed in the profile of C20A clay
(2.52 nm). Thus, polymer chains in the nanocom-
posite sample were intercalated in the galleries of
the dispersed clay and increased the interlayer spac-
ing.
The poly(glc-alt-amh)/C30B nanocomposite showed
that the 001 peak was significantly reduced and also
shifted to a larger spacing (from 1.80 to 2.89 nm). A
certain ratio of an exfoliated structure after poly-
merization seems to be produced. However, it should
be noticed that this feature is only supported by the
great decrease of the silicate reflection and a certain
loose of the layer stacking order as shown in the
electron micrograph of Figure 2b. Despite the final
structure could be considered intercalated, a less reg-
ular layer disposition than poly(glc-alt-amh)/C20A
samples was found.
Similar observations performed with Cloisite 25A
indicated a well distinguished exfoliated structure
from both X-ray and TEM observations. Thus, it
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Figure 2. Transmission electron micrographs showing the morphology of the poly(glc-alt-amh)/C20A (a) and poly(glc-alt-
amh)/C30B nanocomposites with a Cloisite concentration of 3%. Inset shows the diffraction peak associated with
the interlayer spacing observed in the pure organo-modified clay (solid line) and the corresponding nanocompos-
ite sample (dashed line).



became interesting to progress in polymerization
and crystallization kinetics of new mixtures to get
an insight into the effect of nanocomposite struc-
ture.
It is clear from the given experiments that monomer
salts would be intercalated into the silicate galleries
due to the good interactions with the cationic sur-
factants. Polycondensation reaction depends basi-
cally on the closeness between reactive groups
(from monomer salts or the growing polymer chains)
and should take place independently of the presence
of quaternary ammonium cations of the organo-
modifier. However, the surfactant is important since
influences the spacing between silicate layers (i.e.
the available space for polymer chains to growth
inside the silicate galleries) and also on the interac-
tions with the growing polymer. Cloisite 20B has
the largest interlayer spacing and consequently the
disruption of the layer stacking to render an exfoli-
ated nanocomposite structure may be more diffi-
cult. Experimental results suggest that the expected
good interactions between the carbonyl groups of
the monomer/polymer and the two hydroxyl groups
of the organo-modifier may still keep a close to
intercalated nanocomposite structure despite the
decrease on the silicate spacing. This feature cannot
be considered when Closite C25A was employed
and the structure of the nanocomposite became
clearly exfoliated.

3.2. Non-isothermal polymerization of the
sodium salt of N-chloroacetyl-6-
aminohexanoic acid with C20A and C30B
organo-modified clays

Synchrotron experiments were performed to com-
pare the non-isothermal polymerizations of the
monomer mixtures with each of the considered
clays. The diffraction profiles initially showed the
characteristic Bragg reflections of the monomer,
which were most intense at values of the scattering
vector, q = (4#/!)·sin", in the 14–17 nm–1 range (Fig-
ure 3). At a temperature close to 130ºC the monomer
underwent a structural change, as evidenced by the
variation in intensities and spacings of the main
reflections (Figure 4). Note that the intensities of
reflections close to 15.4 and 15.7 nm–1 increased
and slightly decreased, respectively. The intensity
increase is relevant since the occurrence of poly-
condensation reactions should lead to the destruc-
tion of the monomer crystal structure, and conse-
quently to a gradual disappearance of all correspon-
ding reflections.
At temperatures higher than 150ºC, the X-ray dif-
fraction profiles showed the appearance of two
peaks at q ~ 19 and 22 nm–1 of gradually increasing
intensity (Figure 3). These, which could be indexed
as the (100) and (110) reflections of the NaCl struc-
ture (~ 0.326 and 0.282 nm, respectively), demon-
strated the occurrence of the polycondensation
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Figure 3. WAXD profiles taken during the non-isothermal polymerization performed at a heating rate of 20ºC/min with the
monomer / C20A mixture (a) and the monomer / C30B mixture (b). Insets show the evolution of the weak (100)
NaCl reflection.



reaction. Note that a delay between polymerization
and formation of the inorganic salt crystal may
occur since ions must move towards the growing
crystal.
The evolution of NaCl peak intensities is useful to
follow the polymerization process and even to
demonstrate that polycondensation started in the
solid state. It is worth pointing out that reflections
related to the monomer structure were still visible
when NaCl peaks developed. Logically these reflec-
tions became weaker when NaCl peaks started to
increase and disappeared completely before these
peaks reached maximum intensity. Diffraction pro-
files clearly revealed that the polymer was not able
to crystallize under the assayed non-isothermal con-
ditions since some of its characteristic reflections
[29] were not detected. The polymer structure is
defined by an orthorhombic unit cell having a =
0.477 nm, b = 0.873 nm and c = 1.057 nm and the
corresponding diffraction pattern is characterized
by strong Bragg reflections in the 14.4–16.2 nm–1

range. Specifically, the (020), (101), (110) and (111)
reflections that appeared at 0.437, 0.435, 0.418 and

0.389 nm. At high temperature (190–200ºC) only
an amorphous halo, the NaCl reflections and even
small peaks attributed to (hk0) reflections of the
clay were observed.
Figure 5 plots the area of the (100) NaCl peak ver-
sus temperature for the two studied polymeriza-
tions. A similar evolution was observed but, remark-
ably, some differences were detected, indicating
that clay type has some influence on the polymer-
ization kinetics. Specifically, the polymerization
induction time was shorter when C20A clay was
employed (i.e. the peak started to develop at tem-
peratures of 110 and 140ºC for C20A and C30B,
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Figure 4. Representative WAXD profiles taken during a
non-isothermal heating run (20ºC/min) performed
with the monomer / C20A mixture and plotted in
the q range where the main monomer reflections
appeared (14–17.5 nm–1). The selected tempera-
tures correspond to the sample before (e.g. 83ºC)
and after (e.g. 135ºC) occurrence of the monomer
polymorphic transition, after being partially poly-
merized (e.g. 140, 157 and 184ºC) and at the end
of the polycondensation reaction (e.g. 200ºC). In
the last case only the amorphous halo and a small
peak (see arrow) attributed to the clay could be
observed. For the sake of completeness, the pro-
file corresponding to a melt crystallized polymer
sample taken at 140ºC is also shown (red curve).

Figure 5. Intensity evolution of the (100) Bragg reflection
of the NaCl structure (~ 0.326 nm) during non-
isothermal polymerization (20ºC/min) of the
monomer / C20A (") and monomer / C30B (#)
mixtures

Figure 6. WAXD profiles taken during the non-isothermal
crystallization performed at a cooling rate of
20ºC/min and after non-isothermal polymeriza-
tion of the momomer/C20A mixture at a heating
rate of 20ºC/min. Insets show a magnification of
the Bragg reflections corresponding to the poly
(glc-alt-amh) structure



respectively) whereas the reaction proceeded more
rapidly when C30B was used (i.e. the peak devel-
oped in the 140–193 and 110–196ºC ranges for
C20A and C30B, respectively).
X-ray diffraction patterns taken during a subse-
quent cooling run (e.g. Figure 6) revealed that poly-
merizations were successful since the mentioned
characteristic diffraction peaks of poly(glc-alt-amh)
[29] appeared and progressively increased in inten-
sity. Logically, the intensity of NaCl peaks remained
constant during the cooling run.

3.3. Isothermal kinetic analysis of in situ
polymerization of C20A and C30B clay
mixtures with
N-chloroacetyl-6-aminohexanoic acid

The occurrence of the above monomer polymorphic
transition and polymer crystallization should have
endothermic/exothermic effects that make it impos-
sible to evaluate the isothermal polymerization kinet-
ics by DSC experiments. Note that these should
only measure the exothermic enthalpy associated
with the polycondensation reaction, which, in the
studied case, is not possible due to the overlapping
with the above processes. Thus, FTIR spectroscopy
seems an ideal alternative technique given that the
polymerization rate can be determined from the
absorbance evolution of the new bonds that are
formed.
The main changes in the FTIR spectra occurring
during polymerization correspond to the appear-

ance of a C=O absorption band at 1742 cm–1, which
is associated with the ester bond formed during
polycondensation and a change in the wavenumber
of the amide I absorption band (Figure 7). The latter
should be found in both monomer and polymer
samples but the different intermolecular hydrogen
bond interactions should lead to a variation in the
peak position and corresponding intensity.
Absorbance measurements of the above peaks dur-
ing isothermal polymerizations were used (Equa-
tion (1)) to evaluate the relative conversion degree,
$( t ), for a given reaction time, t:

                                                 (1)a1t 2 5 At 2 A0

Aq 2 A0
a1t 2 5 At 2 A0

Aq 2 A0
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Figure 7. Absorbance FTIR spectra showing the evolution
of the bands associated with the carboxylic ester
group (1742 cm–1) and amide I (1680–1620 cm–1)
during isothermal polymerizations of themomo-
mer/C30B mixture at 110ºC

Figure 8. a) Plots of conversion versus reaction time for the isothermal polymerization of the momomer/C20A mixture at
140, 130, 120 and 110ºC. Conversions were determined by absorbance measurements of 1742 and 1654 cm–1

FTIR peaks during the reaction process. b) Avrami plots for the polymerizations of the momomer/C20A mixture
at the indicated temperatures.



where At is the absorbance at time t, and A$ and A0
are, respectively, the final and initial absorbances.
Figure 8a compares the time evolution of the bands
at 1742 and 1654 cm–1 for polymerizations carried
out at different temperatures and in the presence of
the C20A clay. For a given clay the evolution of the
two bands is quite similar although slight differ-
ences were found when polymerization was per-
formed at higher temperatures (i.e. at higher poly-
merization rates). As will be explained, the addition
of clay particles and even their nature had an influ-
ence on the polymerization kinetics.
The 1742 cm–1 band was selected to perform a
polymerization kinetic analysis since it seemed
capable of rendering the most accurate data since it
is not overlapped with other bands. The Avrami
model was considered to examine the polymeriza-
tion kinetics as it was previously applied for in situ
polymerization using C25A clay and other similar
systems [21, 27, 30]. This is a rough approximation
that makes unnecessary a detailed study of the
kinetic model but can provide useful values for
comparison purposes. Conversion was then calcu-
lated by Equation (2):

                         (2)

where Z and n are the corresponding Avrami param-
eters and t0 the time at which polymerization starts.
Plots of log[ –ln(1 –%$(t))] versus logt at different
reaction temperatures gave straight lines with slopes
corresponding to the Avrami exponent, n, and their
intercepts at the origin to logZ (e.g. Figure 8b for

polymerizations carried outwith C20A). Moreover,
a kinetic constant (k) with units independent of the
Avrami exponent was calculated from Z1/n. These
parameters are summarized in Table 1 for the two
studied systems and the four assayed temperatures,
together with the reciprocal of half conversion
times (%1/2). Note that these times could be easily
estimated from the conversion curves, and conse-
quently without assuming a specific kinetic model.
As expected, the kinetic constant increased with the
polymerization temperature and evolved similarly
to the reciprocal of the half polymerization time,
1/%1/2, as shown in Figure 9a for the polymerization
with C20A. This good agreement is relevant since
the Avrami analysis results are corroborated by
direct experimental measurements such as half
polymerization times.
For comparative purposes, Table 1 also includes
previous data on the polymerization of the neat
monomer and its mixture with C25A (3 wt%) [27].
It is clear that the overall rate kinetic constant of
these two samples increased drastically with increas-
ing temperature whereas a moderate change was
observed for polymerizations carried out with C20A
and C30B. In this way, the neat monomer had a
lower and higher polymerization rate than the C20A
and C30B mixtures at 110 and 140ºC, respectively.
The influence of temperature on the conversion
degree is shown in Figure 9b, where simulated
curves from Avrami parameters are plotted for all
samples at the intermediate temperatures of 130 and
120ºC. It is worth pointing out that the neat monomer

a1t 2 5 1 2 exp 12Z 1t 2 t0 2n 2a1t 2 5 1 2 exp 12Z 1t 2 t0 2n 2
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Table 1. Polymerization kinetic parameters deduced from FTIR absorbance measurements of the 1742 cm–1 band

aData from reference [27]

T [ºC] 1/!1/2 [min–1] Z [min–n] n k [min–1]
Monomer/C20A mixture 110 0.033 4.00·10–5 2.79 0.027
Monomer/C20A mixture 120 0.049 1.43·10–3 2.01 0.038
Monomer/C20A mixture 130 0.087 3.20·10–2 1.22 0.060
Monomer/C20A mixture 140 0.120 1.11·10–1 0.86 0.081
Monomer/C30B mixture 110 0.033 3.89·10–3 1.51 0.025
Monomer/C30B mixture 120 0.050 3.18·10–3 1.76 0.038
Monomer/C30B mixture 130 0.083 3.89·10–3 1.98 0.060
Monomer/C30B mixture 140 0.134 7.19·10–2 1.14 0.098
Monomer/C25A mixturea 100 0.010 1.12·10–4 1.80 0.006
Monomer/C25A mixturea 120 0.036 1.02·10–2 1.31 0.030
Monomer/C25A mixturea 130 0.060 1.51·10–2 1.42 0.052
Monomer/C25A mixturea 140 0.142 1.82·10–1 0.93 0.158
Neat monomera 100 0.011 5.01·10–4 1.59 0.008
Neat monomera 120 0.042 7.41·10–3 1.50 0.038
Neat monomera 130 0.128 7.58·10–2 1.22 0.120
Neat monomera 140 0.200 2.29·10–1 0.87 0.185



has the fastest conversion at 130ºC but its polymer-
ization rate becomes comparable with that found
for the C20A and C30B mixtures when the temper-
ature decreased to 120ºC. Comparison data clearly
demonstrated that clay particles influenced the
polymerization rate and that the effect of clays that
rendered a predominant intercalated structure (C20A
and C30B) and C25A clay, which gave rise to an
exfoliated structure, was different.
The polymerization activation energies of the mix-
tures between the neat monomer and C20A and
C30B clays were derived by assuming an Arrhe-
nius-type temperature dependence of the kinetic
constant (Equation (3)), where E, A and R are the
activation energy, the preexponential frequency fac-
tor and the universal gas constant, respectively:

                                          (3)

Plots of lnk versus 1/T (Figure 10) allowed activa-
tion energies of 49.4 and 59.8 kJ/mol to be deduced
for in situ polymerization of C20A and C30B mix-
tures, respectively. These energies were practically
identical, but differed significantly from the value
previously deduced for the neat monomer
(101.0 kJ/mol) and even for its C25A mixture
(99.3 kJ/mol), which gave rise to an exfoliated struc-
ture [27]. In this way, the activation energy clearly
decreased when in situ polymerization rendered an
intercalated structure. The preexponential frequency
factor was also lower for the nanocomposites than
for the neat monomer (3.28·1012 min–1), indicating

that chain mobility was restricted by the incorpora-
tion of clay particles. Both C20A and C30B clays led
to frequency factors of a similar magnitude order
(1.4·105 and 3.4·106 min–1, respectively), but signif-
icantly lower than that found for the C25A mixture
(4.77·1011 min–1).
The polymerization kinetics of monomer/C20A and
monomer/C30B mixtures was enhanced at low tem-
peratures due to their low activation energy, which
compensated for the decrease caused by their low
frequency factor. On the contrary, this factor was
determinant at high temperatures, where the corre-
sponding overall rate kinetic constants became min-
imal.

k 5 Aexp a 2 E
RT
bk 5 Aexp a 2 E

RT
b
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Figure 9. a) Comparison between the kinetic polymerization constant (solid line) and the reciprocal of the half polymeriza-
tion time (dashed line) determined at different isothermal polymerization temperatures for the momomer/C20A
mixture. b) Comparison of the conversion evolution between the neat monomer (•, dashed line), the monomer /
C25A mixture (&, dashed line), the monomer / C20A mixture (", solid line) and the monomer/C30B mixture 
(#, solid line) at the isothermal polymerization temperature of 130ºC (black lines) and 120ºC (red lines). Data
were calculated using Equation (2) and the corresponding Avrami parameters (Table 2 and Reference [27]).

Figure 10. Plots of ln'k versus the reciprocal of the poly-
merization temperature for the neat monomer
(•, dashed line) [27] and monomer/C25A 
(&, dashed line) [27], momomer/C20A (", solid
line) and monomer/C30B ((, solid line) mix-
tures



The changes observed in the activation energy and
frequency factor may suggest that nanoconfinement
in intercalated structures favored the polycondensa-
tion reaction and reduced molecular mobility. It
should be emphasized that activation energy did not
decrease when nanoconfinement was loosened (i.e.
when an exfoliated structure was attained). In this
case, the exfoliated layers hindered the chain
mobility and reduced again the frequency factor of
the condensation reaction.

3.4. Isothermal crystallization kinetics of
poly(glc-alt-amh) and its C20A and C30B
nanocomposites from FTIR analyses

FTIR is highly sensitive to molecular conformation
and packing density, hence its usefulness in poly-
mer crystallization studies. Characteristic bands can

be correlated to the crystalline and amorphous
phases of the bulk and typically remain distinguish-
able over the course of crystallization. Isothermal
studies are preferred to avoid shape and intensity
susceptibility of FTIR bands with temperature.
FTIR spectra of poly(glc-alt-amh) showed that
3298, 1653, 1419 and 1166 cm–1 bandswere charac-
teristic of the crystalline phase. Thus, these bands
appeared and their absorbance gradually increased
during the isothermal crystallization of samples
rapidly cooled to the selected temperature from the
melt (amorphous) state.
The continuous evolution of these absorption bands
is shown in Figure 11a for the C20A nanocomposite
at a representative crystallization temperature of
135ºC. The time evolution of the relative degree of
crystallization, &(t), was evaluated similarly to that
of the degree of conversion (i.e. changing $(t) by
&(t) in Equations (1) and (2)). Figure 11b shows that
the four selected bands exhibit a similar behavior
for a given crystallization temperature. Thus, in all
cases the maximum crystallinity change was detected
at a similar time. However, absorbance measure-
ments seemed more accurate when the signal corre-
sponding to the Amide A (3298 cm–1) was consid-
ered. The establishment of stronger hydrogen bond
interactions in the crystalline structure gave rise to a
well defined band which, in addition, was not over-
lapped by other peaks.
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Figure 11. a) Changes in the infrared absorption bands at
3298, 1653, 1419 and 1166 cm–1 of the poly(glc-
alt-amh)/C20A nanocomposite during isother-
mal crystallization at 135ºC. b) Time evolution
of the relative crystallinity determined from
absorbance measurements of the 3298 (#),
1653 ()), 1419 (") and 1166 (&) cm–1 FTIR
bands of the poly(glc-alt-amh)/C30B nanocom-
posite during isothermal crystallization at 135ºC.

Figure 12. Time evolution of the relative crystallinity deter-
mined from absorbance measurements of the
3298 cm–1 FTIR band of the poly(glc-alt-amh)/
C30B nanocomposite (#) during isothermal
crystallization at 140, 135 and 130ºC. For com-
parative purposes, the evolution for the poly
(glc-alt-amh)/C20A nanocomposite (", dashed
line) and the neat polymer at 135ºC is also
shown (), dashed line).



Figure 12 compares the evolution of the degree of
crystallinity at different temperatures for the C30B
nanocomposite, as well as the evolution of the neat
polymer and its C30B and C20A nanocomposites at
a representative temperature (135ºC). Note that the
crystallization rate is clearly slower for the neat
polymer.
Avrami plots (as shown in Figure 13 for the C30B
nanocomposite) allowed determining an exponent
close to 3, which is the theoretical value for hetero-
geneous nucleation and three-dimensional spherulitic
growth. In the same way, the kinetic constant, k,
was calculated from the deduced Z and n values.
Table 2 compares the kinetic parameters of the
three studied samples at a common temperature
(135ºC). The Avrami exponents of the three sam-
ples were close enough to deduce that nucleation
type and crystal dimensionality remained unaf-
fected by the addition of clay particles. On the con-
trary, the incorporation of silicate layers with an
intercalated structure clearly increased the overall
rate kinetic constant. This effect was more pro-
nounced with C20A clay, as shown in Table 2. Note
that the same trend was observed when the recipro-
cal of the half crystallization time, 1/%1/2, was con-

sidered.This good correlation with a direct experi-
mental measurement may validate the Avrami
analysis of the crystallization process.

3.5. Optical microscopy studies on the
isothermal crystallization of 
poly(glc-alt-amh) and its C20A and C30B
nanocomposites

The spherulites of the neat poly(ester amide) and its
C20A and C30B nanocomposites had negative bire-
fringence, as demonstrated by the position of the
blue and yellow arms in the optical micrographs in
the inset of Figure 14. Different spherulitic mor-
phologies were observed depending on the crystal-
lization temperature and the addition of clay parti-
cles. Thus, the neat polymer gave rise to speckled,
ringed and fibrilar spherulites at temperatures close
to 125, 130 and 140ºC, respectively. The addition of
a clay that rendered an exfoliated structure (i.e.
C25A) favored the development of fibrilar textures
[27] and hindered lamellar twisting, whereas the
incorporation of clays associated with a final inter-
calated structure (i.e. C20A and C30B) led to the
formation of speckled textures, as shown in Fig-
ure 14.
Nucleation density was higher for the nanocompos-
ites derived from C20A and C30B (i.e. those with
an intercalated structure), as deduced from the
number of spherulites measured in the field of view
of the optical microscope. At all temperatures, the
nucleation density decreased in the order C20A >
C30B > neat polymer, as shown in Figure 15a.
The change in the primary nucleation was responsi-
ble for the difference in overall crystallization rates
between the neat polymer and C20A and C30B
nanocomposites found by FTIR. The incorporation of
a clay that favors an intercalated structure increased
the nucleation density. In fact, the experimental
data indicate that the effect was more pronounced
with the addition of C20A clay. It should be pointed
out that the crystallization of the C25A nanocom-
posite was previously studied and that a lower
nucleation density was derived for this sample with
an exfoliated silicate structure [27]. Furthermore,
the overall crystallization rate decreased when this
clay was incorporated.
The spherulic radial growth rates (G) of the neat
sample and its C20A and C30B nanocomposites were
determined with the evolution of the spherulite
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Figure 13. Avrami plot considering FTIR data (3298 cm–1

band) for isothermal crystallization of the neat
poly(ester amide) ()) and its C20A (") and
C30B (#) nanocomposites at 135ºC

Table 2. Crystallization kinetic parameters at 135ºC deduced
from FTIR absorbance measures of the 3298 cm–1

band

Sample 1/!1/2
[min–1]

Z
[min–n] n k

[min–1]
Neat polymer 0.048 2.40·10–5 3.38 0.043
Nanocomposite with C20A 0.174 3.40·10–3 3.01 0.153
Nanocomposite with C30B 0.149 3.28·10–3 2.81 0.131
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Figure 14. Polarized optical micrographs showing the isothermal hot crystallizations of the neat poly(ester amide) (a) and
its C25A (b), C20A (c) and C30B (d) nanocomposites at 130ºC. Insets show micrographs of speckled and fibri-
lar spherulites attained at 125 and 140ºC, respectively, with the neat polymer sample.

Figure 15. a) Variation in nucleation density with isothermal crystallization temperature for the neat polymer ()) and its
C20A (") and C30B (#) nanocomposites. b) Plot of the radius of spherulites of the neat polymer ()) and its
C20A (") and C30B nanocomposites (#) versus crystallization time for isothermal crystallizations at 125, 130
and 140ºC.



radius versus time. It is worth pointing out that a
linear increase in the spherulite radius was always
found, suggesting that clay particles were not segre-
gated during spherulite growth. Data for crystalliza-
tion temperatures of 125, 130 and 140ºC (Fig-
ure 15b) showed that the growth rate of the two
nanocomposites was similar although a slightly
lower value was found for C30B. Differences were
more significant at a high crystallization tempera-
ture (e.g. 140ºC), with measurements clearly indi-
cating that the incorporation of clay particles
reduced the spherulitic growth rate (i.e. 0.015 µm/s
versus 0.014–0.013 µm/s). Note that the overall crys-
tallization process did not decelerate with the addi-
tion of clay particles since the accelerative effect
caused by the increase in the primary nucleation
density was more significant than the decrease in
the crystal growth rate.
In summary, silicate particles acted as effective
nucleating agents at low degrees of compatibility, a
result that contrasts with the observations on the
exfoliated structure (i.e. when the organo-modified
clay becomes highly miscible with the polymer
matrix) which indicated a decrease on the primary
nucleation. In all cases, the addition of clay parti-
cles slightly reduced the radial growth rate since
both secondary nucleation and molecular transport
may be influenced by the presence of nanoparticles.

4. Conclusions
Nanocomposites constituted by a poly(ester amide)
matrix and C20A or C30B organo-modified clays
were obtained by in situ polymerization of sodium
chloroacetylaminohexanoate. They showed an
intercalated silicate structure, as determined by X-
ray diffraction and transmission electron microscopy.
The polymerization kinetics under both non-isother-
mal and isothermal conditions was quite similar
after the incorporation of the two clays. However,
great differences were found with the polymeriza-
tion of the neat monomer. The temperature depend-
ence of the polymerization kinetic constant allowed
inferring the activation energies and preexponential
frequency factors, which were lower when poly-
merization was performed in the presence of clay
particles. Nanoconfinement in the intercalated sili-
cate galleries may favor the occurrence of polycon-

densation reactions and reduce the corresponding
activation energy. This confinement should logi-
cally result in decreased chain mobility and conse-
quently lower frequency factor.
Optical microscopy and FTIR studies revealed that
the crystallization rate of the nanocomposites
increased due to the nucleation effect of clay parti-
cles. On the contrary, spherulitic crystal growth was
slightly hindered when particles were added.
Spherulites always showed negative birefringence
but their texture was influenced by the incorpora-
tion of clay and obviously by the crystallization
temperature.
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1. Introduction
Polymer fibers provide a platform for a number of
diverse applications, including drug encapsulation,
biosensing, filtration, fuel cells, composites, and
nanoelectronics [1–3]. Among the advanced pro-
cessing techniques that have been used to produce
fibers from natural and synthetic polymers, the
electrospinning process provides the simplest
approach to prepare nano- or microscale diameter
fibers that are exceptionally long, uniform in shape,
and diverse in composition [4–6]. By utilizing elec-
trostatic interactions and elongation of the vis-
coelastic jet system, electrospinning can prepare
ultrafine fibers from a polymer solution or molten
sample adopting a simple one-step process. Numer-
ous polymers have been reported to be electrospun
into nanofibers for functional applications in the lit-
erature [1–6].

However, although the one-step ‘top-down’ electro-
spinning process is simple, there is a wide range of
parameters that influence the electrospinnability of
polymer solutions and properties of the generated
fibers. These parameters include solution properties
(concentration, viscosity, elasticity, conductivity,
and surface tension); systematic variables (flow
rate, electric potential at the capillary tip, and the
distance between the tip and the fiber collector);
and ambient conditions (temperature, humidity, and
air velocity) [7, 8]. Among these parameters, con-
centration is regarded as the most significant
parameter for developing smooth electrospinning
and high quality fibers [9, 10].
Fiber formation is primarily governed by the vis-
cosity of the polymer solution and strength of the
applied electric field. The viscosity of the polymer
solution depends on the concentration and structure
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of the polymer. Often there is an upper and lower
limit for polymer concentration during electrospin-
ning [11]. It is well known that the prerequisite for
fiber formation is the presence of sufficient chain-
entanglement density in the working solution as this
prevents the capillary breakup and provides
deformable networks. When the polymer concen-
tration is lower than the minimum, there is insuffi-
cient chain-entanglement for filament forming and
electrospinning will degenerate into electrospray-
ing. A number of studies have demonstrated this
phenomenon [12, 13]. However, little research has
been undertaken to determine the upper concentra-
tion limit for smooth electrospinning. Often it is not
possible to electrospin at high polymer concentra-
tions due to viscosity factors that influence solvent
levels and so affect the formation of a stable jet,
thereby clogging the flow of components required
for continuous electrospinning. If polymer solution
with a high concentration can be electrospun into
ultra-fine fibers, it would inevitably improve the
capability of electrospinning and broaden the appli-
cations of polymer fibers. Examples include: extend-
ing the range of electrospinnable concentrations of
polymer solutions; improving the productivity of
the electrospinning process; allowing preparation of
ultra-fine fibers with diameters between several
microns to 50 µm for biomedical applications such
as improving cell penetration effects of fiber-based
scaffolds; facilitating encapsulation of functional
materials in a core-sheath manner.
On the other hand, although significant progress
has been made in the electrospinning process over
the past few years and the resultant nanostructures
have been exploited in a wide range of applications,
this simple one-step top-down nanofiber fabricating
process still needs to be optimized so as to broaden
its filament-forming capability over a wide range of
materials and with higher nanofiber production
rates [14, 15].
Recently there is a growing need for fiber materials
that are flexible and provide opportunities for the
development of new electrospinning techniques
that include specialized nozzle systems, auxiliary
apparatus, guiding electrodes and functionalized
target electrodes [16, 17]. These electrospinning
processes include coaxial electrospinning, side-by-
side electrospinning, elevated temperature electro-
spinning, vibrational electrospinning, magneto-

electrospinning, siroelectrospinning and bubble
electrospinning, and electrospinning with an air-
blowing system, electrospinning in raised humidity
conditions, and electrospinning in vacuum condi-
tions for increasing the controllablity of the fila-
ment-forming process and also for improving the
quality of the resultant fibers [18–24]. Nonetheless,
seldom effort has been spent on overcoming and
understanding the limitations of high polymer con-
centration for smooth electrospinning. Although
there are several recent studies aimed at preventing
clogging during the conventional electrospinning
process [25, 26], they did not investigate the possi-
bility of electrospinning polymer solutions with
high concentrations that normally is impossible for
the conventional electrospinning process.
In the present study, a new modified coaxial elec-
trospinning process was developed to extend the
upper concentration limit of electrospinnable solu-
tions of polyvinylpyrrolidone (PVP), a hydrophilic
filament-forming polymer used in our laboratory
previously [27–29], that has a wide variety of appli-
cations in medicine, food, pharmacy, cosmetics and
industrial production [30]. The new process involves
synchronously pumping pure solvent concentrically
around the high concentration polymer solutions to
facilitate the electrospinning process.

2. Materials and methods
2.1. Materials 
PVP K60 (Mw = 360 000) was purchased from
Shanghai Yunhong Pharmaceutical Aids and Tech-
nology Co., Ltd. (Shanghai, China). Analytic grade
N, N-dimethylacetamide (DMAc) and anhydrous
ethanol was provided by the Sinopharm Chemical
Reagent Co., Ltd. Water was highly purified water.

2.2. Electrospinning process
Spinning solutions of PVP of concentrations 10, 30
and 35% w/v were prepared in anhydrous ethanol,
respectively. The solutions at concentration of 10
and 30% were used in conventional electrospin-
ning.
A schematic diagram and photographs of the modi-
fied coaxial electrospinning apparatus are shown in
Figure 1. Two syringe pumps (KDS100 and KDS200,
Cole-Parmer, Illinois, USA) were used for driving
the high concentration PVP solutions and the sur-
rounding DMAc solvent synchronously.
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A high-voltage power supply (ZGF 60 kV/2 mA,
Shanghai Sute Corp., China) was used at a fixed
voltage of 10 kV, and the fibers produced were col-
lected on aluminium foil at a pre-determined dis-
tance. The core and sheath flow rate were selected
as 1.0 and 0.1 ml/h respectively. All electrospinning
was carried out under ambient conditions (24±2°C
with relative humidity 54±4%).
Electrospinning was recorded using a digital video
recorder (maximum magnification16!", PowerShot
A640, Canon, Tokyo, Japan). The fibers were dried
for over 24 h at 40°C under vacuum (320 Pa) in a
DZF-6050 Electric Vacuum Drying Oven (Shang-
hai Laboratory Instrument Work Co. Ltd., Shang-
hai, China) to facilitate the removal of residual
organic solvent and moisture.

2.3. Characterization
Surface morphology of the electrospun fibers was
observed using an XP-700 polarized optical micro-
scope (PM, Shanghai Changfang Optical Instru-
ment Co., Ltd) or a JSM-5600LV scanning electron
microscope (SEM, Japan Electron Optics Labora-
tory Co. Ltd., Tokyo, Japan). Prior to SEM exami-
nation, samples were gold sputter-coated under
argon to render them electrically conductive. Pic-
tures were then taken at an excitation voltage of
10 kV. The average fiber diameter was determined
by measuring diameters of fibers at over 100 points
from SEM images or polarized microscopic images
using Image J software (National Institutes of
Health, USA).
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Figure 1. An apparatus for modified coaxial electrospinning. a) schematic diagram, b) pump, c) spinneret and collector.



3. Results and discussion
3.1. Conventional electrospinning of 10 and

30% PVP solutions
When PVP solutions with a concentration of 30%
flow from the syringe to the needle tip in the
absence of an electric field, a semispherical droplet

forms at the needle tip due to the effect of the sur-
face tension of the solution (Figure 2a). The droplet
size becomes larger and longer with a continuous
supply of the polymer solution, and finally forms a
column, which hangs on the tip until the gravita-
tional force overcomes the surface tension, at which
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Figure 2. Images of conventional electrospinning process and the resultant fibers. a) to e) 30% (w/v) PVP solutions being
electrospun in an open atmosphere, f) 10% (w/v) PVP solution being electrospun in an open atmosphere, g) and
h) polarized microscopic images of the resultant fibers from 30 and 10% PVP solutions, respectively.



point the column then drips from the needle tip and
new droplet and column form. During the forma-
tion and growth of the column, solvent evaporation
naturally occurs due to the difference between the
concentration of the solvent in the solution and that
in the atmosphere. When the polymer solution was
subjected to an electrically charge of 10 kV, the
polymer droplet shape began to change from a
semi-spherical to a conical shape, and a jet was
formed because the electric force overcame the
shape-maintaining forces from surface tension (Fig-
ure 2b).
As time continued, a column formed and grew rap-
idly (Figure 2c and d). The high viscosity of PVP
solutions at high concentrations and the high-
volatility of the solvent ethanol promoted the quick
formation of an even more viscous gel-like skin on
the droplet surface. The applied electrical force was
not adequate to overcome the viscous drag force at
the droplet-air interface; meanwhile the core was
still fluid and driven by solution input from the
pump, which in turn led to the formation of a col-
umn and a gradual enlarging of the gel skin and the
volume of column. The fast evaporation of ethanol
was due to Joule heating (resulting from volumetric
heating when an electric field is applied across a
conducting medium such as a polymer solution
[31]) and the difference in concentration of ethanol
between the polymer solution and the open atmos-
phere.
As the column further grew, the Taylor cone moved
forward along the column ending up far from the tip
of spinneret. This gave the solvent a long time to
evaporate. Thus it was inevitable that the polymer
solution could no longer be ejected from the Taylor
cone, and hence the electrospinning jet was inter-
rupted (Figure 2e). After gravitational and elec-
tronic forces cleaned up the column, elctrospinning
could continue but only for a short time, after which
it stopped again. Electrospinning of the high con-
centration PVP solution could not be carried out
smoothly and continuously.
Shown in Figure 2g are electrospun fibers collected
at a distance of 25 cm from the top of spinning
head. The fibers obviously had very poor quality (a
wide ranging diameter distribution, and all fibers
bonded together) resulting from the instability of
electrospinning of high PVP concentration solu-
tions. Such clogging is frequently observed when

high-volatility solvents are used to prepare polymer
solutions [32, 33]. Clogging of 30% PVP solutions
was accelerated owing to the high viscosity of the
solution, and in contrast 10% PVP solutions could
be electrospun smoothly and continuously (Fig-
ure 2f), and the resultant nanofibers were homoge-
neous (Figure 2h).

3.2. Coaxial electrospinning with sheath
solvent

To attempt electrospinning of concentrated solu-
tions of PVP, we used a coaxial arrangement in
which the PVP solution was spun through a stain-
less steel capillary metal-hub needle (with an inner
and outer diameter of 1 and 1.32 mm respectively)
inserted into a silica gel tube (with an outer and
inner diameter of 4 and 2 mm respectively) (Fig-
ure 3a).
Sheath solvent, DMAc, was coaxially spun around
the PVP solution. Using this arrangement it was
possible to electrospin fibers from a concentrated
PVP solution of 35% (w/v), which would not be
possible when using a conventional electrospinning
apparatus. In the absence of sheath solvent a droplet
formed immediately when the PVP solution was
squeezed out of the needle (Figure 3b), which was
due to the evaporation of ethanol in the atmosphere,
and high viscoelasticity and surface tensions of the
solution.
When sheath solvent was supplied to surround the
high concentration PVP solution, a half ellipse
droplet was formed (Figure 3c). When a voltage of
10 kV was supplied, the droplet shape changed
from semi-spherical to conical and a jet was formed
stably under the electrical force (Figure 3d).
By using a DMAc flow rate that was only 10% (w/v)
of the PVP solution, the electrospinning of the high
concentration PVP solution was continuous and
smooth. The surrounding DMAc played the follow-
ing roles during the electrospinning process:
(1) lubricating the spinning head to avoid the poly-
mer clinging to it; (2) slowing the rate of solvent
evaporation and hence retarding the formation of a
highly viscous surface on the Taylor cone and the
thinning jet; (3) keeping the jet at a fluid state and
thus under an electrical drawing force for a longer
time to make the fiber diameters thinner.
It is well known that electrospinning involves the
use of an electrical charge to draw micro or nano
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scale fibers from a liquid and the process shares
characteristics of both electrospraying and conven-
tional solution dry spinning of fibers. In the present
electrospinning process, the formation of the Taylor
cone, and the thinning of the jet occurred when they
were surrounded by a solvent, instead of the ambi-
ent atmosphere in the conventional electrospinning
process. The formation of gel-like skin and clog-
ging of the spinning head that results from conven-
tional electrospinning of high concentration poly-
mer solutions could be retarded by preventing the
loss of polymer solution solvent at the droplet-air
and jet-air interface effectively, using an additional
solvent as sheath fluid.

3.3. Fibers collected at different positions
from the spinneret

Figure 4a to e shows optical images of electrospun
fibers that were prepared from 35% (w/v) PVP

solution using the modified coaxial electrospinning
process and collected at a distance of 5, 15, 18, 22
and 25 cm from the top of spinning head, respec-
tively. A rule (Figure 1) was used to indicate the
sampling place during the electrospinning process.
The fibers shown in Figure 4a were collected from
the straight thinning jet (5 cm), and had an esti-
mated diameter of about 93 µm. The fibers shown
in Figure 4b were collected just before the onset
point of the instability regions (15 cm); their diame-
ters were about 72 µm. Although there was a rela-
tively long distance (10 cm) between the two col-
lection points, a thinning effect on the fibers was
not obvious. The fibers shown in Figure 4c were
collected at on the onset point of whipping and
bending (18 cm); they had an estimated diameter of
29 µm. At this point, the jet was subject to a number
of electrically driven bending instabilities that
caused the fluid path to become a series of coiled

                                                   Yu et al. – eXPRESS Polymer Letters Vol.5, No.8 (2011) 732–741

                                                                                                    737

Figure 3. Modified coaxial electrospinning. a) Arrangement of spinneret, b) and c) 35% (w/v) PVP droplets without and
with sheath DMAc, respectively, d) morphologies of a Taylor cone and jet formed in the electrical field using a
DMAc-to-PVP-solution flow rate ratio of 0.1.



coils [34], resulting in the special fiber morphology
observed here.
All the fibers shown in Figure 4a, b and c were still
‘wet’. They had a flat morphology and were bonded
together at joint points, suggesting that the true
fiber diameter is a little smaller than the measured

data. In addition, unusual bubbles were observed on
the fibers shown in Figure 4b and c (inset). This
phenomenon can be attributed to evaporation of the
inner solvent during the thinning jet flight and
drawing processes. The presence of these bubbles
indicate that the surface of the jet fluids was differ-
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Figure 4. Polarized microscopic images of fibers collected at different positions from the spinning head (a) to e)), and the
observed change in fiber diameter with collection distance. a) to e) correspond to a distance of 5, 15, 18, 22 and
25 cm, respectively.



ent from their core, and was still soft enough for the
inner solvent to penetrate out and evaporate during
the drawing process.
Figure 4f shows how collection distance affects
fiber diameter. In the thinning jet region of the plot
the fibers’ diameter decreased to only a small extent
mainly due to the drawing effect of the vertical
electric force and to evaporation of the solvents. At
longer collection distances, the fiber diameters
decreased dramatically to several micrometers after
the onset of the instability region. It is the electronic
repulsion from Coulombic force occurred on the
polymer jet surface that mainly expanded the fiber
circular cross-sections and created the significant
elongation of straight fibers before homogeneous
fiber solidification. The whipping and bending
processes were similar to those in the traditional
electrospinning process. The surrounding DMAc
had kept them at a fluid state for elongation in the

instability region. At even longer collection dis-
tances, the decrease of fiber diameters would slow
down or till stop mainly due to decrease of charge
densities, evaporation of most of the solvent and
gradual solidification of the fibers [34].
Figure 5a and b show SEM images of fibers col-
lected at a distance of 28 cm from the nozzle of the
spinneret. The fibers have a smooth surface, and
homogeneous structure with an average diameter of
2.02±0.25 µm (Figure 5c). Figure 5d shows SEM
images of fibers from 10% PVP solutions, which
has an even wider fiber diameter distribution
(140/650·100% = 22%) than fibers from the modi-
fied coaxial electrospinning process
(250/2020·100% = 12%). Coaxial electrospinning
with pure solvent as sheath fluid makes the process,
the formation of Taylor cone and the thinning
straight jet more stable than a single fluid electro-
spinning process conducted in an open atmosphere.
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Figure 5. SEM images of the ultra-fine fibers. a) and b) fibers prepared by the modified coaxial electrospinning from
35% (w/v) PVP solutions with DMAc as sheath fluid and a DMAc-to-PVP-solution flow rate ratio of 0.1, under
different magnifications, c) fiber diameter distribution, d) fibers prepared from 10% w/v PVP solutions using the
traditional single fluid electrospinning.



4. Conclusions and outlooks
This study investigated a new process technology
modified from coaxial electrospinning for prepar-
ing ultrafine fibers from high concentration poly-
mer solutions. The modified process is character-
ized by a solvent surrounding a polymer solution in
the spinneret, and can be easily assembled by sim-
ply using a metal needle to penetrate through an
elastic silica gel tube and using two syringe pumps.
PVP, which has a normal electrospinnable concen-
tration of 10% in ethanol, was successfully spun
into ultrafine fibers from a solution with a concen-
tration of 35% (w/v) using the process developed
here with DMAc as the surrounding solvent. Polar-
ized microscopic observations revealed the process
of formation of ultrafine fibers. They verified that
the surrounding DMAc effectively facilitated the
electrospinning process through retarding the fast
evaporation of ethanol from the Taylor cone and the
straight thinning jet. The SEM results demonstrated
that the resultant fibers had smooth surface mor-
phology and high structural uniformity.
The modified coaxial electrospinning process
reported here can open a new window to tune the
polymer fibers obtained by the electrospinning and
improve its capability in processing polymer mate-
rials. It is obvious that electrospinning with a sur-
rounding solvent will bring out more and new pos-
sibilities than traditional electrospinning process in
air. For example, it may: (1) facilitate the electro-
spinning process through eliminating the clogging
of spinneret that is often taken place in the electro-
spinning of spinning solutions in a low boiling
point organic solvent; (2) extend the range of elec-
trospinnable concentrations of polymer solutions;
(3) improve the productivity of the electrospinning
process; (4) enable to prepare nanofibers from
polymers without electrospinnability owing to lack
of suitable solvents through coagulating in a sur-
rounding solvent environment; (5) enable to pre-
pare nanofibers from polymers without electro-
spinnability owing to dilute concentration through
extraction of the abundant solvent in the core solu-
tion using a poor solvent of the polymer as sheath
fluid.
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1. Introduction
Polycaprolactone (PCL) is a type of synthetic,
biodegradable polymer, applying in food packag-
ing, tissue engineering, dressing for wound, and
drug delivery [1–3]. So it becomes one of the most
promising biodegradable polymers currently avail-
able on the market. However, some shortcomings
such as high costs, low melting temperature and
low mechanical properties restrict widespread indus-
trial use of PCL [4]. In order to improve the physi-
cal properties of polymer, inorganic particles were
usually used to improve some properties of the
polymer. For instance, Wang et al. [5] used titania to
enhance the mechanical properties of poly (lactic-
co-glycolic acid). Their investigation indicated that
the composite microsphere-sintered scaffold is a
promising scaffold for bone repair. It is reported
that PCL mixed with other biodegradable inorganic

materials such as hydroxyapatite (HA) [6–10] and
tricalcium phosphate (TCP) [11–13] could improve
some properties so that the composites may offer
attractive potential for bone tissue replacement and
tissue regeneration.
Besides HA and TCP, CS as a biodegradable inor-
ganic material is widely used in bone surgery as
well. It was reported that CS was used for treating
bone defects as early as 1892. Compared with HA
and TCP, CS has a reasonable degradation rate [14–
16] and has been widely used in bone treatment. As
reported, CS can form calcium phosphate deposits
when it is in contact with body fluids, which are
finally responsible for conducting and accelerating
bone formation [17]. La Gatta et al. [18] reported an
injectable PCL/CS system for bone regeneration.
They mixed calcium sulfate hemi-hydrate (CHS)
with a photo-crosslinkable derivative of PCL, and
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the composite is proposed to be utilized in hard tis-
sue repair particularly in the dental and orthopaedic
field. Gao et al. [19] reported a composite fabri-
cated with PLLA and CS power for bone repair.
However, the mechanical property of this material,
one of basic and important property for materials,
has not been reported. Like most other inorganic
powders, CS is a kind of brittle filler. It can rein-
force polymer but untreated CS powder may dam-
age the toughness of materials.
Being different from inorganic powder, whisker is
considered to be an attractive alternative to short
glass or carbon fibers for reinforcing and toughen-
ing thermoplastics and has attracted considerable
interests of scientists and engineers [20]. A lot of
work has been focused on the preparation of vari-
ous polymer/inorganic whiskers composites [14,
21, 22]. It was reported that CS whisker was inves-
tigated to reinforce polyurethane elastomer [21],
polypropylene [22] and non-metallic friction mate-
rial [23]. These hybrid composites were generally
produced by melt or solution blending method.
However, the difference between two blending meth-
ods for the same material has not been reported. In
addition, whiskers are often used to reinforce poly-
mer, but calcium sulfate whisker is rarely reported
to reinforce biopolymer materials.
Since PCL and calcium sulfate are well-known bio-
compatible and bioactive materials used in bone tis-
sue engineering, the relevant composites with high
mechanical properties should be promising materi-
als for application in bone repair. It is also worth to
note that all materials used for repairing bone tissue
or other application need to have excellent mechan-
ical properties. However, based on the literature
review, it can be found that most efforts concen-
trated on preparation, bioactivity, and biodegrada-
tion of the PCL materials, and only a few works
focused on the effect of whisker composition and
preparation method on the mechanical properties.
To improve mechanical properties of PCL and
study the influence of blending method and CS
whiskers on the crystallization, thermal behavior,
and mechanical properties of the composites, PCL/
CS whisker composites containing different CS
contents (0, 5, 10, 15, and 20 wt %) were prepared
by melting and coprecipitation blending methods
respectively. The effects of whisker addition and
different fabrication processes on the microstruc-

ture and properties of the composites such as the
morphology, crystallization, thermal behavior, and
mechanical properties have been investigated.

2. Experimental details
2.1. Materials and fabrication
Polycaprolactone (PCL) (W! = 50 000) used in this
experiment was purchased from Dow Chemical
Co., Ltd, China and calcium sulfate (CS) whisker
(length/diameter ratio: 40:1, and diameter: 1~6 µm)
was supplied by Jian-kun Chemical Co., Ltd, China.
The SEM photographs of the whiskers is shown in
Figure 1.
In this research, PCL/calcium sulfate whisker com-
posites were prepared by both melt and coprecipita-
tion blending methods. For melt blending method,
the pre-dried CS whiskers were premixed with PCL
on a laboratory size two-roll mixing mill (Scientific
Laboratory Bench Top Two-Roll Mill, LRM-M-
100, China Vision Group CO., Limited) at 58ºC. The
premixed composite was extruded using a Haake
twin-screw extruder (Mini-lab II, Thermo Electron
Corp., Hamburg, Germany) with a speed of 60 rpm
at 100ºC. The composite was then injected using a
Haake mini injection machine (Mini jet II, Thermo
Electron Corp., Hamburg, Germany) under a pres-
sure of 35 MPa. Before injection, the injection cylin-
der and the mold were preheated to the tempera-
tures of 100 and 40ºC, respectively. The shape of
molded samples is in accordance with ASTM D790
and ASTM D256 standards.
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Figure 1. SEM micrograph of CS whiskers



For coprecipitation method, appropriate amount of
PCL and CS whiskers were prepared to the desired
weight fractions, and then separately, the PCL parti-
cles were dissolved in tetrahydrofuran (THF) (AR,
Shengqiang Chemical Co., Ltd., Jiangsu, China)
solvent and CS whiskers were dispersed in tetrahy-
drofuran (THF) solvent using a magnetic stirrer for
about 120 min. Next, the PCL-THF solution and
CS-THF dispersed liquid were mixed together and
stirred for another 120 min. The mixture was then
poured into ethanol (AR, Fuyu Chemical Co., Ltd.,
Tianjin, China) as nonsolvent to coprecipitate PCL/
CS composite. After filtration, the recovered com-
posite was washed using anhydrous ethanol to
remove the residual THF. The flocculent composite
was then vacuum-desiccated for about 12 hours at
45ºC, and finally the floc was hot-pressed for 5 min
at 70ºC under a pressure of about 15 MPa to get
samples.

2.2. Characterization
The flexural property was tested by an electronic
universal testing machine (LR5K Plus, Lloyd instru-
ments Ltd., England) according to the standard
ASTM D790, and the rate of crosshead motion was
set to be 2 mm/min. The notched impact test was
performed by a pendulum-type impact test machine
(Shenzhen Sans testing machine Co., Ltd., China)
according to the standard ASTM D 256. Five sam-
ples were tested for each composition. The micro -
structure of the composites was observed by an
environmental scanning electron microscopy (SEM,
XL30, Phillips, Netherlands). Prior to the observa-
tion by SEM, the impact fractured cross-section of
specimens was coated with Au by sputtering depo-
sition. SEM micrographs were dealt with Image-
Pro Plus software to measure the length of the
whiskers in the composites. X-ray diffraction spec-
tra were obtained by an X’ Pert Pro diffractometer
(PA Nalytical, Netherlands) with a Cu target and K"
radiation at a scanning rate of 2°C/min to study the
changes of the crystal structure of PCL.
The thermal behavior and crystallization of the
composites were examined by a differential scan-
ning calorimeter (DSC, Netzsch 204, Germany)
under N2 flow (70 ml/min) and liquid nitrogen con-
trolled cooling. In this study, the samples were
firstly heated from room temperature to 100ºC,
equilibrated for 2 min to eliminate thermal history,

and then cooled at 10ºC/min to –120ºC, equilibrated
at –120ºC for 2 min, and finally heated up again to
100ºC at 10ºC/min. Thermal decomposition studies
were carried out using a thermogravimetric analysis
(TGA, Netzsch TG 209, Germany) under inert flow-
ing nitrogen (40 ml/min) from 50 to 700ºC at a
heating rate of 10ºC/min.
The spherulite structure of PCL/CS whisker com-
posites was studied by a polarized optical micro-
scope (POM, BX51-P, Linkamthms600, Japan)
equipped with a Linkam hot stage (THMS600/
HFS91, Japan). In this experiment, the samples
placed between two glass slides were heated up to
100°C, and then equilibrated at this temperature for
5 min to eliminate any residual PCL crystallization
seeds, and finally crystallized for 30 min at room
temperature. PCL spherulites were examined by
POM and recorded by an attached digital camera.

3. Results and discussion
3.1. Morphology of fracture surfaces
To study the dispersion of fillers and fracture sur-
face, the impact-fractured cross-section of speci-
men was observed by SEM and the micrographs of
the fracture surface of PCL/CS whisker composites
are shown in Figure 2. The length of the whiskers in
composites calculated by Image-Pro Plus software
is listed in Table 1. For composites prepared by melt-
ing method, no obvious agglomeration of CS
whiskers was observed. However, some whiskers
were broken down so that the average length of
whiskers become shorter, which could make the
mechanical properties deteriorate [24]. For com-
posites prepared by coprecipitation method, it could
also be found that no obvious agglomeration of CS
whiskers was observed. Figure 2d reveals that some
of the whiskers were pulled out and broken down
during impact test (X point), and the surfaces of CS
whiskers and matrix do not closely adhere together
(Y point), which indicates that the interfacial debond-
ing between whiskers and matrix took place during
the test. Additionally, plastic deformation of PCL at
interface is observed clearly, which indicates the
processes of pull-out and debonding dissipate a part
of impact energy. The data in Table 1 show that the
average length of the whisker for the composites
prepared by melting method is shorter than that pre-
pared by coprecipitation method. The possible rea-
son is that, compared to the magnetic stirrer, the
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shear stress of the screws in the extruder is so large
for the CS whiskers that some of the whiskers are
easily broken down during the process.

3.2. Crystallization
Figure 3 shows the XRD spectra of CS whisker,
pure PCL and the composites prepared by two meth-
ods. Results show that PCL contains three strong
reflections at the angles (2!) of about 21.4, 22.0 and
23.7°, corresponding to the (110), (111) and (200)
planes of the orthorhombic crystal structure respec-
tively [25]. XRD pattern of pure CS whisker indi-
cates that the CS whisker in this experiment is
CaSO4#2H2O [26]. Comparing the XRD pattern of
the pure PCL with composite, it can be found that

the strong reflections observed from PCL are also
present in PCL/CS whisker composites. This indi-
cates that the basic crystal structure of the PCL
matrix in composites is still orthorhombic. For the
composites, the reflection peaks at the angle of 20.8
and 11.5° are the characteristic peaks of CaSO4·2H2O
whiskers [26]. Results also show that the reflection
peaks of the composites at the angle of 21.4° move
slightly to the larger angles compared to the pure
PCL. It demonstrates that the d spacing of PCL in
the composites decreases. This phenomenon may
be caused by the fact that the whisker hampers the
growth of the crystal grain, which would compress
the cell. However, for the composites with 5 wt%
whiskers prepared by melting method, the number
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Figure 2. SEM micrographs of fracture surfaces for PCL/CS whisker composites prepared by melting method containing
(a) 5 wt%, (b) 15 wt%, and (c) 20 wt% whisker, and prepared by coprecipitation method containing (d) 5 wt%,
(e) 15 wt%, and (f) 20 wt% whisker.

Table 1. Length of CS whiskers in composites prepared by melting and coprecipitation methods

Fabrication method Content of CS
whisker [%]

Length [µm] Standard deviationMin Max Mean

Melting method
5 2.00 30.83 7.79 6.30

15 5.99 55.69 17.00 12.96
20 1.00 17.14 6.55 3.30

Coprecipitation method
5 16.84 43.46 32.64 10.81

15 10.33 87.13 36.66 21.82
20 5.78 91.89 26.01 20.30



and scale of whiskers for the composites prepared
by melt blending method are less than that of other
composites, therefore the whiskers weakly hamper
the growth of the grain and the d spacing and reflec-
tion peaks almost do not change.
Table 2 shows the thermal and crystallization prop-
erties parameters of pure PCL and PCL/CS whisker
composites determined by DSC measurement. The
undercooling $T in Table 2 is defined using Equa-
tion (1) [27]:

$T = Tm – Tc                                                        (1)

where Tm and Tc are the melting temperature and
crystallization temperature determined by DSC
respectively. It can be observed from Table 2 that
the Tc of the PCL in composites gradually goes up
with the increase in weight fraction of the CS
whisker, which indicates that the whisker has an

excellent nucleating effect on the crystallization of
PCL [28]. Results also show that the crystallization
temperature of the composites prepared by melt
blending method is higher than that prepared by
coprecipitation method. This phenomenon might be
caused by the change in size and number of the
whiskers. As discussed above, some of the whiskers
were broken down by shear stress of the screw dur-
ing processing for melt blending method and the
number of the whisker increased. This change could
lead to the increase in the nucleation rate and hence
enhance the crystallization rate. Additionally, a part
of the molecular chain of PCL could be also broken
down and became shorter during processing. The
short molecular chain also has a nucleation effect,
resulting in the increase of the nucleation rate of
composites.
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Figure 3. X-Ray spectra for (a) whiskers, (b) (A) pure PCL and composites prepared by melting method containing
(B) 5 wt%, (C) 15 wt%, and (D) 20 wt% whisker, and prepared by coprecipitation method containing
(E) 5% wt%, (F) 15 wt%, and (G) 20 wt% whisker

Table 2. Thermal and crystallization properties of PCL/CS whisker composites prepared by melting and coprecipitation
methods

Crystallization and thermal parameters Fabrication method Content of CS whisker [%]
0 5 15 20

Crystallizaion temperature (Tc [ºC])
Coprecipitation 27.6 31.5 30.7 30.5
Melting 30.4 33.0 33.1

Melting temperature (Tm [ºC])
Coprecipitation 57.9 58.7 58.3 58.5
Melting 58 59 58.4

Glass transition temperature (Tg [ºC])
Coprecipitation –62.0 –62.4 –61.5 –61.1
Melting –62.5 –63.2 –62.8

Undercooling ($T [ºC])
Coprecipitation 30.3 27.2 27.6 27.0
Melting 27.6 26.0 25.3

Half peak width {($T)p [ºC]}
Coprecipitation 12.0 8.0 7.0 7.0
Melting 5.0 5.5 5.0

Crystallinity (Cr [%])
Coprecipitation 54.6 46.1 47.4 54.6
Melting 52.7 54.4 54.9



Undercooling can be used to characterize the crys-
tallization rate of the polymer in the non-isothermal
process. Generally, it is inversely proportional to
the crystallization rate [29]. Results in Table 2 show
that the undercooling $T of the composites decreases
from 30.3 to 25.3ºC with increase in whisker com-
position by 20 wt%, and the $T of the composites
prepared by melt blending method is lower than that
prepared by coprecipitation method. These results
further illustrate that whiskers have nucleation
effect to PCL and the effect is relevant to the size of
the whiskers. Although the number of the whiskers
for the composites with 5% CS whiskers is less, it is
enough to influence the nucleation of PCL so that
$T is also lower than that of the pure PCL.
Generally, the crystallization perfection can be
characterized by half peak width (%T)p of the crys-
tallization curve [29]. It can be seen from Table 2
that the half peak width (%T)p of composites pre-
pared by melt blending method is narrower about
7ºC than that of the pure PCL, and narrower about
2ºC than the composites prepared by coprecipita-
tion method, which demonstrates that the crystal-
lization perfection of the composites prepared by
melt blending method is superior to that of both the
pure PCL and the composites prepared by coprecip-
itation method. This phenomenon is associated to
the shape of fillers. The fillers restrain the mobility
of grain boundaries and eventually inhibit gain
growth. It can be inferred from this result that the
fillers with higher aspect ratio have a stronger
restraining effect. The similar phenomenon was also
reported by Vanherpe et al. [30] but the fillers were
fibers. In this experiment, the aspect ratio of whiskers
in composites prepared by coprecipitation method
is higher than melt blending method, which leads to
the stronger inhibiting effect. Therefore, the crystal-
lization perfection of the composites prepared by
melt blending method is better than that prepared
by coprecipitation method.
To further illuminate the changes of crystallization
properties, the crystallinity is calculated by using
Equation (2) [31] and also listed in Table 2:

                                       (2)

where $Hm is the melting enthalpy for composite
samples, $Hm

0 is the melting enthalpy of the matrix
when it infinitely crystallizes and it is 136.08 J/g for

PCL [32], and "n is the weight percentage of PCL in
composites. Results show that the crystallinity of
composites almost remains constant compared to
pure PCL. However, the crystallinity of composites
prepared by melting method is slightly higher than
that prepared by coprecipitation method. This is
accordance with the conclusion that the nucleation
effect of the whisker for the composites prepared by
melting method is stronger than that prepared by
coprecipitation method.

3.3. Thermal behavior
The test data listed in Table 2 show that the melting
temperature (Tm) and the glass transition tempera-
ture (Tg) of the samples exhibit a small change by
adding CS whisker. To find the relationship among
the thermal degradation property, composition of
the CS whisker and preparing method, thermo-
gravimetric analysis was conducted. Figure 4 illus-
trates TGA curves for pure PCL and its composites
prepared by both methods with different composi-
tions of CS whiskers. Thermal degradation parame-
ters obtained from TGA curves are listed in Table 3.
When 50% weight loss is selected as the point of
comparison, the thermal decomposition tempera-
ture (T0.5) for the pure PCL is 423ºC, and the T0.5
for composites prepared by both methods changes
slightly compared to the pure PCL. The mass loss at
150–200ºC for the composites is due to the loss of
the crystal water in CaSO4·2H2O whiskers at low
temperature. Previous studies found that there are
different changes of the thermal decomposition for
PCL/inorganic filler composites [33, 34]. For this
experiment, the T0.5 of composites is slightly lower
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DHm

DHm
0 . Xn
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DHm
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Figure 4. Thermogravimetric cureves for the pure PCL and
composites prepared by both of melting and
coprecipitation methods



about 2–6ºC than that of the pure PCL. This may be
due to the loss of the crystal water as well. The loss
of the crystal water at low temperature may induce
the decomposition of the PCL for the composites
easily. As the PCL is decomposed, the residue should
be the CS and a little chars of PCL, and the mass of
residue is approximately equal to the mass of CS.

3.4. Spherulite morphology
The spherulite morphology of the pure PCL and the
composites prepared by both methods is shown in
Figure 5. It can be seen that the spherulite structure
of pure PCL is imperfect, and there are some clear
grain boundaries among the spherulites. Compared
with the pure PCL, the spherulite size of all com-
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Table 3. Thermal degradation properties of PCL/CS whisker composites prepared by melting and coprecipitation methods

Fabrication method Melting Coprecipitation
Content of CS whisker [%] 0 5 15 20 5 15 20

Thermal degradation parameters
T0.5 [ºC] 423 421 415 413 419 417 417
Loss at 150–200ºC [%] – 1.2 3.1 4.2 0.7 3.0 5.5

Figure 5. Spherulitic morphology (400&): (a) the pure PCL and composites prepared by melting method containing
(b) 5 wt%, (c) 15 wt%, and (d) 20 wt% whisker, and by coprecipitation method containing (e) 5 wt%, (f) 15 wt%,
and (g) 20 wt% whisker



posites significantly reduces, which illustrates that
CS whiskers have grain refining effect to PCL.
POM pictures in Figure 5 also reveal that the crys-
tallization perfection of the composites prepared by
melt blending method is better than that of the com-
posites prepared by coprecipitation method, which
is consistent with the result of DSC. However, it
can be seen from Figure 5b–g that the spherulite
size of the composites prepared by coprecipitation
method is smaller than that of the composites pre-
pared by melting method. It indicates that the grain
refining effect of the long whiskers is stronger than
that of the short whiskers.

3.5. Mechanical properties
Figure 6 and Figure 7 show the relationship between
the composition of CS whisker and the flexural
strength and modulus of composites. Results show

that for the pure PCL sample prepared by melting
method, the flexural strength and modulus are 22
and 30% higher than that prepared by coprecipita-
tion method. A lot of researchers reported that for
pure polymer, mechanical properties were improved
by different fabrication method, such as solid extru-
sion, hydrostatic extrusion, and hot tension-draw-
ing, which aimed at the orientation of the molecular
chain or structure of polymer to reinforce the poly-
mer [35]. In this experiment, the orientation of molec-
ular chain for PCL may occur in the mold during
injection process and not happen during the copre-
cipitation mold-pressure process. Consequently, the
flexural strength and modulus of pure PCL sample
prepared by melting injection are higher than those
prepared by coprecipitation method.
For composites prepared by coprecipitation method,
the flexural strength and modulus of the samples
containing 15 wt% CS whiskers are higher about
21% and 75% respectively than that of the pure
PCL samples prepared by melting method. How-
ever, further increase in the composition of CS to
20 wt% leads to decrease of the flexural strength
and modulus of the composites. Results also show
that for the CS whiskers less than 20 wt%, the flex-
ural strength and modulus of the composites pre-
pared by melting method are lower than that of the
composites prepared by coprecipitation method.
This result can be explained by load-transfer theory
[24]. Classical load-transfer theory suggests that the
stress can transfer from polymer matrix to whiskers
through the interfacial layer. Whiskers have higher
modulus than the polymer matrix so that they can
afford parts of stress to disperse the load in the
matrix. Therefore, the strength of the whisker com-
posites is improved by whisker addition. The load-
transfer theory also suggests that the strength of the
composites filled with long whisker should be
higher than short whisker, which can explain why
the flexural strength of CS whisker composites pre-
pared by melt blending method is lower than that
prepared by coprecipitation method.
Besides the length of whiskers, the dispersion of the
whiskers in the matrix is also one of the important
factors affecting the strength of the composites. It is
well known that the agglomeration of the fillers can
deteriorate the mechanical properties of the com-
posites [22]. In this experiment, the decrease of the
strength for the composite with higher CS whisker
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Figure 6. Relationship between the composition of CS
whisker and the flexural strength of the compos-
ites

Figure 7. Relationship between the composition of CS
whisker and flexural modulus of the composites



composition of 20 wt% prepared by coprecipitation
method may be mainly influenced by the agglomer-
ation of the whiskers. For composites with 20 wt%
CS whiskers prepared by melting method, the
strength increases continually because of the better
dispersion of CS whiskers. It reveals that, for com-
posites with less than 15 wt% CS whisker, the length
of the whiskers is the main factor to affect the flex-
ural strength. For composites with 20 wt% CS
whiskers, the dispersion of the whiskers becomes a
main factor to affect the flexural strength.
Our results also show that the change trend of flex-
ural modulus for composites is similar to the change
of flexural strength. It indicates that although CS
whisker belongs to the rigid filler which can improve
the rigidity of materials [19], but the rigidity will
not be improved infinitely with the addition of
whiskers. The effect of the whiskers on the flexural
modulus is similar to the flexural strength.
Figure 8 shows the relationship between the com-
position of CS whisker and notched impact strength
of the composites. It can be seen that for the pure
PCL, the impact strength of the sample prepared by
melt blending method is about 3 times higher than
that prepared by coprecipitation method. For com-
posites prepared by melt blending method, the
impact strength decreases gradually with the increase
in CS whiskers. For composites prepared by copre-
cipitation method, the impact strength increases
when the composition of CS whisker is less than
15 wt%, and then decreases when more than 15 wt%.
However, it is still higher than that prepared by melt
blending method.

Generally, impact strength is sensitive to the defects
of materials. In this study, defects such as small
cavities could take place in the pure PCL samples
prepared by coprecipitation method during the mold-
ing, whereas the small cavities rarely occur in pure
PCL samples prepared by melt blending method.
Therefore, the impact strength of the PCL samples
prepared by melt blending method is higher than
that prepared by coprecipitation method. The differ-
ence in impact strength between the composites
prepared by two methods should be ascribed to sev-
eral factors such as spherulite size, whisker debond-
ing during impact test and whisker length. It is
reported that the decrease of spherulite size will
benefit the improvement of impact strength [27].
POM observation shows that the composites pre-
pared by coprecipitation have smaller spherulite
size. SEM pictures show that some CS whiskers
debonded with PCL and were pulled out for the
samples prepared by coprecipitation method, which
could absorb a part of impact energy. Composites
prepared by coprecipitation blend method have
longer CS whiskers in average, which could absorb
more impact energy and improve toughness of
composites [24]. Therefore, the impact strength of
whisker composites prepared by coprecipitation
method is higher than that of both the pure PCL and
the composites produced by melting method.

4. Conclusions
PCL/CS whisker composites have been prepared by
both the melt blending and coprecipitation meth-
ods. Our experiment results have justified that the
melting method benefits the crystallization of PCL
and the flexural properties, but deteriorates the tough-
ness of the PCL/CS whisker composites. Coprecip-
itation method harms the crystallization of the com-
posites, but can improve mechanical properties.
The thermal properties of PCL for composites are
nearly unaffected by the presence of whiskers for
two methods. For composites prepared by coprecip-
itation method, the spherulite size of the PCL is
reduced by CS whisker addition, and the flexural
and impact strength of composites with 15 wt% CS
whisker are highest. Investigation shows that longer
whiskers benefit the mechanical property of the
composites. It is worth to mention that the biocom-
patibility of composites is important for the bone
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Figure 8. Relationship between the composition of CS
whisker and notched impact strength of the com-
posites



repair, and the biocompatibility for the composite
system is under our investigation.
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