
Polymeric nanocomposites have been an area of
intense industrial and academic research for the
past twenty years. As viewed from literature, how-
ever, the properties of nanocomposites are some-
times not significantly improved or even worse
than those of the matrices. This used to result from
direct incorporation of nano-scale building blocks
into polymers. Because of the strong tendency of
nanoparticles to agglomerate, nano-size fillers are
hard to be uniformly dispersed in polymers by con-
ventional techniques. In this context, surface modi-
fication of the nano-fillers, that is able to increase
hydrophobicity of the inorganic fillers, enhance
interfacial adhesion via physical interaction or
chemical bonding, and eliminate the loose structure
of filler agglomerates, should be a key issue.
Comparatively, the achievements in modern chem-
istry (incl. grafting techniques, click chemistry,
non-covalent bonding, etc.) are much more promi-
nent than those in compounding techniques. There-
fore, there are enormous possibilities for modifying
nanoparticles. The combination of different surface
treatment methods with existing mixing machines
would generate nanocomposites with tailor-made
structure and performance and enrich the measures
of nanocomposites manufacturing. 
In general, homogeneous dispersion of the fillers is
considered to be the main concern, but in fact, it
can not guarantee good properties of the nanocom-
posites. In addition to the dispersion, filler/matrix
interaction and filler/filler interaction exert critical
influence on the composites properties. A proper

surface functionalization approach should take
account of all these issues and eventually leads to
the optimal microstructure with the help of care-
fully designed processing parameters.
Naturally, a problem has arisen: what is the desired
arrangement of the nanoparticles in matrix accord-
ing to different properties requirements? So far,
theoretical consideration of the mechanisms
involved in nanocomposites with adequate pre-
dictability is relatively less reported. Design and
production of polymer nanocomposites have to be
mostly conducted on a trial and error basis. Empiri-
cal extrapolation of the parameters related to com-
ponents selection and processing technique is not
very successful.
On the basis of analysis hereinbefore, it can be con-
cluded that one has to firstly have a clear image of
the proposed nanocomposites and the microstruc-
ture, and then start to work out a feasible route of
surface treatment of nanoparticles and the way of
compounding. The importance of each step men-
tioned above should be equally considered.
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1. Introduction
In recent decades, growing environmental aware-
ness has resulted in renewed interest in the use of
natural materials for various applications. Increas-
ingly more stringent environmental policies have
forced industries such as the automotive, packaging
and construction industries to search for new mate-
rials that can substitute traditional composite mate-
rials consisting of a plastic matrix and inorganic
reinforcement [1]. The availability of bio-based
structural composites offer the opportunity for
environmental gains, reduced consumption of more
expensive materials, lighter weight, improved insu-
lation and sound absorption properties, and reduc-

tion in dependence on petroleum-based and forest
product materials. The production of synthetic
fibres, such as glass, aramid and carbon fibres, are
energy-intensive and are petroleum based. Kenaf,
Hibiscus cannabinus L. fiber is obtained from
renewable resources, which is biodegradable, envi-
ronmentally friendly and offer CO2 neutral life
cycle [2]. The most rapidly expanding application
for kenaf at present is as reinforcement in compos-
ites. The matrix materials popularly used in kenaf
fibre composites ranges from thermoplastics, such
as polypropylene and polyethylene, to thermosets,
such as polyester, epoxy [3–5].
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Abstract. In this study rubber-toughened polyester-kenaf fibre composites were prepared by adding various percentages of
kenaf fibre in unsaturated polyester resin and subsequently cross linked using a mixture of organic peroxide methyl ethyl
ketone and cobalt octanoate. Three percent (3%) of liquid natural rubber (LNR) were added as a toughening agent. The
mechanical properties of the composites were evaluated by impact and flexural testing. Environmental stress cracking
resistance (ESCR) of polyester-kenaf composite in acid and base medium was also studied. It was found that the addition
of LNR increased impact strength by about 66% and flexural strength by 70%. Measurement of ESCR shows that the com-
posite has the fastest diffusion rate in acid medium, followed by that in base medium and then without medium. Bonding
mechanisms were assessed by scanning electron microscope and FTIR analysis.
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Unsaturated polyester resins are the most fre-
quently used thermosetting system owing to their
low cost and adaptability to be transformed into
large composite structures. The most frequently
used reinforcement in this system is provided by
sized glass fibres available as fabrics of various ori-
entation, shapes and densities. More recently, the
possibility of using cellulosic fibres as reinforce-
ment in composites has yielded several studies. For
instance, Dash et al. [6] reported the mechanical
properties of jute fibre/unsaturated polyester com-
posites. The authors optimised the fibre loading
(60 wt%) that has the maximum tensile strength of
132 MPa and Young’s modulus 2.9 GPa for com-
posites. Acha et al. [7] used jute fabric to reinforce
unsaturated polyester resin. The results showed that
the Young’s modulus of all the composites increased
significantly (fibre content 46 to 56 wt%) tensile
strength of the composite was, however, not
improved.
Although polyester resins are widely used as a
matrix in polymer composites, curing of these
resins results in brittleness due to their high cross-
linking level. The addition of a low molecular
weight reactive liquid rubber can improve fracture
toughness and impact strength of the cured poly-
ester resin. The purpose of introducing dispersed
rubber particles into the primary phase in these sys-
tems is to enhance their toughness. It is known that
both rubber particle size and volume fraction affect
the degree to which the polyester is toughened [8].
Dahlan et al. [9] has extensively studied the utiliza-
tion of liquid natural rubber (LNR) as a compatibi-
lizer on various natural rubber/polyolefin blends.
They found that the LNR has the same microstruc-
ture as NR but with short chains of polyisoprene
and a different in molecular weight (Mw). The Mw

for LNR is around 5000 whereas for NR it is
900 000. The LNR with some active terminals like
–OH is expected to react with the plastic particles
and thereby bond the plastic particles to the NR
matrix. Studies on NR and various PE with LNR as
a compatibilizer have successfully shown that LNR
can act as plasticizer or cross linking agent,
depending on its molecular weight [9, 10]. There-
fore, this study investigates the effects of the addi-
tion of liquid natural rubber (LNR) and kenaf to a
polyester matrix on the mechanical properties of
the composites.

2. Material and methods
2.1. Preparation of fibres
The kenaf fibres used had been harvested at
4 months of age. Fibres were then cut and ground
with an Ika Werke MF10 heavy duty grinder
(Staufen, Germany) and finally sieved into 300–
500 micron sizes. The kenaf fibre diameter was
20–55 µm.

2.2. Preparation of the matrix

LNR is prepared according to a method described
by Abdullah and Ahmad [11]. The Mw for LNR is
about 5000. Unsaturated polyester Reversol UN
8100 P-8542CSH from Revertex Sdn. Bhd.,
Malaysia was used in this research. For the com-
posites without LNR, the polyester resin was mixed
with the initiator methyl ethyl ketone peroxide
(MEKP) and cobalt octanoate 1%. For the compos-
ite with LNR, the polyester resin and the LNR were
stirred for 30 minutes before mixing with the initia-
tor.

2.3. Preparation of composites board

Dried kenaf fibres were measured into 5, 10, 15, 20
and 25% (by weight) and mixed with polyester
resin and LNR. The mixture was put into the mould
and pressed at 70 MPa pressure at 90°C for 15 min-
utes. Aziz et al. reported that the curing of polyester
at different temperatures with different durations
ensures full cure and provides better performance
[12]. The resulting board was cured at room tem-
perature for 24 hours and post cured successively at
60°C for 2 hours, 90°C for 90 minutes, 120°C for
1 hour and 150°C for 30 minutes. The mechanical
properties of each type of board were then evalu-
ated after cutting the samples to the required shape
for different test. PK is abbreviation for polyester
kenaf composites, PKL is abbreviation for poly-
ester kenaf composites with LNR.

2.4. Composite characterization

Flexural strength was measured under a three-point
bending approach using a Universal Testing
machine (Testometric 350, UK) according to
ASTM D 790-91. The dimensions of the samples
were 120 mm×20 mm×3 mm. The distance between
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the spans was 100 mm, and the test speed was
5 mm/min. Impact testing was carried out with a
Ray Ran Pendulum Impact System (Warwickshire,
UK) according to ASTM D 256. Fracture tough-
ness was determined according to ASTM E 399
using a three-point bending flexural test. The test
speed was 2 mm/min. For mechanical testing
5 specimens were tested for each batch to get the
average values.
Environmental stress cracking resistance (ESCR)
tests were carried out using a Universal Testing
machine (Zwick 1440, Germany) according to ISO
standard 22088-3:2006. Samples were prepared
with dimensions of 80 mm×4 mm×10 mm. The
specimen was bent using a three-point bending jig
mounted in a chemical environment chamber. The
test was undertaken in control medium (Air), 1%
sodium hydroxide (pH 13.5) and 1% hydrochloride
acid (pH 2.5) medium. Three conditions of the
environment were used in this test:
– Without medium (om)
– With acid medium (am)
– With base medium (bm)
After t0, defined as the time necessary to stabilize
the loading condition, the chemical was rapidly
introduced into the chamber under stress. The vari-
ation of the stress was recorded using a sensitive
load cell 100 N connected to multimeter incremen-
tally at t0 = 120 s, t1 = 120 s, t2 = 180 s, t3 = 180 s,
t4 = 300 s, t5 = 300 s, t6 = 300 s. When the stressed
composite is exposed to a chemical environmental,
polymer resistance will vary with time. Since micro
crazes, crazes or cracks weaken the chemically
exposed polymer, it will tend to have both a shorter
time to rupture and a lower stress value in compari-
son with the control specimen (without medium).
The test was carried out under laboratory condi-
tions in an air conditioned room, controlled at
23±°C and 50% relative humidity. The E factor was
calculated as the stress in control medium divided
by the stress in corrosive medium at a certain time.
Morphological observation of the flexural fracture
surface of the composite with different composi-
tions was done by a scanning electron microscope
(Philips XL 30 ESEM). FTIR spectrum of samples
was recorded using FTIR (Perkin Elmer 500, Nico-
let 6000, UK) spectroscopy from 4000 to 400 cm–1

using KBr disk. 20% kenaf fibre composites were
chosen for SEM and FTIR experiment.

3. Results and discussion
3.1. Impact properties
The impact strength of matrix and composites are
presented in Figure 1. It can be seen that the impact
strength of the matrix was higher than that of the
composites with lower fibre content, then the
impact strength increased in general with increas-
ing fibre loading. The lower value of impact
strength at lower fibre content could be due to the
introduction of flaws created by the fibre ends.
These flaws act as stress concentrations, and cause
the bond between fibre and matrix to break. At
higher volume fractions, the matrix is sufficiently
restrained and the stress is more evenly distributed.
This results in reinforcing effects outweighing the
effects of the stress concentrations and results in
increase of impact strength at higher fibre loading
[13]. Although, benefit was seen in higher fibre
loading, however, the fibre loading was limited to
25 wt% due to limited wettability of the resin; and
higher than 25 wt% (for example 30 wt%) the poly-
ester resin could not wet the fiber sufficiently and
could not penetrate into the fiber mass. The impact
test is a standardized high strain-rate test which
determines the amount of energy absorbed by a
material during fracture. This absorbed energy is a
measure of a given material’s toughness and acts as
a tool to study brittle-ductile transition. The impact
strength of composites may also be influenced by
many other factors including the toughness of the
reinforcement, the nature of the interfacial region,
and the frictional work involved in pulling the
fibres from the matrix [14, 15]. Addition of liquid
natural rubber (LNR) was found to improve the
impact properties of composites by 35 to 125%,
probably due to the presence of rubber particles in
the polyester which may have acted as impact mod-
ifier in the composite. The highest impact strength
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Figure 1. Impact properties of polyester/kenaf composites



was found for 25% fibre loading composites with
LNR which was about 125% higher than that of
compositions without LNR. It may be the reason
that the fibre loading was reached the critical fibre
load for this system in which fibres were distrib-
uted evenly and absorbed more energy.

3.2. Flexural strength of composite

Figures 2 and 3 present the effects of fibre loading
and addition of liquid natural rubber (LNR) on the
flexural properties of the polyester kenaf compos-
ites. Both flexural strength and modulus were
found to be higher than that of composites contain-
ing lower amount of fibre loading, however, both
flexural strength and modulus were found to be
increased significantly as the fibre volume fraction
increased. As discussed earlier, at lower fibre con-
tent, below critical fibre volume fraction, fibre ends
act as stress concentrations, and cause the bond
between fibre and matrix to break. At higher vol-
ume fractions, the matrix is sufficiently restrained
and the stress is more evenly distributed. This
results in reinforcing effects outweighing the
effects of the stress concentrations and results in
increase in flexural strength and modulus [13, 16].
Although, the flexural behavior of composites
without LNR tended to behave like composite with
LNR, however, generally a slight reduction of

strength and modulus were found for composites
with LNR. This reduction of flexural properties
could be due to the plasticizing effect of rubber par-
ticle which increased flexibility and reduced tough-
ness.

3.3. Fracture toughness of composite

The crack growth behaviors of composite are com-
pared in Figure 4 based on Kic values. Fracture
toughness of composites both with and without
LNR were increased with increasing fibre volume,
however, the values dropped after 15% of fibre
loading for composites without LNR and 20% fibre
loading for composites with LNR. The reduction of
Kic at higher fibre content composites may be due
to increased fibre-fibre contacts which would make
it comparatively easier for the fibre to debond from
the resin than for composites at lower fibre fraction
composites. Therefore, larger force could be
required for the fibre to be debonded from the
matrix at lower fibre content. The addition of
higher percentages of kenaf also could interfere
with the cross linking process and decrease the Kic

values [3, 17]. It was also noted that the fracture
toughness values were higher for composites with
LNR which could be due to the plasticizing effect
of rubber particle which increased flexibility and
needed more force to debonding.

3.4. Environmental stress cracking resistance
(ESCR)

Environmental stress cracking resistance is the pre-
mature initiation of cracking and embrittlement of a
plastic due to the simultaneous action of stress and
strain in contact with a specific fluid. This phenom-
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Figure 2. Flexural strength of polyester/kenaf composites

Figure 3. Flexural modulus of polyester/kenaf composites

Figure 4. Fracture toughness of composites



enon is also described as environmentally assisted
cracking [18]. Figures 5 and 6 show that stress val-
ues rapidly decreased, whether the composites had
acid or base medium. The stress values of compos-
ites without medium declined over time but the
reduction was found to be less than that of compos-
ites with medium. Both composites, without LNR
and with LNR showed the same trend across the
three different medium conditions. However, acid
medium weakened the composite more rapidly than
the base medium. Figure 5 indicates that over time,
polyester composite with LNR decreased the stress
by 25% with acid medium and 23% with base
medium. Figure 6, however, shows that the stress
value of polyester composite without LNR
decreased 16% on acid medium and 20 % on base
medium. The stress value of composites LNR
declined about 17% with control medium whiles
those composites without LNR declined by about
14%. Figures 5 and 6 reveals that when the stressed
composite is exposed to a chemical environment,
the polymer resistance to acid and base varies with
time. Since micro crazes, crazes or cracks weaken
the polymer exposed to chemicals, it will tend to
have both a shorter time to rupture and a lower
stress value, compared to those of a control speci-
men without medium. It can also be noted that

composites without LNR are more resistant in dif-
ferent chemical environment which could be due to
rubber particle may debonded or degraded out from
composites more easily than the resin.

3.5. Infrared spectroscopy

A series of Fourier transform infra red (FTIR) spec-
tra were obtained to detect any chemical interaction
between polyester-kenaf composites and polyester-
kenaf with LNR composites. The FTIR spectra of
cured polyester- kenaf composites and polyester-
kenaf with LNR composites are shown in Figure 7.
A new peak was observed on FTIR spectrum of
modified polyester as compared to unmodified
polyester. An aromatic functional group (C–C
stretch in ring) was observed from the absorption
band 1600 and 1475 cm–1 and an alkanes group
(CH3) from the absorption band 1376 cm cm–1 for
composites with LNR [19]. It can be note that the
aromatic functional group can also appear from
matrix polymer. A hydroxyl group was observed
for both peaks from the absorption band 3600–
3300 cm–1. It was identified with existing stretch-
ing band on 1300–1000 cm–1 (C–O) .The carbonyl
region (1800–1600 cm–1) reveals probably the
presence of carbonyl group from the isoprene chain
of liquid natural rubber. Carbonyl absorption was
observed in both spectra but with different inten-
sity.

3.6. Morphological analysis

Figure 8 shows the flexural fracture surface of
composites. Good bonding was evident from both
type composites with and without LNR. Fibre frac-
ture can be seen and there is absence of hole and
fibre pullout. However, for composites without
LNR, it can be seen a gap between fibre and
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Figure 5. Comparison on ESCR effect of the kenaf com-
posites

Figure 6. Comparison on ESCR effect of the kenaf com-
posites toughened LNR

Figure 7. Infrared spectroscopy of the composites



embedded resin (Figures 8a1 and 8a2). It is well
known that unsaturated polyester networks shrink
considerably after curing. This shrinkage reduces
the specific volume of the matrix, and it results in
free spaces between the matrix and the fibre. On the
other hand, for composites with LNR the region
surrounding the cellulosic filler seems to be contin-
uous with the matrix phase (Figures 8b1 and 8b2).

4. Conclusions

1. The result shows that liquid natural rubber is a
good potential toughening agent for polyester
resin. 

2. Impact, flexural and fracture toughness proper-
ties were found be improved significantly with
increasing fibre volume faction, however, opti-
mum mechanical properties were found be
around 20% fibre loading. 

3. Fracture toughness and impact strength of poly-
ester kenaf composite noticeably increased with
the addition of a small amount of liquid natural
rubber in composites.

4. Environmental stress cracking resistance shows
that the composites are more affected on acid
medium followed by base medium.
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1. Introduction
There is a large body literature which explains the
enhancement of the properties by incorporation of
nano filler into polymers. Depending on nano filler
types (nanofibers: nanotubes and whiskers, nano
particle: silicate layer, nano size isotropic: titanium
dioxide) the obtained nanocomposites can offer
[1–4]:
– better mechanical properties
– lower permeability against the gases
– higher heat deflection temperature
– higher flame retardancy.
To achieve all of aforesaid improvements, the pres-
ence of fully exfoliated or intercalated and well dis-

persed of nano fillers in polymer matrix is neces-
sary.
In the melt intercalation method for producing of
nanocomposite, the most important parameters
which lead to gain this morphology are surface
modification of nano filler by surfactants and
proper processing conditions.
Many attempts have been focused on the describ-
tion of the effects of processing parameters (in sin-
gle and twin screw extruders and batch mixers) on
the variation of nanocomposite morphology.
Demirkol and Kalyon [5] studied different methods
(batch and continuous) to produce nanocomposite.
Their results point to the difficulty of the genera-
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Abstract. In this work, basic mathematical models and response surface graphs have been used to illustrate the relationship
between mixing parameters in internal mixer and properties of the SBR (styrene butadiene rubber)/organoclay composites.
Using a Box-Behnken statistical design experiment methodology, the effects of mixing temperature (80–140°C), mixing
time (4–12 min) and nano filler amount (3–9 phr) in SBR nanocomposites on the properties (tensile properties, scorch time
and Mooney viscosity) were evaluated. It was found that the mixing parameters (time and temperature) have the predomi-
nant role in properties and morphology of nanocomposite. The R2 values (the R2 values indicate the degree of agreement
between the experimental results with those predicted by model) of all responses were above 0.85. Increasing temperature
and mixing time facilitated a better organoclay dispersion which resulted in a better tensile property. With increase in nan-
oclay amount in composite the scorch time and Mooney viscosity decreased. The morphology of nanocomposite was stud-
ied by XRD (X-ray diffraction) and TEM (Transmission electron microscope). Intercalation and exfoliation of the nanoclay
were observed for samples with higher temperature and longer mixing time. Due to thermal degradation of the rubber
matrix at 140°C, tensile properties of the nanocomposite were decreased.

Keywords: nanocomposites, SBR, response surface methodology, tensile properties, Mooney viscosity
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tion of nanocomposites using melt compounding
when the interfacial properties between the poly-
mer melt binder and the organoclay are not favor-
able.
The effect of shear field on the morphology of
nanocomposite has been reported by Homminga
et al. [6]. They found the shear forces can facilitate
the break-up of large-sized agglomerates, whereas
the extent of further exfoliation of the mineral lay-
ers is determined by the compatibility between the
polymer matrix and the mineral layers rather than
shear forces.
Residence time and mixing efficiency as affective
parameters in nanocomposite morpholology have
been considered by many research groups. Borse
and Kamal [7] reported that the larger residence
time and higher mixing efficiency lead to higher
degree of exfoliation and better mechanical proper-
ties of polyamide nanocomposites while Zhu and
Xanthos [8] reported the residence time is a domi-
nant factor in producing satisfactory polypropylene
nanocomposite in extruder and that coupling of
long residence time and high shear rate might result
in poor exfoliation of nano filler.
Many attempts have been focused on the field of
rubber/organo clay nanocomposites. The status and
future trends [9], mechanical properties [10–12],
rheology and thermodynamic [13] and effect of
vulcanization ingredients [14] were studied.
In spite of many researches in the field of the
extrusion of thermoplastic nanocomposites, there
are only a few publications about affective param-
eters in batch mixer for producing rubber nano-
composite.
Other researchers [15] studied the effect of mixing
on the properties of NR, SBR, BR and EPDM
nanocomposites. Their results showed the mixing
process plays a predominant role in formation
nanometer scale dispersion structure. The effect of
mixer type and mixing temperature on the proper-
ties of EPDM nanocomposite has been studied by
Gatos and his coworkers [16]. It was found that
increasing temperature and high shear mixing
improve the mechanical performance of the rubber
nanocomposite.

Using response surface methodology to optimize of
process variables on flexural properties of epoxy/
organoclay nanocomposites has been reported by
Chow and Yap [17].
The purpose of the present work is to investigate
the effect of mixing time and temperature in the
internal mixer and nano filler amount on the prop-
erties of SBR nanocomposites. To analyze the
results, response surface methodology were
applied. The properties as response were scorch
time, Mooney viscosity and the tensile properties
(tensile strength, modulus, and elongation at
break).

2. Experimental
2.1. Materials and sample preparation
Poliran SBR-1500 containing 23.5% of styrene was
from Bandar Imam Petrochemical Co, Bandar
Imam, Iran. The nanoclay was Cloisite 10A from
Southern Clay, TX, USA with 1.92 nm initial
gallery heights, modified with dimethyl benzyl
hydrogenated tallow (2MBHT) quaternary ammo-
nium, cation exchange capacity (CEC) was
110 mequiv/100 g. The activators (zinc oxide and
Stearic Acid) and the curing agents (Sulfur and
N-Cyclohexyl-2-benzothiazole sulfenamide (CBS))
purchased from local market. The formulation of
nanocomposites was: SBR; 100 phr (per hundred
rubber), nanoclay (variable 1, 3, 5 phr), Stearic
acid; 1.5 phr, Zinc oxide; 5 phr, CBS; 1.5 phr, sul-
fur; 1.5 phr.
The compounding was carried out using HAAKE
internal mixer (SYS 90, USA) with a Banbury
blade. At first, SBR was fed into the mixing cham-
ber, the nanoclay and CBS were then added into the
chamber after 2 minutes and mixing continued until
predetermined time (in internal mixer). The pro-
cessing conditions of nanocomposites preparation
(time and temperature of mixing) and nano amount
were given in Table 1. The other curing ingredients
were mixed on two-roll mill (Schwabenthan, model
Polymix 200L) for 4 min at ambient temperature.
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Table 1. The Box-Behnken experimental design

Sample No. 1 2 3 4 5 6 7 8 9 10 11 12 13 14 15
Mix temp. [°C] 80 140 80 140 80 140 80 140 110 110 110 110 110 110 110
Mix time [min] 4 4 12 12 8 8 8 8 4 12 4 12 8 8 8
Nano level [phr] 6 6 6 6 3 3 9 9 3 3 9 9 6 6 6



Vulcanization of the samples was carried out in a
compression molding machine WCH202, Toyo-
seiki, Japan at 160°C for 15 minutes.

2.2. Measurements

Mooney viscosity (ML(1+4)100) was investigated
by 4309, ZWICK, Germany according to ASTM
D1646 and rheometry test was made according to
ASTM D2084 by 4308, ZWICK, Germany. The
scorch time is the time to reach to 10% of maxi-
mum torque in the rheometry curing curve.
Tensile properties were measured according to
ASTM D412 using Instron model 6025, UK. The
cross head speed was 500 mm/min.
Wide-angle X-ray diffraction (XRD) measure-
ments were carried out at room temperature on a
D5000, Siemens, Germany. X-ray diffractometer
with CuKα = 1.541 nm with a generator voltage of
40 kV and a generator current of 100 mA. The
scanning rate was 2°/min over a range of 20.
The morphology structure of the nanocomposites
was investigated by an EM 208, Philips, Nether-
land transmission electron microscope (TEM) with
an acceleration voltage of 100 kV. The ultrathin
slides were obtained by an Ultracut UCT, Leica
Germany at –55°C.

2.3. Experimental design

The Box-Behnken design was chosen as an experi-
mental design for finding the exact quantitative
relationship between properties of nanocomposite
as the responses and different mixing conditions
and content of nanoclay in the formulations. This
design is rotatable which means that all the points
in design area are at equal distance from the center
points [18].
The number of design points (N) is calculated by
Equation (1):

(1)

where k and m are the number of factors and the
number of replicates of the center points respec-
tively. The replicate of center points is due to
checking the reproducibility of the samples. The
multiple linear regression analysis was used and the
data were fitted as linear or second order equations.
The order of equations are specified based on the
lack of fit test and maximizing simultaneously

three parameters viz. R2 (the R2 values indicate the
degree of agreement between the experimental
results with those predicted by model), adjusted R2

and predicted R2. 
A computer analysis has been done using commer-
cially available package (MINITAB V13.2) to
compute the equation constants.
In this study, the three variables in SBR nanocom-
posite at three levels Box-Behnken design was used
which are shown in Table 2. According to this
method 15 runs were necessary with three replicate
of the center point. The design of experiment is
shown in Table 2. A random sequence of experi-
ments was implemented to minimize the sample
preparation error.
Using response surface methodology with mini-
mum number of experiments, it is possible to
obtain quantitative equations for the effect of pro-
cessing condition on the properties of SBR/organ-
oclay nanocomposites. Application of this method
has been reported in rubber field by Kukrejaa
et al. [19].

3. Results and discussion

In Table 3 some statistical information and the
equation of the model for each response are repre-
sented. The R2 values for all responses are obtained
in the range of 0.85–0.97. Although, R2 closer to
1 means that the model is more valid but range
achieved for R2 in this study is an indication of a
very good fitting of the experimental data by the
response surface method in the models.
To interpret of the variation of the mechanical
properties, it is useful to start by expressing the
morphology of the nanocomposite. Figure 1 shows
the XRD diffraction pattern of organoclay, SBR
and samples No.4, 5 after curing. The diffraction
peak of organoclay at 2θ = 4.59° corresponds to
1.952 nm inter gallery distance (001). For sample
No.5, it is obvious that after preparation of
nanocomposites, diffraction peak of organoclay has
been shifted to the lower 2θ (2.4 nm) value which
means that the intercalation morphology is formed.

mkN k ++= 22
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Table 2. Three levels Box-Behnken design

Variables Low Medium High
Time [min] 4 8 12
Temperature [°C] 80 110 140
Nano level [phr] 3 6 9



The intensity of the X-ray patterns characterizing
the degree of intercalation were changed with the
mixing condition for samples with intercalation
morphology. It seems that a good combination of
time and temperature of mixing in sample No.4
(12 min, 140°C) could achieve a fully exfoliated
morphology so that the peak of organoclay disap-
peared in XRD pattern. As discussed later the
mechanical properties are affected by these mor-
phologies. Similar XRD patterns have been

reported for exfoliated and intercalated SBR/organ-
oclay composites in literatures [20–22].
By TEM, one can obtain information on the real
state of spatial distribution of the nano particles.
Figure 2 shows the typical TEM micrograph from
intercalation morphology which presents the dis-
persion state of the rubber-clay nanocomposites
(sample No.5). The micrographs are given in low
and high magnification. The dark lines represent
the intersection of the nano silicate layers while the
white background corresponds to rubber matrix. As
can be seen, there is some stacking nano silicate
layers with the thickness of about 10–20 nm.
The effects of mixing time and temperature on the
tensile strength of SBR/organoclay composite at
three levels of nanoclay are shown in Figure 3. As
shown with increase of mixing time, the tensile
strength increases. It seems the mixing time has the
main role in the variation of tensile strength. The
highest increment in this property is attributed to a
combination of high temperature and long mixing
time for the all ranges of nanoclay. This is because
the aforesaid condition facilitates the nanoclay

65

Ghasemi et al. – eXPRESS Polymer Letters Vol.4, No.2 (2010) 62–70

Table 3. Statistical data and the equation for different responses

mixing time: MTime, mixing temperature: MTemp, nanoclay level: NL

Response R2 Adjusted R2 Equation of the model

Scorch time [min] 0.967 0.924
2.3108 + 0.3488 (MTemp) + 0.0925 (MTime) – 0.8762 (NL) +
0.4887 (MTemp)2 + 0.4087 (NL)2 + 0.3900 (MTemp×MTime) +
0.2025 (MTemp×NL) – 0.1250 (MTime×NL)

Mooney viscosity
(ML(1+4))

0.859 0.853
42.795 + 0.952 (MTemp) + 0.349 (MTime) + 1.489 (NL) –
2.515 (NL)2 + 3.150 (MTemp×MTime) + 2.108 (MTemp×NL)

Tensile strength [MPa] 0.828 0.917
1.7893 + 0.0499 (MTemp) + 0.2135 (MTime) + 0.2704 (NL) –
0.0014 (MTemp)2 + 0.0638 (MTime)2 – 0.1154 (NL)2 +
0.2093 (MTemp×MTime) + 0.0710 (MTemp×NL) + 0.0692 (MTime×NL)

Elongation at break [%] 0.877 0.853
311.95 + 25.46 (MTemp) + 16.06 (MTime) + 29.69 (NL) +
31.07 (MTemp)2 – 41.13 (MTime×MTemp)

Figure 1. XRD diffraction patterns of organo clay, SBR
and samples No.4 and No.5

Figure 2. TEM micrographs of the sample No.5. a) low magnification, b) high magnification



intercalation process. Vaia and Giannelis [23, 24]
interpreted the intercalation process by thermody-
namic approach. They believe that the intercalation
process is influenced by enthalpy of the system
which is affected by the rate of diffusion of poly-
meric chain into the gallery of nanoclay. If the dif-
fusion process of chains obey the Arrhenius
equation [D = D0 exp(–ΔE/RT)], the diffusivity of
polymer into the nano layers will increase with tem-
perature, where D is the diffusion coefficient, D0 is
the pre-exponential factor of the diffusion process
independent from the temperature, ΔE is the activa-
tion energy, T is the absolute temperature and R is

the gas constant. In other words with the increase of
temperature the mobility of rubber chains and con-
sequently the rate of diffusion increases and so
facilitates the intercalation process.
Another important point in Figure 3 is that at con-
stant mixing time with increase of temperature, ten-
sile strength decreases especially at 3 phr of
nanoclay concentration. It can be explained as fol-
lows: the tensile strength is balanced by two oppo-
site effects, the positive effect is the interaction
between rubber chains and nanoclay and the nega-
tive effect is the rubber degradation during mixing
at high temperature. It should be considered that at
longer mixing time (above 8 minutes), the positive
effect of intercalation on the tensile strength is
stronger than that of thermal degradation. This phe-
nomenon can also be seen in sample containing
9 phr of nanoclay where the slope of decreasing of
tensile strength versus temperature (Figure 3c) is
lower than those of other samples.
Elongation at break values versus time and temper-
ature of mixing at three levels of nanoclays are
demonstrated in Figure 4. As expected, the elonga-
tion at break is affected by temperature, mixing
time and nanofiller content. It is well known that
the elongation at break of rubber nanocomposite
depends on the morphology of nanocomposites.
Due to slippage of rubber chains in the presence of
the free surfactant of nanoclay in exfoliated or
intercalated morphology, the elongation at break
increases [25–29]. In other words, the surfactant
can act as a lubricant in the nanocomposites. In
addition, the orientation of silica layers under ten-
sile stress is another reason for increasing of elon-
gation at break. The highest value for this property
was related to sample No.8 which the conditions
were 8 min, 140°C and 9 phr of nanoclay. This
trend indicates the longer mixing time at highest
temperature led to the thermal degradation of SBR
and consequently the elongation at break decreases.
Mixing time and temperature dependency of scorch
time is demonstrated in Figure 5 at three levels of
nanoclay content. It is clear, with increase of nan-
oclay content in nanocomposite, the scorch time
decreases. This can be attributed to presence of
organic group of surfactant in nanaoclay. The for-
mation of Zn-complex in the presence of sulfur and
ammonium group of the surfactant has been
reported for butadiene rubber with the sulfur/sul-
fonamide vulcanization systems by researchers
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Figure 3. Tensile strenght versus mixing time and mixing
temperature at different nanoclay contents:
a) 3 phr, b) 6 phr, c) 9 phr



[12]. They reported that the obtained chelate is
more active than sulfenamid accelerators and it
facilitates crosslinking reaction which leads to
shorter scorch time. Similar results have been
reported for scorch time of crosslinking of NR,
SBR and ENR and it was found that the longer
chain length of surfactant can also shorten the
scorch time [11, 30–32]. As can be seen, the varia-
tion of scorch time versus temperature passes
through a minimum of around 120°C for all sam-
ples. It seems, since at high temperature of mixing,
the exfoliated morphology can be attained, ammo-
nium groups are more available and so the possibil-

ity of formation of Zn-complex is higher and
crosslinking reaction leads to a shorter scorch time.
After minimum point (120°C) in this curve, the
scorch time is affected by degradation of rubber
chains especially at longer mixing time. In other
words, during mixing, the chemical structure of
rubber is changed by thermal degradation, and the
rate of crosslinking reaction is somewhat affected
by this phenomenon and the scorch time increases.
The variation of Mooney viscosity versus mixing
time and nano content at three levels of mixing
temperature is shown in Figure 6. As can be seen at
lower temperature (Figure 6a) Mooney viscosity
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Figure 4. Elongation at break versus mixing time and mix-
ing temperature at different nanoclay contents:
a) 3 phr, b) 6 phr, c) 9 phr

Figure 5. The variation of scorch time versus time and
temperature of mixing at different nanoclay con-
tents: a) 3 phr, b) 6 phr, c) 9 phr



decreases with increasing mixing time. Generally,
viscosity of rubber nanocomposites may be
affected by lubricating effect of pendant chains of
surfactant in intercalation or exfoliation morpholo-
gies. At lower temperature and longer mixing time
the viscosity decreases. Under these conditions, the
good dispersion of nano particles can be attained
and the organic surfactant cause the slippage of
rubber chains. This behavior may be also attributed
to the orientation of silicate platelets upon shearing
in Mooney viscosity test [33].
With increasing of temperature (Figure 6b and 6c),
the trend of Mooney viscosity variation changes
and passes through minimum. The slope of incre-

ment at 140°C is higher than at 110°C. This is
because the CBS accelerator can be activated at
high temperature and partial crosslinking may
occur in nanocomposites which was confirmed by
extraction test before crosslinking. The undissolved
part of this test implies partial crosslinking in the
samples. The presence of rubber crosslink bonds in
the compound is the main reason of increased vis-
cosity which can overcome the effect of chain slip-
page and nanoclay orientations.

4. Conclusions

This study, aimed at investigating the effect of pro-
cessing conditions (temperature and mixing time)
and nano filler content on mechanical performance
and structure of SBR/organoclay (MMT) compos-
ites using response surface methodology, the fol-
lowing conclusion can be drawn: 
1. Mathematical models and response surface

graphs are obtained to illustrate the relationship
between mixing parameters in internal mixer
and properties of the SBR/organoclay compos-
ites. It is obvious that this prediction suggests
only a first approximation for other polymer
grades and other equipments.

2. Increasing temperature and mixing time con-
tribute to a better organoclay dispersion which
results in improved mechanical properties.

3. Thermal degradation of the matrix occurred at
high temperature (140°C) of mixing and
mechanical properties were affected by this phe-
nomenon.

4. Intercalation and exfoliation of the clay were
noticed for samples containing higher tempera-
ture and longer mixing time.

5. With increase of nanoclay content in composite
the scorch time decreases. 

Based on the present work by using the response
surface methodology with minimum number of
experiment, it is possible to obtain quantitative
equation for properties of SBR/organoclay com-
posite vs. different processing variables and nano
filler content. With this equation one can optimize
the nano filler content and the processing parame-
ters for producing the nanocomposite with opti-
mum properties.
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Figure 6. Mooney viscosity against mixing time and nano
content at three levels of mixing temperatures:
a) 80°C, b) 110°C, c) 140°C
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1. Introduction
Noble metal nanoparticles dispersed in insulating
matrices have attracted the interest of many
researchers from both applied and theoretical
points of view [1–8]. In facts, such nanocomposites
exhibit specific optical and electrical properties,
making them suitable as advanced technological
materials to be used as novel sensors, in catalytic
applications, for energy storage, etc. [9–11].
Polymers represent suitable matrices for the prepa-
ration of metal nanocomposites being generally
low cost materials characterized by an easy pro-
cessing. For practical applications it is important to
get nanoparticles uniformly dispersed in polymer
matrices, but, due to their high surface reactivity,
metal nanoparticles tend to aggregate into larger
dimension clusters. Composites made by mechani-
cal mixing of metal nanoparticles and molten poly-
mers generally lead to inhomogeneous particle dis-

persions. As a consequence, various approaches
have been proposed to manufacture metal nano-
composites including ball milling, coevaporation
and sputtering of metals and polymers, plasma
polymerization, and new synthetic procedures
[12–15]. Among these last approaches, it is impor-
tant to mention the use of different agents in order
to increase nanoparticle stability, the simultaneous
photoinduced electron transfer and cationic poly-
merization, the thermal and UV in situ polymeriza-
tions [16–22]. Recently, UV in situ polymerization
has gained a lot of attention. In fact, UV photo-
chemically assisted polymerizations are character-
ized by low temperature conditions and faster poly-
merization rates, resulting in the formation, during
the polymer network growth, of homogeneously
dispersed metal nanoparticles without the use of
further solvents and reducing agents. The UV pho-
tochemically generated radicals, being electron

71

*Corresponding author, e-mail: defilpo@unical.it
© BME-PT

Particle size tuning in silver-polyacrylonitrile
nanocomposites

A. Tyurin1, G. De Filpo2*, D. Cupelli3, F. P. Nicoletta3, A. Mashin1, G. Chidichimo2

1Department of Applied Physics & Microelectronics, Lobachevsky State University, 603022 Nizhni Novgorod, Russia
2Department of Chemistry, University of Calabria, 87036 Rende (CS), Italy
3Department of Pharmaceutical Sciences, University of Calabria, 87036 Rende (CS), Italy

Received 2 September 2009; accepted in revised form 7 November 2009

Abstract. Silver-polyacrylonitrile (Ag-PAN) nanocomposites were in situ synthesized by simultaneous polymerization of
acrylonitrile and reduction of silver ions, starting from mixtures of silver nitrate (AgNO3), acrylonitrile (AN), and UV pho-
toinitiator (IN). The films obtained proved to be transparent and were characterized by a homogeneous dispersion of Ag
nanoparticles within the PAN matrix without any macroscopic agglomeration. The particle size and number density were
found to depend on both precursor salt and UV photoinitiator weight percentages. Optical and electrical properties were
investigated as a function of both AgNO3 and IN amounts, too. We found that it is possible to finely tailor the metal
nanoparticle size and number density and, consequently, the film optical and electrical response by adjusting the amounts
of precursor salt and UV photoinitiator in the initial mixtures.

Keywords: nanocomposites, nanomaterials, electrical properties, optical properties

eXPRESS Polymer Letters Vol.4, No.2 (2010) 71–78
Available online at www.expresspolymlett.com
DOI: 10.3144/expresspolymlett.2010.12



donor species, are able to simultaneously polymer-
ize monomers and reduce the metal salts, which
will form metal nanoparticles.
Acrylonitrile is an important polymer used princi-
pally in the manufacture of synthetic fibers. Silver
is a well known metal characterized by a high elec-
trical conductivity, good optical properties, and
interesting oxidative catalysis performance.
In this paper we have investigated the in situ
synthesis of silver-poliacrylonitrile (Ag-PAN)
nanocomposites by a UV photoinduced process.
2,2′dimethoxy-2-phenil acetophenone was used as
UV photoinitiator (IN) to generate electron donat-
ing radicals. Subsequent oxidation of these radicals
to corresponding cations in the presence of silver
nitrate (AgNO3) and acrylonitrile (AN) leads to the
simultaneous formation of silver (Ag) nanoparti-
cles and polymerization of polyacrylonitrile
(PAN). Nanocomposite morphology, electrical and
optical properties were found to depend both on
AgNO3 and IN amounts in the starting mixtures,
allowing a fine tailoring of both size and number
density of metal particles and, consequently, the
properties of Polymer Dispersed Metal NanoParti-
cles (PDMNPs).

2. Experimental part

Acrylonitrile monomer and silver nitrate were both
supplied by Aldrich, Milan, Italy. 2,2′dimethoxy-2-
phenyl acetophenone (Aldrich, Milan, Italy) was
used as UV photoinitiator. AN/AgNO3/IN mixtures
were prepared in vials by mixing the appropriate
wt. amounts of components. AgNO3 was varied in
the range from 2 to 25 wt%, while IN was varied
from 0 to 25 wt%. Then, a small quantity of mix-
tures was introduced by capillary action into home
made cells, whose thickness was set to be 25 μm by
glass spheres. Glass substrates had a 120 nm
indium tin oxide conductive layer for the succes-
sive electric characterization. After filling, cells
were exposed at room temperature (20°C) for
10 min to the UV light from a high pressure lamp
(HPK 125, Philips, Eindhoven, Nederlands, aver-
age power 110 μW/cm2) in order to generate free
radicals in the samples and to cause the simultane-
ous polymerization of AN in PAN and reduction of
Ag+ ions in metal silver. Film samples were charac-
terized by X-ray using a 1730/10 diffractometer
(Philips, Eindhoven, Nederlands) using CuKα radi-

ation and 0.5° 2θ min–1. FT-IR measurements were
carried out by a Fourier Transform Infrared spec-
trometer (FT-IR Jasco 4200, Jasco Europe,
Cremella, Italy) in the spectral range 4000–
400 cm–1. The morphology of ultra-thin sections
(80 nm) of silver particles in PAN was investigated
by a transmission electron microscope (TEM, Zeiss
EM 900, Carl Zeiss S.p.A., Milan, Italy). Conduc-
tivity measurements were carried in the frequency
range from 20 Hz to 1 MHz with a LCR meter
(Agilent 4284A, Agilent Technologies Italia S.p.A.,
Cernusco sul Naviglio, Italy). The applied voltage
over the entire frequency range was 1 V, which is
the typical voltage used in other similar measure-
ments [23]. The composite conductivity was calcu-
lated from geometrical factors. The film absorption
spectra were determined by a UV-Vis spectrometer
(Jasco 550V, Jasco Europe, Cremella, Italy) in the
wavelength range of 300–800 nm.

3. Results and discussion

It is known that the electrical and optical properties
of metal nanoparticles-polymer composites strongly
depend on particle morphology. In order to under-
stand the main idea followed in this work, we recall
the three reactions that can occur during the irradia-
tion of silver nitrate, acrylonitrile and photoinitiator
mixtures. Hong et al. have shown that silver ions
and AN form the following complex when mixed
[24]:

Ag+ + 2 AN →← [Ag(AN)2]+

If the solution is irradiated by ultraviolet light, the
photoinitiator will induce the free radical polymer-
ization of AN monomers, and, simultaneously, Ag+

is reduced to metallic silver according to the reac-
tion scheme 1 reported in Figure 1.
The presence of photoinitiator allows the further
reactions reported in the reaction schemes 2 and 3
of Figure 1.
Reaction scheme 1 describes the simultaneous
reduction of silver ions and the cationic polymer-
ization of AN, while reaction scheme 2 shows the
UV free radical polymerization of AN. Reaction
scheme 3 is equivalent to reaction scheme 1 (in this
case the cationic polymerization of AN is mediated
by IN), and both are responsible for nanoparticle
nucleation (and growth) and AN polymerization.
Reaction scheme 2, acting only on polymer growth,
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could allow one to control film morphology by a
simple change in photoinitiator loading. As a con-
sequence, we have investigated the morphology,
the electrical and optical properties of PDMNP
composites as a function of both silver nitrate and
photoinitiator wt. percentages.

3.1. Morphology analysis of PDMNPs

Figure 2 shows the typical X-ray diffraction spectra
of an Ag/PAN nanocomposite film ([AgNO3] =
15 wt% and [IN] = 10 wt%). The broad peak cen-
tered at 2θ = 21° can be associated with the amor-
phous phase of pure PAN, while the sharp peak at
16° corresponds to the orthorhombic PAN reflec-
tion (100) . The other peaks (2θ = 38°, 2θ = 44°,
and 2θ = 65°) correspond to the (111), (200) and
(220) crystalline planes of face centered cubic sil-
ver, which are consistent with standard values and
confirm the Ag reduction and growth.
Figure 3 shows the FT-IR spectra of pure AN and
Ag/PAN nanocomposite film ([AgNO3] = 15 wt%

and [IN] = 10 wt%). By comparing the absorption
bands it is evident the polymerization of AN from
the disappeareance of the absorption band at
967 cm–1 (C=C bond) and the appeareance of an
absorption band in the range 3000–2900 cm–1

(aliphatic CH). 
TEM pictures allow a quantitative morphology
analysis of Ag/PAN nanocomposite films. Let’s
recall first the behaviour of nanoparticle size, d, and
number density, ND, when the silver nitrate amount
is increased at constant photoinitiator loading. As
we found (data not shown) in agreement with the
pictures reported in references 18 and 22, when the
synthesis of Ag/PAN nanocomposites is achieved
by a simultaneous polymerization and reduction
approach, silver nanoparticles are well dispersed,
their size distribution is uniform with spherical
shape, and no agglomeration is evident. In addition,
the diameter of Ag grains increases, while their
number density decreases as silver nitrate wt. con-
centration increases in the sample compositions at
constant photoinitiator amount. On the contrary, if

73

Tyurin et al. – eXPRESS Polymer Letters Vol.4, No.2 (2010) 71–78

Figure 2. X-ray diffraction spectra of Ag/PAN nanocom-
posite ([IN] = 10 wt% and [AgNO3] = 15 wt%)

Figure 3. FT-IR spectra of pure AN and Ag/PAN nano-
composite ([IN] = 10 wt% and [AgNO3] =
15 wt%)

Figure 1. Reaction schemes for mixtures of AN, AgNO3 and IN



the [AgNO3] is kept constant and [IN] is increased,
we observed large average particle sizes at lower
IN wt. concentration and smaller average particle
sizes for increasing IN wt. concentration. Figure 4
shows the typical TEM pictures of Ag/PAN
nanocomposites as a function of initiator wt. per-
centage at constant metal precursor percentage
([AgNO3] = 15 wt%). In particular, at lower lower
IN wt. concentration ([IN] = 2 wt%) the silver par-
ticle size is around 11 nm and decreases to the
value of 1–2 nm for larger IN amounts ([IN] = 20
and 25 wt%). The increase of AgNO3 loading to
values larger than 25 wt% causes the appereance of
some silver aggregates dispersed in the PAN matri-
ces.

Results are more evident in Figures 5 and 6, where
the average size and number density of Ag particles
as a function of IN wt. percentage at constant metal
precursor percentage ([AgNO3] = 15 wt%) are
plotted.
The observed Ag particle sizes are characterized by
a very narrow size distribution as PAN plays the
role of protective agent against nanoparticle diffu-
sion and agglomeration. As IN concentration
increases the particle diameter decreases, but, at the
same time, their number density increases. Such
results are in agreement with expectations as the
increase of inititiator concentration results in a
faster polymerization of AN and, consequently, in a
faster increase of sample viscosity and decrease of
silver diffusion leading to a larger number of small
size metal particles. In addition, it is expected that
the reaction scheme 2 in Figure 1 should depress
the first line of reaction scheme 1 if one increases
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Figure 4. TEM pictures of Ag/PAN nanocomposite films
at a constant silver nitrate wt. percentage,
([AgNO3] = 15 wt%): a) [IN] = 25 wt%,
b) [IN] = 20 wt%, c) [IN] = 15 wt%,
d) [IN] = 10 wt%, e) [IN] = 5 wt%,
f) [IN] = 2 wt%. Silver nanoparticles are well
dispersed and no agglomeration is evident.
Metal nanoparticles possess almost uniform size
distribution with spherical shape.

Figure 5. Average size of Ag particles as a function of ini-
tiator wt. percentage at constant metal precursor
percentage ([AgNO3] = 15 wt%)

Figure 6. Average number density of Ag particles as a
function of initiator wt. percentage at constant
metal precursor percentage ([AgNO3] = 15 wt%)



[IN], as the photon number is reduced by the reac-
tion reported in line 3 of scheme 2. 
The calculation of metal silver volume fraction (or
filling factor, FF) in our samples was performed by
using the simple Equation (1):

(1)

where VAg and Vtot are the volumes of Ag nanopar-
ticles and observed sample, respectively. The
behaviour of FF vs. [IN] is reported in Figure 7 and
is in agreement with expectations. So, both metal
precursor and photoinitiator concentrations can
control particle size and number density. For the
sake of completeness, we must stress that tempera-
ture can affect particle morphology, acting on the
reaction rate constants and translational diffusion
coefficients. Work is in progress in order to investi-
gate the influence of temperature on morphology.
The presence of an UV photoinitiator in our mix-
tures is important. In fact, in the absence of pho-
toinitiator and low wt. percentage of silver nitrate
(less than 15 wt%) the polymerization of acryloni-
trile does not occur within reasonable irradiation
times (1 hour). In addition, films turn coloured for
larger percentages of AgNO3 as shown in Figure 8.
Unwanted crystallization of un-reacted silver
nitrate can occur as the salt solubility in PAN is
lower than that in AN, leading to a dramatic
increase of light scattering.
The simultaneous in situ AN polymerization and
Ag+ reduction allows the formation of well
monodispersed nanoparticles. We must recall that
silver nitrate is well dispersed in acrylonitrile at

room temperature without the use any other sol-
vent.

3.2. Electrical properties of PDMNPs

The electrical properties of polymer dispersed
metal nanoparticles are strongly influenced by the
metal filling factor and nanoparticle sizes [6, 7].
The main electric conductivity mechanisms in
PDMNPs are:
1. Ion conductivity, due to the ions remaining dis-

persed in the polymer matrix;
2. Electron conductivity in the metal nanoparticle

network;
3. Tunnelling conductivity.
Generally, at high volume fractions of metal nano-
particles a 3D conducting network can develop in
the matrix, leading to a sudden increase in the elec-
tric conductivity known as percolation. Our sam-
ples are characterized by rather low filling factors
as shown in Figure 7, always far from percolation
threshold. By comparing the conductivities of a
sample containing 15 wt% of AgNO3 and 0 wt% of
IN in its fluid (un-polymerized, σ = 0.45 μS·cm–1)
and solid (polymerized, σ = 7.2 μS·cm–1) state, we
observed that the conductivity of the fluid solution
is almost two order of magnitude lower than the
solid one. By taking into account that in the fluid
solution:
1. there is no metal particle,
2. the electric conduction is ionic,

NDR
V

V
FF

tot

3Ag

3

4 π==
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Figure 8. Pictures of samples with: a) [AgNO3] = 20 wt%
and b) [AgNO3] = 30 wt%. The initiator amount
is 10 wt% in both samples.

Figure 7. Photoinitiator dependent filling factor behaviour
at constant metal precursor percentage
([AgNO3] = 15 wt%)



3. ion mobility is larger than in the solid matrices
we can state that at low frequencies the conduction
in our polymerized samples is due to an electron
transport through metal nanoparticles and the ionic
conductivity is negligible.
Figure 9 shows the frequency dependent behaviour
of film conductivity for different IN contents at a
constant silver nitrate percentage ([AgNO3] =
15 wt%). Conductivities monotonically increase as
a function of frequency and show larger values for
larger IN amounts, i.e. in samples which are char-
acterized by smaller nanoparticles.
If we report the behaviour of electric conductivity
as a function of filling factor as previously calcu-
lated, we obtain the graph reported in Figure 10,
where the conductivity increase for increasing val-
ues of filling factor, in agreement with the effective
medium theoretical models [3, 6, 25]. Therefore, it
is possible to gain the wanted film conductivity by

changing both the photoinitiator and metal salt
amounts in the starting mixtures.

3.3. Optical properties of PDMNPs

Metal nanocomposites generally exhibit particular
optical properties originating from the strong inter-
actions between incident light and metal nanoparti-
cles, which result in collective oscillations of
electron clouds at the interface of metal particles
and polymer matrix (surface plasmons). The reso-
nance frequency of such oscillations is strongly
dependent on the metal, the surrounding polymer
medium as well as the nanoparticle size and shape
distribution.The light absorption range can vary
from UV-Vis region up to infrared wavelengths.
The tunability of optical absorption by an adequate
tailoring of nanoparticle size and shape makes
metal nanocomposites suitable for interesting elec-
trooptical and photovoltaic applications [26, 27].
After UV irradiation of samples with increasing
amounts of silver nitrate at constant weight per-
centage of inititator, we generally obtained trans-
parent films in the range 400–700 nm indicating the
absence of aggregates larger than 400 nm. The for-
mation of Ag nanoparticles during the polymeriza-
tion was visually observed in samples (character-
ized by larger silver precursor amounts in the
starting mixtures) by a chromatic change from col-
orless to yellow-brown as the amount of silver
nitrate increases. The colour change was also con-
firmed by UV-Vis spectra (data not shown) charac-
terized by an absorption peak around 420 nm,
which is due to plasmon resonance of larger silver
nanoparticles, as already reported by Zhang and
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Figure 9. Conductivity behaviour of PDMNPs as a func-
tion of frequency for different initiator wt. per-
centage at constant metal precursor percentage
([AgNO3] = 15 wt%)

Figure 11. UV-Vis absorption spectra of PDMNPs for dif-
ferent amounts of photoinitiator
([AgNO3] = 15 wt%)

Figure 10. Filling factor dependent conductivity behav-
iour of PDMNPs



Han [22]. We observed the typical red shift of
absorption peak for larger AgNO3 amounts, too.
We observed a similar behaviour when [AgNO3] is
kept constant and [IN] is reduced. In particular, the
lower the IN concentration, the higher is the
absorption peak. The UV-Vis absorption spectra
for samples characterized by a silver nitrate amount
of 15 wt% and different amount of photoinitiator
are shown in Figure 11. In addition to the increase
of absorption peak height, a clear red-shift in the
absorption peak from 418 to 436 nm is observed as
a function of decreasing IN content, indicating the
particle size increase (which is consistent with
TEM measurements, see above).

4. Conclusions

In this work we have shown that it is possible to
finely control the morphology of polymer dispersed
metal nanoparticles obtained by in situ polymeriza-
tion of monomer and simultaneous metal ion reduc-
tion. The kinetics of polymerization and reduction
reactions can be controlled by either using different
amounts of metal precursor salt or changing the
loading of photoinitiator in the starting mixtures,
leading to different particle size and number den-
sity. The tuning of particle size and number density
results in a fine tuning of both electrical and optical
properties of PDMNP films allowing the manufac-
ture of interesting electrooptical devices.
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1. Introduction
There is considerable interest in the field of fire-
retardant polymer based materials as the demand
for improved safety in domestic, public and indus-
trial situations is required by fire-safety standards.
The most successful fire-retardant compounds for
poly(vinyl acetate) (PVAc) materials are those that
react chemically with the substrate and act in the
condensed phase. Compounds that form part of a
composite ideally should exhibit multifunctional
ability. Examples of such fire-retardants are mag-
nesium hydroxide (Mg(OH)2) and zinc borate
(2ZnO·3B2O3·3.5H2O). Fire retardants change the
decomposition path of polymers during heating so
as to reduce the concentration of combustible
volatiles and promote char formation. The char
may be intumescent, offering heat and fire resist-
ance until it reaches a critical temperature above
which it burns [1–3].

The use of intumescent char systems is important
for building infrastructure protection where emul-
sion polymers have been applied in coatings, paints
and sealants. On heat exposure of these type of
materials, activation and formation of an intumes-
cent char occurs that provides an insulating barrier
between the fire and the underlying substrate. An
intumescent char normally results from a signifi-
cant volume increase or thickness of a foam-like
layer. Fire protection by coatings that proceed via
intumescence increase the path for heat transfer and
increase the thermal gradient from the charred sur-
face to the substrate polymer [4]. A structure
requires stabilisation for a char with structural
integrity to be formed, and this is achieved by
fusion or by promoting adherence of condensed
layer components, such as formation of a ceramic-
like phase. Various components are used to provide
this function; a silicate mineral providing a struc-
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tural network, binders such as zinc borate that are
capable of forming an amorphous phase on soften-
ing and a fluxing capability. Other components can
be added to provide fire retardant functions and to
participate in structure formation [5–15].
A series of kaolin and talc composites with varying
filler content was investigated with particular atten-
tion to the formation of a fused char or ceramic.
Talc and kaolin were used to enhance the stiffness
and strength of the composite and ceramic materi-
als. In addition to the component properties, the
mechanical characteristics of these materials are
influenced by the interfacial interactions that
depend on the interface and the cohesive strengths.
Thermal degradation of PVAc gives quantitative
yields of acetic acid, produced by an elimination
reaction leading to a polyalkene residue [16, 17].
This process gives rise to the formation of an intu-
mescent residue with conjugated C=C bonds with
cyclic and aromatic structures [18]. The double
bonds produced by the elimination of acetic acid
lead to an increase in the rate of adjacent thermal
degradation. The degradation of PVAc occurs in
two stages: the first stage starts at 350°C, and the
second stage at 400°C. Simultaneously, the fire
retardants undergo decomposition over similar
temperature ranges although their presence
enhances the PVAc thermal stability. The PVAc
intumescent char maintained the structure while a
ceramic-like residue formed. The importance in
maintaining a structure throughout the polymer
decomposition and ceramic formation was influ-
enced by the filler system and amount that is shown
by the scanning electron microscopy (SEM) obser-
vations.
The aim was to interpret the action of ceramic bar-
rier forming components on PVAc composites and
their interactions according to their thermal decom-
position reactions and analytical temperature–
structural analyses. The changes in char structure of
the pure polymer and the composite with tempera-
ture were identified with Fourier transform infrared
(FTIR) spectroscopy. An objective was the forma-
tion of a fused ceramic char that provides cohesive
strength to maintain structural integrity during and
after a fire. The effect of mineral type (kaolin or
talc) and filler amount on the structure formed was
evaluated through thermal stability measurements
by thermogravimetry (TGA) and strength of char

formed at elevated temperature. Fire retardant
sealant composites mechanism of action as fire-
retardants in conjunction with char forming compo-
nents that form a structural ceramic to maintain seal
integrity is discussed.

2. Experimental
2.1. Materials
PVAc was obtained from Nuplex Industries Pty Ltd
(Australia) as an emulsion of 55% homopolymer in
water. The calcined kaolin (K) was obtained from
Burgess Pigment Company, Sandersville, GA,
USA. The talc (T)(T38A) was obtained from
Unimin Ltd, Australia. Magnesium hydroxide
(M)(Magnifin 10H) was obtained from Magnesi-
aprodukte GmbH and Company KG, Germany.
Zinc borate (ZB)(Firebrake ZB) was obtained from
US Borax.

2.2. Composite preparation

Three sets of composites were prepared with vary-
ing polymer weight fraction (0.6, 0.5, 0.4 and 0.3).
The filler mixtures have composition: Set A con-
taining kaolin (0.57), Mg(OH)2 (0.24), zinc borate
(0.1) and glass frit (0.09), Set B containing mineral
(either kaolin or talc) (0.57), Mg(OH)2 (0.34), glass
frit (0.09) (without zinc borate), and Set C contain-
ing talc (0.57), Mg(OH)2 (0.24), zinc borate (0.1)
and glass frit (0.09). The filler mixture was pre-
blended in dry form. Using the abbreviations
defined in Materials, the code for each composite
includes the name PVAc, followed by K or T, and
ZB or NZB (for no ZB) with the number after the
component designating its weight fraction.
The filler mixture was pre-blended in dry form. The
composites were prepared using an IKA-Werke
stirrer Eurostar power control-viscosity model P4
with kneading stirrer blade operating at ~290 rpm.
The required amount of polymer was weighed and
placed into a stainless steel mixing container. The
corresponding filler was slowly added into the
stirred emulsion for a minimum of 5 min to obtain a
uniform mixture. The thick paste mixture was
spread into a Teflon based mould (3 mm) and dried
at room temperature overnight followed by further
drying under vacuum at 60°C for 48 h.
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2.3. Thermogravimetry
Thermal degradation studies of the polymer and
composites were conducted on a Perkin-Elmer
TGA7. The samples were heated in an inert atmos-
phere of nitrogen with flow rate of 10 ml·min–1

over the temperature range of 30 to 850°C at
10°C·min–1. The sample mass was ~10 mg and the
changes in mass detected by the microbalance were
recorded as a function of temperature.
PVAc was heated from 30°C to preselected temper-
atures determined from a thermogram (360, 445
and 500°C) at the same heating rate. At the end of
the heating treatment, the residue was rapidly
cooled to ambient temperature and stored in a des-
iccator for FTIR analysis.

2.4. Fourier transform infrared analysis

A Perkin-Elmer model 2000 Fourier transform
infrared (FTIR) spectrometer was used in diffuse
reflectance infrared Fourier transform (DRIFT)
mode for the polymer and polymer residues
obtained at the various temperatures noted previ-
ously. The spectra were obtained at a resolution of
8 cm–1 over the range of 4000–400 cm–1 with 16
accumulated scans. The scans were obtained under
a nitrogen purge.

2.5. Thermomechanometry

Dynamic force (force changing linearly with time)
– thermomechanical (df-TM) analysis of the poly-
mer composite and residues were performed in
three-point bend mode using a Perkin-Elmer
DMA7e. The flexural modulus of the polymer
composites was determined. Each polymer com-
posite was placed on the three point bend fixture
and a dynamic force scan was applied from 25 to
8000 mN at 150 mN·min–1. The linear region was
used for Young’s modulus and modulus at 0.2%
strain. Measurements were conducted at least in
triplicate.
The breaking strength of the chars was measured,
after subjecting the composite to, various tempera-
tures in an electric muffle furnace using an Instron
model 4465 universal test instrument. A three-point
bend configuration was used with a maximum
static load of 100 N and crosshead speed of
0.2 mm·min–1. The rectangular specimen length
was 30 mm and the width was 13 mm. Ultimate

stress was selected when fracture occurred as indi-
cated by a rapid reduction of the load. It was calcu-
lated using Equation (1) (for rectangular speci-
mens):

(1)

where S is the maximum stress; P, load; L, span; b,
width of the specimen; and d, depth of the speci-
men.

3. Results and discussion
3.1. Degradation of PVAc
TGA mass and derivative curves for PVAc treated
under N2 at heating rate of 10°C·min–1 are shown in
Figure 1. The majority of mass loss took place at
354°C due to acetic acid elimination from the poly-
mer side-chains. This was followed by a smaller
mass loss from the breakdown of the polymer back-
bone at the higher temperature of 450°C. These
unsaturated sequences re-arrange and decompose
to aromatic and aliphatic hydrocarbons as will be
confirmed by FTIR. The first stage of degradation
was almost exclusively elimination of side groups,
and the second stage was due to the thermal degra-
dation of the polyalkene structures produced by the
elimination reaction [16, 17]. A complex array of
free radical reactions, rearrangements and chain
scissions led to the decomposition of the main
chain as observed by the second slower mass loss
(~6%·min–1) in the mass loss curve. The derivative
curve shows the mass loss steps as peaks.
Figure 1 reveals a gradual mass loss below 200°C
that is attributed to the presence of tightly bound
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Figure 1. Thermogravimetric mass loss (—) and deriva-
tive (- - -) for the decomposition of PVAc under
an inert atmosphere with heating rate of
10°C·min–1



water or traces of un-reacted monomer in the emul-
sion polymer that was not volatilised during the
drying stage. The remaining mass loss at 420–
480°C is ascribed to the slower pyrolysis of the
char that had formed through the main decomposi-
tion. A small residual amount (4% for PVAc) still
remained at 850°C. The amount of acetic acid con-
tent of PVAc was determined theoretically by stoi-
chiometry to be 72%·wt assuming quantitative loss
of acetic acid. This means that the complete elimi-
nation of all acetate side-groups would lead to a
char of ~28% confirming that elimination of acetic
acid was the predominant degradation process.
An indication of the degradation stages, tempera-
ture ranges and the nature of the reactions in each
stage of PVAc were followed by FTIR. The FTIR
spectra of PVAc residues are shown in Figure 2, at
the temperatures indicated. The characteristic peaks
of PVAc are summarised in the literature, and the
current PVAc spectrum was compared with refer-
ence spectra [4, 16]. PVAc shows asymmetric
aliphatic CH3 and CH2 bands (νa: 3000, 2951 cm–1,
respectively) and their symmetric bands (νs: 2898,
2849 cm–1, respectively) are present [4, 16, 17].
The aliphatic CH3 has a band at 1422 and 1375 cm–1

corresponding to an asymmetric and a bending
vibration. The ester carbonyl (C=O) of the func-

tional group symmetric band appeared at 1753 cm–1

and the C–O–C asymmetric and symmetric vibra-
tions appeared at 1271 and 1115 cm–1, respectively
[16].
The FTIR spectra of PVAc residues obtained at
360°C show peaks at 1753 cm–1 indicating that
ester groups are still present, and the elimination of
acetic acid at the end of the first stage is not fully
complete. This effect can be due to the chain reac-
tion of acetic acid elimination leaving some iso-
lated ester groups between two double bonds in the
polymeric structure of the residue; the 2921 and
1691 cm–1 bands characteristic of the internal
unsaturation are fully developed. Simultaneously,
there are signs of aromatisation bands that appeared
at 1570, 797 and 633 cm–1, and the 1382 band
moves to 1453 cm–1. At 445°C the FTIR spectra of
PVAc residues obtained were the same, as there
was an increase in the degree of aromatisation in
the residue and a decrease in the absorption of con-
jugated double bonds (942 cm–1) and increased
absorptions at 2921 and 1437 cm–1. The presence of
760 cm–1 is attributed to the aromatic C–H bending.
A new C=O band appeared at 1706 cm–1 at 500°C.
Hydroxyl and carbonyl groups are evident in the
spectra obtained at high temperatures. This may
arise from aromatisation of the aliphatic structures,
as observed in the spectra of PVAc heated at
500°C, which revealed a complete loss of aliphatic
hydrocarbon groups (2921 cm–1) and a partial loss
of carbonyl species. A high content of aromatic
rings is fully developed as seen from the C–H vibra-
tion of substituted polycondensed aromatic ring
(870, 820, 760 and 700 cm–1).

3.2. Degradation of PVAc composites 

The thermal decomposition of filled PVAc com-
posites containing kaolin or talc were investigated
by incorporation of increasing amount of a particu-
late filler from 0.4 to 0.7 wt fraction, although we
refer to composites in regard to polymer content as
detailed in Table 1. The thermogravimetric decom-
position and corresponding derivative curves for
the kaolin series (Set A) are displayed in Figure 3.
Figure 3a shows the degradation of PVAcK0.6,
containing 0.6 wt fraction kaolin. The curve shows
several stages in the decomposition profile with the
onsets of each stage at 276, 344, 450 and 573°C.
The derivative curve shows the stages more clearly
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Figure 2. FTIR spectra of PVAc film from the emulsion at
various stages of decomposition, obtained under
an inert atmosphere; temperatures are indicated
on the graph



by the presence of the peaks as the mass loss rate
changes. As previously observed, PVAc exhibited
a small mass loss at temperature below 200°C. In
this range the fillers themselves lose negligible
mass. A small mass loss at higher temperature was
observed at 278°C as indicated by the small peak in
the curve. The peak is attributed to the formation of
water arising from Mg(OH)2 and the early stages of

dehydration of zinc borate. Both these fire retarding
fillers begin to decompose at similar temperatures
(>250°C). The maximum rate of mass loss occurs
at 407°C (~0.8%·min–1) for Mg(OH)2 while zinc
borate has two overlapping mass losses at 378 and
411°C (~0.7%·min–1) (Figure 4). Meanwhile, in the
same temperature region, the deacetylation of
PVAc occurs followed by structural disintegration
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Table 1. Thermogravimetry of PVAc and filled kaolin and talc composites series

Composition Mineral
Composite ratio

PVAc : Filler
Tonset

[°C]
Derivative peak

[°C]

Mass remaining at
850°C
[%]

Rate of polymer
degradation
[%·min–1]

PVAc – 100:0
347
488

354 (1)
450 (2)

04 –5.53

PVAcK0.6 Kaolin 60:40

276
344
450
573

278 (1)
389 (2)
487 (3)
643 (4)

36

–1.32
–12.72
–14.05
–3.27

PVAcK0.5 Kaolin 50:50
275
322
439

286 (1)
349 (2)
472 (3)

51
–0.79

–12.01
–2.45

PVAcK0.4 Kaolin 40:60
323
446

342 (1)
474 (2)

59
–15.11
–3.01

PVAcK0.3 Kaolin 30:70
332
444

354 (1)
479 (2)

70
–9.31
–1.75

PVAcT0.6 Talc 60:40

284
350
460

278 (1)
375 (2)
389 (3)
492 (4)

40

–1.32
–12.62
–14.05
–3.27

PVAcT0.5 Talc 50:50

273
345
463

276 (1)
357 (2)
382 (3)
487 (4)

48

–1.01
–9.77

–13.85
–2.65

PVAcT0.4 Talc 40:60

255
341
390
462

269 (1)
356 (2)
413 (3)
490 (4)

55

–1.05
–10.04
–8.04
–1.81

PVAcT0.3 Talc 30:70

268
301
390)

258 (1)
320 (2)
352 (3)
445 (4)

68

–0.56
–11.87
–8.62
–1.54

Figure 3. a) Thermogravimetric mass loss and b) derivative curves of fire retardant kaolin composite series under an inert
atmosphere (Set A)



of the polyolefin species, formation of aromatic
species, isomerisation and formation of volatile
compounds. The main decomposition temperature
region encompassing these mass losses of various
volatiles has resulted in a shift towards higher tem-
perature. The degradation of PVAcK0.5 (Fig-
ure 3b) is similar to the degradation of PVAcK0.6
composite although it showed three stages of degra-
dation, as the decomposition of fillers retards the
polymer decomposition. These two composites
decomposed at higher temperature compared with

the original PVAc. This was due to the presence of
fire retardant Mg(OH)2 and zinc borate in the
PVAc composites which caused the deacetylation
reaction to shift to higher temperature. The
endothermic release of water from both fire retar-
dants absorb heat while water formed and vapor-
ised, cooling the substrate, particularly since
Mg(OH)2 has a relatively high endothermic
enthalpy of 1450 J·g–1 [19]. The water loss results
in a decrease in the onset of the decomposition as
listed in Table 1. Additionally, the shift in main
polymer decomposition may also be due to the
volatiles being absorbed on the filler surfaces,
hence reducing mass loss until higher temperature
is reached. This has been suggested to occur with
Mg(OH)2 as it forms a high surface area inorganic
MgO after decomposition [19]. The total amount of
water eliminated on thermal dehydration of the
Mg(OH)2 corresponded to 30.8%·wt and is consis-
tent with theoretical value.
FTIR of Mg(OH)2 at ambient temperature and after
degradation at 600°C is shown in Figure 4b. At
ambient temperature the spectrum reveals the
absorption OH bands that appeared at 3698 cm–1.
The elimination of water and the formation of MgO
is eventually seen in the spectrum of the Mg(OH)2

heated at 600°C with a broad band developed in the
range of 3698 and 2750 cm–1, and appearance of
new bands of 1650 and 1450 cm–1.
Studies which illustrated the effectiveness of
Mg(OH)2 as a flame retardant in polymers have
concluded that Mg(OH)2 is effective at reducing
smoke emissions from burning polymers [20]. In
addition to the endothermic decomposition, the fire
retardant slows the rate of thermal degradation of
the polymer by dilution of the fuel supply with
water vapour present in the gaseous phase. These
factors, and its high heat capacity, reduce the ther-
mal energy available to degrade the polymer [21].
The MgO provides an increased insulation barrier
for the polymer from the heat source through char
formation [22].
The high filler content composites PVAcK0.4 and
PVAcK0.3 (Figure 3c, 3d respectively) show two
main stages of degradation with onset at 322 ± 10°C
and the maximum rate of mass loss at 349°C. This
indicates that the fire retardants enhance the ther-
mal stability, as the material degrades more slowly
at 439°C with a maximum mass loss at 472 ± 5°C.
A 7 to 10% residue is formed at 500°C that is stable
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Figure 4. a) Thermogravimetry mass loss and derivative
curves for fire retardants, Mg(OH)2 (—) and
zinc borate (- - -) under an inert atmosphere,
b) FTIR of Mg(OH)2 at 25°C and after degrada-
tion at 600°C, c) FTIR of zinc borate at 25°C
and after degradation at 600°C



to 800°C. The decomposition for high filler con-
tent, starts at comparatively lower temperature, but
the material is more stable over a higher tempera-
ture range, i.e. up to 500°C, for reasons explained
earlier. Whereas high polymer content (PVAcK0.6
and PVAcK0.5), degradation starts at higher tem-
perature and the material is stable at 800°C.
Decomposition products continue to degrade by
random chain scission to form the final product that
contains polyalkene residue, MgO and boron oxide
with a lower molar mass.
According to Sivalingam and Madras [23], the
PVAc is mildly affected by the metal oxide in this
case (MgO). The degradation of PVAc starts with
the release of acetic acid and this can react with the
metal oxide (MgO) to form metal acetate. There-
fore MgO may have induced the decrease in the
decomposition temperature from the catalytic basic
oxide surfaces. From 300–400°C, the degradation
of the polymer composites was high due to antici-
pated degradation of Mg(OH)2. In the 400–530°C
temperature range the degradation of polymer com-
posites was lower than the expected. This may be
due to the reaction of the additives with the prod-
ucts of degradation of PVAc.
The action of zinc borate comes into account pri-
marily for its fluxing and purpose of binding the
inorganic fillers in the composite. Zinc borate is
able to undergo dehydration, ~11%·wt of water in
the temperature range of 290–450°C, although the
endothermic process is less effective than Mg(OH)2.
A small proportion of zinc borate, in particular
2ZnO·3B2O3·3H2O, acts as a synergistic agent in
polyolefins as has been cited in literature [7, 24]
and hence this is extended in PVAc-based formula-
tions. The dehydration can be described by Equa-
tion (2) that has an amorphous structure with boric
oxide beneficial for the purpose of improving the
char properties:

2ZnO·3B2O3·3H2O → 2ZnO·3B2O3 + 3H2O (2)

FTIR of zinc borate at ambient temperature and
after degradation at 600°C is shown in Figure 4c.
At ambient temperature zinc borate spectrum
reveals absorption bands that appeared at 3490,
3250 and 2500 cm–1 respectively. These bands
have disappeared after the calcination of zinc
borate at 600°C due to the elimination of water and
the formation of the new amorphous zinc borate
which is eventually seen in the spectrum with a

broad band that developed in the range of ~3700
and 2700 cm–1.
Figure 5a and 5b show the kaolin-Mg(OH)2 and
talc-Mg(OH)2 filled PVAc with no zinc borate for
the high and low polymer content. It can be
observed that both the mineral-Mg(OH)2 compos-
ites show several degradation stages. The first stage
is indicated by a small peak due to the formation of
water arising from the beginning of Mg(OH)2

decomposition. The second stage shows that acetic
acid elimination from PVAc started to occur, both
overlapping with volatile formation simultaneously
formed. The third stage is attributed to the struc-
tural degradation of the polyalkene backbone in the
PVAc.
The TG curves of the PVAc composites revealed an
interaction between zinc borate and Mg(OH)2 that
took place during Mg(OH)2 decomposition. Zinc
borate degrades well above 380°C (Figure 4a). The
heat treatment of Mg(OH)2 and zinc borate in the
polymer leads to the formation of boric oxide; this
behaviour has been shown to occur with different
zinc borates [25, 26]. Boric oxide is said to form an
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Figure 5. Thermogravimetric mass loss and derivative
curves of fire retardant a) kaolin-Mg(OH)2 and
b) talc-Mg(OH)2 composite series with no zinc
borate (NZB) under an inert atmosphere (Set B)



amorphous glassy layer as a low temperature-flux-
ing component. This enabled it to function by bind-
ing filler particles and inhibiting oxygen mass
transfer to the polymer fuel system and retarding
further oxidation of the char.
Composites containing Mg(OH)2 as fire retardant
component with no zinc borate (NZB) (Set B) (Fig-
ure 5) were prepared for comparison with the zinc
borate composite systems. Several decomposition
stages still occurred due to water released from
Mg(OH)2, the elimination of acetic acid and
decomposition of polyalkene residue. The polymer
decomposition rate for PVAcK0.6 was –12.72 and
–2.12%·min–1 with and without zinc borate, respec-
tively, indicating that the presence of zinc borate
was important in the composites as it acts as a syn-
ergistic agent when it is introduced with Mg(OH)2.
The mechanism of action of Mg(OH)2 to form a
protective MgO-ceramic and zinc borate reinforces
its efficiency by acting as a binder (formation of
B2O3–ZnO glass). This MgO-ceramic residue com-
bined with the degraded polymeric material leads
to a protective surface layer during decomposition.
The onset of each stage was at 264, 358 and 455°C
for PVAcK0.6NZB, 260, 354 and 459°C for
PVAcT0.6NZB, 269, 327, 381 and 484°C for
PVAcK0.3NZB, and 259, 357, 375, 394 and 479°C
for PVAcT0.3NZB. This suggested that excluding
zinc borate decreased the onset temperature in
comparison with PVAcK0.6, PVAcT0.6,
PVAcK0.3 and PVAcT0.3 that contain zinc borate.

Table 2 lists the stages showing that without zinc
borate present in the composite the degradation
stages start at lower temperature. Consequently this
indicated that having Mg(OH)2 by itself in the com-
posites lead to an early decomposition for all of the
four composites because of the release of water
from Mg(OH)2 effectively cooling the substrate
through the endothermic reactions that act in rela-
tion to fire resistance. Eliminating zinc borate leads
to the disappearance of the amorphous phase, since
zinc borate effect is due to the softening and retain-
ing/trapping volatiles.
The substitution of kaolin by talc (Set C) leads to
significant changes in the thermal stability, where
the mass loss onset occurred at lower temperatures
and improved thermal stability of the polymer com-
posite decomposition. The deacetylation of the
PVAc was shifted toward higher temperatures. The
platelet structure of talc (2:1 layer structure, octahe-
dral sheet sandwiched by two tetrahedral sheets) is
compared with the structure of kaolin (1:1 layer
structure, tetrahedral and octahedral sheets). Talc,
having a smaller particle size and better wettability
by polymers, enabled better dispersion and hence
barrier properties to be formed [18]. The TG mass
loss and derivative profiles of PVAcT0.6,
PVAcT0.5 PVAcT0.4 and PVAcT0.3 shown in
Figure 6 revealed four stages of degradation, as
emphasised by the derivative curves.
The first small peak at ~270°C is attributed to the
formation of water arising from Mg(OH)2 and zinc
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Table 2. Thermogravimetry of filled kaolin and talc composites with no zinc borate (NZB)

Composition Mineral
Composite ratio

PVAc : Filler
Tonset

[°C]
Derivative peak

[°C]

Mass remaining
at 850°C

[%]

Rate of polymer
degradation
[%·min–1]

PVAcK0.6NZB Kaolin 60:40

264 (1)
358 (2)
455 (3)

276 (1)
374 (2)
382 (3)
479 (4)

39

–0.19
–2.32
–2.12
–0.46

PVAcK0.3NZB Kaolin 30:70

251 (1)
353 (2)
450 (3)

269 (1)
327 (2)
381 (3)
484 (4)

68

–0.59
–3.60

–11.32
–1.63

PVAcT0.6NZB Talc 60:40

260 (1)
354 (2)
459 (3)

272 (1)
359 (2)
380 (3)
408 (4)
476 (5)

40

–1.44
–9.29

–13.73
–6.87
–2.99

PVAcT0.3NZB Talc 30:70

249 (1)
344 (2)
451 (3)

259 (1)
357 (2)
375 (3)
394 (4)
479 (5)

68

–0.71
–8.42
–8.62
–9.14
–1.46



borate. The PVAcT0.4 and PVAcT0.3 (Figure 6c
and 6d) show that this first peak is shifted to high
temperature with the increased filler content, there-
fore a higher mass loss was observed than for
PVAcT0.5 and PVAcT0.6 (Figure 6a and 6b)
where the maximum mass loss occurred at ~350°C.
The derivative curves for all talc composites show
two overlapping peaks (350 and 390°C) due to the
water loss from Mg(OH)2 and zinc borate in the
same temperature region where the deacetylation of
PVAc occurred. This was followed by a small mass
loss due to the polymer backbone at ~460°C. The
third peak that occurred at 390°C was more pro-
nounced for the composites with high filler content,
perhaps because the filler absorbed some degrada-
tion products that decomposed at higher tempera-
ture and were retarded by the filler. Table 1 showed
that the rate of mass loss of the polymer component
in the talc series decreased with increased filler
content.
TG curves shown in Figure 6 indicate that talc has
both a strong catalytic effect on deacetylation reac-
tion (first mass loss) and a charring effect [18]. The

talc seemed to promote the formation of a polymer-
filler char that was comparatively more thermally
stable. The derivative peak showed a small shift to
higher temperatures (from 347°C for pure PVAc to
350°C for PVAcT0.6). PVAcT0.3 degradation
started at lower temperature as shown in Figure 6
since it consisted of the highest talc content.
According to Durin-Frances et al. [27], where they
investigated the synergism of the additives, they
focused on the binary and ternary composites, and
found greater synergism between talc and zinc
borate than between zinc borate and magnesium
hydroxide, because talc tended to increase the ther-
mal conductivity of the polymer that was caused by
the lamellar particles of talc. The kaolin itself was
calcined with <1% mass loss present since organic
matter and water would have been removed in the
treatment, therefore the calcination process (dehy-
droxylation) was affected by the catalytic activity
of kaolin compared with talc.
Theoretical curves were constructed from the indi-
vidual component in their relative proportion to
observe the influence of the fillers on the decompo-
sition of the polymer. Figure 7 illustrates the
enhanced thermal stability of the filled PVAc com-
posites with the experimental and theoretical mass
loss curves for the kaolin system. The effect on the
PVAc degradation of adding the filler, in compari-
son with the calculated weight loss curves for
respective amounts of each individual component,
assumed that they were not influenced by each
other. The measured mass loss indicated otherwise,
with composites containing a high relative propor-
tion of Mg(OH)2 and zinc borate filler (PVAcK0.3
(a and a′) and PVAcK0.4 (b and b′)) exhibiting
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Figure 6. a) Thermogravimetric mass loss and b) deriva-
tive mass loss curves of fire retardant talc com-
posite series under an inert atmosphere (Set C)

Figure 7. Thermogravimetric mass loss of fire retardant
kaolin composite a) PVAcK0.3, b) PVAcK0.4,
c) PVAcK0.5 and d) PVAcK0.6, measured and
(a’, b’, c’ and d’) theoretically calculated



decomposition at similar lower temperatures for the
first mass loss stage. As temperature increased to
about 400°C, the mass loss rate measured was more
gradual than that calculated.
Composites containing a lower amount of filler
(PVAcK0.5 and PVAcK0.6) showed a higher tem-
perature mass loss compared with the theoretical
curve, indicating that a degree of mutual interac-
tions existed between the phases present. The
stages of decomposition for the acetic acid forma-
tion and pyrolysis of the polyalkene was more pro-
nounced as the behaviour of the polymer degrada-
tion was the dominant process. These results show
that although Mg(OH)2 and zinc borate filler
decreased the initial thermal stability of the com-
posite, the rate of degradation of PVAc can be
reduced through the various mechanisms described
above.

3.3. FTIR analysis of PVAc kaolin composites
series 

The FTIR spectra of PVAcK0.6 degraded under
nitrogen in the TGA furnace at increasing heat
treatment temperatures (25, 325, 377, 427, 447 and
500°C) throughout the decomposition are shown in
Figure 8. This composition was selected as it pro-
vides a high temperature residue with a low
decrease in the onset temperature of degradation.
The FTIR spectrum of the original composite at
ambient temperature showed typical absorption
bands that were due to the polymer and fillers.
FTIR peaks were observed for Mg(OH)2, while
other peaks were due to zinc borate and kaolin
(refer Figure 3b). The Mg(OH)2 peaks are at 3696,

2923, 2363, 1638 and 1423 cm–1 respectively. The
asymmetric aliphatic CH3 and CH2 bands from
PVAc (νa: 3000, 2951 cm–1, respectively) were
shifted to 3015 and 2934 cm–1 respectively due to
overlap of kaolin and Mg(OH)2 bands. The
aliphatic CH3 has bands at 1422 and 1375 cm–1 cor-
responding to asymmetric and symmetric bending
vibrations that were shifted to 1435 and 1379 cm–1

respectively due to the presence of kaolin and zinc
borate [28, 29]. The ester carbonyl (C=O) of the
functional group symmetric band that appeared at
1753 cm–1 was shifted to 1733 cm–1 due to
Mg(OH)2 and kaolin and the C–O–C asymmetric
and symmetric vibrations that appeared at 1271 and
1115 cm–1 were shifted to 1261 and 1107 cm–1

respectively [30].
At 325°C, the spectrum shows the 3698, 3455 and
2925 cm–1 bands that characterise the presence of
Mg(OH)2, kaolin and zinc borate, a large band
appeared at 1740 and 1630 cm–1 due to overlapping
of kaolin and PVAc residue [31]. At 377°C the
spectrum shows a broad band at 3415 cm–1 that
demonstrates that the bands at 3698 and 3455 cm–1

were developed due to dehydration of zinc borate
and the presence of MgO and aromatics (bands
overlapping in the frequency range). Simultane-
ously, there are signs of aromatisation bands exhib-
ited by the polymer that are detected at 1581, 801
and 621 cm–1. Heat treatment at temperatures of
427, 476 and 500°C showed a similar spectrum to
that at the previous temperature of 377°C. The
spectrum shows the residue of the polymer and the
fillers after the second stage of degradation that
demonstrates that the bands are overlapped, and the
main peaks present are 3430, 2926 (symmetric
aliphatic CH3 and CH2 bands), 2360 (CH3), 1592
(aromatic ring), 1417 (CH2 of the vinyl group),
1093 (CH2 of the vinyl group) and 812 cm–1 (aro-
matic ring) respectively. Peaks were observed for
the formation of MgO at 3500, 1700 and 1500 cm–1.

3.4. Mechanical properties

The flexural properties of the PVAc composites
were measured to observe changes with filler con-
tent. The modulus at 0.2% strain and Young’s mod-
ulus are listed in Table 3. The flexural modulus for
the composites was increased from 27 to 370 MPa
for the kaolin mineral based systems and from 7 to
470 MPa for the talc mineral, as expected for
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Figure 8. FTIR spectra of PVAcK0.6 residue degraded
under an inert atmosphere at the various decom-
position temperatures indicated on the graph



increasing filler content. With low filler content,
the composite displayed higher flexibility and this
was reflected in the change in Young’s modulus
with higher filler content resulting in higher modu-
lus of the composite. This is a typical trend for
composites with the incorporation of rigid inor-
ganic filler content [32].
Compositions PVAcK0.4 and PVAcK0.3 from the
kaolin series, (modulus 249 and 370 MPa respec-
tively) and PVAcT0.4 and PVAcT0.3 from the talc
series (modulus 180 and 470 MPa respectively)
that contained less polymer reveal higher Young’s
modulus indicating that these compositions were
hard or stiff, whereas PVAcK0.6, PVAcK0.5 (mod-
ulus 27 and 179 MPa respectively), PVAcT0.6 and
PVAcT0.5 (modulus 7 and 19 MPa respectively)
with high polymer content exhibited lower Young’s
modulus. These attributes had a consequence on the
resulting residual strength after the heat treatments.
An initial difference between the modulus of the
kaolin and talc series was observed, with the kaolin
series generally higher than the modulus of the talc
series. This was due to the different particle struc-
ture and interaction between PVAc and talc [33,
34] than between kaolin and PVAc.
After burning the composites at 400 and 1050°C,
the phases underwent structural transformations. At
400°C the fire retardants had changed forms, with
zinc borate contributing to formation of a flux that
acted by binding of the other fillers present in the
system, while a residual oxide was retained in the
condensed phase from Mg(OH)2. The strength of
the PVAc composites after burning was caused by
an increase in a ceramic-like residue for both kaolin
and talc composites that increased with increasing
filler content, however the cohesion of the residue
was relatively weak. The residue strength increased

with increasing temperature as higher temperature
changes in the condensed phase involved with the
filler systems were activated. At 400°C the residue
strength of the kaolin composites (0.12, 0.36, 0.58,
and 1.01 respectively) was lower than that at
1050°C (1.68, 2.95, 6.67 and 16.9 with increasing
filler content). A similar trend was observed for the
talc composites as listed in Table 3. At 400°C the
strength was low (0.07, 0.81, 0.98 and 1.49 respec-
tively) but at 1050°C the strength was increased
(0.15, 0.36, 1.33 and 5.12 respectively). The talc
residues were stronger than those obtained with
kaolin.
The increase in the strength for kaolin filled PVAc
composites was mainly due to shrinkage of the
material after burning that led to improved fusion
and increased polymer-filler interaction. Stronger
interaction enabled more stress to be transferred
from the polymer to the fillers during loading. In
addition, studies revealed that the specific surface
area was one of the more important characteristics
of the filler, determining the amount of the surface
contact between the polymer and the filler [22, 35].
Fillers with high surface area contribute to more
surface contact between the filler and the polymer,
increasing the mechanical properties of the com-
posites. Fillers with fine or small particles have
higher surface area than fillers with larger particle
size. However the finer the particles, the greater
was their tendency to agglomerate and this can
cause an adverse effect on the mechanical proper-
ties as shown in the SEM (Figure 9). Figure 9a and
9b illustrate the SEM of PVAcK0.6 composite
pyrolysed at 400°C. Large voids are observed
between the particles due to the degradation of the
polymer and fusion was observed to form a
ceramic-like structure that is shown in Figure 9b
(higher magnification of Figure 9a). Figure 9a
reveals the continuous sheet structure of kaolin that
produced thin particles, which are often found in
nature as overlapping sheets. These sheets are
bound via hydrogen bonding of the octahedral-
layer hydroxyl face of one flake to the tetrahedral-
layer oxygen face of an adjacent sheet.
At higher temperature (1050°C) Figure 9c and 9d
show better fusion and reveal a higher stacking den-
sity of the fillers with a smaller distance between
the particles. The talc composite PVAcT0.6 pyrol-
ysed at 400°C is shown in Figure 9e and 9f. Many
microvoids are present, compared with the kaolin
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Table 3. Modulus and residue strength of PVAc filled
kaolin (Set A) and filled talc composites series
(Set C)

Formulations
Modulus at
0.2% strain

[MPa]

Young’s
modulus
[MPa]

Residue strength
[MPa]

400°C 1050°C
PVAcK0.6 27 106 0.12 1.68
PVAcK0.5 179 1090 0.36 2.95
PVAcK0.4 249 1660 0.58 6.67
PVAcK0.3 370 1980 1.01 16.90
PVAcT0.6 7 3 0.07 0.15
PVAcT0.5 19 30 0.81 0.36
PVAcT0.4 180 277 0.98 1.33
PVAcT0.3 470 708 1.49 5.12
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Figure 9. SEM observation of PVAcK0.6 furnaced at 400°C (a and b), at 1050°C (c and d), and PVAcT0.6 burned at
400°C (e and f) and at 1050°C (g and h)



composite, due to the platy nature of talc. As men-
tioned, talc can be better wetted by polymer. The
good interaction between polymer and talc enabled
improved distribution of polymer, therefore leading
to many more microvoids being formed as polymer
was volatilised. Figure 9g and 9h show the
PVAcT0.6 furnaced at 1050°C revealing compara-
tively better fusion however more cracks were
present than at 400°C. Figure 9h shows the large
particle size of talc, therefore the strength of this
material was less than the material that contained
kaolin. Formation of a ceramic residue after degra-
dation and volatilisation of the polymer has found
application in fire barrier sealant composites that
prevents fire spread though gaps in building com-
ponents [36].

4. Conclusions

Poly(vinyl acetate) composites produced with
kaolin or talc as structural fillers, and with fire
retardant magnesium hydroxide and zinc borate
flux, formed a ceramic char after thermal degrada-
tion. The ceramic char had similar shape and size to
the original composite and had sufficient strength
to provide a barrier to spread of fire. Poly(vinyl
acetate) readily decomposes with release of acetic
acid, however it forms a polyalkene residue that
further degrades with formation of aromatic struc-
tures. Magnesium hydroxide eliminated water over
the same temperature range as acetic acid was
formed, thus diluting the flammable acetic acid.
Individual degradation steps became less pro-
nounced as the filler content increased due to
restricted emission of volatiles through the tortuous
filler path. The organic polyalkene char maintained
integrity of the inorganic components over the tem-
perature range where the zinc borate flux formed a
ceramic with the talc or kaolin, and magnesium
oxide formed. Talc was chosen for its platelet parti-
cles that strengthened the ceramic, though the
smaller kaolin particles provided a stronger ceramic
at similar concentration. Talc provided higher ther-
mal stability to the composites due to its platelet
structure forming a better barrier to volatiles.
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1. Introduction
It is generally presumed that crystallinity of poly-
mer plays an important role in determining the
polymer properties, such as mechanical and ther-
mal properties [1, 2]. We have known that, in syn-
thesis of linear low-density polyethylene (LLDPE)
by copolymerization of ethylene with α-olefins, the
crystallinity depends mainly on the amount of
α-olefin (comonomer) content in copolymer [3].
So, if the comonomer content can be controlled,
properties of copolymer can be also altered. Appro-
priate crystallinity or comonomer content is varied
depending on the application of polymer. The high
comonomer content of copolymer has been com-
mercially produced, named plastomers [1]. The
advantages of plastomers are low density, high
elongation, and low haze in film form. In order to
obtain the plastomer derived from the metallocene

catalysts, the open structure of metallocene catalyst
is crucial. Half-metallocenes and/or constrained
geometry catalysts (CGCs) are subset of general
metallocene catalyst , which pose the open struc-
ture because they have just one cyclopentadienyl
ring (or their family, such as, indenyl or fluorenyl
rings) bonded with the group IV transition metal
leaving the opposite side of that ring large enough
space for comonomer incorporation with less hin-
drance [4]. Therefore, plastomers or LLDPE with
high comonomer content can be obtained with this
type of catalyst.
As mentioned, comonomer contents are sensitive to
many factors, such as the structure of catalyst, type
of catalyst activators and the initial concentration
of comonomer in the system. When considering the
initial concentration, it has been found that the ini-
tial comonomer concentration not only affects

94

*Corresponding author, e-mail: bunjerd.j@chula.ac.th
© BME-PT

Ethylene-hexene copolymer derived from
[t-butylfluorenylsilyl-amido] dimethyl titanium complex

E. Chaichana1, S. Khaubunsongserm2, P. Praserthdam1, B. Jongsomjit1*

1Center of Excellence on Catalysis and Catalytic Reaction Engineering, Department of Chemical Engineering, Faculty of
Engineering, Chulalongkorn University, Bangkok 10330, Thailand 

2PTT Public Company Limited, PTT Research and Technology Institute, Wangnoi, Ayuthaya 13170, Thailand

Received 15 September 2009; accepted in revised form 16 November 2009

Abstract. The copolymers of ethylene and 1-hexene were prepared with half-metallocene titanium complex 
([t-BuNSiMe2Flu]TiMe2) and modified methylaluminoxane (MMAO). The initial concentrations of 1-hexene were varied
to investigate how the different amounts of comonomer affect on the catalytic activity of copolymerization system and
microstructure of the copolymers. It has been found that this catalytic system was not active for hexene polymerization,
however, it can be active when ethylene was introduced to perform ethylene-hexene copolymerization. As comonomer,
1-hexene provides positive comonomer effect on the system although very high concentration of 1-hexene was introduced.
However, the microstructures of the obtained copolymers, which were examined by 13C-NMR need to be improved
because with highly alternating sequence distribution of comonomer causing them losing some essential specific thermal
properties.

Keywords: polymer synthesis, molecular engineering, metallocene, copolymer, LLDPE

eXPRESS Polymer Letters Vol.4, No.2 (2010) 94–100
Available online at www.expresspolymlett.com
DOI: 10.3144/expresspolymlett.2010.14



directly on the comonomer contents, but it also
affects on the catalytic activity of system [5, 6].
Therefore, in this present study the effect of the ini-
tial comonomer concentration in ethylene-1-hexene
copolymerization with half-metallocene is investi-
gated to determine both the catalytic performance
and the specification of the obtained copolymers.

2. Experimental
2.1. Materials
All operations were manipulated under an argon
atmosphere using glove box and/or standard
Schlenk techniques. The [t-BuNSiMe2Flu]TiMe2

(Ti-complex) was synthesized according to the pro-
cedure described by Hagihara et al. [7]. Ethylene
(polymerization grade) was obtained from the
National Petrochemical Co. Ltd., Thailand. 1-Hex-
ene (≥ 97%) was purchased from Aldrich Chemical
Company, Thailand and further purified by distill-
ing over CaH2 for 6 h. Modified methyl aluminox-
ane, MMAO [(Me–Al–O–)m-(i–Bu–Al–O–)n] hav-
ing 1.86 M in toluene, was donated by Tosoh Akzo,
Japan. Toluene (commercial grade) was donated by
the Exxon Chemical, Thailand Co. Ltd. It was dried
over dehydrated CaCl2 and distilled over sodium/
benzophenone.

2.2. Polymerization procedure

Ethylene/1-hexene copolymerization reaction was
carried out in a 100 ml semibatch stainless steel
autoclave reactor equipped with a magnetic stirrer.
At first, the desired amounts of MMAO and the
toluene were introduced into the reactor. The tita-
nium complex in toluene (10 μmol·ml–1) was put
into the reactor to make the [Al]MMAO/[Ti]cat = 400.
Then, the reactor was immersed in liquid nitrogen.
1-hexene was added into the frozen reactor (to stop
or prevent possible polymerization of 1-hexene).
The reactor was heated up to the polymerization
temperature at 343 K. The polymerization was
started by feeding ethylene (0.018 moles) into the
reactor. The ethylene pressure and reactor tempera-
ture were kept constant during the polymerization
(pressure in reactor = 349 kPa (50 psi)). Due to the
fixed ethylene consumption (at 0.018 moles), the
polymerization time was defined as the time that all
ethylene gas was totally consumed (the equivalent
pressure drop of 42 kPa (6 psi) was observed). The

polymerization time was recorded to calculate the
activity. The reaction was terminated by adding
acidic methanol and the material was stirred for
30 min. After filtration, the copolymer obtained
was washed with methanol and dried at room tem-
perature.

2.3. 13C-NMR spectroscopy
13C-NMR spectroscopy was used to determine the
α-olefin incorporation and copolymer microstruc-
ture. Chemical shifts were referenced internally to
the CDCl3 and calculated according to the method
described by Randall [8]. Each sample solution was
prepared by dissolving 50 mg of copolymer in
1,2,4-trichlorobenzene and CDCl3. 13C-NMR spec-
tra were taken at 333 K using a BRUKER
AVANCE II 400 operating at 100 MHz with an
acquisition time of 1.5 s and a delay time of 4 s.

2.4. Differential scanning calorimetry

The melting temperature of ethylene/1-octene
copolymer products was determined with a Perkin-
Elmer diamond DSC. The analyses were performed
at the heating rate of 20°C/min in the temperature
range of 50–150°C. The heating cycle was run
twice. In the first scan, samples were heated, and
then cooled to room temperature. In the second
scan, samples were reheated at the same rate, but
only the results of the second scan were reported
because the first scan was influenced by the
mechanical and thermal history of samples.

3. Results and discussion
3.1. Reactivity of (co)monomer to catalyst
The catalytic activities based on polymer product
are shown in Table 1. It can be seen that there is no
catalytic activity for system conducted with only
1-hexene as monomer (entry 1). The opposite
occurred on entry 2 for the system that used only
ethylene as monomer. It suggests that this half-met-
allocene catalyst ([t-BuNSiMe2Flu]TiMe2) is
active for ethylene polymerization, but not for
1-hexene polymerization. This result agreed with
the finding of Intaragamjon et al. [9], who reported
that this catalyst cannot proceed 1-hexene polymer-
ization under the specified condition. It has been
known that ethylene is the most reactive olefin
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[10], so it can react with itself for polymerization in
the absence of any comonomer. Although 1-hexene
was not reactive in its homopolymerization, it can
be reacted in the system of copolymerization with
ethylene (entry 3–5). Thus, this should be clarified
in this finding that why 1-hexene was not active
unless ethylene was introduced together in the sys-
tem, even with the small amount of ethylene as
seen for entry 5.
The mechanism of polymerization by metallocene
catalyst system is reviewed here to explain the
result. There are three main steps for completing
the copolymerization (excluding chain transfer
step), as shown in Figure 1 [10]. The first step is the
‘activation’ of metallocene catalyst typically
achieving via contact with an appropriate cocata-
lyst species (MMAO in this case). The second is
the ‘initiation’ of the polymerization occurring as a
result of the displacement of the anion and coordi-
nation of the monomer in the primary complex. In
our study, this step seems to be a problem for
obtaining the 1-hexene polymerization, since the
ion-pairs still stay in their coordinated tightly.
Therefore, only the strong reactive monomer like
ethylene is able to insert in this coordination, and

consequently displace the anion and make coordi-
nation with catalyst active site. This step can gener-
ate an available coordination site on the metal
center, which provides high enough space for a
large molecule, such as 1-hexene to coordinate with
it in the next step. As the result, the final step that is
the ‘propagation’ step will be the open competition
between ethylene monomer and 1-hexene comone-
mer for insertion into the growing chain of poly-
mer.
As describe above, for this catalytic system, if eth-
ylene was not introduced into the system first,
1-hexene would not be reactive for this half-metal-
locene catalyst even open structure. However, in
many cases, 1-hexene can perform polymerization
by itself with some metallocenes such as
iPr(Cp)(Flu)ZrCl2 and En(Ind)2ZrCl2 [11] indicat-
ing that reactivities of α-olefin also depend on the
catalyst structure [12]. 

3.2. Effect of the amount of 1-hexene on
catalytic activity 

In entry 3–5, introducing of 1-hexene into copoly-
merization enhanced catalytic activity higher than
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Table 1. Activities of system with various monomer concentrations

aEthylene addition into the system
bCopolymerization condition: Ti = 10 μmol, Al/Ti = 400, temperature = 343 K, 349 kPa (50 psi) of ethylene pressure was applied

Entry
Ethylenea

[mol/l]
1-Hexene

[mol/l]
Time

[s]
Weight

[g]
Activityb

(kg polymer/mol Ti .h)
1 0.0 0.6 475 – –
2 0.6 0.0 475 0.2468 0187
3 0.6 0.3 500 1.0596 0763
4 0.6 0.6 248 1.4030 2037
5 0.6 1.2 326 1.9241 2125

Figure 1. Schematic representation of copolymerization mechanism



that of system without 1-hexene (entry 2). When
the amounts of 1-hexene were increased, the cat-
alytic activities were also increased. They increased
pronouncedly when the amount of 1-hexene was
raised from 0.3 to 0.6 mol/l. However, they gradu-
ally increased when the amount of 1-hexene was
raised two times again from 0.6 to 1.2 mol/l. A
comparison of activities is also shown in Figure 2.
It can be explained that the first range of increasing
is because of comonomer effect in copolymeriza-
tion behavior [13]. The chain structure of 1-hexene
can increase the gap between the cationic active
species and counter anion more separately in prop-
agation step (Figure 1). Then, the propagation rate
of polymerization can be raised leading to enhanc-
ing the activity of copolymerization. However, at
1.2 mol/l of 1-hexene concentration (entry 5), the
anticipated activity can not be attained. This is
because high excess of 1-hexene obstructed active
sites of catalyst from reacting with ethylene
monomer, and consequently reduce rate of ethylene
insertion into the chain of growing polymer. The
explanation can be supported by polymerization
time of entry 5, which was longer than that of
entry 4. The longer polymerization time suggests
that, in entry 5, the rate of ethylene consumption
for polymerization was slower than that of entry 4.

Although the rate of ethylene consumption in
entry 4 was faster, activity or productivity of
entry 5 was higher. This is because initial concen-
tration of 1-hexene of entry 5 was higher then it
can produce more product than entry 4 did result-
ing in high catalytic activity for the system.

3.3. Effect of the amount of 1-hexene on
microstructure of copolymers

As seen in Table 2, the comonomer incorporations
apparently increased with increasing the amount of
1-hexene in copolymerization. In this copolymer-
ization process, which fixed the amount of ethylene
addition and kept ethylene pressure constant during
copolymerization, the incorporation of 1-hexene
can be increased by two primary reasons. One is
that enhancing the reactivity of 1-hexene or two,
diminishing the reactivity of ethylene. It can be
seen from Table 2 that reactivities of ethylene
decreased dramatically with increasing the concen-
tration of 1-hexene in the system while reactivities
of 1-hexene just slightly increased. So, it can be
concluded that the initial concentrations of 1-hex-
ene in the system have more effect on the reactivity
of ethylene than itself. The increase of 1-hexene
reactivity enables it to still incorporate continu-
ously into the growing chain even at high concen-
tration. The open structure of half-metallocene
catalyst is one of the important factors that retains
high reactivity of 1-hexene and encourages high
comonomer incorporation. As compared with the
works done by our group previously with normal
metallocene, it has been found that with the same
initial comonomer concentration in copolymeriza-
tion, the obtained copolymer from those studies
exhibited much lower comonomer incorporation
than in this study [14, 15].
On account of the fact that the uniform comonomer
incorporation is the key feature for producing low-
density plastomer, which exhibited plastic and elas-
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Figure 2. Activity profile with various 1-hexene concen-
trations

Table 2. Comonomer incorporation and the reactivity ratios

aExamined by 13C-NMR by Randall method [8]
bRelative comonomer reactivities (rE for ethylene and rH for 1-hexene) calculated by rE = 2[EE]/[EC]X, rH = 2X[CC]/[EC],
[EE] = [EEE] + 0.5[CEE], [CC] = [CCC] + 0.5[ECC], [EC] = [CEC] + 0.5[CEE] + [ECE] + 0.5[ECC]

Entry
Ethylene
[mol/l]

1-Hexene
[mol/l]

Incorporationa Reactivityb

E [mol%] H [mol%] rE rH rErH

3 0.6 0.3 68.4 31.6 1.121 0.658 0.737
4 0.6 0.6 43.7 56.3 0.797 0.738 0.588
5 0.6 1.2 23.0 77.0 0.621 0.784 0.487



tomeric behavior [16], the distribution of co-
monomer in the copolymers needs to be concerned
in order to obtain plastomers with desired specifi-
cation. The triad distribution for all copolymers
obtained from 13C-NMR is shown in Table 3. Triad
block of comonomer (HHH) was detected in sam-
ples having 1-hexene incorporation above 31.6%
(entry 4, 5). It was also noticed from Figure 3,
which showed 13C-NMR spectrum of the copoly-
mers that the peaks between 39.5 and 42 ppm (pro-
portional to the HHH triad) occurred obviously in
the copolymer from entry 4 and 5. Nevertheless,
the number of HHH triad was not converted
directly from the area under these peaks. There are
other peaks, which are more pronounced in the cal-
culation. Therefore, the larger area of these peaks
of entry 4 than entry 5 did not mean that entry 4
had more HHH triad than entry 5.
The presence of HHH triad can imply that the good
distribution of comonomer throughout the copoly-
mer chain was interrupted at high incorporation of
comonomer. Although the copolymers with high
1-hexene incorporation contain the block of
comonomer, they are still not the block copolymer.
It can be observed from the product of reactivity
ratio (rErH), which is one of the parameters that can
identify types of copolymer. A value rErH > 1 indi-
cates a block copolymer structure and rErH < 1

reveals an alternating copolymer structure. There-
fore, all the obtained copolymers are alternating
copolymers having the rErH value being lower
than 1. Once the alternating copolymers were
obtained, it means the comonomers in their chain
are distributed moderately well along the backbone,
then shortening the average backbone sequence
length for crystallization and therefore low crys-
tallinity, including low density, would be gained.
Thus, with these properties, the obtained copoly-
mers are in closing proximately to be low-density
plastomer. However, these copolymers might not
meet all properties required for the use in plastic
industry because they probably lost completely the
thermal properties.
As a result of the fact that disadvantages of alternat-
ing copolymer, which have been found by Hung et
al. [17] that the polymer with a highly alternating
sequence distribution did not exhibit any melting
behavior. Based on the result, when the incorpora-
tions of comonomers increased, the obtained poly-
mer tended to exhibit more highly alternating
copolymer structure (rErH < 1). Therefore, they
might lose the melting behavior at high level of
1-hexene incorporation. To prove that, melting
temperatures of the obtained polymers were inves-
tigated by differential scanning calorimetry (DSC).
From the investigation, it was found that only the
sample from entry 2, which is the polyethylene
sample, has the melting temperature (130°C) and
the remaining samples cannot be found the melting
temperatures. Thus, the losses of thermal properties
existed in all obtained copolymers even the one that
had low comonomer content (entry 3, 31.6%).
Copolymers were formed the gel-like structure as
seen in Figure 4 when the 1-hexene was introduced
into the system, especially at the high level of
incorporation. With this structure, it is obviously
shown the character of amorphous material. There-
fore, it accords with the results from 13C-NMR and
DSC that the obtained copolymers should not have
the melting temperature.
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Table 3. Triad distribution of copolymer obtained from 13C-NMR

Entry
Ethylene
[mol/l]

1-Hexene
[mol/l]

EEE EEH HEH EHE EHH HHH

3 0.6 0.3 0.345 0.292 0.048 0.172 0.144 0.000
4 0.6 0.6 0.091 0.270 0.076 0.185 0.339 0.039
5 0.6 1.2 0.015 0.130 0.085 0.154 0.424 0.192

Figure 3. 13C-NMR spectra of copolymers



4. Conclusions

It was found that the positive comonomer effect
occurred even though a very high concentration of
1-hexene that was introduced into the system.
However, the microstructures of the obtained
copolymer examined by 13C-NMR need to be
improved because the highly alternating sequence
distributions of copolymer cause the loss of essen-
tial specific thermal properties.
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1. Introduction
Semicrystalline isotactic polypropylene (iPP) is a
commodity polymer produced and applied in large
quantity nowadays. Semicrystalline iPP is a poly-
morphic material, with several crystalline modifi-
cations including the monoclinic (α), the trigonal
(β), and the orthorhombic (γ) forms [1–4]. iPP crys-
tallizes essentially into α-modification under tradi-
tional processing conditions. The α-form is the
thermodynamically stable form according to the lit-
erature [1, 3, 4]. The modification of the crystalline
structure of iPP by introduction of nucleating
agents is one of the keys of its wide scale applica-
tion fields.

The β-form of iPP (β-iPP) can be prepared by
adding β-nucleating agents in the industrial prac-
tice [4]. Several efficient and selective β-nucleating
agents are known in the literature [4–13]. However,
more or less α-iPP is always formed in their pres-
ence [5, 7–10]. The pure β-form of iPP was pre-
pared by Varga et al. [11] by the introduction of
Ca-salt of suberic or pimelic acids. Recently,
Zhang et al. [12, 13] used pimelic acid supported
nano-sized CaCO3 as β-nucleating agent. β-iPP has
several advantageous properties compared to the
traditional α-form, like higher impact resistance,
ductility and better weldability [4, 14, 15]. The high
impact resistance of β-form resulted in increased
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industrial interest in the past decades and simulta-
neously the number of available β-nucleating
agents increased as well.
The early studies revealed that iPP with low molec-
ular mass (Mw < 6000 g/mol) results in the forma-
tion of samples rich in γ-iPP [16–18]. The effect of
molecular mass on the crystalline morphology in
non-nucleated and β-nucleated peroxide degraded
iPP has been studied by Wang et al. [19]. However,
they carried out studies only in a narrow molecular
mass range, where no significant changes were
observed. Moreover, the effect of βα-recrystalliza-
tion was not eliminated during their DSC studies in
the case of β-nucleated samples. Recently, Chvat-
alova et al. [20] reported a detailed study about the
effect of molecular mass on the β-crystallization
ability of iPP. They performed their study using
commercial iPP grades with different molecular
masses and applied a commercial β-nucleating
agent.
It was also observed that during the crystallization
of degraded iPP samples with enhanced content of
γ-form were formed. Vychopnova et al. [21] have
investigated the effect of photo-degradation on the
crystallization tendency of β-nucleated iPP. They
found that the crystallization tendency in the β- and
α-forms decreases with increasing doses of irradia-
tion, but they have not studied the polymorphic
composition by WAXS technique. Therefore, they
could not obtain any information about the forma-
tion of γ-form. Campbell et al. [22] observed that
γ-phase forms in high molecular mass iPP at high
pressure over 2000 bars as well. The influence of
stereo- and regio-defects was observed during the
early studies. Therefore, considerable amount of
γ-iPP forms during the crystallization of ethylene/
propylene random copolymers of propylene (RC-
PP) [23]. The results of a recent study by Krache et
al. [24] supports the earlier result that the formation
of γ-form is promoted by the stereo- and regio-
defects in β-nucleated iPP as well. Juhász et al. [25,
26] studied the γ-crystallization tendency of β-
nucleated and non-nucleated propylene/1-pentene
copolymers and they found that the amount of
γ-form increases with increasing of 1-pentene con-
tent. Moreover, the γ-crystallization tendency of
1-pentene copolymers was even higher than that of
samples containing ethylene or butylene comonomer
units. The structural features of γ-iPP was studied
by Lotz and his co-workers [2]. They found that γ-

modification forms within the α-phase on the lat-
eral surface of α-iPP crystallites (α-γ lamellar
branching).
The crystallization tendency and polymorphic com-
position of low molecular mass iPP and its β-nucle-
ated forms are reported in this study. Our goal was
to explore the effect of changing the molecular
mass in broad range on the crystallization tendency
and the polymorphic composition of iPP.

2. Experimental part
2.1. Materials and sample preparation
A commercial iPP homopolymer with low molecu-
lar mass (Licowax PP 230) produced by Clariant
and its β-nucleated form was used in the first series
of our study. Licowax PP 230 (LICO) is often
applied as lubricant and processing aid for high
molecular mass iPP grades. The melt viscosity of
LICO is very low (η = 1700 mPas at 170°C) indi-
cating low molecular mass.
In order to characterise the effect of molecular mass
in broad range on the crystallization behaviour of
iPP, peroxide degraded samples were produced
from TIPPLEN H-804 neat iPP homopolymer pow-
der (MFR = 0.2 g/10 min at 230°C, 2.16 kg of
load) supplied by TVK according to the method of
controlled rheology (CR) [19, 27, 28]. During CR
processing different amounts of dicumyl-peroxide
(Trigonox 101) were introduced into the iPP using
a Henschel FM/A10 fluid mixer at 700 min–1 of
rotating speed for 5 min. The samples were
processed in a Brabender DSK 42/7 type com-
pounder driven by a Brabender Plasti-Corder PLE
3000 unit. The temperature zones of the com-
pounder were set to 190, 200, 220, 220°C respec-
tively. After the CR processing the MFR of the
samples were measured by CEAST Modul 7027
type equipment at 230°C with load of 2.16 kg. The
complete decomposition of dicumyl-peroxyde was
controlled by repeated measurements of MFR at
230°C. If the secondly measured MFR value was
identical with the first one, we assume that all per-
oxide was reacted. All samples produced by CR-
processing and their designations are included in
Table 1. The non-degraded reference material with
high molecular mass is H-804, which is designated
as CR-0 in the followings.
The molecular mass and its distribution were char-
acterized by gel permeation chromatography
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(GPC) as well. GPC measurements were carried
out using a PL-GPC 210 (Polymer Laboratories
Ltd.) equipment according to ISO 16014 standard
procedure. The samples were dissolved in 1,2,4-
trichloro-benzene (TCB) (1 mg/ml) at 160°C for
2 hours and stabilized by 2,6-di-tert-butyl-4-
methylphenol (BHT) (100 mg/l). 
1000 ppm of Irganox 1010 as stabilizer and
500 ppm of Ca-stearate as acid scavenger were
added to samples processed by CR technology, in
order to avoid the further degradation. The calcium
salt of suberic acid (Ca-sub), which is a highly effi-
cient and selective β-nucleating agent, was added
in 1000 ppm to all β-nucleated blends [11]. The
homogenisation of the other additives – like stabi-
lizers, acid scavenger and β-nucleating agent in the
case of β-nucleated samples – after CR processing
was carried out using a Brabender W50-EH inter-
nal mixer at 220°C for 5 min.
Square shaped plaques (40×40 mm) with 1 mm of
thickness were produced using a Fontijne hydraulic
compression-moulding machine at 2.5 MPa of
pressure. The polymer was melted at 220°C for
2 min and cooled down to room temperature slowly
or rapidly under constant 2.5 MPa of pressure. In
the case of slow cooling the heating of the compres-
sion moulding machine was switched off and the
mould was cooled spontaneously down to room
temperature with a cooling rate of 100°C/h approx-
imately. The rapid cooling means that the mould
was cooled by cold water, which results in a cool-
ing rate of 100°C/min approximately.

2.2. Experimental techniques and methods
The structure was investigated by polarised light
microscopy (PLM) and by wide angle X-ray scat-
tering (WAXS) techniques. The PLM experiments
were carried out using a Zeiss Axioscope micro-
scope equipped by a Leica DFC 320 digital camera.
In order to determine of the optical characteristics
of the samples studied, a λ-plate was located diago-
nally between the crossed polarisers. The tempera-
ture of the samples was regulated by a Mettler FP
82 HT hot stage. The samples were crystallized
under isothermal conditions after the elimination of
thermal and mechanical prehistory by holding the
samples at T = 220°C for 5 min. The samples were
cooled to the crystallization temperature (Tc) at a
cooling rate of 5°C/min. X-ray scattering patterns
were recorded using a Philips PW 1830/PW type
equipment with CuKα radiation at 40 kV and
35 mA and X Pert PRO MPD type equipment with
CuKα radiation at 40 kV and 30 mA. The k value
introduced by Turner Jones et al. [29] for character-
isation of the β-content was calculated on the basis
of the WAXS patterns.
The melting and crystallization characteristics of
the samples were studied by calorimetric (DSC)
method. The thermal and mechanical prehistory
was erased by holding the samples for 5 min at
220°C. Subsequently, the sample was cooled down
to room temperature at a cooling rate of 10°C/min
and the crystallization curves were recorded. The
melting curves were obtained during heating from
room temperature to 220°C with a heating rate of
10°C/min. During heating of the β-nucleated sam-
ples cooled down to room temperature, βα-recrys-
tallization occurs that results in pronounced peak
multiplication [30]. In order to eliminate the dis-
turbing effect of βα-recrystallization, the end tem-
perature of recooling (TR) was set to TR = 100°C in
the subsequent series of the experiment (second
run). According to the melting memory effect of
β-iPP discussed in detail in the literature [3, 4, 30],
βα-recrystallization does not appear during heating
of the samples started from the critical temperature
of T *

R = 100°C. The β-content (βc) can be estimated
exactly from the melting curve of samples regis-
tered after limited recooling step [3–5]. The struc-
tural stability of the crystals are formed in LICO
and β-LICO samples was characterized by melting
curves recorded after cooling with different cooling
rates (2, 5, 10, 20°C/min). The influence of the heat-
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Table 1. The designation of studied non-nucleated and
β-nucleated samples processed by controlled rhe-
ology

Designation
of samples

Trigonox 101
[ppm]

MFR
[g/10 min]

Polydispersity

CR-0
β-CR-0

0 0.20 1.83

CR-200
β-CR-200

200 2.64 3.08

CR-300
β-CR-300

300 4.26 2.14

CR-500
β-CR-500

500 11.98 1.99

CR-800
β-CR-800

800 21.14 2.28

CR-1000
β-CR-1000

1000 22.67 2.16

CR-1200
β-CR-1200

1200 35.31 2.16

CR-1600
β-CR-1600

1600 89.08 2.37



ing rate on the recrystallization was studied in a
series of experiments using heating rates of 10, 20,
40, 50 and 60°C/min.

3. Results and discussion
3.1. The crystalline structure of low

molecular mass iPP
WAXS patterns of the sample LICO and its β-nucle-
ated form are given in Figure 1. The non-nucleated
LICO sample crystallizes essentially in the α-form.
The characteristic diffraction peaks corresponding
to the α-modification at 2θ of 14° (α1(110)), 16.5°
(α2(040)) and 18.3° (α3(130)) respectively can be
clearly seen in curve 1 of Figure 1 [17]. Predomi-
nantly β-iPP forms in the presence of the highly effi-
cient β-nucleating agent used. The intensive
diffraction peak at 2θ = 16° refers to the β-modifica-
tion (β1(300)). However, a minor amount of α-iPP is
still present in the β-LICO sample (Figure 1
curve 2). The k-value of β-LICO sample is 0.81. In

contrary to the literature sources, which have
reported that γ-modification forms in low molecular
mass iPP grades [18], γ-iPP could not be detected by
WAXS technique in the samples studied.
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Figure 1. WAXS patterns of non-nucleated and β-nucle-
ated LICO samples

Figure 2. Supermolecular structure formed during isothermal crystallization of non-nucleated LICO sample at Tc = 130°C
a) tc = 5 min, b) tc = 15 min, c) tc = 45 min, d) tc = 90 min



The supermolecular structure of LICO sample
formed at 130°C is demonstrated in Figure 2. The
micrographs illustrate the formation of large
spherulites with positive birefringence. The lamel-
lar branching can be observed even in PLM micro-
graphs, indicating a more opened spherulitic
structure of the low molecular mass product. In
order to observe individual crystalline entities on
the optical level, the β-nucleated samples were
crystallized at Tc = 130°C (Figure 3). The size of
the spherulites is much smaller than that in the non-
nucleated sample, because of the presence of an
efficient nucleating agent. The rod-like crystals
with strong negative birefringence are formed in
the early stage of crystallization (Figure 3b). These
entities transform into β-spherulites during the lat-
ter stage of crystallization (Figure 3d). According
to the former studies [4, 31] the rod like crystals are
β-hexagonites viewed from their edge. They are the
precursors of the β-spherulites.

3.2. Melting and crystallization of iPP with
low molecular mass

The crystallization and melting curves of LICO and
β-LICO samples and those of the CR-0 and β-CR-0
as a reference material are shown in Figure 4a and
4b. The peak temperature of crystallization of β-
LICO (Tcp = 110.3°C) is higher than that of non-
nucleated LICO samples (Tcp = 105.6°C), indicat-
ing the presence of an efficient nucleating agent. In
spite of the formation of two different polymorphic
phases, one peak appears in the crystallization
curves of β-nucleated samples [4, 5]. Accordingly,
the α- and the β-modifications crystallize simulta-
neously. On the other hand, Tcp of LICO and β-
LICO is lower than that of non-nucleated and β-
nucleated reference material (CR-0 and β-CR-0)
with high molecular weight (Tcp = 111.8 and
119.1°C respectively).
The melting curves of low molecular mass samples
are complex. The multiplied melting peaks indicate
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Figure 3. Supermolecular structure formed during isothermal crystallization of β-nucleated LICO sample at Tc = 130°C a)
tc = 1 min, b) tc = 3 min, c) tc = 6 min, d) tc = 12 min



several processes taking places in the samples dur-
ing heating. The doubled melting of LICO in tem-
perature range 145–155°C corresponds to the
melting of the α-modification (Figure 4b curve 1).
The pronounced double melting peak of the non-
recooled β-LICO sample at 135 and 140°C relates
to melting of the β-modification (Figure 4b,
curve 2). Moreover, a small melting peak of the α-
modification is discernible on the melting curve of
the latter. According to the melting memory effect
of β-iPP [30], β-LICO sample cooled below T*

R

recrystallizes in to the α-form during the partial
melting of unstable β-phase (βα-recrystallization)
resulting in multiplied melting curves (Figure 4b,
curve 3) and in the appearance of a large α-melting
peak. The temperature range of the melting of the
β-LICO is lower than that of α-LICO (Figure 4b),
because of the lower thermodynamical stability of
the β-form. Since the melting temperature of high
molecular mass α- and β-form is at about 166 and
155°C respectively, the lower molecular mass
results in a decreased melting temperature for both
modifications. The lower melting temperature of
low molecular mass material is connected with a
higher density of the chain ends incorporated in the
crystal lattice, which leads to the formation of crys-

tal defects, consequently less perfect structure with
lower structural stability. The melting peak dupli-
cation of the α- and β-modification (Figure 4b) can
be explained by structural instability as well. The
peak duplication resulted in the superposition of the
endothermic perfection process (recrystallization)
on the exothermic partial melting of the unstable
crystal structure. Accordingly, the lower peak tem-
perature (α and β) corresponds to the temperature,
where the rate of the melting and recrystallization
are identical [3, 4]. Consequently, the peaks at
lower temperatures are not real, but apparent melt-
ing peak temperatures. The higher peak tempera-
ture (α′ and β′) indicates the melting of crystalline
fraction formed during the recrystallization within
the same phase (αα′- and ββ′-recrystallization)
throughout heating.
The structural stability depends on the thermal con-
dition of the crystallization. The lower the crystal-
lization temperature is, the higher is the structural
instability. In a series of experiment, samples of
low molecular mass iPP with different structural
stabilities were prepared under non-isothermal
crystallization at different cooling rates. The crys-
tallization curves of LICO and β-LICO recorded at
different cooling rates are presented in Figure 5.
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Figure 4. a) Crystallization curves of non-nucleated and β-nucleated LICO and CR-0 samples (TR = 25°C) and b) melting
curves of non-nucleated and β-nucleated LICO and CR-0 samples recorded after limited (TR = 100°C) and non-
limited recooling (TR = 25°C). Note: the different thermal history of the samples is indicated in the melting
curves.



The faster the cooling rate is, the lower is the peak
temperature of crystallization and consequently the
structural stability of the samples, although the β-
nucleated LICO crystallizes always at higher tem-
perature than the non-nucleated samples. The melt-

ing curves registered after cooling with different
rates are given in Figure 6. It is unambiguous that
the recrystallized part (intensity of peaks α′and β′)
increases with increasing the cooling rate, confirm-
ing the higher structural instability. Simultane-
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Figure 6. a) Melting curves of LICO crystallized at different cooling rate (TR = 25°C), b) melting curves of β-LICO sam-
ples crystallized at different cooling rate (T*

R = 100°C)

Figure 5. Crystallization curves of LICO (a) and β-LICO (b) sample registered at different cooling rate



ously, the apparent melting peak (α and β) at lower
temperature decreases, which confirms that the
recrystallization starts at lower temperature in both
modifications with increasing structural instability.
Since the recrystallization is a time dependent
process, the increase of the heating rate gradually
surpasses the recrystallization during heating and
consequently the peak duplication becomes less
pronounced. This statement is proved by the melt-
ing curves presented in Figure 7a and 7b, where the
influence of the heating rate on the melting profile
of LICO and β-LICO is shown. It is well seen that
the peak duplication at the highest heating rates
(above 50°C/min) is almost disappears, i.e. the
recrystallization is negligible. The melting peak
temperature recorded with heating rate of 50°C/min
(Tmp = 152.7°C) can be accepted as Tmp of crys-
talline fraction formed originally, because the dis-
turbing effect of the αα′-recrystallization was prac-
tically eliminated. It worth mentioning that the
inclination to the crystallisation can be approxi-
mately characterized by the apparent undercoola-
bility, i.e. by the difference of melting and crystal-
lization peak temperature (ΔT = Tmp – Tcp). Based
on the calorimetric data the undercoolability of
non-nucleated and β-nucleated LICO and CR sam-
ples is summarized in Table 2. The ΔT value for
non-nucleated samples is little lower than of 50°C.
ΔT decreases monotonously with decreasing molec-
ular mass. The lower undercoolability (the higher

inclination for crystallization) of LICO is a conse-
quence of higher chain mobility and lower melt vis-
cosity. The β-nucleated samples have significantly
lower ΔT, because of the presence of a highly effi-
cient nucleating agent, but ΔT decreases with
decreasing molecular mass similarly to the non-
nucleated samples. The results obtained by the vari-
ation of the cooling and heating rates confirmed
that the explanation of the multiplication of the
melting peaks is correct.
The polymorphic composition can be calculated
from the melting curve registered after limited
recooling (TR = T*

R = 100°C). The β-content (βc)
estimated from the melting curve recorded after
limited recooling is 97%. The βc of the β-CR-0 is
higher (βc > 99%) than that of β-LICO, signifying
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Figure 7. Melting curves of non-nucleated (a) and β-nucleated (b) LICO samples recorded with different heating rates

Table 2. The crystallization (Tcp,) melting peak tempera-
tures (Tmp) and the undercoolability (ΔT) of non-
nucleated and β-nucleated CR and LICO samples
crystallized using 10°C/min of cooling and melted
with 50°C/min of heating rate

Sample
name

ββ-nucleated Non-nucleated
Tcp Tmp ΔΔT Tcp Tmp ΔΔT

CR-0 119.5 154.3 34.9 113.3 162.7 49.4
CR-200 120.0 154.3 34.4 114.1 162.7 48.5
CR-300 119.3 152.7 33.4 111.6 162.7 51.0
CR-500 120.3 152.7 32.4 114.8 162.7 47.9
CR-800 120.5 152.7 32.2 113.1 162.7 49.5
CR-1000 120.1 152.7 32.5 112.1 161.8 49.7
CR-1200 120.5 153.5 33.0 113.1 161.8 48.7
CR-1600 120.0 152.7 32.7 115.1 162.7 47.5
Licowax 110.3 142.7 32.4 105.5 152.7 47.2



the reduced β-crystallization tendency of low
molecular mass iPP.

3.3. Crystalline structure of peroxide-
degraded samples

In order to determine the influence on the molecu-
lar mass on the structural stability and the inclina-
tion for recrystallization, iPP samples with different
molecular masses and MFR were prepared by con-
trolled degradation process (CR) in the presence of
dicumyl-peroxide. The molecular mass and MFR
range achieved by CR processing as a function of
peroxide content are shown in Figure 8. The molec-
ular mass of the samples is changing as a result of
chain scission, which can influence the polydisper-
sity and the regularity of the chain as well (Table 1).
The WAXS patterns of non-nucleated CR samples
registered on compression molded plaques are
shown in Figure 9. The diffraction peaks indicate
that the samples – except CR-0 – crystallize in α-
modification in the whole MFR range. In the case
of CR-0, a small peak at 2θ = 16° appears that cor-

responds to traces of β-iPP. Its formation is proba-
bly induced by mechanical load on the melt during
compression moulding [32]. It should be noted that
the diffraction peak of β-iPP is more pronounced in
the CR-0 processed with slow cooling rate (Fig-
ure 9b). The diffraction patterns of β-nucleated CR
samples are given in Figure 10. All samples crys-
tallized in β-form independently of their MFR and
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Figure 8. Dependence of the MFR and molecular weight
(Mn and Mw) values of the CR samples on per-
oxide content

Figure 9. WAXS patterns of CR samples with different MFR processed by rapid (a) and slow (b) cooling

Figure 10. WAXS patterns of β-CR samples with different MFR processed by rapid (a) and slow (b) cooling



of the cooling rate applied during compression
moulding. The k values are above 0.94 except the
compression moulded plaque β-CR-0 produced
with slow cooling. This can be explained by the
formation of α-self nuclei in the high molecular
weight sample above the upper critical temperature

(140°C) of the formation of the β-iPP [3, 4].We
have to emphasize that no formation of γ-form
could be detected in the samples studied. The
results ascertain that neither the decreasing molecu-
lar mass, nor the degradation of iPP result in the
formation of γ-form. Based on our recent results, it
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Figure 11. Supermolecular structure formed during isothermal crystallization of peroxide degraded samples at Tc = 130°C
a) non-nucleated CR-0, tc = 10 min; b) β-nucleated CR-0, tc = 1 min; c) non-nucleated CR-800, tc = 10 min;
d) β-nucleated CR-800, tc = 1.5 min; e) non-nucleated CR-1600, tc = 10 min; f) β-nucleated CR-1600,
tc = 3 min



can be concluded that the stereo- and regio-defects
might play dominant role in forming of γ-modifica-
tion instead of low molecular mass. We suppose
that iPP produced using recent superactive catalyst
systems, which provide highly stereoregular struc-
ture (isotacticity is usually higher than 98%), is not
inclined to the formation of γ-form. The formation
of γ-iPP observed in the pioneering works on this
topic [18] might be explained by the lower stereo-
regularity of the earlier iPP grades.
The supermolecular structure of peroxide degraded
samples is demonstrated in Figure 11. Large
spherulites are formed (Figure 11a) during the crys-
tallization of the non-degraded reference material
(CR-0) at Tc = 130°C. All non-nucleated samples
crystallize essentially in α-modification. Fig-
ure 11a, 11c and 11e demonstrate the crystalline
structure formed after 10 min of crystallization of
CR-0, CR-800 and CR-1600 samples respectively.
The number of spherulites formed increases with
increasing peroxide content, representing the
increased molecular mobility of the peroxide
degraded samples. The larger the mobility of the
chains is the higher is the rate of formation of the
nuclei. The presence of the β-nucleating agent pro-
motes the formation of microspherulitic structure,
which consists of β-iPP exclusively. Moreover, the
crystallization of β-nucleated samples is much
faster than that of the non-nucleated ones.

3.4. Melting and crystallization
characteristics of peroxide-degraded
samples

The melting curves of non-nucleated CR samples
registered after limited recooling are shown in Fig-
ure 12. The quantitative thermal characteristics
obtained from evaluation of the crystallization and
melting curves of non-nucleated CR samples are
collected in Table 3. The non-nucleated CR sam-
ples with lager MFR possess higher peak tempera-
ture (Table 2) of crystallization (Tcp). These results
hint at the increased chain mobility as the conse-
quence of the decreased melt viscosity and lower
entanglement density. The melting peak tempera-
ture shifts toward to lower temperatures with
decreasing molecular mass. Moreover, peak dupli-
cation signifying the decreased structural stability
appears above peroxide content of 800 ppm (CR-
800–CR-1600). The enthalpy of fusion (ΔHm)

increases with increasing MFR. We have to point
out that this apparent increase can be caused by the
more and more pronounced αα′-recrystallization
with decreasing molecular mass. The more pro-
nounced the recrystallization is, the higher is the
ΔHm values.
The melting curves of the non-recooled, β-nucle-
ated CR samples are given in Figure 13. The quan-
titative thermal characteristics obtained from the
evaluation of crystallization and melting curves of
β-nucleated CR samples are collected in Table 4.
The peak temperatures of crystallization of β-
nucleated samples are higher than those of the non-
nucleated ones and located in the vicinity of 120°C.
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Figure 12. Melting curves of CR samples crystallized at
cooling rate of 10°C/min (TR = 100°C)

Table 3. Thermal characteristics of non-nucleated CR sam-
ples determined on the basis of the melting and
crystallization curves (TR = 25°C)

Tmp – peak temperature of melting of α-modification, where α
and α’ are the temperatures of the doubled melting peaks

Samples ΔΔHc [J/g] Tmp [°C] ΔΔHm [J/g]
CR-0 86.0 166.0 80.0
CR-200 88.0 162.7 83.4
CR-300 88.1 159.7 83.2
CR-500 90.3 161.7 85.8
CR-800 90.0 161.4 87.2

CR-1000 89.5
(α) 161.5
(α’) 166.3

88.1

CR-1200 90.8
(α) 158.4
(α’) 164.7

89.6

CR-1600 88.8
(α) 158.2
(α’) 164.6

87.3



Tcp values increase slightly with increasing MFR
(Table 4). The melting peaks are located in the tem-
perature range of 145–155°C, which is characteris-
tic of the β-iPP with high molecular mass. Further-
more, melting shifts toward lower temperatures
with decreasing of molecular mass, similarly to the
non-nucleated CR samples. The duplication of
melting peak becomes visible at higher molecular
mass range compared with non-nucleated samples.
The pronounced peak duplication, which is caused
by the ββ′-recrystallization of the unstable crys-
talline structure, can be clearly seen in β-CR-
500–β-CR-1600 samples (Figure 13). This obser-

vation ascertains that the structural stability of β-
form is smaller than that of α-form, in spite of the
fact that the β-nucleated samples are crystallized at
higher temperature range (Table 3 and 4). The βc

values are higher than 98% in most of β-nucleated
CR samples.
The melting curves of β-nucleated samples cooled
to room temperature are shown in Figure 14. The
melting profiles reflect that βα-recrystallization
takes place during heating according to former
observations [3, 4, 30]. It seems that increasing
number of crystal defects caused by the chain ends
included in the crystal lattice with decreasing of
molecular mass promote the βα-recrystallization as
well. Therefore, the βα-recrystallization overlaps
with and suppresses the ββ′-recrystallization. The
melting peak duplication hinting at the ββ′-recrys-
tallization within the β-form appears only in the
case of β-CR-1600 sample as an indistinct shoulder
on the melting cure.
We have to call the attention to the fact once again
that βα-recrystallization superimposed on the par-
tial melting of the β-phase during heating of the
samples cooled down to room temperature influ-
ences the melting profile considerably. Therefore,
melting peak temperatures and enthalpy of fusion
determined from the melting curves recorded dur-
ing heating from room temperature are apparent
values. Consequently, the melting curves of
recooled samples do not provide exact information
about βc. Indeed, the βc values determined from
melting curves of samples heated from room tem-
perature are much lower than those obtained from
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Table 4. Thermal characteristics of β-nucleated CR samples determined on the basis of the melting and crystallization
curves

Tmp – peak temperature of melting of α-modification, where β and β’ are the temperatures of the multiplied melting peaks

Samples
Heating after limited recooling

(TR = 100°C)
Cooling to room temperature and subsequent heating

(TR = 25°C)
Tmp [°C] ΔΔHm [J/g] ββc [%] ΔΔHc [J/g] ΔΔHm [J/g] ββc [%]

β-CR-0 149.7 82.2 98.8 85.4 95.1 78.7
β-CR-200 148.5 81.5 98.5 85.7 94.0 79.0
β-CR-300 149.0 86.2 98.3 81.2 88.5 76.8

β-CR-500
(β) 147.2
(β’) 152.2

86.0 96.8 82.5 85.8 73.1

β-CR-800
(β) 148.9
(β’) 153.0

88.7 98.2 84.6 87.3 77.9

β-CR-1000
(β) 150.5
(β’) 154.2

86.8 99.4 79.2 61.4 77.1

β-CR-1200
(β) 149.9
(β’) 153.7

88.5 99.2 79.1 62.8 75.6

β-CR-1600
(β) 148.5
(β’) 153.0

85.8 99.2 78.2 64.2 70.9

Figure 13. Melting curves β-nucleated CR crystallized at
a cooling rate of 10°C (TR = 100°C)



non-recooled melting curves recorded during heat-
ing from 100°C (Table 4).

4. Conclusions

The objective of this work was to investigate the
effect of molecular mass on the crystallization ten-
dency of the polymorphic modifications of iPP in
wide range. The results prove that iPP crystallizes
essentially in α-form and the β-modification can be
prepared by application of a highly active and
selective β-nucleating agent in wide molecular
mass range studied. The effect of molecular mass
was studied on peroxide-degraded samples and a
commercial iPP product with low molecular mass.
Our results revealed that the decrease of molecular
mass leads to increased structural instability of both
α- and β-modification, which is manifested in
decreasing of the melting temperature and in the
enhanced inclination to the recrystallization during
heating. The structural instability can be explained
by the incorporation of the chain ends into the crys-
tal lattices. The shorter the chains are the larger is
the density of the incorporated chain ends and con-
sequently the structural instability. The perfection
process of unstable crystalline structure leads to
pronounced αα′- and ββ′-peak duplication. In con-
trary to literature sources, which have reported that

γ-modification forms in degraded samples and in
low molecular mass iPP grades [18], γ-iPP could
not detected in the samples studied. The recently
used catalysts systems seem to provide highly
stereoregular structure, which is not liable to crys-
tallize in γ-form.
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1. Introduction
One of the most important consequences of the
incorporation of nanofillers in molten polymers is
the significant change in their viscoelastic proper-
ties [1]. The reduction of the filler size down to
nanometric scale can produce substantial differ-
ences in the rheology and dynamic of filled poly-
mer in comparison to micron sized particles [2–7].
In fact, polymer composites reinforced with sub-
micron fillers generally show significant enhance-
ments in the viscoelastic properties compared to
microcomposites at similar filler contents, associ-
ated to the appearance of a secondary plateau for
the dynamic storage modulus (G′) in the low fre-
quency regime [3, 6–10]. These effects can be
explained considering that the extremely large sur-

face area provided by nanoparticles can intensify
the effect of particle-particle and/or polymer-parti-
cle thermodynamic interactions [4, 5, 11–14].
When filler-filler interactions dominate, it is
believed that the rheological response of the mate-
rial is influenced by the destruction and reconstruc-
tion of a filler network and/or agglomerates during
mechanical loading [8, 9, 15, 16]. On the other
hand, when polymer-filler interaction is the driving
factor, the viscoelasticity of the melt is controlled
by the dynamics of the stick-slip motion of the
polymer chains around the filler surface [17–22].
During the past few years, the linear viscoelastic
behaviour in the molten state of polymer nanocom-
posites filled with organically modified clays has
been widely investigated [23–31], and the subject
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has been reviewed by Krishnamoorti and Yurekli
[26]. Studying the rheological response of poly-
styrene/clay nanocomposites, Zhao et al. [30]
found that the level of dispersion was markedly
correlated with the rheological response. Gupta et
al. [25] prepared a series of ethylene-vinyl acetate/
clay nanocomposites, finding a marked shear thin-
ning behaviour with respect to the unfilled sample
at filler loadings higher than 2.5 wt%. Wu et al.
[29] prepared polylactide/clay nanocomposites by
melt mixing, revealing the formation of a solid-like
behaviour for clay loadings higher than 4 wt%,
taken as the percolation threshold for the formation
of a physical network. With the term percolation
threshold, the authors intended a critical concentra-
tion above which the distance between clay
nanoplatelets was sufficiently low to allow the for-
mation of a space filling network constituted by
physical interactions between clay lamellae in
steady state conditions. This physical network
could be destroyed by the oscillatory large ampli-
tude shear deformation and could be eventually
reorganized under quiescent annealing condition.
Similar results can be also found in some papers
dealing with the rheological behaviour of poly-
mer/carbon nanotubes (CNT) nanocomposites
[32–37]. Ganß et al. [33] found a systematic
increase in melt viscosity for polypropylene/multi-
walled CNT nanocomposites. Abdel-Goad and
Pötschke [32] found that the dynamic moduli and
the viscosity of polycarbonate/multiwalled CNT
composites increased with increasing the CNT con-
tent, with a transition from a liquid like to a solid
like behaviour at concentrations of only 0.5 wt%.
In this case the transition was related to the forma-
tion of a combined network between the nanotubes
and the polymer chains. Similar conclusions were
reported by Song [37] in a paper on the rheological
properties of poly(ethylene oxide)/carbon nan-
otubes composites. Furthermore, Prashantha et al.
[35, 36] prepared multi-wall carbon nanotubes
(MWNTs) filled polypropylene (PP) nanocompos-
ites, utilizing polypropylene grafted maleic anhy-
dride (PP-g-MA), demonstrating that PP-g-MA
promotes the dispersion of MWNTs in PP matrix
and the interfacial strength, thus greatly improving
the rheological percolation threshold and the
mechanical properties of the resulting nanocom-
posites.

Quite surprisingly, very little information are avail-
able on the viscoelastic behaviour of silica filled
polymer nanocomposites in the molten state [38].
Fumed silica nanoparticles exist in a wide range of
size (specific area ranging from 50 to 400 m2/g)
and with a variety of surface treatments from
hydrophilic to hydrophobic. Due to their fractal
structure and their high specific area, fumed silica
is subjected to self-aggregation and can conse-
quently form a network of connected or interacting
particles in the molten polymer. Consequently, the
most important application of fumed silica is the
improvement of the rheological properties of
paints [38] and for reinforcing elastomers [39].
Bartholome et al. [40] prepared polystyrene/grafted
silica nanocomposites, finding significant enhance-
ments of storage shear modulus in the low fre-
quency regime, especially when unmodified silica
was utilized. It was also evidenced that the grafted
polymer chains on the silica particles surface cre-
ated a steric repulsion between the filler particles,
preventing the formation of a silica network within
the polymer matrix, with a consequent decrease of
the rheological properties with respect to the
untreated silica filled systems. By a ‘freeze-drying’
technique, Zhang and Archer [10] prepared
poly(ethylene oxide) (PEO) based nanocomposites
containing isotropic silica nanospheres, in order to
study the effects of polymer-particle and particle-
particle interactions on viscoelastic properties of
the resulting materials. Even in this case, viscoelas-
tic parameters indicated a transition to a solid-like
response at low oscillation frequencies for particle
volume fractions as low as 2%, dramatically lower
than the theoretical percolation threshold (30%). In
order to explain their observations the authors pro-
posed a mechanism in which nanosized silica parti-
cles, surrounded by an immobilized shell of PEO,
were bridged by much larger polymer molecules.
Cassagnau [38] concluded that the solid-like
behaviour displayed by polymer-silica nanocom-
posites is influenced by the silica surface treatment
and by the molecular weight of the matrix, and is
mainly promoted by particle-particle interaction in
fumed silica nanocomposites, while the particle-
polymer interaction is the dominant one in colloidal
silica nanocomposites. The critical filler concentra-
tion beyond which interparticle interactions begin
to play an important role on the rheological proper-
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ties, called percolation threshold (Φc), was com-
puted in some papers. Cassagnau [41] studied the
viscoelastic properties of nanosilica-filled ethylene
vinyl acetate copolymer (EVA, 60 wt% of vinyl
acetate) in the molten state and diluted EVA/xylene
solution, finding a liquid-solid transition at Φc =
3.3 vol%, independently from the polymer chain
regimes (entangled or Rouse regime). Inoubli et al.
[42] observed that 2.5 vol% of silica in polybuty-
lacrylate nanocomposite was very close to the per-
colation threshold.
Starting from these considerations, the objective of
the present work is to investigate the linear vis-
coelastic behaviour of silica micro- and nanocom-
posites in the molten state, in order to find, at least
from a qualitative point of view, a correlation
between the filler characteristics (size and surface
area) and the resulting dynamic rheological proper-
ties. In order to pursue this scope, a non-polar poly-
meric matrix, linear low-density polyethylene
(LLDPE) and three types of untreated amorphous
silicon dioxide (SiO2) micro- and nanofillers (i.e.
glass microspheres, precipitated silica microparti-
cles, and fumed silica nanoparticles) were used.
Experimental data were then analyzed according to
some of the existing models [43–46], and a modifi-
cation of the original De Kee-Turcotte model [44]
was proposed to fit rheological data over the entire
frequency range.

2. Experimental section

A Flexirene® CL10 linear low-density polyethyl-
ene (MFI at 190°C and 2.16 kg = 2.6 g/10′, Mn =
27000 g/mol, density = 0.918 g/cm3). This material
is produced by Polimeri Europa S.p.A. (Mantova,
Italy) using Ziegler-Natta catalysis and butene as a
comonomer (C4-LLDPE).
Various types of amorphous silica micro- and
nanoparticles were used as fillers:
i) Cores® silica glass microspheres, having a mean

particle size of about 50 µm and a surface area
lower than 1 m2/g. On the particles sieved in a
32 µm mesh, a mean diameter of 18±3 µm was
evaluated through optical microscopy.

ii) Sipernat® 160 precipitated silica microparticles,
supplied by Degussa (Hanau, Germany). Pre-
cipitated silica consists of a three-dimensional
network of coagulated primary silica particles.
The latter grow to sizes higher than 10 nm

before they coagulate to form the aggregated
clusters in the micrometric range of size [47,
48]. Despite their micrometric dimensions (7–
8 µm), these microparticles possess elevated
surface area values (around 160 m2/g), because
of their high surface porosity.

iii) Aerosil® commercial fumed silica nanoparti-
cles, supplied by Degussa (Hanau, Germany).
According to the producer’s datasheets,
Aerosil 200 has a nominal specific surface area
(SSA) of about 200 m2/g, while for Aerosil 380
a nominal SSA value of about 380 m2/g is
reported on the material data sheet.

Density was measured through a Micromeritics
Accupyc® 1330 helium pycnometer, while specific
surface area was determined by an ASAP® 2010
Accelerated Surface Area and Porosimetry
machine, according to the Brunauer-Emett-Teller
(BET) procedure [49]. Table 1 summarizes the
experimental density and SSA values of the silica
micro- and nanoparticles used in this work.
Polyethylene chips and all fillers were used as
received. The samples were prepared by melt com-
pounding followed by hot pressing. The filler was
melt compounded with LLDPE in a Thermo
Haake® internal mixer, at 170°C for 15 min and
90 rpm. The materials were then hot pressed in a
Carver® laboratory press at 170°C for 15 min at
low pressure (0.2 kPa), in order to obtain square
sheets about 0.8 mm thick. The filler content was
varied between 1 and 4 vol%. In all figures and in
the discussion session, glass microspheres were
simply designated as Glass, precipitated silica
microparticles were denoted as S160, while fumed
silica nanopowders were designated with the letter
A200 or A380 depending on the nominal specific
surface area. The unfilled matrix is indicated as
LLDPE, while the composites were denoted as
LLDPE followed by the name of the filler and the
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Table 1. Density and specific surface area values of micro-
and nanosilica fillers utilized in this work

aMeasured through a Micromeritics Accupyc® 1330 helium pyc-
nometer

bMeasured through ASAP® 2010 Accelerated Surface Area and
Porosimetry machine

Type of filler
Densitya

[g/cm3]
BET surface areab

[m2/g]
Glass microspheres 2.43 ± 0.01 000.5 ± 0.1
Sipernat 160 1.85 ± 0.01 168.3 ± 0.6
Aerosil 200 2.27 ± 0.02 196.6 ± 1.7
Aerosil 380 2.41 ± 0.02 320.8 ± 3.4



filler volume content (vol%). For example LLDPE-
A200-2 indicates 2 vol% Aerosil 200 fumed silica
nanocomposite sample.
Observations of the fracture surface of LLDPE-
Glass-2 composites were taken by using a Philips®

XL30 environmental scanning electron microscope
(ESEM), at an acceleration voltage between 15 and
30 kV. Thin samples (0.6 mm) were cryofractured
under impact conditions and prepared for the obser-
vations. Transmission electronic microscope (TEM)
images of LLDPE-A380-2 and LLDPE-S160-2
samples were taken by a Philips®/FEI CM120
microscope, at an accelerating voltage of 80 kV.
Thin sections of the samples were ultramicrotomed
at a temperature of –70°C by using a Reichert-
Jung® Ultracut FC4E crio-ultramicrotome.
Dynamic rheological tests were conducted by a
TA Instruments® Ares Rheometer in parallel plate
configuration, at a temperature of 190°C. Plates
with a diameter of 25 mm and a distance of 0.8 mm
were chosen for these tests. A maximum shear
strain (γ0) of 1% was imposed to the samples, while
the frequency range was varied between 0.05 and
200 rad/s.

3. Results and discussions 
3.1. Microstructural characterization
The rheological behaviour of particulate filled
polymers strongly depends on the particle size and
dispersion degree. In Figure 1a an ESEM image of
the fracture surface of LLDPE-Glass-2 composite
is reported. The typical microstructure of particu-
late filled microcomposites is evidenced, with the
presence of spherical smooth microparticles with
mean dimension of about 15–20 µm, homoge-
neously distributed through the sample. In Fig-
ures 1b and 1c TEM images of the fracture surfaces
of LLDPE-S160-2 and LLDPE-A380-2 composites
are respectively reported. Precipitated silica com-
posite is characterized by the presence of almost
equiaxial aggregates of about 400 nm in diameter,
homogeneously dispersed in the matrix. Before
melt compounding S160 microparticles had a mean
diameter of about 7–8 µm. Therefore, the shear
forces acting on the highly porous precipitated sil-
ica microparticles during the compounding process
led to their partial disgregation. This hypothesis is
confirmed by similar observations on polymers
filled by precipitated silica as reported by Shim and

Isayev for polydimethylsiloxane [47] and by Uotila
et al. for polypropylene [48]. The mean diameter of
S160 aggregates is comparable to that of A380
aggregates, consisting of isodimensional domains
of about 200 nm homogeneously dispersed in the
matrix. Therefore, despite the differences in the ini-
tial dimensions of the particles, the final micro-
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Figure 1. ESEM and TEM images of the fracture surfaces
of LLDPE – 2 vol% composites: (a) LLDPE-
Glass-2, (b) LLDPE-S160-2, (c) LLDPE-A380-2



structure of precipitated silica and fumed silica
composites is very similar.

3.2. Rheological measurements

The effect of the filler content on the isothermal
(190°C) frequency dependence of the dynamic
shear storage modulus (G′) of the prepared com-
posites is reported in Figure 2. In the case of
LLDPE-Glass-x samples, the typical rheological
behaviour of microparticles filled polymers can be
observed [50–53], with only a marginal improve-
ment of G′ in the entire frequency range. For pre-
cipitated silica composites the rheological behav-
iour is completely different. A strong G′ enhance-
ment can be easily detected even at relatively low
silica content (Φ > 2 vol%), especially in the low
frequency region. These observations are in agree-
ment with the existing scientific literature on the
rheological properties of nanoparticles filled sys-

tems [1, 28, 29, 32, 33, 38, 54]. It is important to
underline that G′ of nanocomposites tends to
become frequency independent in the low fre-
quency region, which is the characteristic behav-
iour of an elastic solid (solid-like behaviour).
According to Cassagnau [38], a similar trend
observed in the low frequency region of polymer-
clay nanocomposites can be attributed to strong
interactions between the clay layers and the poly-
meric matrix, while the solid-like behaviour in
fumed silica nanocomposites could be related to
particle-particle interactions and to the consequent
formation of a netlike structure. These interactions
may arise from hydrogen bonds between the silanol
groups on the surface of primary nanoparticles. As
can be visualized in TEM images reported in Fig-
ure 1, fumed silica primary nanoparticles are fused
together in aggregates, forming physical agglomer-
ates with a diameter of 200–300 nm. In these con-
ditions it is possible to hypothesize that the network
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Figure 2. Storage modulus (G′) curves of LLDPE and relative composites (T = 190°C): (a) LLDPE-Glass-x, (b) LLDPE-
S160-x, (c) LLDPE-A200-x, (d) LLDPE-A380-x. ( ) LLDPE, (Ο) x = 1 vol%, (Δ) x = 2 vol%, (∇ ) x = 3 vol%,
( ) x = 4 vol%.



responsible of the solid like behaviour shown by
the nanofilled samples is formed by particle-parti-
cle interactions between silanol groups present on
the surface of the nanoparticles. In this way the
physical interactions between the agglomerates cre-
ate a space filling network, able to block the flow of
LLDPE macromolecules. At high test frequencies
these bonds can be destroyed by shear forces, and
the G′ values approach those of the unfilled matrix.
The same considerations hold also for fumed silica
nanocomposites, but in this case the increase of G′
values with the filler content is even more evident,
especially when nanoparticles with high SSA val-
ues are used.
Loss tangent (tanδ) curves for pure LLDPE and rel-
ative micro- and nanocomposites are reported in
Figure 3. Even in this case, the huge difference
between the effects of glass microbeads and other
fillers on the rheological behaviour of LLDPE is
confirmed. If glass filled microcomposites are con-
sidered, the variation of the loss tangent is very lim-

ited even at high filler contents, while both precipi-
tated and fumed silica induce a remarkable
decrease of tanδ, accompanied by a shift of the
peak of tanδ towards higher frequencies. The pres-
ence of a tanδ peak can be probably associated to
the beginning of the breakdown of the silica net-
work. Therefore, the little shift of the tanδ peak
towards higher frequencies can be attributed to
stronger interparticle interactions, favoured by the
presence of a high number of silanol groups on the
surface of the particles. Even in this case, the
observed trend is more pronounced when fumed
silica nanocomposites are considered, probably for
the formation of an extended space filling silica
network, due to the higher availability of silanol
groups on the surface of primary nanoparticles. The
hypothesis of the silica breakdown at tanδ peak is
supported by various literature references. For
example, Wu and Zheng [55] studied the dynamic
rheological behaviour of HDPE/CB (carbon black)
nanocomposites. They found that increasing the CB
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Figure 3. Loss tangent (tanδ) curves of LLDPE and relative composites (T = 190°C): (a) LLDPE-Glass-x, (b) LLDPE-
S160-x, (c) LLDPE-A200-x, (d) LLDPE-A380-x. ( ) LLDPE, (Ο) x = 1 vol%, (Δ) x = 2 vol%, (∇ ) x = 3 vol%,
( ) x = 4 vol%.



concentration, the plot of tanδ versus ω changed
from linearity to an arc-shaped trend, with smaller
tanδ values in the low frequency region. Consider-
ing that the peak of tanδ appeared for CB concen-
trations higher than 9 vol%, they defined this filler
loading as a percolation threshold. Even in that case
the magnitude of the peak decreased with an
increase in the filler concentration, whereas tanδ
values corresponding to the peak increased with the
filler concentration. Romani et al. [56] attributed
the existence of a tanδ peak to a critical relaxation
behavior involved in a high-order structure within
the polymer matrix, related to the existence of
interparticle networks. Therefore, it is likely that
similar considerations could be extended to LLDPE
filled with aggregated physically interacting nano-
particles.
Figure 4 reports the frequency dependence of the
shear viscosity for pure LLDPE and relative micro-
and nanocomposites. Even in this case, only mar-
ginal viscosity increments can be detected for glass
beads filled microcomposites, with the presence of
a Newtonian plateau at low frequencies. For precip-

itated silica microcomposites and fumed silica
nanocomposites viscosity enhancement is very pro-
nounced, especially at low frequencies and for high
silica loadings. The pseudoplastic plateau disap-
pears for filler contents higher than 2 vol%, proba-
bly for the formation of a network of hydrogen
bonded silica aggregates. The effect of fumed silica
specific surface area can be evidenced only at low
frequencies, with an increase of the shear viscosity
as SSA increases. The increase of surface area may
result in a higher number of silanol groups on the
surface of the aggregates, leading to a higher num-
ber of hydrogen bonds and, consequently, to
stronger particle-particle interactions. Therefore,
the noticeable increase of shear viscosity values
could be attributed to the interparticle interactions
arising from hydrogen bonds between silanol
groups present on the surface of the particles. This
hypothesis is widely supported in the literature not
only for suspensions, but also for filled polymer
matrices in the molten state. As mentioned before,
Cassagnau [38] concluded that the viscosity
enhancement in polymer-clay nanocomposites was
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Figure 4. Viscosity (η) curves of LLDPE and relative composites (T = 190°C): (a) LLDPE-Glass-x, (b) LLDPE-S160-x,
(c) LLDPE-A200-x, (d) LLDPE-A380-x. ( ) LLDPE, (Ο) x = 1 vol%, (Δ) x = 2 vol%, (∇ ) x = 3 vol%,
( ) x = 4 vol%.



due to strong interactions between the clay layers
and the polymeric matrix, while the solid-like
behaviour in fumed silica nanocomposites was
related to particle-particle interactions and to the
subsequent formation of a netlike structure. This
hypothesis is supported also by Bartholome [40],
that considered filler networking due to the forma-
tion of hydrogen bonds as a first order parameter
for silica nanocomposites based on common ther-
moplastics. Furthermore, considering that polyeth-
ylene has no polar groups in the main backbone, the
possibility of having strong polymer-filler interac-
tions and the physical absorption of polymer chains
on the filler surface at the molten state appears rela-
tively weak. Regarding the correlation between the
viscosity drop and the destruction of the interparti-
cle hydrogen bonds at high frequencies, it has to be
considered that the higher the frequency the lower
is the stress relaxation during each loading cycle

and the higher is the stress acting transferred from
the LLDPE matrix to the filler. This means that at
high frequencies the energy involved to deform
LLDPE macromolecules is much higher and per-
haps superior to the energy required to break inter-
particle interactions. This hypothesis could also
explain why the rheological behaviour of filled
samples at high shear rates is similar to that of the
unfilled matrix.
In order to better analyze the effect of the filler con-
tent on the rheological behaviour of the investi-
gated micro and nanocomposites, relative viscosity
at low (0.05 rad/s) and high (158 rad/s) frequencies
has been reported in Figure 5 as a function of the
volume content of the various fillers. It is clearly
evident that the enhancement of the viscosity is
much more pronounced at low frequencies, when
the interparticle forces due to hydrogen bonding are
more effective. While at 0.05 rad/s the viscosity of
the LLDPE-A380-4 sample is about 100 times
higher than that of the pure LLDPE, at 158 rad/s the
viscosity of the same sample is only 2.4 times
higher than that of the unfilled matrix. This con-
firms that in the high frequency regime the shear
forces may lead to a breakage of the silica network,
with a considerable reduction of viscosity values.

3.3. Modelling

Batchelor proposed a model to estimate the relative
viscosity of polymer composites containing col-
loidal hard spheres in the limit of low shear rate,
represented by the following Equation (1) [43]:

(1)

where ηc and ηm are the viscosity of the composite
and of the matrix, respectively. It can be easily
noted that the proposed model is an extension of the
Einstein equation [57], originally proposed to pre-
dict the effect of a rigid filler on the viscosity of a
Newtonian liquid in the case of diluite suspension.
Considering that the filler content in the prepared
composites is relatively small (≤ 4 vol%), it is pos-
sible to use the above mentioned expression in
order to fit shear viscosity data, as reported in Fig-
ure 5. It is immediately evident that the Batchelor
model is able to fit the viscosity trend of glass filled
LLDPE composites, both in the low and in the high
frequency regions, while in the case of precipitated
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Figure 5. Relative viscosity values of LLDPE and relative
composites (T = 190°C) at (a) ω = 0.05 rad/s and
(b) ω = 158 rad/s. ( ) LLDPE-Glass-x,
(Ο) LLDPE-S160-x, (Δ) LLDPE-A200-x,
(∇ ) LLDPE-A380-x. The dashed line represents
the theoretical prediction of the relative viscos-
ity according to the Batchelor model.



silica and fumed silica composites the increase in
relative viscosity is largely underestimated. As it
could be expected, this model is unsuitable to catch
the dependence of the rheological behaviour of
polymeric nanocomposites from the filler content.
In the last decades quite a variety of empirical non-
Newtonian viscosity models, constituted by 2, 3, 4
or 5 elements, have been proposed to analyze the
frequency dependence of the shear viscosity of
polymers [51]. For the materials investigated in this
work the difficulty to find a suitable expression
arises from the markedly different viscosity trends
between unfilled LLDPE and fumed silica nano-
composites, due to the disappearance of the pseudo-
plastic plateau in the low frequency regime.
From a historical point of view, the first attempt to
solve the problems related to the appearance of an
yield stress at vanishing shear rates was made by
Bingham [58] in 1922, that proposed a model with
two distinct constitutive equations to describe the
rheological behaviour of the material at rest and
during the flow. As reported by Malkin [53], the
abovementioned expression should not be intended
as rheological equation of state, because it only
contains an empirical description of experimental
data obtained in unidimensional shear deforma-
tions. Also Barnes [50] specified that this law is
basically empirical in nature and arising from
curve-fitting exercises. Furthermore, the same
authors underlined that the derived equation could
be applied over limited parts of the flow curve, and
care should be taken in the use of these models
when employed outside a certain shear rate range.
However, Bingham model did not prove to be suit-
able for numerical analysis because in some com-
plex applications parts of material flow while the
rest behaves as a solid, with considerable difficul-
ties in applying two different constitutive equations
across them. To overcome these issues, Papanasta-
siou [59] proposed a modification of the Bingham
model, but his expression resulted to be not suffi-
ciently effective in predicting the rheological
behavior of shear thinning fluids with a yield stress,
typical of complex fluids. More recently, Mitsoulis
et al. [45] modified the Herschel-Bulkley model
[60] to predict shear thinning behavior of complex
fluids, with an expression reported in Equation (2):

(2)

It is evident that when the parameter n is less than
one, which is the typical case for shear-thinning
fluids, the apparent viscosity tends to infinity when
the shear rate tends to zero. Moreover, the dimen-
sion of parameter k depends on parameter n. This
may cause a problem when constructing a parame-
ter with the unit of time based on the parameters k
and n [51]. In 1980, De Kee and Turcotte proposed
a three-parameter model [44] described by the fol-
lowing Equation (3):

(3)

The first term on the right side of the equation
includes a constant yield stress τ0. This parameter is
closely related to the breakage of the solid network
formed by silica aggregates. The limiting viscosity
η1 represents the zero-shear viscosity value when
the solid network is absent, while t1 is a characteris-
tic time, related to the velocity of the viscosity drop
at high frequencies. Even in this case characteristic
time and limiting viscosity were presented by the
authors as empirical parameters, with no evident
physical meaning or correlation with material
parameters. Carreau underlined that η1 and t1 had to
be intended as analytical model parameters and not
as real material properties [51]. In the scientific lit-
erature it is often reported that this model fits very
well viscosity data in the low frequency region,
while deviations may be expected when the high
frequency region is considered [52].
As reported in Equation (4), a modification of the
original De Kee-Turcotte model has been proposed
by Zhu et al. [46], in order to predict a finite value
of the apparent viscosity when the shear rate
approaches zero:

(4)

In this expression, the dimensions of the parameters
involved are independent of each other, and the
apparent viscosity is bounded at vanishing shear
rate. Even in this case the authors proposed this
model without attributing any physical meaning to
the various parameters of the expression, and the
comparison with the previous models was carried
out only on the basis of their fitting capabilities.
Considering the need of proper empirical models
that could satisfactorily describe the dynamic rheo-
logical behaviour of polymer melts in a certain
shear rate region, we are proposing a modification
of the original De Kee-Turcotte expression in order
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to obtain a satisfactory fitting of the rheological
data in the high frequency region. In particular, the
following empirical Equation (5) is proposed:

(5)

It can be noted that a new parameter α is introduced
the second term of the De Kee-Turcotte equation.
This should improve the ability of the model to fol-
low the non-linear viscosity drop at high frequen-
cies as observed for the nanocomposites at high
filler contents.
The fitting capabilities of the above mentioned
models (Equations 2 to 5) are compared in Figure 6
in the case of pure LLDPE and A380 filled sam-
ples, while Table 2 summarizes the coefficient of
linear regression (R2) for the various fitting curves.
It is evident that the expression proposed by Mit-
soulis-Abdali (Equation 2) provides a good fitting
for the pure LLDPE (R2 = 0.9961), while viscosity
values of LLDPE-A380-2 samples in the high fre-
quency region are underestimated. As displayed in
Figure 6c, this expression is not suitable to model
the experimental data of nanocomposites at rela-
tively high filler contents. As previously reported
by other authors [52], even our data confirm that
the original De Kee-Turcotte model (Equation 3) is
not able to catch the rheological trends in the high
frequency region, especially when a high amount of
silica is added. The generalization proposed by Zhu
(Equation 4), seems to improve the prediction
capability of this model, even if some deviations
are still evident in the high frequency region. It is
evident that our model (Equation 5) is able to satis-
factorily fit the viscosity data over the entire fre-
quency range both for pure LLDPE and relative
fumed silica nanocomposites (R2 values higher than
0.999). The model proposed in this paper provides
a satisfactory fitting of the viscosity–frequency
curves for all the investigated materials (see Fig-
ure 7). In the case of the pure LLDPE sample, the
experimental viscosity trend in the high frequencies
region is not linear and can be modelled by a simple
ωα dependency, with the introduction of the α

parameter that helps to fit more accurately the vis-
cosity drop. For relatively high filler loadings
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Figure 6. Experimental viscosity (η) curves of (a) pure
LLDPE, (b) LLDPE-A380-2 and (c) LLDPE-
A380-4 nanocomposites (T = 190°C), with the
fitting lines according to various models. Mit-
soulis-Abdali model (Equation (2)), De Kee-
Turcotte model (Equation (3)), Zhu model
(Equation (4)), and the new model proposed in
this work (Equation (5)).

Table 2. R2 values from the fitting of shear viscosity data of LLDPE, LLDPE-A380-2 and LLDPE-A380-4 samples with
different models

Mitsoulis-Abdali
(Equation (2))

De Kee-Turcotte
(Equation (3))

Zhu
(Equation (4))

Our model
(Equation (5))

LLDPE 0.9962 0.8953 0.9952 0.9994
LLDPE-A380-2 0.9994 0.9839 0.9993 0.9999
LLDPE-A380-4 0.9441 0.9983 0.9997 0.9998



(Φ > 2 vol%) the value of t1 tends to infinity and
the second term of equation is practically zero. This
means that the viscosity values are basically
inversely proportional to the frequency. Consider-
ing the relatively high shear stress values for these
composites, in the high frequency region viscosity
values approach to zero with a trend similar to that
of a line with a negative slope. This is the reason
why in the considered frequency range the pro-
posed model can be utilized both for the unfilled
sample and for the nanocomposites.
Some additional considerations can be formulated
by examining Figure 8, in which the influence of
the filler content and type on the fitting parameters
of Equation (5) is represented. A non-zero yield
stress parameter (τ0) can be related to the presence
of a filler network in the material [51, 52]. As doc-
umented in Figure 8a, it is evident that yield stress
(τ0) is practically zero for pure LLDPE and glass
filled composites. For precipitated silica filled com-
posites yield stress starts to increase after a filler

content of 2 vol%, while for fumed silica nanocom-
posites the enhancement of parameter τ0 is evident
even at a filler loading of 1 vol%. Therefore, the
silica concentration after which yield stress
increases can be interpreted as a percolation thresh-
old, a critical filler loading after which the interpar-
ticle interactions may lead to the formation of a
solid space filling network, and the viscosity
greatly increases. In other words, the existence of a
critical silica concentration above which the dis-
tance between the agglomerates is sufficiently low
to allow the formation of a space filling network
can be hypothesized. The appearance of a yield
stress in shear viscosity curves for silica contents
higher than 1 vol% is a direct proof of the network
formation.
After the percolation threshold, traditional pseudo-
plastic behaviour of LLDPE, with a Newtonian
plateau in the low frequency regime, disappears.
Similar considerations hold for the limiting viscos-
ity parameter η1. For pure LLDPE and glass filled
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Figure 7. Experimental viscosity (η) curves of LLDPE and relative composites (T = 190°C). (a) LLDPE-Glass-x,
(b) LLDPE-S160-x, (c) LLDPE-A200-x, (d) LLDPE-A380-x. ( ) LLDPE, (Ο) x = 1 vol%, (Δ) x = 2 vol%,
(∇ ) x = 3 vol%, ( ) x = 4 vol%. The continuous lines represent the fitted data according to the Modified De
Kee-Turcotte model.



composites this parameter assumes a value of about
3000–4000 Pa·s, and it can be considered as the
zero shear viscosity. For the other composites η1

begins to increase for filler contents as low as
2 vol%. It is important to underline that at elevated
silica volume fractions (3–4 vol%) η1 value is
around 1030 Pa·s, i.e. a typical viscosity value of a
solid material. Even t1 confirms this picture. In fact,
this parameter rules the viscosity drop at high fre-
quencies. For glass filled composites t1 is practi-
cally the same of unfilled LLDPE, while for
precipitated and fumed silica composites the char-
acteristic time begins to increase for a silica loading
higher than 2 vol%. Considering that the evaluation
of the fitting parameters was carried out from an
analytical point of view, the representation of the t1
parameter with values of 10 up to the power 200 for
the nanofilled samples underlines the fact that at
high silica contents t1 tends to infinity and the sec-
ond term of the equation approaches to zero, lead-
ing to a ω–1 dependency with an high yield stress
value. For the same reason α parameter is practi-
cally insensitive to the filler content for glass filled

composites, while for precipitated and fumed silica
filled samples α considerably drops with the filler
content.

4. Conclusions

The effect of the filler morphology (mean particle
size and surface area) on the dynamic rheological
properties of LLDPE/silica micro- and nanocom-
posites was investigated on melt compounded sam-
ples.
TEM images revealed that fumed silica and precip-
itated silica composites are characterized by similar
microstructures, with the presence of spherical sil-
ica aggregates homogeneously dispersed in the
matrix, having a mean diameter lower than 400 nm.
On the other hand, in traditional glass microcom-
posites spherical smooth microparticles, with mean
size of about 15–20 µm, can be easily detected. The
dispersion of silica aggregates at the nanoscale was
strictly correlated to the rheological behaviour of
the composites. While in the case of glass micro-
beads filled samples only marginal effects on
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Figure 8. Evaluation of the Modified De Kee-Turcotte parameters derived from the fitting of the viscosity curves of
LLDPE and relative composites: (a) τ0, (b) η1, (c) t1, (d) α. ( ) LLDPE-Glass-x, (Ο) LLDPE-S160-x,
(Δ) LLDPE-A200-x, (∇ ) LLDPE-A380-x.



dynamic rheological properties could be detected, a
very strong enhancement of the storage modulus
(G′) and of the viscosity (η) with the filler content,
especially at low frequencies, was evidenced for
fumed silica and precipitated silica composites,
while loss tangent values were strongly reduced,
with a shift of the tanδ peak towards higher fre-
quencies. It was hypothesized that particle-particle
interactions, arising from hydrogen bonds of
silanolic groups present on the surface of primary
nanoparticles, were effective in nanofilled samples,
creating a space filling network able to block the
viscous flow of LLDPE macromolecules.
Trying to find a suitable non-Newtonian model to
fit shear viscosity data, a new empirical expression,
based on a modification of the original three-
parameter model proposed by De Kee and Turcotte,
was successfully proposed. While in the case of
glass filled samples fitting parameters were only
marginally affected by the filler addition, when pre-
cipitated silica and fumed silica composites were
considered a strong correlation with the filler load-
ing was found.
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