
Frequent appearances of reviews and themed issues
as well as rapidly increasing number of papers and
patents regarding shape memory polymers (SMP)
reflect a large room for scientific and technical
investigation with ample potential applications of
these materials. Permanent shape of SMP created at
the primary shaping process is deformed into a
temporary shape in rubbery state and fixed upon
cooling into the glassy state along a prescribed pro-
gramming. Upon exposure to external stimulus
which typically is heat the permanent shape is
recovered by the elasticity of networks.
In contrast to the conventional one-way (irre-
versible) SMP, two-way (reversible) SMP has
recently been reported. The temporary shape under
constant stress is subject to cyclic heating and cool-
ing, which cause contraction and extension accord-
ing to the temperature dependent rubbery modulus.
Moreover, multiple shaping has also become possi-
ble by providing the materials with multiple transi-
tions, which enable two or more subsequent shape
changes upon heating. Hybridizations at nano-level
such as nano-filler, nano-tube, and nano-layer as
well as with other polymer are new frontiers to
enhance the key SM properties. Chemical hybrids
of polyurethane with various acrylate are simple
choice for multiple transitions.
Chemical hybrid with nano-silica provided the
SMP with multifunctional cross-link, reinforcing
filler, and relaxation retarder which were evidenced
from >99% shape fixity and recovery with negligi-
ble hysteresis over repeated cycles. Hybrid bi-layer

consisting of two SMPs having different thermal
transitions, or SMP coated with gold can be used
for de-bondable bonding, electro active polymer, or
to reversibly alter its geometry from a tube to a
layer upon change in temperature.
Most engineered area of SMP, beside packaging
materials, is coatings including self-curable paint,
absorption and release of moisture by coated wall,
vapor permeable water resistant coatings, and smart
textiles. New generation for SMP may be opened
with medical devices including minimally invasive
surgery, orthodontic devices, delivery vesicles, etc.
Prospective works will be directed toward the per-
formance oriented multifunctional (biodegradable,
anti-bacterial, health care, swell-deswell) and
multi-responsive (light, electric, magnetic field
moisture, heat) multi-materials (organic-inorganic
hybrids).
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1. Introduction
Thermoplastic matrix composites have gained great
importance in the last 30 years. The most common
processing technology of thermoplastic matrix
composites is injection molding, which is capable
of fabricating products in large quantities with
good dimensional accuracy and complex geometry.
In the last two decades, due to their good proper-
ties, basalt fibers (BF) have come into considera-
tion as potential reinforcement of composite mate-
rials. Basalt fibers are incombustible, chemically
inert, environmentally and ecologically harmless,
and free of carcinogens and other health hazards.
Basalt fibers have been comprehensively investi-
gated as reinforcement of polypropylene (PP)
matrix composites [1, 2]. Polyamide (PA) has been

seldom used for this purpose, although it promises
better results, because PA and basalt both have
polar chemical structure, thus presumably it is eas-
ier to promote proper interface adhesion between
the fibers and the matrix. It must be also noted that
polyamides have better mechanical properties and
higher heat resistance than polypropylene [3–7].
Glass fiber reinforced PA is a vital engineering
material in automotive and other industries today.
Most car manufacturers employ glass fiber rein-
forced PA intake manifolds and sumps in their
engines. One of the most significant problems of
injection molded composites is the formation of
proper interfacial adhesion between the matrix and
the fibers. It is particularly relevant because during
processing the strong shearing stresses reduce the
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length of basalt and glass fibers to the order of mag-
nitude of a few tenths millimeters, regardless of
their original size. Thus the critical fiber length
must be decreased by promoting the interfacial
adhesion. In case of BF reinforced PA composites
the technology of surface treatment must be devel-
oped in order to get composite materials which are
comparable with glass fiber reinforced ones. The
experiences gained with glass fibers can be used as
basis due to the nearly same structure and similar
chemical composition of basalt and glass fibers [8].
The most effective way of the enhancement of
interfaces in composites is the establishment of
strong chemical bonds between the matrix and the
fibers. The most common and efficient coupling
agents for PA-glass fiber systems are the various
silane compounds. The structure of silane mole-
cules is the following: R–SiX3 or R–(CH2)n–SiX3.
One side of the molecule establishes bond with the
surface of the fiber while the other end of the mole-
cule establishes bond with the matrix (Figure 1.). X
is a hydrolyzable ethoxy (–OCH2CH3) or methoxy
(–OCH3) group, which transforms in water solution
through hydrolysis (Figure 1a). Trihydroxysilane is
formed during hydrolysis, which develops covalent
or hydrogen bonds with the hydroxyl groups on the
surface of basalt or glass fibers (Figure 1b). When
the fibers are dried, a reversible condensation
occurs between the silane molecules and the fiber
and between the neighboring silane molecules,
forming a polysiloxane layer (Figure 1c). The R
groups establish bonds with the reactive side
groups of the polymer matrix [9–11]. Silane and
titanate coupling agents are applied on the surface

of fibers during fiber manufacturing. In the industry
coupling agents are only one of many components
of sizings [2, 8, 12, 13]. Further functions of sizing
are protection of fibers, assuring processability and
enhancing interfacial adhesion. The currently avail-
able continuous basalt fibers are covered with siz-
ings optimized for epoxy, vinylester and polyester
resins [9–14]. The methods of enhancing interfacial
properties of PP-basalt composites are worked out
[15–18], while it is still necessary to find the appro-
priate technology for PA matrix composites. Proba-
bly the coupling agents developed for glass fiber
reinforced composites are applicable for BF, due to
the similarities between the structure and chemical
composition of basalt and glass fibers [19, 20]. The
aim of this work was to determine the applicability
of silane coupling agents generally applied for
glass fiber reinforced PA matrix composites in case
of BF. The dependence of properties of composites
on the type and amount of silanes was also studied. 

2. Experimental
2.1. Materials
In our experiments the original sizing of basalt
fibers – applied by the manufacturer – was removed
and a new coupling agent was applied, by immers-
ing the fiber in the solution of coupling agent and
subsequent drying. This enables the formation of a
coating of coupling agent, although we must lack
those components of the sizing which have other
functions, e.g. the film former. In the first step
silane coupling agents with different functional
groups were employed (Table 1). Coupling agents
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Figure 1. Steps of application of silane coupling agents: hydrolysis (a), formation of bonds between the glass fiber sur-
face and silane (b), polysiloxane (c)

Table 1. Data of used silane coupling agents

Manufacturer Name Type Structure

Wacker Chemie AG GF80 3-Glycidoxypropyltrimethoxysilane
O

/ \
(CH3O)3SiC3H6OCH2CH–CH2

Wacker Chemie AG GF91 N-(2-Aminoethyl)-3-aminopropyltrimethoxysilane (CH3O)3C3H6NHC2H4NH2

Wacker Chemie AG GF93 3-Aminopropyltriethoxysilane (C2H5O)3SiC3H6NH2



were supplied by Wacker Chemie AG (Burghausen,
Germany). These silanes were selected from the
types which are most commonly used for glass
fiber reinforced composites. The most appropriate
of these was selected by comparing the basic
mechanical properties of composites. The amount
of coupling agents is an important parameter [21],
hence further investigations were necessary to
assess the effect of coupling agent concentration of
composite properties. The above mentioned BF
reinforced composites were made with 30 weight%
(wt%) fiber content, because for glass fiber rein-
forced composites this is the most common fiber
content. Finally composites were made with differ-
ent fiber contents. The effectiveness of silane cou-
pling agents was evaluated by the basic static and
dynamic mechanical properties of composites and
Scanning Electron Microscope (SEM) micrographs,
made with a Jeol (Tokyo, Japan) JSM-6380LA
instrument.
The matrix was Schulamid 6MV13F polyamide 6
(PA6) from A. Schulman AG (Kerpen, Germany).
Basalt fibers were type BCS 13.6 made by Kamenny
Vek company (Moscow, Russia). The fibers have
an average diameter of 14.2±1.4 μm and are cut to
a length of 6 mm. The original sizing was removed
by annealing at 400°C for 3 hours. The coupling
agents were dissolved in distilled water. Initially
the amount of silanes was 1 wt% in the ratio of BF.
The basalt fibers were immersed in the solution for
2 hours, after dissolving for 2 hours in order to
effectuate the hydrolysis of silanes and their bond-
ing with the hydroxyl groups on the surface of BF.
The water was evaporated at 80°C in an air circulat-
ing oven. The composites were compounded by a
Brabender (Duisburg, Germany) Plasti-Corder
PL 2100 twin screw extruder at 255°C and 10 min–1

screw rotational speed, afterwards they were granu-
lated. Standard dumbbell specimens with 4×10 mm
cross section were made with an Arburg (Lossburg,
Germany) 270 C 500-250 injection molding
machine at 270°C.

2.2. Methods

Tensile tests were performed according to the EN
ISO 527 standard on a Zwick (Ulm, Germany)
Z020 universal testing machine. The gauge length
was 100 mm, the test speed was 2 mm/min. Elon-
gation was monitored by video extensometer. The

3 point bending tests were performed according to
the EN ISO 178 standard. The span length was
64 mm, the test speed was 2 mm/min. Charpy
impact tests were performed according to the EN
ISO 179 standard with a CEAST (Pianezza, Italy)
Resil Impactor instrument, using notched and
unnotched specimens. The notch was ‘A’ type,
with 0.25 mm notch tip radius, 45° angle and 2 mm
depth. The cross section of the specimens was
4×10 mm, while the span length was 62 mm. The
energy absorbed by the specimen was registrated
during test and impact strengths αcU for unnotched
and αcN for notched specimens) were calculated
with Equation (1):

(1)

where EC is the energy absorbed by the specimen, h
is the thickness and w is the width of the specimen
(in case of notched specimens w is the residual
width). Dynamic Mechanical Analysis (DMA)
tests were performed with specimens machined
from the injection molded tensile specimens. Tests
were executed with dual cantilever configuration
and force control (the force amplitude was 400 N)
on a Perkin-Elmer (Covina, USA) Diamond DMA
instrument from –40 to 180°C. The cross section of
specimens was 2×4 mm, the frequency was 1 Hz.
The span length was 30 mm. The heating rate was
2°C/min. The surfaces of basalt fibers with differ-
ent coatings were examined with Fourier transform
infrared spectroscopy (FTIR). Tests were per-
formed with a Varian (Palo Alto, USA) Scimitar
2000 instrument. Here the sample is pressed between
a diamond and a sapphire. The sample is illumi-
nated through the diamond with infrared light in the
wavenumber range between 400 and 4000 cm–1.
The reflected light arrives to the spectrometer
through the same diamond. The applied samples
were bunches of 6 mm long chopped BF. This
method is capable of detecting the presence of cou-
pling agents on the surface of BF through identify-
ing atom groups of the silane compounds. Quantita-
tive examination is restrictedly possible by this
technique. The residual fiber length in the injection
molded specimens was determined in the following
way: pieces cut from the middle section of dumb-
bell specimens were calcinated in ceramic pots
with gas flame and in electric oven at 500°C. The
fibers were spread on glass slides using formic acid

310·
·wh

EC
c =α
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as carrier fluid. The length of fibers was measured
with an Olympus (Tokyo, Japan) BX51 optical
microscope and analySIS Steel Factory image
analysis program, employing through lighting and
magnification of 10. The length of 500 fibers was
measured from each sample.

3. Results and discussion

The first step was the selection of the most ade-
quate coupling agent. Composites were made with
30 wt% fiber content with fibers treated with the
coupling agents shown in Table 1. Mechanical tests
were performed according to the previous chapter.
The results are shown in Table 2. The composites
made with GF80, GF91 and GF93 coupling agents
have approximately identical mechanical proper-
ties. Considering the results, GF80 coupling agent

was chosen for further work because it had the most
favorable combination of properties. Figure 2.
shows the curves obtained from DMA tests of com-
posites with different types of coupling agents.
Neat matrix is denoted by S. According to Figure 2,
there are very small differences between the DMA
curves of composites treated with different cou-
pling agents. This is in accordance with Table 2,
where tensile and flexural moduli relate to each
other similarly. The amount of coupling agents is a
key parameter for solution treatment of fibers.
Hence further investigations were needed to deter-
mine the effect of solution concentration using the
GF80 coupling agent selected previously. The
applied concentrations were 0.5, 1, 2 and 4 wt% in
ratio of basalt fibers. The optimal concentration
was chosen by comparing the basic mechanical
properties of composites. The results of mechanical
tests are shown in Table 3. It can be seen in Table 3
that all mechanical properties show some form of
saturation: the properties seem to approach a limit
value with increasing silane concentration. It is
obvious that the optimal properties were not
reached within the given limits, but the further aug-
mentation of silane concentration would be uneco-
nomical due to the high price of silanes. Finally it
can be concluded that among the investigated mate-
rials the best composite properties can be reached
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Figure 2. DMA curves of composites with different types of coupling agents (E′: storage modulus, tanδ: loss factor)

Table 2. Mechanical properties of PA6 composites rein-
forced with basalt fibers treated with different
coupling agents

Type of sizing
GF80 GF91 GF93

Tensile strength, σM [MPa] 114.4±0.2 115.2±0.5 113.3±0.3
Tensile modulus, E [MPa] 7564±228 7296±287 7669±205
Flexural strength, σfM [MPa] 159.7±0.7 161.7±0.5 160.4±1.1
Flexural modulus, Ef [MPa] 5963±35 5689±14 5656±23
αcN [kJ/m2] 10.1±0.5 9.7±0.3 9.6±1.0
αcU [kJ/m2] 82.4±6.1 83.3±2.6 71.3±6.4

Table 3. Mechanical properties of PA6 composites reinforced with basalt fibers treated with GF80 coupling agent at differ-
ent concentrations

Concentration of sizing
GF80 0.5% GF80 1% GF80 2% GF80 4%

Tensile strength, σM [MPa] 108.4±0.1 113.2±1.3 119.0±0.5 120.0±1.1
Tensile modulus, E [MPa] 7337±70 7564±228 7673±141 7789±210
Flexural strength, σfM [MPa] 155.2±1.2 162.7±0.5 167.6±0.2 170.8±1.4
Flexural modulus, Ef [MPa] 5685±7 5936±35 5996±21 6065±15
αcN [kJ/m2] 9.3±0.8 10.1±0.5 11.3±12.7 12.7±0.4
αcU [kJ/m2] 66.8±3.5 82.4±6.1 86.0±2.8 88.4±8.2



with GF80 3-glycidoxypropyltrimethoxysilane
applied on basalt fibers in a 4 wt% ratio. Figures 3
and 4 show the results of DMA tests of composites
with GF80 coupling agent as the function of pro-
portion of coating correlated to BF. In order to
make results more expressive, storage modulus (E′)
and loss factor (tanδ) values are represented as the

function of silane concentration and fiber content.
Since this mode of representation does not allow us
to use a continuous temperature range, 3 allotted
temperatures were chosen for the diagrams: –20, 25
and 170°C for the storage modulus. Loss factors
were outlined at –20, and 170°C, and at the temper-
ature of the tanδ curve peak. The height of tanδ
curve peak is in close relationship with the mobility
of polymer molecular chain segments and side
groups, hence it correlates with the number and
strength of primary or secondary bondings estab-
lished between the matrix and the BF. The growth
of E′ with increasing silane concentration is corre-
sponding with Table 3. The loss factor is decreas-
ing with growing silane concentration, but it also
shows saturation, approaching a limit value. It can
be concluded from Figures 3 and 4 that the tanδ
peak is very sensitive to the strength of interfacial
adhesion, but storage modulus also shows the dif-
ferences at other temperatures. The next step was to
evaluate the applicability of this surface treatment
for composites with different fiber contents. Com-
posites were made with 10, 20, 30 and 40 wt% BF
content. Fibers were coated with 4 wt% GF80
silane coupling agents (marking: GF80). For com-
parison composites also were made with untreated
BF (marking: SN). The results of mechanical tests
are shown in Table 4. Unnotched neat PA6 speci-
mens were not broken during Charpy tests, there-
fore only the impact strengths of composites are
shown in the last line of Table 4. Table 5 shows the
residual fiber lengths in the injection molded
dumbbell specimens. It can be seen in Table 4 that
coupling agents considerably improve the static
mechanical properties of composites. The tensile
strength is increased by 40%, while flexural
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Figure 3. Storage moduli of composites with GF80 cou-
pling agent at –20, 25 and 170°C temperature as
the function of proportion of coating correlated
to basalt fibers

Figure 4. Loss factors of composites with GF80 coupling
agent at –20 and 170°C and at the curve peak as
the function of proportion of coating correlated
to basalt fibers

Table 4. Mechanical properties of PA6 composites reinforced with untreated and 4 wt% GF80 silane coated basalt fibers

Sizing
Fiber content

0 wt% 10 wt% 20 wt% 30 wt% 40 wt%

Tensile strength, σM [MPa]
GF80

57.8±0.3
80.5±0.3 100.0±4.0 120.0±1.1 128.4±1.4

SN 63.7±0.1 71.3±1.2 84.2±0.2 86.9±0.1

Tensile modulus, E [MPa]
GF80

2669±180
3903±81 4849±552 7789±210 9904±403

SN 3529±251 5172±209 7529±375 8756±266

Flexural strength, σfM [MPa]
GF80

61.0±0.5
92.4±0.8 122.8±0.4 170.3±2.1 182.5±1.5

SN 84.1±1.5 103.9±2.2 124.7±0.2 129.8±0.2

Flexural modulus, Ef [MPa]
GF80

1790±7
2834±34 4090±14 6065±15 7223±64

SN 2741±92 3847±118 6184±33 7717±22

αcN [kJ/m2]
GF80

21.7±0.6
6.8±0.5 6.8±1.2 12.7±0.4 12.8±1.2

SN 4.4±0.5 5.3±0.4 5.6±0.7 7.2±0.7

αcU [kJ/m2]
GF80

–
37.5±4.0 37.9±5.1 88.4±8.2 88.9±2.2

SN 20.3±0.1 22.3±0.3 27.3±0.3 31.1±0.3



strength is improved by 30% by the surface treat-
ment. At the same time moduli practically were not
influenced by the coupling agent. Fiber reinforce-
ment decreases the impact strength compared to the
matrix, but adding more fibers to the system causes
the gradual growth of impact strength. It can be
ascribed to the fact that basalt fibers increase the
stiffness and rigidity of the composite, thus causing
a decline of impact resistance, and can work as
starting point of cracks. However, if the amount of
reinforcing fiber grows considerably, the fibers
rather stop crack propagation, which leads to a
higher impact strength. Fiber surface treatment
increased the impact strength with 100 to 200%.

Table 5 shows that during processing (compound-
ing, grinding and injection molding) the basalt
fibers are fragmented to an average length around
0.15 to 0.20 mm. The average length decreases
nearly linearly with increasing fiber content, and no
remarkable difference can be found between sized
and unsized fibers. Scanning electron micrographs
of the fracture surfaces of tensile specimens are
shown in Figure 5. It can be seen in Figure 5 that a
thick layer of matrix material evolves on the sur-
face of silane coated BF during fracture. It shows
excellent interfacial strength, which means that
fracture occurs rather in the matrix and not on the
interface, which is reinforced by primary bondings.
At the same time the surface of untreated BF com-
pletely disengages from the matrix. It shows that if
there is any adhesion between the fibers and the
matrix, it is much weaker than the shear strength of
the matrix. Figures 6 to 8 show the results of DMA
tests of composites with GF80 coupling agents at
different fiber contents. It can be seen in Figures 6
and 7 that fiber content strongly influences E′. The
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Figure 5. SEM micrographs of fracture surfaces of tensile specimens of composites, a: with 4 wt% GF80 silane coupling
agent, b: unsized fibers

Table 5. Residual fiber length [µm] in injection molded
specimens as the function of fiber content

Fiber content
[wt%]

Sizing
GF80 SN

10 0.224±0.161 0.208±0.119
20 0.217±0.166 0.201±0.129
30 0.189±0.132 0.183±0.097
40 0.157±0.110 0.152±0.102

Figure 6. DMA curves of composites with GF80 coupling agent at different fiber contents (E′: storage modulus, tanδ:
loss factor)



advances that fiber reinforcement offers for high
temperatures applications is also obvious: the stor-
age modulus of 40 wt% BF reinforced composite at
170°C is not lower than the E′ of the matrix at room
temperature. It can be concluded that DMA tests
are suitable for assessing the quality of interfacial
adhesion in PA matrix composites in a wide tem-
perature range.
FTIR tests were performed on BF with GF80 cou-
pling agent in order to prove the presence of the
coupling agent on the surface of basalt fibers. The
verification of the presence of coupling agents is
possible by identifying atom groups which are in
the coupling agents but can not be found in basalt
[22]. The presence of coupling agents on the sur-
face of fibers was proven in the wavenumber range
between 2700 and 3100 cm–1. Figure 9 shows the
spectrum of BF sized with different concentrations
of GF80 silane. ‘Calcinated’ refers to the basalt
fiber which were cleaned from sizing by annealing.
The peaks at 2850 and 2925 cm–1 are in connection
with C–H bondings in aliphatic carbon chains. No
distinct peaks can be seen on the curves of calci-

nated BF. The height of peaks in Figure 9 shows
some correlation with the concentration of GF80
silane, but it must be noticed that quantitative
examinations are restrictedly possible by this
method. FTIR tests proved the presence the GF80
coupling agent on the surface of BF, basically by
detecting the C–H bondings of the aliphatic carbon
chains in the middle sections of silane molecules.
The sufficient removal of the original sizing was
also validated. It can be concluded that the presence
of coupling agents on the BF was proven. How-
ever, the applied method could not confirm the for-
mation of chemical bondings between the fibers
and the coupling agents.

4. Conclusions

It was proven that silane coupling agents developed
for glass fibers are applicable for basalt fibers. This
is due to the approximately same structure and sim-
ilar chemical composition of basalt and glass fibers.
All three applied silane coupling agents influenced
all investigated properties of the composites auspi-
ciously. The optimum of concentration of coupling
agents was not reached, among the given limits the
application of 4 wt% of GF80 3-glycidoxypropy-
ltrimethoxysilane gave the best results. In case of
30 wt% BF reinforced composites the tensile
strength grew by 42%, the flexural strength grew
by 37% and the impact strength grew by 223%
compared with unsized composite. The compre-
hensive DMA testing of composites and the matrix
revealed that this method is suitable for assessing
the quality of fiber-matrix interface of thermoplas-
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Figure 7. Storage moduli of composites with 4 wt% GF80
coupling agent at –20, 25 and 170°C tempera-
ture as the function of fiber content

Figure 8. Loss factors of composites with 4 wt% GF80
coupling agent at –20, 25 and 170°C tempera-
ture as the function of fiber content

Figure 9. FTIR absorbance spectrum of basalt fibers sized
with GF80 silane with different concentrations
in the wavenumber range between 2700 and
3100 cm–1



tic matrix composites in a wide temperature range,
from deep below 0°C up to the vicinity of the melt-
ing temperature. The loss factor curves of DMA
contain much information regarding the quality of
interface. The peak height of tanδ is particularly
important, because it is in close relationship with
the mobility of polymer molecular chain segments
and side groups, hence it correlates with the num-
ber and strength of primary or secondary bondings
established between the matrix and the BF. The
tanδ values can be compared in the entire tempera-
ture range. Their properties make basalt fiber rein-
forced PA matrix composite an engineering mate-
rial which can be used in the industry in all fields
where glass fiber reinforced composites have
gained ground. 
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1. Introduction
Amphiphilic block copolymers have been widely
reported to form particulate systems of various
morphologies such as spherical or worm-like
micelles, polymersomes, large compound micelles,
lamellae, and numerous other aggregates [1–8].
Among these morphologies, polymersomes are
particularly interesting for their potential applica-
tions as carriers of biological therapeutics and diag-
nostic agents [9, 10]. Polymersomes differ from
polymeric particles and micelles in having a
hydrophilic interior to pack biological molecules,
and are superior to liposomes for their better
mechanical stability and adjustable chemical prop-
erties. The thermodynamically stable morphology
of block copolymer assemblies is determined by

several variables, such as composition and chain
length of each block, the ratio of hydrophilic to
hydrophobic block, concentrations, as well as sol-
vents, temperatures, additives and so on [11–13].
Among these variables, the chemical nature of
diblock copolymers is considered to be the most
essential. Discher and Eisenberg have demon-
strated that volume fraction of the hydrophilic
block (f) is an important factor leading to corre-
sponding time-average shape of the copolymers
(e.g. cylinder when f = 0.35±0.10, wedge when
f < 0.25 and cone when f > 0.45), and these shapes
are critical in determining the morphology of
copolymer assemblies as polymersomes, worm-
like micelles, or spherical micelles [11, 14]. Their
study offered a useful guideline to prepare desired
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nanostructures of poly(ethylene glycol)-block-
poly(lactic acid) (PEG-PLA) copolymers. Although
the f range of PEG-PLA may not be applicable to
other block copolymers because of their different
chemical natures, the demonstrated relationship
between fraction of hydrophilic block, molecular
shape of copolymer and particle morphology
should be universal. Therefore, for each individual
block copolymer, scaling relationships between the
hydrophilic fraction of copolymer and various
aggregate morphologies should be investigated sys-
tematically in order to prepare aimed structure of
the copolymer.
While PEG has been used as hydrophilic block for
most block copolymers to form polymersomes
[14–17], it may inhibit bio-macromolecules from
being encapsulated into polymersome interior
because of its hydrodynamic nature and protein
repelling habits (anti-opsonization effect) [18–20].
Because the polymersome interior is limited in
space, PEG at the surface of the inner layer is
highly crowded and tends to drive macromolecules
out of the vesicle interior. It has been reported that
the encapsulation efficiency of BSA (bovine serum
albumin) into PEG-based polymersomes was only
5% [21]. To address this problem, using a protein-
friendly hydrophilic block to substitute PEG in the
diblock copolymers should be a reasonable approach
to improve encapsulation efficiency and protein
stability. In the present study, we selected dextran
as the hydrophilic segment to prepare an amphiphilic
diblock polymer. Dextran is widely used as blood
substitution, drug carriers and aqueous phase mate-
rial for protein purification because its definite bio-
compatibility, biodegradability, hydrophilicity and
high affinity to bio-macromolecules [22, 23]. In
addition, dextran possesses multiple hydroxyls
which are convenient for chemical modification to
endow polymersome surfaces with various desired
functions such as drug-targeting and diagnostic
recognition. In addition, poly(ε-caprolactone) (PCL)
was chosen as the hydrophobic block of the
amphiphilic copolymer for its well demonstrated
biocompatibility, biodegradability, and wide uti-
lization as a drug delivery material [24, 25]. How-
ever, there are limited studies regarding block
copolymers with dextran as hydrophilic segment so
far. Houga et al. [26] have reported self-assembly
of dextran-block-polystyrene (DEX-b-PS) into
micelles and polymersomes. Liu and co-workers

have prepared a dextran-PCL block copolymer and
studied its micellar characteristics [27]. A study on
the polymersomes prepared by dextran-block-
poly(γ-benzyl-L-glutamate) was carried out by
Schatz et al. [28]. Hernandez et al. [29] have syn-
thesized double hydrophilic block copolymers of
carboxymethyl dextran-block-poly(ethylene gly-
col) (CMD-PEG) and studied their self-assembly
behavior as a function of solution pH. Yang et al.
[30] also prepared double hydrophilic diblock
copolymer of hyaluronan-block-poly(2-ethyl-2-
oxazoline) via terminal reductive amination. Very
recently, Sun and his co-workers prepared disul-
fide-linked dextran-b-poly(ε-caprolactone) diblock
copolymer (DEX-SS-PCL) copolymer and self-
assembled into micelles with a diameter of about
60 nm [31]. To the best of our knowledge, there has
not yet been a report describing polymersomes
formed by dextran-b-PCL block copolymers.
According to literature methods, the synthetic
strategies for saccharide-terminated polymers can
mainly be classified into two approaches. The first
approach is based on end to end coupling strategy
via reductive amination or aza-Michael addition
[27, 32–34]. The second approach is that the sac-
charides are first derivatized into macro-initiators
and then initiate the controlled or living polymer-
ization of monomers [26, 35]. The latter synthetic
procedure requires several steps, including tedious
protecting-deprotecting steps. Furthermore, if the
hydroxyl groups on the backbone of the saccha-
rides are not protected completely, comb-like
grafted copolymers other than diblock copolymers
would be obtained. For the end to end conjugation
of dextran and PCL blocks, a pioneering work has
been performed by Liu et al. [27] who coupled an
amino-functionalized dextran to acryloyl-function-
alized PCL with the catalyst of p-methylbenzene
sulfonic acid at 120°C for 8 h. However, Moreau
has indicated that high temperatures such as above
100°C are not appropriate for dextran because it
could be degraded [36]. Therefore, the reaction
conditions should be selected carefully to avoid
degradation of reaction precursors. Because
maleimide possesses two carbonyl groups conju-
gated to the double bond, presenting a highly elec-
tronegative property and more susceptible to reac-
tion with nucleophiles [37], it is proved to be an
appropriate reactive group in Michael addition
under mild conditions [34, 38]. We report herein a
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mild and simplified route to synthesize the copoly-
mer DEX-b-PCL, in which the precursors
maleimide-terminated PCL and amino-terminated
dextran were synthesized previously, followed by
an end to end coupling via aza-Michael addition
reaction.
In this paper, using the rationally synthesized DEX-
b-PCL, we investigated the self-assembly behav-
iors of this amphiphilic diblock copolymer as a
function of the structural parameters of the block
copolymer. The relationship of the hydrophilic
mass fractions of DEX-b-PCL copolymers (fDEX)
with their self-assembled morphologies in aqueous
medium is addressed. Based on our own experi-
ences, a predetermined fDEX range within 0.16 to
0.45 was selected to cover all the three morpholog-
ical forms of block copolymer assemblies. When
the mass fraction of the hydrophilic chain decreases
from 0.45 to 0.16, the morphological form of the
copolymer assemblies vary from spherical micelles,
worm-like micelles, nano-sized polymersomes to
giant polymersomes accordingly.

2. Experimental
2.1. Materials
ε-Caprolactone (ε-CL) (99%) was supplied by
Sigma-Aldrich, Inc. Shanghai, China. Prior to use,
the ε-CL was dried over CaH2 for 48 h and distilled
under reduced pressure. Dextran T3.5 (Mw

3500 g·mol–1, polydispersity index, i.e. PDI~1.5)
and T6 (Mw 6000 g·mol–1, PDI~1.5) were pur-
chased from Pharmacosmos A/S, Holbaek, Den-
mark. Stannous octoate (95%), Sn(Oct)2, was
supplied by Sigma-Aldrich, Inc. Shanghai, China.
Sodium cyanoborohydride (NaCNBH3, 97%) was
purchased from Alfa Aesar, TianJin, China. N-
hydroxyethyl maleimide (HEMI) was synthesized
according to the literature procedures [39, 40]. The
toluene and dimethyl sulfoxide (DMSO) (analytical
grade, provided by Sinopharm Chemical Reagent
Co., Shanghai, China) were first dried over CaCl2
and CaH2, respectively, and then distilled prior to
use. All other reagents were analytical grade and
used as received.

2.2. Synthesis of HEMI-PCL

The poly(ε-caprolactone) end-capped with N-
hydroxyethyl maleimide (HEMI-PCL) was pre-

pared by ring opening polymerization of ε-capro-
lactone using N-hydroxyethyl maleimide as the ini-
tiator and Sn(Oct)2 as a catalyst. Briefly, a predeter-
mined amount of HEMI was introduced into a
150 ml three-necked flask connected to a vacuum/
nitrogen line. After three times of nitrogen purge,
5.0 g ε-caprolactone (43.8 mmol), 0.017 g Sn(Oct)2

(0.043 mmol) were dissolved in 30 ml toluene and
injected into the flask under nitrogen atmosphere
and allowed to react under magnetic stirring at
120°C for 15 hours. Molecular weight of HEMI-
PCL was determined by the molar ratio of ε-capro-
lactone to HEMI. The reaction was then terminated
by cooling the reactants down to room temperature,
followed by precipitating the product in methanol.
The obtained HEMI-PCL was further purified by
three additional cycles of solubilization (in chloro-
form) and precipitation (in methanol). Finally, the
obtained product was dried at room temperature
under vacuum for 48 h.
1H NMR (CDCl3 300 MHz): 
δ=6.74 (s, 2H, –CH=CH–), 
4.24 (t, 2H, –N–CH2–CH2–O–), 
4.07 (t, 2H, –CH2–O–C(O)–), 
3.80 (t, 2H, –N–CH2–), 
3.65 (t, 2H, –CH2–OH), 2.31 (t, 2H, –C(O)–CH2–),
1.71–1.61 (m, 4H, –CH2–CH2–CH2–CH2–CH2–O–),
1.44–1.34 (m, 2H, –CH2–CH2–CH2–CH2–CH2–O–).

2.3. Synthesis of EDA-DEX

The 1,2-ethylenediamine-terminated dextran (EDA-
DEX) was prepared by terminal reductive amina-
tion reaction with sodium cyanoborohydride
(NaCNBH3) as reducing agent according to Fig-
ure 1. Briefly, 20 mg of NaCNBH3 was added into
a 50 ml DMSO solution containing 5.0 g dextran
and excess of 1,2-ethylenediamine (10-fold molar
excess over dextran). The reactant mixture was
stirred at 60°C for 7 days, and additional NaCNBH3

(20 mg) was added each day. Then the reaction was
terminated by cooling the reactants to room tem-
perature, followed by pouring the mixture into
methanol to precipitate. The product was then puri-
fied by three cycles of dissolving (in water) and
precipitating (in methanol) treatment, and finally
lyophilized prior to storage.
1H NMR (DMSO-d6 300 MHz): 
δ=4.67 (s, 1H, anomeric H), 
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3.0–3.8 (m, 5H, glycosidic H), 
2.92 (m, 4H, –NH–CH2–CH2–NH2).

2.4. Synthesis of DEX-b-PCL

The dextran-block-poly (ε-caprolactone) (DEX-b-
PCL) copolymers were prepared by end-to-end
conjugation of the EDA-DEX and HEMI-PCL via
aza-Michael addition described as Figure 1. HEMI-
PCL (1.0 g) and extra amount of EDA-DEX
(2 molar equivalents of HEMI-PCL) as well as cat-
alytic amount of triethylamine (TEA) were dis-
solved in 20 ml DMSO and kept in a round-bottom
flask. The reaction was performed under magnetic
stirring at 70°C for 48 h. Then the reaction mixture
was cooled to room temperature and DMSO was
removed by evaporation under a reduced pressure.
The resulting product was purified by washing with
small amount of water to remove un-reacted EDA-
DEX, then with tetrahydrofuran (THF) to remove
the un-reacted HEMI-PCL. The obtained product
was converted to white powder after lyophilization. 
1H NMR (DMSO-d6 300 MHz): 
δ=4.92 (s, 1H, glycosidic–C4–OH),
4.86 (s, 1H, glycosidic–C3–OH),
4.65 (s, 1H, anomeric H), 
4.51 (s, 1H, glycosidic–C2–OH),
3.96 (t, 2H, –CH2–O–),
3.0–3.8 (m, 5H, glycosidic H),

2.45 (t, 2H, –C(O)–CH2–),
1.50 (m, 4H, –CH2–CH2–CH2–CH2–CH2–O–),
1.27 (m, 2H, –CH2–CH2–CH2–CH2–CH2–O–).

2.5. Self-assembly of DEX-b-PCL

The block copolymer, DEX-b-PCL, of given dex-
tran fraction was added in aqueous media at a con-
centration of 0.5 mg·ml–1, followed by vortex for
dispersion. The resulted suspension was then incu-
bated at 60°C for 12–48 h. The morphology of the
particulates formed from the block copolymer was
characterized by TEM and DLS.

2.6. Characterization
2.6.1. 1H NMR

Proton nuclear magnetic resonance (1H NMR)
spectra of the polymers were recorded on a NMR
Spectrometer (ARX-300, Bruker, Switzerland)
operating at 300 MHz at 25°C. Deuterated chloro-
form (CDCl3) and dimethyl sulfoxide-d6 (DMSO-
d6) were used as solvents.

2.6.2. GPC

Gel permeation chromatography (GPC) measure-
ments were performed using a Waters HPLC sys-
tem equipped with a Waters 410 refractive index
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(RI) detector, a Waters 515 HPLC pump (Waters,
Milford, MA, USA) and a Waters ultra-styragel
column (5 μm) at 40°C. The sample, 20 μl in vol-
ume, was injected to the system and eluted with
dimethylformamide mobile phase containing 0.1%
lithium bromide at a flow rate of 1.0 ml min–1. The
calibration of molecular weight was carried out
using polystyrene as standard.

2.6.3. TEM

The transmission electron microscopic (TEM)
images were taken using an electron microscope
system (JEM2010, JEOL, Japan) at an acceleration
voltage of 120 kV. TEM samples were prepared by
placing one drop of the aggregate suspension onto a
copper mesh covered with carbon film. After 1 h,
the excess solution was removed with a filter paper
followed by negative staining with 2% [w/v] phos-
photungstic acid solution (pH 7.0) for 30 s. For
some samples, the staining treatment was omitted.

2.6.4. FM

The fluorescence microscopic (FM) images of the
self-assembled particulate samples were taken
using an inverted microscope (Olympus IX71,
Olympus Optical Co. Ltd, Tokyo, Japan) equipped
with 10X, 20X, 40X UPlanFL objectives, a 100w

mercury bulb and a DP 70 color CCD camera, as
well as Olympus DP capture software.

2.6.5. DLS

Dynamic laser scattering (DLS) measurements
were performed using a 90 Plus/BI-MAS particle
size analyzer (90 Plus/BI-MAS, Brookhaven Instru-
ments Corporation, USA). The samples of self-
assembled diblock copolymers were suspended in
0.01 M phosphate buffer solution (PBS, pH 7.4) at
the concentration of 0.5 mg·ml–1 prior to measure-
ments. Hydrodynamic radius Rh of the particles was
calculated based on three repeated measurements.

3. Results and discussion
3.1. Preparation of amphiphilic diblock

copolymers
The amphiphilic diblock copolymers DEX-b-PCL
were successfully prepared by combination tech-
nologies of ROP, a reductive amination reaction
and an aza-Michael addition according to Figure 1.
The characteristics of the diblock copolymers and
their precursors were determined by 1H NMR, GPC
analysis and the results were summarized in Table 1
and Table 2. In order to obtain diblock copolymers
DEX-b-PCL with various fDEX, two precursors,
HEMI-PCL and EDA-DEX, of different chain
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Table 1. Synthesis and characterization of HEMI-PCL by ROP

aThe polymerization was catalyzed by Sn(Oct)2 in toluene at 120°C for 15 h;
bMolar ratio of monomer to initiator; cDP was calculated from 1H NMR spectroscopy; dMn was determined by 1H NMR spectroscopy;
eMn and PDI were determined by GPC analysis with linear polystyrene as standards; fYields were determined by gravimetry

Table 2. Synthesis and characterization of amphiphilic diblock copolymers DEX-b-PCL

aAza-Michael addition was carried out in DMSO at 70°C for 48 h;
bMn and PDI were determined by GPC analysis with linear polystyrene as standards;
cThe dextran mass fraction (fDEX) was calculated by the molecular weight of dextran block divided by the molecular weight of DEX-b-PCL;
dYields were determined by gravimetry

Polymer samplea M/Ib DPc Mnd [g/mol] Mne [g/mol] PDIe Yieldf [%]
HEMI-PCL7.5k 065 066 07500 12000 1.12 92
HEMI-PCL9.2k 080 080 09200 13200 1.15 89
HEMI-PCL11.9k 100 105 11900 18400 1.14 94
HEMI-PCL18.9k 165 166 18900 23400 1.19 90

Polymer samplea EDA-DEXa HEMI-PCLa Mnb [g/mol] PDIb fDEXc Yieldd [%]
DEX6.0k-b-PCL7.5k T6 HEMI-PCL7.5k 17500 1.74 0.45 37
DEX6.0k-b-PCL9.2k T6 HEMI-PCL9.2k 20600 2.08 0.40 63
DEX3.5k-b-PCL7.5k T3.5 HEMI-PCL7.5k 17800 2.04 0.32 44
DEX3.5k-b-PCL9.2k T3.5 HEMI-PCL9.2k 18600 1.89 0.28 57
DEX3.5k-b-PCL11.9k T3.5 HEMI-PCL11.9k 24200 2.12 0.23 71
DEX3.5k-b-PCL18.9k T3.5 HEMI-PCL18.9k 31400 2.01 0.16 46



lengths were prepared firstly. For HEMI-PCL,
desired chain length was attained by adjusting the
ratio of ε-caprolactone to the initiator of HEMI. For
EDA-DEX, dextran of two defined molecular
weights, 3.5 and 6.0 kDa were used in terminal
hydroxyl activation. The 1H NMR spectra in Fig-
ure 2 represents one of the copolymers DEX3.5k-b-

PCL9.2k, in which the molecular weight of PCL
chain is 9.2 kDa (ε-caprolactone/HEMI = 80/1) and
the molecular weight of dextran chain is 3.5 kDa.
The chemical shifts at 6.74, 4.07 and 2.31 ppm in
the 1H NMR spectrum of HEMI-PCL (Figure 2a)
are attributed to the characteristic proton signals of
–CH=CH–, –CH2–O–C(O)– and –C(O)–CH2-,
respectively. The chemical shifts of the alkane pro-
tons, –C–CH2CH2CH2–C–, are below 2.0 ppm. All
the expected peaks from HEMI and PCL have been
identified in the 1H NMR spectrum shown in Fig-
ure 2a, indicating that the expected HEMI-PCL
was formed. The degree of polymerization (DP) of
the polymer is calculated from the ratio of the
1H NMR peak areas at δ = 2.31 ppm to that at δ =
6.74 ppm. The results are listed in Table 1. These
ratios are in agreement with the feed ratio of ε-CL
to HEMI in reactants, indicating a high conversion.
The polydispersity indices (PDI) of HEMI-PCL
measured by GPC are listed in Table 1, which shows
a narrow distribution in the range of 1.12–1.19.
Therefore, the HEMI-PCL blocks of various chain
lengths were successfully synthesized.
The formation of EDA-DEX, an amino-terminated
dextran, was confirmed by the 1H NMR spectrum
shown in Figure 2b. The characteristic anomeric
hydrogen of each dextran ring (–O–CH–O–) is
assigned to the chemical shift at δ = 4.67 ppm
(peak d), and the chemical shifts of the hydroxyl
protons of dextran are divided to two groups at
4.87–4.92 ppm (peak a, b) and 4.52 ppm (peak c),
respectively. The weak resonance peak (peak e+f)
at δ = 2.92 ppm is assigned to the methylene pro-
tons of ethylenediamine conjugated to the end of
dextran, indicating the terminal reductive amina-
tion was reacted successfully. However, since the
peak e+f is considerably less intensive as compared
with those of the dextran sugar ring, we presume
that amination of dextran was incomplete. The cal-
culated conversion of dextran to EDA-DEX is
approximately 15–31%, which was used to set up
the next step of synthesis, conjugation of EDA-
DEX with HEMI-PCL. There were extra amount of
EDA-DEX (with consideration of un-conjugated
dextran) in the reaction system to ensure sufficient
yield of DEX-b-PCL. Un-conjugated dextran itself
does not react with HEMI-PCL and could be
removed in the purification process. The reasons
for the limited conversion may be that only 0.024%
of the terminal hydroxyls in dextran take the reac-
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Figure 2. 1H NMR spectra of (a) HEMI-PCL9.2k (solvent
CDCl3), (b) EDA-DEX3.5k (solvent DMSO-d6)
and (c) DEX3.5k-b-PCL9.2k (solvent DMSO-d6)



tive free aldehyde form in a neutral solution under
equilibrium due to the mutarotation phenomenon
[22], and that the imine formation is a reversible
and slow reaction which limited the overall reac-
tion rate [41].
The last step of DEX-b-PCL synthesis, aza-
Michael addition between the amino group at the
end of EDA-DEX block and the maleimide group
at the end of HEMI-PCL block, was rather straight-
forward. The reaction proceeded with EDA-DEX
in extra at 70°C for 48 h under catalysis by TEA.
Figure 2c shows the 1H NMR spectrum of a block
copolymer with given chain lengths, DEX3.5k-b-
PCL9.2k. Both the peaks of PCL segment at 3.96,
2.45, 1.50, 1.27 ppm and those of dextran segment
at 4.92, 4.86, 4.65, 3.0–3.8 ppm are identified.
Moreover, the chemical shift of the maleimido pro-
tons at δ = 6.80 ppm completely disappeared, indi-
cating that the maleimido C=C double bonds of
HEMI-PCL were all conjugated with the primary
amine of EDA-DEX. These results verify the suc-
cessful conjugation of EDA-DEX to the HEMI-
PCL.
Based on these GPC curves of the DEX-b-PCL
diblock copolymers (Figure 3), weight-average
molecular weight (Mw) and number-average molec-
ular weight (Mn) and polydispersity index (PDI) for
each of the copolymers were obtained and summa-
rized in Table 2. When the fDEX of diblock copoly-
mers decreased from 0.45 to 0.16, the curves
gradually shift to a higher molecular weight region,
and the peaks of DEX segment in NMR spectrum
steadily decreased compared to those of PCL seg-

ment. In addition, the yield of the DEX-b-PCL
product ranging from 37 to 71% is relatively low,
which is probably due to the three times of purifica-
tion with water. During this process, the excess
dextran was removed but part of the DEX-b-PCL
product may also be removed, especially for the
copolymers with high fDEX and thus with relatively
large solubility in water. The lowest yield of the
DEX6.0k-b-PCL7.5k may be attributed to its highest
fDEX.

3.2. Self-assembly of the amphiphilic diblock
copolymers

We investigated the self-assembly of amphiphilic
diblock copolymers DEX-b-PCL with different
ratios of hydrophilic to hydrophobic block lengths
in neutral aqueous solutions. It was shown, in pre-
vious studies, that micelles were made from dex-
tran-PCL copolymer with fDEX = 0.57 [27] and
dextran-SS-PCL copolymer with fDEX = 0.66 by
solvent exchange method [31]. Based on the gen-
eral empirical law proposed by Discher and Ahmed
[11, 14], further decreasing the fDEX of diblock
copolymers might result in the formation of vesi-
cles or inverted nanostructures. Therefore, in this
study, a series of diblock copolymers with fDEX in
the range of 0.16 to 0.45 were used to investigate
the effect of the relative hydrophilic block lengths
on their self-assembly behaviors. All self-assem-
bled aggregates in the study were prepared in PBS
solution (pH 7.4, 0.01 M) by bulk hydration method,
and the solution samples at a concentration of
0.5 mg·ml–1 were analyzed by TEM. For given dex-
tran chain length, smaller fDEX means larger
hydrophobic block as well as larger overall molec-
ular weight of the copolymer.
Figure 4 shows that the morphological forms of the
block copolymers, DEX-b-PCL, change from
spherical micelles, worm-like micelles to polymer-
somes by varying fDEX from 0.45 to 0.16 corre-
spondingly. At a high fDEX (0.45), the copolymer
(DEX6.0k-b-PCL7.5k) formed spherical micelles
with diameters of 25±5 nm (Figure 4a, samples
were not stained). As fDEX decreased to the range of
0.40 and 0.32 (DEX6.0k-b-PCL9.2k and DEX3.5k-b-
PCL7.5k), worm-shaped micelles were formed
together with spherical micelles (Figure 4b). The
size of spherical micelles formed from DEX3.5k-b-
PCL7.5k (fDEX = 0.32) was larger than those from
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Figure 3. GPC curves of DEX-b-PCL diblock copoly-
mers. (a) DEX3.5k-b-PCL18.9k, (b) DEX3.5k-b-
PCL11.9k, (c) DEX6.0k-b-PCL9.2k,
(d) DEX3.5k-b-PCL9.2k, (e) DEX3.5k-b-PCL7.5k,
(f) DEX6.0k-b-PCL7.5k
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Figure 4. TEM images of structures formed by (a) DEX6.0k-b-PCL7.5k, (b) DEX6.0k-b-PCL9.2k, (c) DEX3.5k-b-PCL7.5k,
(d) DEX3.5k-b-PCL9.2k, (e) DEX3.5k-b-PCL11.9k, (f) DEX3.5k-b-PCL11.9k and (g) DEX3.5k-b-PCL18.9k in aqueous
media. The samples were negatively stained with phosphotungstic acid solution except for a, f and g.



DEX6.0k-b-PCL9.2k (fDEX = 0.40), with correspon-
ding diameters of 40±5 and 30±5 nm, respectively
(Figure 4b, 4c). As the fDEX value further decreased
to 0.28 and 0.23, the copolymers (DEX3.5k-b-
PCL9.2k and DEX3.5k-b-PCL11.9k) self-assembled to
polymersomes 120±20 and 300±100 nm in diame-
ters (Figure 4d, 4e, 4f), respectively. The interior of
the aggregates has a pronouncedly lower electron
density compared to the wall, suggesting vesicle
morphology. The polymersomes shown in Fig-
ure 4e and Figure 4f were formed from the same
diblock copolymer DEX3.5k-b-PCL11.9k, but dif-
fered in TEM sample preparation procedures by
staining (Figure 4e) or not staining (Figure 4f) with
phosphotungstic acid solution. Comparison of the
two images suggests that staining may not be an
essential treatment for imaging polymersomes
under TEM. The wrinkles on the surface and the
altered spherical shape of the particle in Figure 4f
should be the result of polymersome shrinking due
to dehydration. 
Interestingly, the copolymer having larger hydropho-
bic block (DEX3.5k-b-PCL18.9k, fDEX = 0.16) formed
a large, flower-like structure (Figure 4g). The over-
all size of the ‘flower’ was 3.5±0.5 μm, consider-
ably larger than the particulate forms assembled by
less hydrophobic copolymers (Figure 4a–4f). Fur-
ther increase in the hydrophobic chain length of the
block copolymer (DEX3.5k-b-PCL40.0k, fDEX = 0.08)
lead to large, insoluble, and irregular particles
(image not shown). It appeared that they were pre-
cipitated copolymers because the hydrophilicity
was too low for the diblock copolymer to form sta-
ble aggregates in water.
For the observation of the flower-like structure
formed by DEX3.5k-b-PCL18.9k at fDEX = 0.16, we
speculate that they may be giant polymersomes by
nature. This speculation was examined by loading a
hydrophobic fluorescent dye, Nile red, into self-
assembled solution of DEX3.5k-b-PCL18.9k, fol-
lowed by observation under a fluorescent micro-
scope (FM) without dehydration. The results, as
shown in Figure 5, indicated that the block copoly-
mer formed large polymersomes with diameters
around 5.4±1.2 μm, supportive to the speculation
that giant polymersomes were the precursor of the
flower-like structure observed under TEM (Fig-
ure 4g). When a hydrated polymersome was dehy-
drated, its overall shape should be collapsed and
rumpled to give a reduced size. In addition, Nile red

was added to aggregates formed from DEX3.5k-b-
PCL9.2k and DEX3.5k-b-PCL11.9k, but no giant poly-
mersomes were identified under FM.
DEX3.5k-b-PCL18.9k at fDEX = 0.16 can form poly-
mersomes, which is out of the range of 0.25–0.42
and does not correspond to the theory of Discher.
But it is in agreement with the reports of Houga, et
al. [26] that polymersomes can be prepared by
DEX-b-PS of fDEX = 0.08. Due to the rod confor-
mation of dextran with molecular weight below
2000 g·mol–1 [42] and the dextran T3.5 we used,
most DEX3.5k-b-PCL probably exhibit rod-coil con-
formation. Therefore, these results suggest that the
rod-coil type diblock copolymers can form poly-
mersomes at lower fDEX.
As shown in Table 2, PDI of these copolymers
ranges between 1.74 and 2.12. Although most
amphiphilic block copolymers reported in litera-
tures were of low polydispersities (i.e. PDI < 1.2)
for studying their self-assembly behaviors [4, 7, 8,
43], our work indicate that a relatively high poly-
dispersity does not preclude their efficient self-
assembly into different morphologies. However, it
should be pointed out that the PDI of hydrophilic
block can affect the size of aggregates [44–46].
Previous investigations reported by Choucair et al.
[44], who studied the influencing factors of
poly(acrylic acid)-block-polystyrene (PAA-b-PS)
vesicle size, suggested that increasing the PDI of
copolymer favor the formation of smaller vesicles
by preferential segregation of shorter hydrophilic
chains (e.g. PAA) to the interior surface of the vesi-
cle and longer chains to the exterior surface.
The size distributions of the diblock copolymer
assemblies were also measured by DLS. Each DLS
curve was analyzed by the Log Normal method,
which featured as a population peak indicating the
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Figure 5. FM image of polymersomes formed by DEX3.5k-
b-PCL18.9k incorporated with nile red in aqueous
media



mean diameter. Table 3 shows the size distributions
of the self-assembled aggregates ranged from 45.3
to 381.3 nm. The particle sizes of diblock copoly-
mer assemblies were plotted against fDEX of the
copolymers in Figure 6, which shows a reversed
correlation between the two factors. Table 3 lists
the particle sizes and morphological forms of the
assemblies of various DEX-b-PCL copolymers. In
addition, the particle sizes measured by DLS were
larger than those measured by TEM for each self-
assembled aggregate, which can be attributed to the
dehydration shrinkage of the particles during the
TEM sample preparation.

4. Conclusions

Dextran and poly(ε-caprolactone) were conjugated
together to prepare DEX-b-PCL diblock copolymer
by aza-Michael addition under a mild condition. In
order to achieve the end-to-end diblock conjuga-
tion, both DEX and PCL blocks were functional-
ized by modifying their terminal groups. Diblock

copolymer, DEX-b-PCL, may self-assemble into
particles of various morphological forms as a func-
tion of mass fraction of its hydrophilic block (fDEX).
As fDEX decrease from 0.45 to 0.16, the copolymer
assembled to spherical micelles, worm-like micelles,
small polymersomes and giant polymersomes
accordingly.
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1. Introduction
The development of polymer nanocomposites
(PNCs) can be regarded as a significant technologi-
cal advancement in the plastics industry over the
past few years. PNCs are formed from blends of
nanometer sized fillers with either thermoplastics
or thermosetting polymers. Numerous benefits of
PNCs have been described which include improve-
ments in mechanical properties, barrier properties,
heat resistance, dimensional stability and flame

retardancy [1–4]. There are many types of nano-
sized fillers being used among which include
nanofibres such as carbon nanotubes or cellulose
whiskers, nanoplatelets such as layered silicate and
nano-sized isotropic particles such as silica or cal-
cium carbonate (CaCO3) [5–8].
CaCO3 is one of the most commonly used fillers in
thermoplastics, especially polyolefins. It is inex-
pensive and can be used at high loadings. Origi-
nally used as a cheap extender, fine grades of
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Abstract. The mechanical properties and crystalline characteristics of polypropylene (PP) and nano precipitated calcium
carbonate (NPCC) nanocomposites prepared via melt mixing in an internal mixer and melt extrusion in a twin screw
extruder, were compared. The effect of maleic anhydride grafted PP (PP-g-MAH) as a compatibiliser was also studied
using the internal mixer. At low filler concentration of 5 wt%, impact strength was better for the nanocomposites produced
using the internal mixer. At higher filler loading of more than 10 wt%, the extrusion technique was more effective to dis-
perse the nanofillers resulting in better impact properties. The impact results are consistent with the observations made from
Scanning Electron Microscope (SEM) morphology study. As expected, the flexural modulus of the nanocomposites
increased with filler concentration regardless of the techniques utilised. At a same filler loading, there was also no signifi-
cant difference in the moduli for the two techniques. The tensile strength of the mixed nanocomposites were found to be
inferior to the extruded nanocomposites. Introduction of PP-g-MAH improved the impact strength, tensile strength and
modulus of the mixed nanocomposites. The improvements may be attributed to better interfacial adhesion, as evident from
the SEM micrographs which displayed better dispersion of the NPCC in the presence of the compatibiliser. Though NPCC
particles have weak nucleating effect on the crystallization of the PP, addition of PP-g-MAH into the mixed nanocompos-
ites has induced significant crystallization of the PP.
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precipitated CaCO3 is now being produced in nano-
meter size and this nano precipitated CaCO3

(NPCC) has the potential to be an important func-
tional filler in polypropylene composites [9–12].
The surface of the NPCC filler is usually treated
with fatty acids such as stearic acid, to modify the
filler surface to become hydrophobic. The main
purpose for this surface coating is to reduce mois-
ture absorption and hence particle agglomeration
during storage, as well as to improve dispersibility
of the polar filler when incorporated into non-polar
polymer melts [13]. Improved dispersion of the
nanofillers within the polymer matrix is a prerequi-
site for any improvement in mechanical properties,
particularly impact strength.
Polypropylene (PP) is a very versatile and adapt-
able polymer whereby its properties can readily be
enhanced with the inclusion of various types of
fillers. The advantages gained in price/volume/per-
formance relations have resulted in PP composites
successfully penetrating fields traditionally occu-
pied by other engineering materials [14]. Gener-
ally, the properties of particle-filled PP are strongly
dependent on the characteristics of the filler parti-
cles. Due to its non-polar chemical structure, PP
interacts poorly with the typically polar fillers such
as CaCO3, and optimum dispersion is normally dif-
ficult to achieve. Compatibilisers are frequently
used to improve the interfacial adhesion between
CaCO3 and PP, in order to gain the envisaged
enhancement in mechanical properties. Bi-func-
tional molecules such as maleic-anhydride grafted
PP (PP-g-MAH) are commonly used as a compati-
bilisers for PP and CaCO3 [15, 16].
Besides filler surface modification and addition of
suitable compatibilisers, the choice of processing
techniques also plays an important role to achieve
the desired improvement in the properties of inter-
est. The efficiency of the processing techniques to
disperse the fillers becomes critical, especially with
nanofillers which have very strong tendency to
agglomerate due to their high surface energies. The
two common melt-processing techniques employed
to produce nanocomposites are melt mixing using
an internal mixer and melt extrusion using a twin
screw extruder. Compared to an internal mixer, a
twin screw extruder is more convenient to com-
pound nanocomposites in larger quantity and con-
tinuous process. It has been reported nanocompos-

ites of PP with nano-sized CaCO3 have been suc-
cessfully prepared via melt mixing by Chan et al.
[17]. The good filler dispersion obtained using the
internal mixer has resulted in significant improve-
ments in modulus and impact strength with only a
slight lowering of the tensile strength.
Wang et al. [18] used three kinds of compatibilizers
to study the effect of interfacial interaction on the
crystallization and mechanical properties of
polypropylene (PP)/nano-CaCO3 composites. The
compatibilizers were PP grafted with maleic anhy-
dride (PP-g-MA), ethylene-octene copolymer
grafted with MA (POE-g-MA), and ethylene-vinyl
acetate copolymer grafted with MA (EVA-g-MA).
They noted that only the former compatibilizer
resulted in significant improvement the dispersion
of nano-CaCO3 particles, favoured the nucleation
effect of nano-CaCO3, increased the tensile strength
and modulus. The ductility and impact strength of
composites were however compromised as trade-
off to the improvement of the other mechanical
properties.
The objective of this study is to compare the prop-
erties of PP filled with NPCC prepared via two dif-
ferent routes viz. melt mixing in an internal mixer
and melt extrusion in a twin screw extruder. The
mechanical properties of the nanocomposites are
evaluated using impact, flexural and tensile tests.
Thermal and crystallisation characteristics are
analysed using a Differential Scanning Calorimeter
(DSC) while filler dispersion is observed using a
Scanning Electron Microscope (SEM). In addition,
the effect of adding PP-g-MAH as a compatibiliser
for the PP/NPCC nanocomposites is also studied
using the internal mixer.

2. Experimental
2.1. Materials and sample preparation
The grade of PP used was Titanpro 6331 produced
by Titan Polymers Malaysia Sdn. Bhd (Kuala
Lumpur, Malaysia). The homoploymer PP has a
density of 0.899 g/cm3 and a melt flow rate of
14 g/10 minutes (2.16 kg at 230°C). The nano cal-
cium carbonate used was NPCC 201 supplied by
NanoMaterials Pty. Ltd. The stearic acid coated
nanofiller has a measured average primary particle
size of about 50 nm. The grade of PP-g-MAH
added as a compatibiliser was Orevac CA 100 from
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Atofina, with a maleic anhydride content of 1%.
The anti-oxidant used was Irganox 1010 from Ciba
Specialty Chemicals Inc.
The NPCC and PP-g-MAH were dried in a vacuum
oven at 80°C for at least 2 hours and allowed to
cool down to room temperature in a desiccator prior
to use. For the melt extrusion technique, the
PP/NPCC was compounded in a Berstoff (ZE-25)
co-rotating twin-screw extruder (L/D = 33) with a
barrel temperature profile ranging from 180°C near
the hopper to 200°C at the die and a screw speed of
150 rpm (rotation per minute). NPCC powder at 5,
10 and 15 wt% loadings and the anti-oxidant at
1 wt% of total compound weight were added into
the molten PP via a secondary side feeder. Since
the extruder is primarily designed to compound
micron size fillers, the nanocomposites were com-
pounded twice to improve and ensure homoge-
neous mixing. The estimated total residence time
for the nanocomposites during the melt extrusion
process was about 8 minutes since the nanocom-
posites were compounded twice by extruder.
For the melt mixing technique, mixing was carried
out in batches using a Haake Rheomix 3000p inter-
nal mixer with a mixing temperature of 180°C and
a rotor speed of 60 rpm. The PP and antioxidant
were first mixed for 5 minutes before the NPCC at
5, 10 and 15 wt% was added slowly into the mixing
chamber over a period of 10 minutes. Mixing was
continued for a further 5 minutes and the homoge-
neous mixture was discharged from the internal
mixer and later reduced into small pieces using a
crusher. For the experiments using compatibiliser,
the PP-g-MAH was added at a fixed amount of
10 wt% into the mixing chamber together with the
PP and the anti-oxidant. The total residence time of
the mixing process was 20 minutes.
The crushed pellets from the melt mixing technique
and the pelletised extrudates from the melt extru-
sion technique were injection moulded into ISO
multi-purpose test specimens using an Arburg
75 tonne injection moulding machine at 190°C
melt temperature and 40°C mould temperature.

2.2. NPCC filler content and filler dispersion

The actual amount of filler present in the nanocom-
posites was determined using a thermogravimetric
analyser (TGA). The analysis was performed on the
samples using a Mettler Toledo TGA 851. The

samples, obtained from the gate-section, mid-sec-
tion and end-section of the tensile dumbell speci-
men, were heated from 25 to 550°C in an inert
atmosphere of nitrogen at a heating rate of
20°C/min. The average amount of NPCC which
remained at the end of the TGA scan were obtained
from the thermograms to compare the amount of
filler added and the actual amount present in the
tested specimens.
The filler dispersion in the nanocomposites was
examined using a Hitachi S-2500 Scanning Elec-
tron Microscope (SEM). The impact fractured
specimens were coated with gold prior to examina-
tion under the electron beam. An operating voltage
of 10 kV and a magnification of 5000 times were
used. The average size of the dispersed NPCC filler
was measured on the micrographs using the Roen-
tec ScanVision software.

2.3. Mechanical properties evaluation

Tensile properties were determined using an
Instron 5556 Universal Testing Machine in accor-
dance to ISO-527-1. The crosshead speed used for
the modulus and tensile strength determination
were 1 and 50 mm/min. respectively. Flexural prop-
erties were also measured using the same machine
in accordance to ISO 178 at a crosshead speed of
2 mm/min. The notched Izod impact strength was
determined using a CEAST Resil Impactor accord-
ing to ISO 180 at ambient temperature. All test
specimens were conditioned in accordance to
ISO 291 at 25 ± 2°C and 55 ± 5% relative humidity
for at least 16 hours before being tested.
To calculate the predicted modulus of composites,
the weight fraction is converted to the volume frac-
tion indicated in Equation (1):

(1)

where φf is filler volume fraction, ρc is density of
composite, ρf is density of filler and Wm is filler
weight fraction.

2.4. Thermal and crystallisation studies

The melting and crystallisation behaviour of the
nanocomposites were studied using a Mettler
Toledo Differential Scanning Calorimeter (DSC
822e). About 10 mg of each sample was scanned
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from 25 to 250°C at a heating rate of 20°C per
minute in an inert atmosphere of nitrogen (N2). The
N2 flow rate was set at 50 ml/min. The samples
were then annealed at 250°C for 5 minutes before
being cooled to 50°C at a cooling rate of 20°C per
minute. A second heating scan was performed on
the cooled samples using the same parameters as
the first heating cycle. The peak melting tempera-
ture (Tm) and the enthalpy of fusion (ΔH) for the
nanocomposites were obtained from the second
heating curve while the peak crystallisation temper-
ature (Tc) was taken from the crystallisation curve.
The relative crystallinity was calculated from the
enthalpy value, ΔH and the enthalpy value for a
theoretically 100% crystalline PP, taken as 209 J/g
[19].

3. Results and discussions
3.1. NPCC filler content and dispersion
The TGA results for the nanocomposites are given
in Table 1. From the Table, the amount of NPCC
measured on the specimens was also found to be
close to the actual amount added during compound-
ing and mixing.
The evaluation of filler dispersion is important as
only well dispersed nanoparticles can lead to the
expected improvement in mechanical properties.
For the nanocomposites to possess good impact
toughness, it is critical that the filler dispersion in
the polymer matrix be very uniform to avoid cre-
ation of crack-initiating large agglomerates [20].
Figures 1a, 1b show the SEM micrographs of the
impact-fractured surface of the nanocomposites
prepared via the extruder while Figures 1 c, 1d are
nanocomposites prepared via the internal mixer. At
low NPCC content, the number of large agglomer-
ates appeared more in the nanocomposites prepared
via extrusion compared to that prepared via mixing.
At higher NPCC levels, the reverse phenomenon
was observed where the nanocomposites prepared
by mixer have larger agglomerates compared to the
extruded nanocomposites. One possible reason for
this observation is that at high filler concentration,

the interparticle distance between the nanofillers
becomes smaller, leading to flocculation of the
NPCC nanoparticles after the mixing process in the
internal mixer is stopped [16]. Thus, in this study,
that melt extrusion appears to be a better technique
for dispersing nanofiller when the filler concentra-
tion used is high, while the internal mixer is effec-
tive for preparing nanocomposites with low filler
content.
Figures 1e, 1f shows the filler dispersion of the
nanocomposites prepared using the internal mixer
with 10 wt% of PP-g-MAH added as a compati-
biliser. Overall, better filler dispersion was observed
in the presence of PP-g-MAH, especially at low
NPCC. With PP-g-MAH, the NPCC particles
appeared more encapsulated within the PP matrix,
indicating that better interfacial adhesion has possi-
bly been established between the filler and the
polymer phase with the aid of the compatibiliser.
Without the compatibiliser, the NPCC in the micro-
graphs appeared more as discrete particles within
the PP matrix, as shown in Figures 1c, 1d. Never-
theless, for both techniques used and even with the
addition of compatibiliser, the average particle size
of NPCC particles measured from the SEM micro-
graphs were still much larger than the average pri-
mary particle size of the NPCC used in this study.

3.2. Mechanical properties

Figure 2 shows the effect of NPCC content on the
notched Izod impact strength of the nanocompos-
ites prepared using the internal mixing and extruder.
It can be seen that for both techniques, the addition
of NPCC increased the impact strength of the neat
PP. However, there is a difference in the trend of
increment for the two techniques. At low NPCC
loading of 5 wt%, greater increment was observed
for the nanocomposites prepared via the mixer
when compared to the extruder. The mixed nano-
composites appear to have smaller agglomerates,
resulting in better impact improvement when com-
pared to the composites made by melt extrusion.
Nevertheless, further increase in the filler content
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Table 1. TGA results of PP nanocomposites

Sample composition
[wt% PP/NPCC]

NPCC content [weight%]
Melt extrusion Melt mixing Melt mixing with 10 wt% PP-g-MAH

95/5 04.6 04.7 04.9
90/10 09.7 09.4 09.3
85/15 14.0 14.1 14.7



for the mixed nanocomposites caused no significant
changes to the impact strength. For the extruded
nanocomposites, increased in impact strength was
observed until addition of up to 10 wt% of NPCC
with no further improvement observed thereafter.
The result of the impact strength is consistent with

the SEM micrographs results shown earlier in Fig-
ures 1a–1d).
It can also be seen that addition of PP-g-MAH has
improved the impact strength of PP at all filler
loadings. However, the same trend is observed
whereby after filler loading of 5 wt%, the impact
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Figure 1. SEM micrographs of (a) 90PP/10NPCC and (b) 85PP/15NPCC prepared using melt extrusion technique;
(c) 90PP/10NPCC and (d) 85PP/15NPCC prepared using melt mixing technique and (e) 90PP/10NPCC and
(f) 85PP/15NPCC prepared using melt mixing technique with 10 wt% PP-g-MAH as compatibiliser



strength drops, even in the presence of the compat-
ibiliser. As indicated earlier, at higher concentra-
tions, the mixer does no longer provide effective
mixing, thus the addition of the compatibizer does
not improve the impact strength. The SEM micro-
graphs as shown in Figures 1e, 1f support the
impact results. At higher filler loading, the number
of large agglomerates was more apparent and thus
contributing to the lowering of the impact strength.
The effect of NPCC on the flexural modulus of the
mixed and extruded nanocomposites is shown in
Figure 3. Predictably, the stiffness of PP increased
gradually with increasing filler weight fraction.
There also appears to be no significant difference
between the flexural modulus of the nanocompos-
ites prepared using the two different techniques,
indicating that the modulus of the nanocomposites
is not significantly affected by the presence of filler
agglomerates. Presence of PP-g-MAH in the mixed
nanocomposites has also significantly improved the
modulus further, This may be attributed to the
improved interfacial adhesion between the filler
particles and the PP matrix.
The effect of NPCC on the tensile strength of the
nanocomposites prepared via mixing and extrusion

is shown in Figure 4. In general, the tensile strength
of the nanocomposites prepared by both techniques
decreases with increasing amount of NPCC and
from among the two techniques, the drop in tensile
strength was higher for the mixed nanocomposites
compared to the extruded nanocomposites. In the
presence of the 10 wt% PP-g-MAH as a compati-
biliser, the tensile strength of the nanocomposites
did not deteriorate with increasing NPCC concen-
tration. According to Liang [24], the strength of
particulate-filled polymer composites depends, to a
great extent, on the interfacial adhesion between
the matrix and the filler which will facilitate the
transfer of a small section of stress to the filler par-
ticle during deformation.
An equation which is commonly used to predict the
modulus of composites containing a certain amount
of spherical fillers developed by Guth [22] is
shown as Equation (2):

(2)

where Ec is the Young’s modulus of the composite,
Em is the matrix Young’s modulus and φf is the vol-
ume fraction of the filler. It has been reported that
Equation (1) is only applicable to composites filled
with a certain amount of spherical fillers. If the
filler concentration is higher than 10 vol%, the
modulus increases much more rapidly than Equa-
tion (2) would predict, attributed to the formation
of a network by the spherical filler chains [23]. The
modulus of particle-filled composites may also be
predicted using Equations (3) or (4) [18]:
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Figure 3. Effect of NPCC and preparation techniques on
the flexural modulus of nanocomposites

Figure 2. Effect of NPCC and preparation techniques on
the impact strength of nanocomposites

Figure 4. Effect of NPCC and preparation techniques on
the tensile strength of nanocomposites



where Ec is the modulus of the composites, Ep and
Ef are the moduli of the polymer matrix and the
filler respectively, φp and φf are the volume fraction
of the polymer and filler respectively. Equation (3),
based on the rule of mixtures, is appropriate when
strong adhesion exists between the filler and the
polymer and the filler has a large aspect ratio.

Equation (4), the inverse rule of mixtures equation,
is applicable to rigid spherical particles.
Figures 5–7 illustrate the experimental and calcu-
lated modulus based on the above equations for the
extruded, mixed and mixed with PP-g-MAH
nanocomposites, respectively. It can be seen from
Figure 5 that the experimental moduli of the
extruded nanocomposites agree quite well with
Equations (2) and (4) up till a filler content of
10 wt%. Equation (3) was found to be the most
inaccurate to predict the moduli of the nanocom-
posites, indicating that the law of mixtures is
invalid in this case as the equation is only applica-
ble when the filler has a large aspect ratio and there
is a strong bonding between the matrix and the
filler. A similar observation is made for the mixed
nanocomposites in Figure 6, where the experimen-
tal plots closely follow Equations (2) and (4), and
deviate from Equation (3). However, it is interest-
ing to note that the experimental moduli of the
mixed nanocomposites still follow Equations (2)
and (3) even at high filler loadings of 15 wt%. For
the mixed nanocomposites with PP-g-MAH, the
experimental moduli, as shown in 8, were found to
deviate from Equations (2) and (4) and showed ten-
dency to move towards Eqquation (3). These results
indicate that better adhesion has occurred between
the NPCC and the PP matrix, as Equation (3) is
appropriate when strong adhesion exist between the
filler and the polymer.

3.3. Thermal and crystallisation behaviour

The DSC melting curves for the nanocomposites
are shown in Figures 8a–8c, and their correspon-
ding melting temperatures (Tm) are listed in
Table 2. From the DSC curves, the Tm of the neat
PP was found to be 163°C while the Tm of the
nanocomposites ranged from 161 to 164°C. Thus,
incorporation of NPCC did not result in a signifi-
cant shift in the Tm of PP, as the small variation of
observed is within the experimental error of the
instrument used.
However, it is interesting to note that the DSC
curves for PP filled with 10 and 15 wt% of NPCC
prepared with PP-g-MAH using the internal mixer
displayed a small melting depression at about
150°C. This small endothermic transition is possi-
bly associated with the melting of the β-phase crys-
tallites of PP [17, 25, 26]. PP is a polymorphic
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Figure 6. The calculated (theoretical) and measured
(experimental)moduli of PP/NPCC nanocom-
posites prepared via melt mixing as a function of
filler content

Figure 7. The calculated (theoretical) and measured
(experimental) moduli of PP/NPCC nanocom-
posites prepared via melt mixing with PP-g-
MAH as a function of filler content

Figure 5. The calculated (theoretical) and measured
(experimental) moduli of PP/NPCC nanocom-
posites prepared via melt extrusion as a function
of filler content. Note: The modulus of NPCC is
taken as 26 GPa [16].



material and is capable of crystallising in three dif-
ferent crystal forms; the α, or monoclinic form, the
β, or pseudo-hexagonal form, and the γ, or triclinic
form. The most stable and prevalent form is the
α-phase. This phase, which melts at around 160°C,

is the main crystalline structure formed under nor-
mal processing conditions while the β-phase is
obtained if the melt undergoes high shear forces
during processing [26]. The β-phase PP could also
be formed in the presence of nucleating agents.
Thus, the PP-g-MAH compatibiliser has possibly
improved the nucleating activity of the NPCC and
hence promoting the formation of the β-phase PP,
which was not present in the mixed compound pre-
pared without the compatibiliser.
Results of the enthalpy of fusion (ΔH) obtained
from the melting curves for the PP and the nano-
composites are listed in Table 2. It should be noted
that the ΔH values shown have been corrected for
filler content, thus expressed in J/g polymer (PP).
The relative crystallinity of the nanocomposites
were then calculated using the ΔH values, taking
209 J/g as the theoretical enthalpy value for a 100%
crystalline PP [19]. Overall, it is observed that the
crystallinity of PP is not appreciably affected by the
addition of the NPCC filler, as the ±2% variation in
the crystallinity values observed is within the
experimental error of the instrument used.
The DSC crystallisation curves for PP and the
nanocomposites are shown in Figures 9a–9c and
the peak crystallisation temperature (Tc) values are
listed in Table 2. For the nanocomposites prepared
via extrusion and mixing without the presence of
PP-g-MAH as compatibiliser, there appears to be
minimal shift in the Tc, indicating again the weak
nucleating effect of NPCC particles on the crys-
tallisation of PP. However, addition of PP-g-MAH
into the mixed nanocomposites has induced crys-
tallisation of PP to occur at higher temperatures
resulting in higher Tc. Thus, these DSC results sug-
gest that PP-g-MAH has improved the nucleation
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Figure 8. DSC melting curves for nanocomposites pre-
pared via (a) melt extrusion, (b) melt mixing and
(c) melt mixing with 10 wt% PP-g-MAH com-
patibiliser

Table 2. DSC results for the nanocomposites

Sample composition
[wt% PP/NPCC]

Melting
temperature, Tm [°C]

Enthalpy of fusion corrected for
filler content, ΔΔHc [J/g PP]

Percentage
crystallinity, Xc [%]

Crystallisation
temperature, Tc [°C]

100/0 163 78 37 109
Melt extrusion

95/5 161 74 35 110
90/10 161 73 35 111
85/15 162 73 35 112

Melt mixing
95/5 162 79 38 115
90/10 163 80 38 113
85/15 164 81 39 112

Melt mixing with PP-g-MAH
95/5 164 76 36 118
90/10 164 78 37 118
85/15 163 80 38 120



effect of the nano NPCC particles. In the presence
of the compatibiliser, closer interaction between the
NPCC particles and the PP matrix has possibly
been established and the better dispersed particles
has provided more sites for the nucleation of PP to
begin.

4. Conclusions

The choice of processing technique has some influ-
ence on the properties of the PP/NPCC nanocom-
posites. The extrusion technique was found to be
more effective to disperse the nanofillers when the
filler concentration is high, resulting in slightly bet-
ter impact and tensile strength. Better impact
strength was found to be associated with less
amount of filler agglomeration as evident from the

SEM micrographs. The use of internal mixer was
found to be more suitable when the filler concentra-
tion used is low. There was no significant differ-
ence in the flexural modulus of the nanocomposites
using the two different techniques, indicating that
the modulus is not significantly affected by the
presence of filler agglomerates.
Introduction of PP-g-MAH as compatibiliser for
the nanocomposites prepared via mixing improved
the filler dispersion, resulting in better impact,
modulus and tensile strength. The improvement in
impact strength is most likely attributed to the bet-
ter filler dispersion while the increased tensile
strength and modulus may be due to better interfa-
cial adhesion between the filler and the PP matrix.
DSC results show that the PP-g-MAH has also
improved the nucleating activity of the NPCC,
inducing crystallisation of PP to occur at higher
temperatures.
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1. Introduction
Poly(lactic acid) or PLA, a plant-based biodegrad-
able plastic, exhibits many properties equivalent to
or better than many petroleum-based plastics. How-
ever, few commercial applications exist not only
due to its lower impact resistance and higher cost
than synthetic plastics, but also to having a narrow
processing window [1].
Blending PLA with various additives such as lubri-
cant, plasticizer or a second polymer assists in
broadening its applications [2, 3]. Unfortunately,
this approach could increase the manufacturing
cost given the additional expenses associated with
the additives [4]. Previous efforts to overcome the
cost of PLA included blending with fillers such as
cellulosic fibers [5]. However, the lowered cost due
to filler addition is usually achieved at the expense
of other properties such as the ductility (lower elon-
gation at break) and lower impact resistance,
because the incorporated brittle cellulosic fibers

alter the ductile mode of failure of the matrix, mak-
ing the composites more brittle than neat polymer
[6–8]. Continuous efforts seek to further reduce the
cost of PLA while enhancing its flexibility and
toughness. Recently, Wong et al. [9] reported that
plastics are one of the most consumed materials in
the world and in typical plastics manufacturing
processes, the material cost account for 50–70% of
the total production cost. Therefore, there is a sig-
nificant economic interest to reduce material usage.
The widely recognized foaming process, which
includes microcellular plastics as an example,
enhances the ductility and impact resistance of the
polymer matrix, in addition to providing a signifi-
cant expansion ratio and weight reduction in plastic
parts [10, 11]. The high expansion ratio induced by
foaming succeeds in reducing the material cost and
consumption in mass-produced plastic parts with-
out a major compromise to the required properties
[10, 11]. Recently the production of microcellular-
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foamed structures in the polymer through a batch
and continuous foaming processes has addressed
several of the hindrances associated with PLA
[4, 12–20].
Over the past years, several in-depth studies have
examined the effects of the processing conditions
and formulations on the foamability of PLA in a
batch process [4, 12–20]. Fujimoto and coworkers
described the foam processing of neat PLA and two
different types of PLA/layered silicate nanocom-
posites using supercritical CO2 as a foaming agent
[12]. The nanocomposite foams showed smaller
cell size and larger cell-population density com-
pared to neat PLA owing to the dispersed silicate
particles which acted as nucleating sites for cell
nucleation [12]. The concentration of organically
modified layered silicates has also been shown to
strongly affect the cell size and cell-population
density of PLA and PLA nanocomposites [18, 19].
Compared with neat PLA, the nanocomposites
foamed at 110°C using a 20:80 blend of CO2:N2

mixture as the blowing agent exhibited reduced cell
size and increased cell-population density, due to
the presence of the heterogeneous bubble nucle-
ation sites. However, nanocomposites with higher
organoclay content (10%) was poorly foamed due
to the intrinsically high viscosity and elasticity,
caused by organoclay exfoliation and chain exten-
sion/branching, which reduce the cell growth [18].
Conditioning PLA with CO2 has been reported to
induce crystallinity in the polymer and the degree
of crystallinity of PLA increases with increasing
saturation pressure [14, 15]. The greatest increases
in crystallinity under room temperature conditions
was observed at pressures between 2.1 and 2.8 MPa,
and this induced crystallinity significantly affected
the PLA foamability. In fact, Hu et al. [15] reported
that lower saturation pressure (up to 2.8 MPa) leads
to more uniform microcellular structures whereas
foam structures become inhomogeneous with an
increase in saturation pressure, owing to the rapid
diffusion of CO2 out of the polymer.
Attempts have also been made to enhance the
foamability of PLA by controlling the melt rheol-
ogy of PLA through increasing the molecular
weight to compensate for the molecular weight
decrease caused by processing degradation and to
increase the melt viscosity [19, 20]. PLA modified
with chain extenders showed enhanced melt viscos-
ity and elasticity, resulting in the production of

foamed PLA with smaller cell size, higher cell-pop-
ulation density, and lower foam density compared
to the unmodified counterpart [19, 20]
In addition to the ingredients used in the PLA for-
mulations, processing variables also affect the
foamability of PLA. Investigations have shown that
the foaming time and/or the foaming temperature
are important process variables for controlling the
density and porous morphology of PLA foams
owing to their effects on the visco-elastic properties
of the polymer [4]. Studying the dependence of the
foam density on the foaming temperature under dif-
ferent CO2 pressures (14–30 MPa) for both neat
PLA and PLA-based nanocomposites, Ema et al.
[13] reported that the critical foaming temperature
is around 140°C where the morphology of foamed
samples changes from nanocellular to a microcellu-
lar structure. The competition between cell nucle-
ation and cell growth accounts for these two
distinct trends. Cell nucleation dominates at the low
foaming temperature (up to 140°C), owing to a
large supply of CO2 molecules in the system cou-
pled with the high viscosity of the matrix, which
suppresses cell growth. By contrast, cell growth
and coalescence occurs at higher foaming tempera-
ture (>150°C) due to the low viscosity of the sys-
tem [13].
Our previous study showed significant improve-
ments in the volume expansion ratio (a two-fold
expansion over unfoamed PLA), impact resistance
(up to four-fold increase over unfoamed PLA),
strain at break (up to two-fold increase over
unfoamed PLA), and toughness (up to four-fold
increase over unfoamed PLA) by creating foamed
microcells in PLA samples. The results imply that
foamed PLA exhibits enhanced ductility and
impact resistance owing to the presence of micro-
cells [4].
Although previous study indicates the successful
creation of microcellular structures in PLA [4], a
higher expansion ratio (greater than two-fold
expansion over unfoamed PLA) remained unob-
tainable. The reasoning behind this result lays in
the fact that some critical foaming conditions such
as saturation pressure and time, which exert a
strong influence on the foaming ability of the poly-
mer matrix, stayed constant in our previous study
[4]. Therefore, investigating the feasibility of pro-
ducing a larger expansion ratio in PLA requires fur-
ther studies. This study aims to investigate other
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parameters, in order to achieve the desired expan-
sion ratio.
Furthermore, while demonstrations that clearly
illustrate the importance of generating microcellu-
lar foamed structures in neat PLA as a means to
improve its impact strength and reduce material
consumption (through expansion) exist, the effect
of incorporating cellulosic fibers on the foamability
of the resulting PLA/wood-flour composites lacked
investigation in our previous study. Improvements
in the toughness of PLA by microcellular foaming
resulted at the expense of the strength and stiffness,
implying the need for using fibers to strengthen
foamed samples. Therefore, this study also aimed
at understanding the foamability of PLA filled with
wood flour.

2. Experimental
2.1. Materials
The matrix consisted of a commercial grade PLA
resin (PLA 8302D from NatureWorks® LLC, Min-
netonka, MN, USA). The properties of this resin
measured by the authors [21] include the following
(a density of 1.257 g/cm3, a percent crystallinity of
1.2%, and a melt flow index of 6.5 g/10 min
(190°C, 2.16 kg dead load). Carbon dioxide acted
as the foaming agent (commercial 99.5% min).
Wood flour from hardwood maple species (40-
mesh size) supplied by American Wood Fibers
(Schofield, WI, USA) was used as filler. Gamma-
aminopropyltriethoxysilane (SCA 1100) supplied
by Struktol (Stow, OH, USA) was used as coupling
agent.

2.2. Treatment of wood flour

The use of coupling agents, which are important
ingredients in the formulations of plastic/wood-
fiber composites, also has a significant effect dur-
ing the foaming process of the composites [22].
Surface modification of wood fiber with a coupling
agent has strong effects on both the concentration
of gas molecules absorbed by the composites and
the cell morphology of the foamed composites pro-
duced through a batch foaming process [6, 22]. Pre-
vious studies showed that a microcellular-foamed
structure was better developed in the composites
with treated wood fibers than in the composites
with untreated fibers because the addition of cou-

pling agent into the formulation helped encapsulate
the gas in the composites for the cell growth [6, 22].
Consequently, silane was used as a coupling agent
to enhance the adhesion between the matrix and the
filler.
The silane coupling agent was mixed with wood
flour in a 60 ml electrically heated three-piece
internal mixer/measuring head (3:2 gear ratio) with
roller style mixing blades (C. W. Brabender Instru-
ments Inc., South Hackensack, NJ, USA). The mix-
ing process ran at a constant mixer temperature of
100°C for 3 minutes. The rotor speed ran at 50 rpm
with the weight charge set at 20 g. A 5 kg dead
weight rested on the top of the ram throughout the
experiments. The silane coupling agent content
remained at 1%, based on the weight of wood flour
in the composites [23].

2.3. Manufacture of PLA and PLA/wood-
flour composite films

PLA and wood-flour treated with silane were
directly blended in a kitchen mixer (Blender
MX1050XTS from Warning Commercial Xtreme,
Torrington, CT, USA) at 22 000 rpm for 1 minute.
The amount of wood flour into the composites var-
ied from 10 to 40 wt% based on the total weight of
the composites. The compounded materials (60 g)
were then fed into the internal mixer as described
above for melt blending at 180°C for 5 minutes.
The melted composites were then compression-
molded into panels (Erie Mill Co., Erie, Pennsylva-
nia, USA) at 180°C and 3 MPa constant pressure
for 1 minute. The thickness of the panels measured
around 1.5–2 mm. Manufacturing neat PLA films
followed a similar process.

2.4. Sorption and foaming experiments

Sorption experiments performed on neat PLA used
a gravimetric method as described in previous
papers [6, 22]. The main purpose of sorption exper-
iments involves estimating the amount of gas
absorbed in a polymer (or estimated gas solubility),
one of the important factors in the gas foaming
process [6, 22]. During the foaming experiments,
the number of bubbles nucleated depends strongly
on the concentration of gas dissolved in the molten
polymer matrix [6, 22].
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Compression-molded samples were cut into
1.27 cm×2.54 cm rectangular specimens. The orig-
inal weights of these samples were measured using
a digital balance readable to 0.0001 g. The samples
were then placed in a pressure chamber and satu-
rated with CO2 at various pressures (1.38 to
5.52 MPa or 200 to 800 psi) at room temperature
for various periods of time (1–10 days). At the end
of the saturation, the CO2-saturated samples were
removed from the pressure chamber and rapidly
weighed again on the balance to determine the
amount of CO2 absorbed (measured solubility).
The weight gain percent of CO2 was obtained by
calculating the difference between the two weights.
It should be pointed out that the loss of blowing
agent in a batch foam processing used in this study
is unavoidable. Nevertheless, the weight gain was
measured within few seconds after removing satu-
rated samples from the pressure vessel to minimize
the gas escape to the environment.
Producing microcellular-foamed structures in the
neat PLA samples required subjecting the CO2-sat-
urated samples to a rapid pressure drop and a rapid
temperature increase that resulted in nucleation and
growth of gas nuclei. This was achieved by taking
the specimens out of the pressure chamber and
heating them above their glass transition tempera-
ture using a well-controlled temperature bath at
150°C for 5 seconds. After foaming, the samples
were kept in air for 10 seconds for cell growth and
then immediately dipped into a water bath to freeze
the foam structure and minimize the deterioration
of cells through cell coalescence during bubble
growth [4, 6, 22].
Composite samples were also foamed at 150°C for
5 seconds, but the samples were saturated at
2.76 MPa (400 psi) for 4 days based on sorptions
isotherms, which will be discussed later on.

2.5. Characterization of microcellular foamed
samples

The densities of the unfoamed (ρu) and foamed (ρf)
samples measured according to ASTM standard
D792 (Buoyancy method) involved measuring the
weights of at least five randomly selected samples
for each formulation in the air (m1) and in n-hexane
(m2). Determining the density of the material
(Equation 1), the void fraction (Vf) (Equation 2) or
equivalently the density reduction, and the volume

expansion ratio (φ) (Equation 3) used the following
equations, respectively:

(1)

(2)

(3)

with ρFL as the density of n-hexane (0.6594 g/cm3).
Scanning electron microscope (SEM) images
obtained from a JEOL 6300F FESEM at 10 kV
aided in observing and analyzing the cellular mor-
phology of the foamed PLA samples. Gold-coating
the fractured surfaces of foamed samples preceded
to SEM analysis.

3. Results and discussion
3.1. Sorption behaviors of CO2 in PLA
Although the aim of this study was to produce
microcellular foam in PLA/wood-flour composites,
it is paramount to first understand the effect of sat-
uration conditions on the foamability of neat PLA
since the gas does not dissolve in wood particles,
i.e., PLA is the only component of the composite
that can be foamed.
The amount of sorbed CO2 in neat PLA was deter-
mined as a function of the saturation pressures
(from 1.38 to 5.52 MPa or from 200 to 800 psi) and
times (1–10 days) at room temperature. Figures 1a
and 1b show the sorption isotherms obtained in
these experiments and the effect of the gas satura-
tion pressure (10 days saturation time) on the
amount of gas dissolved in the matrix, respectively.
The gas content in the polymer followed Henry’s
law and remained directly proportional to the gas
pressure (Figure 1) [4]. This trend was expected
because by increasing pressure, the gas molecules
are forced between polymer chains, expanding the
space between molecules and thus increasing their
mobility, which allow more gas molecules to be
absorbed [24]. The amount of CO2 (or measured
solubility of CO2) in PLA measured significantly
higher (21.1%) when compared to other glassy
matrices such as PVC (8.6%) and PS (0.8%) [4].
The Lewis acid-base intermolecular interactions
where the carbonyl groups of PLA act as an elec-
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tron donor and carbon dioxide acts as an electron
acceptor produced this anticipated effect. More-
over, this type of interaction where the polar groups
in the polymers provide more sites for CO2 mole-

cules was previously shown by other investigators
[24–28].
Although the amount of CO2 dissolved in PLA
increased as the saturation pressure increased, irre-
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Figure 2. Effect of saturation pressure on the cellular structures of PLA: (a) 1.38 MPa, (b) 2.76 MPa, (c) 4.14 MPa,
(d) 5.52 MPa for 10 days, magnification (10×)

Figure 1. (a) CO2 concentration in PLA as function of saturation pressure (1.38 to 5.52 MPa) and saturation time
(1–10 days) and (b) CO2 content vs. saturation pressure (10 days saturation time) measured at room tempera-
tures. The trend line option in Figure 1b was set as linear and intercept at zero.



spective of the saturation duration (Figure 1a), the
amount of CO2 absorbed by neat PLA, however,
only acted as a strong function of saturation time at
lower saturation pressures (up to 2.76 MPa or
400 psi). Absorbing the large amount of CO2 when
saturated at lower pressure required a longer satura-
tion time for PLA. As seen in Figure 1a, the CO2

content in the PLA at 1.38 MPa (200 psi) doubled
when the saturation time increased from 1 to
10 days, implying that the longer the polymer is
exposed to CO2, the greater the absorbed CO2

amount by the polymer as expected from the Fick’s
law of diffusion [22]. Similar trends were reported
by other investigators [29].
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Figure 3. Effect of saturation pressure on the cellular structures of PLA: (a, d) 2.76 MPa, (b, e) 4.14 MPa, (c, f) 5.52 MPa
for 10 days. SEM for images a, b, c and for images d,e, f were taken at low magnification (20×) and high mag-
nification (50×), respectively



3.2. Morphology and expansion ratio of
microcellular neat PLA

Figures 2 and 3 illustrate the effect of CO2 satura-
tion pressure on the cellular morphology of micro-
cellular foamed neat PLA. A lower saturation
pressure (1.38 MPa) produced larger cells com-
pared to higher saturation pressures. Overall, the
lower saturation pressures (up to 2.76 MPa)
resulted in more uniform microcellular structures.
Higher saturation pressure resulted in the structures
becoming inhomogeneous and drastically deterio-
rated, owing to the polymer’s rapid diffusion of
CO2 and the CO2-induced crystallization in PLA
from the plasticizing effect of gas at high concen-
trations [15, 30].
These results correlated with those reported by
other investigators who found that an optimal satu-
ration pressure for foaming PLA exists. For exam-
ple, Hu and coworkers [15] measured the degree of
crystallinity of PLA [a copolymer of poly-L-lactic
acid (PLLA) and poly-DL-lactic acid (PDLLA)]
conditioned with CO2 at room temperature and
pressures up to 5.8 MPa. They found that the
degree of crystallinity increases with increasing
saturation pressure [15]. In fact, lower saturation
pressure (up to 2.8 MPa) led to more uniform
microcellular structures with cell diameters on
the order of 30–40 μm and a cell density of
7.93·107 cell/cm3. By contrast, foam structures
became inhomogeneous and cell size decreased
with an increase in saturation pressure, owing to the
rapid diffusion of CO2 out of the polymer. As a
result, the density of the foamed sample was almost
similar to that of unfoamed material [15, 30].
Furthermore, it is recognized that the solubility and
diffusivity of gas in semi-crystalline polymers are a
function of the degree of crystallinity because gas
does not dissolve in the crystallites [22, 31–33].
Increasing the mass fraction of crystallite in the
polymer leads to the reduction of the amorphous
matrix mass fraction. As a result, the solubility and
diffusivity of gas are reduced since the gas does not
dissolve in the crystallites, and the crystallites tend
to obstruct the movement of gas molecules in the
polymer [22]. Since the crystal domains in semi-
crystalline polymer do not absorb gas, induced
crystallinity in PLA by increasing the gas satura-
tion pressure may have reduced the amount of gas
available in the amorphous region due to the lower

amorphous volume fraction, thus affecting the mor-
phology developed in the foamed PLA samples sat-
urated at higher pressure (Figures 2c and 2d).
Figure 4 shows the effect of saturation pressure on
the void fraction and volume expansion ratio.
Higher volume fraction and expansion ratio were
achieved, but they remained almost constant as the
gas saturation pressure increased up to 2.76 MPa.
However, above 2.76 MPa, both the void fraction
and the expansion ratio were directly proportional
to the gas pressure; they decreased as the gas satu-
ration pressure increased. The results suggest the
need for a critical gas concentration of approxi-
mately 9.4% for significant foam expansion to
occur. Increasing the concentration of CO2 beyond
this critical value had a deleterious effect on the
volume expansion, i.e., foam expansion remained
low. The results imply the potential for achieving a
higher expansion ratio in microcellular PLA foams
conditioned at lower saturation pressure (e.g., up to
2.76 MPa) that corresponds to a critical gas con-
centration of approximately 9.4%. At this condi-
tion, the saturation time of 4 days will be required
for CO2 diffusion in the samples (Figure 1a).

3.3. Morphology and expansion ratio of
microcellular foamed PLA/wood-flour
composites

Figures 5 and 6 illustrate the effect of wood flour
content on the cellular structures of PLA/wood-
flour composites, whereas Figure 7 shows the
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Figure 4. Influence of saturation pressure on the void frac-
tion and volume expansion ratio of neat PLA
foams. Samples were saturated for 10 days.
Error bars did not appear in the graph due to the
smaller values of standard deviations.



influence of wood flour content on the void fraction
and volume expansion ratio. The samples were sat-
urated at 2.76 MPa (400 psi) for 4 days and foamed
at 150°C for 5 sec. Lower saturation pressure was
selected since it produced foamed PLA specimens
with homogeneous morphology (Figures 2 and 3)
and high volume expansion (Figure 4).
All microcellular foamed PLA/wood-flour com-
posite samples had cells with finer average size

than their neat PLA counterpart (Figures 5 and 6).
The cell size decreased further as the wood flour
content increased in the matrix. The incorporation
of wood flour into the PLA matrix produced this
expected effect, as it increased the melt viscosity of
the matrix and made the composites stiffer than the
unfilled PLA, which provided high resistance to the
cell growth in the polymer matrix [6, 34–38].
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Figure 5. Effect of wood flour content on the cellular structures of PLA: (a) 0 wt%, (b) 10 wt%, (c) 20 wt%, (d) 30 wt%,
(e) 40 wt%, saturation pressure 2.76 MPa for 4 days, magnification (20×)



Observations also suggest that the addition of wood
flour into the PLA matrix significantly affected the
expansion ratio (void fraction) of PLA/wood-flour
composite foams. As illustrated in Figure 7,

increasing the wood flour content in the PLA
matrix tended to noticeably decrease the expansion
ratio of PLA in foamed samples. The anticipation
of this tendency can be attributed not only to the
number of nucleated cells and their growth, which
controls the volume expansion ratio (or void frac-
tion) during the foaming process but also to the
strong dependency on the amount of gas molecules
dissolved in the material as well as the volume frac-
tion of the matrix in the composite [6, 34–38]. Our
previous study showed that increasing wood flour
content in the composites tends to decrease the vol-
ume fraction of the matrix in the composites [22].
Consequently, with a noticeably lowered amount of
gas absorbed by the composite samples during
foaming than that absorbed by neat plastic [6, 34,
37], coupled with the decreased fraction of the
matrix available for gas diffusion, the volume
expansions in the composites also remained far
inferior to those in the unfilled PLA foams.
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Figure 6. Effect of wood fiber content on the cellular structures of PLA: (a) 10 wt%, (b) 20 wt%, (c) 30 wt%, (d) 40 wt%,
saturation pressure 2.76 MPa for 4 days, magnification (100×)

Figure 7. Effect of wood fiber content on the void fraction
and volume expansion ratio of PLA/wood-flour
composites foams. Samples were saturated at
2.76 MPa for 4 days.



4. Conclusions

The influence of gas saturation conditions was
assessed to produce microcellular foamed PLA
with a high expansion ratio. In addition, this study
examined the effect of incorporating wood flour on
the foamability of the resulting PLA/wood-flour
composites. The experimental results produce the
following conclusions:
Microcellular PLA foams have the potential for a
larger void fraction (up to 82% density reduction)
and higher expansion ratio (ten fold expansion over
unfoamed PLA). The foaming conditions associ-
ated with such an elevated expansion ratio involved
a lower gas saturation pressure up to 2.76 MPa,
which corresponds to a critical gas concentration of
approximately 9.4%. Increasing the concentration
of CO2 beyond this critical value had a deleterious
effect on the volume expansion, i.e., foam expan-
sion decreased significantly.
The addition of wood flour into the PLA matrix sig-
nificantly affected the expansion ratio (void frac-
tion) of PLA/wood-flour composite foams. Increas-
ing the wood flour content in the PLA tended to
noticeably decrease the expansion ratio of PLA in
foamed samples.
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1. Introduction
Recently, the high dielectric permittivity composite
materials have been considered to be potential can-
didates for integration into electronic devices.
Owing to the continuous development towards the
miniaturization of electronics, newer dielectric mate-
rials were sought which would enable to achieve
high energy density for capacitor applications.
Ceramics possessing very high dielectric permittiv-
ity are being used as voltage capacitors due to their
high breakdown voltages. However, they are brit-
tle, suffer from poor mechanical strength and hence
cannot be exposed to high fields. Polymer films
such as polyester, polycarbonate, polypropylene,
polystyrene and polyethylenesulphide are being
used in the fabrication of low leakage capacitors.
Though polymers possess relatively low dielectric
permittivity, they can withstand high fields, are
flexible and easy to process. By combining the
advantages of both, one can fabricate new hybrid

materials with high dielectric permittivity, and high
breakdown voltages to achieve high volume effi-
ciency and energy storage density for applications
in capacitors as electric energy storage devices
[1–7]. In order to enhance the dielectric permittiv-
ity of polymers, ceramic powders such as
Pb(Mg1/3Nb2/3)O3-PbTiO3(PMNT),
Pb(Zr,Ti)O3(PZT), BaTiO3 (BT) [8–13] were used
as fillers due to their high dielectric permittivity.
Recently, CaCu3Ti4O12 (CCTO) ceramic which has
centrosymmetric bcc structure (space group Im3,
lattice parameter a ≈ 0.7391 nm, and Z = 2), has
been used as a filler and studied to explore the pos-
sibility of obtaining high dielectric permittivity
composites for potential capacitor applications
[14–21]. It was reported that, the dielectric permit-
tivity as high as 740 at 1 kHz was achieved for a
composition of fixed concentration: 50 vol% CCTO
and 50 vol% PVDF-TrFE [14]. The dielectric per-
mittivity increases as the CCTO content increases
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in the polymer and decreases as the frequency
increases [15–17]. The reason for increased low
frequency dielectric dispersion was attributed to
high interfacial polarization triggered by high
dielectric loss associated with CCTO [15].
The electrical properties of polymers can be altered/
modified by the addition of inorganic nano fillers.
Nanoscale particles are more attractive due to their
intriguing properties arising from their size associ-
ated with large surface area. The insertion of nano-
scale fillers may improve the electrical and dielec-
tric properties of the host polymers and the proper-
ties can be tailored to a particular performance
requirement [22]. But the final properties of a nano-
composite depend on the method of preparation,
particle size and the effective dispersion of ceramic
particles in the polymer matrix [23–26].
PVDF based composites are being studied in great
detail [27–30] because of their better thermal sta-
bility, they are tough and can be easily processed
by solution casting/injection moulding/melt tech-
nique. It is also a non-toxic material, exhibiting
resistance to heat and chemicals and low water
absorption characteristics which make it more suit-
able for making electronic components. PVDF, a
semi-crystalline polymer exists in four different
crystalline forms depending on the preparation con-
ditions like solvent, melt temperature, method of
casting, stretching of thin films and annealing con-
ditions. The β-phase is the desirable phase owing to
its ferroelectric nature. Phase I (β-phase) has a pla-
nar TTTT (all trans) zigzag chain conformation
which has space group Cm2m (orthorhombic,
a = 0.858 nm, b = 0.491 nm, c = 0.256 nm) [31–33].
In this work, we report the fabrication and charac-
terization of PVDF/CCTO nano composite system,
in which nanocrystallites of CCTO have been dis-
persed in PVDF solution (dimethyl sulfoxide) fol-
lowed by spin coating technique for the first time.
The composite thus developed has improved dielec-
tric properties which perhaps could be exploited for
the development of high energy density capacitors. 

2. Experimental
2.1. Characterization
X-ray powder diffraction (XRD) studies were car-
ried out using an XPERT-PRO Diffractometer
(Philips, Netherlands) with CuKα1 radiation (λ =
0.154056 nm) in a wide range of 2θ (5°≤ 2θ ≤ 85°).

The microstructure and morphology of the samples
were characterized by using scanning electron
microscope (FEI Thermal Field Emission SEM
Sirion). Transmission Electron Microscopy (TEM)
were carried out using FEI-Technai TEM (G-F30,
Hillsboro, USA). For the electrical characteriza-
tion, the films were cut into small pieces of 5×5 mm
and gold electrodes with 3 mm radii were sputtered
at the centre on both sides of each sample. The
dielectric studies were carried out using an imped-
ance gain-phase analyzer (HP4194A) as a function
of frequency (100 Hz–1 MHz). The contacts were
taken from both sides of the free standing films.
The data generated from the instrument were col-
lected through an interface between instrument and
the computer using a software (developed in our
laboratory). The measurement accuracy of the
instrument is better than 5%. The dielectric permit-
tivity was evaluated using the standard relation
εr = C·d/ε0A, where C = capacitance, d is the thick-
ness of the sample, ε0 = 8.854·10–12 F/m and A is
the effective area of the sample. Dielectric strength
measurements were carried out as per the proce-
dure outlined in ASTM D 149.

2.2. Preparation of CaCu3Ti4O12 nanoparticles

TiCl4 (titanium tetrachloride, 99.98%) (Merck,
Germany), calcium carbonate (BDH; A.R. grade,
India), cupric chloride (Fluka, pro analysi grade,
India), oxalic acid (s.d.fine-chem Ltd, A.R. grade,
India), NH4Cl and NH4OH(aq) (BDH; A.R. grade,
India) ethanol or acetone (Nice chemicals pvt ltd,
India; 99.5% pure), dimethylacetamide (DMD)
(Merck, Germany) and Poly vinylidene fluoride
(PVDF), molecular weight of Mw 530 000, supplied
by Sigma-Aldrich Chemicals pvt ltd, India.
CaCu3Ti4O12 (CCTO) nanoparticles were synthe-
sized using complex oxalate precursor method [34].
In a typical preparation, titania gel was prepared
from the aqueous TiOCl2 (0.05 M) by adding
NH4OH(aq) (at 25°C) till the pH reached ~8.0 and
NH4Cl was washed off on a filter funnel. This gel
was added to 0.4 or 0.8 moles of oxalic acid (2 M
solution) (1:1 or 1:2 ratio of Ti:C2O4

2–) which was
kept warm (~40°C). To the clear solution obtained,
calcium carbonate was added in aliquots and
stirred. An aqueous solution containing titanyl
oxalic acid together with calcium titanyl oxalate
remained clear without any precipitate formation.
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This solution was cooled to 10°C to which cupric
chloride dissolved in acetone along with water
(80/20) was added and stirred continuously. The
thick precipitate was separated out by further addi-
tion of acetone. Subsequently, the precipitate was
filtered, washed several times with acetone to make
it chloride-free and dried in air. The precursor was
isothermally heated around 700°C to get nanocrys-
tals (20–75 nm) of phase-pure calcium copper
titanate, CaCu3Ti4O12 as confirmed by X-ray dif-
fraction and TEM studies.

2.3. Preparation of PVDF-CaCu3Ti4O12

nanocrystal composite films

The composite was prepared by solution casting
method. The PVDF polymer was dissolved in
dimethyl sulfoxide (DMSO) and an appropriate
amount of CCTO nanocrystals was added to the
solution, which was thoroughly mixed with the sol-
vent. The suspension was then poured onto a glass
plate and then spun. The free standing composite
films of thickness 85 μm were obtained and these
were annealed at 90°C for 5 hours which would
enable the crystallization of the β-phase of PVDF.
The film thus obtained was then heated in a vacuum
oven at 80°C for 12 h to remove any remaining
traces of the solvent. Composite films with differ-
ent volume percentages (5 to 30 vol%) of CCTO
were prepared.

3. Results and discussion
3.1. X-ray diffraction studies
The X-ray diffraction patterns of PVDF, CCTO and
series of PVDF/CCTO composites with different
volume percents are shown in Figure 1. The dif-
fraction peaks at 20.7° (200) and 20.8° (110) indi-

cate that the PVDF exists in the β-phase [35]. Fig-
ure 1b shows the X-ray diffraction pattern obtained
for the pure CCTO nano crystalline powder com-
pared well with the ICDD data (01-075-1149) and
with the pattern reported earlier [34]. The X-ray
diffraction patterns obtained for the PDVF-CCTO
(Figures 1c and 1d), reflect their composite nature.
However, the peak intensity for β-phase of PVDF
has decreased as compared to that of CCTO in the
composites as the volume percent of CCTO
increased in PVDF.

3.2. Morphology study by SEM/TEM

Figures 2a and 2b shows the bright field TEM
image of nano powders of CCTO and the corre-
sponding SAED pattern. Figure 2a presents the
bright field TEM image of the CCTO nano pow-
ders obtained from the oxalate precursor and the
size of the crystallite is in the range of 20–75 nm.
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Figure 1. The XRD diffraction patters for: (a) PVDF,
(b) CCTO nanocrystalline powder and PVDF-
CCTO nanocrysta composites of various con-
centrations (c) 5 vol%, (d) 10 vol%, (e) 20 vol%
and (f) 30 vol%

Figure 2. a) Bright field TEM images of CCTO nanocrystals with dimensions ranging from 20–75 nm, b) SAED pattern
with the zone axis of [012], t2/t1 = 1.229



Figure 2b shows the selected area electron diffrac-
tion (SAED) pattern with the [012] zone axis.
SAED pattern confirms the crystalline nature. The
ratio of the reciprocal vectors (t2/t1) is around
1.229, approaching the calculated value of 1.225
for the bcc lattice.
Figure 3 shows the microstructure of the composite
recorded for PVDF+30 vol% CCTO composite and
the inset is for the PVDF+5 vol% CCTO compos-
ite. It is clear that the CCTO crystallites are uni-
formly distributed in this composite (inset). As the
concentration is increased to 30 vol%, the CCTO
nano crystallites have the tendency to agglomerate

and its size is about 2 μm. Though the sizes of the
CCTO crystallites remain the same in all the com-
posites, only the size of the agglomerate is differ-
ent. As revealed by SEM microstructure, the
nanoparticles have the tendency to form clusters,
which results in non-uniform distribution of the
ceramic powder in the polymer matrix. Therefore,
the present work has been restricted to 30 vol% of
ceramic powder.

3.3. Frequency dependence of room
temperature dielectric permittivity

The room temperature dielectric permittivity (εr′)
and the loss (tanδ) recorded as a function of fre-
quency for PVDF/CCTO nanocomposites are
shown in Figures 4a and 4b. The dielectric permit-
tivity (Figure 4a) increases as the ceramic loading
increases from 0 to 30% by volume at all the fre-
quencies under study. It is clearly indicated that the
introduction of CCTO nano crystallites in PVDF,
increases the dielectric permittivity of the PVDF
from 18 to 87 for 30 vol% of CCTO at 100 Hz. The
dielectric permittivity decreases as the frequency
increases from 100 Hz to 1 MHz. In all the cases,
the dielectric permittivity values obtained are
higher than that of pure PVDF, but much lower
than that of pure CCTO [34]. The higher dielectric
permittivity obtained in ceramic/polymer compos-
ites are attributed to the presence of CCTO nano-
crystallites in the PVDF matrix and enhanced
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Figure 4. Frequency dependent (a) dielectric permittivity and (b) dielectric loss (tanδ) of PVDF-CCTO nanocomposite as
a function of volume percent of CCTO at 300 K

Figure 3. Scanning electron micrographs of
PVDF+CCTO-30% nanocrystal composite
exhibiting agglomerated CCTO nano crystallite.
The inset is for PVDF+CCTO-5% composites
with no agglomeration.



polarization from dipole-dipole interaction of
closely packed crystallites. The agglomeration for-
mation is attributed to the van der Waals force
existing among fine ceramic powders. The dielec-
tric loss (Figure 4b) increases with the inclusion of
CCTO nanocrystallites in the PVDF matrix. The
composite with 30 vol% of CCTO nanocrystallites
has the loss value of 0.16 (100 Hz). The dielectric
loss decreases as the frequency increases. The
dielectric loss is considerably higher especially at
low frequencies, which is mainly attributed to inho-
mogeneous conduction vis-à-vis interfacial polar-
ization.

3.4. Temperature dependence of dielectric
properties 

The temperature dependence of dielectric proper-
ties of PVDF and PVDF+CCTO-30% composites
were studied and illustrated in Figures 5 and 6
respectively. Figure 5 shows the frequency depend-
ent dielectric permittivity and loss at different tem-
peratures for pure PVDF. Both the dielectric
permittivity and the loss increase with increase in
temperature, but decreases as the frequency
increases. In the low frequency regime, the dielec-
tric permittivity increased from 24 to 34 when the
temperature is increased from 75 to 100°C and
increased further (to 45) when the temperature is
increased to 125°C. This sudden increase in dielec-
tric permittivity that is observed at 100 Hz may be
assigned to the space charge/interfacial polarization

effects. The dielectric loss (Figure 5b) has increased
from 0.063 to 0.49 as the temperature increased
from 30 to 125°C. Similar observations were
reported in the literature for pure PVDF [30].
Figures 6a and 6b) shows the frequency depend-
ence of dielectric permittivity and the dielectric
loss for PVDF+30 vol% CCTO composite at dif-
ferent temperatures (30 to 125°C). The dielectric
permittivity increases with increase in temperature
but decreases as the frequency increases. The room
temperature dielectric permittivity is 87 at 100 Hz,
which has increased to about 290 at 125°C (100 Hz).
The value at 1 kHz is around 65, which has increased
to 141 when the temperature is increased from 30 to
125°C. But the rise in dielectric permittivity with
rise in temperature has decreased with increase in
the frequency as shown in the Figure 6a. This
behaviour is akin to that of pure PVDF except it has
higher dielectric permittivity values as a result of
the presence of CCTO nanocrystallites. The most
visible change is noticed in the low frequency region
(100 Hz–10 kHz) indicating the strong influence of
interfacial polarization mechanism. The inset shows
the variation (though it is not that significant as in
the previous case) in dielectric permittivity in the
10 kHz to 1 MHz frequency range with respect to
temperature. The PVDF/CCTO composite exhibits
similar dielectric behaviour to that of pure PVDF.
The frequency dependent dielectric loss at various
temperatures is depicted in the Figure 6b. The
dielectric loss increased from 0.17 to 0.53 as the
temperature is increased from 30 to 125°C at 1 kHz.
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Figure 5. Frequency dependent (a) dielectric permittivity and (b) dielectric loss (tanδ) at various temperatures for PVDF



At low temperatures, the loss significantly increases
subsequent to 1 MHz. At higher temperatures the
sudden increases in loss may be beyond the fre-
quency range that is covered in the present study.
The effective dielectric permittivity of polymer/
filler composite material is dependent not only on
the dielectric permittivity of the polymer and the
filler, size and shape of the filler and the volume
fraction of the filler, but also on the dielectric per-
mittivity of the interphase region, volume of the
interphase region and on the type of coupling
agents. Hence, it is necessary to predict the dielec-
tric permittivity by combining the theory and the
experiment. Various models have been developed
for the 0–3 composites [36–40].
The dielectric property of a diphasic dielectric mix-
ture comprising of spherical crystallites with high
dielectric permittivity dispersed in a matrix of low
dielectric permittivity could be well described by
Maxwell’s model [36]. According to this model the
effective dielectric permittivity of the composite is
given by Equation (1):

(1)

where εc, εp, δc and δp and are the dielectric permit-
tivity of CCTO, PVDF, the volume fraction of the
dispersoid and the polymer, respectively. Here, the
predicted value deviates much from that of the
experimental value for all the volume fractions of
CCTO under study.

The Maxwell and Furakawa theories were used as
the basis for a new theory that was presented by
Rayleigh [37]. In this model, the dielectric behav-
iour of the compsite is given by Equation (2):

(2)

where εc and εp are the dielectric permittivity of the
matrix and ceramic particles, respectively, εeff is the
effective dielectric permittivity and δc is the vol-
ume fraction of the ceramic particles. Here, again,
it has been observed that the predicted value devi-
ates much from that of the experimental value for
all the volume fractions of CCTO under investiga-
tion.
The effective medium theory (EMT) model [38]
has been established taking into account the mor-
phology of the particles. According to which the
effective dielectric permittivity is given by Equa-
tion (3):

(3)

where δc is the volume fraction of the ceramic dis-
persed, εc, εp and n are the dielectric permittivity of
the particle, polymer and the ceramic morphology
fitting factor respectively. The small value of n
indicates that the filler particles are of near-spheri-
cal shape, while a high value of n indicates largely
non-spherical shaped particles. The shape parame-
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Figure 6. Frequency dependent (a) dielectric permittivity and (b) dielectric loss (tanδ) at various temperatures for
PVDF+CCTO-30% nanocomposite



ter obtained is around 0.49. The effective permittiv-
ity of PVDF-CCTO-30 composite computed using
the above model for different volume fraction of
CCTO is shown in Figure 7a. The experimental
data are shown as filled squares.
Figure 7b gives the experimental data of permittiv-
ity as a function of filler volume fraction. Solid line
is fit obtained for the Lichtenecker model (Equa-
tion (4)) given:

(4)

where, εc, εm and εf are the dielectric permittivities
of the composite, polymer matrix and the filler, Vm

and Vf are the volume fractions of matrix and the
filler respectively [19]. It is seen that, the effective
permittivity values fitted from these models vary
slightly since the shape parameter derived from
these models also varies. Thus, it is concluded that
the effective dielectric permittivity depends on the
shape and size (need to be verified) of the filler par-
ticles.
The nano composite films were also studied for
dielectric strength as per the procedure outlined in
ASTM D 149 and the breakdown tests are carried
out in a medium of air. The cylindrical electrodes
(both top and bottom) of 6 mm in diameter and the
sample was placed between the electrodes and the
AC (50 Hz) voltage was continuously increased at
a rate of 500 V/s till the sample broke down.
Though the measurements were carried out in air,
no flashover was noticed. The creepage distance
calculated is given in the Table 1. The breakdown

voltage, V [kV] of the samples were recorded and
the dielectric strength, E [kV/mm] was calculated
as E = V/t, where t is the thickness of the sample in
millimeters. The electrical breakdown data obtained
for the PVDF/CCTO nanocomposite films com-
pared with the behaviour of the unfilled PVDF are
presented as box and whisker plots (Figure 8). It is
observed that (Figure 8), the pure PVDF films has
higher electric strength compared to that of the
composites. The nanocomposite dielectric strength
decreases as the CCTO filler content increases
from 5 to 30% by volume in the PVDF. Similar
observations were reported for the other PVDF
based composite systems [41, 42]. The introduction
of fillers into the polymers generally introduces
defects in the system causing centers of charge con-
centration leading to the lower dielectric strength
[43]. Hence, the observed trend of decrease in the
dielectric strength in the composites is attributed to
the CCTO filler and its volume percent in the
PVDF. It is also to be noted that the dielectric per-
mittivity has an influence on the dielectric strength.

)·log(·49.0)·log()log( ffmmc VV ε+ε=ε
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Figure 7. (a) Real permittivity as a function of volume fraction of CCTO. Dots are experimental data and the solid line is
fit from the Equation (3) and (b) fit from the Equation (4).

Table 1. Electric strength and creepage distance for the
pure PVDF and PVDF+CCTO nanocrystal com-
posites

Sl.
No

Sample details
Electrode
diameter

Electric
strength,

E [kV/mm]

Creepage
distance

1 PVDF film 6 mm 64.2 16 mm
2 PVDF+CCTO-5% 6 mm 48.8 16 mm
3 PVDF+CCTO-10% 6 mm 35.1 16 mm
4 PVDF+CCTO-20% 6 mm 11.5 16 mm
5 PVDF+CCTO-30% 6 mm 07.9 16 mm



When the breakdown strength is plotted against the
dielectric permittivity, an inverse relationship of
breakdown voltage to dielectric permittivity is evi-
dent [44]. It is also observed that the dielectric per-
mittivity of the PVDF has increased from 18 to 87
as the volume percent of the CCTO increases.
Hence, the decreasing trend of electric strength
observed from 5 to 30% nanocomposites is attrib-
uted to the high dielectric permittivity associated
with the CCTO ceramic. Higher dielectric permit-
tivity associated with higher dielectric loss, act as
the channels for charge leakage that lower the
dielectric strength in the system.
In order to rationalize the temperature dependence
of relaxation processes, electrical modulus approach

was adopted. The real (M′) and imaginary M″ parts
of the electrical modulus obtained [45] as a func-
tion of temperature at fixed frequency of 5k Hz are
shown in Figures 9a and 9b (Equation (5)):

(5)

The M′ values decrease as the filler content increases
in the PVDF matrix (Figure 9a). The increase of the
CCTO content results in lower values of M′, imply-
ing that the real part of the dielectric permittivity
increases with ceramic filler. The M ″ obtained at
the same frequency exhibits a relaxation process.
The peak maximum value of M″ obtained decreases
as the filler content increases from 10 to 30 volume
percent in PVDF (Figure 9b) which is a characteris-
tic of Maxwell-Wagner-Sillars (MWS) relaxation.
Similar observations were made for the CCTO
based composite systems where peak maximum
value of M″ decreases as the filler content increases
[19].
Figure 10a shows the variation of imaginary part of
electrical modulus (M″) at various temperatures as
a function of frequency for the PVDF+CCTO-30
composite. Two relaxation processes are clearly
observed in the M″ curves. The low frequency M″
peak shifts towards higher frequency side with rise
in temperature, but at high temperature one observes
only one relaxation peak. There is a significant
change in the relaxation peak height. The intensity
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Figure 9. a) Real part (M′) of electrical modulus vs. temperature for different volume percents of CCTO (at 5kHz);
b) Imaginary part (M″) of electrical modulus vs. temperature for different volume percents of CCTO (at 5 kHz)

Figure 8. Variation of AC dielectric strength with respect
to filler loading in PVDF-CCTO nanocrystal
composites



of the low frequency relaxation peak is increased
and shifts to higher frequency as the temperature
increased. This relaxation is attributed to the inter-
facial or Maxwell-Wagner-Sillars (MWS) polariza-
tion which is normally encountered in heteroge-
neous materials [30]. These relaxation processes
were influenced by the interfacial polarization
effect which generated electric charge accumula-
tion around the ceramic particles and the shift in the
peak position to higher frequencies is attributed to
the relaxation phenomena associated with PVDF.
Figure 10b shows the normalized plots of electric
modulus M″ versus frequency wherein the fre-
quency is scaled by the peak frequency. A perfect
overlapping of all the curves on a single master
curve is not found at all the frequencies under

study. This indicates that the relaxation process is
temperature dependent.
The relaxation time associated with the process was
determined from the plot of M″ versus frequency.
The activation energy involved in the relaxation
process is obtained from the temperature-depend-
ent relaxation time (τmax) (Equation (6)):

(6)

where ER is the activation energy associated with
the relaxation process, τ0 is the pre-exponential fac-
tor, k is the Boltzmann constant and T is the absolute
temperature. Figure 11 shows a plot between ln(τ)
and 1000/T [K–1] along with the theoretical fit
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Figure 10. a) Electric modules spectra for PVDF+CCTO-30% nanocomposite at various temperatures as a function of
frequency; b) Normalized plots of electric modulus against normalized frequency at various temperatures

Figure 11. ln(τmax) versus 1000/T [K–1]

Figure 12. Cole-Cole plots of the electric modulus, M″ of
the PVDF+CCTO-30 composite at various
temperatures



(solid line) to the above equation (Equation (6)).
The value that is obtained for ER is 0.97±0.03 eV is
attributed to the relaxation arising from the interfa-
cial polarization.
In Figure 12, we show the Cole-Cole plot for the
PVDF+CCTO-30 composite at various tempera-
tures. In these plots, two distinct semicircles are
clearly noticed. The high frequency end semicircle
is attributed to the composite nature while the low
frequency semicircle is attributed to the interfacial
phenomenon occurring between the CCTO parti-
cles and the polymer.

4. Conclusions

High dielectric permittivity poly(vinylidene fluo-
ride (PVDF)/CaCu3Ti4O12 (CCTO) nanocrystal
composite films were fabricated. The dielectric per-
mittivity of PVDF increases with increase in CCTO
content. The PVDF+CCTO-30% nanocomposite
showed higher dielectric permittivity than that of
pure PVDF and the other composites under study.
The relaxation processes associated with these
composites were attributed to the interfacial polar-
ization or MWS effect. Though there is an improve-
ment in the dielectric permittivity, the decrease in
dielectric breakdown may limit its use for high
voltage applications.
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1. Introduction
Fatigue and fatigue failure are critical for poly-
meric materials used in structural applications.
Under fatigue loading, cracks might slowly grow
above a threshold range of stress intensity, ΔKth,
which is significantly lower than the critical stress
intensity, KIC. Therefore, imparting self-healing
capability to polymers and polymer composites is
an effective way to solve the problem [1–8]. It is
hoped that the cracks can be autonomously elimi-
nated soon after their emergence.
Earlier studies on metals have shown that infiltrat-
ing proper substances into a fatigue crack could
induce crack growth retardation and even crack
arrest [9–16]. Recently, Brown et al. [4] established
a protocol to extend fatigue life of epoxy using
dicyclopentadiene (DCPD). Viscous flow of DCPD
in the crack plane retarded crack growth, and its

polymerized version further acted as a wedge at the
crack tip for artificial crack closure. On the basis of
this pilot research, they prepared self-healing epoxy
with embedded DCPD-loaded microcapsules and
particulate Grubbs’ catalyst, which was capable of
responding to propagating fatigue cracks by auto-
nomic processes that led to higher endurance limit
and life extension, or even complete arrest of crack-
ing [5–8], in addition to the ability to repair the
cracks generated by monotonic fracture [17].
In fact, epoxy resin has been employed as infiltrant
material for obstructing fatigue crack development
in metals [9–13]. It has the advantages like good
adhesiveness, low cure shrinkage, broad compati-
bility, corrosion and chemical resistance, strength
and durability. In particular, the epoxy/mercaptan/
tertiary amine system (the basis of ‘5-min epoxies’)
is highly reactive. It can come to a practical han-
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dling strength in minutes at room temperature and
develop useful bond strengths at ambient tempera-
tures as low as –20°C. Therefore, it should be
favorable for repairing fatigue damages under
cyclic loading.
In our previous work, self-healing epoxy compos-
ites containing dual encapsulated healant, i.e. two
types of microcapsules that respectively include
epoxy prepolymer as the polymerizable component
and mercaptan/tertiary amine catalyst as the hard-
ener, were made [18–21]. Upon fracture the unre-
acted epoxy can be bled into damage sites together
with the hardener fluid and then polymerized to
repair cracks. The system proved to work in the
case of monotonic fracture as characterized by the
attractive healing effect even below room tempera-
ture. As a continuation of our project, the present
work is focused on examination of the performance
of the epoxy/mercaptan/tertiary amine system in
suppression and rehabilitation of fatigue crack in
epoxy materials via manual infiltration. Effect of
adhesive curing process on fatigue crack propaga-
tion was systematically studied. The results are
expected to provide a knowledge frame for the sub-
sequent in-situ self-healing that has the practical
value for engineering application.

2. Experimental
2.1. Materials and specimen preparation
Tapered double cantilever beam (TDCB) speci-
mens were cast from the mixture of epoxy resin
(EPON 828, diglycidyl ether of bisphenol A, Hex-
ion Specialty Chemicals, USA) and 12.5 pph cur-
ing agent (diethylenetriamine, DETA, Shanghai
Medical Group Reagent Co., China). The mixture
was degassed, poured into a closed silicone rubber
mold and cured for 24 h at room temperature, fol-
lowed by 48 h at 40°C. Table 1 shows the material
properties.

The healing agent consists of epoxy (1:1 mixture
by weight of EPON 828 and diglycidyl ether of
resorcin (J-80, Wuxi Resin Factory of Bluestar
New Chemical Materials Co., China)) and the hard-
ener (pentaerythritol tetrakis (3-mercaptopropi-
onate) (PMP, Fluka Chemie AG, Switzerland) and
2,4,6-tris(dimethylaminomethyl)phenol (DMP-30,
Shanghai Medical Group Reagent Co., China).
Weight ratio of epoxy/mercaptan/tertiary amine =
6/5/1.

2.2. Mechanical testing and characterization

Fatigue crack propagation behavior of epoxy speci-
mens was investigated using the aforesaid TDCB
specimen geometry (with groove length of 55 mm)
[4, 21, 22] on a Shimadzu Air Servo Fatigue and
Endurance Testing System ADT-AV02K1S5 with
2 kN load cell at room temperature (24±1°C).
Specimens were pre-cracked (0.5–1.5 mm) with a
razor blade while ensuring the pre-crack tip was
centered in the groove and then pin loaded. A trian-
gular waveform of frequency 5 Hz was applied
with a stress ratio (R = Kmin/Kmax, where Kmin and
Kmax denote the minimum and maximum values of
the cyclic stress intensity, respectively) of 0.1,
unless otherwise specified for the examination of
the impact of R. Fatigue cracks were grown within
constant mode-I stress intensity factor range, ΔKI

(ΔKI = Kmax – Kmin). Load line crack opening dis-
placement (COD) was measured by a clip gauge.
Crack lengths were measured optically and by
specimen compliance [23].
Due to the complexity of healing a growing crack
under fatigue circumstances, retardation and arrest
of fatigue cracks were found to be dependent on the
range of applied cyclic stress intensity, ΔKI, as well
as the competition between polymerization kinetics
of the healing agent and crack growth rate [5–8].
Accordingly, static and dynamic infiltration experi-
ments were designed and conducted as follows. For
the static one, after a crack growth increment of
~8 mm, both the growth rate and crack closure
response settled down to steady state values. At this
point, about 0.5 μl of pre-mixed healing agent was
injected into the crack plane by using a microsy-
ringe. The mixing of the components of the healing
agent took about 30 sec and the injection was com-
pleted within 10 sec. All the times were calculated
from the start time of mixing of the healant (i.e. 0′,
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Table 1. Properties of the cured epoxy (EPON 828/DETA)

*Note: n and Co were obtained according to Equation (3). The
data well agree with those reported in ref. [23].

Properties Data
Density [kg/m3] 1172
KIC [MPa·m1/2] 0.587±0.016
Tensile strength [MPa] 42.3±0.4
Young’s modulus [GPa] 3.7±0.2
*Paris power law exponent, n 7.12
*Paris power law constant, Co 0.11



the single quotation mark represents minute here-
inafter). The healing agent flowed backward and
forward in the fracture plane and instantaneously
evenly penetrated into the crack. After 10 seconds,
the test was stopped and the crack held open at a
constant load level. Fatigue loading was reestab-
lished after a prescribed steady-state healing
period. In the case of dynamic experiments, the
testing procedures were the same as those applied
for the static ones, except that fatigue loading wasn’t
interrupted after the manual infiltration.
The constant ΔK nature of the fatigue test yielded a
constant crack growth rate over the majority of the
length of the specimen [4]. Experimental errors
mainly came from the initial stage of cracking
because of a slight deflection of the pre-crack. In
order to reduce data discreteness, the data within
2 mm of initial crack length (a = 19–21 mm) were
discarded for all the specimens except those the
healing agent had repaired. For each test, the result
was an average of four specimens.
The healing efficiency, λ, was defined by fatigue
life extension [4], defined by Equation (1):

(1)

where NHealed and NControl denote the total number
of cycles to failure of a healed specimen and that of
a similar specimen without healing, respectively.
To evaluate fracture toughness, KIC, of the cured
epoxy (i.e. EPON 828/DETA), a natural pre-crack
(~2 mm) was created on the TDCB specimen by
inserting a fresh razor blade and gently tapping into
the molded notch starter [21]. Subsequently, the
specimen was pin loaded and tested with a
Hounsfied H10 KS universal testing machine under
displacement control using a 3 mm/min displace-
ment rate at room temperature. For determination
of fracture toughness, KIC, of the cured healing
agent, the epoxy TDCB specimen made of EPON
828/DETA was fractured only to the end of the
groove and then about 3 μl of uniformly pre-mixed
healing agent (i.e. EPON 828/J-80/PMP/DMP-30)
was injected into the cracked face. Afterwards, the
specimen was unloaded and left to cure for differ-
ent times at room temperature. A natural pre-crack
(2–10 mm) along the original crack route was rap-
idly created within one minute before the next test.
Finally, the healed specimen was tested again fol-
lowing the above procedure.

Isothermal curing kinetics of the healing agent was
studied with a TA differential scanning calorimeter
(DSC) Q10 calorimeter in N2 at 25°C. Morphologi-
cal observation of the fracture surfaces was con-
ducted on a Hitachi Model S-4800 field emission
scanning electron microscope (SEM).

3. Results and discussion
3.1. Hydrodynamic pressure crack-tip

shielding
Researches on fatigue crack propagation of metals
immersed in fluid revealed that the forces required
to squeeze the fluid out of the crack during unload-
ing and to draw the fluid into the crack during load-
ing provided effective crack-tip shielding [24–27].
Such a hydrodynamic pressure effect decreases the
effective mode-I stress intensity factor range, ΔKeff,
reduces fatigue crack growth rate and extends
fatigue life. The Equation (2) can explain this
mechanism:

(2)

where ΔKopening and ΔKclosure refer to the crack-
opening and crack-closure stress intensities from
viscosity resistance of the liquid, respectively. In
general, a fluid with higher viscosity leads to
greater reduction in crack growth rate, until an
upper limit is reached and the fluid can no longer
penetrate to the crack tip [4, 24].
Like most polymers, the rate of steady-state fatigue
crack growth of cured epoxy under constant
applied range of stress intensity, ΔKI, can be
described by the Paris power law [28], given by
Equation (3):

(3)

where Co and n are materials constants.
Figure 1 shows the dependence of fatigue crack
length on loading cycle. On the basis of this
dependence and the data in Table 1 as well, one can
estimate the fatigue crack growth rate via Equa-
tion (3). Here in this work, the hydrodynamic pres-
sure crack-tip shielding mechanism is investigated
by infiltrating the polymerizable component of the
healing agent (i.e. the 1:1 mixture by weight of
EPON 828 and J-80, excluding the hardener) into
the crack plane of the specimen without interrupt-
ing the fatigue experiment (i.e. dynamic infiltra-

n
Io KC

N

a Δ=
d

d

closureopeningIeff KKKK Δ−Δ−Δ=Δ

Control

HealedControl

N

NN −
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tion, see Experimental). For the control experiment,
fatigue crack is grown in the specimen without
injection until failure occurs (refer to curve 1 in
Figure 1, NControl = 6.6·104 cycles). It is seen from
Figure 1 that the slope of the crack length vs.
fatigue cycles curve remains constant prior to the
infiltration, suggesting a constant growth rate of
approximately 3.8·10–4 mm/cycle. After the infil-
tration, the crack growth rate is greatly reduced by
77% to 8.9·10–5 mm/cycle. Like the case of sub-
merged specimens [29], the subsequent crack prop-
agation is also steady on the whole. According to
Equation (1), the fatigue life-extension, λ, is calcu-
lated to be 246%.
For metals, crack-tip shielding from hydrodynamic
pressure provides about 50% reduction in crack
growth rate. As for microcapsule-toughened epoxy
specimen, infiltration of an inert mineral oil to the
crack plane leads to λ = 101% [4]. Coupled with
our data in Figure 1, it is understood that the hydro-
dynamic pressure mechanism resulting from vis-
cous fluid operates more efficiently in polymeric
materials. Further study in this aspect is needed to
reveal the underlying factor.
In fact, the marked post-infiltration drop in the
crack growth rate indicates that filling the crack
with the epoxy prepolymer has a fair effect on the
reduction in the crack-tip stress intensity, and thus
lowers the crack growth rate. The maximum and
minimum values of crack opening displacement
(COD) and the corresponding load-displacement
curves shown in Figures 2 and 3 further illustrate
this variation trend. In contrast to the situation prior

to the infiltration, the fatigue crack in the presence
of the injected epoxy prepolymer cannot be fully
opened at the maximum load, leading to a remark-
ably lower crack growth rate over a long period of
time (curve 3 in Figure 2). In addition, the crack
also cannot be fully closed at the minimum load
and the COD values become nearly independent of
fatigue cycles (curve 4 in Figure 2). As a result,
hysteresis loops appear on the load-displacement
relationship between the initial phase of crack
opening and the end phase of crack closing
(curves d–i in Figure 3). Obviously, the hysteresis
resistance offered by the viscous epoxy prepolymer
raises ΔKopening and ΔKclosure, and hence decreases
ΔKeff as indicated in Equation (2).
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Figure 1. Crack length vs. fatigue cycles of (1) control
fatigue specimen and (2) fatigue specimen with
manual injection of epoxy prepolymer in
dynamic infiltration fashion. Testing conditions:
Kmax = 0.504 MPa·m1/2, Kmin = 0.050 MPa·m1/2,
ΔKI = 0.454 MPa·m1/2, R = 0.1.

Figure 2. Maximum and minimum CODs vs. fatigue
cycles of (1, 2) control fatigue specimens and
(3, 4) fatigue specimens with manual injection
of epoxy prepolymer in dynamic infiltration
fashion. Testing conditions:
Kmax = 0.504 MPa·m1/2, Kmin = 0.050 MPa·m1/2,
ΔKI = 0.454 MPa·m1/2, R = 0.1.

Figure 3. Load-displacement curves measured during
selected cycles in Figure 2. Number of the
fatigue cycles and the time after the manual
infiltration of epoxy prepolymer: (a) 300;
(b) 9900; (c) 16 200, 0′; (d) 17 100, 3′;
(e) 50 100, 113′; (f) 99 900, 279′; (g) 150 000,
446′; (h) 200 100, 613′; and (i) 211 800, 652′. 0′
means the time when the epoxy prepolymer is
injected. Testing conditions:
Kmax = 0.504 MPa·m1/2, Kmin = 0.050 MPa·m1/2,
ΔKI = 0.454 MPa·m1/2, R = 0.1.



With respect to the hardener component of the heal-
ing agent (i.e. the mixture of PMP and DMP-30), it
exhibited approximately the same hydrodynamic
pressure crack-tip shielding effect and fatigue life-
extension ability as epoxy prepolymer, probably
because of their similar viscosities. Further
research in this aspect is needed to reveal the rea-
sons.

3.2. Effects of cured wedge and its
adhesiveness revealed by static
infiltration tests

Following the traditional crack closure concept, it
is known that if the fatigue crack opening load is
purposely increased by a wedge with adhesive
properties at the crack tip, the effective stress inten-
sity factor range would be reduced accordingly
[9–13], as shown by Equation (4):

(4)

where ΔKbonding refers to the stress intensity due to
the combined (tensile) stresses in adhesives across
the crack faces, and ΔKwedge refers to the crack-clo-
sure stress intensity due to the wedge from adhe-
sives gelling and hardening. With this idea in mind,
a number of investigations were carried out by arti-
ficially introducing crack surface contact [4, 9–16].
It can be concluded that size and performance of
the wedge are the most crucial factors affecting the
crack closure effect.
In this work, the pre-mixed epoxy based healing
agent was injected into the crack plane forming a
crosslinked epoxy wedge. The wedge size was
adjusted by changing the load level required for
holding the crack open after the infiltration, while
the wedge performance was tuned by changing the
steady-state healing time, during which cyclic load-
ing paused and crack held open (see the Experi-
mental for more details).
Figures 4 and 5 show the representative crack
length versus fatigue cycles of the specimens
healed at constant applied stress intensities, K, and
the dependence of healing efficiency on K, respec-
tively. Sharp et al. [11] indicated that the load level
or stress intensity applied for holding the crack
open played a decisive role in retarding or arresting
fatigue crack. Evidently, it is true for the current
system. Fatigue crack growth is retarded at differ-
ent K values (Figure 4). Higher stress intensity

applied during healing results in more prominent
retardation effect (i.e. higher healing efficiency).
When the applied stress intensity is not less than
0.392 MPa·m1/2, crack can hardly advance for more
than 107 cycles and is considered to be completely
arrested. Therefore, the applied stress intensity of
0.392 MPa·m1/2 represents a watershed between
fatigue crack growth retardation and crack arrest
(Figure 5). The above results can be understood by
the fact that thicker wedge is produced when the
specimen is healed at higher applied stress inten-
sity. Consequently, ΔKwedge increases and ΔKeff

wedgebondingIeff KKKK Δ−Δ−Δ=Δ
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Figure 5. Healing efficiency of fatigue specimens with
manual injection of pre-mixed healing agent in
static infiltration fashion vs. the applied constant
stress intensity for holding crack open after the
injection. The data are calculated using the
results in Figure 4.

Figure 4. Crack length vs. fatigue cycles of (1) control
fatigue specimen and (2–6) fatigue specimens
with manual injection of pre-mixed healing
agent in static infiltration fashion. The applied
constant stress intensity for holding crack open
after the injection: (2) 0, (3) 0.112 MPa·m1/2,
(4) 0.224 MPa·m1/2, (5) 0.336 MPa·m1/2, and
(6) 0.392 MPa·m1/2. The steady-state healing
time: 10 min. Testing conditions:
Kmax = 0.504 MPa·m1/2, Kmin = 0.050 MPa·m1/2,
ΔKI = 0.454 MPa·m1/2, R = 0.1.



decreases (refer to Equation (4)). When ΔKeff ≤
ΔKth (i.e. ΔKbonding + ΔKwedge ≥ ΔKI – ΔKth), fatigue
crack is fully arrested.
To look into the details of the retardation effect of
the infiltrated epoxy based healing agent on
fatigue crack growth, COD vs. fatigue cycles and
load vs. displacement of the specimen healed at
0.112 MPa·m1/2 are analyzed in the following as an
example. It is seen that in the early stage when the
healing agent has not been injected into the crack
tip (refer to curve 3 in Fiure 4 and Figure 6), the
corresponding load-displacement curves a and b in
Figure 7 are linear with increasing compliance as
the crack propagates. Following healing agent
injection and cure, the load-displacement curve c in
Figure 7 remains linear with reduced compliance
due to the shorter (healed) crack length (refer to
curve 3 in Figure 4). Accordingly, the crack cannot
be fully opened at the maximum load as character-
ized by the deflected maximum COD vs. fatigue
cycles (refer to curve 3 in Figure 6), and cannot be
fully closed at the minimum load forming a terrace-
like minimum COD vs. fatigue cycles (refer to
curve 4 in Figure 6). The results imply that the con-
solidated healing agent has formed a wedge that
has certain affinity for the cracked faces. As a
result, the crack opening and closing under cyclic
loading is significantly obstructed.
When the cyclic stress intensity exceeds the applied
constant stress intensity during healing, the infil-

trated epoxy healing agent bonds the crack surfaces
together and starts to transfer tensile stress across
the crack faces. The adhesive firstly fails on the
tension part of the load cycle by cracking in the
area that experiences the highest strain amplitude
[11]. This is reflected by the turning point at about
71 700 cycles on the fatigue cycles dependences of
crack length and maximum COD (refer to curve 3
in Figure 4 and Figure 6), from which the crack
begins to advance fast. At this point, the crack
advances about 1.4 mm. A stable pre-crack process
seems to be formed. At about 115 500 cycles with
fast crack advance, the load-displacement curve
becomes clearly bimodal (curve j in Figure 7), rep-
resenting the crack closure mechanism proposed by
Elber [29]. The knee of the load-displacement
curve corresponds to the open crack condition and
the portion of the cyclic load experienced by the
crack tip. Figure 7 further exhibits that the curve
above the knee is increasingly compliant due to
progressive cohesive failure of the cured healing
agent (Figure 8). In contrast, the curve below the
knee, which is related to the closed crack condition,
retains a compliance corresponding to the epoxy
wedge geometry. In the case that the cyclic stress
intensity is lower than the applied constant stress
intensity during healing, the infiltrated material acts
as a wedge to transfer compressive stress between
the crack faces. The extent to which the crack-tip
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Figure 7. Load-displacement relationships measured dur-
ing selected cycles of curve 3 in Figure 4. Num-
ber of the fatigue cycles and the time after the
manual infiltration of pre-mixed healing agent:
(a) 3000; (b) 9000; (c) 19 200, 10′; (d) 69 600;
(e) 71 700, 185′; (f) 73 500; (g) 85 500;
(h) 95 700; (i) 105 600; (j) 115 500, 331′;
(k) 125 700; (l) 129 000, 376′; (m) 132 900;
(n) 140 100; (o) 150 000, 446′; (p) 170 800; and
(q) 181 800, 552′. The applied constant stress
intensity for holding crack open after the injec-
tion: 0.112 MPa·m1/2. The steady-state healing
time: 10 min. Testing conditions:
Kmax = 0.504 MPa·m1/2, Kmin = 0.050 MPa·m1/2,
ΔKI = 0.454 MPa·m1/2, R = 0.1.

Figure 6. Maximum and minimum CODs vs. fatigue
cycles of (1, 2) control fatigue specimens and
(3, 4) fatigue specimens with manual injection
of pre-mixed healing agent in static infiltration
fashion. The applied constant stress intensity for
holding crack open after the injection:
0.112 MPa·m1/2. The steady-state healing time:
10 min. Testing conditions:
Kmax = 0.504 MPa·m1/2, Kmin = 0.050 MPa·m1/2,
ΔKI = 0.454 MPa·m1/2, R = 0.1.



could be unloaded is limited and hence higher ΔKeff

is maintained. Since cured epoxy material has very
low deformation in compression and cannot be eas-
ily fragmented or otherwise dislodged from the
crack, this is a potent crack retarding mechanism.
Even when the adhesive wedge is damaged and the
crack tip advances into the parent epoxy matrix
beyond the region of the wedge, some benefit still
remains from the wedging effect.
When fatigue cycles approach 129 000, the crack
grows to the end of the cured epoxy wedge, and
crack growth rate suddenly accelerates by 3.4-fold
from 8.3·10–5 to 3.7·10–4 mm/cycle. Particularly
large turning points appear on the curves of crack
length and maximum COD vs. fatigue cycles (refer
to curve 3 in Figure 4 and Figure 6). This is
because the fracture toughness of the cured healing
agent is higher than that of the epoxy matrix [20],
and fatigue crack has to advance slowly within the
wedge region. In the meantime, knee points are
observed at decreasing loads (refer to curves j–n in
Figure 7), indicating an increase in the effective
cyclic stress intensity at the crack tip. As the crack
grows past the wedge from the cured healing agent
(refer to curve o in Figure 7), the crack growth rate
increases with a rise in ΔKeff approaching the rate
before healing until failure of the specimen.
In previous studies, the adhesive infiltrants were
generally allowed to be fully cured to form solid
polymeric wedges under constant holding loads

before resuming fatigue tests [4, 9–16]. Here the
influence of the curing of the healing agent on
fatigue crack growth is taken into consideration for
evaluating the role of the wedge performance. For
this purpose, as mentioned in the Experimental,
10 seconds after the pre-mixed healing agent was
injected into the crack plane, the fatigue test was
interrupted and the crack held open at a constant
stress intensity of 0.504 MPa·m1/2. Fatigue loading
was reestablished after different steady-state heal-
ing times of 3′, 4′, 5′, 5′30″, 5′35″, 5′45″, 6′, 6′30″,
7′, 8′, 10′, 15′ and 30′ (the single and double quota-
tion marks represent minute and second, respec-
tively).
Figures 9 and 10 give the typical crack length vs.
fatigue cycles curves and the relationship between
healing efficiency and steady-state healing time,
respectively. The results indicate that healing agent
hardly takes effect within the steady-state healing
time range of 3′–5′35″ (refer to curves 2 and 3 in
Figure 9), so that the healing efficiency is only
about 12–15% (Figure 10). When the steady-state
healing time reaches 5′45″ and 6′, however, the
healing efficiency is greatly increased to 302 and
1473%, respectively. The crack retardation behav-
ior is similar to that of the specimen healed at
0.112 MPa·m1/2 for 10 min (refer to curve 3 in Fig-
ure 4). In the case that the steady-state healing time
is not less than 6′30″, crack can hardly advance
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Figure 8. SEM micrograph of fatigue fracture specimen
with manual injection of pre-mixed healing
agent in static infiltration fashion. The applied
constant stress intensity for holding crack open
after the injection: 0.112 MPa·m1/2. The steady-
state healing time: 10 min. Testing conditions:
Kmax = 0.504 MPa·m1/2, Kmin = 0.050 MPa·m1/2,
ΔKI = 0.454 MPa·m1/2, R = 0.1.

Figure 9. Crack length vs. fatigue cycles of (1) control
fatigue specimen and (2–7) fatigue specimens
with manual injection of pre-mixed healing
agent in static infiltration fashion. The steady-
state healing time: (2) 3′, (3) 5′35″, (4) 5′45″,
(5) 6′, (6) 6′30″, and (7) 8′. The applied constant
stress intensity for holding crack open after the
injection: 0.504 MPa·m1/2. Testing conditions:
Kmax = 0.504 MPa·m1/2, Kmin = 0.050 MPa·m1/2,
ΔKI = 0.454 MPa·m1/2, R = 0.1.



after more than 107 fatigue cycles and is considered
to be fully arrested. Similarly, this time can be
regarded as the critical threshold to distinguish
fatigue crack growth retardation from crack arrest
(Figure 10).
The above phenomena are closely related to the
curing process of the epoxy based healing agent.
During curing of the healing agent, the system
transforms from low molecular liquid mixture into
three dimensional cross-linked macromolecular
networks. Molecular dynamics and macroscopic
behavior of the material drastically change in the
meantime [30]. Early study on curing kinetics
demonstrated that the viscosity of the healing agent
slowly increased in the beginning 5 min after mix-
ing, and then rapidly increased until it gelled within

about one minute [20, 21]. The gelation of the heal-
ing agent is essentially a rapid formation and
increase process of hardness and adhesive strength
(Figure 11). Although nearly no adhesion can be
detected at a time less than 5.5 min, fracture tough-
ness of the healing agent sharply increases within
5′40″ and 12′, and exceeds that of the epoxy matrix
at about 9′. Obviously, the increase in KIC keeps in
step with the degree of cure of the healing agent, as
shown by Brown et al. [5]. In this context, develop-
ment of fatigue crack might become rather difficult
when the steady-state healing time is longer than 9′.
The deduction is confirmed by the fact that very
few tearing marks appear at the initial phase of the
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Figure 11. Curing time dependences of KIC (circles) and
degree of cure (dash line) of the healing agent.
The horizontal dotted line represents KIC of the
epoxy matrix. KIC values of the healing agent
were obtained from monotonic fracture tests
performed at prescribed times. The data of
degree of cure were estimated from isothermal
polymerization of the healing agent conducted
in DSC at 25°C.

Figure 10. Healing efficiency of fatigue specimens with
manual injection of pre-mixed healing agent in
static infiltration fashion vs. the steady-state
healing time (during which crack held open).
The data are calculated using the results in Fig-
ure 9.

Figure 12. SEM micrographs of the fractured surface of a TDCB specimen with manual injection of pre-mixed healing
agent for determination of KIC of the cured healing agent (see the Experimental for more details). The healing
agent was allowed to be cured for 9′20″ and then the specimen was tested to falure within 5 sec at a rate of dis-
placement of 3 mm/min.



fatigue crack (figure omitted). Obvious tearing
traces are found on the fast fracture plane when the
healing agent is in the rubbery state (Figure 12).
Accordingly, evident retardation effect is obtained
for the steady-state healing time from 5′45″ to 6′.

3.3. Effect of applied range of cyclic stress
intensity revealed by dynamic
infiltration tests

The works by other researchers have shown that the
in-situ retardation and arrest of fatigue crack are
closely related to the applied range of cyclic stress
intensity, ΔKI [5–8]. To check whether this rule is
also valid for the current healing system, the fatigue
experiments associated with dynamic infiltration
were conducted at different ΔKI values by changing
the maximum cyclic stress intensity Kmax between
0.336 and 0.560 MPa·m1/2 at constant stress ratio of
R = 0.1, and by changing the stress ratio R from
0.05 to 0.6 at constant Kmax = 0.504 MPa·m1/2.
As shown in Figures 13–15, fatigue crack is
retarded by the infiltrated healing agent following
the injection. The lower the maximum cyclic stress
intensity (or the higher stress ratio), the more evi-
dent the retardation effect and the higher healing
efficiency. Especially when the Kmax is not more
than 0.420 MPa·m1/2 or the R value is not less than
0.25, crack can hardly advance for more than
107 cycles with the gelation and solidification of
the healing agent, and hence is considered to be
fully arrested. During this process, the mechanisms

of polymeric wedge crack-tip shielding and adhe-
sive bonding must play the key role. In fact, reduc-
ing Kmax or increasing R is equivalent to decreasing
ΔKI, so that ΔKeff is decreased, offering improved
retardation effect.
To have more information about the healing mech-
anism involved in the dynamic infiltration tests, the
processes of crack growth retardation and crack
arrest measured at two typical Kmax values (i.e.
0.504 and 0.420 MPa·m1/2) are analyzed in the fol-
lowing.
Immediately after the injection, the fluidic healing
agent rapidly flows throughout the cracked plane
and penetrates into the crack tip under cycling load.
The rate of crack growth decreases to a lower
value. Similar to the cases discussed in the last sub-
sections, full opening and closing of crack at the
maximum and minimum loads are hindered accord-
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Figure 14. Healing efficiency of fatigue specimens with
manual injection of pre-mixed healing agent in
dynamic infiltration fashion vs. maximum
cyclic stress intensity. The data are calculated
using the results in Figure 13.

Figure 15. Healing efficiency of fatigue specimens with
manual injection of pre-mixed healing agent in
dynamic infiltration fashion vs. cyclic stress
intensity ratio. The data are calculated using
the results in Figure 13.

Figure 13. Crack length vs. fatigue cycles of control
fatigue specimens (dash lines) and fatigue
specimens with manual injection of pre-mixed
healing agent in dynamic infiltration fashion
(solid lines). Testing conditions: Kmax = 0.504,
0.448, 0.434, 0.420, 0.392 and 0.364 MPa·m1/2,
R = 0.1.



ingly, so that fluctuations appear on the fatigue
cycles dependence of the maximum and minimum
CODs (Figures 16–19). Hysteresis loops are also
observed on the load-displacement curves (refer
curve d in Figure 20 and Figure 21). On the basis of
the study in the sub-section 3.1, it is known that
hydrodynamic pressure crack-tip shielding mecha-
nism should be the main contributor to the crack
retardation within the beginning ~5.5 min. Com-
bining with the results of static infiltration tests
with steady-state healing time of 3′–5′35″ (refer to
curves 2 and 3 in Figure 9), we can conclude that
the stress status of crack has no influence on crack
growth retardation basically before the healing
agent gels.

Along with the abrupt increase in viscosity and
gelation as of ~5.5 min (Figure 11), the healing
agent rapidly changes from liquid to rubbery state.
Its bonding capability forms and begins to take
effect. The maximum and minimum CODs are fur-
ther constrained with a regression of the crack tip
(Figures 18 and 19). They reach the extreme values
at 7′45″ for Kmax = 0.504 MPa·m1/2 and at 8′10″ for
Kmax = 0.420 MPa·m1/2, respectively. Afterwards,
the increase in the maximum COD for Kmax =
0.504 MPa·m1/2 with fatigue cycles becomes steady,
meaning that the closed crack can be quickly
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Figure 16. Maximum and minimum CODs vs. fatigue
cycles of (1, 2) control fatigue specimens and
(3, 4) fatigue specimens with manual injection
of pre-mixed healing agent in dynamic infiltra-
tion fashion. Testing conditions:
Kmax = 0.504 MPa·m1/2, Kmin = 0.050 MPa·m1/2,
ΔKI = 0.454 MPa·m1/2, R = 0.1.

Figure 18. Maximum and minimum CODs vs. fatigue
cycles of fatigue specimens with manual injec-
tion of pre-mixed healing agent in dynamic
infiltration fashion (partial magnification of
curves 3 and 4 within the dotted frame in Fig-
ure 16). 0′ means the time when the epoxy pre-
polymer is injected. Testing conditions:
Kmax = 0.504 MPa·m1/2, Kmin = 0.050 MPa·m1/2,
ΔKI = 0.454 MPa·m1/2, R = 0.1.

Figure 19. Maximum and minimum CODs vs. fatigue
cycles of fatigue specimens with manual injec-
tion of pre-mixed healing agent in dynamic
infiltration fashion (partial magnification of
curves 3 and 4 within the dotted frame in Fig-
ure 17). 0′ means the time when the epoxy pre-
polymer is injected. Testing conditions:
Kmax = 0.420 MPa·m1/2, Kmin = 0.042 MPa·m1/2,
ΔKI = 0.378 MPa·m1/2, R = 0.1.

Figure 17. Maximum and minimum CODs vs. fatigue
cycles of (1, 2) control fatigue specimens and
(3, 4) fatigue specimens with manual injection
of pre-mixed healing agent in dynamic infiltra-
tion fashion. Testing conditions:
Kmax = 0.420 MPa·m1/2, Kmin = 0.042 MPa·m1/2,
ΔKI = 0.378 MPa·m1/2, R = 0.1.



opened (refer to curve 3 in Figure 16, and Fig-
ure 18). With respect to the minimum COD for
Kmax = 0.504 MPa·m1/2, it quickly declines to a
plateau (refer to curve 4 in Figure 16 and Fig-
ure 18) owing to the formation of a stable wedge. In
the case that Kmax = 0.420 MPa·m1/2, however, the
results are not completely the same. The maximum
COD slightly increases and then becomes nearly
invariable with fatigue cycles (refer to curve 3 in
Figure 17 and Figure 19). This corresponds to the
fact that the closed crack advances for a very short
distance before it is fully arrested. In contrast, the
variation in the minimum COD resembles that at
Kmax = 0.504 MPa·m1/2 as characterized by the
appearance of a plateau (refer to curve 4 in Fig-
ure 17 and Figure 19) because of the newly estab-
lished cured epoxy wedge.
It is worth noting that in the course of hardening of
the healing agent, the opening degree of the hys-
teresis loops gradually increases and the maximum
open position constantly moves upward (refer to
curves f–j in Figure 20, and curves f–n in Fig-
ure 21). The former reaches the maximum at about
8′ for Kmax = 0.504 MPa·m1/2 and at 7′20″ for
Kmax = 0.420 MPa·m1/2, as shown in curve k in Fig-
ure 20 and Figure 21, respectively. Then, it gradu-

ally decreases until disappearance at about 11′
(refer to curves k–r in Figure 20 and Figure 21).
Clearly, within the time range from 5.5′ to 11′, the
visco-elastic damping provided by the healing
agent increases and then decreases with the gradual
increase in crosslinking of the healing agent. The
increase in the maximum open position is attributed
to the fact that trigger of the hysteresis in terms of
lower tension or pressure becomes increasingly dif-
ficult. When the curing of the healing agent is
almost completed, the hysteresis loop disappears
(refer to curve r in Figure 20 and Figure 21). Espe-
cially for Kmax = 0.504 MPa·m1/2, the knee on the
load-displacement curves gradually forms from
about 8′10″ to 11′ (refer to curves l–r in Figure 20)
as a result of crack closure [15]. Nevertheless,
when Kmax = 0.420 MPa·m1/2, the aforesaid knee
doesn’t appear on the load-displacement curves
even after disappearance of the hysteresis loop
(Figure 21). The slopes of the load-displacement
curves (related to the compliance) hardly increase
after 6·108 cycles (refer to curve t in Figure 21),
which represents that the crack is fully arrested.
On the other hand, ear-piercing sound of ‘dada’
was perceived as of about 8′40″ during the process
of crack growth for Kmax = 0.504 MPa·m1/2, but
never for Kmax = 0.420 MPa·m1/2. It should come
from (i) tearing of the curing adhesive in the
process of crack opening and advancing, and (ii)
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Figure 20. Load-displacement relationships measured dur-
ing selected cycles in Figures 16 and 18. Num-
ber of the fatigue cycles and the time after the
manual infiltration of pre-mixed healing agent:
(a) 17 400; (b) 23 400; (c) 15 675, 0′;
(d) 15 825, 30″; (e) 17 175, 5′; (f) 17 325,
5′30″; (g) 17 475, 6′; (h) 17 625, 6′30″;
(i) 17 775, 7′; (j) 18 000, 7′45″; (k) 18 075, 8′;
(l) 18 125, 8′10″; (m) 18 175, 8′20″;
(n) 18 225, 8′30″; (o) 18 275, 8′40″;
(p) 18 375, 9′; (q) 18 675, 10′; (r) 18 975, 11′;
(s) 22 400; (t) 30 000; (u) 45 000; (v) 49 950;
and (w) 72 750. 0′ means the time when the
pre-mixed healing agent is injected. Testing
conditions: Kmax = 0.504 MPa·m1/2,
Kmin = 0.050 MPa·m1/2, ΔKI = 0.454 MPa·m1/2,
R = 0.1.

Figure 21. Load-displacement relationships measured dur-
ing selected cycles in Figures 17 and 19. Num-
ber of the fatigue cycles and the time after the
manual infiltration of pre-mixed healing agent:
(a) 3000; (b) 30 000; (c) 43 800, 0′; (d) 43 950,
30″; (e) 45 300, 5′; (f) 45 450, 5′30″;
(g) 45 600, 6′; (h) 45 725, 6′25″; (i) 45 800,
6′40″; (j) 45 900, 7′; (k) 46 000, 7′20″;
(l) 46 100, 7′40″; (m) 46 200, 8′; (n) 46 250,
8′10″; (o) 46 350, 8′30″; (p) 46 500, 9′;
(q) 46 800, 10′; (r) 47 100, 11′; (s) 53 100; and
(t) 6·108. 0′ means the time when the pre-
mixed healing agent is injected. Testing condi-
tions: Kmax = 0.420 MPa·m1/2,
Kmin = 0.042 MPa·m1/2, ΔKI = 0.378 MPa·m1/2,
R = 0.1.



impact of torn surfaces in the process of crack clos-
ing after growth of fatigue crack through cured
adhesive to the original crack tip position. The phe-
nomenon proves the events of crack advancing or
crack growth retardation from another angle.

Morphology of the fatigue fracture surfaces can
further explain the crack healing process (Fig-
ures 22 and 23). The cured healing agent is sym-
metrically distributed on the two opposite planes of
fatigue crack (Figures 22a–d). This result indicates
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Figure 22. SEM micrographs of fatigue fracture surfaces of the specimen with manual injection of pre-mixed healing
agent in dynamic infiltration fashion. (a) Fatigue crack plane; (b) partial magnification of (a); (c) the opposite
part of (a); (d) the opposite part of (b) taken from (c); (e) partial magnification of (b); (f) partial magnification
of (e). Testing conditions: Kmax = 0.504 MPa·m1/2, Kmin = 0.050 MPa·m1/2, ΔKI = 0.454 MPa·m1/2, R = 0.1.



that the crack propagates through the membrane
formed by the cured healing agent, and cohesive
failure rather than interfacial debonding occurs in
the case of crack retardation. Obvious tear traces
and good bonding effect of the healing agent are
found on the fracture plane (Figures 22e and f).
Besides, blank areas without the healing agent are
also observed on the fracture plane (e.g. Fig-
ures 22b and d). They originate from the air bub-
bles that were introduced when the liquid healing
agent was subjected to the repeated extrusion under
cycling loading.
When the fatigue crack is arrested at Kmax =
0.420 MPa·m1/2, the specimen is eventually frac-
tured at static load using a displacement rate of
3 mm/min without precrack. The maximum frac-
ture load reaches 121 N, which is much higher than
that of the epoxy matrix (~52 N). The cohesive fail-
ure of the cured healing agent is characterized by
wider tear tapes and larger bonding area on the
fracture plane (Figures 23). It implies that stronger
adhesion effect is obtained at lower Kmax, which
favors to arrest crack.

4. Conclusions

The epoxy component of the healing agent proved
to act as a viscous fluid, effectively retarding
fatigue crack growth in epoxy material by hydrody-
namic pressure crack-tip shielding effect. Accord-

ingly, the latter’s fatigue life was extended by about
2.5 times.
Artificial crack closure was achieved during static
infiltration tests by injecting the pre-mixed healing
agent into the crack plane forming a polymer
wedge at the crack tip. As a result, crack growth
retardation and even permanent crack arrest were
observed. Both crack-face wedging and adhesion
contributed to the retardation, but the adhesive
component ceased after the crack grew through the
wedge to the original crack tip position. The higher
the constant stress intensity applied for holding
crack open after the manual infiltration, the thicker
the polymerized wedge and the better the retarda-
tion effect. When the former was not less than
0.392 MPa·m1/2, crack was fully arrested. Simi-
larly, in the case that the steady-state healing time
approached about 6 min after the infiltration, adhe-
sive strength and hardness of the gelled healing
agent were well developed and ΔKeff was effec-
tively reduced. Cohesive failure of the wedge
occurred under cyclic loading. Further extending
the steady-state healing time to 6′30″, crack arrest
was observed.
As for the dynamic infiltration tests, the applied
stress intensity range was found to be the most
influential parameter. When the pre-mixed healing
agent was infiltrated into the crack plane, hydrody-
namic pressure shielding mechanism firstly pro-
vided resistance to crack growth. With the rapid
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Figure 23. SEM micrographs of fatigue fracture surface of the specimen with manual injection of pre-mixed healing
agent in dynamic infiltration fashion. (a) Fatigue crack plane; (b) partial magnification of (a). Crack can hardly
advance for 6·108 cycles and hence is fully arrested. The specimen was fractured at static load using a rate of
displacement of 3 mm/min without precrack. Fatigue testing conditions: Kmax = 0.420 MPa·m1/2,
Kmin = 0.042 MPa·m1/2, ΔKI = 0.378 MPa·m1/2, R = 0.1.



increase in viscosity of the healing agent until gela-
tion, shielding effect resulting from the wedge and
adhesive bonding gradually played the leading role.
The lower the maximum cyclic stress intensity or
the higher the stress ratio, the more prominent the
retardation effect. The maximum cyclic stress
intensity of about 0.420 MPa·m1/2 and the stress
ratio of about 0.25 became the watersheds between
fatigue crack growth retardation and crack arrest,
respectively.
The present work is the first attempt of ours
towards healing fatigue crack using epoxy/mercap-
tan/tertiary amine system. The capability of the
healing agent for retarding or arresting fatigue
crack growth revealed hereinbefore demonstrates
its potential for in-situ self-healing of fatigue dam-
age. More importantly, the microscopic informa-
tion helps to understand the healing mechanisms of
self-healing composites with dual microencapsu-
lated healing agent subjected to cyclic loading, and
to optimize the healant formulation accordingly. In
authentic self-healing composites, the appearance
of the healant loaded capsules would change the
intrinsic properties of the composites and deviate
the propagation path of fatigue crack, which disfa-
vors the analysis of the true healing mechanism
involved.
Successful retardation and/or arrest of fatigue
cracks have been observed in in-situ self-healing
epoxy composites containing dual encapsulated
healant, i.e. two types of microcapsules that respec-
tively include epoxy prepolymer and mercaptan/
tertiary amine hardener. The results and analyses
will be reported in another article of the authors.
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1. Introduction
In the last few decades interest has turned from the
conventional petrol based polymers to biodegrad-
able polymers. This attention is due to the fact that
some of these biodegradable polymers can be bio-
based while the conventional plastics are petrol
based. Furthermore, the degradation feature of
these biodegradable polymers also carries great
advantage in contrast with the low recycled ratio of
the mass plastics like polyethylene (PE) or
polypropylene (PP). Besides these advantages the
products made from biodegradable polymers can
be fit in the natural recycling processes [1–4].
Among the bio-based products, most of the research
has been made on starch. Starch is a renewable

feedstock, which can be found all over the world in
significant amounts in agricultural plants like
maize, wheat, potato, rice, pea, etc. Based on the
experience in the food processing industry, thermo-
plastic starch (TPS) was developed by disrupting
starch granules with the help of heat and shearing
action [5–8]. TPS can be further processed with
slightly modified equipment like ordinary plastics,
however, its drawbacks like low mechanical prop-
erties, quick ageing feature, and low water resistant
properties made it only adequate for blends mostly
in combination with another biodegradable poly-
mer [9–12]. Nowadays the TPS/PCL (polycapro-
lactone) blend is mostly used for disposable
shopping bags.
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Another way of utilizing starch in the field of
biopolymers is its fermentation with other biomass
products like sugar. In the late 1990’s a break-
through came in the fermentation process of starch
and sugar, thus lactic acid was made as a raw mate-
rial for poly(lactic acid) (PLA). The technology has
a reasonable price compared to the synthesis of
petrol based plastics, which made PLA to reach
wide industrial interest. PLA proved not only to be
a fully bio-based and compostable biodegradable
polymer, but a biodegradable polymer with excel-
lent mechanical properties, easy processability and
reasonable price. Shopping bags, mulch films, cut-
leries, office utensils, flower pots, yoghurt cans,
and toothbrush handles can be made from PLA, but
in the near future it can enter into medical applica-
tions or it can serve as the material for engineering
products [13–15].
Based on the stereoregularity (L and D) of lactic
acid, L, D and D-L type lactides can be used in
PLA production. Semi-crystalline PLLA (poly-L-
lactic acid) or amorphous PDLA (poly-D-lactic
acid) can be produced by a ring opening polymeri-
sation of these lactides. For a commercial PLA a
blend of a higher amount of L-lactide and a lower
amount of D-lactide is used. The ratio of the two
lactides influences the mechanical properties, crys-
tallinity and even the degradation characteristics.
When semi-crystalline PLA is processed, its crys-
tallinity changes depend on the cooling rate. Typi-
cally in injection moulding, due to the high cooling
rates, totally amorphous PLA products are pro-
duced. In the differential scanning calorimetry
(DSC) curve of this amorphous PLA an exotherm
can be found, related to the cold crystallization
above Tg, and an endotherm, related to melting.
When PLA is recrystallized prior to measurement,
the exotherm in the DSC curve is not present
[16, 17].
During the crystallization of PLLA at high temper-
atures (>130–140°C) it is found that the disordered
α′ crystalline form, which can be produced by
annealing at lower temperatures, transforms into
the ordered α form. The differences between the α′
and α forms can be observed by wide angle X-ray
diffraction (WAXD) spectrometry and DSC analy-
sis [18]. In the WAXD analysis, more intense and
new peaks can be found, while in the DSC curves

two endothermic peaks appear related to the melt-
ing of the α′- and α phases. The peak at the lower
temperature is related to the melting of the α′ form
and its recrystallization into the α form, while the
second peak corresponds to the melting of the
α form. The two processes, the melting of the
α′ form and the recrystallization into the α form
can be considered as the α′–α phase transition. For
lower molecular weight PLA, the α′–α phase tran-
sition occurs at lower temperatures compared to
higher molecular weight PLA [18, 19]. Crys-
tallinity also influences the dynamic mechanical
analysis (DMA) properties. As it can be seen in the
DSC curves, the recrystallization occurs above Tg

and increases the storage modulus [20].
Recrystallized PLA products also carry a huge
advantage compared to amorphous products. This
advantage is manifested in the much higher heat
deflection temperature (HDT); while amorphous
PLA products have an HDT of 50°C, semi-crys-
talline PLA products have an HDT of 130°C.
Although PLA can be recrystallized after process-
ing into a product, the products shrink and signifi-
cant warpage occurs during recrystallization due to
the increasing crystallinity. Distortion-free semi-
crystallized PLA products can only be made during
the process using nucleating agents. Talc was found
to be an effective nucleating agent, which was
observed during DMA analyses [21].
The injection moulding grade PLA with a D-Lac-
tide content of 4% can be purchased in semi-crys-
talline form, but when it is processed into a product,
or mixed with natural fillers or fibres using melt
mixing techniques like extrusion, this PLA becomes
amorphous even at very low cooling rates (without
the use of nucleating agents). Thus, if it is to be fur-
ther processed like in the case of PLA based com-
posite pellets or if it is to be reused like in an
industrial processing plant where the rejected parts
are to be recycled, then because of the change in
crystallinity, a totally different material is going to
be processed. The changes in crystallinity during
processing and its effect on the re-processing have
been investigated with injection moulding; further-
more, the properties of various crystalline content
injection moulding grade PLA resins were analysed,
and the processing difficulties due to crystalline
structure were explained.
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2. Materials, processing and experimental
Semi crystalline PLA injection moulding grade
resin (type Ingeo 3051D from NatureWorks Ltd.,
USA, with a D-lactide content of 4%) was used for
the measurements. It was dried at 85°C for 6 hours
before injection moulding to prevent any degrada-
tion due to hydrolysis. 2 mm thick, 80 mm by
80 mm specimens were injection moulded with an
Arburg Allrounder 320C 600-250 injection mould-
ing machine equipped with a ø35 mm screw. The
injection pressure was 850 bars, while the applied
holding pressure was 600 bars. The temperature
profile used was 165-175-180-185-190°C from the
hopper to the nozzle.
In order to produce quality PLA products some pre-
cautions were taken. To form a homogenous melt,
at least 30 bar of backpressure was necessary with a
screw rotational speed of 15 m/min. In some cases,
when the mould opened, the sprue broke, stuck into
the stationary mould half and had to be removed
manually. To avoid this, a long holding time (20 s)
had to be used, not only to compensate for the
shrinkage of the part but also for the shrinkage of
the sprue, especially to avoid the formation of
voids. Furthermore, the part and the sprue had to be
adequately stiff to avoid this phenomenon, thus for
proper demoulding, long holding and residual cool-
ing times (30 s) and a low mould temperature
(20°C) had to be used.
The injection moulded samples were totally trans-
parent, indicating their amorphous nature. After
injecting the samples, 50 mm long, 2 mm by 4 mm
specimens were cut for the DMA measurements,
and 2 mm thick 15 mm by 15 mm specimens were
cut for the WAXD measurements. The other injec-
tion moulded samples were shredded, repelletized,
and the amorphous PLA pellets were investigated
in two ways: firstly, it was reprocessed in the same
way as before to analyse the processing differ-
ences; secondly, the pellets were annealed at 80°C
for only 10 minutes to observe the beginning of the
re-crystallization with a scanning electron micro-
scope (SEM) type Jeol JSM6380 LA.
The specimens (for WAXD, DMA and DSC) were
placed on a glass plate in a vented oven for anneal-
ing at 60-80-100-120-140°C for 10-20-30-40-50-
60 minutes. The reason for the glass plate support
was the low heat deflection temperature of the
material. The notation of the samples is as follows:
X/Y, where X represents the temperature [°C], and Y

represents the time interval [min] of the annealing.
The DMA measurements were made with a Perkin-
Elmer Pyris Diamond dynamic mechanical analyser,
while the DSC measurements were made with a
Perkin-Elmer Pyris 1 differential scanning calorime-
ter. The crystallinity was calculated from the DSC
melting enthalpies, using a melting enthalpy value
of 75.57 J/g for 100% crystalline PLLA [22]. The
un-annealed specimens were measured at heating
rates of 1-2-5-10-15-20°C/min, while the annealed
specimens were measured at a heating rate of
5°C/min. WAXD analysis was done with a Philips
model PW 3710 based PW 1050 Bragg-Brentano
parafocusing goniometer using CuKα radiation
(λ = 0.15418 nm).
Besides the analysis of the crystalline structure of
pure PLA, 30 weight% maize starch (type Meritena
100, from Brenntag Hungária Ltd., Hungary) con-
tent PLA was made using a Brabender Plasti-
Corder PL 2100 twin screw extruder. The process-
ing of the annealed and un-annealed PLA/starch
blends was analysed.

3. Results and discussion

To analyse the effect of the different crystalline
content PLA specimens, they were annealed at dif-
ferent temperatures for different time periods as
mentioned before. The transparency of the samples
changed from transparent to nearly totally white as
the crystallinity increased. This observation was
verified by WAXD analysis. The results show that
the un-annealed PLA had no crystallinity, but one
significant peak appeared at 16.3° for the speci-
mens annealed at 80°C. The intensity of the peak
increased gradually as a function of annealing time
at 80°C (Figure 1), and this peak also shifted to
16.6° for the specimen annealed at 120°C for
10 minutes.
Three more peaks appeared at 14.8, 19.0 and at
22.3° for samples annealed at higher temperatures
(Figure 2), which indicate higher crystallinities, but
the specimens annealed at 100, 120, and 140°C
show the same WAXD spectrum independent of
annealing time.
These specimens were also analysed by DMA and
DSC. At first, the amorphous PLA specimen was
examined (Figure 3).
As one can see in the DMA curve, the storage mod-
ulus of the amorphous PLA decreases at Tg, but as a
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result of re-crystallization during the measurement
the storage modulus returns to that of a semi-crys-
talline material. In the DSC curve one can observe

the Tg at 58°C, the re-crystallization exotherm
between 80 and 105°C and the melting endotherm
as a double peak between 140 and 160°C. With the
increasing heating rate, the recrystalization during
measurement was less significant (Figure 4, Fig-
ure 5).
At higher heating rates, the time to develop crys-
tallinity was less, thus the DMA curves tends to the
real curve of amorphous PLA. In the DSC curves
one can see the decrease in crystallization enthalpies
and enthalpies of fusion as the heating rate increases
(Table 1).
The crystallization enthalpies and the enthalpies of
fusion did not change within experimental error,
thus the crystals formed during the cold crystalliza-
tion at lower temperatures melted at 150°C. The
crystallization peak has also shifted to higher tem-
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Figure 2. WAXD spectra of PLA annealed at 120°C for
10–60 minutes

Figure 4. DMA curves of un-annealed PLA captured at 1-
2-5-10-15-20°C/min heating rates

Figure 3. (a) DMA and (b) DSC curves of un-annealed, amorphous PLA captured at a 1°C/min heating rate

Table 1. Crystallization enthalpies and enthalpies of fusion of the unannealed specimens

Heat rate
[°C/min]

Crystallization
peak [°C]

Crystallization
enthalpy [J/g]

Melting
peak [°C]

Enthalpy
of fusion [J/g]

02 096.1 –25.8 152.6 25.3
05 107.7 –29.9 152.6 27.5
10 117.8 –22.4 149.2 22.7
15 126.1 –11.4 151.9 11.5
20 130.7 0–4.8 154.4 05.8

Figure 1. WAXD spectra of PLA annealed at 80°C for
10–60 minutes. The intensity of the peak
increases as annealing time increases. The
arrows point out the peak maxima.



peratures. For the annealed specimens, the loss in
storage modulus decreased with increasing crys-
talline content (Figure 6).
It can be seen that during the measurement the un-
annealed specimens fully re-crystallized, since the
storage moduli returned to those of the specimen
with the highest possible crystallinity around 120–
140°C. The higher the crystallinity, the lower the
storage modulus drop observed at the glass transi-
tion. Figure 7 summarizes the DMA curves for
amorphous PLA, semi-crystalline PLA, and PLA
re-crystallizing during measurement.
In the DSC curves the intensity of the exothermic
peak observably decreases with increasing PLA
crystallinity (Figure 8).
The enthalpy of fusion does not seem to change sig-
nificantly after the different heat treatments
(Table 2.), but from the differences in cold crystal-
lization it is clear that the samples reached their
maximum crystallinity after only 10 minutes at 100
and 120°C. It is further interesting that the double
melting peak, indicative of the melting of both the
α′- and α crystalline phases, changed to a single
melting peak typical of the α crystalline phase.
The supplier of PLA Ingeo 3051D has published a
know-how about crystallizing and drying of PLA
[23]. The adherent feature of the amorphous PLA
and the solution is well discussed, and warnings
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Figure 5. DSC curves of un-annealed PLA captured at (a) 10 and (b) 20°C/min heating rates

Figure 6. DMA curves of annealed PLA. The annealing
temperatures and time intervals from the bottom
curve to the top are: 80/10, 80/20, 80/30, 80/40,
80/50, 80/60, 100/10

Figure 7. The DMA curve of amorphous, semi crystalline,
and re crystallized PLA

Table 2. Crystallinity values, crystallization enthalpies and enthalpies of fusion of the annealed specimens

Annealing time
and temperature

Crystallization
peak [°C]

Crystallization
enthalpy [J/g]

Melting
peak [°C]

Enthalpy
of fusion [J/g]

Crystallinity
[%]

080°C, 10 min 105.4 –18.4 150.8 20.9 03.3
080°C, 20 min 100.9 –16.3 152.1 21.4 06.7
080°C, 30 min 099.4 –17.8 151.9 21.8 05.3
080°C, 40 min 095.4 –13.2 152.1 23.0 13.0
080°C, 50 min 091.1 –11.4 150.9 24.5 17.3
080°C, 60 min 096.4 0–7.5 150.4 23.4 21.0
100°C, 10 min none none 151.4 25.8 34.1
120°C, 10 min none none 151.6 29.0 38.4



about pneumatic material transportation from driers
to processing equipment are mentioned. Amor-
phous PLA was injection moulded to investigate
the effect of recycled PLA on the processing, but it
was found that from cycle to cycle more and more
amorphous PLA pellets stuck to the surface of the
screw and rotated together with the screw. The pel-
lets stuck on the screw even at the feed zone, where
the material should only be transported to the com-
pression zone, but not melted (Figure 9).
As more and more pellets stuck to the screw, more
and more torque was necessary to plasticize the

material; finally it reached a value which could
destabilize the injection moulding process. This
phenomenon prevented further processing of the
material until the barrel is cleaned. This effect was
characterized by the number of ‘problem free’
processes before the needed cleaning procedure.
For amorphous PLA, and for the used injection
moulding machine and parameters, the number of
problem free processes was around 10 cycles. To
further analyse the adherent effect with SEM,
amorphous pellets were heated at 80°C for 10 min-
utes in a conventional oven (Figure 10).
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Figure 8. DSC curves of PLA annealed at 80°C for (a) 10, (b) 40, (c) 60 minutes and (d) at 120°C for 10 minutes

Figure 9. The amorphous PLA pellets stuck on the surface of the screw at the (a) beginning and at the (b) end of the feed-
ing zone



As the SEM pictures showed, the pellets locally
welded together, and a weld line between the pel-
lets developed even at this low temperature. It can
also be observed that for the pellets annealed at
120°C for 10 minutes, ribbon-like PLA formations
peeled off the surface of the pellet, suggesting local
melting of the pellets during crystallization (Fig-
ure 11, Figure 12).

This ‘melting’ is probably caused by the significant
exothermic cold crystallization heat and the low
heat transfer capabilities of PLA, and can be related
to the softening of the amorphous phase only. Dur-
ing cold crystallization the exothermic heat is trans-
ported to the surface of the pellet, where due to the
low heat transfer capabilities of PLA the accumu-
lated exothermic heat causes local softening of the
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Figure 10. Welded surface of pellets at 80°C, with a magnification of (a) 20 and (b) 2000

Figure 11. (a) Unannealed and (b) annealed pellet with peeled-off ribbons

Figure 12. Peeled-off ribbons on the surface of PLA pellet, with a magnification of (a) 100 and (b) 150



amorphous phase. With the continuation of cold
crystallization, the crystallinity increases which
already retards the macro Brownian movement.
Accordingly, the injection moulding difficulties
could be totally overcome by the annealing of the
amorphous pellets in a vented oven prior to injec-
tion moulding, because with higher crystallinity the
re-crystallization phenomenon becomes negligibly
small or disappears. The pellets will also stick
together during the annealing process, but with low
mechanical action they can be separated easily.
With proper crystallization, the processing of re-
crystallized PLA pellets was as easy as the process-
ing of original (virgin) pellets; there were no
processing problems within the investigated 100
injection cycles.
Although many authors made PLA based compos-
ites and further processed the pellets into injection
moulded products, only a few reported the adherent
effect, and even fewer reported that annealing was
done before injection moulding. To analyse the
effect of annealing on PLA based blends,
30 weight% starch content PLA was made using a
twin screw extruder. The differences between the
annealed (at 120°C for 60 minutes) and un-annealed
blends can be seen in the DSC curves (Figure 13).
Here it can also be seen that after annealing the
exothermic peak responsible for the adhering fea-
ture of the amorphous PLA – and thus causing
unstable injection moulding technology – disap-
peared. No adherent effect was found with anneal-
ing of the PLA/starch blend, while the un-annealed
pellets led again to processing difficulties. The
injection moulding of the annealed pellets of the
PLA/starch blend was found to be stable.

4. Conclusions
The crystalline structure of injection moulding
grade polylactic acid (PLA) was analysed by wide
angle X-ray diffraction (WAXD) spectrometry,
dynamic mechanical analysis (DMA), differential
scanning calorimetry (DSC), and the effect of the
crystalline structure on the processing with injec-
tion moulding was analysed. The research is
induced by the significant differences in crys-
tallinity of the pure PLA resin, and the injection
moulded product, and thus the reprocessing of PLA
products. Different temperatures (60–140°C) and
time intervals (10–60 minutes) were used to inves-
tigate the crystallization of injection moulded
amorphous PLA specimens in a vented oven. The
WAXD results show that in an annealing tempera-
ture range of 100–140°C, 10 minutes were enough
to achieve as high crystallinity as possible for injec-
tion moulding grade PLA (crystalline content
around 40%). The DMA properties show that the
amorphous specimens re-crystallized during meas-
urement, which gave rise to an increase in the stor-
age modulus above Tg. At a high heating rate it was
possible to measure the DMA curve of the amor-
phous PLA, thus the differences in DMA curves of
the amorphous and semi-crystalline PLA could be
studied. The DSC results showed a significant
exothermic peak in the temperature range of 80–
140°C which is related to cold crystallization. The
exothermic peak decreased with increasing crys-
tallinity, thus no exothermic peak could be observed
for the fully annealed specimens (specimens with
around 40% crystalline content).
Amorphous PLA was injection moulded to investi-
gate the effect of recycled PLA on the processing,
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Figure 13. DSC curves of (a) annealed and (b) unannealed PLA/starch blends



but due to the adherent feature of the amorphous
PLA, pellets stuck to the screw already in the feed-
ing zone, where the material should be only trans-
ported but not melted. This phenomenon destabi-
lized the injection moulding process, preventing
further processing after 10 injection cycles. It was
observed by scanning electron microscopy (SEM)
that the pellets welded together locally, and that
ribbon-like formations peeled off the surface of the
pellets. This suggests that during processing, due to
the significant crystallization exotermic heat accu-
mulated at the surface of the pellets, and due to the
low heat transfer capability of the material, the
amorphous phase of the pellets softens locally and
causes the adherent effect that destabilizes the
injection moulding processing. These injection
moulding difficulties can be totally overcome by
re-crystallization of the amorphous material prior
to the injection. In this case, within the investigated
100 injection cycles, the processing was easy and
problem-free, like the processing of semi-crys-
talline PLA. It was also found that annealing is also
effective in eliminating processing difficulties
when processing PLA based, starch filled materi-
als.
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