
The use of materials from renewable resources is
becoming increasingly important mostly due to
environmental and sustainability issues. To replace
petrochemical-based materials with bio (agricul-
tural)-based ones seems to be a straightforward
strategy provided that there is no competition
between food and non-food uses. Unfortunately,
recent price trends suggest a strong interplay
between food and non-food applications possibly
due to the fact that no further fields are available for
agricultural cultivation.
Genetic engineering, heavily pushed forward at
present, may contribute to a ‘polymer-conform
design’ of natural molecules (for example oils with
more double bonds) and also to their better yield.
This raises, however, a further ethical question
related to the possible contamination of traditional
food feedstock with gene-manipulated one. There
is much to clarify in respect even when accepting
that gene manipulation is nothing else than some
kind of a ‘forced evolution’.
Oils, fats, resins, agricultural waste have been used
in various polymer recipes in the past as modifiers,
extenders. Their role is changing nowadays: instead
of additives they are becoming essential parts of the
polymers. However, in order to widen the use bio-
based feedstock, its constituents have to be func-
tionalized. The functional groups guarantee the
required reactivity of bio-based molecules. Accord-
ingly, bio-based intermediates are predestined for
use in thermosets instead of thermoplastics.
Pioneering works have already outlined different
reaction pathways for example for the functional-

ization of plant oils. The related strategies consid-
ered also the follow-up reactions of the functional-
ized oils in ring-opening, free radical polymeriza-
tion, and polycondensation processes. This task is,
however, not yet finished – chemists have to check
the feasibility of different options and present the
related technologies to ‘decision-makers’. For the
functionalization catalytic methods are likely more
suited than those based on traditional chemistry.
Though the target of some research works was the
full replacement of ‘petroresins’, the proper combi-
nation of petrochemical- and bio-based (agricul-
tural, ‘green’ etc.) resins is our next task. Function-
alized (acrylated, epoxidized, acrylated/epoxidized,
maleinated) plant oils are becoming available com-
mercially and their property modification potential
in traditional resins should be investigated. There is
also a great potential to modify/produce phenolics
from bio-based materials. Break-through with the
use of bio-based renewable resources requires,
however, also support from the politics – there is
likely no success when this issue is merely gov-
erned by the market.
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1. Introduction
Thermoplastic elastomers (TPEs) are one of the
fastest growing polymeric materials which com-
bine the elastic and mechanical properties of cross-
linked rubbers with the melt processability of
thermoplastics [1, 2]. TPEs find lot of applications
in automotives, buildings and constructions, wires
and cables, soft touch etc. The most important
advantage of a TPE is its ability to reuse and recy-
cle the production scrap and waste. TPVs or
dynamic vulcanisates are a special class of TPEs,
produced by simultaneously mixing and cross-link-
ing a rubber with a thermoplastic at elevated tem-
perature [3–5]. As a result a typical morphology is
formed, where the cross-linked rubber particles are
finely dispersed in a continuous matrix of thermo-

plastic. TPVs based on blends of PP and EPDM
rubber are most significant from a commercial
point of view, where the rubber phase is generally
cross-linked either by activated phenol formalde-
hyde resins or by peroxides [6–12]. Besides advan-
tages, both resin and peroxide cross-linking
systems have their own limitations. For instance,
phenolic resin has a strong tendency to absorb
moisture even at ambient temperature and also
appear as a dark brown color. On the other hand,
peroxide cross-linked TPVs often provide an
unpleasant smell or may show a blooming effect.
Furthermore, the rate of generation of peroxide rad-
icals at a constant temperature changes as a func-
tion of time. These disadvantages of resins and
peroxides create a demand for other alternatives.
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Abstract. Reactive processing combines melt mixing process and chemical reaction simultaneously. TPVs are produced by
such reactive processing. Polymer modification with high energy electrons is based on generation of excited atoms or mol-
ecules and ions for subsequent molecular changes via radical induced chemical reactions. In the present study, electron
induced reactive processing is used for the development of TPVs. A 1.5 MeV electron accelerator was directly coupled to
an internal mixer in order to induce chemical reactions by energy input via high energy electrons under dynamic conditions
of melt mixing of polypropylene (PP) and ethylene propylene diene monomer rubber (EPDM). The influence of absorbed
dose (25 to 100 kGy) as well as electron energy (1.5 and 0.6 MeV) and electron treatment time (15 to 60 s) have been stud-
ied. Increased values of both tensile strength and elongation at break of the TPVs indicate in-situ compatibilisation of PP
and EPDM as well as cross-linking in the EPDM phase upon electron induced reactive processing. Dynamic mechanical
analyses showed a decrease in value of glass transition temperature peak of EPDM in tangent delta curve with increasing
dose. This also indicates higher degree of cross-linking in EPDM phase, which is further supported by a gel content that is
higher than the EPDM content itself in the blend.
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Dynamic vulcanisation by electron induced reac-
tive processing is a potential option.
Influence of electron beam (EB) on PP under static
conditions is well known in the literature [13–16]
and characterises a process where required
absorbed dose is applied to form parts (after mold-
ing) in solid state and at room temperature. EB
cross-linking of EPDM rubber under static condi-
tions is also reported by several authors [17–19].
The absorbed dose controls the energy input per
unit of mass as well as the total number of radicals.
However, the effects of high energy electrons in
PP-EPDM blends under dynamic conditions were
not yet explored. Electron induced reactive pro-
cessing is a novel technique where chemical reac-
tions are induced by spatial and temporal precise
energy input via high energy electrons under
dynamic conditions of melt mixing. In this novel
process, the penetration depth of electrons is lim-
ited to a part of mixing volume. The total mixing
volume is modified due to the change of polymer
mass within the penetration depth of electrons dur-
ing mixing process. Further, electron treatment
time and electron energy do not only control dose
rate and penetration depth, respectively. In the
novel process, electron treatment time also influ-
ences the ratio of radical generation rate to mixing
rate (dose per rotation) and electron energy controls
the ratio of modified volume to total mixing cham-
ber volume (rvol).
Thus, the primary objective of the present investi-
gation is to develop PP-EPDM based TPVs at
50:50 blend ratio under various conditions
(absorbed dose, electron treatment time and elec-
tron energy) of electron induced reactive process-
ing. The mechanical, thermal, dynamic mechanical,
and morphological characteristics of various
dynamically electron cross-linked PP-EPDM
blends were pursued to get an in-sight. 

2. Experimental

2.1. Materials

Buna EP G 6850, the ethylidene norbornene (ENB)
containing EPDM rubber, was obtained from
Lanxess, Leverkusen, Germany. The EPDM con-
tains 51 wt% of ethylene and 7.7 wt% of ENB. It
has a Mooney viscosity, ML (1+4) at 125°C of 60
and a density of 0.860 g/cm3. PP HD120MO, a
polypropylene homopolymer, was obtained from

Borealis, Düsseldorf, Germany. The melt flow rate
of the polypropylene, measured at 230°C and
2.16 kg, amounts to 8.0 g/10 min. It has a density
of 0.908 g/cm3.

2.2. Preparation of PP/EPDM TPVs

All TPVs were prepared by a batch process in a
Brabender mixing chamber, having a mixing cham-
ber volume of 50 cm3, with a rotor speed of 45 rpm
at 175–180°C in presence of air. The friction ratio
of the rotors amounts to 1:1.5. Figure 1 shows a
schematic representation of the unique set-up. The
total time of mixing was 16 min due to safety regu-
lations of electron accelerator. The experimental
variables were absorbed dose (25, 50, and
100 kGy), electron treatment time (15, 30, and
60 s), and electron energy (0.6 and 1.5 MeV).
Immediately after mixing, the composition was
pressed manually by metallic plates without any
additional heating to achieve a sheet of about 2 mm
thickness. This sheet was cut into small pieces and
pressed in a compression molding machine (Rucks
Maschinenbau, Glauchau, Germany) at 200°C,
6 min, and 88 bar pressure. The sheet was then
cooled down to room temperature under pressure.
Test specimens were die-cut from the compression
molded sheet and used for testing after 24 h of stor-
age at room temperature.
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Figure 1. Schematic representation of the set-up: coupling
of an electron accelerator with an internal mixer



2.3. Testing procedure

Tensile tests were carried out according to ISO
527-2/S2/50 on dumb-bell shaped specimens using
an universal tensile testing machine Zwick 8195.04
at a constant cross-head speed of 50 mm/min. E
modulus was determined in between 0.05 and
0.25% of strain. Differential scanning calorimeter
(DSC) measurements were carried out using a DSC
Q1000 (TA instruments, New Castle, USA). The
scans were taken in the temperature range from –80
to 200°C with a programmed heating rate of
10 K/min under N2 atmosphere. Dynamic mechani-
cal thermal analyses (DMTA) of the samples were
performed using an Eplexor 2000N DMTA (ver-
sion 8.373 h) at a frequency of 10 Hz and 0.2%
strain. The samples were first cooled to –80°C and
then subsequently heated at a rate of 4 K/min over a
range of –80 to 140°C. The tanδ peak maxima were
assigned to the glass transitions (Tg) of EPDM and
PP. Gel content of the samples was calculated after
extracting out the PP-phase by boiling xylene.
Phase morphology was investigated by a LEO 435
VP Ultra plus Scanning Electron Microscope
(SEM) from Carl Zeiss SMT (Jena, Germany) after
ultracutting of TPV samples at –130°C in a Leica
Ultra-microtome (Wetzlar, Germany).

3. Results and discussion

3.1. Mechanical properties

Study of mechanical properties of TPVs is very
important to understand the effects of electron
induced reactive processing. Influence of the vari-
ous conditions of this novel process on the stress-
strain behavior of the PP/EPDM TPVs is shown in
Figures 2a, b, and c. The experimental data of E
modulus, tensile strength, and elongation at break
as well as and their uncertainties at 96% confidence
level are given in Table 1. From experimental data
at 1.5 MeV and for an electron treatment of 60 s it

was observed that with increasing absorbed dose
from 25 to 50 kGy tensile strength, elongation at
break, and E modulus of the TPVs were signifi-
cantly improved. In case of the untreated sample
tensile strength was only 4.7 ± 0.1 MPa and elon-
gation at break was 46 ± 5%. At 50 kGy, tensile
strength was 9.2 ± 0.3 MPa and elongation at break
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Figure 2. a) Influence of dose on tensile stress as function
of tensile strain, b) influence of electron treat-
ment time on tensile stress as function of tensile
strain, c) influence of electron energy on tensile
stress as function of tensile strain

Table 1. Experimental data of E modulus, tensile strength, and elongation at break

Electron energy
[MeV]

Dose
[kGy]

Treatment time
[s]

E-modulus
[MPa]

Tensile strength
[MPa]

Elongation at break
[%]

0.0 000 00 112 ± 12 4.7 ± 0.1 46 ± 5
1.5 025 60 159 ± 11 7.0 ± 0.1 135 ± 15
1.5 050 60 156 ± 4 9.2 ± 0.3 298 ± 35
1.5 100 60 173 ± 20 9.8 ± 0.2 282 ± 28
1.5 100 30 191 ± 8 9.5 ± 0.7 215 ± 80
1.5 100 15 176 ± 3 14.7 ± 0.5 624 ± 41
0.6 050 60 150 ± 36 8.2 ± 0.4 168 ± 42



was 298 ± 35%. Further increase in dose to
100 kGy resulted in a small increase of tensile
strength to 9.8 ± 0.2 MPa where as elongation at
break is kept constant (282 ± 28%). Such influence
of absorbed dose has been expected from EB treat-
ment under static conditions [19].
The experimental data at 1.5 MeV and 100 kGy
showed that with decreasing electron treatment
time from 60 s (16.5 kGy/s and 22 kGy per rota-
tion) to 15 s (66 kGy/s and 88 kGy per rotation),
tensile strength and elongation at break were fur-
ther improved whereas E modulus remained con-
stant at a level of 178 ± 2 MPa. This value is higher
in comparison to the E modulus of untreated sam-
ple (112 ± 12 MPa). Highest tensile strength of
14.7 ± 0.5 MPa and maximum elongation at break
of 624 ± 41% were recorded for an electron treat-
ment of 15 s. Thus, electron treatment time influ-
encing on dose rate as well as absorbed dose per
rotation is an additional parameters controlling the
stress-strain behavior of the PP/EPDM TPVs.
The influence of electron energy on mechanical
properties was investigated at an absorbed dose of
50 kGy due to limited dose rate of electron acceler-
ator and for an electron treatment time of 60 s. In
comparison to the results at 1.5 MeV (8.2 kGy/s
and rvol = 0.062) it is seen that at 0.6 MeV
(28.8 kGy/s and rvol = 0.017) tensile strength and
elongation at break were reduced whereas E modu-
lus remained constant. Finally, electron energy
influencing penetration depth as well as ratio of
modified volume to total mixing chamber volume
is controlling the stress-strain behavior of the
PP/EPDM TPVs.

3.2. DSC study

Table 2 shows the experimental data of glass transi-
tion temperatures of EPDM and PP (Tg), melting

temperature (Tm), crystallisation temperature (Tc,m)
and melt enthalpy (ΔH). The uncertainties of melt
enthalpy are related to a confidence level of 96%.
Absorbed dose has an influence on both the onset
of crystallisation (Tc,0) and the maximum crystalli-
sation temperature (Tc,m) at fixed electron energy
(1.5 MeV) and constant electron treatment time
(60 s). For the untreated sample the value of Tc,m

was 113.5°C, where as at 25 and 100 kGy the val-
ues were increased to 123.1 and 124.8°C, respec-
tively. This result may be explained by self-nucle-
ation of PP in presence of irradiation, which is in
line with the mechanical properties. Further, it was
observed that only slight changes took place after
EB treatment in the values of Tg of EPDM (at
around –53°C) and PP (at around –6°C). Further-
more, no significant changes were noticed in
enthalpy value (ΔH) within experimental uncer-
tainty and melting temperature (Tm) of PP after EB
treatment indicating hardly any degradation
(Table 2).
In contrast to the results of stress-strain behavior,
electron treatment time and electron energy have
no significant influence on the heat flow curves.
Thus, overall orientation, crystallisation, thickness
of lamella and crosslinking are not changed.

3.3. DMTA study

It can be observed from Figure 3 that storage mod-
uli of all the TPVs were higher than that of the
untreated sample over the entire temperature range.
Further, storage modulus depends on absorbed dose
at fixed electron energy (1.5 MeV) and constant
electron treatment time (60 s). Again, electron
treatment time and electron energy have no signifi-
cant influence on storage modulus of TPVs. Fig-
ure 4 illustrates the tanδ plot as function of
temperature and demonstrates that there are two
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Table 2. Experimental data of glass transition temperature of EPDM and PP (Tg), melting temperature (Tm), crystallisation
temperature (Tc,m), and melt enthalpy (ΔH)

Electron
energy
[MeV]

Dose
[kGy]

Treatment
time
[s]

Tg

(EPDM)
[°C]

Tg

(PP)
[°C]

Tm

(2nd heating)
[°C]

Tc,m

(1st cooling)
[°C]

ΔΔH
(2nd heating)

[J/g]
0.0 000 00 –53 –7 158.6 113.5 50.8 ± 0.9
1.5 025 60 –53 –7 161.1 123.1 49.6 ± 0.6
1.5 050 60 –53 –6 160.1 124.4 48.4 ± 1.3
1.5 100 60 –53 –6 158.6 124.8 51.6 ± 1.0
1.5 100 30 –53 –6 158.3 125.0 51.6 ± 1.5
1.5 100 15 –53 –6 158.3 124.8 51.3 ± 0.9
0.6 050 60 –53 –5 160.3 124.6 49.8 ± 1.8



major transitions: the Tg of EPDM at around –43°C
and that of PP at around 16°C. Table 3 shows the
tanδmax value at the Tg of EPDM of the TPVs at
varied absorbed dose. It clearly demonstrates that
the values were lowered with increasing absorbed
dose indicating higher extent of cross-linking in the
EPDM phase and lesser damping characteristics of
the TPVs. These results were further supported by
the gel content values as also shown in Table 3.
With increasing dose the gel content value also
increases. The gel content values were higher than
the EPDM content itself in the blend which indi-
cated high degree of cross-linking in EPDM phase
and the formation of in-situ PP-EPDM graft-links
by electron induced reactive processing. The PP-
EPDM graft-links were not extractable even by
boiling xylene and therefore also contribute to the
gel contents.

Electron treatment time and electron energy have
no significant influence on storage modulus and on
the tanδ values. Thus, viscous and elastic properties
of PP-EPDM TPVs were not changed.

3.4. Morphology

TPVs are characterised by its typical dispersed
phase morphology, where cross-linked rubber par-
ticles are dispersed in a continuous matrix of ther-
moplastic. In general, the smaller the particle size,
the better the mechanical properties. Figures 5a, b,
and c illustrate SEM photomicrographs of various
PP-EPDM blends: both untreated and treated under
various conditions. In all cases, a wide distribution
of particle sizes is generated due to the mixing
under dynamic conditions. It can be seen from the
micrographs that for the untreated sample, the par-
ticle sizes were much bigger (around 2–3 μm).
Electron induced reactive processing at 1.5 MeV,
100 kGy, and 60 s results in smaller EPDM particle
size (even to 0.2 μm) indicating better dispersion
due to the dynamic vulcanisation. The smallest
EPDM particle sizes (around 0.04 μm) were
recorded in case of 100 kGy absorbed dose and 15 s
electron treatment time (Figure 5c) at 1.5 MeV,
which is in line with the mechanical properties.

4. Conclusions

Thermoplastic vulcanisates (TPVs) were prepared
by dynamic vulcanisation with 50:50 blend ratio of
PP and EPDM using novel electron induced reac-
tive processing under various conditions as an
alternative to conventional phenolic resin and per-
oxide cross-linking systems. The adhesion between
the dispersed EPDM particles and PP matrix plays
a very important role governing the deformation
behavior of the TPVs. It can be concluded that elec-
tron induced reactive processing with 1.5 MeV
electrons for 15 s at an absorbed dose of 50 kGy
should give best balance of mechanical properties
for our experimental setup.
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Table 3. tanδmax and gel content of various PP-EPDM TPVs

Electron energy [MeV] Dose [kGy] Treatment time [s] tanδδ peak value (EPDM) Gel content [%]
0.0 000 00 0.249 00.0
1.5 025 60 0.213 54.5
1.5 050 60 0.201 64.0
1.5 100 60 0.180 65.0

Figure 4. Influence of dose on tanδ as a function of tem-
perature

Figure 3. Influence of dose on storage modulus as a func-
tion of temperature



The experimental results clearly indicated that two
processes are simultaneously occurring contribut-
ing to enhancement in the mechanical properties:
(a) in-situ compatibilisation of PP and EPDM and
(b) cross-linking in the EPDM phase. Both
processes do not only depend on absorbed dose like

in traditional electron treatment under static condi-
tions. Moreover, they depend on electron treatment
time as well as electron energy. Electron treatment
time correlates with dose rate and radical genera-
tion rate. Thus we can conclude that radical genera-
tion rate of electron induced reactive processing
controls structure, morphology and properties of
PP-EPDM vulcanisate at fixed mixing rate and
fixed mixing temperature range. An influence of
reaction rate in relation to mixing rate was already
reported by Msakni et al. [20] for cross-linking of
ethylene-octene copolymers by peroxide under
dynamic conditions.
Further experiments are required to investigate the
role of absorbed dose per rotation and electron
energy in electron induced reactive processing of
PP-EPDM-vulcanisate as well as to understand the
mechanism of electron induced reactive processing
resulting in the observed experimental data.
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1. Introduction
π-conjugated polymers are the subject of recent
fundamental and industrial research due to their
novel properties and a variety of applications in the
electronic devices, such as light-emitting diodes
(LED) [1, 2], field-effect transistors (FET) [3, 4],
and molecular electronic devices [5, 6]. The char-
acteristic feature of all these substances is the con-
jugated double bond. Among these conjugated
polymers, all-trans polyacetylene (PA) is the most
prominent representative of this kind of material,

and many other conjugated polymers can, in princi-
ple, derived by the structure modification. There-
fore, it has been studied intensively both experi-
mentally [7–9] and theoretically [10–12].
Previous works [13–15] demonstrated that the
properties of these polymers are critically depend-
ent on the geometric and electronic structures of the
molecules. Therefore, knowledge about these char-
acters of the conjugated molecules is highly desired
not only for understanding the packing model of
molecules in solid, but also for designing or ration-
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Abstract. The geometric and electronic structures of all-trans polyacetylene (PA) molecule in neutral, cationic, and anionic
states have been studied theoretically by density functional theory method at the B3LYP/6-31+G* level. The results show
that both the geometric and electronic structures of the PA molecule are sensitive to the external electric field (EF). For neu-
tral PA molecule, with the increase of EF, the carbon-carbon single bonds are shortened while the carbon-carbon double
bonds are elongated. The energy gap between the highest occupied molecular orbital and the lowest unoccupied molecular
orbital (LUMO-HOMO gap) decreases with the EF increasing. For cationic PA molecule, the carbon-carbon single bonds
and carbon-carbon double bonds on the high potential side are elongated and shortened, respectively. While, the carbon-
carbon single bonds and carbon-carbon double bonds on the low potential side are shortened and elongated, respectively.
Contrary to the neutral PA case, the LUMO-HOMO gap increases with the EF increasing. Contrast to the case of cationic
PA, the evolution of carbon-carbon bond lengths for the anionic PA molecule under the external EF reverses. The LUMO-
HOMO gap of the anionic PA molecule decreases with the increase of external EF. In addition, the spatial distributions of
the HOMO and LUMO under the influence of external EF are also discussed for the PA molecule in neutral, cationic, and
anionic states.

Keywords: modeling and simulation, density functional theory, polyacetylene, electronic structure, geometric structure
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alizing electronic devices. Although much informa-
tion of the properties for this kind of materials has
been obtained with the assistance of nuclear mag-
netic resonance (NMR) [16], X-ray analysis [17],
and scanning tunneling microscopic (STM) investi-
gation [18], the details of the molecular geometric
and electronic structures as well as the structure/
properties relationships are not very clear. Electric
conductance is a bulk property. However, it does
indeed take place over the single molecules [19].
Moreover, conjugated molecules are promising
materials for electronic devices [1–6, 20], in which
the molecules undergo a large external electric field
(EF). Thus, in order to study, and eventually to be
able to predict, electrical conduction of polymers
made from organic monomers, it is important to
understand the nature of the molecular response to
an external EF both for neutral and charged species.
However, there is no systematic report on these
issues yet. The purpose of this work is to perform
theoretical investigations on the evolution of the
geometric and electronic structures of PA molecule
in neutral and charged states by considering the
influence of external EF.

2. Methods

Previous theoretical investigations of conjugated
molecules have demonstrated the significance of
correlation effects [21, 22]. In order to perform an
accurate calculation on the geometric and elec-
tronic properties of a conjugated molecule, the
computation of electron correlation effects by
many-body perturbation theory should be carried
out after the Hartree-Fock (HF) calculation. Alter-
natively, we can do density functional theory
(DFT) calculation, in which the electron correlation
is taken account. In the present work, all the calcu-
lations are performed at the B3LYP level with
6-31+G* basis set, which is widely used for calcula-
tions for conjugated molecules [22, 23], by using
the GAUSSIAN 03 program [24].
Theoretical modeling has been achieved as follows.
Prior to the introduction of EF, linear chain of all-
trans PA (see Figure 1) was fully optimized at the
B3LYP/6-31+G* level for both the neutral and
charged states. All the geometric parameters were,
then, optimized at the same level of theory in the
application of uniform external EF. A uniform EF
ranging from zero to 2.57·109 V·m–1 and aligned

along the two terminal carbon-carbon inter-atomic
vector was applied to the model molecules (see
Figure 1), which may reasonably represent the
working condition of organic electronic devices
[19, 25].

3. Results and discussion

3.1. EF effect on the geometric structure

The equilibrium geometries of the neutral and
charged all-trans PA without EF (zero EF) show a
coplanar conformation with C2h symmetry as
expected. The carbon-carbon bond lengths along
the backbone is one of the most crucial parameters
in determining molecular properties, such as static
electronic polarizability, second hyperpolarizabil-
ity [26], nonlinear optical property [27], and the
energy gap between the highest occupied molecular
orbital (HOMO) and the lowest unoccupied molec-
ular orbital (LUMO) (abbreviated as LUMO-
HOMO gap) in the conjugated molecules [28].
Figure 2 presents the bond lengths of the model PA
in neutral state, cationic state, and anionic state. It
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Figure 1. Scheme of the polyacetylene molecule studied
in the present work. The external EF is aligned
along the two terminal carbon-carbon inter-
atomic vector C1–C12.

Figure 2. The bond lengths of PA molecule in neutral
state, cationic state, and anionic state as a func-
tion of bond number (see chemical structures in
Figure 1 for bond codes)



can be seen that the neutral PA shows biggest bond
length alternation (BLA, the average of the differ-
ence in the length between the adjacent carbon-car-
bon bonds in the polyacetylene). When the PA gets
charged, the BLA is decreased dramatically. In
addition, the BLA of the anionic PA is somewhat
smaller than that of the cationic PA. The carbon-
carbon bond length is predominated not only by the
nature of the molecule, but also the surroundings.
Especially, when a considerable EF is applied, the
carbon-carbon bond length is expected to vary [29].
In order to study, and eventually to be able to pre-
dict the properties of the conjugated molecule, it is
important to understand how the carbon-carbon
bond length responds to the external EF.
After the application of EF, the molecular symme-
try is destroyed, although the coplanar conforma-
tion remains. Figure 3 gives the evolution of the
bond length with respect to that of zero EF for the
model molecule (see Figure 1) in neutral state.
When EF increases, the carbon-carbon single bonds
become shorter and the double bonds become
longer, resulting in a decreased BLA. Similar result
has also been observed for other conjugated mole-
cules, such as polythiophene and oligo(phenylene
ethylene), as reported by us [30, 31]. However, the
EF dependence of the bond length is not identical
for all the bonds. The bonds on the high potential
side show more deviation than those on the low
potential side of the model molecule. In addition,
the maximum deviation occurs in the central part

for both the single and double bonds due to the
chain end effect [29] and the better conjugation as
compared to those toward the end of the molecule. 
When the molecules are under nonequilibrium con-
ditions, the electronic state would be different and
accordingly it is essential to investigate the charged
state. Figure 4 presents the evolution of bond
length with respect to that of zero EF for the model
molecule in cationic state. When EF is introduced,
all the bond lengths change. However, the bond
length evolution is very different from that
observed for the neutral PA. With the EF increas-
ing, the single bonds and double bonds on the high
potential side get longer and shorter, respectively;
while the single bonds and double bonds on the low
potential side get shorter and longer, respectively.
Therefore, the application of external EF weakens
the conjugation of the high potential side of the
molecule and strengthens the conjugation of the
low potential side of the molecule. Contrary to the
case of neutral PA, the bonds in the central part of
cationic PA exhibit minimum bond length devia-
tion. Figure 5 shows the evolution of bond length
with respect to that of zero EF for the model mole-
cule in anionic state. In contrast to the case of
cationic state, for the anionic PA, with the EF
increasing, the single bonds and double bonds on
the high potential side get shorter and longer,
respectively; while the single bonds and double
bonds on the low potential side get longer and
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Figure 3. Geometric deviation of the bond lengths of neu-
tral PA molecule under various external EF (see
chemical structures in Figure 1 for bond codes).
The bond lengths under zero EF are referred to
as zero.

Figure 4. Geometric deviation of the bond lengths of
cationic PA molecule under various external EF
(see chemical structures in Figure 1 for bond
codes). The bond lengths under zero EF are
referred to as zero.



shorter, respectively. Thus, the application of exter-
nal EF strengths the conjugation of the high poten-
tial side of the molecule and weakens the conjuga-
tion of the low potential side of the molecule.
Similar to the case of cationic PA, the bonds in the
central part of the anionic PA exhibits minimum
bond length deviation.

3.2. EF effect on the electronic structure

The energy levels of the molecular orbitals, espe-
cially the HOMO and LUMO, are excellent indica-
tors of many molecular properties, such as chemi-
cal activity [32] and electrical performance [33].
Figure 6a gives the HOMO and LUMO levels for
the model PA in neutral state calculated by
B3LYP/6-31+G* method. It can be seen that with
the increase of EF, both the energy levels of
HOMO and LUMO decrease. When the EF
increases from zero to 2.57·109 V·m–1, the HOMO
and LUMO are decreased by 1.66 and 1.90 eV,
respectively. Figure 6b illustrates the LUMO-
HOMO gap of the model PA in neutral state. Under
zero EF, the LUMO-HOMO gap is 2.93 eV. With
the EF increasing, the LUMO-HOMO gap
decreases. By detailed analysis, it is interesting to
find that the LUMO-HOMO gap decreases linearly
with the square of EF (see the inset in Figure 6b).
Figure 7a shows the HOMO and LUMO levels for
the model PA in cationic state calculated by

B3LYP/6-31+G* method. Similar to that of neutral
case, with the EF increasing, both the HOMO and
LUMO decrease. When the EF increases from zero
to 2.57·109 V·m–1, the decrements of HOMO and
LUMO are 1.74 and 1.67 eV, respectively. Fig-
ure 7b gives LUMO-HOMO gap of the model PA
in cationic state. Under zero EF, the LUMO-
HOMO gap is 2.58 eV, which is 0.35 eV lower
than that of the neutral PA. Contrary to the case of
neutral PA, with the EF increasing, the LUMO-
HOMO gap of the cationic PA increases. A linear
relationship between the LUMO-HOMO gap and
the square of EF is also observed for the cationic
PA (see the inset in Figure 7b). Figure 8a presents
HOMO and LUMO levels for the model PA in
anionic state calculated by B3LYP/6-31+G*

method. With the EF increasing, both the HOMO
and LUMO decreases. When the EF increases from
zero to 2.57·109 V·m–1, the decrements of HOMO
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Figure 5. Geometric deviation of the bond lengths of
anionic PA molecule under various external EF
(see chemical structures in Figure 1 for bond
codes). The bond lengths under zero EF are
referred to as zero.

Figure 6. (a) LUMO and HOMO energies for the neutral
PA molecule under various external EF;
(b) LUMO-HOMO gap for the neutral PA mole-
cule under various external EF. The inset shows
the linear relationship of the LUMO-HOMO gap
and the square of EF.



and LUMO are 1.91 and 1.94 eV, respectively. Fig-
ure 8b gives LUMO-HOMO gap of the model PA
in anionic state. Under zero EF, the LUMO-HOMO
gap is 2.42 eV, which is 0.16 and 0.51 eV lower
than that of the neutral PA and cationic PA, respec-
tively. When EF is less than 0.51·109 V·m–1, the
LUMO-HOMO gap seems not sensitive to the
charges of EF. However, when the EF is higher
than 0.51·109 V·m–1, the LUMO-HOMO gap
decreases dramatically. When EF increases from
1.02·109 to 2.57·109 V·m–1, the LUMO-HOMO gap
almost decreases linearly with the increase of EF.
Compared to the cases of the neutral PA and
cationic PA, the distortion of the linear relationship
between the LUMO-HOMO gap and the square of
EF for the anionic PA is possibly caused by the
enhanced electron interaction from the additional
electron.
Other than the energy levels of the molecular
orbitals, one way to understand the molecular prop-

erties is to analyze the spatial distribution of fron-
tier orbitals [34]. Table 1 compares the spatial dis-
tribution of the HOMO and LUMO for the model
PA in neutral, cationic, and anionic states under
various EF. At zero EF, both the HOMO and
LUMO for the PA in neutral and charged states are
fully delocalized on the whole molecular backbone.
For the neutral PA, the introduction of EF tends to
move the HOMO to the low potential side and the
LUMO to the high potential side. Similar result has
also been observed for other conjugated molecules,
such as polythiophene and oligo(phenylene ethyl-
ene), as reported by us [30, 31]. While for the
cationic PA, both the HOMO and LUMO are
almost unchanged with the application of EF. For
the anionic PA, the HOMO tends to shift to high
potential side with the increasing of EF; The
LUMO almost remains when the EF is less than
0.51·109 V·m–1. However, further increasing EF
leads the LUMO practically localize on the high
potential end of the molecule.
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Figure 7. (a) LUMO and HOMO energies for the cationic
PA molecule under various external EF;
(b) LUMO-HOMO gap for the cationic PA mol-
ecule under various external EF. The inset
shows the linear relationship of the LUMO-
HOMO gap and the square of EF.

Figure 8. (a) LUMO and HOMO energies for the anionic
PA molecule under various external EF;
(b) LUMO-HOMO gap for the anionic PA mol-
ecule under various external EF



4. Conclusions

B3LYP/6-31+G* calculations are performed to
study the geometric and electronic characters of all-
trans polyacetylene (PA) molecule in neutral,
cationic, and anionic states under the influence of
external electric field (EF). For neutral PA mole-
cule, the carbon-carbon single bonds are shortened
while the carbon-carbon double bonds are elon-
gated with the EF increasing. The energy gap
between the HOMO and LUMO is decreased with
the interlocution of the external EF. For cationic
PA molecule, the carbon-carbon single bonds and
carbon-carbon double bonds on the low potential
side are elongated and shortened, respectively.
While, the evolution of carbon-carbon bond length
on the high potential side reverses. Contrary to the
neutral PA case, with the increase of EF, the
LUMO-HOMO gap increases. When compared to
the case of cationic PA, the evolution of carbon-
carbon bond length of the anionic PA molecule
under the external EF reverses. The LUMO-
HOMO gap of the anionic PA molecule decreases
with the increase of the external EF. Under zero EF,
both the HOMO and LUMO of all-trans PA mole-
cule in neutral, cationic, and anionic states are delo-
calized on the whole molecular backbone. Under
the influence of external EF, the HOMO and
LUMO for the neutral PA slightly shift to low
potential side and high potential side, respectively.
The introduction of EF has almost no effect on the
spatial distribution of the HOMO and LUMO of the
cationic PA. With the application of external EF,
both the HOMO and LUMO of anionic PA shift to
high potential side. In particular, under certain EF
the LUMO of anionic PA practically localized on
the high potential end of the molecule.

Acknowledgements

We gratefully acknowledge the financial support of
Guangxi Natural Science Foundation (No. 0991247),
Guangxi Science Research and Technology Developing
Foundation of China (No. 0842003-15) and Talent Devel-
opment Foundation of Guilin University of Technology
(No. 006206236).

References
[1] Friend R. H., Gymer R. W., Holmes A. B., Bur-

roughes J. H., Marks R. N., Taliani C., Bradley D. D.
C., Dos Santos D. A., Brédas J. L., Lögdlund M., Sala-
neck W. R.: Electroluminescence in conjugated poly-
mers. Nature, 397, 121–128 (1999).
DOI: 10.1038/16393

[2] Garcia A., Yang R., Jin Y., Walker B., Nguyen T.:
Structure-function relationships of conjugated poly-
electrolyte electron injection layers in polymer light
emitting diodes. Applied Physics Letters, 91,
153502/1–153502/3 (2007).
DOI: 10.1063/1.2794422

[3] Horowitz G.: Organic field-effect transistors.
Advanced Materials, 5, 365–377 (1998).
DOI: 10.1002/(SICI)1521-4095(199803)10:5<365::

AID-ADMA365>3.0.CO;2-U
[4] Sun Y., Liu Y., Zhu D.: Advances in organic field-

effect transistors. Journal of Materials Chemistry, 15,
53–65 (2005).
DOI: 10.1039/b411245h

[5] Akkerman H. B., Blom P. W. M., Leeuw D. M., Boer
B.: Towards molecular electronics with large-area
molecular junctions. Nature, 441, 69–72 (2006).
DOI: 10.1038/nature04699

[6] Li Y., Yao J., Liu C., Yang C.: Theoretical investiga-
tion on electron transport properties of a single molec-
ular diode. Journal of Molecular Structure:
THEOCHEM, 867, 59–63 (2008).
DOI: 10.1016/j.theochem.2008.07.026

689

Li et al. – eXPRESS Polymer Letters Vol.3, No.11 (2009) 684–691

Table 1. Spatial distribution of HOMO and LUMO of the PA in neutral state, cationic state, and anionic state under var-
ious EF

EF 109

[V·m–1]
Neutral PA Cationic PA Anionic PA

HOMO LUMO HOMO LUMO HOMO LUMO

0.00

0.51

1.54

2.57

http://dx.doi.org/10.1038/16393
http://dx.doi.org/10.1063/1.2794422
http://dx.doi.org/10.1002/(SICI)1521-4095(199803)10:5<365::AID-ADMA365>3.0.CO;2-U
http://dx.doi.org/10.1039/b411245h
http://dx.doi.org/10.1038/nature04699
http://dx.doi.org/10.1016/j.theochem.2008.07.026


[7] Shirakawa H.: The discovery of polyacetylene film:
The dawning of an era of conducting polymers. Syn-
thesis Metals, 125, 3–10 (2001).
DOI: 10.1016/S0379-6779(01)00507-0

[8] Roth S., Filzmoser M.: Conducting polymers-thirteen
years of Polyacetylene Doping. Advanced Materials,
21, 356–360 (2004).
DOI: 10.1002/adma.19900020804

[9] Lam J. W. Y., Luo J., Dong Y., Cheuk K. K. L., Tang
B. Z.: Functional polyacetylenes: Synthesis, thermal
stability, liquid crystallinity, and light emission of
polypropiolates. Macromolecules, 35, 8288–8299
(2002).
DOI: 10.1021/ma021011a

[10] Pino R., Scuseria G. E.: Importance of chain-chain
interactions on the band gap of trans-polyacetylene as
predicted by second-order perturbation theory. Journal
of Chemical Physics, 121, 8113–8119 (2004).
DOI: 10.1063/1.1798991

[11] Ciofini I., Adamo C., Chermette H.: Effect of self-
interaction error in the evaluation of the bond length
alternation in trans-polyacetylene using density-func-
tional theory. Journal of Chemical Physics, 123,
121102/1–121102/4 (2005).
DOI: 10.1063/1.2047447

[12] Champagne B., Spassova M.: Structural properties of
doped polyacetylene chains: A comparative theoreti-
cal investigation using Hartree-Fock, Moller-Plesset
second-order perturbation theory, and density func-
tional theory approaches. Physical Chemistry Chemi-
cal Physics, 6, 3167–3174 (2004).
DOI: 10.1039/b402635g

[13] Brédas J. L.: Molecular geometry and nonlinear
optics. Science, 263, 487–488 (1994).
DOI: 10.1126/science.263.5146.487

[14] Kertész M., Choi C. H., Yang S.: Conjugated poly-
mers and aromaticity. Chemical Reviews, 105,
3448–3481 (2005).
DOI: 10.1021/cr990357p

[15] Bundgaard E., Krebs F. C.: Low-band-gap conjugated
polymers based on thiophene, benzothiadiazole, and
benzobis(thiadiazole). Macromolecules, 39, 2823–
2831 (2006).
DOI: 10.1021/ma052683e

[16] Tang R., Tan Z., Li Y., Xi F.: Synthesis of new conju-
gated polyfluorene derivatives bearing triphenylamine
moiety through a vinylene bridge and their stable blue
electroluminescence. Chemistry of Materials, 18,
1053–1061 (2006).
DOI: 10.1021/cm0522735

[17] Hou J., Huo L., He C., Yang C., Li Y.: Synthesis and
absorption spectra of poly(3-(phenylenevinyl)thio-
phene)s with conjugated side chains. Macromolecules,
39, 594–603 (2006).
DOI: 10.1021/ma051883n

[18] Sakaguchi H., Matsumura H., Gong H., Abouelwafa
A. M.: Direct visualization of the formation of single-
molecule conjugated copolymers. Science, 310, 1002–
1006 (2005).
DOI: 10.1126/science.1117990

[19] Chen F., Hihath J., Huang Z., Li X., Tao N. J.: Mea-
surement of single-molecule conductance. The
Annual Review of Physical Chemistry, 58, 535–564
(2007).
DOI: 10.1146/annurev.physchem.58.032806.104523

[20] Stan M. R., Franzon P. D., Goldstein S. C., Lach J. C.,
Ziegler M. M.: Molecular electronics: From devices
and interconnect to circuits and architecture. Proceed-
ings of the IEEE, 91, 1940–1957 (2003).
DOI: 10.1109/JPROC.2003.818327

[21] Torrent-Sucarrat M., Sola M., Duran M., Luis J. M.:
Basis set and electron correlation effects on ab initio
electronic and vibrational nonlinear optical properties
of conjugated organic molecules. Journal of Chemical
Physics, 118, 711–718 (2003).
DOI: 10.1063/1.1521725

[22] Jacquemin D.,  Perpete E. A.,  Ciofini I.,  Adamo C.:
Assessment of recently developed density functional
approaches for the evaluation of the bond length alter-
nation in polyacetylene. Chemical Physics Letters,
405, 376–381 (2005).
DOI: 10.1016/j.cplett.2005.02.037

[23] Li Y. W., Zhang Y., Yin G. P., Zhao J. W.: Theoretical
investigations on molecular conducting wire under
electric field. Chemical Journal of Chinese Universi-
ties, 27, 292–296 (2006).

[24] Frisch M. J., Trucks G. W., Schlegel H. B., Scuseria
G. E., Robb M. A., Cheeseman J. R., Montgomery J.
A., Vreven Jr., T., Kudin K. N., Burant J. C., Millam J.
M., Iyengar S. S., Tomasi J., Barone V., Mennucci B.,
Cossi M., Scalmani G., Rega N., Petersson G. A.,
Nakatsuji H., Hada M., Ehara M., Toyota K., Fukuda
R., Hasegawa J., Ishida M., Nakajima T., Honda Y.,
Kitao O., Nakai H., Klene M., Li X., Knox J. E.,
Hratchian H. P., Cross J. B., Adamo C., Jaramillo J.,
Gomperts R., Stratmann R. E., Yazyev O., Austin A.
J., Cammi R., Pomelli C., Ochterski J. W., Ayala P.
Y., Morokuma K., Voth G. A., Salvador P., Dannen-
berg J. J., Zakrzewski V. G., Dapprich S., Daniels A.
D., Strain M. C., Farkas O., Malick D. K., Rabuck A.
D., Raghavachari K., Foresman J. B., Ortiz J. V., Cui
Q., Baboul A. G., Clifford S., Cioslowski J., Stefanov
B. B., Liu G., Liashenko A., Piskorz P., Komaromi I.,
Martin R. L., Fox D. J., Keith T., Al-Laham M. A.,
Peng C. Y., Nanayakkara A., Challacombe M., Gill P.
M. W., Johnson B., Chen W., Wong M. W., Gonzalez
C., Pople J. A.: Gaussian 03, Revision C.02, Gaussian,
Inc., Wallingford, USA (2004).

[25] Schön J. H., Meng H., Bao Z.: Field-effect modulation
of the conductance of single molecules. Science, 294,
2138–2140 (2001).
DOI: 10.1126/science.1066171

690

Li et al. – eXPRESS Polymer Letters Vol.3, No.11 (2009) 684–691

http://dx.doi.org/10.1016/S0379-6779(01)00507-0
http://dx.doi.org/10.1002/adma.19900020804
http://dx.doi.org/10.1021/ma021011a
http://dx.doi.org/10.1063/1.1798991
http://dx.doi.org/10.1063/1.2047447
http://dx.doi.org/10.1039/b402635g
http://dx.doi.org/10.1126/science.263.5146.487
http://dx.doi.org/10.1021/cr990357p
http://dx.doi.org/10.1021/ma052683e
http://dx.doi.org/10.1021/cm0522735
http://dx.doi.org/10.1021/ma051883n
http://dx.doi.org/10.1126/science.1117990
http://dx.doi.org/10.1146/annurev.physchem.58.032806.104523
http://dx.doi.org/10.1109/JPROC.2003.818327
http://dx.doi.org/10.1063/1.1521725
http://dx.doi.org/10.1016/j.cplett.2005.02.037
http://dx.doi.org/10.1126/science.1066171


[26] Champagne B., Perpete E. A.: Bond length alternation
effects on the static electronic polarizability and sec-
ond hyperpolarizability of polyacetylene chains. Inter-
national Journal of Quantum Chemistry, 75, 441–447
(1999).
DOI: 10.1002/(SICI)1097-461X(1999)75:4/5<441::

AID-QUA10>3.0.CO;2-B
[27] Marder S. R., Gorman C. B., Tiemann B. G., Perry J.

W., Bourhill G., Mansour K.: Relation between bond-
length alternation and second electronic hyperpolariz-
ability of conjugated organic molecules. Science, 261,
186–189 (1993).
DOI: 10.1126/science.261.5118.186

[28] Brisset H., Blanchard P., Illien B., Riou A., Roncali J.:
Bandgap control through reduction of bond length
alternation in bridged poly(diethienylethylene)s.
Chemical Communications, 569–570 (1997).
DOI: 10.1039/a607890g

[29] Champagne B., Deumens E., Öhrn Y.: Vibrations and
soliton dynamics of positively charged polyacetylene
chains. The Journal of Chemical Physics, 107, 5433–
5444 (1997).
DOI: 10.1063/1.474249

[30] Zhang Y., Ye Y., Li Y., Yin X., Liu H., Zhao J.: Ab
initio investigations of quaterthiophene molecular
wire under the interaction of external electric field.
Journal of Molecular Structure: THEOCHEM, 802,
53–58 (2007).
DOI: 10.1016/j.theochem.2006.09.012

[31] Li Y., Zhao J., Yin G.: Theoretical investigations of
oligo(phenylene ethylene) molecular wire: Effects
from substituents and external electric field. Computa-
tional Materials Science, 39, 775–781 (2007).
DOI: 10.1016/j.commatsci.2006.09.010

[32] Aihara J.: Correlation found between the HOMO-
LUMO energy separation and the chemical reactivity
at the most reactive site for isolated-pentagon isomers
of fullerenes. Physical Chemistry Chemical Physics,
2, 3121–3125 (2000).
DOI: 10.1039/b002601h

[33] Singh T. B., Sariciftci N. S.: Progress in plastic elec-
tronics devices. Annual Review of Materials
Research, 36, 199–230 (2006).
DOI: 10.1146/annurev.matsci.36.022805.094757

[34] Li Y., Zhao J., Yin X., Liu H., Yin G.: Conformational
analysis of diphenylacetylene under the influence of
an external electric field. Physical Chemistry Chemi-
cal Physics, 9, 1186–1193 (2007).
DOI: 10.1039/b615618e

691

Li et al. – eXPRESS Polymer Letters Vol.3, No.11 (2009) 684–691

http://dx.doi.org/10.1002/(SICI)1097-461X(1999)75:4/5<441::AID-QUA10>3.0.CO;2-B
http://dx.doi.org/10.1126/science.261.5118.186
http://dx.doi.org/10.1039/a607890g
http://dx.doi.org/10.1063/1.474249
http://dx.doi.org/10.1016/j.theochem.2006.09.012
http://dx.doi.org/10.1016/j.commatsci.2006.09.010
http://dx.doi.org/10.1039/b002601h
http://dx.doi.org/10.1146/annurev.matsci.36.022805.094757
http://dx.doi.org/10.1039/b615618e


1. Introduction
The interest in polymer/layered silicate nanocom-
posites is still large and intensive research is going
on in many research groups in this field in spite of
the fact that a real breakthrough has not been
achieved yet. The strong interest is justified mainly
by the claimed advantages of such nanocomposites.
The complete exfoliation of the nanometer thick
silicate layers is expected to result in the formation
of a large interface which should result in excep-
tional properties [1–4]. Reinforcement at small clay
content [1–4], decreased flammability [1–3] and
permeability [1–4], improved heat deflection tem-

perature [2, 4] are among the most often cited
advantages of these materials.
Although the principles for the preparation of lay-
ered silicate nanocomposites are clear, complete
exfoliation and the expected improvement in prop-
erties are rarely achieved. Quite a few controversial
results are reported about the structure and proper-
ties of these materials as well as about the effect of
various factors on them. The extent of exfoliation
in a polymer/layered silicate nanocomposite is
determined by thermodynamic and kinetic factors
as discussed among others by Vaia and Giannelis
[5, 6]. Layered silicate nanocomposites are often
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complicated systems containing several compo-
nents like the polymer, the silicate, the surfactant,
and quite often also swelling and coupling agents
or other additives to help exfoliation [7–14]. The
competitive interactions acting among the various
groups of the components are very difficult to esti-
mate and control, which results in a wide range of
structures often with inferior properties.
Similarly to the uncertainties related to the role and
effect of interactions on the structure and properties
of nanocomposites, the effect of kinetics, i.e. pro-
cessing conditions, on structure development is
also quite unclear. Some groups claim that process-
ing conditions, or even preparation conditions do
not influence the structure of the composites [15,
16], while others found a strong effect of process-
ing [17, 18]. For example Yilmazer and Ozden [16]
compared the effect of three preparation conditions,
i.e. in situ polymerization, melt compounding and a
masterbatch method, and did not find any signifi-
cant difference in structure and properties of poly-
styrene (PS) nanocomposites. On the other hand,
Paul and co-workers [19–21] carried out a detailed
study on polyamide 6 (PA6) nanocomposites using
a single and three twin-screw extruders for process-
ing and found a profound effect of conditions on
the structure of the composites. Twin-screw extrud-
ers, longer residence time and medium shear
resulted in larger extent of exfoliation than other
conditions including high shear. Lertvimolnun and
Vergnes [22–24] came practically to the same con-
ditions finding a strong effect of kinetics on the
structure and properties of PP/layered silicate
nanocomposites. These results clearly show that the
combination of thermodynamics and kinetics must
determine the extent of exfoliation, as well as the
resulting properties.
In view of the controversies cited above, the goal of
our work was to study the effect of various factors
on structure development in PP/layered silicate

composites. The study focused mainly on kinetic
factors, but interactions were also modified by the
addition of a compatibilizer. The experiments were
carried out in two series. In the first series several
polypropylene homopolymers with different melt
flow indices were used as matrix to modify shear
stresses, and both the time and the rate of mixing
were also changed. In the second series the same
polymer was used in all experiments, but maleated
PP was also added to assist exfoliation. The rate
and time of mixing were changed also in this series
at several levels. The structure of the composites
was characterized by various methods and several
properties were measured in order to identify the
processes taking place during mixing and the most
important factors influencing them.

2. Experimental

Five PP homopolymers produced by TVK, Hun-
gary were used in the first series of experiments,
the Tipplen H377 (PP90), H483 (PP65), H543
(PP40), H605 (PP30) and the H890 (PP03) grades.
All polymers, their abbreviation and melt flow
index (MFI) value are compiled in Table 1 together
with the composition of the nanocomposites stud-
ied. The abbreviation is based on the MFI of the
polymers. All polymers contained a commercial
additive package except the H605 grade. The
Nanofil 848 (N 848) product of Süd Chemie was
used as silicate. This clay is coated with stearyl
amine, its density is 1.8 g/cm3, moisture content
2 wt%, organic content 25 wt% and particle size
3 μm. Composition was the same in all experi-
ments, 2 vol% clay was added to the polymer. The
Tipplen H 649 (PP25) grade was used as matrix
polymer in the second series, the Nanofil SE 3000
(NSE 3000) silicate as reinforcement. The silicate
was organophilized with 55 wt% distearyldimethyl
amine, its density was 1.8 g/cm3 and the average
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Table 1. Characteristics of the polymers and composition of the nanocomposites studied

aDetermined at 230°C and 21.6 N

Polymer MAPP Silicate
Trade name Abbrev. MFIa [g/10 min] Type vol% Type vol%

Tipplen H 377 PP90 9.0 – 0 N 848 2
Tipplen H 483 PP65 6.5 – 0 N 848 2
Tipplen H 543 PP40 4.0 – 0 N 848 2
Tipplen H 605 PP30 3.0 – 0 N 848 2
Tipplen H 890 PP03 0.3 – 0 N 848 2
Tipplen H 649 PP25 2.5 AR 504 20 NSE 3000 1



particle size was less than 10 μm. A small molar
mass maleated PP, Licomont AR 504 (AR 504,
Clariant AG) was used as coupling agent to pro-
mote exfoliation. Its maleic anhydride content was
3.5 wt% and it had very low viscosity (0.8 Pa·s at
170 °C). The composites contained 1 vol% clay
and 20 vol% MAPP in this series.
Composites were prepared in a Brabender W 50 EH
internal mixer attached to a Haake Rheocord EU
10 V driving unit at 190 °C. Charge volume was
42 cm3 in both series. Samples were prepared at the
combination of 2, 5, 8, 10, 12, 15 and 20 min mix-
ing time and 50 rpm, as well as at 10, 30, 70 and
100 rpm and 8 min in the first series. Time changed
in six (5, 10, 15, 30, 45 and 60 min), while the rate
of mixing in four (20, 50, 80 and 120 rpm) steps
and samples were prepared at all combinations of
the parameters in the second series. The homoge-
nized samples were compression molded into 1 mm
thick plates using a Fontijne SRA 100 machine at
190 °C and 3 min preheating and 3 min compres-
sion time.
The gallery structure of the silicate was character-
ized by X-ray diffraction (XRD) using a Phillips
PW 1830/PW 1050 equipment with CuKα radiation
at 40 kV and 35 mA. The morphology of the sam-
ples was examined by transmission electron
microscopy. 50–100 nm thick slices were cut at
–80 °C with a Leica Ultracut UCT microtome.
TEM images were created with a Philips CM30
Twin STEM electron microscope fitted with Kevex
Delta-Plus EDX and Gatan model 666 PEELS.
Thin films of approximately 100 μm thickness
were compression molded from the composites for
Fourier transform infrared spectroscopy (FTIR).
The spectra were recorded using a Mattson Galaxy
3020 spectrometer (Unicam) in the 4000–400 cm–1

wavelength range with 4 cm–1 resolution in
16 scans. The color of the samples was measured
using a Hunterlab Colourquest 45/0 apparatus and
it was characterized by the yellowness index
according to the ASTM D 1925 standard. Rheolog-
ical measurements were carried out using a Paar
Physica UDS 200 apparatus at 200 °C in oscillatory
mode in the frequency range of 0.1–600 1/sec on
discs with 25 mm diameter and 0.5 mm thickness.
The amplitude of the deformation was 5%, which
was in the linear elastic region checked by an
amplitude sweep. The tensile properties of the sam-
ples were measured using an Instron 5566 appara-

tus. Young’s modulus was determined at
0.5 mm/min cross-head speed. 50 mm/min was
used in the first and 5 mm/min in the second series
for the determination of tensile strength and elon-
gation-at-break. All characteristics were derived
from three parallel measurements.

3. Results and discussion

The results are presented in three sections. The two
series are discussed separately first, then they are
compared in a subsequent section to draw general
conclusions from the study. Mostly the time
dependence of properties will be shown to simplify
discussion, practically the same conclusions can be
drawn from the effect of the rate of processing on
structure and properties.

3.1. PP/OMMT composites

The torque developing in the mixer was recorded
during the preparation of the samples. Torque is
proportional to shear stress, and since average shear
rate is constant, it is proportional also to the viscos-
ity of the melt. The torque recorded at the end of the
homogenization is plotted against mixing time in
Figure 1 for two composites with different matri-
ces. The viscosity of the remaining three polymers
was very similar to that of PP65, which was quite
surprising since their MFI changed between 3 and
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Figure 1. Effect of processing time and the molecular
weight of the matrix polymer on the viscosity
(torque) of layered silicate composite melts con-
taining 2 vol% OMMT



6.5 g/10 min. This similarity was observed in most
properties, therefore we usually present only two
correlations for the sake of clarity. However, the
similarity of the behavior of the four polymers
needs further study and explanation.
Torque decreases with time in both cases indicating
changes in the structure of the composites. A defi-
nite explanation obviously cannot be given based
on these correlations; one can only speculate on the
possible reasons. Torque usually decreases in the
first stage of the mixing until the material reaches
constant temperature. In our case the decrease is
continuous, thus it must be related to structural
changes. Both the dispersed structure of the com-
posite and the molecular structure of PP may
change during mixing. The relatively large micron
sized particles are evenly distributed in the matrix,
but possible intercalation and/or exfoliation may
also lead to changes in viscosity. One would expect
an increase in viscosity with exfoliation, since
exfoliation creates new surfaces, and strong inter-
action should lead to the formation of an interphase
with decreased mobility. On the other hand, we
know that the surface free energy of organophilic
MMT is small [25], thus weak interaction with the
clay may result in the disruption of entanglements
and weaker interaction among the chains, like in
PVC nanocomposites [26]. Naturally this latter
explanation is rather improbable considering the
very small surface tension of PP and the resulting
weak interactions in this polymer.
Both of the polymers contain a commercial addi-
tive package, i.e. they are sufficiently stabilized for
normal processing and application purposes. How-
ever, we know that PP is rather sensitive to degra-
dation which proceeds through β-scission in this
polymer resulting in the decrease of molecular
weight. If the organoclay catalyses the chemical
reactions occurring during the processing of the
polymer and promotes degradation, chains scission
may occur and molecular weigh decreases as a
result. Only the analysis of further results may
answer these questions.
Although extensive exfoliation is not expected in
the absence of a compatibilizer in these PP/OMMT
composites, structural changes may occur, which
can influence their properties, including viscosity.
The WAXS patterns of the composites prepared
from PP03 with 2 vol% OMMT are presented in
Figure 2. Although not very dramatic, but a clear

change can be observed in the traces. The charac-
teristic peak of the silicate broadens and shifts
towards smaller 2θ angles. This latter change is
usually explained by the intercalation of the poly-
mer into the galleries of the silicate, while the
broadening indicates less regular stacking of the
layers. Accordingly, the WAXS study indicates
changes in the gallery structure of the polymer
and/or limited exfoliation. In order to check the dis-
persed structure of the composites TEM micro-
graphs were taken from selected samples. These
also corroborate our conclusion that structure
changes somewhat during the processing of the
composites. A very large particle of at least
5 micron size is seen in the TEM micrograph taken
from the PP65 composite after 5 min processing
time (Figure 3a). The particle is very compact,
intercalation or exfoliation cannot be observed at
all. On the other hand, structure changes consider-
ably after 20 min homogenization as Figure 3b
shows. The size of this particle is much smaller, its
structure is looser and individual platelets as well
as smaller fragments are also visible in the micro-
graph (see arrows). Longer mixing obviously
resulted in the transformation of structure.
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Figure 2. WAXS patterns of PP03/OMMT composites
processed under various conditions. See shift
and broadening of the silicate reflection.



However, these changes are not necessarily related
to the decrease of viscosity during mixing. On the
other hand, a very close correlation is obtained if
we plot the intensity of the silicate reflection, char-
acterized by the area under the peak, against the
torque measured at the end of mixing (Figure 4).
The tendency is clear in spite of the small differ-
ences observed among the polymers with smaller
molecular weights. The arrow in the figure indi-
cates increasing processing time. Accordingly,
gallery distance increases (not shown) and the
intensity of the reflection decreases with decreasing
viscosity. Obviously the magnitude of shear forces
does not play a determining role in these structural
changes, since it decreases continuously with
increasing processing time. Larger mobility of the
smaller molecules may facilitate diffusion into the

galleries, but the degradation of the polymer might
modify interactions as well.
The changes in the structure of the composites
resulted in the modification of properties as well.
The Young’s modulus of composites prepared with
three matrices is plotted against mixing time in Fig-
ure 5. The broken line in the figure indicates the
stiffness of a PP/CaCO3 composite containing
5 vol% filler. CaCO3 does not exfoliate thus it is
used as reference for non-exfoliated PP/OMMT
composites. Stiffness is determined by the crys-
talline structure of the polymer and by the extent of
exfoliation. The correlations are very difficult to
explain. Modulus increases with increasing MFI of
the matrix, which would indicate the effect of chain
mobility. However, the decrease of stiffness cannot
be explained at all, it must be related to changing
crystalline structure or increased interaction hinder-
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Figure 3. Changes in the gallery structure of the silicate with increasing processing time. PP65/2 vol% OMMT. a) 5 min,
50 rpm, b) 20 min, 50 rpm. Arrows indicate individual platelets or smaller particles.

Figure 4. Correlation between the intensity of the silicate
reflection and the torque (viscosity) measured at
the end of the mixing

Figure 5. Effect of matrix properties and processing time
on the stiffness of PP/OMMT composites



ing the crystallization of the polymer (see PP03).
Both the position of the silicate reflection and its
intensity decreased indicating increased intercala-
tion and/or some exfoliation, confirmed also by the
TEM study. These changes should have resulted in
an increase and not a decrease in stiffness.
Figure 6 presents changes in the relative deforma-
bility of the samples with increasing processing
time for composites prepared with three matrices.
The elongation-at-break values of the neat poly-
mers differ considerably due to their dissimilar
molecular weight, thus relative values must be used
for comparison. The results further complicate the
situation and finding a plausible explanation for the
changes. One would expect some correlation
between molecular weight and changes in deforma-
bility here too, but the PP30 matrix maintains the
largest deformability, while the PP03 polymer with
the largest initial elongation-at-break has an inter-
mediate value. At longer processing times the
deformability of the PP65 polymer is close to zero.
The relative order of the polymers is very difficult
to understand, since the PP65 and PP03 polymers
contained commercial stabilizer packages, while
the PP30 polymer was not stabilized. Nevertheless,
after considering all the results presented above,
and those not shown, we may conclude that the
degradation of the polymers and the resulting
changes in their molecular structure may play a role
in the determination of structure and properties.

In order to check this hypothesis, FTIR spectra
were recorded on the neat polymers and on the
composites. Evaluation was rather difficult in the
latter case because of the intensive absorbance of
the silicate. Nevertheless a peak was detected in the
spectra at 1714 cm–1 in the range where usually
carbonyl and carboxyl groups absorb. The intensity
of this vibration is plotted against processing time
in Figure 7. The number of carbonyl groups seems
to increase considerably during processing which
supports our hypothesis about the degradation of
the polymer. In a further attempt to prove the role
of degradation, we introduced additional amounts
of stabilizer into the composite (0.1 wt% Irganox
1010). The change of torque with time is presented
in Figure 8 for composites prepared with the PP03
polymer with and without additional stabilization.
The difference is clear, viscosity decreases some-
what at the shorter processing times, most probably
because of increasing temperature, and remains
more or less constant afterwards for the stabilized
sample. We must mention here that the elongation-
at-break values change similarly with stabilization
indicating the clear effect of molecular weight and
degradation in the determination of this property.
We can conclude that PP degrades in smaller or
larger extent during the production of these layered
silicate composites. The extent of degradation must
depend on the efficiency of stabilization. The clay
seems to accelerate degradation. Changing molecu-
lar structure modifies chain structure, which influ-
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Figure 6. Changes in the relative elongation-at-break val-
ues of PP/OMMT composites with the MFI of
the matrix and with increasing processing time

Figure 7. Increasing carbonyl content of PP03/OMMT
composites with increasing time of homogeniza-
tion



ences interactions and mobility, but also the struc-
ture of the composites. The degree of exfoliation is
very limited but some intercalation definitely
occurs in the studied PP/OMMT composites. The
role of the clay in degradation processes needs fur-
ther investigation.

3.2. PP/OMMT/MAPP composites

PP nanocomposites are practically always prepared
with a compatibilizer in order to facilitate exfolia-
tion. Exfoliation was very limited in the absence of
MAPP indeed, as shown in the previous section. In
the next series of experiments we added a small
molecular weight MAPP compatibilizer with large
functionality [27, 28] to the composites. The effect
of the compatibilizer on the gallery structure of the
composites is shown in Figure 9. The silicate peak
completely disappears already after 5 min mixing
time even under very moderate shear conditions
(20 rpm). Further changes cannot be observed in
the pattern with increasing processing load (60 min,
120 rpm). Some authors claim complete exfoliation
based on the disappearance of the silicate reflection
[29, 30], but several studies proved that this is not
true [31, 32]. Nevertheless, the gallery structure of
the composite changed considerably in the pres-
ence of the compatibilizer. This change is con-
firmed by the TEM micrograph taken from the
sample processed at 50 rpm for 10 min (Figure 10).

A relatively large particle, but with a very loose
structure can be observed in the figure. The density
of platelets increases towards the center, gallery
distance is larger at the edges and at the lower end
of the particle. A few individual layers can also bee
seen in the upper left corner. The micrograph
proves that the disappearance of the silicate does
not indicate complete exfoliation, but the compati-
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Figure 8. Effect of additional stabilization on the viscosity
(torque) of PP03/PP composites. (•) without
additional stabilization, (ο) with 0.1 wt%
Irganox 1010 stabilizer.

Figure 9. Influence of maleated PP compatibilizer on the
gallery structure of the silicate in PP/OMMT
nanocomposites. See the disappearance of the
silicate reflection. a) PP/OMMT, 10 min,
50 rpm, b) PP/OMMT/MAPP, 10 min, 50 rpm.

Figure 10. TEM micrograph taken from a silicate particle
in a PP/OMMT/MAPP nanocomposite. See the
loose structure, changing platelet density and
individual platelets



bilizer loosens up the structure and helps intercala-
tion as well as exfoliation.
Unfortunately, the proper evaluation of properties
is very difficult when this small molecular weigh
compound is used as compatibilizer. Especially the
rheological properties change drastically in its pres-
ence. However, the time dependence of viscosity as
well as the comparison of the viscosity of PP/
MAPP blends to that of PP/OMMT/MAPP com-
posites indicates that molecular weight decreases
with increasing processing time (Figure 11), but

also with increasing shear rate (not shown). This
result confirms and strongly supports our previous
observation about the possible degradation of the
polymer during the processing of these layered sili-
cate composites. A further proof for degradation is
supplied by the changes in the color of the compos-
ites with processing conditions. The yellowness
index of the composite processed at 50 rpm is plot-
ted as a function of mixing time in Figure 12. The
drastic increase in color is a clear proof of chemical
reactions occurring in the composite during pro-
cessing. The results of two independent series of
measurements unambiguously prove that degrada-
tion of the polymer occurs and influences proper-
ties.

3.3. Comparison, discussion

The stability of polymer/layered silicate nanocom-
posites is an often discussed topic in the literature,
but not in the context encountered here. Layered
silicates are claimed to improve thermal stability
and the claim is usually supported by thermal
gravimetric (TGA) measurements [33, 34]. Degra-
dation temperature is supposed to increase due to
the formation of a silicate layer, which hinders the
diffusion of flammable gases out of and that of the
oxygen into the composite. This phenomenon
might be important in the burning of plastic prod-
ucts and flame retardancy, but not during the pro-
cessing and use of such composites. Although the
deteriorating effect of the components (OMMT,
MAPP) was shown on the light stability of PP/lay-
ered silicate composites [35, 36], very few papers
were published on thermooxidative stability. How-
ever, degradation is obviously accelerated by the
organoclay and probably also by the functionalized
polymer shown by both series of measurements of
this study. Changing molecular structure of PP
influences properties and complicates the evalua-
tion of structure-property correlations.
The apparently contradictory results reported in the
previous two sections are the results of complex
processes including degradation, which modifies
interactions and the kinetics of intercalation. The
degradation of the polymer leads to the formation
carbonyl and carboxyl groups even in the presence
of stabilizers. Only a few carboxyl groups were
shown to change interactions drastically in
PP/CaCO3 composites [37–39]. The increasing
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Figure 11. Effect of the compatibilizer, the clay and pro-
cessing time on the complex viscosity of
PP/OMMT/MAPP nanocomposites determined
at 1 s–1 frequency. See the detrimental effect of
the components.

Figure 12. Increasing color of PP/OMMT/MAPP
nanocomposites with increasing processing
time at 50 rpm proving chemical reactions and
degradation



number of carbonyl groups changes the interaction
of the polymer with the organophilic silicate and
decreasing chain length leads to increased mobility
and faster diffusion. These result in increased inter-
calation in PP/OMMT composites (Figures 2 and
3). However, stronger interaction modifies also
crystallization and crystalline structure leading to a
diverse response of modulus to changing process-
ing conditions (Figure 5). Deformability is deter-
mined mainly by molecular weight (Figure 6).
In spite of the increasing number of carbonyl
groups, intercalation and exfoliation is limited in
PP/OMMT composites. The inclusion of MAPP
assists intercalation, but complete exfoliation is not
achieved even in this case. Degradation processes
seem to be significant also in the presence of the
functionalized polymer. The small molecular
weight of MAPP and degradation further compli-
cates the identification of the main factors deter-
mining structure and properties in these PP/
OMMT/MAPP nanocomposites. Targeted experi-
ments with proper experimental design are needed
to separate the effects discussed here and resolve
the complexity of the processes and factors playing
a role in the preparation of PP nanocomposites.

4. Conclusions

The gallery structure of the organophilic silicate
changed in spite of the fact that no compatibilizer
was added to PP/OMMT nanocomposites. Silicate
reflection shifted towards smaller 2θ angles, broad-
ened and its intensity decreased indicating interca-
lation. TEM micrographs even showed individual
platelets at long mixing times. However, the extent
and direction of changes in the gallery structure of
the silicate did not justify those observed in proper-
ties. The analysis of the results and additional
experiments proved that the degradation of the
polymer also takes place during processing leading
to the formation of carbonyl and/or carboxyl
groups, as well as to the decrease of molecular
weight. The modification of chain structure influ-
ences interfacial interactions and the intercalation
process. Some properties are directly determined
by molecular weight (rheological properties, elon-
gation). Both the clay and the functionalized poly-
mer seem to accelerate degradation. Thermooxida-
tive degradation must have disadvantageous effect

during the application of PP nanocomposites and
needs further study.
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1. Introduction
Commercial wholly aromatic polyamides have
been well known for their high temperature stabil-
ity, excellent mechanical strength and good chemi-
cal resistance, which qualify them as high-perform-
ance polymeric materials [1–8]. However, these
wholly aromatic polyamides usually shows poor
solubility in common organic solvents and their
extremely high melting temperatures, which lie
above their decomposition temperatures, give rise
to processing difficulties and so limit their applica-
tions. In order to overcome these drawbacks, con-
siderable efforts have been made to modify their
chemical structure to improve processability and
solubility, so that to facility their use in a specific

field. There are various approaches for improve-
ment of the solubility and processability of
polyamides without sacrificing their high thermal
stability and mechanical properties, such as, the
incorporation of the flexible linkages (e.g. –O–,
–SO2–, etc.) [9, 10], cardo groups (such as cyclodo-
decylidene, pyrene, and naphthalene, etc.) [11–13],
or molecular asymmetry (ortho, meta versus link-
ages) [14–16] into the backbone or addition of
bulky side group (such as tert-butyl, norbornane
units) [17–21]. For example, the bis(ether amine)s
and its aromatic polymer with cyclohexane group
was synthesized and showed solubility in organic
and polar solvents [22, 23]. Moreover, it was also
proved that polyamides with trifluoromethyl-sub-
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stituted benzene in the side chain could enhance the
solubility, reduce dielectric constant and moisture
absorption, and raise the optical transparency
[24–30]. Therefore, this work is focused on the
synthesis of a new CF3-containing aromatic
diamine 2 with cyclohexane moiety, and the prepa-
ration of fluorinated polyamides polycondensed
with various diacids (a–d). The basic properties of
the fluorinated polyamides were investigated.

2. Experimental section

2.1. Materials

1,4-cyclohexanediol (cis+trans, 98+%, from Alfa
Aesar), 2-chloro-5-nitrobenzotrifluoride (98%,
from ACROS), sodium hydride (60%, from Alfa
Aesar) as well as 10% Pd/C (from MERCK) were
used as received. Commercially obtained anhy-
drous calcium chloride (CaCl2) was dried under
vacuum at 180°C for 8 h. Reagent-grade aromatic
dicarboxylic acids such as terephthalic acid (TPA),
isophthalic acid (IPA), 4,4’-oxydibenzoic acid
(OBA) and, 2,2-bis(4-carboxy-phenyl)hexafluoro-
propane (6FA) were purified by recrystallization.
N-Methy-2-pyrrolidone (NMP), Pyridine (Py),
N,N-dimethylacetamide (DMAc), N,N-dimethyl-
formamide (DMF) and triphenyl phosphite (TPP)
all from Alfa were purified by distillation under
reduced pressure over calcium hydride. All other
chemicals and solvents were reagent-grade and
used without further purification unless otherwise
noted.

2.2. Monomer synthesis
2.2.1. Synthesis of 1,4-bis(4-nitro-2-

(trifluoromethyl)phenoxy)cyclohexane (1) 

NaH (6.4 g, 0.16 mol) was firstly placed into a
250 ml, three-necked round-bottom flask equipped
with a mechanical stirrer, N2 inlet, and dropping
funnel. A mixture of 1,4-cyclohexanediol (6.5 g,
0.056 mol) and N,N-dimethylformamide (50 ml)
was added dropwise through the dropping funnel at
0°C. After stirring at 0°C for 2 hours, the mixture of
2-chloro-5-nitrobenzotrifluoride (25.9 g, 0.115 mol)
and N,N-dimethylformamide (50 ml) was then
added dropwise, and the reaction mixture was
stirred at 5°C for 20 hours. Then the mixture was
poured into 300 ml distilled water. Some yellow
solids precipitated out which were filtered and

washed with ethanol for several times. The crude
product obtained was recrystallized from DMF/
ethanol to give fine, light yellow crystals (20.07 g,
72.5%). The properties of the product were found
to be as follow. Melting point: 247–248°C [differ-
ential scanning calorimetry (DSC) at a scanning
rate of 10°C/min]. FT-IR (KBr): 1518, 1333
(C–NO2 stretching); 1286, 1211, 1140, 1117 cm–1

(C–O and C–F stretching). 1HNMR (CDCl3, δ):
8.56 (d, J = 2.57 Hz, 2H, H1), 8.45 (dd, J1 =
9.18 Hz, J2 = 2.65 Hz, 2H, H2), 7.14 (d, J =
9.24 Hz, 2H, H3), 4.96 (s, 2H, H4), 2.15 (m, 2H,
H5), 2.03 (m, 4H, H6). Elemental analysis
(C20H16F6N2O6): Calcd. C, 48.59%; H, 3.26%; N,
5.67%. Found C, 49.01%; H, 3.45%; N, 5.94%.

2.2.2. Synthesis of 4,4’-(cyclohexane-1,4-
diylbis(oxy))bis(3-
(trifluoromethyl)aniline) (2)

The purified dinitro compound 1 (14.8 g, 0.03 mol),
0.3 g of 10% Pd/C and 100 ml ethanol were taken
into a three-necked flask and hydrazine monohy-
drate (15 ml) was added dropwise over a period of
30 min at 80°C. Upon completing addition, the
mixture was heated at the reflux temperature for
another 3 h. The reaction solution was filtered hot
to remove Pd/C and the obtained solution was con-
centrated. Then the precipitated white solid was fil-
tered and washed with ethanol to yield white
crystals (11.1 g, 85.1%).
The properties of the crystals were found to be as
follows. Melting point: 156–157°C (differential
scanning calorimetry (DSC) at a scan rate of
10°C/min). FT-IR (KBr): 3460, 3436, 3357, (N–H
stretching); 1259, 1236, 1217, 1146 cm–1 (C–O
and C–F stretching). 1HNMR (DMSO-d6, δ): 7.02
(d, J = 8.83 Hz, 2H, H1), 6.83 (d, J = 2.70 Hz, 2H,
H2), 6.78 (dd, J1 = 8.74 Hz, J2 = 2.59 Hz, 2H, H3),
5.15 (brs, 4H, –NH2), 4.45 (s, 2H, H4) 1.93 (d,
J = 8.29 Hz, 4H, H5), 1.58 (m, 4H, H6). Elemental
analysis (C20H20F6N2O2): Calcd. C, 55.30%; H,
4.64%; N, 6.45%; Found C, 55.92%; H, 4.98%; N,
6.74%.

2.3. Polymer synthesis

A generally synthetic procedure for the polyamides
was described as follows: A mixture of (0.6516 g,
1.5 mmol) of diamine 2, 4,4’-oxydibenzoic acid ©
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(0.3875 g, 1.5 mmol), 0.45 g of calcium chloride,
1.8 ml of TPP, 1.0 ml of pyridine, and 6 ml of NMP
was heated in nitrogen with stirring at 120°C for
3 h. As the polycondensation proceeded, the reac-
tion mixture became viscous gradually. The result-
ant solution of the polymer was poured slowly into
400 ml of stirred methanol giving rise to a tough,
fiber-like polymer precipitate. The precipitate was
collected, washed with hot ethanol for three times
and dried at 160°C under vacuum for 6 h to give 4c
(1.03 g, 95%). FT-IR (film): 3305 cm–1 (N–H
stretching), 1653 cm–1 (C=O stretching), 1246 cm–1

(C–O stretching), 1137, 1171 cm–1 (C–F stretch-
ing). 1HNMR (DMSO-d6, δ): 10.34 (s, 2H, H7),
8.12 (s, 2H, H1), 8.06 (d, J = 8.44, 4H, H9), 7.97 (d,
J = 7.24, 2H, H2), 7.37 (d, J = 9.24, 2H, H3), 7.23
(d, J = 8.00, 4H, H8), 4.79 (s, 2H, H4), 1.99 (m, 4H,
H5), 1.74 (d, 4H, J = 3.20, H6).

2.4. Measurements
1HNMR spectra were performed on a Bruker
AV400 instrument with dimethyl sulfoxide
(DMSO-d6) or CDCl3 as the solvent and tetram-
ethylsilane (TMS) as an internal standard. FT-IR
spectra were recorded on a Nicolet Magna 470
spectrometer. Ultraviolet-visible (UV-vis) spectra
of the polymer films (~10 µm thickness) were
recorded on a Lambda 35 (Perkin Elmer) spec-
trophotometer at room temperature. Elemental
analysis was carried out on a Carlo Erba1106 sys-
tem. Differential scanning calorimetry (DSC)
analysis was performed on a PE Diamond DSC
instrument at a heating rate of 10°C/min in nitrogen
atmosphere. Glass transition temperatures (Tg)
were read at the middle of the transition in the heat
capacity from the second heating scan. Thermo-
gravimetric analysis (TGA) of the polymer samples
was measured on a Netzsch TG 209F1 instrument
at a heating rate of 20°C/min in nitrogen atmos-
phere, and T10 is reported as the temperatures
where 10% weight losses was observed. Inherent
viscosities (ηinh = lnηr /c) were measured at a con-
centration of 0.5 g/dl in DMAc at 30°C with an
Ubbelohde viscometer. Mechanical properties of
the films were investigated with an AGS-500ND
tensile tester at a crosshead speed of 5 mm/min. An
average of at least five individual specimens was
used. Wide-angle X-ray diffraction (WAXD) was
conducted on a Rigaku D/Max-2550PC X-ray dif-

fraction with Cu/Kα1 radiation, operated at 40 kV
and 300 mA. The dielectric constants (round shape
samples, D = 15 mm) were measured on a HP4291B
at a frequency region of 1 MHz–1.1 GHz and 25°C.
The equilibrium water uptake was determined by
the weighing of the changes in vacuum-dried film
specimens before and after immersion in deionized
water at 25°C for three days.

3. Results and discussion

3.1. Monomers synthesis and characterization 

The new CF3-subsititued bis (ether amine) 2 was
prepared in a two-step reaction process as shown in
Figure 1. The first step is the Williamson reaction
of 2-chloro-5-nitrobenzotrifluoride with 1,4-cyclo-
hexanediol in anhydrous DMF in the presence of
sodium hydride. The target diamine 2 was obtained
by the catalytic reduction of 1 with hydrazine
hydrate and Pd/C catalyst in refluxing ethanol. The
structure of the dinitro compound 1 and the
diamine monomer 2 were investigated by elemental
analysis as well as FT-IR and 1HNMR spec-
troscopy. The FT-IR spectra of dinitro compound 1
and diamine 2 are showed in Figure 2. The nitro
groups in compound 1 gave two characteristic
bands at 1518 and 1333 cm–1 (–NO2 asymmetric
and symmetric stretching). After reduction, the
characteristic absorptions of the nitro group disap-
peared, and the amino group occurred at bands in
3300–3500 cm–1 showing typical of N–H stretch-
ing. Figure 3 illustrates the 1HNMR spectra of dini-
tro compound 1 and diamine 2 respectively. From
the 1HNMR spectra 1 and 2, the absorption signals
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Figure 1. Synthetic route to the diamine monomer 2



of aromatic and cyclohexane protons of 1 appeared
in the region of 7.14–8.56 and 2.03–4.96 ppm
respectively; and those of 2 shifted to a higher field
between 6.78–7.02 and 1.58–4.45 ppm respec-
tively. The protons H1 of 1 resonated at the farthest
downfield, which is due to the inductive effect of
electron withdrawing of –NO2 and –CF3 groups.
And the protons H3 and H4 affected by the electron
donating behavior of ether group shifted to the
upfield. After reduction, the H1 and H2 of 2 shifted
to the upfield because of the electron-donating
property of the amino group.

3.2. Polymer synthesis
Polyamides were prepared by Yamazaki-Higashi
phosphorylation polyamidation technique [31].
Diamine 2 was polymerized with four different aro-
matic dicarboxylic acids-TPA, IPA, OBA, and 6FA
to produce polyamides a, b, c, and d, respectively
(Figure 4). The inherent viscosities (Table 1) of the
polyamides are in the range of 0.89–1.29 dl/g. The
structures of polyamides were confirmed by ele-
mental analysis, FT-IR and 1HNMR spectro-
scopies. The results of the elemental analyses
(Table 1) were almost in good agreement with the
calculated values of the proposed structures.
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Figure 2. FT-IR spectra of dinitro 1, diamine 2 and polyamide 4c

Table 1. Inherent viscosity and elemental analysis of polyamides

aMeasured at a concentration of 0.5 g/dl in DMAc at 30°C

Polyamides Elemental analysis [%] of polyamides
Code ηηinha [dl/g] Formula (formula weight) C H N

4a 0.90
(C30H28F6N2O4)n

(594.54)n

Calcd
Found

60.60
59.71

4.75
4.68

4.71
4.77

4b 0.89
(C30H28F6N2O4)n

(594.54)n

Calcd
Found

60.60
59.57

4.75
4.62

4.71
4.74

4c 1.29
(C36H32F6N2O5)n

(686.64)n

Calcd
Found

62.97
62.04

4.70
4.63

4.08
4.01

4d 1.18
(C39H32F12N2O4)n

(820.66)n

Calcd
Found

57.08
55.72

3.93
3.87

3.41
3.35



The FT-IR spectra of the polyamides showed the
characteristic absorptions around 3300 cm–1 and
1658 cm–1, which are characteristic of N–H stretch-
ing and carbonyl stretching(C=O), respectively. A
strong absorption band was observed around

1250 cm–1 due to the C–O–C linkage. In addition,
the strong C–F absorptions between 1000 and
1200 cm–1 are also found in all of the polymers.
All protons in 4b are identified as number, and their
integral values are in good agreement with the
anticipated proton numbers. Furthermore the for-
mation of amide groups was verified by 1HNMR,
the resonance signals of amide protons appeared at
δ10.34. Generally, the protons ortho-to the –CF3

group (H1) appear at the farthest downfield in the
spectra due to the effect of the electron-withdraw-
ing –CF3 group. In Figure 5, the protons in the
cyclohexane (H4, H5, H6) all show absorptions at
the farthest upfield area.

3.3. Polymer solubility

Table 2 summarizes the solubilities of the fluori-
nated polyamides. It can be seen that the obtained
polyamides were soluble at a concentration of over
10% in the amide type solvents such as NMP,
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Figure 3. The 1HMNR spectra of dinitro 1 and diamine 2

Figure 4. Synthesis of the fluorinated polyamides



DMAc, and DMF, 5% in pyridine, DMSO and
THF, and 1–5% in CH2Cl2 and cyclohexanone.
Their good solubility and amorphous nature may be
apparently due to the presence of the pendent triflu-
oromethyl groups and ether links in macromolecu-
lar chains, which might disrupt the interaction of
polymer chains by enlarging the distance between
polymer chains, thereby leading to a decrease in
packing density and an increase in solubility. The
excellent solubility could make these polyamides
easy to be processed and benefit their practical
applications.

3.4. Mechanical and optical properties

All the obtained polyamides could be readily
processed to flexible, creasable, and essentially col-

orless films by casting from solutions in DMAc.
The tensile properties of the polyamides films are
summarized in Table 3. Their tensile strengths,
elongations at break, and initial moduli of polymer
films were in the range of 54–68 MPa, 13.3–15.4%,
and 1.6–1.9 GPa, respectively. The optical per-
formances of these fluorinated polymides films are
also given in Table 3, and the UV-Vis spectra of
these films, are shown in Figure 6. It can be seen
from Table 3 that these fluorinated polyamides
films exhibited good transparency, the UV cutoff
wavelength (λcut off) was in the range of 338–
357 nm,and the transparency at 450 nm (T450) was
higher than 84%. As expected, the introduction of
bulky pendant groups effectively disrupt the dense
packing of molecular chains and lead to low color
and high optical transparent polymer films.
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Table 2. Solubility behavior of the polyamides

a+++, 100 mg sample dissolved in 1 ml solvent (10%); ++, soluble at 5%; +, soluble at 1%
bAbbreviations: NMP – N-methyl-2-pyrrolidinone; DMAc – N,N-dimethylacetamide; DMF – N,N-dimethylformamide;
DMSO – dimethyl sulfoxide; Py – pyridine; THF – tetrahydrofuran; Cy – Cyclohexanone

Polymersa
Solventsb

NMP DMAc DMF Py DMSO THF Cy CH2Cl2
4a +++ +++ +++ ++ ++ ++ + +
4b +++ +++ +++ ++ ++ ++ + +
4c +++ +++ +++ ++ ++ ++ + +
4d +++ +++ +++ ++ ++ ++ + +

Figure 5. The 1HMNR spectrum of 4c in DMSO-d6

Table 3. Mechanical and optical properties of the polyamides films

Polymer code Tensile strength [MPa] Tensile modulus [GPa] Elongation at break [%] λλcut off [nm] T450 [%]
4a 54 1.6 13.3 357 84
4b 64 1.9 14.1 339 87
4c 68 1.6 15.5 335 86
4d 58 1.7 15.4 338 87



3.5. Thermal properties

The thermal properties of the polyamides were
evaluated with TGA and DSC. The results are tabu-
lated in Table 4. Owing to amorphous nature, the Tg

values of all the polyamides could be easily identi-
fied in the DSC traces. The values for the
polyamides were found to be in the range of
203–225°C, depending on the stucture of the chain
flexibility and the CF3 hindrance of the polymer
backbones Figure 7 presents typical TGA curves of

3b and the 10% weight loss temperature (T10) as
well as the anaerobic char yield at 800°C in nitro-
gen were also summarized in Table 4. All the poly-
mers exhibited good thermal stability. Figure 8
shows the DSC curve of 4b in air atmosphere. The
T10 of the polyamides stayed between 330–364°C
in nitrogen and 308–350°C in air, onset decomposi-
tion temperature in the range of 330–342°C, and
the char yield of all the polyamides at 800°C were
in the range of 40–42%. It implied that these
polyamides with trifluoromethyl groups in the
polymer backbone showed good thermal stability.

3.6. X-Ray diffraction of the polyamides

The WAXD studies of polyamides 4a–d indicated
that all of these polymers were essentially amor-
phous as showed in Figure 9. The obtained poly-
mers displayed almost amorphous patterns in
nature, this could be attributable to the presence of
pendants which reduce attraction between mole-
cules and hindrance macromolecular packing regu-
larly. Generally, these polymers with similar struc-
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Figure 6. UV-visible spectra of the polyamide films

Table 4. Thermal properties of polyamides

aFrom DSC measurements conducted at a heating rate of 10°C/min
bOnset decomposition temperature in TGA at a heating rate of 20°C/min in nitrogen atmosphere
cTemperature at 10% weight loss (T10) were determined by TGA in nitrogen atmosphere at a heating rate of 20°C/min
dResidual weight [%] at 800°C in nitrogen

Polymer
code

Tg
a

[°C]
Td

b

[°C]
T10

c[°C] Char yieldd

[%]In N2 In Air
4a 219 330 340 330 40
4b 225 331 345 331 41
4c 213 321 356 335 40
4d 224 342 364 350 42

Figure 7. TGA curves of 3b at a heating rate of 20°C/min

Figure 8. DSC curve of 4b in air at a scanning rate of
20°C/min



ture containing –CF3 groups are amorphous
[32–35].

3.7. Dielectric constant and water absorption

Table 5 summmarizes the results of dielectric con-
stants and moisture absorption. 4d showed lower
dielectric constants of 2.15 at 1 MHz than the oth-
ers because of the higher fluorine content in the
repeat unit. The decreased dielectric constants
could be attributed to the presence of bulky CF3

groups, which resulted in the strong electronegativ-
ity of fluorine results in very low polarizability of
C–F bonds. In addition, the polymer also exhibited
lower water absorptions (1.96–2.84%) due to the
hydrophobic nature of the trifluoromethyl groups.
The low water absorptions also ensured that these
polyamides possess stable dielectric performance.

4. Conclusions

A series of new organosoluble alicyclic polyamides
containing trifluoromethyl and cyclohexane groups
were prepared by polycondensation. The obtained
polyamides show an excellent solubility in many
solvents and they could be easily processed to flex-

ible and tough films by casting of their solutions.
These polyamides derived from diamine 2 exhib-
ited amorphous nature, excellent optical properties,
good mechanical properties, as well as good ther-
mal stability. Moreover, these polyamides display
low dielectric constants and water absorption; thus,
these obtained polyamides possessed an eminent
combination of several desired properties and could
be used as potential high-temperature resistant
materials for optical or microelectronic applica-
tions.
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1. Introduction
In the design of many mechanical engineering
applications it is important to know the mechanical
behaviour and tribological properties of compo-
nents sliding on each other. The situation is the
same if one of the sliding surfaces is made of rub-
ber or a rubber-like material, such as sliding seals
contacting with a metal or polymer surface, sliding
contact between a windscreen wiper and the wind-
screen, or contact between a tyre and the asphalt.
For the majority of sliding components applied in
mechanical engineering practice, the non-lubri-
cated operation is avoided; however, the quantity of
lubricant required in maintenance free machine
components is even more frequently minimized by
special coatings. In the event that there is no lubri-
cant between the rubber and the counter surface,

friction is due to two physical phenomena. One of
them is adhesion between the surfaces, the other
one is hysteresis loss in the rubber [1–4]. For
instance, if the rubber slides on a rough surface
which is rigid compared to the rubber, the asperities
of the counter surface repeatedly deform the sur-
face of the rubber, leading to energy loss due to the
internal friction (hysteresis) of the rubber. In this
case, the energy transformed into heat as a conse-
quence of hysteresis must be continuously supple-
mented if the sliding speed is intended to be
constant. The majority of rubbing components
made of rubber and applied in machine design
operate under lubrication, to separate rubbing sur-
faces and thereby to reduce the impact of adhesion,
as well as to reduce the exciting effect of asperities
by filling up the valleys with the lubricant. When
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lubricant is used, the lubricant itself also acts as a
source of friction because force is needed for shear-
ing of the fluid film. In general, the fluid film is
extremely thin, therefore in reality boundary lubri-
cation occurs, where the source of friction is the
shearing of the fluid film and of the boundary layer.
In the literature, a number of articles deal with the
analytic and semi-analytic determination of friction
force induced by from hysteresis. Grosch [1] per-
form pioneering work by revealing that the two
main sources of the friction force are adhesion
between the surfaces and the energy loss generated
in the material, that is, hysteresis. In addition, he
stated that both physical phenomena are closely
connected to internal friction (hysteresis) of the
rubber.
Persson [2] and Klüppel and Heinrich [4] studied
rubber when it is sliding on a hard, rough substrate
and the surface asperities of the substrate exert
oscillating forces on the rubber surface leading to
energy ‘dissipation’ via the internal friction of the
rubber. This contribution to the friction force was
estimated and the results were compared with the
experimental data of Grosch. Persson concluded
that rubber friction on rough surfaces, in presence
of lubricant, is mainly due to the viscoelastic defor-
mations of rubber.
In spite of intensive research work in the subject, so
far there have been only few attempts to predict
hysteretic friction by the finite element (FE)
method. For instance, in [5, 6] the hysteretic fric-
tion at asperity level was studied by FE technique.
When modelling rough surfaces the topography of
the ‘real’ surface can be replaced by sine waves or
their combination. In [7] the rough surface was
modelled by a single sine wave, while [8] presented
a study on the combination of sine waves by using
the repetitive symmetry. In the latter case, the effect
of the viscoelastic material model on the predicted
coefficient of friction was also investigated. In
addition, [8] consists of recommendations for the
parameter identification of the generalized Maxwell-
models.
In [9], Felhõs et al. analysed friction force arising
from hysteresis in case of a ball rolling on a rubber
plate. Measurements were also modelled by FE
method, where a 15-term generalized Maxwell-
model – fitted to the storage modulus master curve
yielded by DMTA measurement – was used to
describe viscoelastic material behaviour. His meas-

urement results showed good agreement with the
results of FE simulation.
In [10], the authors investigated the measurement
configuration to be modelled in this study at three
sliding speeds. The measurement was modelled by
FE technique as well and it was investigated, using
a 40-term generalized Maxwell-model fitted to the
measured storage modulus master curve, what pro-
portion of the friction force came from hysteresis.
The coefficient of friction (COF) characterising
lubricant shearing was determined by an iterative
method and integrated into the FE model, using a
prescribed Coulomb type coefficient of friction.
In measurements belonging to the current FE study
(see [10]) the rubber/metal contact pair was lubri-
cated. Consequently, the effect of adhesion on fric-
tion force can be neglected and thus rubber friction
is, first of all, due to hysteresis at macroscopic and
microscopic level, fluid shearing and boundary
lubrication. This study is intended to estimate,
using the FE technique, the hysteresis dissipation
excited by an ideally smooth steel ball (macro-
scopic hysteretic friction) performing reciprocating
sliding motion in the function of sliding speed and
temperature by applying various Maxwell-models.
In other words, the aim of FE analysis is to estimate
contribution of the macroscopic hysteresis to the
friction force.

2. Description of the FE model

The experiment is intended to determine, on the
one hand, the magnitude of friction force generated
by a steel ball sliding on a rubber plate, as a conse-
quence of the internal friction of the rubber (hys-
teresis), at various sliding speeds and temperatures;
and on the other hand, to establish how calculation
results are influenced by the technique applied for
parameter identification of generalized Maxwell-
models – used for the FE modelling of rubber-like
materials and describing viscoelastic behaviour –
and by the number of the Maxwell elements. The
configuration studied consists of a steel bearing
ball and a rubber plate [10] where the steel ball of
2 mm diameter was pressed into an EPDM rubber
plate of 10 mm×4 mm×2 mm. Then the ball was
forced to perform reciprocating motion with an
amplitude of A = 0.3 mm at different, sinusoidally
varying speeds through six cycles. The normal
force was Fn = 100 mN while the maximums of the
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sinusoidally varying sliding speeds were vmax =
0.01, 0.1, 1, 10, and 100 mm/s.
The ball, pressed into the surface of the rubber and
sliding thereon, generates various COFs due to the
hysteresis depending on the excited volume and on
the sliding speed, that is, the excitation frequency.
In order to predict the friction resistance caused by
hysteresis, 3D FE modes were developed in the
MSC.MARC FE system [11].
In order to describe the viscoelastic behaviour of
rubber, a 15-term and a 40-term generalized
Maxwell-model were used, which were produced
by being fitted to storage modulus master curves
determined by DMTA measurements and pertain-
ing to –50, +25 and +150°C, respectively, and,
through subsequent manual modification, by being
fitted to a loss factor master curve.
The FE model was built in MSC.MARC finite ele-
ment system. The rubber plate was modelled using
incompressible (υ = 0.5) elements, whereas the
steel ball was modelled as an ideally rigid compo-
nent. To spare with the CPU time only half of the
rubber plate was modelled using symmetry condi-
tion, so the nodes in the symmetry plane were fixed
in z-direction (Figure 1). The bottom of the rubber
plate was fixed, i.e. the nodes on this plane were
constrained in x-, y- and z-direction.
At first, the steel ball was pressed downwards (in
negative y-direction) into the rubber plate with the
force specified, that was built up linearly. After-
wards, the ball was drawn horizontally (in negative
x-direction) at sinusoidally varying speed accord-
ing to the measurement [10], at an amplitude of
A = 0.3 mm, through six cycles. Figure 2 shows the
position of the ball as a function of time in the case
of a maximum sliding speed of 1 mm/s. The excita-
tion frequency induced by the ball performing
reciprocating motion can be estimated by the Equa-
tion (1):

(1)

where ω is the angular frequency, and A is the
amplitude of the reciprocating sliding ball. The
grey band in Figures 4–9 indicates the range
between the lowest and the highest frequency to be
calculated from the equation above.

2.1. Viscoelastic material model

In order to be able to model the mechanical behav-
iour of structural components made of rubber or
rubber-like material, first of all a material model is
required which can describe both the static and
dynamic behaviour of the material at the same time.
The mechanical behaviour of rubber-like materials
is principally characterized by a non-linear stress-
strain curve and time and temperature dependency.
In the present study, a large strain generalized
Maxwell model (Figure 3) was used to describe the
complex material behaviour of rubber. The short-
time (instantaneous) behavior of the generalized
Maxwell-model applied is specified by an energy
density function (W0) that is given, in our case, by a
two-term Mooney-Rivlin material model. Thus our
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Figure 1. FE model (only half of the rubber plate was
modelled due to the symmetry)

Figure 2. Displacement control curve in the direction x,
pertaining to the maximum sliding speed of
vmax = 1 mm/s

Figure 3. The n-term generalized Maxwell-model 
(Ei – elastic modulus of the i-th spring, ηi – vis-
cosity of the i-th dashpot)



large-strain viscoelastic model shows nonlinearity
between stresses and strains that, at the same time,
depends on time. The instantaneous strain energy
density is distributed among the branches of our
spring-dashpot model by assuming that the instan-
taneous strain energy in the i-th Maxwell element
can be calculated by Equation (2):

(2)

where ei is the non-dimensional energy parameter
of the i-th Maxwell element and W0 is the instanta-
neous strain energy defined by the Mooney-Rivlin
model. The interrelation among the energy parame-
ters can be written according to Equation (3):

(3)

where e∞ is the energy parameter of the spring –
that determines the relaxed response of the rubber –
connected parallel to the Maxwell elements and N
is the number of the Maxwell branches. As it is
resulted from the above expressions the second
Piola-Kirchhoff stress response of the generalized
Maxwell model applied, in case of uniaxial ten-
sion/compression, can be expressed by Equa-
tions (4) and (5):

(4)

(5)

where S∞(t) is the stress in the separate spring, Si(t)
is the stress in the i-th Maxwell element or branch,
S0(t) is the stress response of the model for instanta-
neous deformations and λi is the relaxation time of
the i-th Maxwell element. As it is known from con-
tinuum mechanics stresses can be calculated by dif-
ferentiation of the proper strain energy density
function with respect to the Green-Lagrange
strains. For instance, S0(t) is obtained by differenti-
ation of W0. For more detail on the large strain vis-
coelastic model applied see [11].
The DMTA measurement results of EPDM rubber
in [9] were used for producing the n-term Maxwell-
model.
DMTA measurements yield storage modulus vs.
frequency and loss factor vs. frequency isotherms,

from which a storage modulus vs. frequency and a
loss factor vs. frequency master curve can be con-
structed at the previously selected reference tem-
perature using the time-temperature superposition
principle. These master curves show the mechani-
cal properties of rubber in a broad frequency range
at the reference temperature. The ViscoData soft-
ware [12] was applied to fit 15- and 40-term gener-
alized Maxwell-models to the storage modulus
master curve produced. In order to take all the three
different temperatures into account, three master
curves were produced for each material model, and
the material models were fitted to them separately.
The reason why the authors used three different
material model at the three different temperatures
(T = –50, 25 and 150°C) is that the WLF equation
with universal constants (C1 = 17.4, C2 = 51.6°C)
provided inaccurate material behavior at tempera-
tures significantly larger than the glass transition
temperature (Tg ≈ –45°C). The WLF equation was
able to describe the temperature dependency of the
material behavior when the temperature is close to
Tg. At temperatures far away Tg (eg. at T = 25°C)
WLF overestimated considerably the horizontal
shift needed. Instead of making attempt to find
proper C1, C2 constants for the WLF equation three
different master curves were created at the three
different temperatures studied. Figure 4 and Fig-
ure 5 show the measured and fitted storage modu-
lus vs. frequency curves, while Figure 6 and Fig-
ure 7 show the loss factor vs. frequency curves in
case of the 15- and 40-term generalized Maxwell-
models fitted to the storage modulus, at three dif-
ferent temperatures.
The magnitude of hysteretic friction is basically
determined by two factors: one of them is the mag-
nitude of the loss factor, and the other is the excited
volume. Hysteretic dissipation is determined by the
joint effect of these two factors. The first factor can
obviously be handled by a good correspondence
between the measured loss factor vs. frequency
curve and the one used in modelling; while the sec-
ond factor is determined by the storage modulus,
that is, how rigid the material is and how deeply the
rigid counter surface can penetrate into it, meaning
the volume forced to deform.
It is intended to produce a viscoelastic model which
closely approaches both the storage modulus vs.
frequency and the loss factor vs. frequency curves
measured.
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In case of the 15-term generalized Maxwell-model
it can be observed that there is good correspon-
dence between the measurement and the fitted
models as regards the storage modulus (Figure 4),
but the loss factor produces large oscillation (Fig-
ure 6). By increasing the number of Maxwell ele-
ments to 40, the fluctuation becomes smaller;
however, even in this case, the model strongly
underestimates the value of the loss factor within a
broad frequency range (Figure 7). It can be stated
that the 15-term generalized Maxwell-model can-
not describe, with adequate accuracy, either the
nature of the loss factor or its numerical value. The
generalized Maxwell-model fitted to a 40-term
storage modulus already properly represents the

loss factor vs. frequency curve determined from the
measurement in terms of quality – and also in terms
of quantity at most frequencies – but it still cannot
provide an adequate numerical solution in case of
certain frequencies. It can be further stated that fol-
lowing adjustment of the material model it is not
sufficient to be satisfied with a good correspon-
dence between the storage modulus curves of the
measured and fitted material models, but it is nec-
essary to check the loss factor vs. frequency curve
as well. No reliable hysteretic dissipation can be
calculated by the FE technique unless the material
model can properly represent both the storage mod-
ulus and loss factor master curves determined by
measurement. In order to model the measured
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Figure 5. Comparison of the measured and simulated stor-
age modulus vs. frequency curves in case of a
40-term generalized Maxwell-model fitted to the
storage modulus (strain amplitude = 0.01%).
— measurement T = –50°C, —◊ T = –50°C, fitted
to the E′, — measurement T = 25°C, 
— T = 25°C, fitted to the E′, — measurement
T = 150°C, —Δ T = 150°C, fitted to the E′.

Figure 7. Comparison of the measured and simulated loss
factor vs. frequency curves in case of a 40-term
generalized Maxwell-model fitted to the storage
modulus.
— measurement T = –50°C, —◊ T = –50°C, fitted
to the tanδ, — measurement T = 25°C, 
— T = 25°C, fitted to the tanδ, — measurement
T = 150°C, —Δ T = 150°C, fitted to the tanδ.

Figure 6. Comparison of the measured and simulated loss
factor vs. frequency curves in case of a 15-term
generalized Maxwell-model fitted to the storage
modulus.
— measurement T = –50°C, —◊ T = –50°C, fitted
to the tanδ, — measurement T = 25°C, 
— T = 25°C, fitted to the tanδ, — measurement
T = 150°C, —Δ T = 150°C, fitted to the tanδ.

Figure 4. Comparison of the measured and simulated stor-
age modulus vs. frequency curves in case of a
15-term generalized Maxwell-model fitted to the
storage modulus (strain amplitude = 0.01%).
— measurement T = –50°C, —◊ T = –50°C, fitted
to the E′, — measurement T = 25°C, 
— T = 25°C, fitted to the E′, — measurement
T = 150°C, —Δ T = 150°C, fitted to the E′.



material behaviour more accurately, a 40-term
Maxwell-model was produced by manual modifi-
cation [8], fitted to the loss factor. Figure 8 and Fig-
ure 9 show, at three different temperatures, the
measured storage modulus vs. frequency and loss
factor vs. frequency curves of the 40-term general-
ized Maxwell-model and those fitted to the loss
factor.
In the course of adjustment to the loss factor, corre-
spondence with the storage modulus curve will not
be as good as in the case of adjusting the material
model to the measured storage modulus master
curve. The parameters of the material model can be
considered as optimal when the model can describe,

with acceptable accuracy, both master curves (E′,
tanδ) determined by measurement. Figure 9 shows
that as a result of manual modification, the material
model can describe the measured tanδ curve with
acceptable accuracy. Furthermore, it can be stated
in the case of all the three Maxwell-models that the
material models cannot describe the storage modu-
lus and the loss factor master curves with constant
accuracy within the entire frequency range, there-
fore care must be taken at what excitation frequency
and at what temperature the material model is used.

2.2. Non-linear material model

In the FE model, the non-linear stress-strain curve
of rubber was defined by the frequently applied
Mooney-Rivlin material law with two parameters.
The two Mooney-Rivlin parameters were defined
on the basis of [11], using the Equations (6) and
(7):

(6)

(7)

where E0 is the glassy modulus. The two parame-
ters used for the calculations were C10 =
289.33 MPa and C01 = 72.33 MPa in case of the
15- and 40-term generalized Maxwell-models fitted
to the storage modulus; their value was C10 =
406.66 MPa and C01 = 101.66 MPa, respectively,
in case of the generalized Maxwell-model fitted to
the loss factor. The non-dimensional energy param-
eters (ei) of the Maxwell model fitted to the loss
factor (tanδ) master curve were obtained by manual
modification from the energy parameters of the
Maxwell model fitted to the storage modulus mas-
ter curve. Due to this modification the sum of the
energy parameters of the Maxwell elements
( ) has been changed. Consequently, if we
used the same glassy Mooney parameters in both
cases, we would obtain an accurate relaxed modu-
lus at the Maxwell model fitted to E′ while, at the
Maxwell model fitted to tanδ, the relaxed modulus
would be considerably underestimated in the inter-
esting frequency range. To minimize this underesti-
mation i.e. to approach E′ the real values, the glassy
Mooney parameters have been changed. Thus we
obtain higher glassy modulus than the measured
one but the agreement, within the interesting fre-
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Figure 8. Comparison of the measured and simulated stor-
age modulus vs. frequency curves in case of a
40-term generalized Maxwell-model fitted to the
loss factor (strain amplitude = 0.01%).
— measurement T = –50°C, —◊ T = –50°C, fitted
to the E′, — measurement T = 25°C, —

T = 25°C, fitted to the E′, — measurement
T = 150°C, —Δ T = 150°C, fitted to the E′.

Figure 9. Comparison of the measured and simulated loss
factor vs. frequency curves in case of a 40-term
generalized Maxwell-model fitted to the loss
factor.
— measurement T = –50°C, —◊ T = –50°C, fitted
to the tanδ, — measurement T = 25°C, 
—T = 25°C, fitted to the tanδ, — measurement
T = 150°C, —Δ T = 150°C, fitted to the tanδ.



quency range, between the modeled and measured
E′ values will be better than in the case of same
Mooney parameters. In our case, the change in

at –50°C was smaller than at 25 and 150°C
as it can be seen in Figure 8. At T = 25°C (see Fig-
ure 7) the Maxwell model fitted to the E′ master
curve by ViscoData, contrary to the measurement,
provides zero or very small loss factor values at low
frequencies. As it can be seen in Figure 9 the new
model (fitted to tanδ) created by the manual modifi-
cation of Maxwell parameters provided by Visco-
Data shows good agreement with the measured
tanδ curve. During creation of the new material
model authors had to redistribute one part of the
relaxation times also.

3. Results and discussion

3.1. FE results

Tables 1–3 show the penetration depths (h) and the
radius of the contact area (a) calculated by the FE
technique and the COFs induced by hysteresis
(μhysteresis). In case of the 15-term Maxwell-model it
can be observed that at –50°C, the penetration
depth of the ball reduces from 9.7 to 1.78 μm as the
speed increases, due to the fact that the storage
modulus of the material rises as the speed

increases. For similar reasons, a decrease of pene-
tration depth by the increase of speed can be
observed in case of all the material models and tem-
peratures applied. In case of the 15- and 40-term
material models fitted to the storage modulus, the
value of the penetration depth is approximately the
same, but in case of the 40-term material model fit-
ted to the loss factor, penetration depth may be as
much as 60% bigger at low speeds as a result of
manual modification. Taking speeds into consider-
ation, it can bee stated that the biggest penetration
values can be calculated at 150°C. However, as it
can be seen in Table 1 and 2, at low speeds
(v = 0.01 and 0.1 mm/s) differences between the
penetration values calculated at T = 25 and 150°C
are within accuracy of the numerical solution.
As regards COFs resulting from hysteresis, it can
be stated that in case of material models fitted to the
storage modulus the FE model surely underesti-
mates hysteresis as there is a considerable differ-
ence between the loss factor curves measured and
those defined by the material model. Exceptions
only include the COFs provided at –50°C by the
40-term Maxwell-model adjusted to E′ (see
Table 2). In this case, there is good correspondence
between the measured and the simulated material
behaviour both as regards E ′ and tanδ (Figure 5 and
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Table 1. Values of the penetration depth (h), radius of the contact area (a) and the hysteretic coefficient of friction
(µhysteresis) in case of 15-term Maxwell-model fitted to the measured storage modulus master curve

Table 2. Values of the penetration depth (h), radius of the contact area (a) and the hysteretic coefficient of friction
(µhysteresis) in case of 40-term Maxwell-model fitted to the measured storage modulus master curve

Temperature [°C] vmax [mm/s] 0.01 0.1 1 10 100

–50
h [μm] 9.70 6.67 4.13 2.47 1.78
a [μm] 98.47 81.68 64.28 49.65 42.19

μhysteresis 0.0180 0.0160 0,0090 0,0050 0.0040

25
h [μm] 27.03 25.94 24.12 23.06 19.93
a [μm] 164.40 161.07 155.29 151.86 141.18

μhysteresis 0.0051 0.0073 0.0108 0.0118 0.0113

150
h [μm] 26.16 26.16 26.04 25.61 24.87
a [μm] 161.75 161.74 161.37 160.04 157.69

μhysteresis 0.0001 0.0006 0.0029 0.0041 0.0073

Temperature [°C] vmax [mm/s] 0.01 0.1 1 10 100

–50
h [μm] 6.70 5.38 5.11 3.55 4.20
a [μm] 83.65 73.32 71.45 59.60 64.71

μhysteresis 0.0120 0.0080 0.0050 0.0020 0.0007

25
h [μm] 25.94 25.60 24.59 22.78 20.65
a [μm] 161.04 159.85 156.82 150.93 143.71

μhysteresis 0.0041 0.0078 0.0087 0.0106 0.0111

150
h [μm] 25.90 25.90 25.88 25.56 24.74
a [μm] 160.94 160.94 160.89 159.86 157.30

μhysteresis 0.0004 0.0010 0.0031 0.0079 0.0088



7). The calculated COFs can be considered as
acceptably accurate. In this case, any subsequent
modification of the Maxwell-parameters will
impair the accuracy of numerical results (see the
results at –50°C in Table 3). In this case, less accu-
rate results are yielded as a consequence of the less
accurate modelling of the measured storage modu-
lus. In case of the 15-term material model, the high-
est hysteresis can be observed at –50°C at the first
two speeds, in spite of a small penetration depth, as
a result of a high loss factor. At 25 and 150°C, hys-
teresis increases as the speed increases, as sug-
gested by the rising loss factor curves (Figure 6). In
case of the 40-term Maxwell-model fitted to the
storage modulus, the highest hysteresis can be cal-
culated at –50°C at the lowest speed (Table 2), due
to the high loss factor. In case of the other speeds,
hysteresis is the highest at 25°C, increasing as the
speed increases. In case of the 40-term Maxwell-
model fitted to the loss factor (see Table 3) the
highest hysteresis can be observed at 150°C at each
speed, due to a low elastic modulus and a signifi-
cant loss factor. The absolutely highest hysteresis
was calculated at 1 mm/s. As shown in Figure 7,
the Maxwell-model fitted to the storage modulus
can only model developments in the measured loss
factor very inaccurately within the frequency range
indicated by grey colour. Accordingly, the results
figuring in the second and third lines of Table 2 can
only be considered as rough lower estimates. To the
contrary, the 40-term Maxwell-model fitted to the
loss factor and shown in Figure 8 and 9 models the
loss factor accurately but underestimates the meas-
ured storage modulus. In case of increasing fre-
quencies, the degree of underestimation gradually
decreases. As a result of the underestimated elastic
modulus, the results in Table 3 for 25 and 150°C
can be considered as upper estimates as regards the

COF. Based on Figure 8 and 9, it can be stated that
the COF result in Table 3, pertaining to 25°C and
vmax = 100 mm/s can be considered as acceptably
accurate. In this case, the COF value is more than
50% higher than the COF value in the last column
of the second row in Table 2, determined using the
40-term Maxwell-model fitted to the storage mod-
ulus.

3.2. Comparison of the FE results to a simple
analytical model

The correlation to estimate the hysteretic coeffi-
cient of friction presented in [13] was used for
interpreting FE results; this way changes in the
coefficient of friction can be analyzed in quantita-
tive terms. Greenwood and Tabor demonstrated
that in case of a rigid ball sliding on rubber, the
hysteretic coefficient of friction can be estimated
by Equations (8) and (9):

(8)

(9)

where ν is the Poisson ratio; Ê is the equivalent
elastic modulus of the contacting bodies defined by
the Equation (9); paν is the average contact pres-
sure; and α is the number characterizing the energy
dissipation resulting from hysteresis in the rubber,
specifying what proportion of the work required to
deform the rubber in front of the sliding ball is dis-
sipated as a consequence of hysteresis. The authors
did not publish further correlations to determine the
value of α. The average contact pressure can be cal-
culated by Equation (10):
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Table 3. Values of the penetration depth (h), radius of the contact area (a) and the hysteretic coefficient of friction
(µhysteresis) in case of 40-term Maxwell-model fitted to the measured loss factor master curve

Temperature [°C] vmax [mm/s] 0.01 0.1 1 10 100

–50
h [μm] 9.74 6.62 4.02 2.54 1.82
a [μm] 98.68 81.35 63.38 50.40 42.72

μhysteresis 0.0210 0.0180 0.0070 0.0030 0.0008

25
h [μm] 42.51 36.28 30.79 25.79 21.61
a [μm] 206.18 190.48 175.48 160.60 147.02

μhysteresis 0.0203 0.0177 0.0184 0.0176 0.0173

150
h [μm] 57.22 55.37 49.44 42.51 36.28
a [μm] 239.22 235.32 222.34 206.18 190.48

μhysteresis 0.0208 0.0237 0.0279 0.0212 0.0177



(10)

where Fn is the force on the ball, and a is the radius
of the contact area. To determine Ê, the complex
Young modulus was determined from the storage
modulus and loss factor master curves for each
given frequency according to Equation (11) and it
was substituted for (1 – ν2)/E:

(11)

If the left side of Equation (8) is replaced by the
coefficients of friction calculated by the FE method
(μhysteresis), then parameter α in the Greenwood-
Tabor model can be determined in the function of
sliding speed and temperature. Figures 10 and 11

show the frequency dependence of factor α and of
the loss factor of the rubber with reference to
40-term material models and various temperatures.
It can be observed in terms of tendency that the val-
ues of α properly follow the changes in tanδ at each
temperature, in the function of frequency. Green-
wood and Tabor [13] made an attempt to determine
α from cyclic tests having strain rate comparable to
those occurring in sliding experiments. In their
interpretation, the energy loss due to hysteresis was
defined as α times the total elastic energy of defor-
mation. We assumed that α is influenced by the
phase shift between stress and strain as, in case of
cyclic tension/compression, the hysteretic loss per
cycle and per unit volume is influenced by sinδ.
Since the tendency of sinδ and tanδ, within the loss
factor range measured by DMTA, is similar we
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Figure 10. Variation of α and tanδ in function of fre-
quency (40-term Maxwell-model fitted to the
storage modulus master curve): a) T = –50°C,
b) T = 25°C, c) T = 150°C

Figure 11. Variation of α and tanδ in function of fre-
quency (40-term Maxwell-model fitted to the
loss factor master curve): a) T = –50°C,
b) T = 25°C, c) T = 150°C



used tanδ for comparison with α. Based on these,
Equation (8) can be used for a qualitative descrip-
tion of changes in the hysteretic coefficient of fric-
tion if α is substituted by tanδ.

(12)

Figures 12 and 13 compare the coefficients of fric-
tion calculated by FE method and by Equation (12).
As expected, COFs calculated by Equation (12), in
every case are smaller than the ones predicted by
the numerical method. In respect of the tendencies,
the values calculated by the two different methods
are in a good agreement.

4. Conclusions
1. An FE model has been developed for the predic-

tion of hysteretic friction force in case of a recip-
rocating steel ball sliding on a rubber plate. 

2. It can be concluded that because of the high
oscillation in the tanδ curve the 15-term general-
ized Maxwell-model fitted to the whole fre-
quency range is not able to characterize the time-
and temperature-dependent behaviour of the rub-
ber. To avoid this oscillation Maxwell-models
with 40-term were constructed.

3. It can also be concluded that, within a certain fre-
quency range, even the 40-term Maxwell-model
fitted to the storage modulus master curve under-
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Figure 12. Comparison of the coefficients of friction pre-
dicted by FEM and Equation (8) (40-term
Maxwell-model fitted to the storage modulus
master curve): a) T = –50°C, b) T = 25°C,
c) T = 150°C

Figure 13. Comparison of the coefficients of friction pre-
dicted by FEM and Equation (8) (40-term
Maxwell-model fitted to the loss factor master
curve): a) T = –50°C, b) T = 25°C,
c) T = 150°C



estimates the hysteretic friction because the loss
factor provided by the material model is about the
half of the one measured. The accuracy of the
numerical prediction depends not only on the exci-
tation frequency but also on the operational temper-
ature as it shifts the master curves horizontally
according to the time-temperature superposition.
This conclusion is extremely important because the
viscoelastic material model parameters usually are
determined from a fit to the storage modulus master
curve in the literature.
4. In order to predict the hysteretic friction more

accurately or to provide below and/or upper limit
for the hysteretic coefficient of friction one has
to construct a material model that describes both
the storage modulus and the loss factor master
curves measured with sufficient accuracy. By
using the proposed technique i.e. fitting the
material model to the measured loss factor mas-
ter curve the accuracy of the numerical predic-
tion can be improved significantly in several
cases.

5. From fit to the numerical predictions the open
parameter of the Greenwood-Tabor model (α)
has been determined as a function of frequency
and temperature. Its value ranges from 0.01 to 2.
Without specifying parameter α properly the
Greenwood-Tabor model can not be used to pre-
dict hysteretic friction generated by a sliding
ball.
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1. Introduction
Thermoset vinyl ester matrices are becoming
increasingly important in industrial applications
due to their enhanced mechanical properties. They
exhibit characteristics similar to epoxy resins, as
well as unsaturated polyester resins. Advantages
include high tensile strength and stiffness, low cost,
process versatility and good chemical resistance.
However, vinyl ester still has some challenges like
poor resistance to crack propagation, brittleness
and large shrinkage that occurs during polymeriza-

tion. Therefore, introducing good interfacial bond-
ing between nanofillers and the resin is often used
to alleviate volume shrinkage, void formation and
improving surface dispersion along with toughness.
Methods of incorporating nanoparticles into poly-
mer matrices could be ex-situ, like dispersion of the
synthesized nanoparticles into resin solution, or in-
situ monomer polymerization process in the pres-
ence of the nanoparticles [1]. The interaction
between the nanoparticles and matrix for the ex-situ
fabricated composites are normally van der waals
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forces, steric interaction. However, the in-situ syn-
thesis methods may create strong chemical bonding
within the composite.
Optical and mechanical properties of vinyl ester
polymer reinforced with ZnO nanoparticles, func-
tionalized with a bi-functional coupling agent
methacryloxypropyl-trimethoxysilane (MPS) were
investigated by Guo et al. [2]. The existence of
MPS at the interface between the matrix and parti-
cles results in improved interfacial interaction
which in turn improves UV shielding, modulus and
strength significantly.
The physical properties of vinyl ester reinforced
with unmodified CuO nanoparticles and those
functionalized with a bi-functional coupling agent
methacryloxypropyl-trimethoxysilane (MPS) were
studied by Guo et al. [3]. Increase in both thermal
stability and mechanical properties were attributed
to good nanoparticles dispersion at the interface
and the resulting chemical bonding between the
functionalized nanoparticles and the matrix.
Vinyl ester thermosetting nanocomposites rein-
forced with iron oxide nanoparticles were prepared
and characterized by Guo et al. [4]. Iron oxide
nanoparticles functionalized with a bi-functional
coupling agent was observed to increase the adhe-
sion and dispersion of the nano filler into the matrix
resulting in increased thermal stability, lower cur-
ing temperature and improved mechanical proper-
ties. The nanocomposites became also magneti-
cally stronger and were independent of particles
functionalization.
Schroeder et al. [5] analyzed morphologically ther-
moset materials obtained from styrene/vinyl ester
resins of different molecular weights modified with
polymethyl methacrylate (PMMA). It was found
that different morphologies including dispersion of
thermoplastic rich particles in a thermoset resin,
continuity of network structure were highly depend-
ent on molecular weight of vinyl ester, curing tem-
perature and concentration of the PMMA additives.
The addition of the thermoplastic PMMA increased
the fracture resistance without significantly affect-
ing both volume shrinkage reduction and the ther-
mal-mechanical properties of the modified ther-
mosets.
Recent interest in the use of organic-matrix com-
posite materials in US Navy submarines and ships
has generated the requirement for significant
improvement in the flammability performance of

these materials including reduction in the amount
of smoke, carbon monoxide, and corrosive com-
bustion products. New fire retardant approaches for
organic-matrix composite materials are needed to
address the smoke issues and to further reduce the
flammability of these composites. Focus of our
research is on developing stronger, safer and more
cost-effective structures for the new generation
naval ships; especially nanoparticle reinforced
glass/carbon polymeric based composites and
structural foams for blast/shock/impact mitigation.
Fire, smoke and toxicity are of significant concern
in ship structures. The US Navy is currently using
brominated vinyl ester matrix resin with glass rein-
forcement for composite applications in topside
surface ship structures [6]. This matrix resin was
selected due to its good corrosion resistance and
toughness. Bromine is an effective flame retardant,
especially when combined with antimony oxide.
Bromination of vinyl ester resin imparts fire retar-
dancy as manifested by flame spread and lower
heat release rates. However, this fire-retardant sys-
tem functions primarily in the gas phase causing
incomplete combustion. As such, brominated resins
produce dense smoke, an increase in the yield of
carbon monoxide, and hydrogen bromide.
The work reported here is an extension of previous
work [7] on the viscoelastic behavior of non-bromi-
nated vinyl ester nanocomposites. DMA measure-
ments are usually carried out under constant
displacement amplitude in a fixed-frequency defor-
mation mode, in which the mechanical properties
are function of temperature only. Other measure-
ments that provide more information may include
frequency sweep with temperature steps, to which
time-temperature superposition (TTS) applied to
predict the long-term time dependent properties of
the material [8]. An attempt has been made to
experimentally characterize the dynamic storage
modulus (E′) and damping of brominated and non-
brominated vinyl ester reinforced with 1.25 and
2.5 wt. percent nano-clay and exfoliated graphite
nanoplatelets (xGnP) as a function of temperature
and frequencies. Dynamic mechanical testing has
been used to perform multi-frequency (accelerated
temperature measurements) and theoretical time-
temperature superposition treatment of the data.
Effects of bromination on the viscoelastic response
of these vinyl ester nanocomposites are discussed.
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2. Theory
The time-temperature superposition principle is
based on the fact that processes involved in molec-
ular motion occur at larger rates at elevated temper-
atures. The change in property which occurs rela-
tively quickly at higher temperatures can be made
to appear as if they occurred at longer times or
lower frequencies simply by shifting the data with
respect to time (1/frequency) [8]. By shifting the
data with respect to frequency to a reference curve,
a master curve is generated, which covers time (fre-
quencies) outside the accessible range.
The shifting mechanism used to shift a set of data
upon a reference curve follows WLF [8] model.
This model assumes that the fractional free volume
increases linearly with respect to temperature in the
transition region, and when the free volume
increases, its viscosity decreases. In this model, the
degree of shifting was calculated according to
Equation (1);

(1)

For both resin systems (with and without bromina-
tion), C1 and C2 were found to be around 103.9 and
399 K, respectively. Relationship between the
shifting factor (aT) versus T is plotted in Figure 1
for pure and brominated vinyl ester.

3. Experimental

3.1. DMA setup

Dynamic measurements were carried out using the
TA Instrument model Q800 DMA on prismatic
specimens deformed in a single-cantilever clamp-
ing mode, with a span length of 17.5 mm. Stress
and strain with the single-cantilever clamp used in

model Q800 DMA are calculated with Equa-
tions (2) and (3), respectively [8], assuming linear
viscoelastic behavior.

(2)

(3)

where L – clamp span length
t – sample thickness
w – width of the specimen
ν – Poisson’s ratio
Fc – clamping correction factor
σx – stress
εx – strain
P – applied force
δ – amplitude of deformation

3.2. Test description

The 1.25 and 2.5 wt. percent nanocaly and xGnP
reinforced non-brominated and brominated vinyl
ester nanocomposites were characterized by per-
forming a multi-frequency isothermal mode, in
which the sample is equilibrated at different tem-
peratures and subjected to a series of frequencies.
Specimens with dimensions of 35×10×1.6 mm
were subjected to frequencies of: 0.01, 0.1, 1 and
10 Hz with a temperature step rate of 4°C per
minute starting from 30°C (RT) to 150°C. A very
small displacement amplitude (25 μm was applied
since the analysis assumes linear viscoelastic char-
acterization, and two specimens were tested from
each configuration. The raw data was then fed to
the Rheology data analysis software to generate the
master curves.

3.3. Materials and sample preparations

The polymeric matrix used was a vinyl ester resin
(manufactured and supplied by Ashland specialty
chemical, Division of Ashland INC (Columbus,
OH)). DERAKANE 411-350-(non-brominated) is
a mixture of 45 wt.% styrene and 55 wt.% vinyl
ester. Styrene allows the chain extension because of
its single unsaturated carbon-carbon double bond,
while the vinyl ester resin with two reactive vinyl
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Figure 1. Relationship between shifting factor (aT) and
temperature for pure and brominated vinyl ester
based on the WLF model



end groups enables the crosslinking for network.
DERAKANE 510A-40 (brominated) vinyl ester
resin is a brominated bisphenol-A based vinyl ester
consisting of 38 wt.% styrene, and modified to pro-
duce the maximum degree of fire retardancy com-
bined with enhanced chemical resistance and
toughness. These additives are Butanone peroxide,
N,N-Dimethylaniline, Cobalt Naphthenate, and 2-
4-Pentanedione, all supplied from Sigma Aldrich
(St. Louis, Mo).
Exfoliated graphite nanoplatelets (xGnP) were pro-
duced according to the method described in [9].
The nanoclay was Cloisite 30B from Southern Clay
Products, Inc (Gonzales, TX). Figures 2a and 2b
show a morphology using TEM and SEM for both
edge and lateral views of xGnP inside a polymer.
These xGnP nanocomposites have exfoliated and
dispersed graphite platelets with 1 nm thickness
and several hundred nanometers widths. Distance
between layers is in the range of 10~30 Å and size
of the layered graphite extends from several hun-
dred nanometers to several microns.
The samples were prepared by dispersing about
3000 g of epoxy vinyl ester resin solution with dif-
ferent percentages of nanoclay or nanographite in a
1 gal container for 4 hours, followed by 4 passes
through a flow cell connected to a 100 W sonicator.
1% Butanone peroxide, 0.2% of 2-4 Pentanedione,
0.1% N,N-Dimethylaniline, and 0.2% Cobalt
Naphthenate were added to the mixed vinyl ester
resin solution in order and mixed for 10 min. The
above mixed resin solution was mixed for 2 min
with FlackTek speed mixer at 3000 RPM. The
well-mixed vinyl ester resin solution with nanoclay
or nanographite was poured into a 13×13×0.4”
mold, let stand for 30 minutes at room temperature

and then was post cured at 80°C for 3 hours. Pris-
matic samples with nominal dimension of 35×10×
1.6 mm size were prepared from these plates and
tested in a DMA using the single-cantilever clamp
fixture.

4. Results and discussion

4.1. Densities

As shown in Figure 3, the densities of brominated
vinyl ester nanocomposites are greater than that of
the non-brominated samples. It should be noted that
bromine is a heavy atom and there are four bromine
atoms bonded in one molecule, which results in
density being higher for brominated specimens.
Specific gravity of 510A-40 brominated vinyl ester
is about 1.23 while that of the non-brominated ver-
sion 411-350 is 1.046.
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Figure 2. Morphology of xGnP using (a) edge view (TEM), and (b) Lateral view (SEM)

Figure 3. Densites of non-brominated (411-350) and
brominated (510A-40) vinyl ester nanocompos-
ites



4.2. Modulus

The storage modulus versus temperature curve pro-
vides valuable information about the stiffness of a
material as a function of temperature, and it is sen-
sitive to structural changes such as molecular
weight, fiber-matrix bonding and degree of
crosslinking density. Crosslink density, typically
given as the average molecular weight between
crosslinks (Mc), is an important factor governing
the physical properties of cured thermoset resins.
Moreover, it can be changed by adjusting the
styrene content in the resins, molecular weight of
vinyl ester oligomers, altering the state of conver-
sion, and control of the cure conditions [10].
Crosslinking densities of the two resin systems
(non-brominated and brominated) resulting from
different styrene contents were calculated [10] as
1116 and 597 mol/m3, respectively, based on Equa-
tion (4):

(4)

where V – crosslinking density
R – gas constant
G0

n – plateau modulus from master curve of
the shear modulus versus frequency.

Calculation of crosslinking density for nanocom-
posites using this equation is invalid, because con-
tribution of nanoparticles in the crosslinking
mechanism is unknown.
Higher initial storage modulus in fiber reinforced
composite materials are in general attributed to
good fiber/matrix bonding (cross linking), or higher
initial molecular weight [11]. Figure 4 shows initial
storage modulus (30°C) for vinyl ester nanocom-
posites, with and without bromination. Initial mod-
ulus was observed to increase with addition of
nanoparticles in the non-brominated system. On the
other hand, bromination resulted in a reduction of
the initial storage modulus with addition of
nanoparticles. Among the brominated specimens,
gain in glassy (initial) modulus was observed with
xGnP reinforcement, and a loss in glassy modulus
was associated with the addition of nanoclay parti-
cles. Loss in storage moduli with the brominated
nanoclay composites could be due to weak interfa-
cial bonding between the nanoclay particles and
brominated resin. However, the 1.25 wt.% xGnP
appears to be bonding better with the brominated

resin resulting in higher storage modulus compared
to pure brominated vinyl ester.
Figures 5–7 show the storage modulus (E′) evolu-
tion with temperature for some of the vinyl ester
nanocomposites, with and without bromination.
Bromination effect modifies the dynamic mechani-
cal behavior for VE and its nanocomposites. DropRT

G
V

n
0=
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Figure 4. Initial storage modulus for non-brominated and
brominated nanocompsoites at 1 Hz frequency

Figure 5. Storage modulus for pure vinyl ester with and
without bromination

Figure 6. Storage modulus for 2.5 wt. percent nanoclay
reinforced vinyl ester with and without bromina-
tion



in modulus in the transition region is shifted to
higher temperature. It is interesting to note that no
major variation appears in the value of the rubbery
modulus in both systems (brominated and non-
brominated) with the addition of nanoparticles.
This indicates that the crosslinking density of both
networks has not been significantly affected with
the addition of nanoparticles.

4.3. Damping

Tanδ, defined as the ratio of loss modulus to stor-
age modulus, is a measure of the inherent material
damping. Peak of tanδ is the region over which the
material experiences a transition from glassy to a
leathery behavior, associated with the onset of short
range molecular segments motion, of which all are
initially fixed. Bromination in general resulted in
greater value of tanδ peak for all the nano rein-
forcements including pure vinyl ester (300%
increase) suggesting that more material is involved
in the relaxation (Figures 8–10). Two relaxations
were observed for non-brominated vinyl ester, one

at around 60°C and another between 110–120°C,
which corresponds to the transition of St-resin rich
phase at higher temperature. Varying the nanoclay
concentration from 0 to 2.5 wt. percent produced a
significant increment in the height of the corre-
sponding loss factor peak (Figure not shown).
However, significant drop of tanδ peak was associ-
ated with the addition of 2.5 wt.% xGnP to bromi-
nated resin. The greater amount of xGnP added to
the brominated resin, more brittle material behavior
was observed.
Area under tanδ curve (with units of °C) over the
temperature range (30–150°C) was also calculated,
as it is another good indicator of the total energy
absorbed by the material [12]. The higher the area
under tanδ curve, the greater the degree of molecu-
lar rearrangement, which enables the material to
better absorb and dissipate energy. Brominated
nanocomposites in general exhibited higher area
under tanδ curves compared to the non-brominated
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Figure 7. Storage modulus for 1.25 wt. percent xGnP rein-
forced vinyl ester with and without bromination

Figure 8. Tanδ curves for pure vinyl ester, with and with-
out bromination

Figure 9. Tanδ curves for vinyl ester reinforced with
2.5 wt.% xGnP, with and without bromination

Figure 10. Tanδ peak for brominated and non-brominated
vinyl ester nanocomposites at 1 Hz frequency



samples (Figure 11). From Figure 10, the higher
tanδ peak value observed with the addition of
2.5 wt. percent nanoclay compared to 2.5 wt. per-
cent graphite for brominated specimens, indicates
greater molecular mobility in nanoclay brominated
composites. Besides, the greatest loss in storage
modulus along with the superior tanδ peak associ-
ated with the addition of nanoclay particles to
brominated resin indicates that this reinforcement
may be adversely affecting the interfacial bonding.
Consequently, graphite nanoplatelets appear to
form better interfacial bonding with brominated
resin than nanoclay reinforcements.

4.4. Glass transition temperature, Tg

Figure 12 shows the loss modulus curves for the
pure and brominated vinyl ester, as a function of
frequency. Brominaton system produced network

with higher glass transition temperature (tempera-
ture corresponding to peak of loss modulus) than
the non-brominated case. For example, Tg, for pure
vinyl ester increased by about 80% with bromina-
tion. Glass transition temperature for the non-
brominated vinyl ester nanocomposite system
increased with increasing content of nanoparticles.
Whereas in case of brominated vinyl ester
nanocomposite system, it did not change with addi-
tion of nanoparticles. Furthermore, the glass transi-
tion temperature of the brominated samples for
both pure resin and the nanocomposites was still
higher than that of the non-brominated samples.
The significant increase in, Tg, achieved with
bromination is probably due to higher initial den-
sity (molecular weight). As molecular weight
increases with bromination, the glass transition
region is displaced to longer time or temperature,
because chain movement is expected to suppress
when molecular entanglement is increased [13].

4.5. Time-temperature superposition

Since the glass transition temperature for nanocom-
posites with and without bromination is found to be
varying, for this work a reference temperature of
50°C was chosen to generate master curves for the
storage modulus. To perform this, data from higher
temperature experiments in the lower portion of the
plot are shifted to the left (lower frequencies) and
curves corresponding to the temperatures lower
than 50°C are shifted to the right [8]. Figure 13
shows the generated master curves of storage mod-
ulus over an extended period of time. From
Figure 13a, the brominated vinyl ester is observed
to maintain its rigidity (at 50°C) with an average
dynamic storage modulus of (2.5 GPa) over a
period of 1010 secs (321.5 years), where as the non-
brominated vinyl ester starts to loose it’s stiffness
gradually just after 103 secs (17 minutes). This is a
significant improvement on the long term behavior
of vinyl ester with bromination. Similarly, the
brominated 1.25 wt. percent xGnP reinforced spec-
imens exhibit superior average modulus of 2.7 GPa
over 321.5 years (Figure 13b). In contrast, all the
specimens with 2.5 wt. percent nanoreinforcement,
both with and without bromination, show a stable
dynamic response with an average storage modulus
of 2.5 GPa (Figure 13c) for the first 108 sec
(3.2 years) only.
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Figure 11. Area under tanδ curves for brominated and
non-brominated vinyl ester nanocomposites at
1 Hz frequency

Figure 12. Loss modulus for pure vinyl ester, with and
without bromination, as a function of fre-
quency



5. Conclusions

Bromination of vinyl ester resin imparts fire retar-
dancy as manifested by a reduction in the amount
of smoke, carbon monoxide, and corrosive com-
bustion products. The effect of bromination on the
viscoelastic behavior of Derakane 411-350 (non-
brominated) vinyl ester reinforced with 1.25 and
2.5 wt. percent nanoclay and graphite nanoplatelets
was investigated with a DMA. Frequency sweep
across three decades: 0.01, 0.1, 1 and 10 Hz was

performed over temperature range from 30 to
150°C at a step rate of 4°C/min. The time-tempera-
ture superposition principle was applied to create
master curves of dynamic storage modulus at a ref-
erence temperature of 50°C.
Initial modulus was observed to increase with addi-
tion of nanoparticles in the non-brominated system.
However, bromination resulted in a reduction of ini-
tial storage modulus with the addition of nanoparti-
cles. Among the brominated specimens, gain in
glassy (initial) modulus was observed with xGnP
reinforcement, and a loss in glassy modulus was
associated with the addition of nanoclay particles.
Both the pure vinyl ester and nanocomposites with
bromination exhibited higher tanδ peak values and
larger areas under the tanδ curves. From the storage
modulus and damping results, it is surmised that
graphite platelets appear to form better interfacial
bonding with the brominated resin than the nan-
oclay reinforcements. Brominaton was also found
to significantly increase the glass transition temper-
ature for both pure vinyl ester (up to 80%) and the
nanocomposites. The brominated vinyl ester rein-
forced with 1.25 wt. percent graphite platelets
exhibited the best viscoelastic response with high
damping and glass transition temperature, along
with superior storage modulus over a longer time
period.
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1. Introduction
Cellulose is one of the most widely used materials
of natural origin [1]. The biopolymer was also one
of the first biomaterials used [2] and cellulosic
membranes still play an important role in extracor-
poreal life support [3]. However, the blood compat-
ibility of cellulosic materials is limited [4, 5].
Among the related processes thrombosis is a major
problem [6]. Thrombus formation is a life-threaten-
ing event resulting from a series of enzymatic
hydrolysis steps known as the blood coagulation
cascade. The serpin antithrombin (AT) is the most
important regulator of the coagulation enzymes
under physiological conditions. Its activity is dras-
tically enhanced after complexation with polyan-
ionic polysaccharides such as heparin [7]. Although
chemically bound heparin shows a reduced biologi-
cal activity compared to free heparin [8], the blood

compatibility of cellulosic membranes was found
to be improved upon heparinization [9]. Beyond
that, partially sulfated cellulose was considered
promising for biomaterials coatings [10]. Due to
their action on AT, such coatings were demon-
strated to reduce the coagulation processes at the
blood/material interface [11–13]. Such coatings
could be useful for the surface-selective modifica-
tion of catheters and several other devices tem-
porarily applied in direct blood contact. However,
neither the degree of polymerization (DP) of the
cellulose chain nor the degree of sulfation (DS)
were so far systematically studied with respect to
the bioactivity of the obtained coatings. Since these
characteristics influence the structure and AT affin-
ity of the cellulose layers knowledge about the rele-
vance of these parameters appeared important for
the intended application of this approach in the sur-
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face modification of biomaterials we performed a
series of experiments to explore the impact of these
features.
Maleic anhydride copolymer (MA) thin films were
shown to be a versatile platform for the biomolecu-
lar functionalization of solid supports [14]. Previ-
ous studies included the covalent attachment of
cellulose on MA pre-coatings via an esterification
reaction [15]. This approach was applied in the
present work to gain thin and stable cellulose coat-
ings using two types of cellulose CEL I (DP
215–240) and CEL II (DP 1300–1400). Based on
that, we report a straightforward modification of
cellulose layers by in situ sulfation of the cellulosic
hydroxyl groups.
A schematic representation of the derivatized
poly(ethylene-alt-maleic anhydride) copolymer
(PEMA) thin films is displayed in Figure 1. The
shown three different types of investigated surfaces
– Group A: PEMA-HYDRO, hydrolyzed PEMA;
Group B: PEMA-CEL I, II, cellulosic PEMA;
Group C: PEMA-CEL I, II-sulf, sulfated cellulosic
PEMA (R=OH, SO3

–) – shall present a systematic
approach towards heparinoid interfaces. Several
reaction parameters (concentration of the sulfation
reagent SO3·NMe3, reaction temperature, and reac-
tion time) were varied to investigate their influ-
ences on the sulfation process and the resulting
surface properties. Changes in film thickness, ele-
mental composition, wettability, and morphology
were thoroughly investigated. In particular, the

degree of sulfation was assessed from XPS (X-ray
photoelectron spectroscopy) data. As a measure of
the bioactivity of the films, the AT adsorption onto
the sulfated cellulose layers was determined and
compared.

2. Experimental section

2.1. Materials

All solvents and reagents were used without further
purification. Aqueous ammonia solution (Acros
Organics, Geel, Belgium) and hydrogen peroxide
solution (Merck, Darmstadt, Germany) were
employed for the pre-cleaning of the silicon wafers
and glass coverslips.
Poly(ethylene-alt-maleic anhydride) copolymer
(PEMA, Mw = 125 000 g/mol, Sigma-Aldrich,
Munich, Germany) was used for solid support coat-
ing. The immobilized native cellulose types were
CEL I (DP 215–240, Aldrich-Fluka Chemicals)
and CEL II (DP 1300–1400, kindly provided by
Membrana GmbH, Wuppertal, Germany). The sol-
vents dimethyl sulfoxide (DMSO), 4-methylmor-
pholine-4-oxide monohydrate (NMMO), and
dimethylformamide (DMF) as well as the sulfur tri-
oxide-trimethylamine complex SO3·NMe3 were
purchased from Aldrich-Fluka Chemicals. Human
antithrombin (AT) was supplied by Sigma-Aldrich
Chemie GmbH (Steinheim, Germany). Normal
donkey serum (NDS, Jackson ImmunoResearch
Laboratories Inc., USA) was used as blocking
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Figure 1. Schematic representation of the surfaces investigated in this study. The modified poly (ethylene-alt-maleic
anhydride) copolymer (PEMA) thin films are divided into three groups. Group A: PEMA-HYDRO, hydrolyzed
PEMA; Group B: PEMA-CEL I, II, cellulosic PEMA; Group C: PEMA-CEL I, II-sulf, sulfated cellulosic
PEMA (R=OH, SO3

–). The comonomer units (ethylene) as well as the linkage to the solid support are not drawn.



buffer. Fluorescein isothiocyanate (FITC) conju-
gated sheep anti-human AT was purchased from
Cedarlane Laboratories LTD (Hornby, Canada).
The substances used during the AT adsorption
experiments were dissolved in Phosphate buffered
saline buffer (PBS, Sigma, Schnelldorf, Germany).

2.2. Surface preparation and modification

Stable copolymer thin films were prepared by spin-
coating (RC5, Suess Microtec, Garching) of a
0.15 wt% solution of PEMA in acetone/THF (1/2)
onto previously cleaned and amino-silanized sili-
con wafers (10×20 mm) or glass coverslips
(22×22 mm) following a procedure described else-
where [14]. The two celluloses (CEL I, CEL II)
were subsequently immobilized onto the PEMA
films. A 0.5 wt% solution of cellulose (CEL I or
CEL II) in dimethyl sulfoxide/4-methylmorpho-
line-4-oxide monohydrate (solution of 40 wt%
DMSO and 60 wt% NMMO) was used for immobi-
lization following a published procedure [15]. The
polymer-coated (Si wafer or glass) carriers were
tempered at 120°C for 2 h just prior to spin coating
to regenerate the anhydride form of the copoly-
mers. Subsequently, the carriers (preheated at
45–50°C) were spin coated with the hot cellulose
solutions (60 s, 3000 rpm, 1500 rpm/s). The sam-
ples were prepared as series at the same tempera-
ture guaranteeing equal preparation conditions.
After spin coating, the samples were immersed into
MilliQ water for precipitation of the cellulose lay-
ers. Air drying overnight followed by vacuum-dry-
ing for 2 h at 120°C. Solvent residues were
removed by immersion of the samples in MilliQ
water (twice for 1 h). The samples were dried then
under a N2 stream. Prior to the introduction of the
sulfate groups, the cellulose-PEMA samples were
dried at 70°C for 1 h in a vacuum oven. The sam-
ples were then immersed into a SO3·NMe3 solution
in DMF and heated up. Three cellulosic samples
were treated per different reaction condition. After
cooling down to ambient temperature, the samples
were washed thoroughly with DMF and immersed
into a 0.01 N NaOH solution for 10–15 min. After-
wards, the sulfated films were kept in deionized
water overnight, dried under a N2 stream, and
placed at 120°C for 2 h.

2.3. Methods
The layer thickness values were determined by
ellipsometry on polymer-coated Si wafers in the
dry state. Investigations were carried out on a vari-
able angle spectroscopic ellipsometer M-2000VI
(371–1680 nm, Woollam Inc., Lincoln, USA) in a
polarizer compensator sample analyzer (PCSA)
configuration. Two samples were measured and at
least three measurements on each wafer were per-
formed. The two Stokes parameters Δ (phase shift)
and Ψ (amplitude ratio) were calculated using an
optical 4 phases model (Si/SiO2/polymer/ambient)
[16]. The optical constants of Si and SiO2 were
taken from the literature [17, 18]. The best fit
results (without roughness correction) gave the
effective refractive indices and thickness values for
the overall polymer layer system on the wafer sur-
face.
X-ray photoelectron spectroscopy (XPS) measure-
ments were performed to determine the elemental
composition of the polymer films. XPS spectra of
cellulose bearing surfaces were recorded on an
Axis Ultra spectrometer (Kratos Analytical, Man-
chester, United Kingdom). Monochromatic AlKα
X-rays of 300 W at 20 mA were applied. The
kinetic energy of photoelectrons was measured
using a hemispherical analyzer (take-off angle of
0°) having a constant energy pass of 160 eV for
survey spectra and 20 eV for high-resolution spec-
tra. All spectra were referenced to 285.0 eV (CxHy

binding energy). Quantitative elemental composi-
tions were determined from the peak areas of the
survey spectra using experimentally determined
sensitivity factors and the spectrometer transmis-
sion function. The high-resolution spectra were de-
convoluted by means of Kratos Analytical soft-
ware. The following parameters were fitted:
binding energy, peak height, full width at half-max-
imum, and Gaussian-Lorentzian ratio of the com-
ponent peaks.
The surface densities [mol/cm2] of anhydride
groups (ΓPEMA) and of cellulose repeating units
AGU (ΓCEL) were estimated using a model devel-
oped by Pompe et al. [19]. Estimations from the
elemental composition determined by XPS were
executed based on a linear regression analysis
assuming a density of 2.85 g/cm3 of the detected
SiO2 from the silicon wafer substrate and a mean
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attenuation length of the XPS signal in the substrate
and the surface layer of about 3 nm [20, 21]. Within
this routine the elemental compositions (CxHy,
C–OH, COOH, N, Si) of the layer components
(SiO2, PEMA, PEMA-CEL I or PEMA-CEL II)
were fitted to the XPS data in a least square sense.
The grafting yields (Φ) were defined as the ratio of
the surface densities of cellulose units (AGU) and
the PEMA repeating units (ΓCEL/ΓPEMA). The
degree of sulfation (DS) was calculated from XPS
data (C1s and S 2p), Φ and the carbon number of a
modified MA unit.
Dynamic contact angle measurements were carried
out on an optical contact angle device OCA 30
(Dataphysics, Filderstadt, Germany). Droplets of
deionized water were placed onto freshly annealed
samples. At least three measurements on each sam-
ple were performed. The data presented as mean
value and standard deviation.
The surface topography was investigated on one
sample using a Dimension 3100 Nano-Scope IV
AFM (Veeco, USA). An area of 2×2 µm was meas-
ured in tapping mode. The cantilever (Si-SPM-can-
tilever, BudgetSensors, Bulgaria) had a spring
constant of ca. 40 N/m and a resonance frequency
of ca. 300 kHz. The tip radius was lower than
10 nm. The mean surface roughness values were
calculated using the Nanoscope software.

2.4. Antithrombin binding studies

Antithrombin (AT) adsorbed onto the modified sur-
faces was detected by immunostaining-fluores-
cence microscopy. Glass slides bearing sulfated
coatings were placed into home-developed screen-
ing chambers having a test-material area of 2 cm2.
Two samples were incubated with a 0.1 U/ml AT
solution in PBS buffer for 30 min at room tempera-
ture. As reference a third sample was incubated in
PBS buffer for 30 min at room temperature. After
incubation, the three samples were rinsed twice
with PBS, thereafter incubated with 60 mg/ml nor-
mal donkey serum solution for 30 min and subse-
quently washed twice using a 0.1% PBS-donkey
serum buffer (PBS-NDS). The surfaces were then
incubated with a 7 µg/ml solution of FITC-conju-
gated sheep anti-human AT in 0.1% PBS-NDS for
1 h. Finally, the samples were washed twice with
0.1% PBS-NDS, then mounted on microscopy
slides, and imaged using a confocal laser scanning

microscope (TCS SP, Leica, Bensheim, Germany)
having a 40× oil immersion objective. The micro-
scope settings were kept constant to allow a direct
comparison of the fluorescence intensities meas-
ured on the different surfaces. The images were
quantified using Image J software (freeware, http://
rsb.info.nih.gov/ij/). The experiments were per-
formed in duplicate and the relative fluorescence
intensities are reported as average of at least
5 measurements on each slide. The results are
shown as mean value and standard deviation.

3. Results and discussion

3.1. Cellulose-grafted PEMA surfaces

Prior to cellulose attachment, the PEMA pre-coat-
ings had a film thickness of 6.3 ± 1.1 nm. The cel-
lulose immobilization resulted in thin films of
14.9 ± 1.3 nm (PEMA-CEL I) and 19.0 ± 1.5 nm
(PEMA-CEL II). The refractive indices (measured
at a wavelength of λ = 630 nm) of PEMA-CEL I
(1.56 ± 0.02) and PEMA-CEL II (1.52 ± 0.02)
were slightly different.
The atomic composition of PEMA-CEL I and
PEMA-CEL II was determined by XPS (see
Table 1). Based on detailed XPS investigations pre-
viously reported [15], 4 types of carbon atoms with
different chemical environment were defined
within the cellulosic layers and are listed in
Table 2. The related high-resolution C1s spectrum
of a cellulose film on a PEMA support is given in
Figure 2a. The C1s spectrum deviates from the typ-
ical shape expected for cellulosic materials, how-
ever similar spectra were previously obtained for
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Table 1. Atomic concentrations (at %) of the survey XPS
spectra of PEMA-CEL I and PEMA-CEL II (for
preparation condition of cellulosic surface see
chapter 2.2); binding energies: C1s: 286.7 eV,
O1s: 533.0 eV, Si2p : 103.4 eV, N1s: 401.2 eV

Table 2. Components of the C1s peak of the cellulosic
PEMA thin films, R = organic rest

C1s O1s Si 2p N1s
at %PEMA-CEL I 57.8±1.4 38.6±1.1 2.4±0.6 1.2±0.1
at %PEMA-CEL II 57.0±0.2 42.1±0.2 0.4±0.0 0.8±0.4

Components Binding energy [eV] Chemical group
A 285.0 aliphatic carbons
B 286.6 –CH(H,R)OH
C 288.1 –O–CHR–O–, CHO

D 289.1
–COOR, COOH,
–CO–O–CO–



similar sample preparations [15]. Component peak
A results from saturated hydrocarbons of the
PEMA plus adsorbed hydrocarbon contaminations,
which are commonly observed on surfaces. The
reacted (ester bonds between cellulose and PEMA)
and remaining anhydride groups of PEMA were
assigned to component peak D. The two component
peaks B and C mainly reflect the C–OH and
C–O–C (B) and acetal groups of cellulose (C).
Autocatalytic degradation of cellulose in NMMO
solutions is described in the literature [22]; oxi-
dized cellulose species, such as keto groups are
produced and contribute to the component peaks C
as well. The corresponding S 2p spectrum does not
show any traces of sulfur. The atomic percentages
obtained by deconvolution of the C1s signal for
PEMA-CEL I and PEMA-CEL II are given in
Table 3. The ratio of C–OH/–O–CHR–O (compo-
nent B/component C) is about 4/1 for both types of
cellulose. This value differs from the theoretical
value (5/1) of pure cellulose and may indicate the
occurrence of cellulosic oxidation products which
contribute to component C. The cellulose surface

densities obtained from the XPS data are summa-
rized in Table 4. The anhydride density ΓPEMA was
calculated to be 1.43 nmol/cm2. Surface densities
of ΓCEL I = 0.83 nmol/cm2 and ΓCEL II =
1.88 nmol/cm2 were estimated for the PEMA-
CEL I and PEMA-CEL II films, respectively. For
PEMA-CEL I a grafting yield of 0.58 AGU:PEMA
units was calculated whereas a value of 1.30
AGU:PEMA units was determined for PEMA-
CEL II. The differences in grafting yield are attrib-
uted to the different molecular weight of the
cellulose samples with CEL II being approx.
5 times bigger than CEL I. The calculated grafting
yield might be considered quite low, however, its
normalization to the number of PEMA units is the
origin of the low value as only a few PEMA units
of the PEMA layer are available for the grafting of
the cellulose molecules. Hence, still a good cover-
age of the surface by CEL I and CEL II can be
expected.
The wettability characteristics of the cellulosic
films are reported in Table 5. The hydrophilicity of
the layered substrates increased upon cellulose
attachment: compared to the plain PEMA (65°),
cellulosic layers displayed advancing contact angle
of 51 and 33° for PEMA-CEL I and PEMA-CEL II,
respectively. In comparison, water contact angles
of 25–30° were previously reported for pure cellu-
lose samples and cellulosic membranes used for
hemodialysis were characterized with values of
about 33° [23, 24]. The wettability of PEMA-
CEL II, close to values of the pure cellulose, seems
to indicate an almost complete coverage of PEMA
by the high DP polysaccharide. The hysteresis val-
ues of 28 and 16°, found for PEMA-CEL I and
PEMA-CEL II films respectively, point to a more
homogenous surface coverage in the case of
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Figure 2. High-resolution C1s (left) and S 2p (right) XPS
spectra of a cellulose film immobilized with
PEMA on a support before (a) and after its sul-
fation (b); the sulfation conditions were
cSO3·NMe3 = 5 wt%, 90°C, 3 h

Table 3. Atomic concentrations [%] of the components of
the C1s peak in PEMA-CEL I and PEMA-CEL II

Surfaces
A B C D B/C

atomic %
PEMA-CEL I 38.9 42.1 10.7 8.3 3.9
PEMA-CEL II 21.4 59.0 14.5 5.6 4.1

Table 4. Surface densities of disaccharide units ΓCEL, calculated from XPS data [19], S 2p/C1s ratio from XPS measure-
ment (take-off angles Θ = 0°), degree of sulfation (DS) of PEMA-CEL I-sulf, PEMA-CEL II-sulf, and the corre-
sponding sulfate densities of the modified surfaces (cSO3·NMe3 = 5 wt%, 90°C, 3 h)

Surfaces ΓΓCEL [nmol/cm2] S 2p/C1s ratio DS ρρ  [pmol/cm2]
PEMA-CEL I-sulf 0.83 0.05 0.56 460
PEMA-CEL II-sulf 1.88 0.03 0.41 770



PEMA-CEL II. The surface roughness determined
from AFM measurements were 2.9 and 2.3 nm for
PEMA-CEL I and PEMA-CEL II, respectively.
These values are in good agreement with data on
cellulose films immobilized from solutions with
higher cellulose concentration (> 0.5 wt%) [15].

3.2. Sulfation of the cellulosic PEMA surfaces

The cellulose coatings were sulfated using a sulfur
trioxide complex with DMF as the solvent. This
experimental condition was chosen based on previ-
ous results reported for the sulfation of glycosides
performed in the liquid phase [25, 26].
The high-resolution C1s and S 2p spectra of a cel-
lulose film recorded after sulfation are reported in
Figure 2b. The shape of the C1s spectrum (Fig-
ure 2b left) differs only slightly from the spectrum
of the non-sulfated sample. Compared to compo-
nent peak B the intensities of the two component
peaks A and D seem to be slightly decreased. The
S 2p spectrum clearly shows the presence of sulfur
(Figure 2b right). The S 2p peak is composed of the
S 2p1/2 and S 2p3/2 peaks. Their binding energy dif-
ference and the intensity ratio indicate that only one
sulfur species is present on the sample surface. The
binding energy of the S 2p3/2 peak, 168.7 eV, is
typical for sulfate groups.
The sulfation conditions were optimized on
PEMA-CEL I films to achieve a maximal decora-
tion of the surface with the sulfate groups. The con-
centration of the sulfation reagent SO3·NMe3 in
DMF (cSO3·NMe3 = 1, 2.5, 5 wt%), the reaction tem-
perature (60, 90°C) as well as the reaction time
(3, 24 h) were varied. No relevant film thickness
alterations were detected by ellipsometry even
under the most drastic reaction conditions (5 wt%
SO3·NMe3 at 90°C during 24 h).
The sulfur/carbon (S/C) ratios of PEMA-CEL I-
sulf films calculated from XPS data are displayed

in Figure 3. Variation of the SO3·NMe3 concentra-
tion at 60°C resulted only in minor S/C ratio
changes (data not shown). The elevation of the
reaction temperature had a stronger impact on the
sulfation process. For a reaction time of 3 h using
5 wt% SO3·NMe3, an increase of the S/C ratio was
found for 90°C (0.046) compared to 60°C (< 0.01).
As the solubility of the cellulose in DMF increased
with the temperature, a better penetration of the sul-
fation reagent into the films can be assumed. At the
same reaction temperature (90°C), the total S/C
value was not dependent on the reaction time: no
significant changes could be observed after
24 hours compared to 3 hours. However, angle
dependent XPS measurements (take-off angles Θ =
0, 60, 75°) carried out for reactions times of 3 and
24 hours (Figure 4) revealed the chemical composi-
tion of the film at different depths. For the shorter
reaction time (3 h), a gradient of the S/C could be
observed. The number of introduced sulfate groups
was declining towards the interior of the film. For a
24 hours reaction time the S/C gradient vanished:
surface and interior of the PEMA-CEL I were sul-
fated in a similar way. We assume that the solubil-
ity of the celluloses in DMF is kinetically con-
trolled.
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Figure 3. Impact of reaction temperature and reaction time
on the sulfur/carbon ratio (XPS measurements)
using cSO3·NMe3 = 5 wt%

Table 5. Advancing/receding water contact angles and hysteresis values of PEMA-CEL I-sulf and PEMA-CEL II-sulf after
3 and 24 h (cSO3·NMe3 = 5 wt%, 90°C)

Surfaces Adv. contact angle ± SD [°] Rec. contact angle ± SD [°] Contact angle hysteresis [°]
PEMA-CEL I 50.7 ± 0.2 22.7 ± 0.1 28.0
PEMA-CEL I- sulf (3 h) 46.4 ± 0.2 19.3 ± 0.3 27.0
PEMA-CEL I- sulf (24 h) 38.4 ± 0.3 17.4 ± 0.2 21.0
PEMA-CEL II 33.3 ± 0.3 17.8 ± 0.2 15.5
PEMA-CEL II- sulf (3 h) 52.9 ± 0.2 15.8 ± 0.3 37.2
PEMA-CEL II- sulf (24 h) 51.0 ± 0.2 17.1 ± 0.1 33.9



As a maximal S/C ratio of PEMA-CEL I-sulf was
obtained using a 5 wt% SO3·NMe3, the same con-
centration was utilized to produce PEMA-CEL II-
sulf. As the DP of CEL II was about 6 times the DP
of CEL I, a decrease of the S/C value due to
decreased solubility in DMF was expected. How-
ever, at 60°C, the S/C value of 0.033 (see Figure 3)
was about 5 times higher than PEMA-CEL I-sulf
which suggests a higher OH abundance at the solid-
liquid interface. A marginal increase of the S/C
ratio was observed for PEMA-CEL II-sulf when
the temperature was increased to 90°C. This obser-
vation suggests that an almost complete sulfation of
the surface hydroxyl groups was already reached at
60°C. At longer reaction times (24 hours) OH
groups within the bulk volume of the film became
accessible to the SO3·NMe3 complex resulting in a
further increase of the S/C ratio (0.041).
From the atomic concentrations of C1s and S2p
(detected by XPS) the degree of sulfation (DS) was
estimated for CEL I and CEL II surface obtained
using 5 wt% SO3·NMe3 at 90°C for 3 h (Table 4).
Lower S/C ratios were obtained for PEMA-CEL II
(0.033) when compared to PEMA-CEL I (0.046).
These ratios correspond to calculated DS values of
0.41 and 0.56, respectively. Both values remain far
below the DS of heparin (2.7) and correspond to
about one sulfate group per disaccharide unit
(which is similar to the sulfation grade of heparan
sulfate molecules) [27]. Based on the DS values,
the surface concentrations of the sulfate groups
were calculated to be 460 pmol/cm2 for PEMA-
CEL I-sulf and 770 pmol/cm2 in the case of
PEMA-CEL II-sulf.

Low concentrations of SO3·NMe3 (1 and 2.5 wt%)
did not influence the advancing contact angle val-
ues (CA) of PEMA-CEL-sulf (data not shown). As
listed in Table 5 the treatment of PEMA-CEL I
with a 5 wt% sulfation solution at 60°C during
3 hours led to a slight increase of the surface
hydrophilicity (from 51 to 47°). A comparable
value was obtained for the experimental conditions:
5 wt%, 90°C, 3 h. Significant changes were
observed after increasing the reaction time from
3 to 24 h. After 24 h, decreased advancing contact
angle (38°) and hysteresis (20°) were observed for
PEMA-CEL I-sulf. PEMA-CEL II-sulf (5 wt%,
90°C, 3 h) displayed more hydrophobic (53°) and
inhomogeneous (hysteresis = 40°) surface proper-
ties. After 24 h sulfation, the advancing contact
angle decreased but remained above the values
determined before sulfation i.e. the introduction of
sulfate groups on the surface did not lead, as
expected, to an enhanced surface wettability. Since
the surface roughness did not change upon sulfa-
tion (see below) we assume rearrangements of the
amourphous-crystalline structure of the cellulose
layers to cause this unexpected behavior.
The AFM height images and the cross-section pro-
files of PEMA-CEL I-sulf and PEMA-CEL II-sulf
(5 wt% SO3·NMe3, 90°C, 24 h) are given in Fig-
ure 5. Similar surfaces topographies were obtained
for both surfaces. The surface roughness values did
not significantly change compared to samples
before sulfation.

3.3. Surface binding of antithrombin

In this study, the hydrolyzed polymer layers
PEMA-HYDRO were taken as a negative reference
(no sulfate groups, no polysaccharidic backbone).
The total hydrolysis of the anhydride moieties was
achieved by autoclaving at 120°C, under saturated
water vapor during 20 min. The PEMA CEL I-sulf
and CEL II-sulf were prepared under the sulfation
conditions: 5 wt% SO3·NMe3 in DMF, 90°C, 3 h.
The amount of antithrombin (AT) bound to the
hydrolyzed and derivatized MA substrates was esti-
mated by immunostaining-fluorescence microscopy.
The fluorescence intensities Λ measured by cLSM
are shown in Figure 6. The reference values (black
bars) were obtained after incubation with a fluores-
cent labeled antibody anti-antithrombin (anti-AT)
and showed a weak non-specific adsorption of the
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Figure 4. PEMA-CEL I-sulf (cSO3·NMe3 =5 wt%, 90°C):
dependency of the S2p/C1s on reaction time
(3 and 24 h) at 3 different film depths



antibody on all the surfaces. Surface-scavenged AT
was observed on all films. Hydrolyzed MA
(PEMA-HYDRO) providing a highly negatively
charged surface without glucose moieties or sulfate
groups had the lowest AT binding capacity
(18 a.u.). A significantly higher AT anchorage has
been observed on a PEMA-CEL I-sulf surface
(95 a.u.) while the less sulfated PEMA-CEL II-sulf

scavenged comparatively almost 50% (44 a.u) less
AT.
The comparison of the results obtained with sul-
fated CEL I and CEL II samples clearly demon-
strates the importance of the DS for the AT
binding: the slightly lower DS of CEL II correlates
with a lower AT binding. The total sulfate density
of the surfaces does not correlate with the AT bind-
ing indicating that only sulfate groups on the top-
most part of the surface seem to contribute.

4. Conclusions

Systematic studies on structure-bioactivity correla-
tions of potentially anticoagulant surfaces are
required for the rational design of hemocompatible
materials. In this work, two celluloses were
attached onto poly(ethylene-alt-maleic anhydride)
pre-coatings. The grafting of the cellulose depended
on the degree of polymerization (DP) of the poly-
saccharide: CEL II (DP~1350) > CEL I (DP~230).
The reactivity of the hydroxyl groups of the surface
confined cellulose films with SO3·NMe3 complex
was found to be a function of reaction time, reac-
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Figure 5. AFM height images and cross-section profiles of PEMA-CEL I-sulf (A) and PEMA-CEL II-sulf (B) obtained
after treatment using 5 wt% SO3·NMe3 at 90°C for 24 h

Figure 6. Adsorbed antithrombin (AT) on modified and
hydrolyzed PEMA surfaces as determined by
laser scanning microscopy (sulfation conditions:
5 wt% SO3·NMe3 in DMF, 90°C, 3 h)



tion temperature, and concentration of the sulfation
agent. For the applied sulfation conditions (5 wt%
SO3·NMe3 at 90°C for 3 h) the calculated degree of
sulfation (DS) of the films was lower for layers
consisting of cellulose with higher DP. The cellu-
lose films showed an enhanced antithrombin bind-
ing (compared to the highly negatively charged
PEMA surface) pointing at the importance of the
molecular structure for the affinity. Antithrombin
binding was furthermore found to correlate well
with the DS of the cellulose sample, but not with
the total sulfate content of the layers. The latter
observation indicates that only sulfate groups on
the topmost surface of the films influence the inter-
action with the serpin.
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1. Introduction
Unsaturated polyester resins (UP) are extremely
versatile in terms of their properties and applica-
tions and have been a popular thermosetting resin
for glass-fibre reinforced plastics (GRP) [1]. This
matrix material has been used for many years in
broad technology fields such as naval, offshore
applications, automotive and construction indus-
tries. The reinforcement of polyesters has been tra-
ditionally with glass fibres. Recent studies replac-
ing the traditional fibres with various cellulosic
fibre reinforcements have shown promising results.
These systems meet the environmental credentials
without losing the characteristic properties of com-
posite materials [2–4]. However despite the numer-
ous advantages that polymeric materials provide to
society in everyday life, there is an obvious disad-
vantage related to the high flammability of many

polymers. Fire can be broken down into their con-
stituent fire hazards: ignitability, ease of extinction,
heat release rate, flame spread, smoke obstruction
and smoke toxicity [5–7].
According to fire statistics, more than 12 million
fires break out every year in the United States,
Europe, Russia and China killing some 166 000
people and injuring several hundreds of thousands.
Calculating the direct losses and costs for these
countries is difficult, but $500 million per annum is
an estimate based on some national data [8]. There-
fore, in the pursuit of improved approaches to
flame retardancy (FR) of polymers, a wide variety
of concerns must be addressed. Competing with
expensive flame retardant polymers as well as
reducing the overall cost of the final product
demands that the FR’s are kept at a reasonable cost.
This limits the solutions to the problem primarily to
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additive type approaches. These additives must be
easily processable with the polymer, must not
excessively degrade the other performance proper-
ties, and must not create environmental problems in
terms of recycling or disposal. Traditional systems
such as brominated FR’s (e.g. Hexabromocyclodo-
decane (HBCD)) which has been used in many
polymers including unsaturated polyester to pre-
vent flame spread, but have significant disadvan-
tages of producing dense smoke and corrosive
combustion by-products which can have a negative
impact on the environment. Another commonly
used filler is alumina trihydrate or aluminium trihy-
droxide (ATH), which is looked upon as a ‘greener’
FR. The effectiveness of this flame retardant tends
to be limited since relatively large amounts of the
filler are needed for adequate flame retardancy
(>60 wt%), which has a detrimental effect on the
processing and as well as possible alterations to the
mechanical properties of the final product. Some
previous studies have shown improved flame retar-
dancy of thermoplastic systems based on improv-
ing the effect of ATH in combination with other FR
fillers such as nitrogen rich melamine [9]. Also,
there has been some research carried out using
combinations of aluminum trihydroxide together
with ammonium polyphosphate (APP) in different
polymer systems [10]. These studies resulted in
some synergistic or antagonistic behaviour with
respect to reducing the flammability of the poly-
mer. To date, these two fillers have not been used
together in a UP system. Therefore the purpose of
this work is to carry out thermal and cone calorime-
try studies on unsaturated polyester resin with ATH
in combination with APP to create a flame retar-
dant ternary system.

2. Materials and specimen preparation

This study consisted of bench scale fire testing a set
of flame retardant unsaturated polyester specimens.
The unsaturated polyester resin (UP) used was a
P17 (ortho resin) from Reichhold Organic Chemi-
cals Ltd. A non-flame retardant specimen consist-
ing of 50 wt% calcium carbonate (CaCO3)
(~200 phr) supplied by Omya UK was prepared.
The flame retardant fillers used were aluminum tri-
hydroxide (OL104) from Albemarle Corporation
and Exolit™ ammonium polyphosphate from Clari-
ant. An unfilled unsaturated polyester specimen

was also produced as a control specimen. To pre-
pare the specimens, the fillers were dispersed in the
UP under excessive shear mixing using a High
Speed Mechanical Mixing (HSMM) Citenco, FHP
Motors LC9 with four blades. The formulation was
mixed for 5 min at 3000 rpm. The specimens were
cured in an open steel mould with dimensions of
100×100 mm. The formulations (Table 1) were
prepared and cured for 10 min at 140°C in an air
circulated oven.

3. Experimental procedures

3.1. Cone calorimetry

All the tests for this study were conducted in the
horizontal orientation. An irradiance of 50 kW/m2

was used. Ignition was spark induced; specimens
were run without a retainer frame and in triplicate
and averaged.

3.2. Thermal analysis

Thermogravimetric analysis (TGA) was carried out
using TA Instruments Q500 TGA at a heating rate
of 10°C/min under air and nitrogen rich atmos-
pheres; with a gas flow rate of 20 ml/min. In each
case, specimens of approximately 5 mg were posi-
tioned in a platinum pan. Differential scanning
calorimetry (DSC) analysis was carried out using
Mettler Toledo DSC822e and closed aluminum
pans with a pierced hole in the cover. Thermal
scans were run from 30–350°C at 10°C/min with
specimen masses averaging 5 mg, in air.

4. Results and discussion

4.1. Cone calorimetry

Inorganic hydroxide flame retardant additives
decompose when heated, releasing water in the
vapour phase of combustion (pyrolysis stage). As
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Table 1. UP formulations studied in this investigation

Specimens (weight percentage)
Unsaturated Polyester Resin (UP)
+50wt% Calcium Carbonate (CaCO3)
+30wt% ATH
+40wt% ATH
+50wt% ATH
+50wt% ATH+5wt% APP
+50wt% ATH+10wt% APP
+50wt% ATH+15wt% APP



this elimination of water results in an endothermic
reaction, heat is removed from the substrate. This
removal of heat slows down the decomposition of
the substrate, which is indicated by the delay in
time to ignition (TTI) (Table 2) and also the reduc-
tion in heat release rate (Figure 1).
This phenomenon allows the substrate to remain
below its ignition temperature for the duration of
the hydroxide decomposition process. Literature
reports that the largest of the commercially used
inorganic hydroxides absorbs between 1000 and
1500 J/g of energy during decomposition [11].
Although other references may cite different values
for this parameter, the apparent discrepancies
should not be of great concern, as they are relative.
The values obtained depend on the type of equip-
ment used to measure the endothermic response,
the heating rate used, the sample size, particle size,
crystal morphology, the method of sample prepara-
tion and the temperature range used in the determi-
nation. The addition of the fillers within the UP
shows a delay in ignition times. Interference of the
flame is due to the decomposition mechanisms of
the individual fillers which are shown by the TGA
and DSC thermograms, which will be discussed
later. Cone calorimeter tests have been performed

to estimate the reaction to fire of the flame retardant
UP systems. Many reactions to fire parameters
were determined, such as the time to ignition, the
heat release rate, mass loss behaviour and the
smoke production over time. In this study, tests
were carried out at 50 kW/m2 heat flux, which in
the cone calorimeter is considered to represent a
well developed fire [12]. The time to ignition data
for the tested UP formulations is shown in Table 2.
A marked improvement can be seen in the ATH
filled formulations compared to unfilled ones with
respect to delaying the ignition time. The UP had a
TTI of 7 seconds and combusted violently with a
large flame during testing. As the loading of ATH
increases the TTI was prolonged.
The ATH starts to break down in the temperature
range of 180–200°C, conversion to aluminium
oxide taking place in an endothermic reaction with
release of water vapour. As a result of the endother-
mic breakdown, the UP is cooled, and thus fewer
pyrolysis products are formed. The water vapour
liberated has a diluting effect in the gas phase and
forms an oxygen displacing protecting layer over
the condensed phase [13].
Table 3 reports a PHRR of 836 kW/m2 for the
unfilled UP. This was reduced to 289 kW/m2 with
the introduction of CaCO3, which is thought to
occur for two reason; (i) more of the UP volume
had been replaced by the filler, thus simply reduc-
ing the amount of combustible material present and
(ii) when CaCO3 decomposes it releases CO2 which
is thought to form around the flame front and thus
diluting the combustion mixture [14].
As the ATH loading increased from 30 to 50 wt%
the PHRR decreased from 337 to 244 kW/m2,
respectively. Inorganic hydroxides are generally
used at levels of 50 wt% or more to attain the flame
retardant results required. In this study 50 wt% was
the maximum loading that could be achieved due to
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Table 2. The delay in the time to ignition (TTI) for the FR
UP specimens

Specimens TTI [s]
UP 07
+50wt% CaCO3 08
+30wt% ATH 20
+40wt% ATH 22
+50wt% ATH 24
+50wt% ATH+5wt% APP 26
+50wt% ATH+10wt% APP 27
+50wt% ATH+15wt% APP 30

Table 3. The peak heat release rate (PHRR) and total heat
release (THR) of the FR UP specimens

Specimens
PHRR

[kW/m2]
THR

[MJ/m2]
UP 836 080
+50wt% CaCO3 289 085
+30wt% ATH 337 116
+40wt% ATH 319 113
+50wt% ATH 244 107
+50wt% ATH+5wt% APP 240 105
+50wt% ATH+10wt% APP 230 093
+50wt%ATH+15wt% APP 221 090

Figure 1. The reduction in heat release rate profile for the
FR UP specimens



very high shear forces needed to disperse the highly
viscous mixture. The results show that the calcium
carbonate had a positive effect in reducing the
PHRR. This was thought to be due to fuel replace-
ment. The ATH reduced the PHRR further, the
endothermic and water liberating effect reduced the
combustion of the specimen. This was evident from
PHRR for 50 wt% ATH and 50 wt% CaCO3 loaded
UP specimens, which were 224 and 289 kW/m2

respectively. The addition of APP also reduced the
PHRR. A formulation with the maximum ATH
loading of 50 wt% was chosen to formulate three
specimens with 5, 10 and 15 wt% APP, the PHRR
were 240, 230 and 221 kW/m2, respectively. Again
the explanation for this reduction could be due to
more inorganic filler being introduced into the resin
thus less UP being available for combustion. How-
ever research by Levchik et al. [15] and Shen et al.
[16] have shown a reaction between ATH and APP.
Ammonium polyphosphate, a well known compo-
nent of intumescent flame retardants is considered
a shield coating precursor because of the formation
of a continuous cross linked vitreous phase called
ultraphosphate during thermal decomposition [17].
Whereas aluminium trihydroxide on thermal
decomposition undergoes endothermic dehydration
releasing water to the gas phase with the in situ for-
mation of a thermally stable ceramic material alu-
mina (Al2O3).
The formation of an Al2O3 surface layer acts in a
similar way to an intumescent flame retardant
whereby it shields the heat and mass transfer
between the unsaturated polyester and the flame.
The flame retardant effectiveness of ATH is how-
ever detrimental to the mechanical properties (not
tested here), i.e. high loadings generally ≥ 50 wt%
are necessary to reach a suitable flame retardant
effect but results in a dense and brittle material [18,
19]. The combined use of ATH and APP was stud-
ied aiming at a more thermally stable P–Al–O sur-
face coating instead of the P–O, bringing together
film forming action of ultraphosphate with thermal
stability of Al2O3 to improve high temperature sur-
face protection of the polymer. Table 3 shows the
total heat release (THR). Unfilled UP had a THR of
80 MJ/m2, which increased for the specimen with
the addition of ATH and APP. The total heat
release is calculated by integrating the area under-
neath the HRR vs. Time curve. Due to the FR’s
prolonging the burn time for the specimens results

in the slight increase in THR. Zhang et al. [20] pro-
posed a correction factor based on theoretical
analysis of taking account of the effective heat of
combustion of the filler and polymer separately
then multiple it with the individual mass loss rates.
They suggested that if this correction factor was
taken into consideration in their study, then the
THR for a PP specimen loaded with 70 wt. % ATH
would have been 6.5% lower. Nevertheless the
most significant predictor of fire hazard is the heat
release rate; therefore the rate at which heat is
released is of more interest than the total amount
[21, 22]. An increasing burn time is indicative of
the FR additive impeding or hindering the combus-
tion process. Also in general the most important
factor in evaluating a material is the peak heat
release rate (PHRR) as this signifies the time at
which the material evolves the maximum amount
of heat into the surrounding, this can give a crude
indication of the time available to escape the fire
before flashover (the near simultaneous ignition of
all combustible material in an enclosed area). The
unfilled UP reaches its PHRR of 836 kW/m2 in
96 seconds and the 50 wt% ATH+15 wt% APP
system reached its PHRR in 76 seconds but this
was only 221 kW/m2 which is almost 4 times lower
than the unfilled UP.
Table 4 shows the time to peak effective heat of
combustion (EHC) and average EHC for the speci-
mens tested. The EHC is calculated from the THR
and total mass loss, which was reduced from an
overall average of 20.79 to 18.81 MJ/kg for the
unfilled UP and 50 wt% ATH+15 wt% APP sys-
tem, respectively. This is an indication of the com-
bustion mechanism being interfered with, most
likely in the vapour phase by the FR mechanisms of
the aluminum trihydroxide and ammonium poly-

746

Hapuarachchi and Peijs – eXPRESS Polymer Letters Vol.3, No.11 (2009) 743–751

Table 4. The delay in time to peak effective heat of com-
bustion (EHC) and the reduction in average EHC
of the FR UP specimens

Specimens
Time to

peak EHC
[s]

Average
EHC

[MJ/kg]
UP 236 20.79
+50wt% CaCO3 470 20.86
+30wt% ATH 600 19.92
+40wt% ATH 639 19.44
+50wt% ATH 652 19.28
+50wt% ATH+5 wt% APP 672 19.08
+50wt% ATH+10 wt% APP 728 18.91
+50wt%ATH+15 wt%APP 874 18.81



phosphate. Also, the time to peak EHC was
delayed, which shows that the combustion is being
hindered by the flame retardant mechanisms. The
results of the smoke parameter measurements made
in the cone calorimeter can be expressed in a num-
ber of different forms. Table 5 displays the time to
peak specific extinction area (SEA), which is the
total obstruction area of smoke produced, divided
by the total mass loss during the burn.
The shift in the time to peak is most likely to be due
to the FR formulations generating a protective
charred layer which prevents volatiles and smoke
evolving from the specimen’s surface. Another
important smoke measurement is the average
smoke production release (SPR). The SPR is the
area of obscuration produced per second. Figure 2
illustrates the effect of FR fillers on reducing the
average SPR from 0.06 to 0.04 m2/s for the unfilled
UP and 50 wt% ATH+15 wt% APP specimens,
respectively. Table 6 lists the total smoke release
(TSR) and total smoke production (TSP). The rise
in these two properties is indicative of incomplete
combustion. This smouldering (flameless combus-
tion) effect results in a longer burn time which,
allows for more smoke and soot debris to accumu-
late which is especially important here due to the
high degree of aromatic content (especially the
styrene) in the unsaturated polyester resin [23].
The gas products released by a decomposing poly-
mer substrate depend on the chemical nature of the

organic constituents, oxygen availability, and tem-
perature of the fire. Table 6 also displays the mean
carbon monoxide yield (COY) in kg/kg. The mean
COY is seen to be inversely proportional to the
TSR and TSP. The theory behind this is that more
carbon monoxide is liberated at a higher decompo-
sition temperature in the UP. Cunliffe et al. [24]
carried out this work on the pyrolysis behaviour of
various polymers including unsaturated polyester.
The generation of carbon oxides would be expected
from the breakdown of ester bonds within the resin.
The higher pyrolysis temperatures caused by the
higher PHRR of the UP would result in more car-
bon monoxide to be evolved due to further cracking
of the polyester chains. While the types and
amounts can vary between materials, all polymers
release carbon monoxide and carbon dioxide [25,
26]. Carbon monoxide is a major safety concern
because it is lethal at a relatively low concentration,
with human death occurring within one hour at a
concentration of about 1500 ppm.

4.2. Thermal analysis

To examine the effect of FR's on the thermal stabil-
ity and the decomposition behaviour, TGA data
under nitrogen and air atmospheres were deter-
mined and analysed. The TGA curve of aluminum
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Table 5. The delay in the time to peak specific extinction
area (SEA) for the FR UP specimens

Specimens Time to peak SEA [s]
UP 136
+50wt% CaCO3 420
+30wt% ATH 645
+40wt% ATH 668
+50wt% ATH 680
+50wt% ATH+5wt% APP 712
+50wt% ATH+10wt% APP 720
+50wt% ATH+15wt% APP 730

Figure 2. The effect on the smoke production release
(SPR) of the FR UP specimens

Table 6. The total smoke release (TSR) total smoke production (TSP) and carbon monoxide yield (COY) measurements

Specimens TSR [m2/m2] TSP [m2] Mean COY [kg/kg]
UP 2172 21.7 0.0311
+50wt% CaCO3 3209 32.1 0.0243
+30wt% ATH 3442 34.4 0.0237
+40wt% ATH 3546 35.5 0.0232
+50wt% ATH 3811 38.1 0.0216
+50wt% ATH+5wt% APP 3838 38.4 0.0215
+50wt% ATH+10wt% APP 3914 39.1 0.0213
+50wt% ATH+15wt% APP 3996 39.5 0.0212



trihydroxide (ATH) (Figure 3) which was heated to
900°C shows one main weight loss step at about
240°C which is due to endothermic release of its
35% water of crystallisation into the gas phase, this
leads to the in situ formation of a ceramic layer of
γ-Al2O3. Both the endothermic dehydration and the
formation of the ceramic layer are responsible for
the FR mechanism of inorganic hydroxides [27].
The TGA analysis carried out on ammonium
polyphosphate (APP) shows that the elimination of
ammonia and water starts at 190°C (maximum rate
of weight loss at 370°C) with transformation of lin-
ear crystalline APP into a vitreous crosslinked
ultraphosphate) which undergoes fragmentation to
volatile P2O5. Ammonia evolution from APP is
related to acidic sites formation involved in the
intumescence phenomenon. Calcium carbonate
(CaCO3) thermally decomposes at a much higher
temperature than the other two fillers. The single
decomposition step occurred at 800°C which indi-
cates a higher thermal stability. Calcium carbonate
does not combust; it thermally decomposes and
converts through the following mechanism;
CaCO3→CaO+CO2. When CaCO3 is heated to
800°C it liberates CO2 and will thus become CaO.
Figure 4a and 4b show the results of the UP formu-
lations test in the TGA under air and nitrogen
respectively. The formulations started to decom-
pose at around 250°C due to the decomposition of
the resin system. The unsaturated polyester started
to decompose at 250°C, whereas the main weight
loss occurred between 300 and 400°C. During ther-
mal decomposition, it is thought that the poly-
styrene cross-links started to decompose first which
was followed by volatilisation of the styrene. The
linear polyester portion undergoes scission. Fer-
reira et al. [28] have shown that during thermal

decomposition, volatiles are lost UP to 400°C while
above 400°C; it is solid phase oxidation reactions
that predominate. The 50 wt% CaCO3 specimen
demonstrated the best performance in terms of ther-
mal stability when tested in air.
The ATH loaded specimens showed a marked
improvement in residual weight retention at tem-
peratures above 600°C as the loading level
increase. This is thought to be due to the conversion
of Al(OH)3 to Al2O3 which is a thermally stable
engineering ceramic which possesses a melting
temperature of 2054°C. The addition of APP to the
formulation also increased the residual mass, which
was also observed for the cone calorimeter speci-
mens (Table 7). It has been well documented that as
APP decomposes it dehydrates and converts into an
intumescent char; this could be the reason for the
extra residual mass. The ATH+APP specimens
which were run under nitrogen (Figure 4b) showed
no major differences to those which were tested in
air. Since the pyrolysis of polymers during fires are
characterised by anaerobe decomposition, it was
important to conduct the TGA tests in nitrogen as
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Figure 3. The TGA thermogram of fillers used in the UP
formulations

Figure 4. a) The effect of the various fillers and their com-
bination on improving the thermal stability and
residual mass of UP, b) The effect of the various
fillers and their combination on improving the
thermal stability and residual mass of UP tested
in nitrogen



well as thermo-oxidative conditions. With respect
to char yields, the pure UP comprised of slight
more at the end of the run. However the most sig-
nificant difference was with the CaCO3 specimen.
There was rapid decomposition after 400°C and
had only a 22% char yield whereas when tested in
air it held stable up to 800°C in which it ended with
a 55% char yield. The specimen not being able to
form a protective skin in the presence of a nitrogen
rich atmosphere was thought to be attributed to this
difference [29]. Figure 5 shows the energy absorp-
tion profile investigated by differential scanning
calorimetry (DSC) on the fillers. The aluminum tri-
hydroxide absorbed the most significant amount of
thermal energy out of all the fillers. The ATH
underwent endothermic decomposition and
absorbed 978 J/g of thermal energy. However, the
other two fillers did not show any significant
endothermic effects. The DSC scan of APP showed
an endothermic process between 240 and 260°C
which corresponds to polymorphic transitions of
residual APP crystal structure form APP I to APP
form II, above which ammonia and water elimina-
tion begins at low rates as seen from TGA (Fig-
ure 6).
This process decreases the concentration of fuel
available for combustion and limits the amount of

heat being fed back into the surrounding polymer.
The result is a decrease in the mass burning rate for
the polymer. Figure 6 shows the heat sink effect
caused upon by the introduction of ATH into the
UP resin. The direct result of this and the evolution
of water vapour can be witnessed in Table 2 which
shows TTI data. As the ATH loading increases so
too does the time to combustion.

5. Conclusions

The purpose of this study was to observe any possi-
ble flame retardant improvements to commercial
unsaturated polyester using ‘greener’ non-toxic
flame retardants. The use of ATH in combination
with APP was expected to impart an improved
flame retardant effect in the UP system. A combi-
nation of both FR’s showed an improved ignition
delay time as well as decreases in the peak heat
release rate and carbon monoxide yield. However,
synergistic behaviour was not witnessed but instead
a mere fuel replacement effect on the role of the
fillers is more plausible. In general, synergism can
be defined as two or more components working
together to produce a result not obtainable by any
of the components independently. The polymer
used plays an important part in the effectiveness of
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Figure 5. DSC thermogram of the unfilled fillers on their
own

Table 7. The peak mass loss rate, residual mass and average specific mass loss for the FR UP specimens from the cone
calorimeter

Specimens Peak mass loss rate [g/s] Residual mass [%] Average specific mass loss [g/s·m2]
UP 0.420 06.8 34.4
+50wt% CaCO3 0.220 36.7 11.1
+30wt% ATH 0.210 17.7 14.4
+40wt% ATH 0.170 18.7 13.7
+50wt% ATH 0.165 25.1 10.9
+50wt% ATH+5wt% APP 0.164 26.7 09.7
+50wt% ATH+10wt% APP 0.162 28.4 09.3
+50wt% ATH+15wt% APP 0.161 28.8 09.3

Figure 6. DSC thermogram of the FR UP formulations



these two FR fillers and their combination does not
work with all polymers as shown in the literature.
The additional reduction in the PHRR with the
addition of APP does not justify its use due to the
resultant difficulties with increased viscosity,
which will result in major processing difficulties in
adopting these materials in potential fibre rein-
forced composites.
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