
In our days the scientific and technological impor-
tance of nanostructured materials is worldwide under-
stood and recognized, giving rise to expectations for
materials with superior or unique performance and
properties. The term nanodielectrics is rather new and
refers to dielectric materials, which comprise entities
with dimensions (at least one) at the nanometric scale.
Two are the basic categories of nanodielectrics:
(a) polycrystalline semiconducting or insulating
materials, with grain diameter at the nanoscale level
and (b) polymer composites incorporating nanoinclu-
sions. The second category displays a number of
advantages, e.g. easy processing and thermo-mechan-
ical stability. Moreover the dielectric behaviour can
be tailored by simply controlling the type and the
amount of the nanofiller. Under this point of view,
polymer matrix nanocomposites are expected to
replace conventional insulating materials in a variety
of applications.
Capacitance the fundamental quantity in dielectrics,
in contrary with other physical quantities, is increas-
ing as the dimension of width in nanoinclusions is
decreasing. This fact gives the possibility to exploit
nanoinclusions as an inherent system of nanocapaci-
tors. The charging and discharging of nanocapacitors
defines an energy storing process, at the nanoscale
level, introducing a new type of nanodevices.
Nanofillers are frequently used as structural elements
in nanocomposite systems. In some cases, the same
elements could be able to act as nanocapacitors or
‘structural batteries’. Furthermore, the presence of
‘active dielectrics’ (i.e. piezo/ferroelectric or polar

oxides nanoparticles) within the polymer matrix could
provide functionality to the nanocomposite, through
the conditionally variable electrical polarization.
Combining mechanical and electrical reinforcement
with energy storing procedure and functionality leads
to a significant approach to the concept of ‘smart
materials’, where structural elements should also play
the roles of sensing, actuating and energy storing sub-
systems.
Finally, the importance of studying conduction mech-
anisms in polymer matrix – conductive nanoinclu-
sions composites should be noted. The insulator to
conductor transition is expected to occur at a low con-
tent of the conductive phase, while the temperature
and field dependence of conductivity can be exploited
for the development of self-current regulators, self-
heating systems, memory switches and other applica-
tions.
Definitely a lot should be expected from this field in
the near future.
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1. Introduction
Shape-memory (SM) polymers represent a specific
class of smart polymers which can be advanta-
geously used in several fields of application, e.g.
cable and packaging industry [1, 2], medicine and
automotive [3–6]. Preconditions for proper appear-
ance of the thermally induced SM effect are the
existence of a stable physical or covalent molecular
network and glass or phase transition (melting),
respectively, at convenient temperatures Ttrans

[4–6]. For covalent (e.g. peroxidic) cross-linked
semicrystalline polymers a SM behavior with high
performance can be achieved, if firstly the poly-
meric material shows sufficiently high strain at

break as well as preferably lowest residual strain
after unloading, and produces sufficiently high
visco-elastic forces under load at programming
temperature Tpr > Ttrans. Secondly, its crystalline
phase formed during cooling of the programmed
(loaded) sample is able to fix efficiently the strain
and visco-elastic forces stored in the network. The
SM behavior is characterized by the response tem-
perature, strain fixity and strain recovery ratios.
The response temperature (Tres) corresponds to
maximum of recovery strain rate –dεr /dt in a linear
heating run of a programmed and at low tempera-
ture (e.g. room temperature) unloaded specimen.
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Strain fixity (Rf) and strain recovery ratios (Rr) are
defined according to [4] by Equations (1):

(1)

where εp is the strain caused by programming, εv is
the strain that remains after programming, cooling
and unloading of specimen and εrec,m is the residual
strain that resides after thermal induced recovery
(shrinkage) at maximum temperature of experi-
ment.
The investigation of the SM effect of covalent
cross-linked semicrystalline polymers and in par-
ticular of peroxidic cross-linked ethylene copoly-
mers [7–10] showed a strong correlation between
the melting temperature Tm ≡ Ttrans of the crys-
talline phase and the response temperature Tres,
namely Tres ≈ Tm. Thus, it may be assumed that the
existence of several ‘n’ crystalline phases or/and
crystal populations with different perfection, size
and correspondingly with distinctly different melt-
ing temperatures Tm.i in one polymeric material
results presumably in a multiple SM behavior, i.e.
in the appearance of the same or lower number of
recovery strain εrec(T) steps and accordingly
dεrec(T)/dt maxima with response temperatures
Tres.i ≈ Tm.i where 1 ≤ i ≤ n (i is an even number).
The triple-shape memory behavior for two differ-
ent complex polymer network systems which were
prepared by photoinduced copolymerization of a
methacrylate-monomer and poly(ε-caprolactone)
dimethacrylate was already recently described by
Bellin et al. [11]. These polymer network systems
are formed from two types of chain sections/
domains of different chemical constitution which
connect network nodes and exhibit either melting
process for both section/domain types or melting
and glass transition, respectively, at two different
temperatures. However, triple-shape memory
effect appears only after programming in two-step
process, i.e., at two temperatures agreeing with
temperatures of melting or glass transition, whereas
the suitable programming strains must be adjusted
[11, 12]. Such polymeric materials with multiple
SM behavior (mSMP) could certainly offer new
interesting applications for SM polymers, e.g. intel-
ligent fasteners, removable stents [11, 12], etc.
As is known (see e.g. [13]) the crystallinity, melt-
ing and crystallization temperature of polyethyl-

enes and in particular of short-chain branched poly-
ethylenes, e.g. ethylene-1-octene copolymers (EOC)
decreases with increasing degree of branching. By
means of blending of nearly linear high density
polyethylene (HDPE) and EOCs with different 1-
octene content and consequently different degree of
branching the materials containing several crys-
talline phases with different Tm.i and Tres.i can be
created. The multiple crystal populations can be
created in polymer owing to multistep crystalliza-
tion as it was shown by Varga et al. [14] for long-
chain branched low-density polyethylene. The
significant difference between the systems pre-
sented in this work and the network systems
described by Bellin et al. [11, 12] are firstly the rel-
atively chemical homogeneity of the links between
network nodes which are predominantly ethylene
sequences by reason that tertiary carbon atoms con-
nected with branches are extra susceptible by per-
oxidic cross-linking [15] and secondly the low
costs of polyethylenes and their processing. For
above mentioned reasons, the objectives of the pre-
sented work were the production of peroxidic
cross-linked binary and ternary blends on the basis
of HDPE and two EOCs with medium and high
degree of branching as well as the investigation on
their SM behavior and their characterization by the
relevant thermal and mechanical properties.

2. Experimental

2.1 Materials and processing

The polyethylenes used in this study are commer-
cially available products (Dow Chemical, Schko-
pau, Germany), namely HDPE (KS 10100 UE) and
metallocene-catalyzed homogeneous EOCs
(AFFINITY™ PL 1280G and ENGAGE 8200) with
approx. 30 and 60 hexyl branches per 1000 C
(EOC30 and EOC60), respectively. In Table 1 few
relevant parameters of these materials are given.
As cross-linking agent 2,5-dimethyl-2,5-di-
(tert.butylperoxy)-hexane (DHBP) (Degussa Initia-
tors GmbH & Co KG, Pullach, Germany) was
employed. The use of DHBP resulted in a high effi-
ciency and a good processability of the chosen sys-
tems due to the availability of two peroxy groups
and the high thermal stability (up to 145°C) of
DHBP as well as its fluidity at room temperature.
The DHBP shows a better processability by cross-
linking of EOCs compared to dicumyl peroxide
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which entails gas release by cross-linking [9, 10].
Before blending the polymers were impregnated
with DHBP. For these purposes the pellets of poly-
mer were wetted with 2 wt% of DHBP and the fluid
cross-linking agent was allowed to diffuse into
these pellets placed in hermetic plastic flask for
3 days.
The mechanical mix of with DHBP impregnated
polymer pellets in desired ratio (see Table 2) was
then blended using a single-screw extruder
(Brabender® GmbH & Co. KG, Duisburg, Ger-
many) with the barrel temperature of 130°C
whereby the distribution of DHBP was homoge-
nized. As reference object a cross-linked HDPE
was prepared and investigated in the same manner.
It seems that homogenization of the peroxide in the
melt-mixing process is essential for subsequent
cross-linking. The processing experiments show
that the applied cross-linking method is suitable for
polyethylenes with the chosen melt index MI (see
Table 1). At the same time, it should be noted that
DHBP as a low-molecular substance can act as a
lubricant at the processing temperature of 130°C in
the extruder. Therefore the effective MI values of
the DHBP impregnated polyethylenes are evidently
higher and the viscosities are lower than that of
pure materials. This effect supports the mixing
process at 130°C. At higher temperatures immedi-
ately after the onset of the cross-linking process,
the viscosity increases and the MI decreases dra-

matically with increasing temperature and duration
of mixing. The extrudate was further processed to
films with a thickness of 1 and 2 mm at 140°C and
immediately cross-linked at a temperature of
190°C. The cross-linking time and temperature
were optimized using a vulcameter Elastograph
(Göttfert Werkstoff-Prüfmaschinen GmbH, Buchen,
Germany).

2.2. Instrumentation 

The tensile tests in the temperature range of SM
tests programming (120 and 140°C) has been car-
ried out using a testing machine Zwick 1425
(Zwick GmbH & Co. KG, Ulm, Germany) with
heating chamber and a load cell 10 N at a crosshead
speed of 50 mm/min after DIN EN ISO 527-1
(1996) standard. As specimens shouldered test bars
were used with the cross-section area 2.0×2.0 mm2

(test bar 5B according to DIN EN ISO 3167). The
initial clamps distance was 20 mm.
Thermal analysis was performed with a heat-flux
differential scanning calorimeter DSC 820 (Met-
tler-Toledo GmbH, Giessen, Germany) equipped
with a ceramic sensor FRS5 and a liquid nitrogen
cooling accessory. The heating and cooling scans
were performed with 20 and 10 K/min, respec-
tively.
Morphological investigations were carried out by
an atomic force microscope Q-Scope 250 (Quesant

463

Kolesov and Radusch – eXPRESS Polymer Letters Vol.2, No.7 (2008) 461–473

Table 1. Designations as well as some physical and molecular parameters of the used polyethylenes

*detected by means of melt index test apparatus MI 21,6 (Göttfert Werkstoff-Prüfmaschinen GmbH, Buchen, Germany)

Designation

Melt index (MI)* 

[dg/min] Tm
[°C]

Density
[kg/m3]

Mass-average
molecular mass

[kg/mol]
wM

Polydispersity

nM/wM

Degree of
branching

[CH3 /1000C]190°C/
2.16 kg

190°C/
5.0 kg

130°C/
5.0 kg

HDPE 3.0 10.1 2.5 132 955 – – –
EOC30 5.0 17.7 4.2 096 900 64 2.3 ~30
EOC60 4.4 15.9 3.4 059 870 87 2.5 ~60

Table 2. Designations and composition of the extruded binary and ternary blends of polyethylenes used

Designation
Content of

HDPE [%] EOC30 [%] EOC60 [%]
100HDPE 100 – –

50HDPE/50EOC30 050 50 –
33HDPE/33EOC30/34EOC60 033 33 34
10HDPE/45EOC30/45EOC60 010 45 45
10HDPE/25EOC30/65EOC60 010 25 65

50EOC30/50EOC60 – 50 50
30EOC30/70EOC60 – 30 70



Instrument Corporation, California, USA) operated
in intermittent mode. Cantilever used are NSC 16
with resonance frequency fR of 190 kHz and spring
constant F of 48 N·m–1 (Nano and More GmbH,
Wetzlar, Germany). Samples were produced by
cutting in a cryo-chamber CN 30 (Microm-Interna-
tional-GmbH, Walldorf, Germany) with a diamond
knife at –90°C.
For the characterization of the shape memory
behavior the samples came at first under a specific
temperature-deformation program. The samples
were programmed by a stretching strain of εp1 ≤
100% during a dwell period of 120 s at the pro-
gramming temperature Tp1, and cooled down to Tp2

with an average cooling rate of approx. 11 K/min in
a constant deformed state. Before loading of the
next programming strain εpi the sample temperature
was kept constant for 10 min. After last program-
ming step the specimen was cooled down to 10°C
at the summary programming strain of 100%, ther-
mal equilibrated for 10 min and unloaded. The

recovery strain was measured first after a delay of
10 min at 25°C (εv) and than in the course of a heat-
ing run with a rate of 2 K/min and ‘zero’ stress of
70 Pa (εrec(T)). Complete SM investigations were
carried out in tensile mode using a mechanical
spectrometer measuring head Mark III (Rheometric
Scientific Inc., New Jersey, USA).

3. Results and discussion

3.1. Uniaxial tension measurements.
Cross-linking properties

The stress-strain diagrams of the investigated mate-
rials and their evaluation are depicted in Figure 1.
The Mooney-Rivlin equation (2) for uniaxial ten-
sion (see [16, 17] and their references) was used for
fitting the experimental results:
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Figure 1. Stress-strain diagrams (a, c) and Mooney diagrams (b, d) of cross-linked HDPE and HDPE/EOC30/EOC60
blends at 120° (a, b) and 140°C (c, d) as well as their approximation on the basis of Mooney-Rivlin equation



where 2C1 is connected with shear modulus G and
tensile modulus E as follows 2C1 ≡ G = E/3. The
term 2C1 is responsible for the description of the
influence of covalent network, the coefficient 2C2

takes into account entanglements, distribution of
chain length, short-range order states and free chain
tails.
Converting the Mooney-Rivlin equation (Equa-
tion (2)) a linear relationship between reduced
stress σ* = σel/(λ – λ–2) and reciprocal stretch ratio
λ–1 (Equation (3)) will be obtained:

(3)

In this connection the coefficients 2C1 and 2C2 of
the Mooney-Rivlin equation were determined by
means of linear regression of the corresponding
legs of the Mooney diagram σ* = f(λ–1) as it is
demonstrated in Figures 1b and 1d. The stress-
strain diagrams which were generated on the basis
of the obtained 2C1 and 2C2 coefficients agree quite
well with the experimental results obtained for
HDPE and HDPE/EOC30/EOC60 blends in the
strain range till approx. 160% (see Figures 1a
and 1c). However, HDPE and 50HDPE/50EOC30
blend at 120°C are exceptions in consequence of
the still existing crystallites of HDPE.
According to the rubber elasticity theory [18] for a
covalent network with a functionality of network
nodes f = 4. Equation (4) follows for the modulus
E:

(4)

where νc is the cross-link density, R =
8.31 kJ·(mol·K)–1 is the gas constant, T is the
absolute temperature, is the average molar
mass of the polymer chains between two neighbor-
ing network nodes and ρ is the density of polyethyl-
ene which amounts to 806 and 795 kg·m–3 [15, 19]
at 120 and 140°C, respectively.
Thus, on the basis of Equations (2–4) the cross-link
density and average molar mass of the polymer
chains between two neighboring network nodes can
be calculated by Equations (5):

(5)

The fitted values of the Mooney-Rivlin equation
coefficients C1 and C2 as well as the calculated val-
ues of νc and in combination with the experi-
mentally determined values of strain at break εB

and stress at break σB and stress at strain of 100%
σ100% of cross-linked HDPE and HDPE/EOC30/
EOC60 blends are given in Table 3.
All investigated materials with the exception of
HDPE (see Table 3) evidence a certain small
increase of νc and consequently decrease of 
values at higher temperature. The different behav-
ior of HDPE is caused evidently by the above men-
tioned incomplete fusing of the crystalline HDPE
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Table 3. Network parameters νc and estimated from stress-strain diagrams on the basis of Mooney-Rivlin equation
coefficients C1 and C2 as well as break strain εB and stress σB and stress at strain of 100% σ100% of cross-linked
HDPE and HDPE/EOC30/EOC60 blends

cM

Blend
composition

2C1

[MPa]
2C2

[MPa]
T

[°C]
ννc

[mol/m3] [kg/mol]
wM εεB

[%]
σσB

[MPa]
σσ100%

[MPa]

100HDPE
0.168 1.244 120 103 07.860 275 2.20 1.38
0.135 1.386 140 079 10.093 180 1.70 1.45

50HDPE/50EOC30
0.185 0.946 120 114 07.077 241 1.55 1.15
0.266 0.879 140 155 05.140 126 1.33 1.23

33HDPE/33EOC30/34EOC60
0.204 0.685 120 125 06.456 125 1.12 0.96
0.292 0.602 140 170 04.682 107 1.06 1.03

10HDPE/45EOC30/45EOC60
0.234 0.512 120 143 05.632 127 0.95 0.86
0.267 0.468 140 155 05.119 109 0.91 0.87

50EOC30/50EOC60
0.218 0.473 120 133 06.049 142 0.93 0.79
0.253 0.428 140 148 05.391 113 0.86 0.81

10HDPE/25EOC30/65EOC60
0.216 0.443 120 132 06.103 110 0.80 0.76
0.252 0.418 140 147 05.419 126 0.90 0.81

30EOC30/70EOC60
0.203 0.421 120 125 06.455 128 0.81 0.72
0.249 0.359 140 145 05.480 099 0.74 0.75



phase at 120°C. The νc values change insignifi-
cantly and vary approximately from 110 to
140 mol/m3 at 120°C and from 80 mol/m3 for
HDPE as well as 150 to 170 mol/m3 for blends at
140°C, respectively. Hereby the strain and stress at
break as well as the stress at 100% strain (E modu-
lus at high strain) increase with increasing HDPE
content and as expected (see Equation (4)) with
increasing temperature. Surprisingly, this increase
does not correlate with the changes in cross-link
density at least for HDPE and blends with high con-
tent of HDPE (50HDPE/50EOC30 and 33HDPE/
33EOC30/34EOC60). For the explanation of this
apparent discrepancy it should be mentioned that
HDPE and blends with high HDPE content have
explicitly higher crystallinity compared to blends
with high content of branched polyethylenes (PE)
whereas only the amorphous phase can be cross-
linked as per definition. Correspondingly, if in high
branched/low crystalline PEs the relatively homog-
enous distribution of network nodes may be
expected, in high crystalline PEs the experimental
determined (average) value of cross-link density
differs dramatically from local cross-link density in
presumably continuous amorphous phase. That

entails a changed mechanical behavior of high
crystalline PE materials in comparison with low
crystalline PEs or PE blends at temperatures above
melting temperature of blend components.
The values of strain at break from Table 3 point to
the possibility of using a standard programming
strain of 100% for investigation of shape memory
behavior in present materials since the εB values of
almost all investigated materials higher than or
nearly equal to100%.

3.2. Melting and crystallization behavior

The melting and crystallization behavior of HDPE
and HDPE/EOC30/EOC60 blends is displayed in
Figure 2. First heating runs for all examined blends
exhibit a minimum followed by a maximum in the
temperature range between approx. 0 and 70°C
caused by annealing at room temperature during
storage of prepared samples, as it was shown for
uncross-linked EOCs especially with high degree
of branching [20]. Since, this phenomenon compli-
cates melting thermograms which are already com-
plex enough, only second heating runs were used
for detailed analysis of melting behavior. Second
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Figure 2. Melting (a) and crystallization (b) DSC thermograms of cross-linked HDPE and HDPE/EOC30/EOC60 blends.
The 1st and 2nd heating runs (a) show a melting behavior of specimens stored after preparation for a long time at
room temperature and after crystallization at cooling rate of 10 K/min, respectively



heating runs are recorded after crystallization at a
cooling rate of 10 K/min and with short dwell time
at lowest temperature of the experiment what
agrees well with measuring conditions in SM
experiments described beneath.
Generally, as illustrated in Figure 2 and Table 4 all
blends, especially ternary blends demonstrate mul-
tiple behavior for both melting and crystallization.
In 10HDPE/45EOC30/45EOC60 and 10HDPE/
25EOC30/65EOC60 blends the HDPE phase crys-
tallizes not only at 97.7 and 100.3°C, respectively,
because the crystallization enthalpy estimated on
the basis of these small peaks, which are depicted
with high resolution in insert of Figure 2a, amounts
to just approx. 5 and 10% of the expected value,
respectively, (see Table 4; cp. with ΔHc value of
‘bulk’ cross-linked HDPE). The ΔHcHDPE value of
33HDPE/33EOC30/34EOC60 blend is at least two
times lower than expected. These differences
between real and expected ΔHcHDPE values cannot
be satisfactory explained on the basis of the differ-
ence in cross-link density between HDPE and
blends (see Table 3) due to the fact that at ‘pure’
EOC30 the doubling of cross-link density results in
a crystallinity decrease of only 1 to 3% at 25°C
depending on the thermal history of specimen [10].

Moreover, the local cross-link density in the HDPE
phase is by all means lower than the average cross-
link density of the blend as a whole as given in
Table 3. Obviously, the described behavior of
blends suggests the crystallization of the main part
of HDPE phase together with the EOC30 phase (or
some part of it) at significantly lower temperature.
Interestingly, the melting of the HDPE phase in
10HDPE/45EOC30/ 45EOC60 and 10HDPE/
25EOC30/65EOC60 blends occurs also stepwise in
two stages (see Figure 2a, curves 6 and 7).
The melting (Tm) and crystallization temperature
(Tc) of the HDPE phase decrease markedly with
decreasing HDPE content in the blend compared to
the values for ‘bulk’ cross-linked HDPE. At the
same time, Tm and Tc values of the EOC30 phase
can increase in blends containing HDPE or
decrease in binary blends with high branched
EOC60 (see Table 4; cp. with Tm values of approx.
91 and 57°C for ‘pure’ EOC30 and EOC60, respec-
tively, having a similar cross-link density).
If the increase of TcEOC30 and correspondingly
TmEOC30 values can be explained as a result of the
nucleating effect of existing HDPE crystallites in
the cooling run, both the decrease of Tc and Tm val-
ues of HDPE and EOC30 phases as well as a multi-
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Table 4. Melting (TmHDPE, TmEOC30 and TmEOC60) and crystallization temperatures (TcHDPE, TcEOC30 and TmEOC60) of HDPE,

EOC30 and EOC60 phases and total melting (ΔHmΣ) and crystallization enthalpy (ΔHcΣ) of HDPE/EOC30/
EOC60 blends, respectively, as well as crystallization enthalpy of HDPE phase (ΔHcHDPE) depending on blend
composition

1)the peaks or shoulder which are assignable to EOC30 or EOC60 phase were not found in the thermogram; 
2)weak and flat shoulder; 
3)distinct shoulder

Blend
composition

Melting Crystallization
TmHDPE

[°C]
TmEOC30

[°C]
TmEOC60

[°C]
ΔΔHmΣ

[kJ/kg]
TcHDPE

[°C]
TcEOC30

[°C]
TcEOC60

[°C]
ΔΔHcΣΣ

[kJ/kg]
ΔΔHcHDPE

[kJ/kg]
100HDPE 124.3 – – 139 108.0 – – 139 139

50HDPE/
50EOC30

116.1 1) 1) 108 100.3 ~71 – 109 ~75

33HDPE/
33EOC30/
34EOC30

114.0 1) 1) 086 097.7 84.7 ~202) 089 ~20

50EOC30/
50EOC60

– 85.0
~682)

~352)
068 – 62.8 ~463) 068 –

30EOC30/
70EOC60

– 82.7
64.7
~352)

064 – 58.2 ~393) 063 –

10HDPE/
45EOC30/
45EOC60

~1142)

~1053)

~913)

82.9
~532) 074 097.7 77.2 ~453) 073 ~0.7

10HDPE/
25EOC30/
65EOC60

~1153)

108.3
~942)

~792)

~613)

~302)
065 100.3 74.3

55.7
40.3

068 ~1.5



ple melting and fractionated crystallization behavior
points indirectly at significant molecular interac-
tion of blend components in molten state but solely
in regions where the molecular level of mixing
before cross-linking was achieved. In blends both
the nucleating effect of HDPE crystallites and
molecular interaction are available only in uncross-
linked crystalline domains which consist of ethyl-
ene sequences of blend components with suitable
length. The cross-linking fixes partly the content,
number and size of these domains but their perfec-
tion and structure can be changed depending on
thermal history.
Due to the existence of several populations of PE
crystallites of different stability and correspond-
ingly with different melting temperatures in the
described blends the thermograms in Figure 2a
show nearly continuous melting that stretches
across a very wide temperature range by what the
macroscopic thermal-mechanical and in particular
SM behavior of these blends (see section 3.4) is
affected.
It should be noted that the total melting and crystal-
lization enthalpy of blends decrease as expected
with decreasing content of components with higher
ability to crystallization (HDPE and EOC30).

3.3. Phase morphology

Mode and mechanism of phase morphology forma-
tion in present blends differ considerably from the
behavior that demonstrate conventional polymer
blends firstly due to high affinity of components
which all are basically polyethylenes with degree
of branching of approx. 0, 30 and 60 CH3/1000C
and with close-by values of MI/melt viscosity and
secondly in consequence of melt structure and its
fixation and of crystallization restrictions caused by
cross-linking.
The lamellae or some part of them can be a part of
chain sections which serve as links between net-
work nodes. Alternatively, the crystallites (e.g.
lamellae or their agglomerates) may be bound by
links, namely unordered chain sections which form
covalent network nodes on the crystallite surface.
Obviously, both mechanisms take place but within
the framework of present work it is not possible to
establish which kind of links dominates and is more
related to shape-memory properties.

Phase separation in amorphous regions takes defi-
nitely place already in molten state before the start
of cross-linking and is evidently caused by the dif-
ferent average degree of branching of the blend
partners [21] and the inhomogeneous distribution
of branches between and along the molecular
chains. According to [21] the linear HDPE and
EOC30 should be miscible on the molecular level
at temperatures ≥150°C. In contrast, the blend of
HDPE and EOC60 cannot exhibit miscibility at
processing temperatures. In branchless domains of
sufficiently wide meshed network the molecular
chains can be ordered in the course of cooling, but
the crystallization must be pronounced restricted
due to the melt structure and its fixation as a result
of cross-linking. Thus, some part of crystallites can
arise due to co-crystallization of suitable ethylene
sequences of HDPE and EOCs whereon the crystal-
lization behavior indirectly points (see section 3.2).
At the same time, each blend component can also
crystallize separately. Consequently the formation
of multiple crystal populations of different size/sta-
bility and perfection may be expected.
In this connection the AFM images (Figure 3)
demonstrate such a wide variety of morphology
elements. In addition to certain number of dis-
persed particles the AFM images show a tendency
to the formation of continuous phases which are
however inhomogeneous, i.e., they include both
amorphous and crystalline parts. The phase mor-
phology of 50HDPE/50EOC30 and 33HDPE/
33EOC30/34EOC60 blends (see Figure 3a and 3b),
in which multiple shape-memory effect appears
most pronounced (see section 3.4), exhibits distinct
trend to the formation of nearby continuous
extended macro domains integrated into the matrix
that consists presumably of crystallites as e.g.
lamellae and ‘small’ amorphous regions with a size
of less than 100 nm. It seems that ‘big’ amorphous
domains of approximately 150 and 500 nm in size
for 50HDPE/50EOC30 and 33HDPE/33EOC30/
34EOC60 blends, respectively, are enclosed into
the ‘crystalline’ matrix. Lower differences in the
degree of branching between the components and
the smaller average degree of branching of 50HDPE/
50EOC30 compared to other blends result in
explicitly finer phase morphology with more pro-
nounced separation of crystalline and amorphous
phases. Here, it should be noted that enclosed ‘big’
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amorphous domains in the 33HDPE/33EOC30/
34EOC60 blend appear some softer in harder
regions which are accordingly less or more ordered.
In other blends, e.g. in 10HDPE/25EOC30/
65EOC60, significant differences in the phase mor-
phology of various regions exist that can be caused
by an insufficient mixing quality in the single
screw extruder and/or by the decomposition fol-
lowing processing before cross-linking. Two repre-
sentative images in Figure 3c and 3d demonstrate
the relatively fine smooth phase structure with a
size of approx. 50 to 150 nm and sharp segregated
nearly spherical hard particles assumedly of HDPE

with a size of approx. 30 to 300 nm (Figure 3d),
respectively.

3.4. Shape-memory behavior

The temperature dependence of SM recovery strain
and recovery strain rate of HDPE and HDPE/
EOC30/EOC60 blends and their components hav-
ing a network with similar cross-link density are
demonstrated in Figure 4. Here, the findings of the
first cycle of SM tests are demonstrated. The results
evaluating these curves are presented in Table 5.
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Figure 3. AFM phase images of 50HDPE/50EOC30 (a), 33HDPE/33EOC30/34EOC60 (b) and 10HDPE/25EOC30/
65EOC60 blends (c and d) with size of 5×5 μm2



The sharp step of SM recovery strain and high, well
separated peaks of SM recovery rate can be gener-
ated only by melting of a phase with sufficient crys-
tallinity and relatively perfect crystallites which
produce strong and well separated DSC peaks. For
the explicit appearance of SME the availability of
stored sufficiently high visco-elastic forces is
important no less than suitable melting behavior.

These visco-elastic forces caused by network
deformation during programming must be effi-
ciently stored by the crystalline structure formed in
the actual temperature range, i.e. the crystalline
structure must hold the reached deformation after
unloading.
As expected, the blends having a higher average
crystallinity which exhibit the distinct well
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Figure 4. Effect of composition and programming conditions on the temperature dependence of SM recovery strain (a, c
and e) and recovery strain rate (b, d and f) of HDPE and HDPE/EOC30/EOC60 blends



resolved melting peaks exhibit the high strain fixity
ratio Rf and SM recovery rate –dεrec/dt. Corre-
spondingly, these parameters increase with increas-
ing HDPE (and partly EOC30) content in the
blends. The single-step programming of all blend
types results in appearance of only one step and
accordingly one peak in the temperature depen-
dences of the SM recovery strain and SM recovery
rate, respectively, i.e. in dual-shape behavior. It
should be noted that these programming experi-
ments were carried out at a temperature higher than
the melting temperature of HDPE or EOC30
(depending on blend composition), i.e. at tempera-
ture at which entire blend is kept in molten state.
Compared to the specimens arranged by means of
single-step programming the same blends after
two- or three-step programming show significantly
lower Rf and –dεrec/dt values and particularly
[–dεrec/dt]max values at melting temperatures of the
components (see Figure 4 and Table 5). The
decrease of Rf values as a result of multi-step pro-
gramming is caused by the partial deformation of
already crystallized (fixed) phase/phases by each
next programming step at lower temperature. These
strain components are not fixed due to subsequent
crystallization at lower programming temperature
and are predominantly reversible at low tempera-
ture. The temperatures for two- or three-step pro-
gramming were chosen allowing for the tempera-
tures of a quiescent crystallization of present crystal
populations obtained by means of DSC. Obviously,

however a potential strain-induced crystallization
should be taken into account. Perhaps the multi-
shape behavior can be improved on the basis of fur-
ther optimization of both programming tempera-
tures and dwell periods. For this purpose, due to the
possibility of partly strain-induced crystallization
by programming [11, 12] the crystallization tem-
peratures of blend components must be stated more
precisely under load. The long-term stress relax-
ation experiments at programming temperatures
and then subsequently SM recovery tests are neces-
sary in order to reduce as much as possible the non-
stored component of visco-elastic forces by means
of suitable increasing of programming period,
respectively. The last declaration hypothesizes that
in already crystallized phase/crystal populations the
structure changes connected with partial transfor-
mation of elastic and visco-elastic deformation of
network to plastic deformation of existing crys-
talline phase can take place and are in need of more
time as dwell period used in present work (120 s).
Furthermore, with decreasing programming tem-
perature the decrease of diffusion velocity of yet
moveable chains is due. In this connection the bet-
ter fixing of intermediate shape due to more com-
pleted isothermal and strain induced crystallization
and presumptive creep of existing crystalline for-
mations at longer programming dwell can be
expected.
All investigated blends and their components inde-
pendent from programming mode demonstrate rel-
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Table 5. Shape memory characteristics of HDPE, EOC30 and EOC60 phases and their blends including strain fixing (Rf)
and strain recovery ratios (Rr), response temperature Tres as well as peak value of SM recovery rate [–dε/dt]max

*shoulder which is assignable to the HDPE phase was not found in the DSC thermogram

Composition Rf [%] Rr [%]
Tres [°C] [–dεε/dt]max·103 [s–1]

1 2 3 1 2 3
100HDPE 95.0 93.0 130.3 x x 4.47 x x

50HDPE/
50EOC30

95.0 94.0 124.1 x x 2.71 x x
90.0 95.0 124.1 91.8 x 1.32 0.41 x

33HDPE/
33EOC30/
34EOC30

97.0 97.0 121.1 x x 1.62 x x

76.7 98.0 121.7 91.0 59.2 0.48 0.33 0.27

10HDPE/
25EOC30/
65EOC60

88.5 97.0 ~120*00 98.8 65.6 0.17 0.38 0.41

100EOC30 96.8 95.0 097.6 x x 2.25 x x

50EOC30/
50EOC60

85.8 96.0 058.3 83.0 93.1 0.46 0.52 0.60

30EOC30/
70EOC60

85.8 97.0 057.5 80.0 93.3 0.51 0.54 0.47

100EOC60 108.3 96.0 066.9 x x 1.12 x x



atively high values of strain recovery ratio (Rr) that
amounts approx. 93 to 98%.
Presumably, the multi-shape behavior by single-
step programming may be carried out only in a het-
erogeneous polymer material having hypothetical
phase morphology with preferred orientation of
planar phase layers perpendicularly to load direc-
tion. However, if the same heterogeneous polymer
material will be loaded parallel to planar phase lay-
ers the multi-shape behavior would be basically
impossible because the specimen length in recov-
ery stage can substantial change only after melting
in layer with highest melting temperature starts.
Thus, the important disadvantage of such hypothet-
ical heterogeneous polymer material would be total
anisotropy and as a consequence the inability to
multi-shape behavior by programming load in two
perpendicular directions what is important for some
applications [11, 12].

4. Conclusions

Tensile test at 120 and 140°C firstly has permitted
the evaluation of average cross-link density of
blends that amounts approx. 110÷170 mol·m–3

depending on content and temperature, secondly
has shown that by default used programming strain
of 100% is acceptable for all blends, thirdly pointed
at an increase of programming stress at strain of
100% and correspondingly of stored visco-elastic
forces with increasing in blend part of components
with higher crystallinity (EOC30 and predomi-
nantly HDPE).
The finding of the investigation of EOC/HDPE
blends show that multiple SM behavior appears
only at consequent stepwise application of conven-
ient programming strains and temperatures. How-
ever, only for 50HDPE/50EOC30 blend which
shows especially fine disperse and distinctly segre-
gated phase morphology the temperature depend-
ence of SM recovery strain demonstrates two
pronounced steps. All other binary and tertiary
EOC/HDPE blends exhibit the triple- and quadru-
ple-shape-memory effect, respectively, only as
very diffuse steps in SM recovery strain curves and
as small, superimposed peaks of SM recovery rate
vs. temperature. Obviously, that is caused by multi-
ple melting behavior of these blends with many
poorly separated peaks.

In spite of described problems the present blends
have a good potential for further development and
successful application. It should be also noted that
some applications could be in need of gradual
changes of sample geometry with low thermal-
induced recovery strain rate. In the investigations
the blends will be prepared with different degree of
component dispersion as well as blends having a
uncross-linked crystallizable disperse phase/phases.
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1. Introduction
It is well recognised that the mechanical properties
of polymer composites such as strength and modu-
lus are derived from a combination of the filler and
matrix properties and the ability to transfer stresses
across the interface between the two constituents.
These properties, however, are affected by a num-
ber of parameters, such as the concentration of the
filler, geometrical shape and the aspect ratio of
filler and the degree of interfacial adhesion
between the filler and the matrix [1–9]. For exam-
ple, whist addition of short fibres to polymers
matrices enhances strength, addition of spherical
shaped particles (e.g. glass beads) cause deteriora-
tion. On the other hand, spherical particles with
aspect ratio of unity provide isotropic mouldings
whereas short fibres having aspect ratio much
greater than unity provide anisotropic mouldings.
Fibre composites although are strong and stiff

when loaded longitudinally (along the length of the
fibres) they are quite weak and less stiff when
loaded transversely (normal to the fibres).
Hybridisation provides other dimensions to the
potential versatility of composite materials. For
example, by incorporating glass fibres and glass
beads in the same matrix, one may obtain a mould-
ing which may not be as stiff as the fibre reinforced
system but stronger than the glass bead system [10,
11].
The study by Philips [12] raised the issue surround-
ing the possible synergistic hybrid effects, in which
the properties of the hybrid composite might not
follow from a direct consideration of the independ-
ent properties of the individual components. A pos-
itive or negative hybrid effect was then defined as a
positive or negative deviation of a certain mechani-
cal property from the rule-of-mixtures behaviour.
In general, tensile strength and modulus of hybrid
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systems do conform to rule of mixtures [10, 11].
However, the majority of hybrid studies have been
conducted at room temperature. Indeed, little is
known on the effect of temperature on hybrid prop-
erties such as tensile strength and modulus. To this
end, this work was undertaken to study the effect of
temperature on tensile strength and modulus of
ABS polymer filled with short glass fibre and glass
bead particles (i.e., ABS/GF/GB hybrid), over the
temperature range 25 to 100°C. To examine the
applicability of the rule-of-hybrid-mixtures, tensile
properties of ABS/GF and ABS/GB composites
were also studied under the same conditions as the
hybrid composites.

2. Experimental details

2.1. Materials

Owens Corning chopped E-glass fibres (GF) of
approximately 6.0 mm in length and 10 μm in
diameter and Potters solid spheriglass CP-3000
spherical glass beads (GB) of approximately
12–26 μm in diameter were used as reinforcing
fillers for Acrylonitrile Butadiene Styrene (ABS)
copolymer received by Bayer (Novodut P2H-AT).
The ABS and the reinforcing fillers were used to
produce a series of ABS/GB, ABS/GF and ABS/
GB/GF compounds with nominal glass contents of
10, 20 and 30% w/w.

2.2. Compounding

The materials listed in Table 1 were at first mixed
to the desired glass content and then dried in an
oven at 80°C for 4 hours. After drying, each formu-
lation was passed through a Leistritz micro 18GL-
7R co-rotating twin-screw extruder at an average

screw speed of 60 rpm to produce a homogeneous
dispersion of bead and or fibre throughout the
matrix. The extruder temperature profile was 203/
232/232/235°C and the die diameter was 4 mm.
The extrudates emerging from the die exit were
continuously cooled in a water bath and fed
through a granulator to produce pellets for injection
moulding process. Pellets were dried in an oven at
80°C for 4 hours before being injection moulded
into test specimens.

2.3. Specimen preparation

BS EN ISO-527 dumbbell shaped tensile bars were
produced using a Negri Bossi NB60 injection-
moulding machine at the processing conditions
listed in Table 2. The mould used consisted of a
single gate cavity producing dumbbell shaped ten-
sile bars of dimensions shown in Figure 1.
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Table 1. Formulation for composites and hybrids.
(χf = concentration of glass fibres divided by the
concentration of total glass)

ABS/Glass Composites
Total glass

[wt%]
GF

[wt%]
GB

[wt%]
Hybrid ratio, χχf

[–]

ABS/GB
10 00 10 0
20 00 20 0
30 00 30 0

ABS/GF
10 10 00 1
20 20 00 1
30 30 00 1

Hybrids

10 05 05 0.50
20 05 15 0.25
20 10 10 0.50
20 05 05 0.75
30 20 20 0.33
30 15 15 0.50
30 10 10 0.67

Table 2. Injection moulding processing conditions

Processing condition 100% ABS matrix
Composites & hybrids
with 10% total filler

Composites & hybrids
with 20% total filler

Composites & hybrids
with 30% total filler

Barrel temperature [°C]
Zone 1 230 230 230 230
Zone 2 230 230 232 232
Zone 3 232 232 235 235
Mould temperature [°C] 70 70 80 80
Injection pressure [MPa] 8.5 8.5 9 9
Holding pressure [MPa] 3 3 3 3
Cooling time [s] 30 30 30 30
Cycle time [s] 33 33 33 33
Shot weight [g] 27 28 28 29



2.4. Filler concentration measurements

The concentration of total glass in each material
was determined from the glass residue remained by
burning at 550°C three weighed samples that were
cut from the gauge length of the moulded speci-
mens. After cooling, the ash of glass residue was
weighed and the exact weight fraction of glass (wg)
was determined. The wg values were subsequently
converted into glass volume fractions φg using
Equation (1):

(1)

Taking the density of the matrix (ρm) as 1.12 kgm–3

and density of glass (ρg) as 2.54 kgm–3 gave aver-
age glass fibre concentration values of 4.4, 9.5 and
15.5% v/v in GF composites and average glass
bead concentration values of 4.2, 9.1 and 14% v/v
in GB composite. The volume fraction of glass
fibres, φf, and glass beads, φb, in each hybrid was
calculated from φg and the hybrid ratio.

2.5. Fibre length measurements

The ash of fibrous material was subsequently
spread on a glass slide and placed on the observa-
tion stage of a microscope. Magnified fibre images
were transmitted to a large screen, and the fibre
images were then automatically digitised using
Linkam Scientific RTVMS software. From the
fibre length distributions, the average fibre length
values (Lf) of 550, 430 and 360 μm were obtained
for 4.4, 9.5 and 15.5% v/v glass fibre composites,
respectively. Results show decrease in Lf with
increasing φf thus indicating that the average length
of the fibre in the moulded specimens was affected
by the concentration level of the fibres. The

increased damage to fibre length with increasing φf

was attributed to a greater degree of fibre-fibre
interaction and increased in melt viscosity at higher
fibre loadings. The latter give rise to higher bend-
ing forces on the fibres during compounding and
moulding process causing the fibres to break, as
noted here.

2.6. Mechanical testing

Dumbbell specimens were tested in tension in an
Instron 4466 testing machine using pneumatic
clamps. Tensile tests were performed at 25, 60 and
100°C at a constant crosshead displacement rate of
50 mm/min. The load-displacement curve for each
specimen was recorded using a computer data log-
ger from which tensile modulus and strength were
calculated using the initial slope and load at maxi-
mum, respectively. For each material at least six
specimens were tested at a given temperature. The
average tensile strength and modulus values are
reported here. The standard deviation for tensile
strength and modulus was no more than 2 MPa and
0.08 GPa, respectively.

3. Results and discussions

3.1. ABS/GF composites

The load-extension curves for ABS showed a clear
yield point before failure. The incorporation of
glass fibres into ABS reduced the overall deforma-
tion but enhanced the tensile strength and modulus
of the ABS matrix. It must be said, that failure of
the ABS/GF composites was brittle over the entire
temperature range studied here whereas that of the
ABS matrix was ductile. Close examination of the
load-extension curves revealed that whilst defor-
mation of the composites was linear at low stresses,
it was nonlinear at higher stresses. This observation
indicated that interfacial microfailure had occurred
around the fibres in the composites during tensile
loading.
The effect of fibre concentration, φf, on tensile
modulus of ABS/GF composites, Ecf, at 25, 60 and
100°C is shown in Figure 2 where it can be seen
that at a any given temperature Ecf increases lin-
early with increasing φf. The linear dependence
between Ecf and φf is consistent with the modified
‘rule-of-mixtures’ given by Equation (2):
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Figure 1. Dimensions of single-gated specimens in mil-
limetres



(2)

where Ecf and Em are the tensile modulus values of
ABS/GF and the ABS matrix at temperature T and
Ef is the modulus of the glass fibres taken in this
study as 75 GPa and assumed to be independent of
temperature. λ1 and λ2 are, respectively, the fibre
length and fibre orientation factors for tensile mod-
ulus, taking into account fibre misalignment and
fibre length variation in the composite. Equa-
tion (2) can alternatively be written in the form of
Equation (3):

(3)

where λE = λ1λ2 is termed the overall fibre effi-
ciency factor for composite modulus.  According to
Equation (3), value of λE at any given temperature
can be determined from the slope of the line Ecf ver-
sus φf. Using the slope of the linear regression lines
in Figure 2, one obtains the variation in λE with
temperature as depicted in Figure 3. As can be
seen, over the temperature range studied here, λE is
much less than one and decreases with increasing

temperature in a linear manner. The linear depend-
ence in Figure 3 can be expressed by Equation (4):

(4)

The effect of temperature on tensile modulus of
ABS/GF composites is more explicitly shown in
Figure 4 where it can be seen that Ecf decreases lin-
early with increasing temperature. It can be seen
also that the rate of decrease as given by the slope
of the lines in Figure 4 (i.e. dEcf/dT) depends on the
volume fraction of glass fibres in the composites.
As shown in Figure 5, when dEcf /dT values are
plotted against φf, one obtains a linear dependence
given by Equation (5):

(5)

According to Cox shear lag model [13], fibre length
efficiency factor λ1 can be evaluated from the rela-
tionship given by Equation (6):

(6)
β
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Figure 5. Effect of φf on the slope of the line Ecf versus
temperature in Figure 4

Figure 3. Overall efficiency factors for tensile modulus,
λE, and tensile strength, λσ, of ABS/GF compos-
ites versus temperature, T

Figure 4. Tensile modulus of ABS/GF composite, Ecf ver-
sus temperature, T, for fibre volume fractions,
φf, of 0, 0.044, 0.095 and 0.155

Figure 2. Tensile modulus of ABS/GF composite, Ecf, ver-
sus volume fraction of glass fibres, φf, at 25, 60
and 100°C



where β is defined by Equation (7):

(7)

where d is the diameter of the fibres. For square
packing arrangement of fibres, ϕ can be obtained
from the relationship given by Equation (8):

(8)

Values of λ1 calculated via Equation (6) are pre-
sented in Table 3 where it can be seen that λ1

decreases with increasing temperature but shows
no significant variation with respect to φf. Also
given in Table 3 are values of λ2 obtained from the
ratio λE/λ1 and as can be seen λ2 decreases with
increasing temperature and increases slightly with
increasing φf.
The effect of fibre volume fraction on tensile
strength of ABS/GF composites, σcf, at 25, 60 and
100°C is shown in Figure 6 where it can be seen
that over the entire temperature range studied here,
σcf increases with increasing fibre concentration in
a nonlinear manner showing tendency towards lev-
elling off or reaching a maximum on approaching
fibre concentration value of approximately 16% v/v.
The levelling off effect (or reaching a maximum)

which is also noted in several other injection
moulded glass reinforced polymer systems [3, 4, 8,
9] is mainly attributed to the separation distance
between the fibres becoming sufficiently small as
to restrict the flow of the matrix material between
fibres. This effect and the higher stress concentra-
tion in the matrix due to the greater number of fibre
ends at high φf, reduces the gain in strength which
one would expect otherwise.
The nonlinear rise in σcf with increasing φf as
depicted in Figure 6 can be described by a second
order polynomial function of the form given by
Equation (9):

(9)

However, as illustrated in Figure 7, for fibre con-
centration values in the range 0 to 10% v/v, varia-
tion of σcf with φf is reasonably linear with
regression coefficients of greater than 0.97. Within
this φf range, variation of σcf with φf can be
described by the modified ‘rule-of- mixtures’ for
tensile strengths as given by Equation (10):

(10)

where σf is tensile strength of the glass fibres taken
in this study as 2470 MPa and σm is the tensile
strength of the ABS matrix. λ3 and λ4 are respec-
tively, the fibre length and orientation factors for
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Figure 6. Tensile strength of ABS/GF composite, σcf, ver-
sus volume fraction of glass fibres, φf, at 25, 60
and 100°C

Figure 7. Tensile strength of ABS/GF composite, σcf, ver-
sus volume fraction of glass fibres, φf, at 25, 60
and 100°C for φf values in the range 0 to
10% v/v

Table 3. Fibre efficiency parameters for tensile modulus of ABS/GF composites

φφf
λλE λλ1 λλ2

25°C 60°C 100°C 25°C 60°C 100°C 25°C 60°C 100°C
0.044 0.196 0.175 0.139 0.827 0.811 0.780 0.237 0.216 0178
0.095 0.196 0.175 0.139 0.811 0.793 0.760 0.242 0.221 0.183
0.155 0.196 0.175 0.139 0.802 0.783 0.748 0.244 0.223 0.186



tensile strength, which take into account fibre
length variation and misalignment.
Equation (10) can alternatively be written in the
form of Equation (11):

(11)

where λσ = λ3λ4 is the overall efficiency factor for
tensile strength whose value at any given tempera-
ture can be determined from the slope of the line σcf

versus φf in Figure 7. The effect of temperature on
λσ is also shown in Figure 3 for comparative pur-
poses where it can be seen that λσ is lower than λE

and decreases likewise with increasing tempera-
ture. The linear dependence between λσ and tem-
perature as shown in Figure 3 can be expressed by
Equation (12):

(12)

Assuming λ4≈λ2, values of λ3 for composite
strength was evaluated as a function of temperature
(λ3 = λσ/λ2). It can be seen from Table 4, that λ3

for composite strength like λ1 for composite modu-
lus decreases with increasing temperature. It is also
notable that λ4 is consistently lower than λ1 thus
indicating that tensile strength is more affected by
the shortness of the fibres than tensile modulus.
Using the values λ3 given in Table 4, the critical
fibre lengths, Lc was calculated for each composite
as a function of temperature using the Kelly-Tyson
relationship given by Equation (13) [14]:

(13)

Results obtained from this analysis are presented in
Table 5 where it can be seen that Lc increases with
increasing temperature but decreases with increas-
ing φf mainly due to the reduction in the average
length of the fibre, Lf, with increasing φf.
The effect of temperature on σcf is more explicitly
shown in Figure 8. As can be seen, for a fixed φf,
tensile strength of the composite, σcf, decreases lin-

early with increasing temperature. As illustrated in
Figure 9, when slope of the lines in Figure 8 (i.e.
dσcf /dT) are plotted versus φf, one obtains a linear
dependence which can be reasonably expressed by
Equation (14):

(14)

Comparing Equation (5) and Equation (14) reveals
that for the same volume fraction of fibres, com-
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Table 4. Fibre efficiency parameters for composite strength as a function of fibre volume fraction at 25, 60, and 100°C

φφf
λλσσ λλ4 ≈≈ λλ2 λλ3

25°C 60°C 100°C 25°C 60°C 100°C 25°C 60°C 100°C
0.044 0.153 0.127 0.097 0.237 0.216 0178 0.646 0.588 0.545
0.095 0.153 0.127 0.097 0.242 0.221 0.183 0.632 0.575 0.530
0.155 0.153 0.127 0.097 0.244 0.223 0.186 0.627 0.570 0.522

Figure 8. Tensile strength of ABS/GF composite, σcf, ver-
sus temperature, T, for fibre volume fractions,
φf, of 0, 0.044, 0.095 and 0.155

Figure 9. Effect of φf on the slope of the line, σcf, versus
temperature in Figure 8

Table 5. Fibre critical length as a function of fibre volume
fraction at 25, 60 and 100°C

φφf
Lc [μμm]

25°C 60°C 100°C
0.044 426 468 505
0.095 340 374 406
0.155 287 316 345



posite strength is more affected by the change in
temperature than composite modulus.

3.2. ABS/GB composites

The incorporation of glass beads into ABS reduced
the tensile strength, but increased the tensile modu-
lus, of the ABS matrix. Close examination of the
load-extension curves once again indicated that
whilst deformation of the composites was linear at
low stresses, it was nonlinear at higher stresses.
This observation suggested that interfacial micro-
failure also occurred around the glass bead particles
during loading of the ABS/GB composites.
The effect of the volume fraction of glass beads, φb,
on tensile modulus of ABS/GB composites, Ecb, at
25, 60 and 100°C is shown in Figure 10. It can be
observed that Ecb increases with increasing φb in a
linear manner. The linear dependence between Ecb

and φb follows the Einstein [15] relationship given
by Equation (15):

(15)

where Em is modulus of the matrix and kE is the
Einstein coefficient having a value of 2.5 for spher-
ical shaped fillers. The slope of the linear regres-
sion lines in Figure 10 suggests kE values of 2.55,
2.38 and 2.31 at 25, 60 and 100°C, respectively for
the ABS/GB system.
It is worth noting that at any given temperature as
shown in Figure 11, gain in modulus due to addi-
tion of short glass fibres is much greater than that
due to addition of glass beads. Also, the rate at
which slope of the lines in Figures 2 and 10
changes with temperature, is a linear and decreas-
ing function of temperature. The linear dependence

for both composite systems can be expressed by
Equations (16) and (17);

(16)

(17)

The above equations reveal that at any given tem-
perature, tensile modulus of the ABS/GF composite
is always greater than that of ABS/GB counterpart.
Also, modulus of the composite material is more
affected by the change in volume fraction of glass
fibres than that of glass beads.
The effect of temperature on tensile modulus of
ABS/GB composites, Ecb, is more explicitly shown
in Figure 12 where it can be seen that Ecb decreases
linearly with increasing temperature. It can be seen
also that the rate of decrease as given by the slope
of the lines in Figure 12 (i.e. dEcb/dT) depends on
the volume fraction of glass beads in the composite.
As shown in Figure 13, when dEcb/dT values are
plotted against φb, a linear dependence is obtained
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Figure 10. Tensile modulus of ABS/GB composite, Ecb,
versus volume fraction of glass beads, φb, at
25, 60 and 100°C

Figure 11. Effect of temperature on the slope of the lines
in Figures 2 and 10

Figure 12. Tensile modulus of ABS/GB composite, Ecb,
versus temperature, T, for glass bead volume
fractions, φb, of 0, 0.042, 0.091 and 0.140



which can be reasonably expressed by Equa-
tion (18):

(18)

The effect of φb on tensile strength of ABS/GB
composites, σcb, at 25, 60 and 100°C is shown in
Figure 14. As can be seen, σcb decreases linearly
with increasing φb, over the entire temperature
range studied here. It is worth noting that tempera-
ture has no significant influence upon the slope of
the lines in Figure 14.
The linear dependence between σcb and φb as
depicted in Figure 14 follows Piggott and Leidner
[16] relationship given by Equation (19):

(19)

where K is a stress concentration factor and b is a
constant whose value depends upon particle-matrix
adhesion. Fitting the best regression lines to the
data in Figure 14 gives K values of near unity
(0.99) and b values in the range 32.48 to 34.01.
The effect of temperature on tensile strength of
ABS/GB composites σcb, is more explicitly shown

in Figure 15. It can be seen that φb has no signifi-
cant effect upon the slope of the lines in Figure 15,
thus indicating that the rate of change of σcb with
temperature is independent of the glass bead con-
centration. Results suggest the rate of change fol-
lows Equation (20):

(20)

3.3. ABS/GF/GB hybrids

The effect of hybridisation on tensile modulus and
strength was studied here in terms of hybrid ratio,
χf, is defined by Equation (21):

(21)

where φf is the volume fraction of the fibres and φg

is the total volume fraction of glass, in the hybrid.
Figure 16 show the effect of χf on tensile modulus
of ABS/GF/GB hybrids, Eh, at 25, 60 and 100°C for
total glass concentration values of 10, 20 and
30% w/w, respectively. It can be seen that Eh

increases with increasing χf in a linear manner.
Results also reveal that at a fixed temperature, the
effect of increasing φg is an upwards shift in the
modulus values coupled with an increase in the
slope of the lines Eh versus χf. The linearity of Eh

with χf as depicted in Figure 16a–16c suggests
hybrid tensile modulus conforms to the rule-of-
mixtures given by Equation (22):
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Figure 13. Effect of φb on the slope of the line, σcb, versus
temperature in Figure 11

Figure 14. Tensile strength of ABS/GB composite, σcb,
versus volume fraction of glass beads, φb, at
25, 60 and 100°C

Figure 15. Tensile strength of ABS/GB composite, σcb,
versus temperature, T, for glass bead volume
fractions, φb, of 0, 0.042, 0.091 and 0.140



where Ecf and Ecb are the modulus values of
ABS/GF and ABS/GB composites respectively, as
defined by Equations (2) and (15). The lines fitted
through the data in Figure 16 are according to
Equation (22) where it can be seen that rule-of-
mixtures for hybrids describes the data extremely
well.
The effect of temperature on tensile modulus of
ABS/GF/GB hybrids is shown in Figure 17 where
it can be seen that Eh decreases with increasing
temperature. However, the rate at which Eh

decreases with temperature appears to be more
affected by the total concentration of the glass in
the hybrid than by the hybrid ratio, χf. The effect of
increasing, χf, is simply an upward shift in Eh val-
ues. It is also evident that χf has no significant

effect upon the slope of the lines in Figure 17, par-
ticularly at low glass concentration values.
The effect of χf on tensile strength of ABS/GF/GB
hybrids, σh, at 25, 60 and 100°C for total glass con-
tent values of 10, 20 and 30% w/w is shown in Fig-
ure 18. Results show that σh increases with increas-
ing χf in a linear manner thus indicating that the
hybrid tensile strength like tensile modulus follows
rule-of-mixtures given by Equation (23):

(23)

where σcf and σcb are the tensile strengths of
ABS/GF and ABS/GB composites respectively, as
defined by Equations (9) and (19). The rate at
which σh increases with increasing χf (i.e., dσh/dχf)
is shown in Figure 19 as a function of temperature

)1( fcbfcfh χ−σ+χσ=σ
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Figure 16. Tensile modulus of ABS/GF/GB hybrids, Eh,
versus hybrid ratio, χf, at 25, 60 and 100°C for
total glass concentration values of; (a) 10%, (b)
20% and (c) 30% by weight

Figure 17. Tensile modulus of ABS/GF/GB hybrid, Eh,
versus temperature, T, for various hybrid ratios,
χf, and the total glass concentration values of;
(a) 10%, (b) 20% and (c) 30% by weight



for the total glass weight percentage values of 10,
20 and 30%. Results show that dσh/dχf decreases

linearly with increasing temperature. However, as
shown in Figure 20, the effect of temperature
becomes more significant as weight percentage of
the total glass in the hybrid is increased.
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Figure 18. Tensile strength of ABS/GF/GB hybrids, σh,
versus hybrid ratio, χf, at 25, 60 and 100°C for
the total glass concentration values of; (a) 10%,
(b) 20% and (c) 30% by weight

Figure 19. Effect of temperature on the slope of the line
σh versus χf for total glass concentration values
of 10, 20 and 30% wt

Figure 20. Effect of glass content on the slope of the line
σh versus χf at 25, 60 and 100°C

Figure 21. Tensile strength of ABS/GF/GB hybrid, σh,
versus temperature, T, for various hybrid ratios,
χf, and total glass concentration values of;
(a) 10%, (b) 20% and (c) 30% by weight



The effect of temperature on σh is shown more
explicitly in Figure 21. Results show that σh

decreases with increasing temperature in a linear
manner. The rate at which σh decreases with
increasing temperature (i.e. dσh/dT) as a function of
hybrid ratio, χf, is shown in Figure 22 where it can
be seen dσh/dT increases with increasing χf and the
total glass content in the hybrid. However, as illus-
trated in Figure 22, when the glass content in the
hybrid is high, variation of dσh/dT with χf becomes
almost independent of the glass content.

4. Conclusions

A positive and negative hybrid effect in hybrid
composites is defined as positive or negative devia-
tion of a certain mechanical property from the rule-
of-mixtures. It was found;
(i) Hybrid tensile strength, σh, and modulus, Eh,
both increase with increasing the hybrid ratio of the
glass fibre, χf in a linear manner. The variation of
Eh and σh with χf obeys rule-of-mixtures.
(ii) Hybrid tensile strength, σh, and modulus, Eh,
both increase with increasing the total concentra-
tion of the glass in the hybrid.
(iii) Hybrid tensile strength and modulus both
decrease with increasing temperature in a linear
manner.
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Figure 22. Effect of hybrid ratio, χf, on the slope of the
lines σh versus temperature, T, in Figure 21 for
total glass concentration values of; (a) 10%,
(b) 20% and (c) 30% by weight



1. Introduction
Organic polymer nanocomposites containing small
amounts of various inorganic nanoparticles where
the size of the inorganic phase does not exceed one
hundred nanometers offer a number of desirable
characteristics in a number of applications [1]. It is
worthy to note that optimal combinations of
organic (polymer) and inorganic (nanofiller) can
lead to functional polymer nanocomposites with
new polymer structures and enhanced properties
including thermal, mechanical, and electrical prop-
erties.

Nanocomposites are commonly based on polymer
matrices reinforced with layered silicate nanofillers
such as montmorillonite clay (MMT) with layer
thickness of at least 1 nm [2, 3]. Polymer/MMT
nanocomposites constitute a relatively new class of
reinforced plastics prepared by uniformly dispers-
ing MMT nanoparticles in a polymer matrix. Such
nanocomposites have great scientific and practical
importance due to their high mechanical and barrier
properties, as well as, their fire resistance [4]. But
MMT nanoparticles are well known to be a mixture
of several natural compounds with nonuniform
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composition and particle size. For example, MMT
minerals from different deposits might differ con-
siderably in composition. This variation in compo-
sition of MMT significantly complicates the task of
making functional nanocomposites with prescribed
properties for targeted applications. Therefore,
there is a need to develop synthetic nanofillers with
prescribed particle composition, shape and size for
use as fillers in polymer nanocomposites with well
defined properties.
In this area, synthetic nano-dimensional silicates
may provide a number of opportunities in polymer
nanocomposites that is relatively little studied and
poorly understood relative to the well studied poly-
mer nanocomposites filled with natural layered
MMTs [5–9]. In contrast to the commonly used
layered MMT compounds, it is envisaged that use
of nanoparticles with different morphology (e.g.,
nanotubes and nanoparticles of isometric shape)
might provide additional benefits in polymer
nanocomposites not possible with MMT. Suitable
techniques for hydrothermal synthesis of silicate
nanotubes and particles of isometric form (e.g., zir-
conium dioxide) that gives the possibility to control
the resulting nanoparticle’s structure by varying the
mode of hydrothermal synthesis has been reported
[7–9].
Polyimide (PI)-based nanocomposites are of spe-
cial interest because of the well known excellent
heat resistance, chemical stability, and superior
electric properties of polyimides [10]. As previ-
ously reported, PI/MMT nanocomposites can
exhibit increased modulus and strength, high heat
distortion temperature, decreased thermal expan-
sion coefficient, reduced gas permeability, and
increased solvent resistance compared to the pris-
tine polymer [2, 3]. However, there are a number of
significant limitations in the processing of PI/MMT

nanocomposites. These limitations include (but not
limited to) the relatively low thermal stability of the
organically modified MMT under typical process-
ing temperatures compared to that of the relatively
elevated processing temperatures that are needed
for curing PIs or melt blending PIs with nanoparti-
cles. It is well known that it is very difficult to find
thermally stable modifier to improve clay compati-
bility with high temperature polymers such as poly-
imides that must be processed at elevated tempera-
tures as already mentioned.
The work presented herein is focused on investigat-
ing the feasibility of using as nanofillers for poly-
imide matrices new silicate type nanotubes (SNT)
and zirconium dioxide (ZrO2) nanoparticles (with
different morphology as compared to layered MMT
platelets) that were custom synthesized specifically
for nanocomposite application [7, 8]. The rheology
and mechanical behavior of the PI nanocomposites
as a function of the nanofiller shapes (i.e., platelets,
nanotubes and isometric form) will be presented
and discussed to provide a starting point for further
experiments that will improve our understanding of
optimal methods of incorporating nanoparticles
with varying shapes and sizes into polyimide matri-
ces and of the effects of the nanoparticles morphol-
ogy on the structure and properties of polyimide
nanocomposites in general.

2. Experimental

2.1. Silicate nanotubes

Silicate nanotubes (SNT) with a chrysotile type
structure of Mg3Si2O5(OH)4 were synthesized
using a hydrothermal method that is facilitated by
high pressure autoclaves as described elsewhere
[7]. The SNT density is 2.5 g/cm3. TEM showed
that the SNT particles have average outer diame-

486

Yudin et al. – eXPRESS Polymer Letters Vol.2, No.7 (2008) 485–493

Figure 1. TEM photomicrographs of the SNT particles at low (a) and high (b) magnifications; (c) frequency count of
aspect ratio (length/diameter) of the SNT particles



ter = 15 nm and average interior diameter = 3 nm
as illustrated in Figures 1a and 1b. The length of the
SNT ranges from 50 to 600 nm and its average
aspect ratio is 10 (Figure 1c).

2.2. Zirconium dioxide particles

Zirconium dioxide (ZrO2) particles were synthe-
sized using a hydrothermal method [8]. These parti-
cles have spherical shapes as indicated in Figure 2.
The average diameter of these particles is 20 nm.
The density of the particles is ~6 g/cm3.

2.3. Treatment of SNT and ZrO2 with silane
coupling agent

To improve compatibility of the nanoparticles with
polyimide matrix, the SNT and ZrO2 particles were
treated with m-aminophenyltrimethoxysilane
(Gelest. Inc.) following the procedure described in
[11]. The amount of the silane needed to obtain
minimum uniform multilayer coverage was esti-
mated from the known values of the specific wet-
ting surface of the silane (i.e., ~350 m2/g) and the
surface area of the filler (i.e., ~100 m2/g) and found
to be about 3.5 times less than the amount of filler
used. Specifically, one gram of nanoparticles (SNT
or ZrO2) was dispersed in 50 ml of ethanol with the
aid of an ultrasonic mixer (40 kHz, average sonic
power: 45 W) for 1 hour. 0.3 ml of the silane was
added to the sonicated suspension followed by
additional sonication for 10 min. The resulting sus-
pension of the nanoparticles was centrifuged and
the supernatant ethanol was decanted to yield the

silane-treated nanoparticles of this study. The
silane-treated nanoparticles were rinsed twice with
ethanol followed by curing of the silane layer and
dried until constant weight was achieved in a vac-
uum oven maintained at 60°C for 5 hr.
TGA was used to confirm the silane treatment of
the SNT and ZrO2 as depicted in Figure 3. This fig-
ure shows degradation temperature of the organo-
silane compound at temperatures greater than
300°C, making the silane-treated particles suitable
for processing/mixing with polyimide matrices that
must be cured at temperatures ranging from 200 to
300°C. The weight loss of pure SNT particles at
550–650°C (Figure 3) is ascribed to evaporation of
water incorporated into the crystal structure of
chrysotile.

2.4. Organic treatment of MMT

Natural montmorillonite clay Na-MMT
[Cloisite®Na+, cation exchange capacity (CEC):
92.6 meq/100 g] was obtained from Southern Clay
Products, Inc. The density of the particles is
~2.8 g/cm3. Hydrochloric acid (concentration:
36.5%) and 4,4′bis(4″-aminophenoxy) diphenylsul-
fone (BAPS) were obtained from Fisher Chemical
and Wakayama Seika Kogyo Co., Ltd. in Japan,
respectively.
The Na-MMT was organically modified with
BAPS ammonium salts. A mixture of BAPS and
hydrochloric acid in deionized water (DI water)
was prepared. An aqueous dispersion of Na-MMT
that was agitated for 3 hours was added to this pre-
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Figure 2. TEM photomicrograph of ZrO2 type particles

Figure 3. TGA scans of nanoparticles: 1 – pure ZrO2

nanoparticles; 2 – ZrO2 treated with silane cou-
pling agent; 3 – pure SNT type particles;
4 – SNT treated with silane coupling agent



viously prepared mixture just mentioned. The
resulting mixture was agitated simultaneously with
a mechanical stirrer and ultrasound at 60°C for
6 hours, and the mixture was then left at room tem-
perature for 12 hours. The resulting white precipi-
tate was filtered and washed repeatedly with DI
water at 60°C to remove superfluous ammonium
salts and Cl– ion. Removal of Cl– ion was moni-
tored by titration with addition of 0.1N AgNO3 into
the filtered liquid (based on whether a white precip-
itation of AgCl appeared or not). The filtered cake
was freeze-dried for 12–18 hours to yield BAPS-
modified clay (MMT-BAPS) used in this study.

2.5. Polyimide matrices

Poly(amic acid) (PAA) of poly(pyromellitic dian-
hydride-co-4,4′-oxydianiline) (PM) was supplied
by Sigma-Aldrich. The PAA-PM is a 15.0–
16.0 wt% solution in N-methyl-2-pyrrolidone
(NMP) with a viscosity of 50–70 poise. PI type
films (30–40 μm thick) were prepared from the
PAA-PM by casting on soda lime glass plates and
subsequent curing in an oven under air atmosphere.
Imidization was achieved by placing the films in an
air oven for curing at 100°C/1 hr, 200°C/1 hr,
300°C/1 hr, and 350°C/30 min. Subsequently, the
cast films were removed after complete imidization
from the glass plates by soaking in water. The den-
sity of the PI type film prepared from PAA-PM is
1.42 g/cm3, and the film is hereinafter referred to as
PI-PM.
The oligoimide (OI) based on 1,3-bis(3′,4,-dicar-
boxyphenoxy)benzene and 4,4′bis(4″-aminophe-
noxy)diphenylsulfone and endcapped with phthalic
anhydride was synthesized following the procedure
previously described in [12]. Note that the
oligoimide with the chemical structure shown in
Figure 4. was used as a model material for evaluat-
ing the rheological behavior of polyimide matrix
filled with the nanoparticles.
The number and weight average molecular weights
(Mn = 3609 g/mole and Mw = 11553 g/mole respec-
tively) were obtained from gel permeation chro-
matography following standard procedures.

2.6. Processing of polyimide nanocomposites
The PI-PM nanocomposite films with different
concentrations of nanoparticles (i.e., SNT, ZrO2 or
MMT-BAPS) were prepared by adding the desired
amount of the nanoparticles to NMP. The resulting
suspension of particles in NMP was homogenized
with the aid of an ultrasonic mixer (40 kHz, aver-
age sonic power: 45 W) for 1 hour. The sonicated
suspension was transferred into a three neck round
bottom flask equipped with a mechanical stirrer, a
nitrogen gas inlet, and a drying tube outlet filled
with calcium sulfate. After stirring the nanoparticle
solution for 10 min, the PAA-PM was added to the
nanoparticle suspension and the stirring of the mix-
ture was continued for an additional 60 min until a
constant viscosity was obtained. The solid content
of the nanoparticles/PAA-PM was 10 wt% in NMP.
Thin (30–40 μm thick) PI-PM nanocomposite films
were prepared with varying nanoparticles weight
concentrations (wt) from the nanoparticles/PAA-
PM solution as already described above for the
pure (unfilled) PI-PM films. Using the material
densities (1.42 g/cm3 for PI-PM, 2.5 g/cm3 for
SNT, 6 g/m3 for ZrO2, and ~2 g/cm3 for MMT-
BAPS), the corresponding volume concentrations
(vol) of nanoparticles in the polyimide nanocom-
posites were estimated using Equation (1):

(1)

where ρ1 is density of the particles and ρ2 is density
of the polymer matrix.
A simple solution mixing method was used to pre-
pare a mixture of NMP solution of OI with nano-
particles (i.e., SNT, ZrO2 or MMT-BAPS). Firstly,
the nanoparticles were dispersed in NMP using an
ultrasonic mixer (40 kHz, average sonic power:
45 W) for 1 hour. Various amounts of the nanopar-
ticles were used to yield final OI/nanoparticles
mixtures containing 3–20 wt% of the respective
nanoparticles. Subsequently, NMP solution of OI
(20 wt% OI concentration) was added to the modi-
fied nanoparticles/NMP dispersion, and the com-
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Figure 4. Structure of the oligoimide used to evaluate the rheological behavior



bined mixture was stirred with a magnetic stirrer
for 5 hours followed by ultrasonic mixing of same
for 1 hour. The resulting NMP dispersion of OI
with the nanoparticles was poured on a Teflon®-
coated metal substrate that was subsequently
heated at 100°C for 1 hour, 200°C for 1 hour, and
280°C for 0.5 hour to completely remove NMP sol-
vent as monitored by TGA. The Teflon® coating
made it easy to collect the OI/nanoparticles blends
in the form of powder. As described in the next sec-
tion, these powdered samples were used to prepare
test specimens for the rheology measurements
described in the next section.

2.7. Measurements

A strain-controlled dynamic rheometer ARES®

from TA Instruments was used to measure the
dynamic and steady shear viscosity of the polymers
in the cone and plate configuration following stan-
dard procedures. The diameter of the plate was
25 mm and the cone angle was 0.1 rad. Nitrogen
was used as the heating gas for temperature control.
The powdered samples were compacted into disks
at room temperature using a compression molding
machine. The disk was then subsequently placed
between the plates of the rheometer that were pre-
heated to the desired temperature.
Tensile stress-strain properties of the PI-PM based
nanocomposite films were measured using a tensile
testing machine (Alliance RT/10, MTS systems
Co., Ltd.) following standard ASTM D882-95
method. A specimen gage length of 50 mm and
width of 5 mm and a testing speed of 2 mm/min
were used. Care was taken to ensure proper align-
ment of the specimen with the testing fixture. An
abrasive paper was placed between the specimen
and test fixture surface to prevent slippage. Ten
replicate measurements were conducted for each
sample and the average results of the ten specimens
are reported in this article.
The XRD patterns of nanocomposites PI-PM/
MMT-BAPS and OI/MMT-BAPS were recorded
with an X-ray diffractometer (D/MAX Ultema III,
Rigaku Co., Ltd.). The X-ray was generated with
nickel-filtered CuKα (λ = 0.154 nm) at 40 kV and
44 mA. The samples were scanned at 2θ angles
ranging from 2 to 10° using a scanning rate of
10°/min at room temperature. An increase in the
basal layer spacing of organically modified MMTs

in the PI/MMT composites, which was determined
from a shift in the (001) peak position, confirmed
ion exchange or polymer intercalation between the
silicate layers. 

3. Results and discussion

3.1. Rheology of model Oligoimide Based
Nanocomposites 

To evaluate the feasibility of homogeneous disper-
sion of the nanoparticles in polyimide matrix, we
used the rheology method that was previously
reported to be an effective method for characteriz-
ing the exfoliation of clay nanoparticles in a variety
of polymers [12, 13]. Homogenous dispersion of
nanoparticles in the polymer should lead to a time-
dependent rheological behavior (i.e., thixotropy)
that is characteristic of formation of percolation
type network at some concentration of the nanopar-
ticles. Generally, it is possible to estimate this per-
colation threshold Pc theoretically [14] by using
Equation (2) for a cylinder: 

(2)

and Equation (3) for an ellipsoid:

(3)

where aspect ratio r = L/d, and L is the length of
cylinder or diameter of ellipsoid and d is the diame-
ter of cylinder or thickness of the ellipsoid. The
preceding equations and the average aspect ratio of
~10 for SNT (Figure 1c) were used to estimate the
percolation threshold (Pc) and the Pc (SNT) was
found to be ~6 vol%. Assuming an average diame-
ter (lateral dimension) of ~200 nm for the MMT
particles [15] and a thickness of ~1 nm the percola-
tion threshold for the MMT particles was estimated
as Pc (MMT) = 0.64 vol%.
As previously reported for oligoimides melt
blended with clay particles (MMT-15A, Southern
Clay Products) [12], the application of strong shear
flow field in a HAAKE MiniLab® Micro Com-
pounder can lead to relatively good dispersion of
MMT-15A particles in a polymer volume. In addi-
tion, the significant viscosity increase exhibited by
the OI/MMT nanocomposites after application of

r
Pc
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r
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the strong shear flow fields may be attributed to the
partial exfoliation of the organo-MMT particles
and formation of the percolating (network) struc-
ture at ~10 wt% of MMT-15A particles in OI melt
as previously reported [12, 13]. This prior work
suggests that OI/MMT clay nanocomposites can be
used as excellent model systems for investigating
the process of exfoliation (or optimal dispersion) of
the MMT-BAPS particles in PI reported in the
present paper.
Figure 5 shows the dependence of complex viscos-
ity (frequency ω = 1 rad/s, strain ε = 1%) on con-
centration of the nanofillers (i.e., MMT-BAPS,
SNT and ZrO2) for the present OI nanocomposites
prepared as already described in the experimental
section 2.6. The viscosities of the nanocomposites
were estimated at 260°C, a temperature correspon-
ding to the fluid state of the OIs. The figure shows
significant increase (~3 decades) for the OI/MMT-
BAPS and OI/SNT nanocomposites occurring at
2–3 vol% MMT-BAPS and 8–12 vol% SNT nano-
filler concentrations, respectively. For the two
types of nanocomposites just mentioned, the criti-
cal nanofiller concentrations corresponding to the
dramatic rise in viscosity were found to be both
higher than the percolation threshold values esti-
mated theoretically as already described (i.e.,
Pc (MMT) = 0.64 vol% and Pc (SNT) = 6 vol%).
This trend in the viscosity data is consistent with
that previously reported in the literature for similar
polymer nancomposites and has been attributed to
different degrees of exfoliation of the nanofillers in
the polymer matrix [2, 3, 12]. The X-ray data for

OI/MMT-BAPS nanocomposites at different con-
centrations of particles (see Figure 6) provide indi-
rect confirmation of this hypothesis because an
increase in MMT-BAPS concentration leads to
aggregation of the MMT platelets at concentra-
tions > 3 vol%, that is clearly evident from appear-
ance of a diffraction peak at around 2θ = 6.3°. It is
worthy to note that this 2θ value is equivalent to
MMT-BAPS interlayer spacing of 1.4 nm while the
diffraction peak at 2θ = 7.3° corresponding to an
interlayer spacing of 1.2 nm (Figure 6).
The preceding results are consistent with our
expectations of strong influence of the particle
morphology and aspect ratio of the nanofillers (i.e.,
MMT platelets or SNT cylinders). For example, the
relatively low aspect ratio SNT was found to
exhibit a dramatic viscosity rise that is known to be
consistent with formation of a percolation network
structure at relatively higher concentrations than
that exhibited by the relatively higher aspect ratio
MMT (Figure 5).
As can be seen in Figure 5, the concentration
dependence of viscosity for the OI/ZrO2 nanocom-
posite was found to be consistent with that pre-
dicted by the following classical Thomas equation
(4) [16]:

η = 1 + 2.5φ + 0.05φ2 + Aexp(Bφ) (4)

where φ is volume fraction of particles; A = 0.0273
and B = 16.6. In this case, this relatively modest
increase in viscosity with increasing φ (up to
9 vol% as depicted in Figure 5) is somewhat similar
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Figure 6. XRD patterns of oligoimide (OI) nanocompos-
ites filled with MMT-BAPS particles. The
weight and volume concentrations of the parti-
cles are indicated on the graph.

Figure 5. Dependence of complex viscosity on volume
concentration of nanoparticles in oligoimide OI.
Temperature T = 260°C, frequency ω = 1 rad/s,
strain ε = 1%.



to that reported in the literature for polymers filled
with spherical particles with various sizes [16]. The
observed behavior of the OI/SNT and OI/MMT
nanocomposites suggests that anisotropic particles
such as MMT or SNT are more effective in induc-
ing formation of percolating network structure (i.e.,
gelation) than spherical particles such as ZrO2 used
in this study [17]. 

3.2. Mechanical properties of PI-PM
nanocomposite films

The mechanical properties (Young’s modulus Et,
tensile strength σt and elongation at break ε t) of the
PI-PM based nanocomposite films are summarized
in Table 1. Clearly, this table shows that incorpora-
tion of SNT and MMT-BAPS into polyimide
matrix improves its modulus considerably. Figure 7
compares the nanofiller concentration dependen-
cies of the relative modulus (i.e., modulus Et

divided by the modulus of the pure PI-PM matrix
(E0 = 2.8 GPa)) for the three types of nanocompos-
ites studied. It is evident from this figure that the
PI-PM/MMT-BAPS showed the largest increase in
modulus with increasing nanofiller concentration.
This finding is consistent with the nanofiller con-
centration dependencies of the viscosity of the
nanocomposites already discussed (see Figure 5).
As before, the large increase in modulus just men-
tioned is thought to be due to the relative high
aspect ratios and enhanced dispersion of the MMT-
BAPS nanofiller compared with that of the isomet-
ric ZrO2 nanofillers. The results confirm our expec-
tation that the morphology of the nanoparticles
(platelets, tubes or isometric form) and especially
their aspect ratios strongly influences the viscoelas-
tic properties of the nanocomposites in both their

solid and liquid states. Therefore, understanding
the role of the nanofiller variables such as morphol-
ogy, aspect ratio and composition on the properties
of polymer nancomposites may lead to develop-
ment of new materials with optimal properties for
targeted application areas.
As shown in Table 1, the tensile strength and defor-
mation-at-break of the PI-PM based nanocomposite
films decreases slightly with increasing concentra-
tions of the nanofiller used to an extent that
depends on the specific characteristics of the
nanofiller used. This decrease in tensile strength
may be attributed to the less than optimum adhe-
sion between the nanofillers and the matrix and the
possible formation of an inhomogeneous network
structure density in the nanocomposite like others
have reported for other polymer nanocomposites
[2, 3]. It is worthy to note that formation of an inho-
mogeneous network structure just mentioned is
exacerbated by the strong rise in viscosity near the

491

Yudin et al. – eXPRESS Polymer Letters Vol.2, No.7 (2008) 485–493

Table 1. Properties of nanocomposite films based on PI-PM type polyimide matrix

Particles
Nanoparticles

concentration [wt%]
Nanoparticles

concentration [vol%]
Tensile modulus

[GPa]
Tensile strength

[MPa]
Deformation at

break [%]

MMT-BAPS

00 0 2.85 ± 0.05 131 ± 3 30 ± 2
03 1.5 3.13 ± 0.04 120 ± 2 22 ± 6
05 2.5 3.34 ± 0.11 117 ± 5 16 ± 3
07 3.4 3.65 ± 0.07 110 ± 4 13 ± 3
10 4.8 3.96 ± 0.10 108 ± 6 05 ± 2

SNT
05 2.8 3.07 ± 0.07 123 ± 3 24 ± 2
10 5.4 3.50 ± 0.10 097 ± 2 12 ± 3
15 7.9 3.70 ± 0.10 086 ± 3 06 ± 2

ZrO2

10 2.3 3.00 ± 0.05 105 ± 2 15 ± 2
15 3.4 3.06 ± 0.07 095 ± 4 10 ± 5
20 4.5 3.13 ± 0.10 090 ± 3 07 ± 3

Figure 7. Dependence of tensile modulus Et of nanocom-
posite films PI-PM on volume concentration of
the nanoparticles (see Table 1, E0 is the modulus
of unfilled PI-PM film)



percolation threshold as already mentioned, mak-
ing it crucial to determine as in this study the opti-
mal preparation conditions that may reduce or
eliminate any potential micro-heterogeneity in the
resultant nanocomposite films. Despite the reduc-
tion of the tensile strength caused by incorporation
of the nanofillers in the polyimide nanocomposites,
it is interesting to note that incorporation of rela-
tively high concentrations of SNT and ZrO2 (up to
10 vol%) does not lead to catastrophic decrease of
elongation-at-break (ε t) that is widely reported in
the literature for a number of PI nanocomposites
containing organoclay nanofillers [2, 3]. This last
point suggests the possibility of using the present
SNT and ZrO2 to develop useful polyimide nano-
composites films with improved thermal and bar-
rier properties, and adequate mechanical properties
for a number of coating applications where the
coating film flexibility is an important performance
requirement. This important benefit offered by the
SNT and ZrO2 is believed to be due to the desirable
intrinsic properties of these ceramic particles that
can be prepared with prescribed properties for spe-
cific applications including polymer nanocompos-
ites as already mentioned. This study may stimulate
a better understanding of the effects of methods of
incorporation of nanoparticles with varying shapes
and sizes into polyimide matrices and the effects of
the nanoparticles morphology on the structure and
properties of polyimide nanocomposites, enhanc-
ing our ability to prepare useful polymer nanocom-
posites in general with improved properties for
targeted applications where common polymer
nanocomposite systems are not useable.

4. Conclusions and outlook

It can be concluded from the results of this study
that simple rheometric methods can be reliably
used to probe the influence of methods of incorpo-
ration of nanoparticles with varying shapes and
sizes into polyimide matrices and the effects of the
nanoparticles morphology on the quality of disper-
sion and properties of polyimide nanocomposites.
By using model oligimides systems filled with the
three types of nanoparticles studied (i.e., MMT-
BAPS, SNT and ZrO2), it was demonstrated that
the critical concentration for gelation or formation
of a percolating network structure that is character-
istic of the huge rise in viscosity with increasing

nanoparticles concentration strongly depends on
the morphology and aspect ratio of the nanoparti-
cles. The significant increase in viscosity
(~3 decades) exhibited by the model oligoimides
nanocomposites filled with MMT-BAPS, SNT or
ZrO2 nanofillers was observed at 2–3 vol% MMT-
BAPS and 8–12 vol% SNT or ZrO2 nanofiller con-
centrations, respectively.
On the other hand, the critical nanofiller volume
concentrations corresponding to the dramatic rise
in viscosity for the OI/MMT-BAPS and OI/SNT
nanocomposites were found to be higher than the
percolation threshold values (Pc) estimated theoret-
ically (i.e., Pc (MMT) = 0.64 vol% and Pc (SNT) =
6 vol%). This disagreement between the experi-
mental and theoretical estimations of Pc is thought
to be due to agglomeration of the nanoparticles that
was indirectly confirmed by XRD data for the
OI/MMT nanocomposite.
In general, it is worthy to note that the SNT and
ZrO2 nanoparticles of this study can be used to
develop useful polyimide nanocomposites films
with adequate thermo-mechanical properties for a
number of coating applications where the coating
film flexibility and thermooxidative stability are
important performance requirements. Overall, the
results confirm our expectation that the morphol-
ogy of the nanoparticles (platelets, tubes or isomet-
ric form) and especially their aspect ratios strongly
influences the viscoelastic properties of the nano-
composites in both their solid and liquid states.
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1. Introduction
Epoxy resin has been important to the engineering
field for many years. Components made of epoxy-
based materials provide outstanding mechanical
and thermal properties. Using an additional phase,
such as inorganic fillers, to strengthen epoxy resins
has become a common practice. Because microscale
fillers have been successfully synthesized with
epoxy resin [1–5], nanoparticle-filled resins are
attracting considerable attention; they can enhance
properties sometimes even better than conventional
filled polymers at volume fractions between 1%
and 5%. Adding small amounts of nanoparticles
(<5 wt%) to a matrix system can increase thermal,
mechanical, and electrical properties without com-

promising the weight or processability of the com-
posite. Consequently, many automotive, aerospace,
electronics, and biotechnology companies have
shown interest in nanocomposite materials [6–11].
The extremely high surface area of nanocomposites
is one of its most attractive characteristics because
it helps create a great interface in a composite.
According to Reynaud et al. [12], an interface of
1 nm thick makes up roughly 0.3% of the total
polymer’s volume in microparticle-filled compos-
ites, whereas it can reach 30% of the total volume
in nanocomposites.
The primary objective of this paper is to determine
the effect of adding polyhedral-oligomeric-sil-
sesquioxanes (POSS) on the thermal and mechani-
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cal properties of epoxy. POSS is inorganic silica-
like nanocages 1.5 nm in size that have organic sub-
stituents (as shown in Figure 1). Inactive organic
substituents make POSS physically compatible
with relevant polymers and promote dispersion in
the polymer at a molecular level [13], while sub-
stituents that are reactive promote curing or graft-
ing reactions [14]. Thermoplastics such as poly-
propylene [15, 16], polycarbonate [17, 18], and
polyamide [19, 20], and thermosets such as epoxy
[21, 22] have been reinforced with POSS. Previous
results indicate that adding POSS to a matrix sys-
tem can increase thermal and mechanical properties
[23–26].
In this study, POSS was mixed into epoxy with dif-
ferent weight fractions. Tensile tests were per-
formed to evaluate mechanical performance. Ther-
mogravimetric Analysis (TGA) and Dynamic
Mechanical Analysis (DMA) were used to evaluate
thermal performances. Based on experiment
results, a nonlinear constitutive equation was devel-
oped to describe the stress-strain relationship of the
materials.

2. Experiment

2.1. Materials and manufacturing
nanocomposites

The resin used in this study is a commercially avail-
able SC-15 epoxy obtained from Applied Pol-
eramic, Inc. It is a low-viscosity, two-phased,
toughened epoxy resin system consisting of part A
(resin mixture of diglycidylether of bisphenol-A,
aliphatic diglycidlether epoxy toughener) and
part B (hardener mixture of cycloaliphatic amine
and polyoxylalkylamine). The EpoxyCyclohexyl

POSS was obtained from Hybrid Plastics. The
chemical structure is shown in Figure 1. The aver-
age epoxy functionality of EpoxyCyclohexyl POSS
is 10. POSS molecules are similar to the smallest
silica particles. However, unlike silica or modified
clays, each POSS molecule contains covalently
bonded reactive functionalites suitable for poly-
merization or for grafting POSS monomers to poly-
mer chains. Some other POSS molecule also
contains nonreactive organic functionalities for sol-
ubility and compatibility with various polymer sys-
tems. But no nonreactive organic functionalities
were attached in EpoxyCyclohexyl POSS.
POSS and part A were carefully weighed and
mixed together using a magnetic stirring for
24 hours at 800 rpm and 40°C. The weight frac-
tions of POSS ranged from 1 to 5 wt%. Next, part B
was added to the modified part A and mixed using
a high-speed mechanical stirrer for about 5 min-
utes. The mix-ratio of part A and part B of SC-15
was 10:3. The rigorous mixing of part A and part B
produced highly reactive volatile vapor bubbles
during the initial stages of the reaction, which could
detrimentally affect the final product by creating
voids. A high vacuum was applied for about
30 minutes, using the Brand Tech Vacuum system.
After the bubbles were completely removed, the
mixture was transferred into a teflon-coated, dog-
bone-shaped metal mold and stored for 24 hours at
room temperature. The cured material was then de-
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Figure 1. EpoxyCyclohexyl POSS (C8H13O2)n(SiO1.5)n

Figure 2. Manufacturing processing of POSS/epoxy
nanocomposites

Part A POSS Part B

24 hrs magnetic steering at 40°C

5 min. mechanical stirrering

30 min. degasify in vacuum

24 hrs room temp. curing

5 hrs 100°C post curing



molded and trimmed. Finally, test samples were
machined for thermal and mechanical characteriza-
tion. All panels were post-cured at 100°C for
5 hours. Figure 2 shows the block diagram for man-
ufacturing POSS/epoxy nanocomposites.

2.2. Test procedure

Dynamic mechanic analysis (DMA) was performed
on a TA Instruments 2980 operating in the three-
point bending mode at an oscillation frequency of
1 Hz. Data were collected from room temperature
to 160°C at a scanning rate of 3°C/minute. The
sample specimens were cut into rectangular bars,
1.7 mm×30 mm×10 mm, with a diamond saw.
Thermogravimetric analysis (TGA) was conducted
using a TA Instruments TGA 2950 at a heat rate of
10°C/minute from ambient to 800°C. The TGA
samples were cut into small pieces using an
ISOMET cutter and were machined to maintain the
sample weight of about 10 mg, using a mechanical
grinder. These samples were put in ceramic cru-
cibles and placed inside the apparatus. The real-
time characteristic curves were generated by
Universal Analysis 2000-TA Instruments Inc., a
data acquisition system.
Tensile testing on the dogbone-shaped specimens
was performed according to ASTM Standard D
638-89. Five replicate specimens from four differ-
ent materials were tested. All tests were performed
at room temperature. The test was performed under
displacement control mode at a crosshead speed of
2.0 mm/min and a strain rate of 0.5/min. Two
parameters, elastic modulus (E) and ultimate tensile
strength (σb), were evaluated from each stress-
strain curve.

3. Results and discussions

3.1. Thermal properties

The DMA plots in Figure 3 show storage modulus
versus temperature as a function of POSS loading.
Storage modulus steadily increases with increasing
POSS weight percent. The addition of 5 wt% of
POSS yielded a 13% increase in the storage modu-
lus at 30°C. POSS is a rigid body; an increase in
POSS concentration increases the rigidity of the
composite system. Figure 4 shows loss factor ver-
sus temperature curves of POSS/epoxy nanocom-
posites. As POSS content increases, the tanδ peaks

of nanocomposites significantly shift to a higher
temperature while the widths of tanδ peaks remark-
ably broaden and their intensities lower. An
increase of 16°C in Tg was observed in 5 wt%
POSS/epoxy as compared with neat epoxy.
According to Huang et al. [27], incorporating
POSS increases the crosslinking density of result-
ing nanocomposites. The increase in crosslinking
density leads to high Tg, broad tanδ peaks, and high
storage modulus.
Another important characteristic of polymers is
their stability at high temperatures. Thermogravi-
metric analysis (TGA) was used to estimate the
thermal stability of POSS/epoxy nanocomposites.
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Figure 3. Storage modulus versus temperature plots of
POSS/epoxy nanocomposites

Figure 4. Loss factor versus temperature plots of
POSS/epoxy nanocomposites



Figure 5 shows the normalized weights versus tem-
perature curves of four materials. All samples
began to decompose around 350°C and completely
decomposed around 450°C. This study considers
the derivative peaks as the decomposition tempera-
ture. As shown in Figure 6, decomposition temper-
atures increased with higher POSS content. An
increase of 10°C in decomposition temperature was

observed in 5 wt% POSS/epoxy as compared with
neat epoxy.

3.2. Tensile properties

Figure 7 shows the typical tensile stress-strain
curves of neat and nanophased epoxy. The stress-
strain curves show considerable nonlinearity before
reaching maximum stress, which is assumed to be
the yield strength of the material. After this point,
stress decreased steadily with strain until fracture
occurred. Five specimens were tested for each con-
dition; the average properties obtained from these
tests are listed in Table 1.
Figure 7 and Table 1 show that the yield strength
and modulus of epoxy and POSS/epoxy nanocom-
posites increase continuously with increasing POSS
content. 5% POSS yielded a 16.6% increase in mod-
ulus and a 19.4% increase in yield strength. The
small size of POSS, which restricts the mobility of
polymer chains under loading, improved the modu-
lus and yield strength; good interfacial adhesion
between the POSS and matrix also contributed to
the reinforcement [25]. Figure 8 represents the vari-
ation of modulus E and yield strength σs with the
weight fraction of POSS as a linear relationship.
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Figure 5. Weight loss versus temperature curves of
POSS/epoxy nanocomposites

Figure 6. Effect of POSS content on thermal stability of
epoxy

Figure 7. Tensile results of POSS/epoxy stress vs. strain
curve

Table 1. Tensile properties of poss/epoxy nanocomposites

Material Modulus [GPa] Enhancement in modulus Strength [MPa] Enhancement in strength
Neat epoxy 2.59 – 51.5 –
1 wt% POSS 2.73 05.4% 54.3 05.4%
3 wt% POSS 2.77 06.9% 57.9 12.4%
5 wt% POSS 3.02 16.6% 61.5 19.4%



Compared with multi-walled CNT-reinforced
epoxy [28], vapor-grown CNF-reinforced epoxy
[9], and nanoparticle-reinforced epoxy [29], no opti-
mal loading was observed on the POSS/epoxy sys-
tem, indicating good dispersion of POSS in epoxy.
The Equations (1a) and (1b) fit the modulus and ten-
sile strength data of the composite:

(1a)

(1b)

where E0 and σs0 are reference elastic modulus and
reference yield strength, and wp is the weight frac-
tion of POSS. Two other parameters, m1 and m2,
appearing in Equations (1a) and (1b), represent
weight fraction strengthening coefficients for mod-
ulus and tensile strength, respectively. Mathemati-
cally, they are defined by Equation (2):

(2)

Using the least square method, the m values of the
composite were calculated as shown by Equa-
tions (3a) and (3b):

[MPa] (3a)

[GPa] (3b)

3.3. Fracture surfaces

The fracture surfaces of neat epoxy and the nano-
composites were compared using SEM. Figure 9a
shows that neat epoxy resin exhibits a relatively
smooth fracture surface and that the initial crack
occurred at the tension edge of the specimen. The
river pattern in Figure 9a indicates a typical cleav-
age fracture, accounting for the low fracture tough-
ness of the unfilled epoxy. Compared to neat
epoxy, the fracture surfaces of the nanocomposites
show considerably different fractographic features.
For example, the failure surfaces of the nanocom-
posites containing 1 wt% POSS and 5 wt% POSS
are shown in Figure 9b and 9c. Generally, adding
POSS into the epoxy matrix results in a much
rougher fracture surface and the surface roughness
increases with higher POSS content.
The higher magnification micrographs of POSS/
epoxy nanocomposites are shown in Figure 10a
(for 1% POSS/epoxy) and Figure 10b (for 5%
POSS/epoxy). The rougher fracture surface con-
sists of many small smooth zones. These smooth
zones nucleate in the material at areas of localized
deformation and, in the center of each partly oval-
shaped zone, a second-phased particle can be
observed, as shown in Figure 10c. During the fail-
ure process, the crack propagation changed direc-
tion as it crossed second-phased particles. The
pinning effect, which prevents crack opening,
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Figure 9. Fracture surface of neat and nanophased epoxy (a – neat epoxy; b – 1 wt%POSS/epoxy and c – 5 wt%
POSS/epoxy)

Figure 8. Effect of POSS weight fraction on modulus and
yield strength of epoxy



increased the strength of the epoxy. The size of the
smooth zones on a fracture surface is determined by
the number and distribution of second-phased parti-
cles. When second-phased parties are few and
widely spaced, the cracks propagate longer before
coalescing, resulting in a fracture surface with large
smooth zones. Smaller zones are formed when
many second-phased particles are produced. Fig-
ures 10a and 10b show that the size of smooth
zones decreases with increasing POSS weight frac-
tions. Fewer smooth zones and more surface rough-
ness imply that the number of second-phased
particles increased with increasing POSS content.
The path of the crack tip is distorted because of
more second-phased particles, which make crack
propagation more difficult.

3.4. Constitutive equation

The failure of fiber reinforced epoxy involves a
complicated damage accumulation process result-
ing from random fiber breakage, stress transfer
form fiber to matrix, and interface debonding
between the fiber and matrix. It is necessary to
obtain stress strain relationship of matrix to analyze
such a complicated probabilistic failure phenome-
non. To better understand the stress-strain relation-
ship of neat and nanophased epoxy, a nonlinear
constitutive equation has been developed. In the
proposed constitutive model (Equation (4)), the
total strain is assumed to be composed of an elastic
part and an inelastic part:

(4)

where εe and εi represent the elastic and inelastic
strains, respectively. The elastic strain is assumed
to be path-independent and related to the elastic

modulus of the material. It is expressed by Equa-
tion (5):

(5)

where E is the elastic modulus of the POSS/epoxy
material, which is a function of both strain rate and
temperature, and where σ is the stress. The inelastic
strain, εi, is assumed to be a function of both stress
and strain, as shown by Equation (6):

(6)

where β represents a compliance parameter and m
is a strain exponent. Therefore, by substituting
Equations (5) and (6) into Equation (4) and rear-
ranging, we obtain the Equation (7):

(7)

To determine the material parameters in the consti-
tutive equation, Equation (7) is rewritten into Equa-
tion (8):

(8)

This equation, on taking log on both sides, trans-
forms into Equation (9):

(9)

Equation (9) represents a linear plot of ln[ε/σ–1/E]
versus lnε. The slope of the linear plot is m and the
intercept at ε = 1 is lnβ. These linear plots at differ-
ent strain rates are nearly parallel to each other,
which means that the material has the same strain
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Figure 10. Fracture surface of POSS/epoxy nanocomposite (a – large smooth zone in 1% POSS/epoxy; b – small smooth
zone in 5% POSS/epoxy and c – second-phased particle in the center of smooth zone)



exponent at different test conditions. The plots of
ln[ε/σ–1/E] versus lnε of neat epoxy and POSS/
epoxy is shown in Figure 11. The compliance fac-
tor β and strain exponent m obtained from these
plots are plotted as a function of POSS content in
Figure 12. Also, strain exponent m and compliance
factor expressed as functions of POSS content are
as follows. See Equations (10a) and (10b), respec-
tively:

(10a)

[1/MPa] (10b)

As shown in Figure 13, elastic modulus E, compli-
ance factor β, and strain exponent m in Equa-

tion (7), the simulated stress-strain plots fit the
experiment data very well.

4. Conclusions

1. DMA results exhibited a 16°C increase in Tg in
5 wt% POSS/epoxy as compared with neat
epoxy.

2. TGA results show that the POSS content has
successfully increased the decomposition tem-
perature as well.

3. The tensile results indicate that 5 wt% loading
of POSS in epoxy resin showed the highest
improvement in the tensile strength as compared
to the neat systems. Also, there was an improve-
ment in the elastic modulus.

4. The nonlinear constitutive equation established
in this study can predict the stress-strain tensile
behavior of the POSS/epoxy nanocomposite.
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1. Introduction
The development of commodities derived from
petrochemical polymers has brought many benefits
to mankind. However, it is becoming more evident
that the ecosystem is considerably disturbed and
damaged as a result of the non-degradable plastic
materials used in disposable items. Therefore, the
interest in polymers from renewable resources has
recently gained exponential momentum and the use
of biodegradable and renewable materials to
replace conventional petroleum plastics for dispos-
able applications is becoming popular [1, 2]. Within
the broad family of renewable polymers, starch is

one of the most attractive and promising sources
for biodegradable plastics because of the abundant
supply, low cost, renewability, biodegradability,
and ease of chemical modifications [3, 4]. In recent
years, plasticized starch (PS) has attracted consid-
erable attention and has offered an interesting alter-
native for synthetic polymers where long-term
durability is not needed and rapid degradation is an
advantage [5]. However, compared with conven-
tional synthetic thermoplastics, biodegradable
products based on starch, unfortunately, still exhibit
many disadvantages, such as water sensitivity, brit-
tleness, and poor mechanical properties [6]. Vari-
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ous physical or chemical means have been used to
solve these problems, including blending with other
synthetic polymers [7–9], the chemical modifica-
tion [10–12], graft copolymerisation [13], and
incorporating fillers such as lignin [14], clay [15],
and multi-walled carbon nanotubes [16].
More recently, there is an increased use of cellulose
nanocrystals (CNs) as the loading-bearing con-
stituent in developing new and inexpensive bio-
degradable materials due to a high aspect ratio, a
high bending strength of about 10 GPa, and a high
Young’s modulus of approximately 150 GPa [17].
The CNs from various sources such as cotton, tuni-
cate, algae, bacteria, ramie, and wood for prepara-
tion of high performance composite materials have
been investigated extensively [18]. Both natural
and synthetic polymers were explored as the
matrixes. Natural polymers such as poly(β-hydrox-
yoctanoate) (PHO) [19], soy protein [20], silk
fibroin [21] reinforced with cellulose whiskers
were reported. Meanwhile, Poly-(styrene-co-butyl
acrylate) (poly(S-co-BuA)) [22], poly(vinyl chlo-
ride) (PVC) [23], polypropylene [24], waterborne
polyurethane [25], were also used as synthetic
matrixes.
The flax plant (Linum usitatissimum) is a member
of the Linaceae family, which is an important crop
in many regions of the world. Fibers from flax have
been used for thousands of years to make different
textile products because of their excellent fiber
characteristics. Therefore, the search on short fibers
from flax as a replacement for synthetic fibers in
many non-textile products, e.g. in polymer com-
pounds, building materials and absorbent materials,
has attracted much attention in the last decade [26].
However, incorporating flax cellulose nanocrystals
(FCNs) in the starch-based composite films has not
been reported in the literatures. In present work, we
attempt to prepare CNs from flax fiber by acid
hydrolysis with concentrated sulfuric acid, and then
use the resulting CNs to reinforce PS for prepara-
tion of nanocomposite films with improved per-
formances. The resulting films were prepared by
casting the mixture of aqueous suspensions of CNs
and PS in various weight ratios. The morphology,
structure, and performance of the resulting nano-
composite films were investigated by scanning
electron microscopy (SEM), wide-angle X-ray dif-
fraction (WAXD), differential scanning calorimetry

(DSC), and measurement of the mechanical proper-
ties and water uptake.

2. Experimental

2.1. Materials

Field pea starch, with average granule size of about
29 μm and composed of 35% amylose and 65%
amylopectin, was supplied by Nutri-Pea Limited
Canada (Portage la Prairie, Canada). Raw flax fiber
was supplied by Biolin Research Incorporated,
Canada. The glycerol (99% purity), sodium hypo-
chlorite solution (available chlorine 10–13%),
sodium hydroxide, and sulfuric acid (98%) were
bought from Sigma-Aldrich Canada Ltd. (Oakville,
Canada) and used as received.

2.2. Preparation of FCNs

A colloidal suspension of cellulose nanocrystals in
water was prepared by acid-catalyzed hydrolysis of
flax fiber. Briefly, the flax fiber (30 g) was first cut
into small fragments and mixed with sulfuric acid
aqueous solution (250 ml, 64%) and stirred vigor-
ously at 45°C for 4 h. Subsequently, the suspension
was neutralized with sodium hydroxide aqueous
solution (40%), discolored by sodium hypochlorite
solution and washed by dialyzing. The dispersion
of flax cellulose nanocrystals (FCNs) with a solid
content of 1.4 wt% was obtained through a 30 min
ultrasonic treatment. The suspension did not sedi-
ment or flocculate as a consequence of the surface
sulfate groups that were created during the sulfuric
treatment [27].

2.3. Preparation of the PS/FCNs
nanocomposite films

The fabrication of plasticized starch/flax cellulose
nanocrystals (PS/FCNs) composite films was based
on a convenient casting solution process. Starch,
glycerol, cellulose nanocrystallites suspension and
distilled water were mixed together in order to
obtain nanocomposite films with a homogeneous
dispersion. The glycerol content was fixed at
36 wt% based on the dry starch matrix. Then this
mixture was charged into a bottom flask equipped
with a stirrer and heated at 100°C for 30 min for the
starch to be gelatinized. After cooling down to

503

Cao et al. – eXPRESS Polymer Letters Vol.2, No.7 (2008) 502–510



about 70°C, the resulting paste was degassed under
vacuum to remove the remaining air and cast in a
polystyrene square Petri dish, followed by drying in
a vent oven at 50°C. By changing the content of
FCNs over a range of 5, 10, 15, 20, 25, and 30 wt%,
a series of plasticized PS/FCNs nanocomposite
films with a thickness of about 0.3 mm were pre-
pared and coded as PS/FCNs-5, PS/FCNs-10,
PS/FCNs-15, PS/FCNs-20, PS/FCNs-25, and PS/
FCNs-30, respectively, in which the FCNs content
was expressed on water-free PS matrix. As a con-
trol, a neat PS film without addition of FCNs was
obtained using the same fabrication process. Before
various characterizations, the resulting films were
kept in a conditioning desiccator of 43% relative
humidity (RH) for one week at room temperature to
ensure the equilibration of the water content in the
films.

2.4. Characterizations

AFM was used to characterize the morphology of
FCNs. Measurements were conducted in tapping
mode by a Nanoman AFM (Veeco Metrology
Group, USA) at ambient temperature. In the sample
preparation, a droplet of dilute FCNs suspension
was coated on a flake of mica, and the water was
evaporated at ambient temperature.
Scanning electron microscopy (SEM) measure-
ments were carried out on a field-emission scan-
ning electron microscope (FESEM, JEOL JSM-
6700, JEOL Ltd, Japan). To study the structure of
the nanocomposites, the failure surfaces of the
PS/FCNs films after tensile testing was observed.
The samples were coated with Platinum and
observed with an accelerating voltage of 5 kV.
Attenuated Total Reflectance Fourier Transform
Infrared (ATR-FTIR) spectra of the film samples
were recorded on a Nicolet 5700 FTIR spectrome-
ter (Thermo Electron Corporation, Waltham, MA,
USA). The PS, PS/FCNs-10, PS/FCNs-20 and
PS/FCNs-30 films were taken at random from the
flat films and data were collected at room tempera-
ture over 16 scans with a resolution of 4 cm–1.
Wide-angle X-ray diffraction patterns were recorded
on a Bruker AXS X-ray diffraction (Bruker AXS
Inc., Madison, WI, USA), using CuKα radiation
(λ = 0.154 nm) at 40 kV and 30 mA with a scan
rate of 4°/min. The diffraction angle ranged from 4
to 40°.

Differential scanning calorimetry (DSC) measure-
ment of the films was carried out on a DSC204
apparatus (Netzsch Co., Germany) under a nitrogen
atmosphere. Each sample conditioned at 43% RH
was subjected to the heating/cooling cycle between
–100 to 120°C to obtain reproducible glass transi-
tion temperature (Tg) values. In this case, Tg was
taken at the half-variation in the heat capacity of the
second run. The heating rate was 10°C/min.
The tensile strength and elongation at break of the
films were measured on a universal testing machine
(CMT 6503, Shenzhen SANS Test Machine Co.
Ltd., China) at room temperature with gauge length
of 5 cm and crosshead speed of 10 mm/min. An
average value of five replicates for each sample
was taken.
The kinetics of water absorption was determined
for all composites. The samples used were thin rec-
tangular strips with dimensions of 50 mm×10 mm×
0.3 mm. The samples were dried at 80°C under
vacuum overnight and kept at 0% RH (P2O5) for
one week. After weighing, they were conditioned at
room temperature in a desiccator of 98% RH
(CuSO4·5H2O saturated solution). The condition-
ing of samples in high moisture atmosphere was
preferred to the classical technique of immersion in
water, because starch is very sensitive to water and
can partially dissolve after long time exposure to
water. The samples were removed at specific inter-
vals and weighed until the equilibrium state was
reached. The water uptake (WU) of the samples
was calculated by Equation (1):

(1)

where W0 and Wt were the weights of the sample
before exposure to 98% RH and after t h exposure
to 98% RH, respectively. An average value of three
replicates for each sample was taken.

3. Results and discussions

3.1. Morphology of FCNs and PS/FCNs
nanocomposites

The AFM image of a dilute suspension of FCNs in
Figure 1 shows that the suspension contains flax
cellulose fragments consisting of both individual
and aggregated nanocrystals. These fragments dis-
play slender rods and have a broad distribution in
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size, which have lengths (L) ranging from 100 to
500 nm and diameters (D) ranging from 10 to
30 nm.
Figure 2 shows the SEM images of the failure sur-

faces of PS matrix and nanocomposite films. As
compared to the PS film, the morphology of the
FCNs in the PS matrix can be easily identified. The
FCNs appear as white dots, whose concentration on
the failure surface of the nanocomposites is a direct
function of the filler loading from 10 to 30 wt%.
These white dots correspond to the nanocrystals in
the perpendicular plane of the nanocomposite
films. No large aggregates and a homogeneous dis-
tribution of the FCNs in the PS matrix were
observed in all nanocomposite films, implying
good adhesion between fillers and matrix. This is
attributed to the good compatibility resulting from
the chemical similarities between starch and cellu-
lose and the hydrogen bonding interactions existing
in the interface between fillers and matrix. Such an
even and uniform distribution of the fillers in the
matrix could play an important role in improving
the mechanical performance of the resulting
nanocomposite films as discussed later.
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Figure 1. AFM topography image of FCNs after drying on
a mica surface

Figure 2. FESEM images of the failure surfaces of the PS and PS/FCNs nanocomposits with different FCNs content: a,
0 wt%; b, 10 wt%; c, 20 wt%; d, 30 wt%. (Scale bar: 2.0 µm)



3.2. Structure of PS/FCNs nanocomposites

Figure 3 shows the FTIR spectra of the PS, PS/
FCNs-10, PS/FCNs-20 and PS/FCNs-30 films. The
peaks at 3280 and 993 cm–1 in the spectra of PS
were attributed to the stretching vibrations of the
hydrogen bonding –OH groups and C–O stretching
vibrations in starch, respectively [9, 28]. The com-
posite films containing cellulose nanocrystals as
filler exhibited almost the same FTIR spectra as the
PS film due to the chemical similarities between
starch and cellulose. However, the relative peak
strength of stretching vibrations for –OH groups in
the FTIR spectra composite films weakened, indi-
cating the hydrogen bonding between starch mole-
cules was partially destroyed. Furthermore, the
wavenumber of the peak for C–O stretching vibra-
tions shifted from 993 to 982 as FCNs content
changed from 0 to 30 wt%, this suggested that new
interactions between cellulose and starch molecules
as a result of the addition of cellulose nanocrystals
into starch.
The WAXD of the nanocomposites was studied as
a function of the FCNs content and the correspon-
ding diffractograms are shown in Figure 4. For the
PS film, a typical C-type crystallinity pattern with
peaks at 2θ = 5.6° (characteristic of B type poly-
morphs), 17.0° (characteristic of both A and B type
polymorphs), 20.1 and 22.5° (characteristic of B
type polymorphs) were clearly observed [29]. The
crystalline structure resulting from spontaneous
recrystallization or retrogradation of starch mole-
cules after melting or gelatinization has frequently
been detected in food and thermoplastic materials

[30]. In this case, the samples had been stored for
more than 3 months before WAXD testing. With
the addition of FCNs in the starch matrix, some dif-
fraction peaks appear in the diffractograms. With
an increase of the FCNs content in the films, the
peaks become more significant. When the FCNs
content increases to more than 20 wt%, three well-
defined peaks at 2θ = 14.7, 16.5, and 22.7° are
observed, which corresponds to the typical crystal
pattern of cellulose I. Although the diffraction peak
intensity of starch and cellulose in the nanocom-
posite changes with the composition ratio, no evi-
dence of any additional peak or peak shift in the
diffraction angles is observed. Therefore, it can be
concluded that the diffractograms of nanocompos-
ites are only superimpositions of the diffractograms
of the two components.

3.3. Thermal analysis

Figure 5 shows the DSC thermograms in the tem-
perature range of –100 to 120°C of the PS/FCNs
nanocomposites conditioned at 43% RH. As we
know, in DSC experiments, the glass transition
temperature (Tg) is generally taken as the inflection
point of the specific heat increment at the glass-rub-
ber transition. From Figure 5 it is obvious that all
samples display two distinct specific heat incre-
ments, which correspond to the glass transitions of
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Figure 4. The WXRD patterns for PS and PS/FCNs nano-
composites: a – PS; b, PS/FCNs-5; c – PS/
FCNs-10; d – PS/FCNs-15; e – PS/FCNs-20;
f – PS/FCNs-25; g – PS/FCNs-30

Figure 3. The FTIR spectra of the PS and PS/FCNs
nanocomposite films



the PS matrix. The values of Tg for all the nano-
composites are tabulated in Table 1. As Dufresne et
al have previously reported, the PS plasticized by
glycerol is a complex heterogeneous system com-
posed of glycerol-rich domains dispersed in a
starch-rich continuous phase and each phase
exhibits its own Tg [31]. Therefore, the transitions
located in the temperature ranged from –80 to
–50°C and from 30 to 60°C can be assigned to Tg1

of glycerol-rich phase and Tg2 starch-rich phase
respectively. With an increase in the FCNs fillers
from 0 to 30 wt%, no obvious change of the value
of Tg1 at low temperature for the glycerol-rich
phase is observed. However, Tg2 for starch-rich
phase shifts to higher temperature from 43.3 to
48.8°C, which indicates that FCNs restrict the
mobility of starch chains due to the strong inter-
molecular interactions between starch and stiff
FCNs.

3.4. Mechanical properties

The mechanical properties of the neat PS matrix
films as well as the nanocomposite films reinforced
with various contents of FCNs were investigated by
tensile testing at room temperature. The typical
stress-strain curves of the PS and its FCNs
nanocomposites are shown in Figure 6. Generally,
the nanocomposite films exhibit two characteristic
regions of deformation behaviour. At low strains
(<10%), the stress increases rapidly with an
increase in strain. At higher strain the stress regu-
larly increases with the strain increasing up to the
break of the films. No evidence of necking phe-
nomenon at the stress-strain curves confirms the
good dispersion of the FCNs in the matrix and
homogeneous morphology of the nanocomposites,
which correlates with the results from SEM images.
The dependence of tensile strength, Young’s modu-
lus, and elongation at break on FCNs content for
the PS/FCNs nanocomposites is plotted in Figure 7,
and the corresponding data are presented in
Table 2. From the results we can see that the FCNs
content has a profound effect on the mechanical
properties. The tensile strength increases from 3.9
to 11.9 MPa and Young’s modulus increase signifi-
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Table 1. The DSC data of PS and the PS/FCNs nanocomposites

Sample Tg1, mid [°C] ΔΔCp [J/g·K] Tg2, mid [°C] ΔΔCp [J/g·K]
PS –58.3 0.375 43.3 0.419

PS/FCNs-5 –55.8 0.319 44.9 0.550
PS/FCNs-10 –56.7 0.321 47.2 0.613
PS/FCNs-20 –55.1 0.319 47.8 0.497
PS/FCNs-30 –55.6 0.247 48.8 0.619

Figure 5. DSC thermograms of PS and PS/FCNs nano-
composites with different FCNs content:
a – 0 wt%; b – 5 wt%; c – 10 wt%; d – 20 wt%;
e – 30 wt%

Figure 6. Stress-strain curves of PS and PS/FCNs nano-
composite films with FCNs content: a – 0 wt%;
b – 5 wt%; c – 10 wt%; d – 15 wt%; e – 20 wt%,
f – 25 wt%; g – 30 wt%



cantly from 31.9 to 498.2 MPa with increasing
filler content from 0 to 30 wt%, respectively, while
the elongation at break decreases from 68.2 to
7.2%. This can probably be explained by the rein-
forcement effect from the homogeneously dis-
persed high-performance FCNs fillers in the PS
matrix and the strong hydrogen bonding interaction
between FCNs and PS molecules. The cellulose
nanocrystals from flax fiber showed an effect simi-
lar to that of ramie-based [32] on the mechanical
properties in the PS-based nanocomposites.

3.5. Water sensitivity

The water uptake of the PS and PS/FCNs films dur-
ing conditioning in 98% RH as a function of time is
shown in Figure 8. After 72 h, the water uptake of
the PS film and FCNs is around 70 and 35 wt%,
respectively. After incorporating FCNs into the PS
matrix, the water uptake decreased as the FCNs
content increased, and it was about 50 wt% for the
PS/FCNs-30. Therefore, it can be concluded that
the swelling of the material is suppressed in the

presence of FCNs within the PS matrix. This phe-
nomenon can be ascribed firstly to the low water
uptake of the FCNs itself; and secondly to the pres-
ence of strong hydrogen bonding interactions
between filler/filler and filler/matrix. Meanwhile,
the low glycerol content to the whole material
might also be responsible for the reduction of the
water uptake.

4. Conclusions

A suspension of cellulose nanocrystals was pre-
pared from flax fibers by acid hydrolysis and used
to reinforce the PS matrix with content from 5 to
30 wt% for preparation of nanocomposite materials
by a casting method. The SEM images showed that
the FCNs fillers dispersed well within the PS
matrix and had good adhesion in the interfacial
area. The values of Tg ascribed to the starch-rich
phase increased with increasing content of FCNs,
indicating that the existence of FCNs reduced the
flexibility of starch molecular chains. It is worth
noting that the tensile strength and Young’s modu-
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Figure 7. The mechanical properties of tensile strength
( ), Young’s modulus ( ), and elongation at
break (•) of PS/FCNs nanocomposite as a func-
tion of FCNs content

Figure 8. Water uptake during conditioning in 98% RH as
a function of time for the PS and PS/FCNs films

Table 2. Mechanical properties of PS and PS/FCNs nanocomposites obtained from tensile tests: tensile strength (σ),
Young’s modulus (E), and elongation at break (εB)

Sample σσ [MPa] E [MPa] εεB [%]
PS 03.9 ± 0.3 031.9 ± 5.1 68.2 ± 3.1

PS/FCNs-5 06.4 ± 0.2 082.6 ± 5.3 44.3 ± 5.2
PS/FCNs-10 07.6 ± 0.3 180.4 ± 13.2 35.9 ± 4.3
PS/FCNs-15 08.2 ± 0.4 255.3 ± 12.1 26.8 ± 5.5
PS/FCNs-20 08.9 ± 0.3 311.9 ± 20.5 14.1 ± 4.2
PS/FCNs-25 10.5 ± 0.5 447.5 ± 14.3 09.4 ± 1.6
PS/FCNs-30 11.9 ± 0.8 498.2 ± 23.4 07.2 ± 1.8



lus of the nanocomposites increased, respectively,
from 3.9 to 11.9 MPa and from 31.9 to 498.2 MPa
with an increase of FCNs content from 0 to 30 wt%.
Meanwhile, the starch-based nanocomposites also
show a higher water resistance. The performance
improvements of the PS/FCNs nanocomposites
may be ascribed to the chemical similarities
between starch and cellulose and the hydrogen
bonding interactions existing in filler/matrix.
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1. Introduction
Polyurethane foaming as an empirical technology
has predominantly been based on experience up to
date. There is little information available about the
real foaming process of products, the reaction pres-
sure generated, and its distribution; therefore the
design of foaming moulds and their optimization
from various aspects – deformation, costs etc. – pri-
marily rely on experience and estimates.
A few people dealt with the pressure generated at
foaming previously. Campbell [1] described in
detail the way how the pressure develops: in the
beginning the blowing agent is in liquid form and
dissolved in the mixture. After the chemical reac-
tion starts the temperature increases and when the
temperature reaches the boiling point of the blow-
ing agent it starts to evaporate. Due to this the foam
starts to expand, it fills the mould cavity. Having
finished the mould filling the inner pressure in the
foam increases.

Gupta and Khakhar [2] divided the generation of
the pressure into three stages: in the first stage there
is no foaming, the mixture flows into the mould, the
pressure is equal to the atmospheric pressure; in the
second stage the foam starts to expand, the density
decreases, the pressure is still equal to the atmos-
pheric pressure; the third phase starts when the
expanding foam fills the mould cavity completely.
In the last phase the density becomes constant and
the pressure increases. After the foam reaches the
gel-point (the gel-point is the point at which an infi-
nite polymer network first appears), there is no
more change in the density. He tried to describe the
changes of the pressure in time with the changes of
the amount of the blowing agent and the density.
Similarly, as Campbell demonstrated, the pressure
arises when the foam completely fills the cavity
and which coincides with the changes of the den-
sity and the amount of the blowing agent.
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Beruto et al. [3] studied the connection between the
blowing agent and the pressure arising in the bub-
bles of the foam. He calculated a so-called ‘foam-
ing power’, which was a mechanical work what the
foaming system was doing against the enviroment.
The foaming power can be calculated with Equa-
tion (1):

(1)

where We is the foaming power [W]; Ω is the vol-
ume of the foam [dm3], Pe(t) is the pressure [N/m2],
h(t) the displacement of the foaming system [m].
He found that, if the amount of the blowing agent
decreases, the foaming power will decrease too. If
the total amount evaporates, the power becomes
zero.
The literature discusses measurements of the pres-
sure generated during foaming at several instances,
but none of them have been measured the pressure
in the mould cavity directly. Clarke [4] made
attempts to determine cycle time from pressure
data. He assumed that the changes in the closing
pressure of the hydraulic cylinder correspond to the
pressure generated in the mould. Vespoli et al. [5]
built a Kistler pressure transmitter into the mould;
however, it was not placed into the mould cavity
but at the beginning of the feed bush. He intended
to determine the viscosity changes from the pres-
sure changes. He used the value of pressure rise to
validate his viscosity function estimate.
Ryan et al. [6] built an in-line rheometer with two
pressure transducers. The rheometer was placed
between the mixing head and the mould to investi-
gate whether the behaviour of the mixture behind
the mixing head is Newtonian or not. He found out
that it is a good approximation to consider the mix-
ture as a Newtonian fluid and from the pressure-dif-
ference the apparent viscosity can be calculated.
Kim et al. [7] also built a special rheometer to
measure the pressure-growth to assess the viscos-
ity. He set up the pressure transducer at the inlet
point of the mould. Likewise Vespoli, he used the
value of pressure rise to validate his viscosity func-
tion estimate. The viscosity calculations are impor-
tant, because when the mould filling time is longer
than the gel-time, a pre-mature gelation occurs,
which leads to defective products. From the
changes of viscosity the gel-time can be calculated.

Yokono et al. [8] used his pressure measurement
data for validate his simulation of the arising pres-
sure. The simulation is based on the principle of
adiabatic compression. Kodama et al. [9] built his
pressure transmitter into the lateral wall of a large-
size mould. He attempted to make inferences from
the pressure figure on the expansion of the foam
after removal from of the mould.
From the pressure measurements, only Kodama’s
measurement [9] was performed directly in the
mould cavity, but he also performed measurements
only at one location. It is important to mention that
the primary aim of these works was else than to
determine the value and distribution of pressure.
There are only a few publications which contain
useful information related to the pressure arising in
the mould cavity during polyurethane foaming. The
main reason for this can be that the foaming tech-
nology is still based on some empirical experience,
and the companies do not publish their information.
However, in the absence of this experience and
information the proper design and the optimizing of
the foaming moulds can not be made in advance.
The aim of our work was to set up a measuring sys-
tem of industrial scale to gain real in situ informa-
tion on the foaming process. The measuring system
was made suitable for measuring the reaction pres-
sure and its distribution. We tried to obtain more
accurate information on the foaming process.

2. The applied mathematical methods

2.1. The Taguchi method

The Taguchi method, developed by Genichi Taguchi
[10], is one of the experimental design methods,
based on a fractional factorial design. He simplified
and standardized the fractional factorial design
method and made it easy to use for everyone. It is
intended to select the appropriate, previously speci-
fied orthogonal array matrix and then to assign the
factors to the appropriate columns according to the
specified rules.
In addition to its easy application the greatest
advantage of the method is that the results are dis-
played not only numerically but also illustrated in
graphs. In case of examining each factor, e.g. the
steeper a curve is, the more significant its impact on
the target value. In the same way, interactions can
also be examined graphically: by depicting the

)(d)( thtPW ee ∫Ω=
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impact of the two factors in the same graph. It can
be observed that there is interaction between them
if the curves intersect each other; and if they do not
intersect each other, there is no correlation between
them in the given range.

2.2. Analysis of variance (ANOVA)

Variance analysis is a statistical method suitable for
comparing the expected values of groups with iden-
tical standard deviation and Gaussian distribution,
also known as ANOVA – generated from the initial
letters of its English name: ANalysis Of Variance.
So the ANOVA is an extended two sample t-test.
For variance analysis, the H0 null hypothesis is that
the factor does not affect the process. So it can be
demonstrated not only what degree of impact the
factor has, but also which of the factors examined
affect the target function examined and which of
them not – as regards the reliability level con-
cerned.
First the sum of squares (S) have to be calculated,
then the mean square (or variance) can be consid-
ered. Next step is to obtain the variance ratio (F).
This F value is compared to the value of the F-test
table at the desired confidence level. If the F<Ftable

than the null hypothesis is accepted, so that factor
does not affect the process. Finally the percentage
contribution (P) is calculated, which is shown the
percentage contribution of each factor to the
process.

3. Experimental

3.1. The technology of polyurethane foaming

The foaming technology of polyurethanes differs
from traditional injection moulding. In general, it is
termed RIM according to the English abbreviation
(Reaction Injection Moulding). By RIM there are
two liquid reactive components, stored separately,
which are mixed with high pressure in the mixing
head, and then the mixture is poured immediately
into the mould. In the mould a chemical reaction
starts, the liquid mixture becomes solid foam,
simultaneously the foam expands, and then the cur-
ing begins in the course of which the product solid-
ifies and takes the shape required [11, 12].

3.2. The test-mould
A test-mould for pressure measurements was
designed and manufactured in cooperation with
Ratipur Ltd., Komló, Hungary. The following
requirements were specified for the test mould: the
mould should be manufactured according to the
industrial technology; the mould should be suitable
for testing both flexible, rigid and integral skin
foam systems; the specimen should be of ‘indus-
trial’ size; the mould should be suitable for fixing
both thermal and pressure sensors; the mould cav-
ity should be suitable to admit inserts to produce
different specimens; the mould should be possible
to inject from several places and directions; each
mould cavity should be sealed separately.
The 3D model of the test mould is shown in Fig-
ure 1.

3.3. Pressure measurement

There are 18 measurement points set up uniformly
in the mould to measure pressure. These points
cover the surface of the entire mould cavity. They
were placed with particular care ensuring that
measurement points that critical points, e.g. at the
step (sudden change in cross-section), or at the
edge of the product, should be detected as well.
Measurement points were set up only in the upper
part of the mould and only above one of the mould
cavities. Figure 2 shows the mould arrangement
with the measurement spots.
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Figure 1. The 3D model of the test mould with staggered
mould cavity and the measurement points (pur-
ple colour)



An insert for sensor was installed to each measure-
ment point. The sensor – type number 4079A by
the Kistler Company, it is a piezoresistive type
combined heat and pressure sensor developed for
the RIM technology – can be placed into this insert.
The detected pressure data are transmitted through
the cable to the amplifier. The signal boosted by the
amplifier gets into an A/D converter; this is
required for computerized processing. Finally, the
received signal was recorded by the Windaq soft-
ware of DataQ Instruments Inc.

3.4. The examined material

The examined material is the foam nominated by
the code ELASTOFOAM I4703/100/schw, pro-
duced by Elastogran Kemipur Ltd. (Hungary). This
foam system is suitable for producing flexible inte-
gral skin foam products of 400–800 g/dm3 density
and 50–80 Shore A rigidity. The system contains
two components: component ‘A’ is a mixture of
polyols, catalyst and other additives, component
‘B’ is the izocyanate, in this case it is methylene
diphenyl diisocyanate (MDI). The cream time, this
is the time, when the material volume begins to
increase, for this system is 30 sec, the rise time, it is
the end of foaming, is 90 sec, the tack-free time,
when the foam surface becomes tack-free, equal to
the rise time. The density of the freely rising foam
is 130 g/dm3. The blowing agent is n-pentane. The
formulation for this foam system is the following:
100 wt% polyol, 53.5 wt% izocyanate, 5.0 wt%
n-pentane.

4. Results and discussion

4.1. Pressure distribution

Taking into account that no information was avail-
able on the pressure distribution in the mould cav-
ity, first it was examined whether there is a
significant difference in the pressure data measured
at the 18 measurement points at constant produc-
tion parameters. The time vs. pressure graph is pre-
sented in Figure 3.
The red curve represents the average of 18 meas-
urements; the blue curves represent the standard
deviation of the measured data. As it can be seen in
the diagram the standard deviation of the data is
quite small, it can be concluded that there is no sig-
nificant difference among the 18 measurement
points in terms of the maximum and the runoff of
the pressure generated. This also means that pres-
sure distribution is uniform along the surface of the
product; it does not depend on geometry of the cav-
ity and the location.

4.2. Estimation of pressure based on
empirical data

In the polyurethane foam industry the pressure and
the average density are important parameters, so
the connection between them is not negligible. The
pressure is essential for the mould design; the den-
sity is a defined requirement from the customer.
The connection between density and pressure is
found in the industrial practice as an empirical esti-
mate. An empirical formula for the scale of the
pressure generated was recommended by the manu-
facturer of the foam system. According them the
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Figure 2. Outline of the arrangement of the test mould and
the 18 measurement spots

Figure 3. The time vs. pressure curve investigating the
pressure distribution



estimated pressure can be calculated with Equa-
tion (2):

[bar] (2)

The density of the product [g/dm3] is the ratio of the
quantity of material injected and the volume of the
mould; and the density of the freely rising foam
[g/dm3] is a technological parameter. The ratio of
these two data will yield the estimate of the inner
pressure value to affect the mould.
The pressure data were measured during the manu-
facturing of foam products with different average
densities. This information was compared with the
estimated ones, this contrast is shown in Figure 4.
The red line represent the estimated ones, the black
line represent the measured data.
It can be observed in Figure 4 that the lines of esti-
mated and measured pressure data are diverging.
The pressure, which is calculated with the empiri-
cal formula, is higher than the real pressure value.
This means that the moulds designed with this
method are overestimated.

4.3. Selecting substantial factors
Six technological factors affecting the pressure
were investigated. These factors were as follows:
mould temperature (MT), temperature of the com-
ponents (CT), injected mass flow rate (MF), injec-
tion time (IT), volume (VO), and the mixing ratio
by weight of the polyol and isocyanate (MR).
These are the most important factors in the indus-
trial practice.
Our aim is to select the significant factors. These
factors were investigated at two levels. Table 1
shows the set of the levels. The engineers of the
company provided us with assistance in selecting
levels. The design was a 26-1 design with 6 factors
and 32 runs.
Figure 5 shows a graphical representation of the
results. The steeper the line; the larger the impact of
the given factor on the target function – on the max-
imum value of pressure in the present case. Table 2
contains a numerical presentation of results and the
order of the factors.
As it can be seen from Figure 5 and Table 2, the
injected mass flow rate (MF) has the greatest
impact on the generated pressure; it is followed by
the volume of the mould cavity (VO) and the injec-
tion time (IT). It can be clearly observed that the
impact of these three factors on the target function
is much stronger than that of the others. As
expected, by increasing the injection time, the
injected mass will be increased, and consequently
the pressure will also be increased. The same can
be observed in case of changing the geometry:
higher pressure will be result at lower volume with

foamrisingfreelytheofdensity

producttheofdensity

pressureestimated =
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Table 1. Levels of the factors to the examination for select-
ing the substantial factors

Level 1 Level 2
Mould temperature (MT) 35°C 45°C
Temperature of the components (CT) 23°C 29°C
Injection time (IT) 5 s 7 s
Injected mass flow rate (MF) 150 g/s 200 g/s
Volume (VO) 2.53 dm3 1.69 dm3

Mixing ratio (MR) 100:51 100:54

Figure 4. Measured and estimated pressure vs. average
density

Table 2. Numerical presentation of of the six factor’s impact on the pressure

Mould temperature
(MT)

Temperature of the
components (CT)

Injection time
(IT)

Injected mass
flow rate (MF)

Volume
(VO)

Mixing ratio
(MR)

Level 1 1.92 1.95 1.67 1.63 1.63 1.99
Level 2 2.09 2.06 2.34 2.38 2.38 2.01
Difference 0.17 0.12 0.67 0.76 0.75 0.02
Order 4 5 3 1 2 6



the same mould charge. At the same time, it was
found that the pressure decreases by reducing the
injected mass flow.

Processing results by variance analysis (ANOVA)

Table 3 contains the ANOVA evaluation of results.

Degrees of freedom (f) are a measure of the amount
of information that can be uniquely determined
from a given set of data. It equals one less that the
number of levels. Here the number of levels was
two. The total degrees of freedom are equal to the
total trial numbers minus one. The number of trials
was 32. Sum of squares (S) is a measure of the
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Table 3. The ANOVA data table for pressure

Degree of freedom
(f)

Sum of squares
(S)

Variance
(V)

Variance ratio
(F)

Percentage contribution
(P)

MT 1 0.24 0.24 1.53 1.41
CT 1 0.11 0.11 0.69 0.64
IT 1 3.59 3.59 23.08 21.28
MF 1 4.58 4.58 29.41 27.11
VO 1 4.55 4.55 29.21 26.93
MR 1 0.0036 0.0036 0.023 0.02
Error 25 3.27 0.16 1 22.605
Total 31 16.88 – – 100

Figure 5. Graphic presentation of the six factor’s impact on the pressure



deviation of the experimental data from the mean
value of the data. Variance (V) is a quotient of the
square sum and the degrees of freedom. Variance
measures the distribution of the data about the
mean of the data. Variance ratio (F) is used to
measure the significance of the factors. It is equal
to the quotient of variance of each factor and the
variance of the error.
The last column in Table 3 indicates the percentage
contribution (P), which was obtained by dividing
the sum of squares by the total sum of squares and
multiplying the result by 100, of each factor in
terms of the entire process. The three major factors
(injection time (IT) 21.28%; injected mass flow
rate (MF) 27.11%; volume (VO) 26.93%) have
totally a 75% impact on pressure. Let us mention
that the impact of factors are not taken into consid-
eration is nearly 22%. This means that there are
other factors, besides the factors involved in the
investigation, which affect the pressure. Thus, it
may be considered that further factors should be
involved in the investigation to get a more accurate
approximation.
By comparing the variance ratios (F) with the value
pertaining to 95% reliability (F95(1.25) = 4.2417),
it can be concluded that only the injection time
(IT), injected mass flow rate (MF) and the volume
(VO) affect the process.

4.4. Estimation of the pressure based on the
three main factors

The three main factors (injection time (IT), injected
mass flow rate (MF), volume (VO)) were further
investigated. Second time a four-level measure-
ment was designed. Table 4 shows the set of the
levels.
To the measured points, supposing a linear relation,
a regression line was fitted, using the least square

method. The regression lines are shown in Fig-
ures 6–8. The blue points represent the measured
points, the black continuous line is the regression
line, and the red dashed line is the line of the confi-
dence interval for 95%.
Table 5 shows the equations of the regression lines
and the coefficient of determination. The coeffi-
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Figure 6. The regression line and the confidence interval
for injection time

Table 4. Levels of the factors to the examination for estimation of the pressure

Level 1 Level 2 Level 3 Level 4
Injection time (IT) 4 s 5 s 6 s 7 s
Injected mass flow rate (MF) 140 g/s 170 g/s 200 g/s 230 g/s
Volume (VO) 2.53 dm3 2.24 dm3 1.96 dm3 1.69 dm3

Table 5. The equations of the regression lines and the coefficient of determinations

Equation of the regression line Coefficient of determination (R2)
Injection time (IT) p = 0.325(IT) – 0.3650 0.999
Injected mass flow rate (MF) p = 0.0093(MF) – 0.298 0.998
Volume (VO) p = 0.4216(MF) – 0.298 0.997

Figure 7. The regression line and the confidence interval
for injected mass flow rate



cient of determination indicates the strength of a
linear relationship between the line and the points.
If the coefficient is close to 1, that means excellent
regression estimation.
The value of the pressure (p) is obtained in [bar], if
the injection time (IT) is in [s], the injected mass
flow rate (MF) is in [g/dm3] and the volume is in
[dm3]. The equations shown in Table 5. are good
approximations of the measured data, because of
the values of coefficient of determination are
near 1.
The equations in Table 5 are adequate if the values
of the other factors are constant. E.g. the pressure
can be predicted from the injection time, when the
injected mass flow and the volume is invariable. It
is hard to achieve in the industry, so a multiple lin-
ear regression test was made. This test took into
consideration the effects of all factors. Equation (3)
shows the result of the multiple linear regression:

p = –1 .21 + 0 .324 · ( IT) + 0 .00938 · (MF) –
0.422·(VO) (3)

Coefficient of determination: R2 = 0,987.
If the injection time, the injected mass flow rate and
the volume of the mould are known, a good estima-
tion can be given with this equation.

5. Conclusions

The pressure generated in the mould cavity during
polyurethane integral skin foam moulding was
investigated. A test mould was designed and built
to measure the maximal pressure arising in the

mould cavity and the distribution over the mould
surface. It was found that the value of the pressure
is the same along the surface of the product; it does
not depend on the geometry of the mould cavity.
The measurements proved that the empirical corre-
lation used in the polyurethane foam industry for
mould design considerably overestimates the
moulds in ranges of higher average density. It was
established that the three major manufacturing
parameters, which have effects on the value of the
pressure, are the injected mass flow rate, the injec-
tion time and the geometry of the mould cavity.
These three production parameters impact on pres-
sure are nearly 75%, the rest 25% go to the other,
approximately 15, production parameters. Finally a
multiple regression analysis was made, which
included the three major factors, to give a good
estimation to the pressure arising in the mould. This
equation can be used in the mould design instead
the empirical correlation, which was demonstrated
in our work overestimates the moulds in ranges of
higher average density, leads to a better designed
mould.
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1. Introduction
To combine thermoplastics with rubbers via melt
blending has been always a preferred topic of
research and development works which were
mostly fuelled by economical reasons. The related
efforts resulted in various types of thermoplastic
elastomers (e.g. [1]) from which the thermoplastic
dynamic vulcanizates [1–3] acquired considerable
market segment. Nowadays, by marketing cyclic
butylene terephthalate oligomers (CBT) a further
interesting option appeared for rubber / thermoplas-

tic combinations. CBT oligomers, having a melting
range of T = 140–150°C, can be polymerized into
the corresponding linear polybutylene terephthalate
in the presence of suitable catalysts. The tempera-
ture of the CBT polymerization is T≥150°C. The
time needed for CBT polymerization depends on
the type and amount of the catalyst, it is, however,
usually less than 30 min at T = 190°C. Attention
should be paid to several peculiarities of the CBT
polymerization including its final product. The
CBT polymerization is athermic and it can be per-
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formed even below the melting temperature of the
final polybutylene terephthalate (Tm ≈ 225°C) [4].
The isothermal polymerization (T ≈ 190–195°C),
which is preferentially used, is followed by crystal-
lization. Though some studies quoted that polymer-
ization and crystallization are simultaneous (e.g.
[5]) they are more likely consecutive processes [6].
The crystallization of the polymerized CBT, occur-
ring in an undercooled melt at T ≈ 190–195°C,
seems to be a hardly controllable process [6]. The
overall crystallinity of the in situ polymerized CBT
is markedly higher than that of ‘traditional’ poly-
butylene terephthalates, produced by polyconden-
sation [5–6]. Due to the above listed peculiarities
we are using the abbreviation pCBT instead of the
widely used PBT for the in situ polymerized CBT
product further on.
Considering the fact that the usual polymerization
temperature of CBT is close to the vulcanization
temperature of different rubbers, hybrid rubber
thermoplastics systems composed of crosslinked
rubber and thermoplastic pCBT can be produced. A
further benefit of this approach is that CBT, being a
solid, powder-like material at ambient temperature
can be easily incorporated in rubber mixes using
the traditional mixing equipments. Park [7] already
filed a patent on how to produce thermoplastic
dynamic vulcanizates using CBT. Note that in the
related system pCBT forms the continuous whereas
the dynamically crosslinked rubber the disperse
phase. The new method, exploiting the in situ poly-
merization of CBT in presence of curable rubber is
more straightforward than the traditional dynamic
vulcanization using high molecular mass linear
polyesters ([8] and references therein).
Recall that the prerequisite of this rubber/thermo-
plastic combination is that the CBT polymerization
is not affected by either the components of the cure
recipe or the curing pathway of the rubber.
However, pCBT may be a beneficial polymeric
additive for rubbers also when the rubber is ‘stati-
cally’ cured. It means that the CBT is incorporated
in the curable rubber and it is polymerized to pCBT
simultaneously with the curing of the rubber. The
aim of this paper was to check the feasibility of this
‘hybridization’ using a suitable, high temperature-
resistant rubber, namely hydrogenated nitrile rub-
ber (HNBR). It was presumed, that peroxide curing
of HNBR does not affect the polymerization of
CBT. Next we report on the first results received on

the structure, mechanical and sliding wear proper-
ties of HNBR/CBT hybrids.

2. Experimental

2.1. Materials

The composition of the peroxide curable HNBR
was the following: HNBR (Therban® LT VP/KA
8882 of Lanxess, Leverkusen, Germany; acry-
lonitrile content: 21%, Mooney viscosity,
ML(1+4)100°C = 74) – 100 part;  diphenylamine-
based thermostabilizer (Luvomaxx CDPA of Leh-
mann & Voss, Hamburg, Germany) – 1.1 part;
zinc-containing mercapto-benzimidazole com-
pound (Vulcanox® ZMB 2/C5 of Lanxess) –
0.4 part, t-butylperoxy-diisopropyl benzene (Perka-
dox 14-40 B-PD of Akzo-Nobel, Düren, Germany;
active peroxide content: 40%) – 7.5 part, MgO –
2 part, triallyl isocyanurate – 1.5 part, ZnO – 2 part.
This mix was produced separately and provided by
Lanxess. The curing time of this base mix to reach
90% crosslinking was ca. 10 min at T = 175°C.
This peroxide curable HNBR was mixed with 100
parts per hundred rubber (phr) cyclic butylene
terephthalate (CBT® 160, Cyclics Europe, Schwarz-
heide, Germany) on a two-roll mixing mill (LRM-
150BE of Labtech, Bangkok, Thailand) at ca. 40°C
by setting a friction ratio of 1.15. Note that this
CBT contained already the polymerization catalyst.
Curing of the HNBR both in presence and absence
of CBT occurred at T = 190°C for 25 min in a labo-
ratory press. Note that the temperature is higher and
the time is longer than required for the HNBR alone
as being adjusted to the polymerization of CBT [9].
Specimens for the investigations listed below were
cut/punched from the compression molded sheets
of ca. 2 mm thickness.

2.2. Phase structure

To get some insight in the structure of the HNBR/
CBT hybrid differential scanning calorimetry
(DSC) and dynamic mechanical thermal analysis
(DMTA) tests were run. DSC traces were regis-
tered by a DSC device (DSC821e of Mettler
Toledo, Giessen, Germany) in a broad temperature
range (T = –100 to +260°C) at a heating and cool-
ing rate of 20°C/min.
DMTA spectra were recorded on rectangular speci-
mens (length × width × thickness = 20 × 10 ×
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ca. 2 mm3) in tension mode as a function of temper-
ature (from –100°C to +100°C) and a frequency of
10 Hz using a Q800 device of TA Instruments
(New Castle, DE, USA). Tests were run at a static
preload 0.01 N with a superimposed sinusoidal
0.01% strain. Heating of the specimens occurred in
a stepwise manner (temperature steps of 5°C were
followed by an equilibration period of 3 min at
each temperature).

2.3. Property determination

For the density determination the Archimedes prin-
ciple (buoyancy method with water) was adopted
according to ISO 1183. The Shore hardness of the
rubbers was determined according to ISO 868
using a hardness measuring device of Zwick (Ulm,
Germany). The Martens (earlier termed to univer-
sal) hardness (HM) was determined by the ISO
14577-1 (2002) standard using a Shimadzu DUH
202 device with a Vickers-type diamond indenter.
Two types of microhardness tests were carried out.
In the first case the maximum force and its holding
time were 5 mN and 2 second (s), respectively. In
the second case the loading- deloading cycle was
repeated at the same position of the indenter, and
the load was increased in three consecutive steps.
The maximum load values during the three steps
were 1.6, 3.3 and 5 mN, respectively, with 2 s hold-

ing time each. Tensile tests were carried out on
2 mm thick dumbbells (type: S1 according to DIN
53504) on a Zwick 1445 (Ulm, Germany) universal
testing machine at a deformation rate of
500 mm/min. From the related stress-strain curves
apart from the ultimate properties, the stress values
at 100 and 200% elongations (termed M-100 and
M-200, respectively) were also read (ISO 37). To
determine the tear strength the recommendation of
the ISO 34-1 standard was followed, i.e. angle-type
specimen with cut was subjected to 500 mm/min
deformation rate.

2.4. Sliding friction and wear

Friction and wear characteristics were determined
in pin(steel)-on-plate(rubber) (POP) configuration
using a Wazau device (Berlin, Germany), in which
a steel pin (100Cr6; arithmetical roughness, Ra, less
than 1 µm) with a hemispherical tip of 10 mm
diameter rotated along a circular path (diameter:
33 mm). The pin was pushed against the rubber
plate with a given load. The following parameters
were selected for this configuration – normal load:
2 N, sliding speed: 250 mm/s, duration: 1.5 hour
(h). Measuring both the normal and the friction
force components via a torque load cell the COF
values were calculated and monitored during the
test.
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Figure 1. Schematic set-up of the tribotesting devices. Designations: pin(steel)-on-plate(rubber) (POP), roller(steel)-on-
plate(rubber) (ROP), oscillating steel cylinder on rubber plate (Fretting)



To study the sliding wear a further test, termed to
roller(steel)-on-plate(rubber) and referred to ROP,
was also used. A rotating steel roller (9SMnPb28k,
diameter: 10 mm, width: 20 mm, Ra ≈ 0.9 µm)
pressed against a rubber strip of 9 mm width in a
SOP 3000 tribotester (Dr Tillwich GmbH, Horb-
Ahldorf, Germany). The frictional force induced by
the torque was measured online and thus the COF
was registered during the test. The test parameters
were – load: <4 N (varied); sliding speed: 250 mm/s;
duration: max. 1.5 h.
In the third tribotest (fretting) a steel cylinder was
oscillating on the surface of the fixed rubber speci-
men. The cylinder was pressed against the rubber
with a given load. The diameter and the contact
length of the cylinder (Ra ≈ 0.9 µm) were 15 and
12 mm, respectively. The applied normal load was
<30 N (varied), the frequency of the oscillation was
set for 10 or 20 Hz (varied), the stroke selected was
<5 mm (varied), and the duration of the measure-
ments was 3 h.
The test configurations are depicted schematically
in Figure 1.
The specific wear rates were determined by Equa-
tion (1):

(1)

where Δm is the mass loss recorded gravimetri-
cally, ρ is the density, F is the normal force and L is
the overall sliding distance.
Worn surfaces of the specimens were inspected in a
scanning electron microscope (SEM; JSM5400 of
Jeol, Tokyo, Japan).  Prior to SEM investigation the
specimens were sputtered with an Au/Pd alloy
using a device of Balzers (Lichtenstein).

3. Results and discussion

3.1. Phase structure

Figure 2 displays the DSC traces registered during
heating (1st, 2nd) and cooling (after 1st heating). The
glass transition (Tg) step of the HNBR is well
resolved at T ≈ –25°C during the 1st heating. The
next step at T ≈ 60°C should be assigned to the Tg

of pCBT. Note that neither CBT [10] nor HNBR
shows any thermal transition at T ≈ 60°C. So, CBT
is likely polymerized, however, did not crystallize.
This is quite surprising, but in line with recent

results claiming that pCBT crystallization is of sto-
chastic nature [6]. In the subsequent temperature
range two melting peaks can be found: at T ≈
130°C and T ≈ 220°C. The first one should be
assigned to the melting of the unpolymerized CBT,
whereas the second one to the melting of the pCBT
formed. The small exotherm at T ≈ 105°C may be
linked with the cold crystallization of (p)CBT. Dur-
ing subsequent cooling the pCBT crystallizes at
T ≈ 165°C. As the related enthalpy value is
markedly higher (13.6 J/g) than that of the melting
from the 1st heating (<1 J/g), one should presume
that pCBT has been formed during the 1st heating
instead of the HNBR curing process. Note that such
peculiar thermal behaviour was already reported
for the in-situ bulk polymerization of CBT [10, 11].
The 2nd heating curve displays again the Tg of
HNBR. On the other hand, the Tg step of the pCBT
can hardly be resolved. This is due to the high crys-
tallinity of the pCBT present. The melting peak of
pCBT can be found at T ≈ 215°C in accord with the
expectation. The crystallization (cooling) and melt-
ing enthalpies (13.8 J/g in the 2nd heating) are
closely matched.
The DMTA curves in Figure 3 give further insight
in the phase structure. The fact that the storage
modulus (E′) vs. temperature shows only one drop,
viz. at the Tg of HNBR, substantiates that HNBR
forms the continuous whereas (p)CBT the disperse
phase. The designation (p)CBT considers that
likely a small portion of CBT polymerized and its
major fraction remained unpolymerized under the
HNBR curing cycle. This, suggested by the DSC
tests, will be corroborated by further results later.
Nonetheless, (p)CBT works as an active filler of
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Figure 2. DSC traces registered on the HNBR/(p)CBT
hybrid during heating and cooling



thermoplastic nature. The latter is reflected by the
steady decrease of E′ with increasing temperature.
That is the reason why no plateau modulus appears.
The ‘active’ filler character of (p)CBT is well
reflected by the enhanced E′ compared to that of
the plain HNBR (of Figure 3a). Note that the Tg

peak of the HNBR, when read at the peak position
of the E″ vs. T trace, shifted toward higher temper-
atures in presence of (p)CBT (cf. Figure 3b and
Table 1). This means that the segmental motion of
HNBR has been hampered by the (p)CBT present.
Considering the fact that this experimental HNBR
contains some acrylate moieties, grafting between
HNBR and (p)CBT is most likely to occur, namely
via transreactions. This would explain the observed
shift in the Tg. The less developed shoulder at
T ≈ 50°C in the E″ vs. T trace of the hybrid may be
a further hint for this kind of grafting which affects
the chain mobility. Note that the Tg relaxation of
the amorphous pCBT should appear in this range,
too.

3.2. Hardness and mechanical properties
Figure 4 shows the load vs. penetration depth
curves of the microhardness measurement for three
consecutive loadings. In contrast to HNBR, the rel-
ative residual deformation is higher for the hybrid
after this test series. This is due to the plastic
deformability of the amorphous pCBT and due to
the break-up crystal clusters of recrystallized CBT
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Figure 3. E′ vs. T (a) and E″ vs. T (b) traces for the HNBR and HNBR/(p)CBT hybrid

Table 1. Comparison of the properties of HNBR and HNBR/(p)CBT

*Note: the Tg of the HNBR (–25°C) increased in presence of (p)CBT (–19°C)

HNBR HNBR + 100(p)CBT
tanδ at the actual Tg of HNBR [1]* 1.360 0.337
Density [g/cm3] 1.057 1.137
Shore A hardness 42 82
Martens hardness, HM [MPa] 1.45 18.1
M-100 [MPa] 1.3 3.4
M-200 [MPa] 2.7 4.4
Tensile strength [MPa] 4.4 9.6
Strain at break [%] 280 467
Tear strength [kN/m] 4.2 33.6
E-modulus at 0.01% strain from DMTA at T = 25°C [MPa] 4 84

Figure 4. Load vs. penetration depth curves for three con-
secutive loading/deloading cycles during micro-
hardness measurements on the systems studied



(the latter will be explained later). Note that this
behaviour may strongly influence the sliding wear
under POP conditions, where recovery effects are
of great importance.
The hybridization was associated with considerable
increase in both Martens and Shore A hardness val-
ues (cf. Table 1). Characteristic stress-strain curves

for HNBR and HNBR/(p)CBT are shown in Fig-
ure 5. Interestingly, incorporation of CBT increased
both ultimate stress and strain simultaneously, i.e.
this material worked as an active filler.
HNBR/(p)CBT hybrid outperformed HNBR in
respect to the tear strength, as well. Results of the
hardness and mechanical tests are summarized in
Table 1.

3.3. Friction and wear

Figure 6a shows the steady-state COF of the HNBR
and HNBR/(p)CBT hybrid as a function of the tri-
botests. One can notice a marginal decrease in the
COF due to CBT modification for both POP and
ROP, while the opposite trend appears for fretting.
The specific wear rate of HNBR was reduced by
CBT hybridization under both POP and ROP con-
ditions (in the latter case more prominently). On the
other hand, an adverse tendency was observed for
fretting.
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Figure 5. Comparison of the stress vs. strain behavior of
HNBR and HNBR/(p)CBT hybrid

Figure 6. Measured steady-state coefficient of friction (COF) values (a) and specific wear rate data (b) in the POP, ROP
and fretting tests

Figure 7. SEM pictures taken from the wear track of plain HNBR after POP test. Note: sliding direction is downwards.
(Magnification: a – ×200, b – ×2000)



The wear mechanisms were elucidated for the sys-
tems after POP tests. The wear track of the plain
HNBR showed that debris were chipped off, gener-
ating some craterlike structure – cf. Figure 7. Note
that this is the usual failure mode under sliding
wear for unfilled rubbers ([12] and references
therein). The worn surface after POP became more
rough in presence of (p)CBT (cf. Figure 8). This is
in line with the change observed for the COF data.
On the other hand, the worn surface of the HNBR/
(p)CBT reveals that prominent ‘plastic type’ defor-
mation occurred. Fibrils, remnants of a disrupted
fibrillar structure, being elongated to the sliding
direction, are indicators of this plastic deformation.
Recall, that this is supported by the formation of
amorphous pCBT and also in accord with the
break-up of CBT crystal clusters, the existence of
which will shown later. Moreover this failure mode
could be predicted based on results of the cyclic
microhardness tests. Nevertheless, chipping phe-
nomena are still discernible on the worn surface (cf.
Figure 8a). High magnification SEM picture (cf.
Figure 8b) may hint for effects of locally emerging
high flash temperatures. This may cause the poly-
merization and crystallization of CBT and pCBT,
respectively, in analogy with the DSC results (cf.
Figure 2). The high magnification SEM picture in
Figure 9 delivers the strongest argument for the fact
that CBT practically did not polymerize under the
curing schedule of HNBR. In the worn surface well
developed, micron-scale crystals of plate and prism
shapes are well resolved. They should have been
formed via recrystallization from the CBT melt.
Recall that the CBT melting range is between

T = 140–150°C, whereas that of the HNBR curing
was T = 190°C in this case. So, if CBT did not
polymerize, then it had to recrystallize from the
melt during the cooling period after curing. The
related large crystals of high aspect ratio worked as
reinforcing filler in the HNBR. We have further
proofs for the above scenario. Preliminary results
from extraction (using chloroform, which already
at ambient temperature completely dissolves CBT
unlike pCBT) and wide-angle X-ray scattering
(WAXS) experiments support that only a very
small portion of CBT has been polymerized under
the cure conditions set.
This observation is of great practical relevance due
to the following aspects. First, incorporation of
CBT, even if it does not polymerize under the cur-
ing conditions of rubber, may strongly improve the
flow behaviour of the related rubber. Recall that the
melting temperature of CBT is lower than the usual
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Figure 8. SEM pictures taken from the wear track of HNBR/(p)CBT after ROP test. Note: sliding direction is downwards.
(Magnification: a – ×200, b – ×2000)

Figure 9. SEM picture taken from the worn surface of
HNBR/(p)CBT after POP test (Magnification:
×5000)



cure temperature of rubbers and its melt viscosity is
very low [9]. Second, the subsequent recrystalliza-
tion of CBT – during cooling of the cured rubber –
results in the formation of microscopic crystals and
crystal agglomerates which have high aspect ratio,
and thus may work as efficient reinforcements in
rubbers. The prerequisite of the latter is a good
interfacial bonding between the rubber and
(p)CBT. It has to be clarified next how the neces-
sary interfacial bonding between (p)CBT and other
rubbers can be achieved.

4. Conclusions

In this work HNBR/CBT hybrids were produced by
incorporating cyclic butylene terephthalate
oligomers (CBT) in a peroxide-curable HNBR. The
CBT, added in 100 parts per hundred parts rubber
(phr) amount, was dispersed in the HNBR matrix.
According to DSC results the majority of the CBT
did not polymerize under the curing of the HNBR
rubber. On the other hand, CBT is still able to
undergo polymerization/crystallization when the
HNBR/CBT hybrid is heated and/or hold above the
melting temperature of polybutylene terephthalate.
Instead of polymerization, the CBT was molten
during the HNBR curing. In the follow-up cooling
of HNBR the CBT recrystallized into micron-
scaled crystals of high aspect ratio. This was the
major reason for the improvements in both mechan-
ical properties and resistance to dry sliding. So, the
CBT crystals worked as active filler particles of
thermoplastic nature and improved the mechanical
and tribological performance of the HNBR promi-
nently. Incorporation of CBT affected the coeffi-
cient of friction (COF) only slightly (being dis-
persed in the HNBR matrix) by contrast to the
specific wear rate. The specific wear rate was
markedly reduced under POP and ROP testing,
whereas it increased in fretting test for the hybrid
compared to the plain HNBR.
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1. Introduction
Nanocomposites are a new class of polymer materi-
als with an ultrafine phase dispersion of the order of
a few nanometers that shows very interesting prop-
erties often very different from those of conven-
tional filled polymers [1–4]. The presence of these
nanoparticles improves the elastic modulus without
decreasing the elongation at break and does not
worsen the rheological and processing behavior
and the optical properties of the polymer matrix.
The main problem in the preparation of nanocom-
posites in the molten state [5–7] is the good filler
dispersion the polymer matrix. All properties have
been measured considering a possible use of these
new materials for several different applications.
Contact angle measurements are often used as an
empirical indicator of ‘wettability’ and interfacial
tension. True contact angle determination of a liq-
uid–solid–vapor system satisfies Young’s equation,

where the wetting tension (γlv cosθ) is equivalent to
the solid surface tension (γsv) minus the liquid–
solid interfacial tension (γlv) [8]. However, in most
cases the contact angle exhibits hysteresis for
advancing and receding liquids is due to the rough-
ness and heterogeneity of a solid surface [9–11].
Therefore, in practical usage, the measured angle is
always considered an ‘apparent’ contact angle. The
most popular method for direct measurement of the
static contact angle is the sessile drop method,
where the angle is determined from the tangent
made to the drop curvature at the base.
For polymer production where particulates or fibers
are used for reinforcement, colorant, flame retar-
dancy or stability, understanding the wetting phe-
nomena has considerable value in relation to the
material performance. Lowering the free energy of
the system, the polymer chains must preferentially
interact with the filler surface, where wettability
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plays a dominant role in successfully achieving the
desired structure [12, 13]. Park and Jin studied the
effects of silane coupling agent treatments on the
fiber surface properties in terms of the surface ener-
getics of the fibers and the mechanical interfacial
properties, including Interlaminar Shear Strength
(ILSS) and fracture toughness (KIc), of the unsatu-
rated polyester composites [14]. Saihi et al. per-
formed the wettability studies on polyethylene
terephthalate (PET) fibres according to the Wil-
helmy method [15]. They obtained qualitative and
quantitative indications about the degree of the
water and oil repellency and of the surface free
energy of the grafted surface. Yeh et al studied the
contact angle behaviour of the Acrylonitrile butadi-
ene styrene (ABS) clay nanocomposites very
recently [16]. Contact angle of water on the
ABS–clay nanocomposite materials increased with
respect to the increase in clay content.
Several other reports on the wetting phenomena on
the polymer nanocomposites appeared in the litera-
ture recently [17–21]. Here our aim was to study
the wetting behaviour of the polystyrene/calcium
phosphate nanocomposites with respect to water
and methylene iodide. This study focuses on the
effect of weight percentage of nanofiller on wetting
characteristics such as work of adhesion, total sur-
face free energy, interfacial free energy and spread-
ing coefficient.

2. Experimental

2.1. Materials

Atactic polystyrene was obtained from Polychem
Bombay, India. The specific properties of the poly-
mer are denoted in Table 1.

2.2. Nanoparticle preparation

The nanosized calcium phosphate filler particles
were synthesized using in situ deposition technique

in the presence of polyethylene oxide (PEO) as fol-
lows: Firstly, a complex of calcium chloride
(CaCl2) with PEO was prepared in desired propor-
tions in methanol. An appropriate stoichiometric
amount of trisodium phosphate in distilled water
was added to the above complex slowly without
stirring. The whole mixture was allowed to digest
at room temperature for 24 h when both the chlo-
ride and phosphate ions diffused through the PEO
and formed a white gel like precipitate, which was
filtered, washed and dried. The concentrations of
PEO-CaCl2 complex were varied in the range from
2:1, 4:1, 8:1, 16:1 and 32:1 (molar ratio) respec-
tively. The yield of the calcium phosphate was
recorded as 83 and 62% for 4:1 and 16:1 ratios
respectively. The method of nanoparticle synthesis
is given in Figure 1. The particle size was measured
by X-ray diffractogram and transmission electron
microscopy techniques. X-ray diffractograms of the
particles were measured using Philips 1140 X-ray
irradiation apparatus using CuKα radiation with
λ = 1.5406 Å at room temperature. TEM images of
the particles and composites were measured by
Philips CM200 field emission gun TEM using thin
transparent sections. Nanoparticles with ~10 nm
size was used for further studies (these were pre-
pared by taking PEO and CaCl2 in the ratio 2:1).

2.3. Nanocomposite preparation

The nanoparticles were incorporated into poly-
styrene by melt blending technique using a Braben-
der Plasticoder at 200°C with varying filler amount
as 1, 3, 5, 7 and 10 wt%. The various composites
are designated as P0, P1, P3, P5, P7 and P10
respectively.

529

Thomas et al. – eXPRESS Polymer Letters Vol.2, No.7 (2008) 528–538

Table 1. Characteristics of polystyrene

Property Value
Density [g/cc] 1.04–1.065
Poisson’s ratio 0.33
Solubility parameter [(cal/cm3)1/2] 18.6
Water absorption (ASTM) 0.05%
Softening temperature [°C] 108°C
Molecular weight (Mw) 218000

Figure 1. Schematic representation of the nanoparticle
synthesis



2.4. Contact angle measurements
Contact angle measurements were carried out in a
FTA 100 Series (First Ten Angstroms, Portsmouth,
Virginia 23704 USA). Measurements were carried
out with water (triply distilled) and methylene
iodide (Kemphasol, Bombay) on samples of size
1×1×2 cm3 at room temperature. The volume of the
sessile drop was maintained as 5 μl in all cases
using a microsyringe. The contact angle was meas-
ured within 45–60 s of the addition of the liquid
drop with an accuracy of ±1°. Measurements were
repeated six to ten times with different test pieces
of the same sample to check the accuracy. Also
contact angles were measured with definite time
intervals for a single drop and the measurements
were recorded as snap shots.

2.5. Theory and calculations

It is well known that the knowledge of surface ener-
getics at a given temperature of a solid has recently
allowed significant progress in many academic and
scientific fields involving two, not identical, molec-
ular interactions at a certain intermolecular dis-
tance, such as adsorption (gas–solid), wettability
(liquid–liquid), and adhesion (solid–solid) [22, 23].
The basic equation relating the surface free energy
of a solid (γs) and that of the liquid in contact with
the solid (γl), the interfacial free energy between the
solid and the liquid (γsl), and the contact angle (θ) is
due to Young [24]. It is given by Equation (1):

(1)

In Equation (1), γs and γsl are not amenable to direct
measurement. Plot of cosθ against the surface ten-
sion for a homologous series of liquids, γl, can be
extrapolated to give a critical surface tension, γc, at
which cosθ = 1 [25]. γc has been taken as an
approximate measure of the surface energy, γs, of
the solid. However, a limitation of this considera-
tion is that the precise value of γc depends on the
particular series of liquids used to determine it.
A more appropriate method has been presented by
Fowkes considering solid dispersion forces using a
geometric mean equation [26]. Later, Owens and
Wendt [27] and Kaelble [28] modified Fowkes
equation further by also assuming the polar attrac-
tion forces which also included the hydrogen bond-
ing forces. Wu [29] has found a still better agree-

ment to obtain γs when he used a harmonic mean
equation which combines both the dispersion and
the polar forces. Wu’s approach has been quite sat-
isfactoriy verified by several authors [30–34]. In
order to verify Wu’s approach, two liquids of dis-
similar polarity are selected. Water and methylene
iodide have been reported to be a useful pair of liq-
uids for obtaining γs of polymers [35]. Wu’s har-
monic mean equations for water and methylene
iodide are written by Equation (2):

(2)

and by Equation (3):

(3)

where the subscripts d and p stand for contributions
due to dispersion and polar forces respectively.
Data for water and methylene iodide were taken
from the literature [27].
Water: γw = 72.8 mJ/m2, = 21.8 mJ/m2, 

= 51.0 mJ/m2

Methylene iodide: γm = 50.8 mJ/m2, 
= 49.5 mJ/m2, 
= 1.3 mJ/m2

and for different compositions of nanocom-
posites were determined by solving Equations (2)
and (3) with the help of a C programme.
The total solid surface free energy is represented by
Equation (4):

(4)

The work of adhesion, WA, was calculated using
Equation (5):

(5)

where γl is the surface tension of the liquid used for
the contact angle measurement.
The interfacial free energy, γsl, was calculated from
Dupré’s Equation (6) [35]:

(6)

The spreading coefficient, Sc, was determined from
Equation (7) [35]:
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Girifalco-Good’s interaction parameter,φ, between
the polymer and the liquid was determined using
Equation (8) [36]:

(8)

3. Results and discussion

3.1. Nanoparticle characterization

Nanoparticles of calcium phosphate were charac-
terized by XRD as well as TEM techniques. Fig-
ure 2(a–f) corresponds to the XRD patterns of
nanoparticles obtained, (a) corresponds to the cal-
cium phosphate without PEO and (b–f) for calcium
phosphate with PEO concentration from 2:1 to 32:1
respectively. In the figure, there are a number of
crystalline forms reported for calcium phosphate
existing in both anhydrous and hydrated states. The
calcium phosphate without any polymer shows

3 types of phases. Most of the peaks in diffraction
patterns correspond to βcalcium orthophosphate
(major phase) while the minor phase contains cal-
cium orthophosphate primary along with small
amount of calcium metaphosphate hydrate respec-
tively. With increase of PEO concentration, there
occurs a suppression of peaks in the diffraction pat-
terns compared to curve a. A large number of peaks
are suppressed and peaks at 2θ of 31.9° broaden
with increase of PEO concentrations from 42 to
89%. Only two peaks are clearly seen. The peak at
31.9° corresponds to all the three states (Ca3(PO4)2,
Ca3(H2PO4)2, Ca3(PO3)2·3H2O) and at 25.1° corre-
sponds to the minor phase Ca3(H2PO4)2. It is inter-
esting to note the extent of broadening, from 42 to
89%. This shows the small size of crystals, which
could be associated with a good molecular level
mixing. Thus on comparing curve a with curve b to f
in Figure 2, it is obvious that the effect of polymer
plays a prominent role in the structure and growth
behaviour of calcium phosphate crystals (in the
curves the y axis indicates the intensity). Since
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Figure 2. XRD patterns for the calcium phosphate nanoparticles (a) Calcium Phosphate without PEO. The PEO: CaCl2
ratio in (b) 2:1, (c) 4:1, (d) 8:1 (e) 16:1 and (f) 32:1 (in the x axis 2θ and in y axis intensity is plotted)



CaCl2 is first complexed with PEO, only certain
crystalline phases of calcium phosphate are
allowed to grow as compared to a large number of
phases getting developed in normal free precipita-
tion. From the XRD patterns, the crystallite size
was calculated using Scherrer formula, see Equa-
tion (9):

(9)

where k is the order of reflection, λ is 1.542 Å, the
diffraction angle and Δ2θ is the full width at half
maximum (FWHM). As the concentration of the
PEO increases the particle size decreases. The cor-
responding data obtained from XRD measurements
is given in Table 2.
The TEM images of the particles are shown in Fig-
ures 3(a–c), which are taken for ratios of 2:1, 4:1
and 32:1 respectively. The particles were made a
suspension in alcoholic medium and the images
were taken after laying the particles on a copper
grid. The alcohol evaporated and the particles could
be seen clearly in the images. The particle size dis-
tributions for each concentration were calculated

using image analyzer software. On an average 400
particles were measured at a time to calculate the
particle size distribution. The distribution was
found to be narrow. The particle size reduction
against concentration of PEO is shown in Figure 4.
The particle size reduction is attributed to the
increase in the amount of oxygen atoms available
from PEO matrix as we increase the concentration
[37]. The reaction between calcium and phosphate
ions is taking place in the ‘oxygen cage’ available
from the PEO molecules. On increasing the con-
centration of the PEO molecules the number of
oxygen atoms increases which will increase the
amount of ‘oxygen cage’ considerably. This
enables the suppression of the formed particles and
reduces the size further. The yield of the calcium
phosphate was recorded as 83 and 72% for 4:1 and
16:1 ratios respectively. Calcium phosphate nano-
particles obtained with the concentration ratio 4:1

θθΔ

λ=
·cos2

Å][
k

d
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Figure 3. TEM image of the calcium phosphate nanoparticles (PEO: CaCl2, (a) 2:1, (b) 4:1, (c) 32:1)

Figure 4. Effect of PEO concentration on particle size of
calcium phosphate

Table 2. XRD values for the calcium phosphate nanoparti-
cles

(PEO: CaCl2)
FWHM (2θθ)

radians
Particle size (L)

nm
Calcium phosphate (a) 0.00174 82.40

2:1 (b) 0.0134 10.65
4:1 (c) 0.0156 09.24
8:1 (d) 0.0162 08.96
16:1 (e) 0.0176 08.02
32:1 (f) 0.0181 07.82



(particle size approximately 10 nm) were exclu-
sively used for this study.

3.2. Characterization of composites

TEM images of the thin sections of the composites
were analysed to see how the particles are dispersed
in the matrix for the composites with 3, 5, 7 and
10% respectively (Figure 5(a–d)). TEM will be
required to tell if nano-dispersion has been
achieved. Generally, the low magnification images
indicate how well-dispersed the filler is, while the
high magnification images permits the identifica-
tion of an intercalated or delaminated morphology
in polymer nanocomposites. It is quite clear that
filler is well distributed in all the styrenic polymers
from the TEM images. Discrete particles of nano
fillers were seen in the initial compositions (Fig-
ure 5(a and b)). Good dispersion of fillers in to the
matrix can be seen for the lower concentrations.
However, it can be seen from the images, as the
concentration of the filler increased, the efficient
incorporation is lacking mainly due to the filler
agglomeration. We can see that the particles get
agglomerated upon increasing the amount of filler.

3.3. Contact angle measurements
Contact angle measurements of nanocomposites of
polystyrene with calcium phosphate were done at
room temperature with water and methylene iodide
as the liquids. Various parameters from these meas-
urements were calculated. At first, the contact
angles were measured for each specimen for at least
six to ten times. The average is taken as the contact
angle for the particular specimen. Figure 6 shows
the representative pictures of the measurements
with methylene iodide as the liquid. In 6(a) the con-
tact angle for the neat polystyrene is given and 6(b),
(c) and (d) represents the same for P3, P5 and P10
respectively. Here the tilt angle is always kept as 0
and an average of the left hand side and right hand
side contact angles is given as the true contact
angle. In most of the measurements the left and
right hand side values are similar. The measure-
ments were done at room temperature with respect
to the filler loading. For water the neat polymer
show a contact angle equal to 90°. While increasing
the filler content the contact angles decreased to
around 78° as shown in Figure 7. Polystyrene is
basically a hydrophobic polymer and thus the high
value of contact angle is justifiable. Calcium phos-
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Figure 5. TEM images of polystyrene nanocomposites: a) P3, b) P5, c) P7 and d) P10 (a and b magnification is 100 nm, c
and d magnification is 200 nm)



phate incorporation into the matrix decreases the
contact angle. This means that the hydrophilicity is
increased for polystyrene. The surface of the com-
posites contains some of the nanofillers added and
this eventually decreased the hydrophobic nature.
But the amount of fillers has not much effect on the
contact angle. For all the composites the contact
angles remains almost constant around 78°. In the
case of methylene iodide also the hydrophilic
nature of the matrix increases. For the neat polymer

surface the contact angle is around 30°. On the
addition of nanofillers it increased to around 38°
for all compositions. Both these results comple-
ment each other.
The work of adhesion, WA, for the nanocomposites
for both liquids is shown in Figure 8. WA is actually
the work required to separate the solid and liquid
depends solely on the contact angle and the surface
tension of the liquid. Thus the WA for water
increases and for methylene iodide shows the
reverse trend. The magnitude of difference between
the neat polymer and the nanocomposites are much
higher for water compared to methylene iodide.
Generally the work of adhesion can be correlated to
the filler matrix interaction of filler with a liquid
comparable with the matrix polymer. Here we try
to correlate the work of adhesion of the nanocom-
posites with the filler matrix interaction even
though the liquids selected do not mimic the virgin
polymer completely. The TEM figures showed the
efficient dispersion of nano fillers up to 5 % and
agglomeration for 10% loading (Figure 5(a–d)).
Thus the effective dispersion of nanofillers into the
matrix might have caused increase in the work of
adhesion which is the work required to separate the
liquid from the solid surface.
Figure 9 shows the variation in total solid surface
free energy, γs, with respect to the filler loading.
When we increase the filler loading the total solid
surface free energy increases which means that the
wetting of liquids is high compared to the neat
specimens. Also the dispersive and polar compo-
nents were calculated by solving the harmonic
mean equations given earlier. For neat PS the γs

value was 46.3 and it increased up to 48.6 for the
5% filled composites. This means that the nature of
the forces acting on the surface of the composites is
different. From Table 3, we can see that the val-
ues decreased compared to the neat polymer for all

d
sγ
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Figure 7. Variation of contact angle of water and methyl-
ene iodide with respect to filler loading

Figure 8. Variation of work of adhesion of water and
methylene iodide with respect to filler loading

Figure 6. Representative figures of contact angle measurements of (a) P0 (b) P3 (c) P5 and (d) P10 with methylene iodide
as liquid. Corresponding contact angles are given in parenthesis



compositions while values show much differ-
ence from neat matrix. The polar forces acting on
the surface of the composites increased compared
to the neat polymer and thus the total solid surface
free energy increased. Again for the 10% filled sys-
tems the value is slightly lower compared to
other filled compositions, which accounted for the
decrease in the total solid surface free energy. The
filler dispersion in the polymer matrix may also
have affected the surface properties. Here the initial
loadings have good dispersion behaviour while par-
ticle agglomeration occurred in the higher loading.
This might have caused the decrement in values
for the 10% loading. So the hydrophilic nature of
the composites became more prominent with the
nanofiller addition. On the whole, the γs values
show not much difference for all the compositions.
The interfacial free energy between the polymer
surface and the test liquids, water and methylene
iodide, were calculated and the curves are shown in
Figure 10. The behaviour of the curves is just oppo-
site to each other as one is polar and the other is
non-polar. For water, γsw, decreases with respect to
the filler loading and shows a minimum for 5%
filled system. For methylene iodide, γsm, increase

from the neat sample, reaches a maximum for 5%
filled systems and decrease for the higher filled sys-
tems.
In Figure 11 the spreading coefficient of the liq-
uids; according to Equation (7); with respect to the
filler loading is given. If the value is positive, the
implication is that the liquid will spontaneously wet
and spread on a solid surface and if it is negative
the lack of wetting and spreading can be ascer-
tained. This means the existence of a finite contact
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Figure 9. Variation of total solid surface free energy with
respect to filler loading

Figure 10. Variation of interfacial free energy of water
and methylene iodide with respect to filler
loading

Table 3. Surface free energy and Girifalco-Good’s interaction parameter of the nanocomposites

Composites d
sγ p

sγ sγ wφ mφ
P0 41.7 04.5 46.3 0.63 0.97
P1 38.9 09.2 48.1 0.74 0.93
P3 37.9 09.6 47.5 0.75 0.92
P5 38.3 10.2 48.6 0.76 0.91
P10 38.0 08.6 46.7 0.73 0.93

Figure 11. Variation of spreading coefficient of water and
methylene iodide with respect to filler loading



angle (θ>0). From Figure 11, we can deduce that as
we increase the filler content the spreading coeffi-
cient values for water become less negative and for
methylene iodide the reverse is true. Thus, the wet-
ting increased for water with the addition of fillers
indicating more hydrophilic nature. In the case of
methylene iodide spreading coefficient became
more negative and wetting will be difficult on the
surface. Comparing water and methylene iodide,
the less negative value is given by methylene
iodide, which means that it is a better wetting agent
for the current composites.
In order to understand the degree of interaction
between the test liquid and polymer surface, Giri-
falco-Good’s interaction parameter was calculated
using the Equation (8) and the values are given in
Table 3. Generally a higher value indicates greater
interaction and vice versa. φw and φm are the Giri-
falco-Good’s interaction parameters due to water
and methylene iodide, respectively. From the val-
ues one can see that the interaction between meth-
ylene iodide and polymer surface is more compared
to water and the surface. For water as we increase
the filler loading the parameter show increase and
for methylene iodide the interaction parameter
show a slight decrease. Thus, for the polar liquid
the interaction between the polymer surface and
liquid increase while the opposite is shown for the
non-polar liquid. This is can be evidenced also
from Figure 10 showing the behaviour of interfa-
cial free energy of the composites for both the liq-
uids.
The variation of the contact angle of water with
time on the surface of the neat PS and nanocompos-
ites were analysed. The curves are shown in Fig-
ure 12. All curves show similar behaviour. In the
initial region we can see a sharp decrease in contact
angle. Thereafter the contact angles regularly
decrease and after a long time it levels off. The sur-
face of the specimens and the liquid have some
interaction over a time of period and after reaching
a saturation point the value becomes constant. The
surface free energy of polymers and polymer com-
posites decays due to the conformational alterations
and surface restructuring as the contact time of the
liquid increases [38, 39]. Lavielle and Schultz [38]
have noted in acrylic grafted polyethylene samples
undergo surface free energy changes when it is in
long-time contact with water. In this case ini-
tially increased and then decreased, γs

d whereas

decreased continuously with the contact time. In
this context, the filler addition in PS may also bring
about some surface restructuring. In addition to this
the presence of carbon dioxide in the atmosphere
may also affect the lowering of contact angles. Also
the presence of filler particles on the surface may
lower the contact angle over a period of time.

4. Conclusions

Polymer induced crystallization technique is
employed to prepare nanoparticles of calcium
phosphate with spherical morphology. The parti-
cles were incorporated in polystyrene by the melt
blending technique. The transmission electron
microscopic studies of the composites revealed
good dispersion upto 5% of the filler loading. Con-
tact angle measurements of polystyrene/calcium
phosphate nanocomposites with water and methyl-
ene iodide were studied to know surface properties
of the composites. The contact angles for water got
decreased while the reverse trend was shown by
methylene iodide. The hydrophilic nature of the
composites increased with the addition of nano-
fillers due to presence of fillers on the surface. The
solid surface free energy of the composites
decreased and thereby increases the work of adhe-
sion. The interaction between the liquid and solid
surface became high compared to the neat polymer.
With respect to time the contact angle of water
decreased for sometime and leveled off which indi-
cated some interaction between the surface and
water. Methylene iodide showed less negative
value for the spreading coefficient than water and it
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Figure 12. Variation contact angle of water with respect to
time



is a good wetting agent than water. Finally the par-
ticle dispersion in the matrix affected the various
parameters analysed as each one of them changed
according to the filler loading. Other physical and
chemical properties will be undertaken to evaluate
the viscoelastic and thermal behaviour of compos-
ites.
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