
Environmental concerns undoubtedly drive the
‘greening’ of the plastics and composites industry.
Thermoplastics and thermosetting resins from
renewable resources derived from plants or micro-
organisms, eventually reinforced with natural
fillers or fibres, are developing significantly and the
demand is increasing steadily. The world-wide sci-
entific and industrial community is struggling for
many years to improve industrial processability and
properties of polylactide (PLA), polyhydroxyalka-
noate (PHA), thermoplastic starch, soybean oil
based polymers, etc. Applications in the packaging
or transportation industries are more and more
numerous. Many factors have contributed to the
market acceptance of such green plastics and com-
posites: Reduced dependence on fossil-fuel,
reduced environmental pollution during their pro-
duction (i.e. less CO2 and greenhouse gases in the
atmosphere), fight against ‘visual’ pollution of
landscape (as ‘by product’ of land-filling with post
consumer goods and scraps) and oceans.
Many biobased materials are biodegradable or com-
postable and therefore theoretically offer an outlet
for overflowing solid-waste streams. Land-filling
would not necessarily be avoided, but the degrada-
tion time is expected to be highly reduced. Great!
One should however keep in mind that recovery and
recycling of post-consumer and post-industrial plas-
tic and composites goods, waste and scraps are now
well structured in the packaging and automotive

industries. Bottles and containers are collected, cars
are dismantled, plastics and composites sorted and
reground to be further used as fillers or commingled
with virgin materials to manufacture new goods.
Similar efforts are currently made in other industrial
sectors (aeronautics, yachting/marine …). ‘Green’
labels are awarded to petroleum-based products
which warrant recycling or recyclability.
Unfortunately the green plastics, resins and com-
posites based on renewable resources cannot cur-
rently be treated by the existing recycling/recovery
plants. Paradoxically, this might be a brake to the
further industrial development of these materials.
The end-of-life treatment of plastics and composites
based on renewable resources has to be considered
urgently as biodegradability and renewability does
not necessarily mean eco-friendliness. Otherwise
the benefit gained from production and usage of
these ‘new’ materials will be lost on the long term.
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1. Introduction
Polymers and polymer composites have been
widely used in tremendous engineering fields
because of their advantages including light weight,
good processibility, chemical stability in any
atmospheric conditions, etc. However, long-term
durability and reliability of polymeric materials are
still problematic when they serve for structural
application [1]. Exposure to harsh environment
would easily lead to degradations of polymeric
components. Comparatively, microcracking is one
of the fatal deteriorations generated in service,
which would bring about catastrophic failure of the
materials and hence significantly shorten lifetimes
of the structures.

Since the damages deep inside materials are diffi-
cult to be perceived and to repair in particular, the
materials had better to have the ability of self-heal-
ing. In fact, many naturally occurring portions in
animals and plants are provided with such function
[2–6]. In the case of healing of a skin wound, for
example, the defect is temporarily plugged with a
fibrin clot, which is infiltrated by inflammatory
cells, fibroblasts, and a dense capillary plexus of
new granulation tissue. Subsequently, proliferation
of fibroblasts with new collagen synthesis and tis-
sue remodeling of the scar become the key steps.
For healing of a broken bone, similar processes are
conducted, including internal bleeding forming a
fibrin clot, development of unorganized fiber mesh,
calcification of fibrous cartilage, conversion of cal-
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cification into fibrous bone and lamellar bone.
Clearly, the natural healing in living bodies
depends on rapid transportation of repair substance
to the injured part and reconstruction of the tissues.
Having been inspired by these findings, continuous
efforts are now being made to mimic natural mate-
rials and to integrate self-healing capability into
polymers and polymer composites. The progress
has opened an era of new intelligent materials.
On the whole, researches in this field are still in the
infancy. More and more scientists and companies
are interested in different aspects of the topic. Inno-
vative measures and new knowledge of the related
mechanisms are constantly emerging. Therefore, it
might be the right time to review the attempts car-
ried out so far in different laboratories in the world.
According to the ways of healing, self-healing
polymers and polymer composites can be classified
into two categories: (i) intrinsic ones that are able to
heal cracks by the polymers themselves, and (ii)
extrinsic in which healing agent has to be pre-
embedded.

2. Intrinsic self-healing

The so-called intrinsic self-healing polymers and
polymer composites are based on specific perform-
ance of the polymers and polymeric matrices that
enables crack healing under certain stimulation
(mostly heating). Autonomic healing without exter-
nal intervention is not available in these materials
for the time being. As viewed from the predomi-
nant molecular mechanisms involved in the healing
processes, the reported achievements consist of two
modes: (i) physical interactions, and (ii) chemical
interactions.

2.1. Self-healing based on physical
interactions

Compared to the case of thermosetting polymers,
crack healing in thermoplastic polymers received
more attention at an earlier time. Wool and co-
workers systematically studied the theory involved
[7, 8]. They pointed out that the healing process
goes through five phases: (i) surface rearrange-
ment, which affects initial diffusion function and
topological feature; (ii) surface approach, related to
healing patterns; (iii) wetting, (iv) diffusion, the
main factor that controls recovery of mechanical

properties, and (v) randomization, ensuring disap-
pearance of cracking interface. In addition, Kim
and Wool [9] proposed a microscopic model for the
last two phases on basis of reptation model that
describes longitudinal chain diffusion responsible
for crack healing.
Accordingly, Jud and Kaush [10] tested crack-heal-
ing behavior in a series of poly(methyl methacry-
late) (PMMA) and poly(methyl methacrylate-co-
methyl ethylacrylate) (MMA-MEA copolymer)
samples of different molecular weights and degrees
of copolymerization. They induced crack healing
by heating samples above the glass transition tem-
perature under slight pressure. It was found that full
resistance was regained during short term loading
experiments. The establishment of mechanical
strength should result from interdiffusion of chains
and formation of entanglements for the glassy poly-
mer [11]. Wool [12] further suggested that the
recovery of fracture stress is proportional to t1/4

(where t is the period of heating treatment). Jud
et al. [13] also performed re-healing and welding of
glassy polymers (PMMA and styrene-acrylonitrile
copolymer (SAN)) at temperatures above the glass
transition temperatures, and found that the fracture
toughness, Kli, in the interface increased with con-
tact time, t, as Kli ∝ t1/4 as predicted by the diffusion
model.
It is worth noting that whereas craze healing occurs
at temperature above and below the glass transition
temperature [14], crack healing happens only at or
above the glass transition temperature [15]. In order
to reduce the effective glass transition temperature
of PMMA, Lin et al. [16] and Wang et al. [17]
treated PMMA with methanol and ethanol, respec-
tively. They reduced the glass transition tempera-
ture to a range of 40~60°C, and found that there
were two distinctive stages for crack healing: the
first one corresponding to the progressive healing
due to wetting, while the second related to diffusion
enhancement of the quality of healing behavior.
Besides simple heating induced healing, thermo-
mechanical healing is valid for some specific poly-
mers, like poly(ethylene-co-methacrylic acid)
(EMAA) copolymers [18]. EMAA films prove to
be able to heal upon ballistic puncture and sawing
damages. This occurs through a heat generating
frictional process, which heats the polymer to the
viscoelastic melt state and provides the ability to
rebond and repair damage. In contrast, low speed
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friction event fails to produce sufficient thermal
energy favorable to healing. As a result, thermome-
chanical healing is not active in the material.
Unlike thermoplastics, heating induced healing of
thermosetting polymers depends on crosslinking of
unreacted groups. Healing of epoxy, for instance,
has to proceed above the glass transition tempera-
ture [19]. Then, the molecules at the cracking sur-
faces would interdiffuse and the residual functional
groups react with each other. A 50% recovery of
impact strength can thus be obtained [20]. During
the repair study of vinyl ester resin, Raghavan and
Wool reported critical strain energy release rate,
GIC, for the interfaces after crack healing (i.e.
annealing above the glass transition temperature) is
1.7% of the virgin value. Lower crosslink density
favors the repair effect [21].
Thermoplastic/thermosetting semi-interpenetrating
network is factually a material associated with
repeatable self-healing ability. The group of Jones
introduced a soluble linear polymer to a thermoset-
ting epoxy resin [22–24]. The selected thermoplas-
tic is poly(bisphenol-A-co-epichlorohydrin), which
is highly compatible with the matrix diglycidyl
ether of bisphenol-A based resin. Upon heating a
fractured resin system, the thermoplastic material
would mobilize and diffuse through the thermoset-
ting matrix, with some chains bridging closed
cracks and thereby facilitating healing. When this
healable resin was compounded with crossply glass
fiber, effective healing of composites transverse
cracks and delamination has been demonstrated.
The requirements for such thermal diffusion of a
healing agent were summarized as follows [23]. (i)
The healing agent should be reversibly bonded (e.g.
through hydrogen bonding) to the crosslinked net-
work of the cured resin below the minimum healing
temperature to limit its effect on thermomechanical
properties. (ii) The healing agent should become
mobile above this minimum healing temperature so
that it can diffuse across a hairline crack, such as a
transverse crack, to provide a recovery in strength.
(iii) The addition of the linear chain molecule
should not significantly reduce the thermomechani-
cal properties of the resin matrix.

2.2. Self-healing based on chemical
interactions

In fact, cracks and strength decay might be caused
by structural changes of atoms or molecules, like
chain scission. Therefore, inverse reaction, i.e.
recombination of the broken molecules, should be
one of the repairing strategies. Such method does
not focus on cracks healing but on ‘nanoscopic’
deterioration. One example is polycarbonate (PC)
synthesized by ester exchange method. The PCs
were treated in a steam pressure cabin at 120°C
prior to the repair [25]. As a result, molecular
weight of the PCs dropped by about 88 to 90%.
After drying them in a vacuum cabin, the repairing
treatment was done in an oven at 130°C with N2

atmosphere under reduced pressure. The reduced
tensile strength due to the deterioration treatment
can thus be gradually recovered. The repairing
mechanism was considered as the following proce-
dures. Firstly the carbonate bond was cut by
hydrolysis, and then the concentration of the phe-
noxy end increased after deterioration. The (–OH)
end-group on the chain was substituted by sodium
ion. The (–ONa) end might attack a carbonate bond
at the end of one of the other chains, leading to
recombination of these two chains with the elimi-
nation of the phenol from PC (Figure 1). The
repairing reaction was accelerated by weak alka-
line, such as sodium carbonate. It suggested that
two conditions are required for the PC to re-com-
bine the polymer chains. One is the chemical struc-
ture of the chain end and the other is the catalyst
(Na2CO3) for acceleration of the reaction.
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Figure 1. Hydrolysis and recombination reaction of PCs
with the catalyst of NaCO3



Another example is poly(phenylene ether) (PPE) in
which the repairing agent was regenerated by oxy-
gen [26]. The polymer chain of the PPE was cut by
a deterioration factor (such as heat, light, and exter-
nal mechanical force) to produce a radical on the
end of the scission chain. Subsequently, a hydrogen
donor stabilized the radical. The catalyst existing in
the system, Cu (II), would react with each end of
the scission chains to form a complex. Then, the
chains combined by eliminating two protons from
the ends, and the copper changed from Cu (II) to
Cu (I). Afterward, two Cu (I) reacted with an oxy-
gen molecule to be oxidized to Cu (II), and an oxy-
gen ion reacted with two protons to form a water
molecule that evaporated from the specimen.
The above examples show that PC or PPE might be
probably designed as a self-repairing material by
means of the reversible reaction. The deterioration
is expected to be minimized if the recovery rate is
the same as the deterioration rate. However, the
systems in these studies are not sufficient for con-
struction of real self-repairing composites because
the recovery of the broken molecules needs higher
temperature and other rigorous conditions. A much
more effective catalyst should be found, which is
able to active the recombination of degraded
oligomers at room temperature.
Thermally reversible crosslinking behavior has
been known for quite a while. Wudl et al. combined
this with the concept of ‘self-healing’ in making
healable polymers [27, 28]. They synthesized
highly cross-linked polymeric materials with multi-
furan and multi-maleimide via Diels-Alder (DA)
reaction. At temperatures above 120°C, the ‘inter-
monomer’ linkages disconnect (corresponding to
retro-DA reaction) but then reconnect upon cooling
(i.e. DA reaction). This process is fully reversible
and can be used to restore fractured parts of the
polymers. The polymers are transparent and pos-
sess mechanical properties comparable to commer-
cial epoxy and unsaturated polyester. In principle,
an infinite number of crack healing is available
without the aid of additional catalysts, monomers
and special surface treatment.
In a latter work by Liu and Hsieh [29], Wudl’s
approach was modified. The multifunctional furan
and maleimide compounds were prepared in simple
routes, using epoxy compounds as precursors. The
furan and maleimide monomers could be therefore
considered as epoxy-based compounds, so as to

incorporate the advantage characteristics of epoxy
resins, including solvent and chemical resistance,
thermal and electrical characters, and good adher-
ence, to their corresponding cured polymers.
Besides, Liu and Chen prepared polyamides pos-
sessing furan pendent groups (PA-F) from reacting
furfuryl amine with maleimide containing
polyamides (PA-MI) via a Michael addition reac-
tion [30]. Thermally reversible cross-linked poly-
amides were obtained from PA-MI and PA-F
polyamides by means of DA and retro-DA reac-
tions. The thermally reversible cross-linked poly-
amides also exhibited a self-repairing property as
well as the ability of mechanical property recovery.
To quantify the degree of structural restoration
after damages have been repaired, characterization
of healing efficiency is necessary but no specific
testing standard is available now. Different testing
procedures sometimes give different results [23].
When Wudl’s group measured healing efficiency
of their thermally reversible crosslinked polymers,
fracture toughness from compact tension (CT) tests
was used [27]. Values for the original and healed
fracture toughness were determined by the propa-
gation of the starter crack along the middle plane of
the specimen at the critical load. In consideration of
the difficulties in (i) precise registration of the frac-
ture surface and (ii) protection of pre-notching,
Plaisted and Nemat-Nasser [31] applied double
cleavage drilled compression (DCDC) to evaluate
mending efficiency of the reversibly cross-linked
polymer based on Diels-Alder cycloaddition. The
testing geometry allowed for controlled incremen-
tal crack growth so that the cracked sample
remained in one piece after the test, improving abil-
ity to realign the fracture surfaces prior to healing.

3. Extrinsic self-healing

In the case of extrinsic self-healing, the matrix resin
itself is not a healable one. Healing agent has to be
encapsulated and embedded into the materials in
advance. As soon as the cracks destroy the fragile
capsules, the healing agent would be released into
the crack planes due to capillary effect and heals
the cracks. In accordance with types of the contain-
ers, there are two modes of the repair activity: (i)
self-healing in terms of healant loaded pipelines,
and (ii) self-healing in terms of healant loaded
microcapsules. Taking the advantages of crack trig-
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gered delivery of healing agent, manual interven-
tion (e.g. heating that used to be applied for intrin-
sic self-healing) might be no longer necessary.

3.1. Self-healing in terms of healant loaded
pipelines

3.1.1. Hollow glass tubes and glass fibers

The core issue of this technique lies in filling the
brittle-walled vessels with polymerizable medium,
which should be fluid at least at the healing temper-
ature. Subsequent polymerization of the chemicals
flowing to the damage area plays the role of crack
elimination. Dry first identified the potential appli-
cability of hollow glass tubes [32–35]. Similar
approach was adopted by Motuku et al. [36] and
Zhao et al. [37]. Because the hollow glass capillar-
ies have diameters (on millimeter scale) much
larger than those of the reinforcing fibers in com-
posites, they have to act as initiation for composites
failure [38]. Instead, Bleay et al. employed hollow
glass fiber (with an external diameter of 15 μm and
an internal diameter of 5 μm) to minimize the detri-
mental effect associated with large diameter fibers
[38]. Complete filling of healing agent into the tiny
tubes was achieved by vacuum assisted capillary
action filling technique.
Accordingly, three types of healing system were
developed (Figure 2) [32–48]. (i) Single-part adhe-

sive. All hollow pipettes contained only one kind of
resin like epoxy particles (that can be flowable
upon heating and then cured by the residual hard-
ener) or cyanoacrylate (that can be consolidated
under the induction of air). (ii) Two-part adhesive.
In general, epoxy and its curing agent were used in
this case. They were filled into neighboring hollow
tubes, respectively. (iii) Two-part adhesive. One
component was incorporated into hollow tubes and
the other in microcapsules.
With the aid of the pre-embedded healing system in
hollow pipettes, Motuku and co-workers studied
the healing ability of glass fiber/unsaturated poly-
ester composites subjected to low velocity impact
[36, 43]. The species of healing agent, characteris-
tic parameters of the hollow pipes (amount, type of
tubing materials and spatial distribution), compos-
ites panel thickness, and impact energy level were
found to be critical to the healing efficiency. Mean-
while, Bleay et al. proved that the epoxy based
composites reinforced by hollow glass fibers con-
taining solvent diluted two-part epoxy became
repairable as assessed by compression after impact
test [38].
Recently, Trask et al. [47] considered the place-
ment of self-healing hollow glass fibers layers
within both glass fibre/epoxy and carbon fibre/
epoxy composite laminates to mitigate damage and
restore mechanical strength. The hollow fibers
were bespoken with diameters between 30 and
100 μm and a hollowness of approximately 50%.
The study revealed that after the laminates were
subjected to quasi-static impact damage, a signifi-
cant fraction of flexural strength can be restored by
the self repairing effect of a healing resin stored
within hollow fibers. More details of such healing
system can be found in ref. [44–46, 48]. For exam-
ple, Pang et al. added UV fluorescent dye to the
healing resin within the hollow fibers so that bleed-
ing of the repair substance in the composites can be
visualized [44].
On the other hand, step type multi-mode quartz
optical fiber consisting of hollow fiber, cladding
and coating have been successfully applied in smart
structures. When the materials were damaged, the
pre-embedded optical fibers had to be ruptured
leading significant reduction in the output light
intensity. This helped to locate the cracked por-
tions. In case the hollow optical fibers were infused
with uncured resin and embedded within polymer
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Figure 2. Schematic diagram of repair concept for poly-
mer matrix composites using pre-embedded hol-
low tubes [38] (Reprinted from Composites Part
A: Applied Science and Manufacturing, Vol 32,
Bleay S. M., Loader C. B., Hawyes V. J., Hum-
berstone L., Curtis P. T.: A smart repair system
for polymer matrix composites, 1767–1776,
Copyright (2001), with permission from Else-
vier)



composites, real-time monitor, diagnosis and repair
of damages would be simultaneously completed.
Guided by this idea, Yang and co-workers manu-
factured glass fiber laminates with self-diagnosis
and self-healing functionality, in which ethyl
cyanoacrylate served as the healant. Recoveries of
initial tensile strength of about 1/3 and initial com-
pressive strength of about 2/3 proved the feasibility
of this approach [49–51].
Property matching is important for hollow glass
fibers/matrix polymer pairs, which decides break-
age of the hollow fibers and release of healing
agent. Zhao et al. showed that for the epoxy/poly-
amide compounds with healing agent loaded hol-
low plastic fiber, the plastic tubes did not fracture
even when the matrix was completely broken [37].
No healing effect could be observed as a result.
One of the possible solutions of this problem lies in
covering the hollow repair fiber with a thin poly-
meric layer [39, 52]. By tuning species and thick-
ness of the polymer coating, one might be able to
control fracture mode and time of the containers,
giving out healant at the right moment.
Flowability of the released healing agent inside
materials to be healed is another problem that
might be encountered in practice. Besides diffusiv-
ity of the healing agent itself, internal pressure
within the repair tubes should also be considered.
Having carefully studied dependences of the
spillage of healing fluid and the repair area, Zhao
and co-workers indicated that 95% of the crack
planes can be healed when the internal pressure
reached 0.2 MPa [37].

3.1.2. Three-dimensional microvascular
networks

In conventional extrinsic self-healing composites it
is hard to perform repeated healing, because rup-
ture of the embedded healant-loaded containers
would lead to depletion of the healing agent after
the first damage. To overcome this difficulty,
Toohey et al. proposed a self-healing system con-
sisting of a three-dimensional microvascular net-
work capable of autonomously repairing repeated
damage events [53]. Their work mimicked archi-
tecture of human skin. When a cut in the skin trig-
gers blood flow from the capillary network in the
dermal layer to the wound site, a clot would rapidly
form, which serves as a matrix through which cells

and growth factors migrate as healing ensues.
Owing to the vascular nature of this supply system,
minor damage to the same area can be healed
repeatedly. The 3D microvascular networks were
fabricated by deposition of fugitive ink (a mixture
of Vaseline/microcrystalline wax (60/40 by weight))
in terms of direct-write assembly [54] through a
cylindrical nozzle. Then, the yielded multilayer
scaffold was infiltrated with epoxy resin. When the
resin was consolidated, structural matrix was
obtained. With the help of heating and light vac-
uum, the fugitive ink was removed and 3D
microvascular networks were created. By inserting
a syringe tip into an open channel at one end of the
microvascular networks, fluidic polymerizable
healing agent was injected into the networks.
The healing chemistry of this method used ring-
opening metathesis polymerization of dicyclopen-
tadiene (DCPD) monomer by Grubbs’ catalyst,
benzylidenebis(tricyclohexylphosphine) dichloro-
ruthenium, which was used successfully in micro-
encapsulated composites [55]. In the crack plane,
the healing agent interacted with the catalyst parti-
cles in the composites to initiate polymerization,
rebonding the crack faces autonomously. After a
sufficient time period, the cracks were healed and
the structural integrity of the coating was restored.
As cracks reopened under subsequent loading, the
healing cycle was repeated.
By means of four-point bending configuration
monitored with an acoustic-emission sensor, the
above approach proved to be feasible. The authors
imagined extending this approach further to inte-
grate pumps, valves and internal reservoirs, as well
as to introduce new functionalities, including self-
diagnosis or self-cooling, through the circulation of
molecular signals, coolants or other species [53].
To provide theoretical understanding how to vascu-
larize a self-healing composite material so that
healing fluid reaches all the crack sites that may
occur randomly through the material, Bejana et al.
studied the network configuration that is capable of
delivering fluid to all the cracks the fastest [56].
When crack site dimension and total volume of the
channels were fixed, it was argued that the network
must be configured as a grid and not as a tree. In
addition, it is beneficial to use a grid structure that
has two channel sizes, D1 and D2, provided that the
ratio D1/D2 is optimized. The crack-filling time can
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be reduced to 50% of the time required when the
grid contains channels of only one size.

3.2. Self-healing in terms of healant loaded
microcapsules

The principle of this approach resembles the afore-
said pipelines but the containers for storing healing
agent are replaced by fragile microcapsules.
Because the technique of microencapsulation has
been rapidly developed since its emergency in
1950s [57–59] and mass production of microcap-
sules can be easily industrialized, self-healing com-
posites might be thus used in practice accordingly.
Jung et al. prepared a self-healing polyester com-
posite with pre-embedded polyoxymethylene urea
(PMU) microspheres [60]. The crack repair agent is
mostly composed of styrene monomers and high
molecular weight polystyrene. The latter helps to
lower the rate of diffusion of styrene or diethenyl
benzene into polyester matrix. The system of 23%
polystyrene (Mn = 2.5·105), 76.99% styrene and a
trace amount of inhibitor proved to offer the opti-
mum healing efficiency. Jung et al. also tried to uti-
lize epoxide monomer loaded PMU microcapsules
for rebinding the cracked faces in polyester matrix
[60]. Solidification of the epoxy resin (i.e. the repair
action) was triggered by the naturally occurring
functional sites or embedded amine in the compos-
ites. In a latter work by White et al. [61], it was con-
sidered that the method was not feasible as the
amine groups did not retain sufficient activity. Zako
et al. proposed an intelligent material system using
40% volume fraction unmodified epoxy particles to

repair microcracks and delamination damage in a
glass/epoxy composite laminate [62]. By heating to
120°C, the embedded epoxy particles (~50 μm)
would melt, flow to the crack faces and repair the
damage with the help of the excessive amine in the
composite. In addition to the poor activity of the
amine as mentioned above, manual intervention
(i.e. heating) was necessary in this case.
We reported a two-component healant consisting of
epoxy-loaded microcapsules as the polymerizable
part and 2-methylimidazole/CuBr2 complex
(CuBr2(2-MeIm)4) as the latent hardener, which
was pre-dispersed in composites’ matrix to fabri-
cate self-healing composites [63]. As soon as cracks
destroyed the capsules, the epoxy oligomer would
be released into the crack planes due to capillary
effect and cured under initiation of the latent hard-
ener at a temperature ranging from 130 to 180°C.
The features of this healing system lie in the fol-
lowing. (i) When the healing agent is applied to
epoxy based composites, the miscibility between
the crack adhesive and matrix is guaranteed
because of identity of their species. (ii) The latent
hardener possesses long-term stability and is hardly
affected by the surrounding environment [64, 65].
Moreover, it can be well pre-dissolved in uncured
composites’ matrix, leading to homogenous distri-
bution of the reagent on the molecular scale. Thus
the epoxy released from the ruptured microcapsules
might meet the latent hardener everywhere (Fig-
ure 3). The two-component healant is able to take
effect in the woven glass fabric/epoxy composite
laminates [63, 66].
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Figure 3. Schematic drawing of the principle of self-healing epoxy based laminates with epoxy loaded microcapsules and
latent hardener [63] (Reprinted from Composites Science & Technology, Vol 67, Yin T., Rong M. Z., Zhang
M. Q., Yang G. C.: Self-healing epoxy composites – Preparation and effect of the healant consisting of
microencapsulated epoxy and latent curing agent, 201–212, Copyright (2007), with permission from Elsevier)



The group of White et al., the pioneer in developing
self-healing polymeric materials, systematically
investigated self-healing strategy based on ring
opening metathesis polymerization (ROMP) of
microencapsulated dicyclopentadiene (DCPD) and
reported a series of important findings [55, 67–78].
Healing is triggered when damage in the form of a
crack ruptures the microcapsules, causing DCPD to
be released into the crack plane where it comes in
contact and mixes with the pre-embedded Grubbs'
catalyst (Figure 4). For increasing catalysis effi-
ciency, the catalyst was capsulated by wax and
recrystallized, respectively [70, 71]. Delamination
damage in woven glass/epoxy composites was
found to be repaired by the healing agent [72, 73].
In addition, fatigue crack growth in epoxy can also
be retarded by the released fluid [74–76].
Effect of DCPD loaded microcapsule size on the
performance of self-healing polymers was studied
[78]. Rule et al. indicated that the amount of liquid
that microcapsules deliver to a crack face changed
linearly with microcapsule diameter for a given
weight fraction of capsules. Self-healing perform-
ance reached maximum levels only when sufficient
healing agent was available to entirely fill the
crack. Based on these relationships, the size and
weight fraction of microcapsules can be rationally
chosen to give optimal healing of a predetermined
crack size. By using this strategy, self-healing was
demonstrated with smaller microcapsules and with
lower weight fractions of microcapsules. Blaiszik
et al. further produced smaller capsules (down to
220 nm) using sonication techniques and an ultra-
hydrophobe to stabilize the DCPD droplets [79]. It
is believed that the nanocapsules will make self-
healing materials responsive to damage initiated at
a scale that is not currently possible and compatible
with composites where the reinforcement spacing
requires smaller capsules for applications such as
self-healing thin films, coatings, and adhesives.

Comparison of fracture toughness of original speci-
men with that of healed one used to be a measure of
healing effect. Conventional single-edge notched
bending (SENB) and compact tension (CT) tests
might be problematic in this case, as the pre-
notches would be partly closed after healing
process and an accurate measurement cannot be
guaranteed. To overcome the difficulty, White
et al. proposed a testing protocol with a tapered
double cantilever beam (TDCB) configuration
(Figure 5) [67, 69]. The specific geometry ensures
that the measured fracture toughness is nearly inde-
pendent of pre-crack length, so that healing effi-
ciency can be precisely determined.
The researches so far suggest that one of the key
issues of self-healing composites by means of
microencapsulation lies in rigidity of the shell sub-
stance and matrix. Like the case of hollow tubes
discussed hereinbefore, crack trigger in micros-
phere embedded composites depends on matching
of deformation characteristics of the related materi-
als. Route of crack propagation is a function of the
stiffness ratio of microcapsules and matrix [55]. If
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Figure 4. Ring opening metathesis polymerization of DCPD

Figure 5. Schematic drawing of a TDCB specimen [78]
(Reprinted from Polymer, Vol 48, Rule J. D.,
Sottos N. R., White S. R., Effect of microcap-
sule size on the performance of self-healing
polymers, 3520–3529, Copyright (2007), with
permission from Elsevier)



the inclusion has higher modulus than the matrix,
the approaching crack tends to pass by the micro-
capsules; conversely, the crack could penetrate the
microcapsules when the matrix is stiffer. On the
other hand, simulation experiments manifest that
the difference in fracture toughness of the micro-
capsules and matrix should be less than
0.11 MPa·m1/2 [80]. Otherwise, cracks would not
pass through the microcapsules.
The other critical factors include (i) good adhesion
between microencapsulated healing agent and the
matrix, (ii) size and concentration of microencapsu-
lated healing agent, (iii) rate and degree of poly-
merization of the released healing agent, and (iv)
shell thickness and core content of the microencap-
sulated healing agent.
In contrast to the above methods, Cho et al. dis-
persed phase-separated droplets of hydroxyl end-
functionalized polydimethylsiloxane (HOPDMS)
and polydiethoxysiloxane (PDES) into a vinyl ester
matrix, in which the catalyst, di-n-butyltin dilaurate
(DBTL), contained within polyurethane microcap-
sules, were pre-embedded [81]. Polycondensation
of HOPDMS with PDES occurred when they met
the tin-catalyst from the broken capsules induced
by mechanical damage. This system possesses
some advantages, including (i) the healing chem-
istry remains stable in humid or wet environments,
(ii) the chemistry is stable to an elevated tempera-
ture (>100°C), enabling healing in higher-tempera-
ture thermoset systems, (iii) the components are
widely available and comparatively low in cost,
and (iv) the concept of phase separation of the heal-
ing agent simplifies processing, as the healing
agent can now be simply mixed into the polymer
matrix.
As for crack repair in elastomer, Keller et al. incor-
porated poly(urea-formaldehyde) (UF) walled
microcapsules, which contained the constituent
resin and initiator, respectively, into poly(dimethyl
siloxane) (PDMS) [82]. The resin microcapsules
were loaded with high-molecular weight vinyl
functionalized PDMS and platinum catalyst com-
plexes, while the initiator microcapsules contained
a PDMS copolymer with active sites that would
link to the vinyl functionalized resin via the action
of the platinum catalyst. Damage triggering and
healing events took place in an analogous way to
the original self-healing epoxy described above. A
propagating tear in the PDMS material intersected

both resin and initiator microcapsules and ruptured
them. The liberated healing fluids then wicked onto
the tear plane through capillary action and mix. A
crosslinking reaction, the same reaction that poly-
merized the matrix material, occurred and formed
an adhesive polymer layer that rebonded the tear
faces. This self-healing material system possesses
the unique feature that the healed polymer in the
crack plane is the same as the host matrix.
In addition to the polymerizable healing agent,
Caruso et al. used solvents to heal cracks in ther-
moset materials [83]. Chlorobenzene was encapsu-
lated by urea-formaldehyde and embedded in
epoxy matrix. It is believed that the solvent would
induce crosslinking of the incompletely cured resin
and heal cracks. The technique might be an eco-
nomical, simple, and potentially robust alternative
to the recovery of virgin properties of a material
after crack damage has occurred.

4. Conclusions

Achievements in the field of self-healing polymers
and polymer composites are far from satisfactory,
but the new opportunities that were found during
research and development have demonstrated it is a
challenging job to either invent new polymers with
inherent crack repair capability or integrate existing
materials with novel healing system. Interdiscipli-
nary studies based on tight collaboration among
scientists are prerequisites for overcoming the diffi-
culties. Comparatively, extrinsic self-healing tech-
niques might be easier for large-scale usage for the
moment. The works and outcomes in this aspect
have broadened the application possibility of poly-
meric materials. Also, the extended service life of
components made from these intelligent materials
would contribute to reduce waste disposal. It is
undoubtedly important for building up a sustain-
able society.
Besides the approaches described in the above text
(Table 1), ongoing attempts are continuously pre-
senting new concepts. For example, Lee et al. con-
sidered solid-state devices that integrate ductile
polymeric layers and brittle semiconductor or metal
films [84]. Using computer simulations, they
showed that adding nanoparticles to the polymers
yielded materials in which the particles became
localized at nanoscale cracks and effectively form
‘patches’ to repair the damaged regions. Trau et al.
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Table 1. Self-healing in polymers and polymer composites

Category of 
materials to be

repaired

Materials to be
repaired

Healing system
Trigger 

mechanism
Healing 

mechanism
Assessment of
healing effect

Ref.

Thermoplastic
Poly(methyl
methacrylate), etc.

Bulk
Heating or solvent
induced

Chain interdiffu-
sion and entangle-
ments

Compact tension
(CT) test or pho-
tography

[10, 16, 17]

Thermoplastic
Poly(ethylene-co-
methacrylic acid)

Bulk
Thermomechani-
cally induced
melting

Chain interdiffu-
sion and entangle-
ments

Visual inspection
after sawing, cut-
ting and puncture

[18]

Thermoplastic Polycarbonate
Bulk (weak
alkali/hydrolyzed
chains)

Steam
Weak alkali cat-
alyzed polymer-
ization

Molecular weight
and mechanical
strength

[25]

Thermoplastic
Poly(phenylene
ether)

Bulk (copper
ion/oxygen/scis-
sion chains)

Heating
Copper ion cat-
alyzed polymer-
ization

Molecular weight [26]

Thermoset Epoxy Bulk Heating
Post-curing of
residual functional
groups

Impact strength [19, 20]

Thermoplastic/ther
moset semi-inter-
penetrating net-
work

Poly(bisphenol-A-
co-epichlorohy-
drin)/epoxy

Bulk Heating
Chain interdiffu-
sion and entangle-
ments

CT and impact
tests; photography

[22, 23]

Thermally
reversible
crosslinking net-
work

Crosslinked multi-
furan/multi-
maleimide

Bulk Heating
Diels-Alder reac-
tion

CT and double
cleavage drilled
compression

[27, 28, 31]

Thermoset
Epoxy, fiber/unsat-
urated polyester,
and fiber/epoxy

Cyanoacrylate,
epoxy, unsaturated
polyester, etc.

Crack induced
breakage of hol-
low tubes contain-
ing healant

Curing of healant

Tensile, flexural
and impact tests;
photography;
ultrasonic C-scan

[32–48]

Thermoset Epoxy
Dicyclopentadi-
ene/Grubbs’ cata-
lyst

Crack induced
damage of 3D
microvascular net-
works, releasing
healant 

Ring-opening
metathesis poly-
merization of
healan

Four-point bend-
ing

[53]

Thermoset
Unsaturated poly-
ester

Styrene or epoxy
Crack induced rup-
ture of microen-
capsulated healant

Polymerization or
curing of healant

Mechanical
strength and visual
inspection

[60]

Thermoset Glass fiber/epoxy Epoxy granules Heating Curing of healant
Three-point bend-
ing and tensile
fatigue

[62]

Thermoset
Epoxy and woven
glass fiber/epoxy

Epoxy/latent hard-
ener

Crack induced rup-
ture of microen-
capsulated epoxy

Curing of healant

Single edge
notched bend
(SENB) and dou-
ble cantilever
beam (DCB) tests

[63]

Thermoset
Epoxy, fiber/unsat-
urated polyester,
and fiber/epoxy

Dicyclopentadi-
ene/Grubbs’ cata-
lyst

Crack induced rup-
ture of microen-
capsulated healant

Ring-opening
metathesis poly-
merization of
healant

Tapered double
cantilever beam
(TDCB), DCB and
fatigue tests

[55, 67–78]

Thermoset
Unsaturated poly-
ester

Phase-separated
polysiloxane
droplets/tin cata-
lyst

Crack induced rup-
ture of microen-
capsulated catalyst

Polycondensation
of polysiloxanes

TDCB [81]

Elastomer Silicone rubber
Polysiloxane/plat-
inum catalyst/ini-
tiator

Crack induced rup-
ture of microen-
capsulated healant
and initiator

Polycondensation
of polysiloxanes

Tear strength [82]

Thermoset Epoxy
Solvent
(chlorobenzene)

Crack induced rup-
ture of microen-
capsulated solvent

Solvent induced
crosslinking of
incompletely
cured resin

TDCB [83]



proposed healing under electric field in terms of
electrohydrodynamic aggregation of colloidal
dielectric particles [85]. By creating a semi-inter-
penetrating network composed of a crosslinked
thermoset and a thermoplastic, Karger-Kocsis con-
sidered that both shape memory and self healing
functions can be combined [86]. In such a intelli-
gent material, the thermoplastic polymer (amor-
phous or semicrystalline) offers ‘switching’ and
‘healing’ effects, whereas the crossliniked ther-
moset acts as the fixing phase.
From a long-term point of view, synthesis of brand-
new polymers accompanied by intrinsic self-heal-
ing function through molecular design would be a
reasonable solution. Recent exploration has shown
the prospects of this trend, but the automatic trigger
mechanism remains open. Working out the solu-
tions would certainly push polymer sciences and
engineering forward.
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1. Introduction
The Suzuki coupling reaction between arylboronic
acids and aryl halides is one of the most effective
methods for the preparation of biaryl compounds
[1, 2], which are an important class of organic com-
pounds useful as precursors to pharmaceuticals, lig-
ands, liquid crystals, and polymers. The classical
conditions for performing these coupling reactions
involve the use of various Pd/ligand complexes [3,
4] as catalysts in organic solvents. These catalysts
include many different kinds of phosphine-based
palladium catalysts as well as phosphine-free palla-
dium catalysts. However, phosphine ligands may
be toxic or expensive and one serious drawback in
the use of homogeneous metal catalysts is that they
often are difficult to separate from the reaction mix-
tures and recycle.
It is of interest to develop new catalysts that are
environmentally benign and effective. Stabilized
palladium nanoparticles have also been reported as
catalysts for the Suzuki coupling reaction [5].

Noble metal colloidal particles have a characteristic
large surface-to-volume ratio, and consequently
large fractions of the metal atoms are accessible to
reactant molecules and available for catalysis.
However, unprotected metallic nanoparticles in
solution are kinetically unstable with respect to
aggregation to larger particles or bulk metal, and
must therefore be stabilized by electrostatic or
steric protection to keep them from agglomerating.
This stabilization of nanoparticles in solution can
be achieved by adding a stabilizer, for example sur-
factants, soluble polymers, quaternary ammonium
salts, or polyoxoanions. Palladium nanoparticles
stabilized with poly(N-vinyl-2-pyrrolidone) [6–8],
poly(amidoamine) dendrimers [9, 10], polystyrene-
b-poly(sodium acrylate) block copolymer [9], Keg-
gin-type polyoxometalate [11], cyclodextrin [12],
and poly(N,N-dihexylcarbodiimide) [13, 14], have
been used to catalyze various Suzuki reactions in
different solvents. Use of water as a reaction
medium for transition-metal-catalyzed reactions is
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very attractive for organic synthesis because it is
non-toxic, cheap and readily available. However,
the reported catalytic activities of the recovered
catalysts using water as solvent are too low for
them to be reused for practical organic synthesis.
Here we have investigated the use of the polyca-
tionic poly(N-ethyl-4-vinylpyridinium) bromide
(pEVPBr) polymer as a stabilizer for palladium
nanoparticles by studying the Suzuki reaction. 

2. Experimental

2.1. Materials and methods

4-Vinylpyridine (>96%), iodobenzene (>99%), 
1-bromo-4-methoxybenzene (>97%), chloroben-
zene (>98%), and phenylboronic acid (>97%) were
purchased from Fluka. Bromoethane (>98%),
PdCl2, and all solvents were obtained from Shang-
hai Sinopharm Group Chemical Reagent Co., Ltd.
All chemicals were used as received. pEVPBr was
synthesized according to Marcilla et al. [15].
Pd nanoparticles were investigated by transmission
electron microscopy (TEM) on a JEOL 2010 trans-
mission electron microscope. The samples were
prepared by placing a drop of the solution on car-
bon coated copper grids and allowed to dry in air.
The particle size and size distribution were deter-
mined by manually measuring around 200 particles
from enlarged TEM images using ImageJ. The

identity of synthesized compounds was confirmed
by 1H NMR.

2.2. Preparation of pEVPBr-stabilized Pd
nanoparticles

An aqueous solution of H2PdCl4 (5 mM) was pre-
pared by adding HCl (6 ml, 0.2 M) to PdCl2

(0.6 mmol) in water (114 ml). Ethanol (20 ml),
water (10 ml) and pEVPBr (210 mg) were added to
20 ml of the H2PdCl4 solution to yield a pEVPBr:Pd
(monomeric unit:metal) ratio of 10:1. The solution
was refluxed under air for 3 hours, turning dark
brown. The solution was evaporated to dryness
under vacuum at 60°C, and the residue re-dissolved
in 5 ml of water for later use. 

2.3. Suzuki coupling reactions

In a typical Suzuki coupling reaction experiment,
iodobenzene (1 mmol), phenylboronic acid (1 mmol)
and Na2CO3 (3 mmol) were added to ethanol (aq.,
30% v/v, 5 ml) in a 10 ml round-bottom flask. The
mixture was vigorously stirred and heated to the
temperature stated in Table 1, and 0.2 mol% of pal-
ladium in the form of pEVPBr-stabilized Pd
nanoparticles were added. At the end of the reac-
tion, the reaction mixture was extracted three times
with petroleum ether (5 ml). The combined extrac-
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Table 1. Product yields for Suzuki coupling reaction catalyzed by pEVPBr-Pd nanoparticles

athe first run, bthe second run, cthe third run, dthe fourth run

Entry R X Pd [mol%] Temperature [°C] Base Time [h] Yield [%]
01 H I 0.20 90 Na2CO3 0.5 59
02 H I 0.20 90 Na2CO3 1 76
03 H I 0.20 90 Na2CO3 2 83
04 H I 0.20 90 Na2CO3 4 90
05 H I 0.20 90 Na2CO3 9 95
06 H I 0.10 90 Na2CO3 9 89
07 H I 0.05 90 Na2CO3 9 85
08a H I 0.20 90 Et3N 9 96
09b H I 0.20 90 Et3N 9 89
10c H I 0.20 90 Et3N 9 82
11d H I 0.20 90 Et3N 9 81
12 H I 0.20 50 Na2CO3 9 63
13 H I 0.20 50 Et3N 9 61
14 4–CH3O Br 0.20 90 Na2CO3 9 68
15 H Cl 0.20 90 Na2CO3 9 35



tion was washed with water and the organic phase
was separated and concentrated with reduced pres-
sure. The resulting crude was purified by column
chromatography on silica gel to give final biphenyl
product.

3. Results and discussion

3.1. Characterization of Pd nanoparticles

The Pd nanoparticles displayed good stability
under storage, with no palladium black observed
even after several months. A typical micrograph of
the Pd nanoparticles is shown in Figure 1a. A rela-
tively narrow size distribution, with an average
diameter of 3.6 ± 0.7 nm, was observed. Repeated
recycling of the catalyst phase, as described below,
led to aggregation, yielding larger clusters made up
by particles with an average size of 6.5 ± 1.2 nm
(Figure 1b).

3.2. Catalytic performance of Pd
nanoparticles

The catalytic performance of the pEVPBr-stabi-
lized Pd nanoparticles was evaluated by using the
Suzuki coupling reaction in aqueous solution. The
results shown in Table 1 reveal that pEVPBr-Pd is
a highly active catalyst in the Suzuki reaction under
relatively mild conditions. When 0.2 mol% of
pEVPBr-Pd as catalyst in aqueous Na2CO3 solution

was used to catalyze the reaction between iodoben-
zene and phenylboronic acid, the yields of biphenyl
were 59, 76, 83, 90, and 95% after 0.5, 1, 2, 4, and
9 hours, respectively (entries 1–5). Next, the amount
of pEVPBr-Pd and lower reaction temperatures
were examined (entries 5, 6, 7, 12, 13). Although
the reaction proceeded at 50°C (entries 12 and 13)
or when 0.05 mol% of catalyst was used (entries 7),
relatively longer reaction times were needed to get
full conversion. In addition, 1-bromo-4-methoxy-
benzene and chlorobenzene were chosen as sub-
strates to perform the Suzuki coupling reaction.
However, the yields of using 1-bromo-4-methoxy-
benzene and chlorobenzene as reactant were lower
than that of iodobenzene under the same reaction
conditions (entries 14 and15). Finally, we found
that using triethylamine as base is also suitable
under these conditions, and this base was used in
the recycling experiments. After the reaction mix-
ture was extracted with petroleum ether, the aque-
ous phase containing the catalyst was separated and
ethanol (1.5 ml) was added together with new sub-
strate and triethylamine, to recycle the palladium
nanoparticles. After recycling, the Pd nanoparticles
became larger than before the reaction; a typical
micrograph of the Pd nanoparticles after recycling
twice is shown in Figure 1b. Although the catalytic
activity gradually diminished due to formation of
Pd black, the catalyst can be recycled several times
with acceptable yields (entries 8–11).
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Figure 1. TEM images of pEVPBr-Pd nanoparticles before (a) and after recycling twice (b). The inset shows the particle
size distribution



pEVPBr is a kind of polymer with pyridium groups
along a polymeric chain. When the polymer was
used in the in situ synthesis of Pd nanoparticles, it
can be speculate that the HPdCl4

– anion was
attached to pyridium units of the polymer chain by
ion-exchanging and then the ‘metalized’ polymer
was reduced with ethanol to produce the Pd
nanoparticles (Figure 2). pEVPBr have been shown
to be effective stabilizer for preparing narrowly dis-
persed Pd nanoparticles and for preventing agglom-
eration of colloidal Pd nanoparticles. Apart from
the wide ranging adaptability of polymer, some
additional advantages of polycationic pEVPBr
polymer are obvious: as high molecular weight sta-
bilizers, additional mechanisms of colloidal stabi-
lization can be invoked, i.e., steric and electrosteric
stabilization contributions are added to the standard
stabilization by charge repulsion (electrostatic). We
believe that the stability of the of the colloidal Pd
nanoparticles arises from both eletrostatic and
steric effects of pEVPBr.

4. Conclusions

A simple method for preparing pEVPBr-stabilized
Pd nanoparticles in aqueous solution has been
described. The pEVPBr-stabilized Pd nanoparticles
are quite stable and provide high catalytic activity
in Suzuki coupling reactions under relatively mild
conditions using low amounts of Pd in aqueous
solution. 
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1. Introduction
Organic-inorganic hybrids based on layered inor-
ganic compounds, such as clays, and organic poly-
mers have been studied because of exceptional
properties like increased modulus [1–3], reduced
gas permeability [4, 5], and enhanced thermal sta-
bility [6, 7]. Dispersion of the silicate particles in
the polymer matrix is improved by replacing the
metal cations with ions bearing an aliphatic chain
for compatibilizing the silicate. This compatibiliza-
tion enhances its interaction with the polymer by
enlarging the interlayer, and the compatibilized
clay is known as an organoclay. In intercalated
nanocomposites the penetration of the polymer
matrix into the layered silicate occurs in a crystallo-
graphically regular fashion, regardless of the clay
to polymer ratio [8]. In these nanocomposites the
clay platelets are normally interlayered by a few

molecular layers of polymer. Hydroxylated edge-
edge interaction of silicate layers results in floccu-
lated nanocomposites, which are similar in nature
to intercalated nanocomposites [9].
The exchange capacity of the clay, the polarity of
the reaction medium and the chemical nature of the
interlayer cations (e.g. onium ions) are a few fac-
tors that control whether a particular organoclay
hybrid can be synthesized as an intercalated or
exfoliated structure. Since clay nanocomposites are
able to produce dramatic improvements in a variety
of properties, it is important to understand the fac-
tors that affect delamination of the clay. In exfoli-
ated nanocomposites, individual clay layers are
separated in a continuous polymer matrix by an
average distance that depends on clay loading. Usu-
ally the clay content of an exfoliated nanocompos-
ite is much lower than that of intercalated nano-
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composites [9]. The formation of these structures is
mainly determined by the preparation methods of
the nanocomposites and by the characteristics of
the monomer or polymer and clay. For melt blend-
ing, the polarity of the chains of the polymer and
the basal spacing of the clay are important for the
structure of these nanocomposites.
It has been reported [10] that a low (10%) amount
of silicate added to the polymer is capable of dra-
matically reducing the influence of oxygen during
thermo-oxidation, independent of whether the mor-
phology is intercalated or exfoliated. Acid cat-
alyzed deacetylation is, however, mostly observed
in nitrogen and more evident in exfoliated struc-
tures [11]. A non-ionic dispersing agent helps to
exfoliate alkylammonium modified montmoril-
lonite into polyethylene, thus enhancing the tensile
and gas barrier properties of the polymer.
Amphiphilic copolymers intercalate organo-modi-
fied tactoids, hence increasing the d-spacing and
decreasing the attraction between the silicate lay-
ers. This facilitates the exfoliation of highly aniso-
meric layers that enhances the properties of
nanocomposites [12].
In the present study, the effects of organic perox-
ides on the morphology, as well as thermal and ten-
sile properties, of the nanocomposites have been
investigated. For this, a fixed amount of organic
peroxide was used. The composite samples were
prepared by using melt blending followed by extru-
sion.

2. Experimental

2.1. Materials

Ethylene vinyl acetate copolymer (EVA) with 9%
vinyl acetate (VA) content was supplied by Plas-
tamid, Elsies River, South Africa. The melting
point of EVA was 95°C, and the density
0.930 g·cm–3.
Cloisite® 93A clay (hydrogenated tallow ammo-
nium salts of Bentonite), supplied by Southern Clay
Products, Texas, USA, was used as reinforcement.
The as received clay particles were disk-like stacks
of thin silicate layers, 1 nm thick and ranging in
length from 100 nm to several micrometers. The
specific gravity of the clay particles (stacks),
according to the suppliers, is 1.6–1.8 g·cm–3.

Dicumyl peroxide (DCP) and dibenzyl peroxide
(DBP), used as cross-linking agents, were obtained
from Aldrich Chemicals (WI, USA).

2.2. Preparation of nanocomposites

The EVA and organoclay were dried in an oven at
80°C overnight. They were melt blended using a
Brabender Plastograph (Brabender, Duisberg, Ger-
many) 50 ml mixer followed by extrusion using a
Brabender Plastograph (Brabender, Duisburg, Ger-
many) single screw extruder. 1, 2 and 3% by weight
of clay were mixed with EVA for respectively 20,
30 and 40 min. at 130°C and 60 r.p.m. For peroxide
cured samples, 1% DCP or DBP was added after
the initial mixing, followed by 5 min. mixing under
the same conditions. The samples were then
extruded at a screw speed of 60 r.p.m. at 130°C to
obtain films with an average thickness of
0.45±0.05 mm and an average width of 15±1 mm.

2.3. Gel content determination

The gel content of the samples was determined
using toluene as solvent. 1–2 g of each composite
was wrapped in a stainless steel wire mesh (normal
aperture 0.04 mm, wire diameter 0.04 mm) sup-
plied by Meschcape Industries in Edenvale, South
Africa, and refluxed in the solvent for 12 hours,
after which it was dried in an oven at 80±5°C, fol-
lowed by drying in air overnight. The gel content
was determined as shown by Equation (1):

(1)

2.4. X-ray diffraction analysis (XRD)

The degree of intercalation or exfoliation was eval-
uated using X-ray diffractometry (XRD). X-ray dif-
fraction patterns of the nanocomposite samples
were obtained using a D8 Advance X-ray Diffrac-
tometer with CuKα radiation, λ = 1.5406 Å (Bruker
AXS Inc., Madison, WI, USA). Detector: Na-I
scintillation counter with monochromator. The
analyses were done in the reflection mode between
2θ = 2 and 10°.

100·
masssampleinitial

extractionsolventaftergelofmass

contentGel =
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2.5. Tensile testing
A Hounsfield H5KS universal testing machine
(Hounsfield, Redhill, England) was used to investi-
gate the tensile strength, tensile modulus and elon-
gation properties of the nanocomposites. Samples
of 150 mm×15 mm×0.45 mm were cut for tensile
testing. Samples with a gauge length of 50 mm
were analyzed at a crosshead speed of
10 mm·min–1. A continuous load-deflection curve
was obtained. The averages and standard deviations
of 5 tests per sample are reported.

2.6. Thermogravimetric analysis (TGA)

Thermogravimetric analysis was performed in a
Perkin Elmer TGA7 thermogravimetric analyser
(Perkin Elmer, Wellesley, MA, U.S.A.). The sam-
ple mass was 6–8 mg. The analyses were carried
out from 30 to 600°C at a heating rate of 10°C·min–1

under nitrogen atmosphere (flow rate 20 ml·min–1).

2.7. Differential scanning calorimetry (DSC)

DSC analyses were performed in a Perkin Elmer
DSC7 differential scanning calorimeter (Perkin
Elmer, Wellesley, MA, U.S.A.). The analyses were
carried out on 5–10 mg samples between 30 and
200°C at heating and cooling rates of 10°C·min–1

under nitrogen atmosphere (flow rate 20 ml·min–1).
The onset and peak temperatures of melting, as
well as melting enthalpies, were obtained from the
second heating cycle.

2.8. Scanning electron microscopy (SEM)

SEM analyses of the nanocomposites were per-
formed using a JEOL WINSEM-6400 electron
microscope (JEOL Ltd., Tokyo, Japan). The probe
size was 114.98 nm, the probe current 0.02 nA, the
noise reduction 64 Fr and the AC voltage 5.0 keV.
The surfaces of the samples were coated with gold
by an electrode deposition method to impart electri-
cal conductivity before recording the SEM micro-
graphs.

2.9. SEM-EDX (energy dispersive X-ray
diffraction)

The SEM-EDX analyses were done in a Shimadzu
SSX-550 scanning electron microscope (Shimadzu

Corporation, Kyoto, Japan) at an AC voltage of
15.00 kV and a working distance of 17 mm. SEM-
EDX pictures were taken from the same area as the
SEM pictures.

2.10. Transmission electron microscopy
(TEM)

The samples were prepared using cryo-ultramicro-
tomy. They were mounted on cryo-pins and frozen
in liquid nitrogen. Sections were cut at –100°C
using a Reichert FCS (Leica, Vienna, Austria)
attached to a Reichert Ultracut S Ultramicrotome.
The sections (100–150 nm thick) were collected on
copper grids and viewed in a LEO 912 Omega
(Carl Zeiss NTS GmbH, Oberkochen, Germany)
transmission electron microscope, with an energy
filter, operating at 120 kV.

3. Results and discussion

The purpose of this work was to try and establish
whether introduction of an organic peroxide to the
molten polymer-clay mixture will influence clay
delamination and dispersion in the polymer matrix.
Such influence may be the result of grafting
between the polymer and clay, or crosslinking of
the polymer. Although it is known [1] that clay
exfoliates better into higher vinyl acetate (VA) con-
taining EVA, we used 9% VA containing EVA so
that any effect of the peroxide will not be overshad-
owed by a strong interaction between the EVA and
clay modifier. Dicumyl peroxide (DCP) was used
as crosslinking initiator at a temperature well below
its optimum decomposition temperature (1 h half-
life at 136°C), while dibenzoyl peroxide (DBP) was
used at a temperature above its optimum decompo-
sition temperature (1 h half-life at 91°C). Although
the DCP may not have decomposed completely
under the nanocomposite preparation conditions,
there would have been enough decomposition to
supply free radicals to the already mixed EVA/
organoclay nanocomposites.
The XRD spectra of all the investigated samples are
shown in Figure 1 and the 2θ and associated 
d-spacing values for the clay (001) peaks are sum-
marized in Table 1. Figure 1a compares the spec-
trum of the pure clay with those of the 1% clay
containing composites prepared in the absence and
presence of DCP and DBP. The clay shows a (001)
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diffraction peak at 2θ = 3.4° which corresponds to
a d-spacing of 2.6 nm, while the EVA/clay sample,
containing 1% clay and prepared in the absence of
an organic peroxide, shows possible intercalation

with an increase in d-spacing to 3.7 nm. In the case
of the samples containing 2% (Figure 1b) and 3%
(Figure 1c) clay there seems to be no intercalation
or exfoliation of the clay in EVA. This was
expected as a result of the known weak interaction
between organoclay and EVA with low VA con-
tent. It is, however, possible that minimal intercala-
tion also occurred in the case of the 1% clay
containing sample, because it has been shown that
XRD is not a very reliable technique for establish-
ing clay intercalation/exfoliation at low clay con-
tents [13]. This observation is supported by the
TEM image in Figure 2 that show the clay particles
with little evidence of intercalation and no exfolia-
tion.
For the samples prepared in the presence of DCP
there seems to be a much stronger interaction
between the EVA and clay. The 1% clay containing
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Figure 1. XRD spectra of EVA/clay (absence and pres-
ence of 1% peroxide) containing (a) 1%
Cloisite 93A, (b) 2% Cloisite 93A, and (c) 3%
Cloisite 93A

Table 1. 2θ and d-spacing values of the (001) diffraction
peak of the clay in the different nanocomposites

Sample 2θθ  [°] d-spacing [nm]
Clay 3.4 2.6
EVA/clay (1%) 2.4 3.7
EVA/clay (1%)/DCP no peak –
EVA/clay (1%)/DBP 2.7 3.3
EVA/clay (2%) 3.3 2.7
EVA/clay (2%)/DCP 3.4 2.6
EVA/clay (2%)/DBP 2.6 3.4
EVA/clay (3%) 3.6 2.5
EVA/clay (3%)/DCP no peak –
EVA/clay (3%)/DBP 2.6 3.4

Figure 2. TEM image of a 3% clay containing sample pre-
pared in the absence of peroxide



samples show no (001) diffraction peaks (Fig-
ure 1a), indicating exfoliation into the EVA matrix.
Gel content measurements on the samples show no
gel formation and therefore no, or very little
crosslinking, of EVA in the presence of DCP
(Table 2). We assume that any available peroxide
free radicals may have initiated some form of inter-
action between the EVA chains and the clay. A
suggested mechanism will involve hydrogen
abstraction from polymer chains and clay –OH
groups by peroxide free radicals, followed by graft-
ing between polymer chains and clay platelets. In
the case of the samples containing 2% (Figure 1b)
and 3% (Figure 1c) clay there seems to be partial
exfoliation (smaller (001) peaks), but no intercala-
tion. The absence of intercalation supports the idea
that the polymer interacts with the clay without
penetrating the clay layers [14]. The absence of
complete exfoliation is the result of increasing
clay:DCP ratios, giving rise to reduced interaction
between the EVA chains and the clay. Figure 3a
shows good exfoliation of the DCP treated, 1%

clay-containing samples, although some small tac-
toids are visible. Figure 3b does not only show
fairly good exfoliation of the clay in the polymer
matrix, but also very obvious orientation of the clay
platelets in the extrusion direction.
Nanocomposite samples prepared in the presence
of DBP show completely different morphologies
from those prepared in the presence of DCP (Fig-
ure 1). In this case a mixed morphology is clearly
observed. The 2θ values of the (001) diffraction
peaks are lower, while there is a development of a
second peak at higher 2θ values. There are different
views as to what may give rise to this additional
(00l) diffraction peak. Sinha Ray and Okamoto [9]
attribute it to flocculation of clay layers caused by
hydroxilated edge-edge interaction, while Galim-
berti et al. [14] discuss the possibility that such a
peak could appear under certain preparation condi-
tions, and is not necessarily the result of floccula-
tion. The TEM images in Figure 4 indicate a mixed
morphology. It is not completely clear why the
presence of DBP, which certainly was completely
decomposed under the preparation conditions used,
did not give rise to exfoliation as in the case of DCP
treated samples. The gel content results (Table 2)
show the formation of gel when DBP was intro-
duced in the samples, but the extent of gelation is
still much lower than expected. In this case there
may have been stronger interactions between the
polymer and the clay, but there was also polymer
crosslinking and possibly hydroxylated edge-edge
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Figure 3. TEM images of (a) 1% clay and (b) 3% clay containing samples prepared in the presence of DCP

Table 2. Gel content values for samples prepared in the
presence of DCP and DBP respectively (mass %
of clay initially mixed into sample was sub-
tracted)

Sample Gel content [%]
Pure EVA 0.2
99/1 w/w EVA/clay + 1 phr DCP 0.4
99/1 w/w EVA/clay + 1 phr DBP 5.9



interactions between the clay layers. A combination
of these reactions and resulting interactions then
gave rise to the observed mixed morphology.
SEM and SEM-EDX images of EVA/clay with
DCP are shown in Figure 5. These images show
regular leaflet patterns. The SEM-EDX image (Fig-
ure 5b), showing silica (in light grey) along the
lines of the pattern, indicates a higher clay concen-
tration on the edges of the pattern. We assume that
this pattern is the result of some roughness on the
surface of the die, combined with the shear forces
of extrusion and the attraction forces between the
matrix and the clay.

The TGA curves (Figure 6) show a two-step degra-
dation of the nanocomposites. The onset tempera-
ture of the first step was found to be in the range of
315–335°C, which corresponds to the release of
acetic acid. At temperatures above 380°C, thermal
degradation of the ethylene-co-acetylene main
chain takes place [11]. The TGA curves clearly
show that pure EVA is thermally more stable than
any of the nanocomposites, whether prepared in the
absence or presence of peroxide. The thermal
decomposition of organo-modifier will generate
strong acidic sites that will accelerate the deacety-
lation of EVA in the nanocomposites. These sites
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Figure 4. TEM images of (a) 1% clay and (b) 3% clay samples prepared in the presence of DBP

Figure 5. (a) SEM and (b) SEM-EDX images of a 3% clay containing sample prepared in the presence of DCP



are active when there is intimate contact between
the polymer and the silicate layers [8]. This is prob-
ably the reason why the exfoliated samples of the
DCP treated nanocomposites were the least ther-
mally stable. The DBP treated nanocomposites
were observed to have a mixed morphology,

including flocculation and the formation of tac-
toids. As a result the clay was not well dispersed
within the polymer matrix, which reduced the influ-
ence of the acidic sites on the deacetylation of
EVA. There was, however, no direct relationship
between the thermal stability of the nanocompos-
ites and the amount of clay.
Table 3 summarizes the peak temperatures of melt-
ing and crystallization, as well as the melting and
crystallization enthalpies, of pure EVA and the
nanocomposites. These values were obtained from
the second heating and cooling cycles of the DSC
analyses. The peak temperatures of melting and
crystallization of EVA in the different samples
show differences, but there is no trend or correla-
tion with the observed morphology. The presence
of clay, however, has an influence on the total crys-
tallinity of the EVA matrix. When comparing the
melting and crystallization enthalpies of pure EVA
and EVA in the nanocomposites (Table 3), it is
clear that the nanocomposites have 20–30% lower
enthalpy values than pure EVA. It is further clear
that the samples prepared in the presence of DBP
have higher enthalpy values than those prepared in
the presence of DCP. There is a good correlation
between the enthalpy (which is an indication of
total crystallinity) and the extent of intercalation or
exfoliation (as indicated by the XRD and TEM
results). The presence of clay, whether non-dis-
persed, intercalated, flocculated or exfoliated,
clearly reduces the EVA chain mobility, resulting
in a lower total crystallinity. In the presence of
DCP there is more exfoliation, resulting in a much
larger EVA-clay interphase which gives rise to
more reduced chain mobility and lower total crys-
tallinity. The lower extent of exfoliation, as well as
the presence of flocculation, of the clay layers
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Figure 6. TGA curves of (a) EVA/Cloisite 93A (1%) and
(b) EVA/Cloisite 93A (3%) prepared in the
absence and in the presence of 1% peroxide

Table 3. Peak temperatures of melting and crystallization, as well as melting and crystallization enthalpies, of the different
nanocomposites

Tp,m – peak temperature of melting; Tp,c – peak temperature of crystallization; ΔHm – melting enthalpy; ΔHm – crystallization enthalpy

Sample Tp,m [°C] ΔHm [J·g–1] Tp,c [°C] ΔHc / J·g–1

Pure EVA 95.8 57.2 81.3 –65.4
EVA/ clay (1%) 95.7 46.9 78.5 –45.3
EVA/ clay (1%)/DCP 94.2 40.7 78.6 –34.6
EVA/ clay (1%)/DBP 93.7 46.4 79.1 –48.6
EVA/clay (2%) 96.5 45.6 78.8 –43.6
EVA/clay (2%)/DCP 93.7 40.2 76.9 –34.1
EVA/clay (2%)/DBP 95.3 46.4 81.3 –44.8
EVA/clay (3%) 96.5 44.2 79.9 –46.2
EVA/clay (3%)/DCP 93.2 44.3 77.3 –37.9
EVA/clay (3%)/DBP 95.2 47.2 81.3 –42.1



reduce the EVA-clay interphase and therefore have
less influence on the polymer chain mobility. The
total crystallinity of the DBP treated samples, as
indicated by the melting or crystallization
enthalpies, is therefore higher.
The tensile data are shown in Table 4. The tensile
modulus of a polymeric material has been shown to
improve when nanocomposites are formed with
layered silicates [9]. This depends upon the nature
of interaction between the polymer matrix and sili-
cate layers. The tensile properties of the nanocom-
posites largely depend upon the amount and the
nature of the filler present. In our case the presence
of up to 3% Cloisite 93A clay in EVA had little
influence on both the tensile strength and modulus
of the samples. This is in line with earlier observa-
tions [15, 16], where up to 3% Cloisite 15A clay in
the same EVA gave similar values for the tensile
strength and modulus. Peroxide treatment also
seemed to have little influence on these properties,
although both the tensile strength and modulus are
about 10–20% higher for the 1 and 2% clay con-
taining samples prepared in the presence of DCP.
These were also the only samples showing some
degree of exfoliation.

4. Conclusions

The results discussed in this paper clearly show dif-
ferences in the EVA-clay morphology of nanocom-
posites prepared in the absence of organic perox-
ides, and of those prepared in the presence of
respectively DCP (which has a slow decomposition
under the preparation conditions) and DBP (which
should completely decompose under the prepara-
tion conditions). It seems as if DCP, under the

preparation conditions, much more improves the
polymer-clay interaction than DBP. The presence
of clay also seems to inhibit the initiation of
crosslinking by the DBP free radicals, probably
because these free radicals initiates hydroxylated
edge-edge interaction between the clay layers,
which gives rise to a flocculated morphology and
reduced polymer-clay interaction. There is a good
correlation between these morphologies and the
thermal stabilities of the nanocomposites, as stud-
ied through TGA, the total crystallinity, as seen
from the DSC melting and crystallization
enthalpies. There is, however, little difference
between the modulus and tensile strength values of
the different samples.
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1. Introduction
Linseed oil is a triglyceride oil consisting mainly of
linolenic acid (53%), oleic acid (18%), linoleic acid
(15%), palmitic acid (6%) and stearic acid (6%) [1].
Linseed oil is considered a good drying oil, used
mainly for the preparation of paints and varnishes
[2]. It is also used in enamels, linoleum, oilcloth,
patent leather, printer’s ink and as waterproofing
for raincoats, slickers and tarpaulins [3].
Considerable research has been carried out on
applications of linseed oil. In medicinal front, it is

claimed that linseed oil is useful in treating anxiety,
prostate problems, vaginitis, weight loss and cer-
tain types of cancer [4], but appropriate research is
lacking. To improve its film properties, different
olefinic monomers, such as styrene, have been
copolymerized with linseed oil [5–7]. Recently, it
has been reported [8] that the reaction of styrene
with drying oils depends on the number of conju-
gated double bonds present in the drying oil.
Larock and coworkers have successfully prepared
useful bioplastics from tung [9] and linseed oil [10]
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by thermal copolymerization. Some bioplastics
have also been prepared from soybean [11, 12],
tung [13], and corn [14] oils by cationic copolymer-
ization with varying amounts of styrene (ST) and
divinylbenzene (DVB). Crosslinked bacterial poly-
esters have been obtained by the free radical poly-
merization of soybean oil acids [15]. Extensive
research has been devoted to the development of
polymers from triglyceride oils as a natural alterna-
tive to petroleum-based polymers [16–18]. In this
work, common linseed oil is grafted free radically
with ST and DVB to prepare a range of promising
new polymers.

2. Materials and methods

2.1. Materials used

The linseed oil (LIN) used in this study was pur-
chased from the local market. ST and DVB (stabi-
lized with 4-tert-butylpyrocatechol) were pur-
chased from Merck Chemical Co., Germany and
used as received. Benzoyl peroxide (BPO) was pur-
chased from CDH Ltd., New Delhi (India) and used
as received. Tetrahydrofuran was purchased from
Merck Chemical Co., Germany and used as a sol-
vent for extraction.

2.2. Polymer preparation

The polymeric materials have been prepared by
heating the desired concentration of linseed oil
[LIN or Benzoyl peroxide initiated Linseed Oil
(BLO)], ST and DVB in a glass vial. Two different
methods for preparation of the polymeric materials
have been adopted. In the first method, all of the
materials were mixed in a vial in the desired
amounts, stirred thoroughly and then the initiator
BPO (1%) was added with stirring for proper disso-
lution. The material was heated sequentially to the
desired temperatures for the appropriate amount of
time, usually 85°C for 45 minutes, 100°C for
12 hours, 120°C for 24 hours and finally 130°C for
3 hours. When using the second method, the LIN
was heated with 1% BPO at 120°C for five hours
(henceforth known as BLO) and then ST and DVB
were added to the oil and heated sequentially to the
desired temperatures, usually 85°C for 45 minutes,
100°C for 12 hours, 120°C for 24 hours and finally
130°C for 3 hours. The nomenclature used in this
work is based on the original composition of the

reactants. For example, LIN30-ST42-DVB28 rep-
resents a polymer prepared from 30 weight% of lin-
seed oil (LIN), 42 weight% of ST and 28 weight%
of DVB and BLO30-ST42-DVB28 represents a
polymer prepared from 30 weight% of initiated lin-
seed oil (BLO), 42 weight% of ST and 28 weight%
of DVB.

3. Characterization

3.1. Soxhlet extraction

The polymeric materials reported in Table 1 were
subjected to soxhlet extraction to determine their
soluble and insoluble contents. About 2 gram sam-
ple of the bulk polymer was extracted for 24 hours
with 150 ml of refluxing tetrahydrofuran using a
soxhlet extractor. After extraction, the resulting
solution was concentrated by rotary evaporation
and subsequently dried under vacuum. The insolu-
ble materials were dried under vacuum for several
hours before weighing.

3.2. 1H nuclear magnetic resonance
spectroscopy (1H NMR)

The soluble extract from the polymeric material, as
well as LIN, ST and DVB were dissolved in
CDCl3. Tetramethylsilane (TMS) was used as a ref-
erence to compare the spectra obtained. The spectra
were obtained using a multinuclear FT-NMR Spec-
trometer (Bruker AC-300 F) at 300 MHz. A total of
30 scans were averaged to obtain the final data.

3.3. Dynamic mechanical analysis (DMA)

The dynamic mechanical analysis of the properties
of bulk polymers were conducted by using a
Perkin-Elmer dynamic mechanical analyzer DMA
Pyris-7e in a three-point bending mode with a
110 mN static force and a 110 mN dynamic force.
A rectangular specimen was prepared by machin-
ing the cylindrical product (obtained from heating
in a vial) to specimens of 1.2–2 mm thickness and
5 mm depth. Each specimen was first cooled under
liquid nitrogen to ca. –60°C, and then heated at
3°C/min and at a frequency of 1 Hz under nitrogen.
The viscoelastic properties, i.e. storage modulus E ′,
and mechanical loss factor (damping) tanδ were
recorded as a function of temperature. The glass
transition temperature Tg of the polymer was
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obtained from the peak of the loss tangent plot. The
crosslink densities, νe, were determined from the
rubbery modulus plateau based on the theory of
rubber elasticity (Equation (1)) [19, 20]:

E′ = 3νeRT (1)

where E′ is the storage modulus (Young’s) of
crosslinked polymer in the plateau region, R is the
universal gas constant (8.314 J·mole–1·K–1) and T is
the absolute temperature [K].
Since the three point bending mode was used for all
dynamic measurements, the storage modulus
obtained is a flexural modulus, which is related to
Young’s modulus as Equation (2) [21, 22]:

(2)

where D′ is the flexural storage modulus (flexural
rigidity) per unit width; ν is Poisson’s ratio and h is
the thickness of the specimen. For simplicity and
ease of comparison with the previously published
results [11], Equation (1) has been used to calculate

the crosslink density, assuming that E′ and D′ are
equal.

3.4. Differential scanning calorimetry (DSC)

Differential scanning calorimetric studies were car-
ried out by using a differential scanning calorimeter
(TA Instruments DSC Q10 V9.0 Build 275) in the
temperature range of 35 to 250°C at a heating rate
of 20°C/min. The sample weight used was approxi-
mately 4–5 mg. The peaks were used to determine
the glass transition temperature Tg of the samples
which is approximately 20 to 40°C higher than Tg

shown by loss tangent plot. The area in J/gm was
also reported by integrating the peak from DSC
results and peak width was calculated from the dif-
ference between starting point and finishing point
of the DSC peak for each sample.

3.5. Scanning electron microscopy (SEM)

The polymeric samples to be scanned were mounted
onto the specimen stub. The samples were sputter
coated with a thin layer (approximately 25 nm) of
gold under a vacuum by using a JEOL Sputter
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Table 1. Compositions of the crosslinked linseed oil-ST-DVB copolymers from soxhlet extraction and 1H NMR spectro-
scopic studies

aMicrocomposition of the extracted soluble materials calculated from the 1H NMR spectra of the glyceride peak at 4.1 ppm and the aryl
CH peak at 7 ppm. bThe data in parentheses have been calculated directly from the wt% of oil and wt% of aromatics in the soluble
extract. The first value in the parentheses represents the % oil content and the second value represents the % aromatic content. cThe data
in the parentheses have been calculated indirectly from the wt% of the oil and aromatic content in the soluble extract, as the total mass
of the soluble and insoluble portions are held constant. The first value in the parentheses represents the % oil content and the second
value represents the % aromatic content.

Sample Polymer
Soluble extracts a Soxhlet results

Weight%
of oil

Weight%
of ST and DVB

Soluble b

[wt%]
Insoluble c

[wt%]
C1 LIN30-ST42-DVB28 97.25 02.75 26.1(25.38 | 0.72) 73.9(4.62 | 69.28)
C2 LIN35-ST39-DVB26 98.48 01.52 33.6(33.09 | 0.51) 66.4(1.91 | 64.49)
C3 LIN40-ST36-DVB24 97.33 02.67 38.8(37.76 | 1.04) 61.2(2.24 | 58.96)
C4 LIN45-ST33-DVB22 98.27 01.73 45.1(44.22 | 0.89) 54.9(0.88 | 64.11)
C5 LIN50-ST30-DVB20 97.80 02.20 49.5(48.41 | 1.09) 51.5(1.59 | 48.91)
C6 LIN55-ST27-DVB18 97.68 02.32 54.1(52.84 |1.26) 45.9(2.16 | 43.74)
C7 LIN60-ST24-DVB16 97.34 02.66 59.9(58.31 | 1.59) 40.1(1.69 | 38.41)
C8 LIN65-ST21-DVB14 98.93 01.07 63.4(62.72 | 0.68) 36.6(2.28 | 34.32)
B1 BLO30-ST42-DVB28 94.59 05.41 30.3(28.39 | 1.91) 69.7(1.61 | 68.09)
B2 BLO35-ST39-DVB26 91.24 08.76 38.7(34.47 | 4.23) 61.3(0.53 | 60.77)
B3 BLO40-ST36-DVB24 91.93 08.07 43.5(39.55 | 3.95) 56.5(0.45 | 56.05)
B4 BLO45-ST33-DVB22 90.62 09.38 48.5(43.95 | 4.55) 51.5(1.05 | 50.45)
B5 BLO50-ST30-DVB20 88.61 11.39 55.6(49.21 | 6.39) 44.4(0.79 | 43.61)
B6 BLO55-ST27-DVB18 92.05 07.95 59.5(54.77 | 4.73) 40.5(0.23 | 40.27)
B7 BLO60-ST24-DVB16 86.23 13.77 68.3(58.90 | 9.40) 31.7(1.10 | 30.60)
B8 BLO65-ST21-DVB14 91.86 08.14 70.2(64.49 |5.71) 29.8(0.51 | 29.29)



Coater (JFM 1100). The metal coating prevents the
buildup of high voltage charges on the specimen. In
addition, the metal coatings serve as an excellent
source of secondary electrons, as well as helping to
disperse potentially damaging heat. The coated
samples were examined using a JOEL scanning
electron microscope (JSM 6100) at a 20 kV accel-
erating voltage and the images were recorded on
120 B and W Roll Film (100 ASA).

3.6. Heat deflection temperature (HDT)

The heat deflection temperatures of the polymeric
samples were measured according to ASTM D 648.
The dimensions of the samples were 80×10×4 mm.
They were tested in a flatwise position. For the
HDT measurements, the samples were heated from
room temperature to 170°C at a rate of 2°C per
minute. A load of 450 kPa was applied to the sam-
ple at the center. Once the sample was deflected by
0.25 mm, the temperature was noted. This is the
heat deflection temperature (HDT) of the sample.

3.7. Swelling analysis

The swelling analyses of the polymeric samples
were carried out in different solvents viz., saline
(20% NaCl), alkaline (2% NaOH), acidic (2%
H2SO4) and tetrahydrofuran. To study the swelling
kinetics, the so-called pat-and-weight technique
was used for liquid sorption [23]. The polymeric
samples were allowed to remain in the solution for
72 hours at room temperature and then weighed as
soon as they were removed from the solvent. The
samples were weighed after 2, 4, 8, 12, 24, 48 and
72 hours. The swelling ratio, qv, of the various
polymers at equilibrium [24] was determined using
the Equation (3):

(3)

4. Results and discussion

4.1. Microstructure of the LIN-ST-DVB
copolymers

Sixteen polymer samples, in total, were prepared
by the free radically grafted copolymerization of
varying amounts of LIN, ST and DVB as reported

in Table 1. The possible initiation reactions for this
free radical process are shown in Figure 1. It is
observed that the LIN employed in this study is
oligomerized on heating and becomes viscous at
160°C or higher. No crosslinked polymers are evi-
dent at 160°C, but upon standing for several days at
room temperature, this oil forms an upper solid sur-
face. This indicates that the LIN polymerizes in the
presence of oxygen. Thus, the formation of
crosslinked homopolymers from LIN probably
depends on the conditions employed, namely the
thickness of the surface layer, the temperature and
the time of reaction with surface oxygen, etc. It is
also observed that when this heated oil is mixed
with equal amounts of ST and left for some days at
room temperature, it also forms a solid upper sur-
face. Thus, in order to get a viable product of con-
siderable strength within some stipulated time, it is
important that one mixes the LIN with some more
thermally active reactants, like ST and DVB.
The activation temperature for the free radical
copolymerization of ST and DVB is much lower
than that of LIN. Both ST and DVB undergo poly-
merization at 100°C, resulting in hard rigid solid
material. Based on the above findings, the mixture
of LIN, ST and DVB was successively heated at
85°C for 45 minutes, then 100°C for 12 hours,
120°C for 24 hours, and finally at 130°C for
3 hours. During the heating at 100°C, all of the
reactant mixtures (C1–C8 and B1–B8 of Table 1)
solidified within two hours of heating. Thus, a rea-
sonable mechanism for initiation may involve for-
mation of the radicals 2 and 3 from ST and DVB
after decomposition of the initiator. These radicals
are then capable of attacking the C=C bonds of the
ST, DVB and LIN. After post curing at 130°C,
almost all of the starting materials are converted
into crosslinked polymers. It is expected that the
radicals 2 and 3 generated as shown in Figure 1 will
form relatively stable radicals by adding either to
ST or DVB. During prolonged heating, the ST-
DVB copolymer chains crosslink at the pendant
vinylic double bonds and the rest of the pendant
vinylic double bonds react with many unreacted of
double bonds in the LIN, leading to a crosslinked
polymer having two distinctly separated soft and
hard phases. The radical 5 is more pronounced and
may result in grafting (6) of LIN in the ST-DVB
polymer chain. The soft phase is comprised mainly
of the LIN copolymer, whereas the hard phase con-

polymerdryofvolume

polymerswollenofvolume=vq
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sists primarily of ST-DVB copolymer. There is a
strong possibility of seeing phase separation
(macroheterogeneity) between these two phases,
leading to some fault or defect-like cracks in the
bulk and surface when relatively few dangling
vinylic double bonds from the ST-DVB copolymer
are available for grafting with the double bonds of
the fatty acid chains of the LIN. This condition pre-
vails when a very low amount of DVB (<14%) is
present in the mixture. Thus, the sample C8, con-

taining the least DVB (14%) exhibits no visible
phase separation.
Apparently, the aromatic comonomers (ST and
DVB) upon crosslinking strengthen the copolymer
chains and thus make the resulting fully cured poly-
mers more viable as structural materials. As noted
earlier, when the DVB concentration is not suffi-
ciently high, there is a strong possibility of agglom-
erating soft and hard phases forming clusters
among themselves, leading to macrophase separa-
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Figure 1. The possible initiation reactions for this free radical process



tion. The macrophase separation induces cracks in
the products, along with the separation of white
crosslinked ST-DVB copolymer. With 20% DVB
content (C5 of Table 1), both soft and hard phases
are still present in the product, but the formation of
an oil-grafted ST-DVB copolymer prevents the for-
mation of clusters. Thus, macroheterogeneity
reduces to microheterogeneity, which is indicated
by the opaque nature of the material.
Based upon the above results, different concentra-
tions of LIN were added to a 3:2 mixture of ST and
DVB. It is observed that for a LIN concentration of
30–65% (C1–C8), the samples are free of cracks.
An increase in the DVB content results in the for-
mation of more highly crosslinked copolymers of
LIN, further reducing the possibility of macrophase
separation.

4.2. Soxhlet extraction

The polymer samples were extracted to determine
their insoluble content and these results are shown
in Table 1. With an increase in the LIN content in
the polymeric samples from 30 to 65%, the insolu-
ble content of the samples decreases from 74 to
30%, while the soluble portion increases from 26 to
70%. A plot of the percentage of the LIN vs. the
soluble content of the sample is shown in Figure 2.
These results indicate that with an increase in the
LIN content, the crosslinking densities of the poly-
meric samples decrease. The polymer samples pre-
pared by the first method have less soluble content
as compared to the samples prepared by the second

method, which indicates that the crosslinking den-
sities of samples prepared by the second method are
less than that prepared by the first method. In the
second method, the initiator is first allowed to react
with the LIN, may cause the formation of peroxy-
linkages, which subsequently cause the degrada-
tion, as well as crosslinking. The presence of the
higher soluble contents in the polymers from this
second method may be due to this degradation
process. It may be caused also because of partial
blocking of double bonds with radicals produced
by the initiator as well as radical recombination. In
such case more active pre-initiated double bonds of
the oil are falling out of the following copolymer-
ization process.

4.3.1H NMR spectroscopic characterization

The 1H NMR spectra of ST, DVB, LIN, solvent
removed from extractable portion of the polymer
(vacuum rota-evaporator) and the soluble extract
from the polymeric samples C5 (LIN50-ST30-
DVB20) and B5 (BLO50-ST30-DVB20) are shown
in Figure 3. The extracts from C5 and B5 are repre-
sentative of the soluble extracts obtained from all
other samples (C1–C4 and B1–B4). The peaks at
2.8 ppm are due to the methylene (CH2) protons
present in between the two unsaturated C=C double
bonds of the fatty acid chain. The presence of a
similar peak in the DVB is due to the presence of
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Figure 2. Variation in solubility of the LIN polymers with
increasing LIN content

Figure 3. 1H NMR spectra of DVB, extracts of the sam-
ples B5 (BLO50-ST30-DVB20) and C5 (LIN50-
ST30-DVB20), LIN and ST



methylene protons in the ethylvinylbenzene, which
is present to the extent of about 20% in the DVB.
The peaks for the vinylic (C=C–H) protons of the
linseed oil, ST and DVB are present at 5.1–
5.8 ppm. The peaks at 4.1–4.5 ppm in the soluble
extract (C1–C8 and B1–B8) (samples C5 and B5 are
shown in Figure 3) and in LIN are due to the meth-
ylene protons (CH2) of the glyceride unit. This is a
particularly characteristic peak for the LIN oil. It is
used in calculating the oil content in the soluble
extract of the polymeric material. The aromatic
protons of the ST, DVB and the oligomeric portion
of these materials are observed between 7.1–
7.9 ppm. These aromatic peaks are distinctive and
are used to calculate the ST and DVB content in the
soluble extracts. However, the peak due to the sol-
vent CDCl3 peak, which occurs in the same region
at 7.26 ppm, has been excluded from all calcula-
tions. The solvent removed from the soluble por-
tion by vacuum evaporation is free from any
oligomers and the peak is shown in Figure 3. The
peak is same as for pure solvent.
The weight percentages of the oil and aromatic
components of the different samples are reported in
Table 1. The weight percent of the LIN in the solu-
ble extract varies from 86 to 99% and the weight
percent of aromatic components varies from 1 to
14%. The values in parentheses in the Soxhlet
results of Table 1 indicate the detailed microcom-
position of the polymeric samples. The soluble por-
tion present in the samples helps plasticize the
crosslinked insoluble materials. Thus, the insoluble
materials mainly determine the properties of the
polymeric material. For the samples C1–C8 and
B1–B8 in Table 1, the amount of oil decreases in the
insoluble fraction, but the decrease is more signifi-
cant in samples B1–B8. With the decrease in DVB
content from 28 to 14%, the amount of oil in the
insoluble portion shows a considerable decrease.
This fact is consistent with our hypothesis that the

LIN is grafted into the polymer chain of the ST and
DVB copolymer during prolonged heating.

4.4. Dynamic mechanical analysis

Figure 4 shows the variation of tanδ and storage
modulus with temperature for different linseed oil
polymer samples (C1, C3, C5, and C7). The glass
transition temperatures were obtained from the tanδ
peaks and the crosslink densities were calculated
from the plateau storage moduli using Equation (1).
These are listed in Table 2. From the tanδ plots of
Figure 4, the presence of a hump or two peaks in all
of the samples except C1 and C3 indicates that there
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Figure 4. tanδ and storage modulus with temperature for
LIN polymer samples (C1, C3, C5, and C7)

Table 2. Dynamic mechanical and thermal properties of crosslinked linseed oil-ST-DVB copolymers

aDifference between starting and finishing temperature of the peak

Sample Polymer composition
DMA results DSC results HDT

resultsTg [°C] ννe [104 mol/m3] Tg [°C] Area [J/gm] Peak width a

C1 LIN30-ST42-DVB28 141–146 21.00 181.28 31.70 120.57 43.6
C3 LIN40-ST36-DVB24 121 08.28 180.73 46.19 104.17 35.9
C5 LIN50-ST30-DVB20 100 and 146.5 06.01 178.34 62.74 099.51 31.3
C7 LIN60-ST24-DVB16 66 and 91 08.60 158.86 96.03 086.10 26.9
B5 BLO50-ST30-DVB20 50.6 and 70.5 35.00 164.31 76.93 083.06 –



is clearly phase separation between the soft oily
phase and the hard aromatic phase. The peaks for
sample C1 and C3 get merged due to the broadening
of the hump. It was reported that the glass transition
temperature peaks for rubbery materials appears in
negative region [10]. In present work, the glass
transition peaks for all samples are appearing above
the room temperature. The crosslink densities of
these samples are quite high, which suggests that
these polymers should be hard plastics. But from
visual inspection, it appears that these samples are
neither plastics nor elastic, but to some extent waxy
in nature. These observations indicate that these
samples are crosslinked as well as degraded (the
presence of atmospheric oxygen causes degrada-
tion). That is why these samples show high glass
transition temperature.
With increase of oil contents in these polymers, it is
observed that the strength of these samples is very
low, when compared with the polymeric samples
from thermal polymerization of conjugated linseed
oil reported by Kundu and Larock [10]. The possi-
ble explanation is the simultaneous crosslinking
and degradation of polymer chains. This leads to
the formation of highly crosslinked small poly-
meric chains giving rise to high Tgs and crosslink
densities (νe). The crosslink densities (νe) of these
samples (C1, C3, C5, and C7) are plotted in Figure 5.
The crosslink density of C1 is the highest and
decreases with increasing oil contents upto sample
C5. From sample C5 onwards νe start decreasing
again which suggest that as the linseed oil contents
increased beyond 50%, the degradation of linseed

oil dominates. This results in highly crosslinked
small polymer chains. The samples B5 (not shown
in Figure 5) shows highest νe and is more waxy
than C7 (LIN 60%).
In considering the storage modulus plots of these
polymers, it is observed that the storage modulus at
high temperature (>50°C) is higher for samples
containing less linseed oil and it decreases with
increasing oil contents. In samples C5 and B5, sam-
ple B5 show high modulus at low temperature
(< –5°C) and sample C5 shows high modulus at
temperature higher than 20°C. This may be due to
the reason that, in sample B5, the initiator oligomer-
izes the oil first and a few peroxy radical left for
polymerizing other comonomers. Also, the molecu-
lar size of linseed oil is larger than the one of BPO.
Thus the BPO treated linseed oil molecules have
less reactivity and less diffusablity as compared to
BPO. Due to this, the polymerization is lower in
sample B5 than C5.

4.5. Differential scanning calorimetry

The plots of heat flow [W/g] versus temperature
[°C] for different samples are shown in Figure 6.
The differential scanning calorimetry results are
shown in Table 2. It seems that the polymers show
their transitions in a specific temperature range
where some chemical reaction may also occur.
Thus, the glass transition appears in the range of
164–181°C (higher by 40–90°C from the transition
temperature shown by the samples by dynamic
mechanical analysis). But these transitions are
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Figure 5. Heat deflection temperatures [°C] and crosslink
density [νe] with variation in the LIN content

Figure 6. DSC plot using heat flow [W/g] versus tempera-
ture [°C] for LIN polymer samples (C1, C3, C5,
C7, and B5)



shadowed by exothermic peaks in the range of
164–181°C, exhibited by the samples. The exother-
mic peaks are originated due to the possible
crosslinking of the polymers initiated from the per-
oxy linkages formed during the free radical poly-
merization. In the free radical polymerization,
some aerial oxidation occurs during polymeriza-
tion, resulting in residual peroxy linkages [25].
The sample C1 is hard in nature and it shows a
broad peak. As the aromatic component (ST and
DVB) decreased, the peak becomes sharper indicat-
ing the change in nature of the samples from plastic
to waxy. The area of the peak increases with a
decrease in peak width. With increase in the oil
contents, the content of residual peroxy linkages
increases [25]. The presence of more peroxy link-
ages needs higher energy for its breakage leading to
crosslinking of polymers. Thus, the results from
Table 2 justify the increase in the peak area. The
increasing oil contents resulted in sharper peaks.
The Tg of sample C5 is higher than that for sample
B5, but the peak is observed to be less sharp for
sample C5 than sample B5. This indicates that the
sample B5 is waxier.

4.6. Scanning electron microscopy (SEM) of
the insoluble extracts

The insoluble portion of the samples after extrac-
tion with tetrahydrofuran has been used to study the
morphological behavior by scanning electron
microscopy. The SEM micrographs of all of the
samples are very similar and indicate that the mate-
rial is porous in nature and the pores are evenly dis-
tributed throughout the whole matrix. The micro-
graphs of sample C5 are shown as representative of
all other samples. Three micrographs of the sample

C5 with different magnification (contains 50%
LIN) are shown in Figure 7. Figure 7a confirms the
presence of cracks on the surface of the sample
after Soxhlet extraction. Under higher magnifica-
tions (Figures 7b and 7c), the pores are clearly visi-
ble, which indicates that the material is porous in
nature and, as the ST and DVB content decreases,
the material becomes more porous.

4.7. Heat deflection temperature
The heat deflection temperatures (HDT) for various
samples (C1–C7) are reported in Table 2. In Fig-
ure 5, the HDT of the polymeric sample is plotted
against the percent of oil. The HDT of sample C1 is
the highest (43.6°C) and that for sample C7 is the
lowest (26.9°C). The higher value of HDT is
mainly due to the higher aromatic content present
in the polymeric samples. With a decrease in the
aromatic content, the HDT of the samples decreases.
The HDT for the sample with 65% oil is not tabu-
lated, since the sample broke during testing due to
its softness.

4.8. Swelling of samples

The polymeric samples have been tested for
swelling in different media. The swelling ratios (qv)
have been determined from the swelling of samples
by Equation (3). The swelling ratios of the samples
prepared by the first method have been plotted
against the percent of oil present in the sample. The
graphs for the polymeric materials prepared by
both methods are shown in Figure 8. The polymers
prepared by the first method (C1–C8) show mini-
mum swelling for saline water and a maximum for
tetrahydrofuran. This is due to the fact that tetrahy-
drofuran is an organic solvent, which can readily
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Figure 7. SEM micrographs of the insoluble materials from the sample C5 (LIN50-ST30-DVB20) with different magnifi-
cations. (a) Magnification-150×, Scale-100 µm, (b) Magnification-40 000×, Scale-100 nm, (c) Magnification-
10 000×, Scale-1 µm



diffuse into the polymer network, whereas the other
three solutions are aqueous and quite polar in
nature and have less penetration into the relatively
non-polar polymer and hence show less swelling.
For the polymers prepared by the second method
(B1–B8), the swelling is maximum for the alkaline
solution and minimum for the acidic solution. Once
again, tetrahydrofuran exhibits significant swelling,
but even greater swelling is observed in the alkaline
solution. This is perhaps due to the fact that initial
treatment of the oil by air has resulted in partial oxi-
dation of the oil, which in turn results in alkaline
hydrolysis of the resulting polymeric materials,
although we have no actual proof of this hypothe-
sis. Due to the presence of oxidized fragments, pre-
sumably in the form of carboxylic acids, in the
polymeric samples, minimum swelling is observed
in acidic solution. When both methods for prepara-
tion of the polymers are compared, it is observed
that the degree of swelling is greater for the mate-
rial prepared by the second method. This can be
explained by the fact that during polymerization at
the higher temperatures, some degradation of the

sample apparently occurs. The polymers prepared
by the first method (C1–C8) are quite resistant
towards saline water and those prepared by the sec-
ond method (B1–B8) are resistant towards aqueous
acid.
The swelling ratios at different time intervals for
tetrahydrofuran for the samples C5 and B5 are
shown in Figure 9. Figure 9 represents the time
dependence of the swelling ratios. The swelling
increases progressively with time. A sharp rise in qv

values is observed at the early stages of swelling.
After 24 hours, the qv values show little change.
This may be explained in terms of the catastrophic
rupture of the polymer network due to the internal
stress caused by diffusion of the liquid into the
polymer network. Sample B5 shows more swelling
than sample C5.

5. Conclusions

A variety of novel polymers have been synthesized
by the free radical graft copolymerization of lin-
seed oil (LIN), ST and DVB in the presence of ben-
zoyl peroxide as an initiator. The copolymerization
is performed in a temperature range of 85–130°C.
Various compositions of LIN, ST and DVB start to
solidify at 100°C and the reaction is completed at
130°C. The resulting crosslinked polymers have
been extracted by tetrahydrofuran in a Soxhlet
extractor and are found to contain approximately
30 to 74% of highly crosslinked materials. 1H NMR
spectroscopic analysis indicates that the cross-
linked materials are composed of soft oily, as well
as hard aromatic domains. The insoluble cross-
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Figure 9. Change in the swelling ratios of 50% LIN (C5)
and BLO (B5) samples with time

Figure 8. Swelling ratios in various media with variation
in (a) the LIN content and (b) the BLO content



linked materials have been examined under a scan-
ning electron microscope (SEM). The SEM studies
reveal the presence of fine pores in the material
after extraction and indicate an even distribution of
the soluble materials throughout the matrix. The
heat deflection temperatures (HDT) of the polymer
samples range from 26 to 44°C. With an increase in
the oil content, the softness of the sample increases,
leading to higher heat deflection at a lower temper-
ature. The loss tangent and storage modulus have
been used to calculate Tg and crosslink density of
different samples. The Tg obtained from DMA for
different linseed oil polymer samples ranges from
147 to 66°C. The crosslink density of samples
ranges from 35.0 to 6.01·104 mol/m3. The Tg from
DSC results ranges from 182 to 158°C. These
results show that the polymer samples prepared
from linseed oil are hard and waxy in nature. The
samples have been tested for swelling in alkaline,
acidic, and brine solutions, as well as in tetrahydro-
furan. The polymeric samples C1–C8 show mini-
mum swelling in saline water and maximum
swelling in tetrahydrofuran, while the polymeric
samples B1–B8 show maximum swelling in alka-
line solution and a minimum in acidic solution. The
polymers prepared show high crosslink density and
high transition temperature as show by hard plas-
tics. The visual inspection showed that these sam-
ples are not hard plastics and have very little
strength. The highly crosslinked materials with
lower strength is resulted from the simultaneous
oxidative degradation and crosslinking of polymer
chains. These observations suggest that these poly-
mers if prepared in anaerobic conditions may
results in products with high molecular weight
chains.
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1. Introduction
The difference between pressure-sensitive adhe-
sives and other adhesives, such as contact adhe-
sives, is in the permanent surface stickiness of the
pressure-sensitive adhesives before, or after, the
application. In the giant field of adhesives the pres-
sure-sensitive adhesives make up but a low per-
centage and the solvent-borne pressure-sensitive
acrylic adhesives with their 20 000…30 000 tons
per annum in Europe are almost a quantity negligi-
ble within this group. Pressure-sensitive adhesive
acrylics can be applied in forms as a solvent-borne,
as a water-borne (dispersions) and as a solvent-free
system.
Solvent-based acrylic pressure-sensitive adhesives
represent more than 45% of the total PSA pro-
duced. Pressure-sensitive adhesive acrylic solu-
tions are nowadays predominantly manufactured
by polymerization from a wide selection of mono-
mers containing acrylic groups, often with low lev-

els of monomers having pendant functional groups
in a refluxing organic solvent in the present of a
radical initiator, such as organic peroxides or azo
compounds. The acrylic monomers are commonly
polymerized utilizing free radical polymerization
processes involving the unsaturation contained in
the acrylic monomer [1].
Azo groups containing initiators such as azo-per-
oxy compounds can be divided into: azo-dialkyl
peroxides, azo-diacyl peroxides, azo-peresters and
azo-hydroperoxides. Fist three groups of azo-per-
oxy compounds can play a role of bifunctional ini-
tiators in generation of block copolymers. They can
also play a role of traditional initiator in radical
polymerization of just one type of monomers.
Azo-diacyl peroxides and azo-peresters were tested
as initiators in styrene [2–3] and acrylamide [4]
polymerization processes and in preparation of
block copolymers from vinyl [5–7] and acrylic [8]
monomers.
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In 80’s one of azo-peroxy compounds [6] was pro-
duced by Ludicol Division of Pennwalt Corpora-
tion. This compound was made from commercially
available 4,4′-azobis-(4-cyanopentanoic) acid and
tert-butyl hydroperoxide. Actually they are not
commercially available. Due to the similarity of
azo and peroxy groups decomposition temperatures
those compounds were not suitable to obtain well-
defined block copolymers when both stages of
polymerization were initiated thermally. Azo-per-
oxy compounds in comparioson to traditional free
radical initiators have some other advantages, such
as higher initiation rate [9].
Compounds described in this article belong to azo-
peresters group. Those compounds have three
labile groups: azo and two peroxy separated wih
carbon chain with different number of methylene
groups (Figure 1). Figure 1 shows commercial rad-
ical initiator AIBN too.

2. Experimental

2.1. Synthesis of azo-peresters radical
initiators

The simpler method to obtain azo-peresters is a
method described in this article consisting a single
step reaction of carboxylic acid with azo function
with tert-butyl hydroperoxide in presence of 1,1′-
carbonylimizadazole (Figure 2).

2.2. Preparation of azo-peroxyesters (general
procedure)

To the 3-RB flask equipment with mechanic stirrer,
nitrogen supply and dropping funnel, was intro-

duced a solution of carboxylic acid with azo func-
tion (10 mmol) in dry THF. To this mixture was
slowly added solution of 1,1′-carbonyldiimidazole
(21 mmol) in dry THF. A suspension was exten-
sively stirred for about 30 minutes. After this time
the mixture was cooled down to less than 5°C, and
80% tert-butyl hydroperoxide (35 mmol) was
added. The progress of the reaction was studied by
means of TLC (thin layer chromatography) method
(mobile phase CH2Cl2:CH3COCH3 9:1, a solution
of sodium iodide in acetic acid was used for visual-
ization of the separated substances). The reaction
was continued for 5 h. After this time to reaction
mixture was added Et2O, and stirring was contin-
ued for 45 minutes. The mixture was then washed
twice: with 5% NaOH and water. The organic layer
was dried with MgSO4, and then the solvent was
evaporated on vacuum rotary of ambient tempera-
ture. All azo-peresters were crystallized from
CH2Cl2.
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Figure 1. Chemical formula of AIBN and of azo-peresters

Figure 2. Synthesis of azo-peresters radical initiators



2.3. Materials for synthesis of 
azo-peroxyesters

Tert-butyl hydroperoxide (Merck) was extracted
with hexane. THF was distilled over metallic Na
and used immediately. 4,4′-azobis-(4-cyanopen-
tanoic) acid (Fluka), 1,1′-carbonyldiimidazole
(Alfa Aestar), 5,5′-azobis-(5-cyanohexanoic) acid
and 6,6′-azobis-(6-cyanoheptanoic) acid were syn-
thesized as described by Silesian University of
Technology.

2.4. Analysis of synthesis of azo-peroxyesters
1H NMR spectra were recorded in CDCl3 on a Var-
ian Unity Inova-300 spectrometer using TMS as an
internal standard and compared, with the reference
standard. IR spectra were recorded on a Zeiss
Specord M 80 spectrometer.

2.5. Synthesis of acrylic PSA using
synthesized azo-peresters

The following experiments were conducted to
study the influence of kind and concentration of
novel azo-peroxyesters as radical initiators on the
main properties of synthesized solvent-borne
acrylic pressure-sensitive adhesives (PSA) as vis-
cosity, molecular weight and polydispersity [10].

2.5.1. Materials

The acrylate monomers, i.e. 2-ethylhexyl acrylate,
acrylic acid and solvent ethyl acetate were avail-

able from BASF (Germany). AIBN was supplied
by Evonik Degussa (Germany) and other investi-
gated radical azo-perester initiators (Figure 3) were
synthesized at the Silesian University of Technol-
ogy.

2.5.2. Polymerization process

All starting materials such as acrylate monomers,
solvent and AIBN were obtained technical grade
and were used without further purification unless
otherwise noted. The investigated synthesized azo-
peroxyesters were likewise technical commercial
grade.
The basic solvent-borne pressure-sensitive adhe-
sive was synthesized from between 90 and 99 wt%
of 2-ethylhexyl acrylate and between 1 and 10 wt%
of acrylic acid in ethyl acetate at the boiling point
temperature about 77°C. AIBN and other azo-per-
oxyesters mentioned in Figure 3 were used as ther-
mal initiators to start radical polymerization in the
amount of 0.1 wt% according to monomers
amount. The polymerization process was carried
out for 8 h to reach 50 wt% of acrylic polymer con-
tent [11].

2.6. Method of testing

The viscosity of the evaluated solvent-borne acrylic
pressure-sensitive adhesives containing the novel
azo-peroxyesters initiators was determined with a
Rheomat RM 189 from Rheometric Scientific, with
spindle No 3 at 23°C.
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Figure 3. Investigated novel azo-peroxyesters



The molecular weight studies were performed in
tetrahydrofurane with a liquid chromatograph
LaChrom system: RI Detector L-7490 and LaChrom
UV Detector L-7400 from Merck-Hitachi, equipped
with a PLgel 106 Å column from Hewlett-Packard.

3. Results and discussion

3.1. Synthesized azo-peroxyesters

Azo-peresters were obtained in single step reaction
of carboxylic acid possing azo function with tert-
butyl hydroperoxide in presence of 1,1′-carbonyldi-
imidazole. Described method of synthesis is sim-
pler than the double step method, due to the lack of
individual preparation and separation of acylating
agent (acid chloride). This method was used earlier
in synthesis of esters and peresters [12]. Higher
yields of desired compounds were achieved by
using higher excess of hydroperoxide, than
described in the literature [12].
In this method acylating agent is generated in situ
by reaction of 1,1′-carbonyldiimidazole with car-
boxylic acid with azo function. This acylating agent
is coupling immediately with hydroperoxide.
Yields of obtained azo-perester are higher than
obtained in the double step reaction, and purities
are comparable (Table 1). All compounds were
characterized by comparing their spectra with ref-
erence standards.
However one big disadvantage of described method
is the sensitivity of 1,1′-carbonyldiimiazole and of
the generated acylating agent to traces of water.
Presence of water causes the decomposition of
those compounds. Azo acid chlorides used in the
two step method are also sensitive to water, but
hydrolysis of this compound proceeds much
slower. Azo acid chlorides are less sensitive to the
presence of water than 1,1′-carbonyldiimiazole and
acylating agent.

3.2. Influence of the kind and concentration
of the novel azo-peroxyesters and acrylic
acid content on viscosity, molecular
weight and polydisperisty of synthesized
acrylic PSA

The effect of acrylic acid concentration (from 1.0 to
10 wt%) on viscosity, molecular weight and poly-
dispersity of synthesized solvent-borne acrylic
pressure-sensitive adhesives is listed in Table 2 and
presented in Figures 4–7.
Good examples of the correlations between viscos-
ity, molecular weight and polydispersity of synthe-
sized acrylic PSAs are shown in Table 2. The use of
AIBN-HEP with the longest structure of organic
radical gives excellent high viscosity and high
molecular weight at lowest polydispersity. High
viscosity and high molecular weight of acrylic
PSAs mean the high content of the long acrylic
polymer chains and a relatively small amount of
short acrylic chains. This observed effect means the
reduction of polydispersity, characterized by low
polydispersity values. Acrylic PSAs with low poly-
dispersity are characterized by high and 
values.
The viscosity of synthesised acrylic pressure-sensi-
tive adhesives is very sensitive to the variations of
the azo-peroxyester radical initiator kind and con-
centration of acrylic acid. In general, the viscosity
of the acrylic PSA increases clearly with increasing
the acrylic acid concentration. The highest viscos-
ity of synthesized acrylic PSA was observed for
azo-peroxyester AIBN-HEP with the longest struc-
ture of organic radical. The increasing of radical
sluggishness influences positively the high molecu-
lar weight of synthesized acrylic PSA.
Figure 5 shows the influence of the acrylic acid
concentration and kind of azo-peroxyesters and
AIBN on weight average molecular weight Mw of
the synthesized solvent-borne acrylic pressure-sen-
sitive adhesives. As expected after evaluation of
viscosity, the increase of acrylic acid concentration
corresponds to the molecular weight Mw increase of
synthesized acrylic PSA. By using of di-tert-butyl-
6,6′-azobis-(6-cyanoperoxyheptanoate) (AIBN-
HEP) the highest molecular weight Mw perform-
ance were observed.
The influence of the acrylic acid concentration and
type of the investigated azo-peroxyesters used for
polymerization on the number average molecular

nMwM
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Table 1. Yield of the obtained compounds

*the yield was calculated for pure compounds, determined
according to the gravimetric method

Compound
Yield*

[%]
di-tert-butyl-4,4′-azobis-(4-cyanoperoxypentanoate) 83
di-tert-butyl-5,5′-azobis-(5-cyanoperoxyhexanoate) 78
di-tert-butyl-6,6′-azobis-(6-cyanoperoxyheptanoate) 75



weight Mn of the synthesized solvent-borne acrylic
pressure-sensitive adhesives is described in Fig-
ure 6. As can be seen from the Mn results recorded
in Figure 6, the efficiency of the evaluated radical
azo-peroxyester initiators of acrylic PSA molecular
weight clearly corresponds to their chemical archi-
tecture, expressed as length of azo-peroxyester
molecule. The longer the azo-peroxyester mole-
cule, the greater the acrylic PSA molecular weight
(AIBN-HEP). With the increase of acrylic acid

amount the molecular weight Mn of synthesized
acrylic PSA also rises.
Higher molecular weight adhesives allow the man-
ufacture of cohesive layers and lower molecular
weight adhesives the manufacturing of adhesive
and tacky layers. Acrylic PSA polydispersity as
molecular weight distribution includes information
about acrylic soft and hard performance.
Figure 7 shows polydispersity of the synthesized
acrylic PSA as a function of different concentration
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Figure 4. Effect of acrylic acid concentration on viscosity
of acrylic PSA synthesized by using of evalu-
ated azo initiators

Figure 5. Effect of acrylic acid concentration on molecu-
lar weight Mw of acrylic PSA synthesized by
using of evaluated azo initiators

Table 2. Viscosity, molecular weight and polydispersity of synthesized acrylic PSAs produced with AIBN and tested azo-
peroxyester initiators

Concentration
of acrylic acid [wt%]

Viscosity[Pa·s] [dalton]wM [dalton]nM
n

w
d M

M
P =

0.1 wt% of 2,2′-azo-bis-diisobutyronitrile (AIBN)
01.0 01.5 167 000 041 300 4.04
03.0 02.1 198 000 049 700 3.98
05.0 04.4 234 000 064 100 3.65
07.0 08.5 416 000 125 000 3.33
10.0 14.1 665 000 213 000 3.12

0.1 wt% of di-tert-butyl-4,4′-azobis-(4-cyanoperoxypentanoate) (AIBN-PEN)
01.0 04.2 210 000 057 500 3.65
03.0 04.8 255 000 073 500 3.47
05.0 06.3 321 000 098 800 3.25
07.0 09.5 509 000 163 000 3.12
10.0 16.8 765 000 254 000 3.01

0.1 wt% of di-tert-butyl-5,5′-azobis-(5-cyanoperoxyhexanoate) (AIBN-HEX)
01.0 05.1 276 000 077 700 3.55
03.0 06.4 325 000 095 600 3.40
05.0 08.3 403 000 127 000 3.17
07.0 12.4 548 000 181 000 3.03
10.0 18.6 834 000 290 000 2.88

0.1 wt% of di-tert-butyl-6,6′-azobis-(6-cyanoperoxyheptanoate) (AIBN-HEP)
01.0 05.8 288 000 086 000 3.35
03.0 07.3 365 000 113 000 3.23
05.0 09.9 523 000 170 000 3.08
07.0 14.4 687 000 239 000 2.87
10.0 20.7 934 000 347 000 2.69



of acrylic acid and kind of novel azo-peroxyesters
initiators and AIBN. The following polydispersity
ranking for various concentrations of acrylic acid
and type of investigated azo initiators was
obtained: 2,2′-azo-bis-diisobutyronitrile (AIBN),
di-tert-butyl-4,4′-azobis-(4-cyanoperoxypetanoate)
(AIBN-PEN), di-tert-butyl-5,5′-azobis-(5-cyano-
peroxyhexanoate) (AIBN-HEX) and di-tert-butyl-
6,6′-azobis-(6-cyanoperoxy-heptanoate) (AIBN-
HEP). For all synthesized acrylic PSA containing
different contents of acrylic acid the using of AIBN
allows synthesis of solvent-borne acrylic PSA with
high tack and adhesion properties and the using of
novel azo-peroxyesters initiators allows manufac-
turing of acrylic PSA characterized by high cohe-
sion level.

4. Conclusions

The evaluation of novel synthesized azo-perox-
yesters initiators has recently attracted considerable

attention , due to their practical and potential appli-
cation in various industrial branches to comprehen-
sive permanent self-adhesive technical and medical
articles with the wide range of very interesting orig-
inal performance. Solvent-borne acrylic pressure-
sensitive adhesives with high performance can be
formed by the radical polymerization of typical
acrylate monomers such as 2-ethylhexyl acrylate
and acrylic acid using instead of AIBN the novel
azo-peroxyester initiators. Especially the di-tert-
butyl-6,6′-azobis-(6-cyanoperoxy-heptanoate)
(AIBN-HEP) guarantees satisfactorily performance
with respect to the important properties of solvent-
borne acrylic PSA containing various amounts of
acrylic acid between 3 and 7 wt%.
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1. Introduction
Polytetrafluoroethylene (PTFE) finds an excep-
tional position in plastic industry due to its out-
standing chemical and heat resistance, electrical
insulation and its significantly low friction coeffi-
cient. These properties recommend PTFE for
numerous and diverse applications [1]. Both elas-
tomeric and thermoplastic fluoropolymers find a
wide use especially in automotive applications such
as seals, O-rings and gasket etc. [2]. It is also
blended with other polymers or reinforced as a
composite material for special purpose applications
[3–5]. However, its inherently low adhesion and
inert behaviour limit its dispersion and compatibil-
ity with other materials. Therefore, surface modifi-
cation of PTFE to enhance its wettability and

compatibility is a prerequisite for its effective uti-
lization in other compounds. New approaches were
considered to surface modification of PTFE via dif-
ferent procedures [6–10]. Significant developments
were also made both in the synthesis and manufac-
turing of new commercial fluorpolymers with
improved mechanical properties [11–12]. How-
ever, electron beam modification provides a simple
and effective method for modification of PTFE
powder [13–20]. Recently, newly developed chem-
ically coupled PTFE-PA compounds have opened a
new way in producing high performance wear-
resistant materials [21–23]. A new class of poten-
tial wear-resistant materials based on modified
PTFE powder filled SBS, NBR and EPDM com-
pounds were also produced [24]. Modified PTFE
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powder was specially utilized in NBR to expand its
utility as wear-resistant material for sealing appli-
cations [25]. PTFE micropowders produced by
emulsion polymerization are low-molecular weight
fine coagulated powder commonly used as an addi-
tive in variety of applications [26–27]. In the previ-
ous study, PTFE coupled EPDM compounds were
produced by reactive mixing of pre-modified PTFE
nanopowder with EPDM [28]. In the present work
the influence of dose-controlled agglomerate size,
structural morphology and interfacial compatibility
of PTFE nanopowder on the physical properties of
the resulting modified PTFE-EPDM blends are pre-
sented. These investigations are of extreme impor-
tance especially in the development of new rubber
compounds which require optimization of both the
physical and tribological properties [29–30]. It has
been shown that the desired physical properties can
be achieved simply by controlled modification of
PTFE nanopowder.

2. Materials and experimental

2.1. Materials

Both EPDM (Buna EP G 6850) with ethylidene
norbornene (ENB) content 7.7 wt%; ethylene con-
tent 51 wt%; Mooney viscosity, ML (1+4) at
125°C, 60; ash content 0.2 wt%; specific gravity,
0.86; and peroxide (Perkadox 14-40 MB GR) were
supplied from Lanxess Deutschland GmbH, Ger-
many while coagent (R-20S/Saret 634C) was used
from Sartomer, USA. Algoflon L100X an emulsion
grade received from Solvay Solexis S.p.A, Italy is
an agglomerated white PTFE nanopowder with the
bulk density and surface area of 0.25–0.44 g·cm–3

and 26 g·m–2, respectively.

2.2. Modification of PTFE nanopowder

PTFE nanopowder was modified with absorbed
doses of 20, 100, 200, 300, 400 and 500 kGy with
the help of ELV-2 electron beam accelerator from
Budker Institute of Nuclear Physics, Novosibirsk,
Russia, installed at the Leibniz Institute of Polymer
Research Dresden. The electron beam treatment
was carried out in air and at room temperature with
an absorbed dose of 2.5 kGy per pass and at an aver-
age dose rate of about 10 kGy/h. These treatment
parameters were considered in order to avoid excess
temperature rise which might favour deactivation of

the radical formation as well as to control agglomer-
ate size and chemical structure via absorbed dose.
Further information about the electron accelerator
(ELV-2) facility can be found in [18].

2.3. PTFE nanopowder characterization

The number of free radicals was determined with
the help of MiniScope MS200 electron spin reso-
nance (ESR) instrument from Magnettech Limited,
Germany. Spin numbers for each absorbed dose
were calculated after four hours of electron treat-
ment. Fourier Transform Infrared Spectrometer
(FTIR) spectra were recorded on Vertex 80v
(Bruker) FTIR spectrometer (4000–400 cm–1, reso-
lution = 2 cm–1, 32 scans per measurement) in
transmission mode on 10 μm thin PTFE foils to
observe the chemical changes induced in PTFE
nanopowder having exposed to different absorbed
doses. The contact angle measurements were per-
formed on (1 mm thin, diameter 20 mm) PTFE
discs with the help of OCA 40 Micro contact angle
meter from DataPhysics Instrument GmbH, Ger-
many. The rounded discs were prepared by com-
pressing PTFE nanopowder at room temperature
under a pressure of 1 MPa. Sessile drop method was
performed to determine the wettability of PTFE
discs modified similarly as discussed in section 2.2.
The discs were used to obtain smooth and compara-
ble surfaces for contact angle measurement.
The particles size and their distribution were deter-
mined with the help of the particle size analyzer,
Sympatec HELOS HO367 from Sympatec GmbH
Germany, having a measuring range of 0.5/0.9–
175 µm. The primary and mean agglomerate size of
PTFE nanopowder was 70–80 nm and 17.7 µm,
respectively, as received from the supplier. Post and
pre-irradiation structure morphology of the PTFE
nanopowder modified to different absorbed doses
were determined with the help of LEO 435 scan-
ning electron microscope (SEM – acceleration volt-
age 20 kV) from LEO Electron Microscopy Ltd,
England. SEM examination was also performed on
the cryogenic surface fractured samples for the dis-
persion analysis of PTFE nanopowder in EPDM.

2.4. Specimen preparation

EPDM and 30 phr (parts per hundred of rubber)
PTFE nanopowder were first pre-mixed in a Poly-
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Lab Haake Rheomix internal mixer from Thermo
Electron Corp, Germany for 5 minutes at 100°C
and at a rotor speed of 50 rpm. Curatives including
7.5 phr coagent and 5 phr peroxide were added to
the material on a two roll laboratory mill (Polymix
110L, Servitic, Germany) at room temperature. A
constant friction ratio of 1.2 was maintained
between the milling rolls. Approximately 2 mm
thick sheets were drawn out from the mill and cured
in a hot press (Fontune, Holland) under a pressure
of 5 MPa at a temperature of 170°C up to their cor-
responding optimum cure time.

2.5. PTFE-EPDM blend characterization

Mechanical properties including tensile strength at
break, percentage elongation at break and modulus
at 300% elongation were carried out according to
ISO 527 at a cross-head speed of 200 mm/min
using tensile testing machine (Zwick, Germany).
Hardness values were measured according to
DIN 53505, using a Shore A Durometer. Indenta-
tions were made at several points for each specimen
for the determination of the average hardness value.
Differential scanning calorimetry (DSC) studies of
the PTFE-EPDM composites were carried out
using NETSCH DSC 204 from NETZSCH-Geräte-
bau GmbH, Germany to analyze the influence of
absorbed dose on the compatibility and dispersion
in EPDM from their crystallization studies. All
experiments were performed under atmospheric
conditions and at a heating rate of 10 K·min–1

above the melting temperature of PTFE up to
330°C. The results obtained were expressed as
input energy versus temperature. Transmission
electron microscopy (TEM) micrographs of the
modified and non-modified PTFE filled EPDM
were recorded on transmission microscope model
EM910 from Carl Zeiss, Germany.

3. Results and discussion

3.1. Effect of modification on the molecular
structure of PTFE

Figure 1 shows the ESR spectra of the modified
and non-modified PTFE nanopowder. The ESR
spectra show a systematic increase in the signal
with increasing absorbed irradiation dose. Non-
modified PTFE nanopowder produced no signal
due to the absence of reactive free radicals. The

increase in signal indicates that the radical concen-
tration is increased with increasing absorbed dose
or modification. 500 kGy irradiated PTFE nano-
powder having the highest spin numbers shows the
highest number of radical concentration. Electron
beam treatment generates persistent reactive free
radicals and functional groups on the surface due to
degradation of PTFE nanopowder by chain scis-
sion. Figure 2 visualizes the radiation induced
degradation of PTFE in the presence of air. It has
been reported that PTFE undergoes C–F and C–C
scission during energy rich electron modification
process [31–32]. C–F scission results in secondary
radicals while C–C scissions produce primary free
radicals. These free radicals react with atmospheric
oxygen to yield stable perfluoroalkylperoxy radi-
cals. Besides these peroxy radicals, carbonyl fluo-
ride groups are also formed which hydrolyse in the
presence of atmospheric moisture to form car-
boxylic acid groups (–COOH). The complete reac-
tion mechanism can be found in [33]. Chemical
changes introduced in PTFE after exposure to elec-
tron treatment were monitored by FTIR spec-
troscopy. Figure 3 shows several new bands in the
infrared spectrum of modified PTFE. The peak at
1884 cm–1 was identified with carbonyl fluoride
groups (–COF) while 1810 cm–1 are free and
1777 cm–1 associated carboxylic acid groups
(–COOH).
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Figure 1. Electron spin resonance (ESR) spectra of PTFE
nanopowder modified with differentabsorbed
doses

Figure 2. Radiation induced degradation of high molecu-
lar weight PTFE nanopowder



Figure 4 shows the influence of absorbed dose on
the mean agglomerate size of PTFE nanopowder. It
can be seen that mean agglomerate size of PTFE
nanopowder decreased systematically with absorbed
irradiation dose. It suggests that mean agglomerate
size of PTFE nanopowder can be controlled via
absorbed dose. The decrease in agglomerate size is
due to chain scission of PTFE nanopowder. High
molecular weight PTFE is reduced to low molecu-
lar weight PTFE. The highest absorbed dose of
500 kGy shows the smallest mean agglomerate
size. The mean agglomerate size delivered by the
supplier of virgin non-modified PTFE nanopowder
was 17.7 µm compared to our determined agglom-
erate size of 5.0 µm. This might be due to the abil-
ity of PTFE nanopowder to re-agglomerate as can

be seen in the particle size distribution in Figure 5.
The particle size distribution suggests that non-irra-
diated L100X PTFE nanopowder has a broad parti-
cle size distribution compared to 500 kGy irradi-
ated PTFE nanopowder. The non-irradiated PTFE
nanopowder shows a characteristic bimodal distri-
bution compared to unimodal distribution of
500 kGy irradiated PTFE nanopowder. This spe-
cific bimodal distribution clearly signifies that non-
irradiated L100X PTFE nanopowder is mainly
composed of bigger agglomerates which tend to re-
agglomerate. On the contrary, 500 kGy irradiated
PTFE nanopowder indicates finely dispersed
smaller agglomerate particles. This can also be seen
in the SEM micrographs of 500 kGy irradiated
PTFE nanopowder. Effect of absorbed dose on the
agglomerate morphology of (a) non-irradiated
L100X and (b) 500 kGy irradiated PTFE nanopow-
der is shown in Figure 6. It is evident that the
agglomerate size and morphology of these nano-
powders are apparently distinguishable from each
other. Non-irradiated PTFE nanopowder are huge
solid-structured agglomerates formed by the ran-
dom re-agglomeration of PTFE agglomerates. In
comparison, 500 kGy irradiated PTFE nanopowder
shows fine homogeneous coarse particles dispersed
individually over the area without the formation of
huge agglomerates.
Figure 7 shows result of the contact angle measure-
ments on PTFE nanopowders having different
absorbed doses in comparison to 0 kGy (non-modi-
fied) L100X PTFE nanopowder. The horizontal
line indicates contact angle value of a typical com-
mercial PTFE. It is observed that the water contact
angles of modified PTFE discs are lower than non-
modified PTFE disc and is systematically decreas-
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Figure 3. Infrared spectra (1900–1700 cm–1) of L100X
(nanopowder) after modification by different
absorbed doses in comparison to non-modified
PTFE

Figure 4. Mean agglomerate size of PTFE nanopowder as
a function of absorbed dose (Empty box indi-
cates non-irradiated while filled triangles indi-
cates irradiated PTFE nanopowders)

Figure 5. Particle size distribution of non-irradiated and
500 kGy irradiated PTFE nanopowder



ing with increasing absorbed dose. The water con-
tact angle of 111° of non-modified L100X PTFE
nanopowder indicates its inherently hydrophobic
behavior. Post-modification to different absorbed
doses result in the decrease in contact angle from
114.8 to 92° for 500 kGy PTFE nanopowder. That
is, compared with non-modified PTFE, the wetta-
bility of 500 kGy is significantly increased. The
increase in wettability is due to the strong interac-
tion between water and the hydrophilic groups
(COF/COOH) generated on the surface of PTFE
nanopowder after electron treatment in the pres-
ence of air. As can be seen, increasing absorbed
dose results in lower contact angles due to the gen-
eration of oxygen containing groups on the PTFE
surface. Lower contact angles correspond to higher

surface energy and thus higher adhesion and higher
interfacial compatibility. As shown in Figure 3 an
increasing absorbed dose results in higher concen-
tration of C=O groups (1777 cm–1). This shows that
the chemical structure of PTFE nanopowder was
changed due to electron treatment.

3.2. Effect of structural changes on the
compatibility with EPDM

Figure 8a–8c show TEM micrographs of PTFE0 kGy-
EPDM, PTFE300 kGy-EPDM and PTFE500 kGy-EPDM
blends. The enhanced interfacial compatibility in
case of PTFE300 kGy-EPDM and PTFE500 kGy-EPDM
can be seen in Figures 8b and 8c. The modified
agglomerate particles are embedded and enwrapped
by EPDM. No clear and visible interphase can be
seen between the two incompatible polymers.
Slightly light and dark regions around modified
PTFE powder are an indication of a reinforced
compatible interphase due to radical coupling with
EPDM. It is also observed that modified PTFE
agglomerate acts as a PTFE core sorrounded by
EPDM shell. On the other hand, PTFE0 kGy-EPDM
shows non-modified PTFE nanopowder as solid
embedded bodies lacking interfacial compatibility
with EPDM. The interface is distinctively separated
from each other. No mutual compatible interphase
exists as observed in both PTFE300 kGy-EPDM and
PTFE500 kGy-EPDM blends. Modified agglomerates
in case of PTFE500 kGy-EPDM are elongated and
outstretched in a specific direction. The modified
PTFE particles due to enhanced compatibility and
dispersion are oriented under high-shearing during
reactive blending. However, non-modified PTFE
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Figure 7. Effect of the absorbed dose on the contact angle
of modified PTFE discs in comparison to non-
modified PTFE. The horizontal line indicates
contact angle value of a commercial PTFE

Figure 6. Scanning electron micrographs of (a) non-irradiated and (b) 500 kGy irradiated PTFE nanopowder



nanopowder being inert remained as huge rounded
agglomerates even under high shearing. This behav-
ior can also be seen in microdispersion in EPDM
matrix. Figures 9a and 9b shows SEM micrographs
of the tensile fractured surfaces of PTFE0 kGy-
EPDM and PTFE500 kGy-EPDM. It is evident that
the surface features are apparently distinguishable
from each other. The PTFE500 kGy-EPDM vulcan-
izate surface is smooth, with agglomerates embed-
ded and homogenously dispersed in the EPDM
matrix while PTFE0 kGy-EPDM shows an uneven,
inhomogeneous surface with large vacuoles on the
fractured surface. This indicates that the PTFE par-
ticles are being pulled out of the matrix on applica-
tion of stress due to the absence of interfacial
interaction or coupling with the matrix. It can be
observed that the non-modified PTFE particles are
bigger in size and tend to form huge irregular
agglomerates in the EPDM matrix even under high
shearing during blending operation. Non-modified
L100X PTFE particles lack both the compatibility
and the dispersion efficiency. Figure 10 shows the

schematics of the (a) non-modified and (b) modi-
fied PTFE nanopowder in EPDM.

3.3. DSC investigations

Figure 11 shows the thermal traces of (a) non-mod-
ified and 500 kGy irradiated PTFE nanopowder
and (b) corresponding blends PTFE0 kGy-EPDM
and PTFE500 kGy-EPDM. The crystallization peak
of 500 kGy irradiated PTFE nanopowder shifts to a
lower temperature of about 303.5°C. Also, the crys-
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Figure 9. SEM micrographs of the tensile fractured surfaces of a) PTFE0 kGy-EPDM and b) PTFE500 kGy-EPDM blends

Figure 10. Schematics of the (a) non-modified and (b)
modified PTFE nanopowder in EPDM

Figure 8. TEM morphologies of a) PTFE0 kGy-EPDM; b) PTFE300 kGy-EPDM and c) PTFE500 kGy-EPDM blends



tallization onset occurred at lower temperature and
continued down to approx. 290°C. These distinct
variations in 500 kGy compared to non-modified
PTFE nanopowder is due to the electron beam
treatment process which caused degradation of
500 kGy PTFE nanopowder. The molecular weight
decreases due to chain scission and leads to PTFE
macromolecules of different chain lengths. As a
result, the crystallization peak occurs at lower tem-
peratures and the crystallization process continues
till much lower temperatures in comparison to the
non-modified PTFE nanopowder.
In case of blends, PTFE500 kGy-EPDM shows two
crystallization peaks located at distinct tempera-
tures. The second crystallization step at lower tem-
perature also called fractionated crystallization
occurred at 278°C along with the bulk crystalliza-
tion peak at 298°C [34–35]. The area of the first
bulk crystallization peak is smaller as compared to
the area of the second peak. However, the crystal-
lization temperature (298.6°C) of the first peak is
close to 500 kGy irradiated PTFE nanopowder
(303.5°C). The first crystallization peak is attrib-
uted to the content of PTFE nanopowder in EPDM
having comparatively bigger and incompatible
agglomerates. The PTFE agglomerates could be
compatibilized only on the surface and the core
consists of pure agglomerated PTFE nanopowder.
These agglomerates show crystallization tempera-
tures similar to pure PTFE bulk crystallization.
However, for PTFE0 kGy-EPDM, no fractionated
crystallization except bulk crystallization similar to
non-irradiated PTFE powder is observed at 313°C.
This stems from the fact that non-irradiated PTFE

nanopowder is difficult to de-agglomerate and dis-
perse homogeneously. The variations in the posi-
tion of the transition-melting peaks observed in
PTFE500 kGy-EPDM is due to the specific chemical
compatibility of the electron beam modified PTFE
with EPDM. This unique fractionated crystalliza-
tion behaviour is mainly due to the fine dispersion
of 500 kGy irradiated PTFE nanopowder in EPDM.
The outstanding dispersion of 500 kGy irradiated
PTFE nanopowder is also attributed to its smaller
particle size and enhanced compatibility as is evi-
dent in Figure 8. PTFE0 kGy-EPDM on the other
hand has significantly poor dispersion and compat-
ibility with EPDM.

3.4. Physical properties

Figures 12a and 12b show tensile strength and
elongation at break of PTFE-EPDM blends as a
function of absorbed irradiation dose. The horizon-
tal line represents EPDM gum. In case of PTFE0 kGy-
EPDM, tensile strength and elongation at break are
lower than modified PTFE filled EPDM. With
increasing absorbed dose, tensile strength and elon-
gation at break of modified PTFE coupled EPDM
compounds increase systematically. Tensile
strength and elongation at break of EPDM gum and
PTFE0 kGy-EPDM are almost the same because of
poor compatibility and dispersion. On the other
hand, PTFE500 kGy-EPDM shows the highest tensile
strength and elongation at break. Modified PTFE
particles having smaller agglomerate sizes and
compatible surfaces enhance its degree of disper-
sion and compatibility. The improvement of physi-
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Figure 11. DSC cooling scans of the non-irradiated and 500 kGy irradiated PTFE nanopowder (a), and their correspon-
ding EPDM blends (b)



cal properties of EPDM filled with electron treated
PTFE is essentially due to the synergistic effect of
their homogeneous dispersion and desirable com-
patibility. Figure 12c displays the stress at 300%
elongation (so-called modulus 300%, M300) as a
function of absorbed dose. The M300 decreases for
modified PTFE filled EPDM with increasing irradi-
ation dose. PTFE0 kGy-EPDM shows the highest
M300. However, the corresponding values of
PTFE400 kGy-EPDM and PTFE500 kGy-EPDM are
lower even than EPDM gum. Figure 12d shows the
corresponding Shore A hardness values of PTFE-
EPDM blends. The effect of absorbed dose of
PTFE nanopowder on vulcanizate hardness can be
seen in their decreasing values of hardness. EPDM
filled with PTFE having absorbed irradiation doses
higher than 20 kGy results in decreasing hardness
values of PTFE-EPDM blends. PTFE20 kGy-EPDM
has the highest hardness while PTFE500 kGy-EPDM
showed the lowest. It is interesting to note that
hardness of the blends above PTFE200 kGy-EPDM is

even lower than that of  EPDM gum. Non-modified
PTFE nanopowder as shown in Figure 8 and 9 are
huge uncovered agglomerates dispersed as solid
rigid bodies in a matrix. Being incompatible they
are not covered by EPDM molecules and hence
tend to segregate in EPDM matrix. The presence of
these huge inert bodies provides strength and hard-
ness to the host matrix.

3.5. Reaction mechanism

The lack of reinforcement or compatibility of PTFE
with other polymers is due to its inherent inert
molecular structure. However, surface modification
by high-energy electrons provides compatibility
between PTFE and an unsaturated rubber matrix by
a radical coupling reaction. The radicals of the irra-
diated PTFE react with olefinic unsaturated groups
of EPDM as shown in Figure 13. Since several
EPDM molecules are coupled to the surface of
PTFE particles, these inter-chain bonds between
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Figure 12. Tensile strength at break (a), elongation at break (b), modulus 300% (c) and hardness (d) as a function of
absorbed dose of PTFE nanopowder in EPDM



PTFE and EPDM provide compatibility by strong
intermolecular network formation, the result of
which is obvious in the improved physical proper-
ties of modified PTFE-EPDM blends.

4. Conclusions

We have described a method to develop PTFE cou-
pled EPDM compounds with desired physical
properties by simple, easy and effective controlled-
modification of PTFE nanopowder. The existence
of compatibility between modified PTFE nanopow-
der and EPDM was revealed by TEM, DSC and
SEM. The resultant modified PTFE-EPDM blends
demonstrate exceptionally enhanced physical prop-
erties by enwrapping of modified PTFE nanopow-
der by EPDM. Water contact angles indicate that
the wettability of the modified PTFE nanopowder
was increased by functional groups compared with
non-modified PTFE nanopowder. The synergistic
effect of enhanced compatibility by chemical cou-
pling and micro-dispersion of PTFE agglomerates
results in a significant improvement of physical
properties of PTFE coupled EPDM compounds. In
conclusion, PTFE coupled EPDM compounds pre-
pared by the described approach offer the potential
use of PTFE nanopowder in wide range of poly-
mers for special purpose applications. Accordingly,
they are promising in various fields.
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1. Introduction
Nanocomposites of electroactive ceramics and a
ferroelectric polymer are very attractive for many
applications as their properties can be easily tai-
lored to suit particular performance requirements
[1]. In these nanocomposites, the final properties
depend essentially on parameters such as grain size
of ceramic, method of preparation of composites
and on the dispersion of the ceramic particles into
the polymer matrix [2–5]. PVDF is semicrystalline
polymer with pyro and piezoelectric properties. Its
high permittivity and relatively low dissipation fac-
tor made it a potential candidate to useful in many
applications [6, 7]. The piezoelectric and pyroelec-
tric properties of PVDF have led for intensive tech-
nological applications. Piezoelectric polymers have
advantage over piezoelectric ceramics for certain
applications wherein acoustic impedance similar to
that of water or living tissue is required [8]. Due to

this reason PVDF is increasingly used for medical
and industrial applications.
Although, there are several techniques to under-
stand dynamics in polymer nanocomposites,
dielectric spectroscopy is a well established tool for
materials characterization [9, 10]. The magnitude
and frequency location of the energy absorption
associated with various processes depends criti-
cally on physical and chemical nature of the mate-
rial [11].
In this article, we present the results of relaxations
in PVDF/BaTiO3 nanocomposites prepared by melt
compounding technique. Although there have been
few reports on PVDF/BaTiO3 composites with high
loading of BaTiO3 (upto 50% by volume) the relax-
ations in this nanocomposites were not studied [12,
13]. In the present work, relaxations in PVDF/
BaTiO3 at low BaTiO3 content i.e. upto 11.5% by
volume are investigated using dielectric spec-
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troscopy over a temperature range from 30 to
150°C.

2. Experimental

2.1. Materials

PVDF grade, Solef 1008 (with weight-average
molecular weight of 100·103 g/mol) procured by
Solvay Belgium is used for this study. BaTiO3

nanoparticles (formula weight = 233.24) of more
than 99% purity are procured from Aldrich chemi-
cals. The average diameter of the particle is around
30–50 nm.

2.2. Melt processing of PVDF/BaTiO3

nanocomposites

The nanocomposites of PVDF with various weight
percent of BaTiO3 (10, 20 & 30% wt/wt) are
processed via melt mixing in Thermo Haake Poly-
lab batch mixer at 200°C, with 60 rpm for 5 min-
utes. The films of uniform thickness are compres-
sion molded at 200°C under 5-ton pressure using
Carver Press (Germany). The thickness of the films
is about 0.4 to 0.5 mm.

2.3. Characterization techniques

2.3.1. Scanning electron microscopy (SEM)

The dispersion of BaTiO3 nanoparticles in the poly-
mer matrix is determined from the morphology of
fractured surfaces of PVDF/BaTiO3 nanocompos-
ites using Leica-440 scanning electron microscope.
Cryo-fractured films are used for this purpose and
fractured surfaces are sputtered by gold to avoid
overcharging.

2.3.2. Dielectric relaxation spectroscopy (DRS)

Complex dielectric permittivity measurement of
PVDF and PVDF/BaTiO3 nanocomposites is done
using Novocontrol broadband dielectric spectrome-
ter with the ZGS active sample cell equipped with
temperature controller and WinFit software for data
analysis. The dielectric response of material in the
frequency ranging from 10 MHz to 0.01 Hz over
the temperature range of 30 to 150°C is measured
by placing sample between two 20 mm gold plated
electrodes. Quick drying silver paste is used to
ensure good electrical contact.

3. Results and discussion

3.1. Morphology study

Figure 1a shows the transmission electron
microscopy (TEM) micrograph of BaTiO3 clusters.
The average initial size of BaTiO3 nanoparticles is
around 50 nm as evidenced by TEM micrograph.
The cryofractured surface morphology of PVDF/
BaTiO3 nanocomposites with scanning electron
microscopy (SEM) is shown in Figure 1b. SEM
micrograph reveals slight agglomeration of BaTiO3

nanoparticles in the nanocomposites. The average
aggregate size of filler in nanocomposites is around
100 nm. The microscopic observation validates the
nano-dispersion of filler in the polymer matrix.

3.2. Dielectric relaxation spectroscopy (DRS)
study

Dielectric spectroscopy has been widely used in
polymer relaxation analysis and has the advantage
over dynamic mechanical methods in that it covers
much wider frequency ranges [14–17]. The study
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Figure 1. TEM micrograph of BaTiO3 nanoparticles (a) and SEM micrographs of PVDF/BaTiO3 nanocomposites with
30 wt% of BaTiO3 nanoparticles (b)



of polymers as a function of frequency and temper-
ature can be used to elucidate the effects due to
intermolecular co-operative motions and hindered
dielectric rotations.

3.2.1. Frequency dependence of dielectric
constant at 30°C

Figure 2 shows the typical dielectric permittivity
(ε′) and dielectric loss (ε″) of PVDF/BaTiO3

nanocomposites as a function of frequency at 30°C.
As expected, the dielectric constant of PVDF/
BaTiO3 nanocomposites increases with the increase
in BaTiO3 content. It can be found that dielectric
permittivity measured at lower frequency is always
greater than higher frequency. With the increasing
frequency, dielectric constant decreases very fast
upto 10+02 Hz and in frequency range from 10+02 to
10+06 Hz it is almost constant. In the studied fre-
quency range 10–02 to 10+07 Hz, the decrease in
dielectric constant of PVDF/BaTiO3 nanocompos-
ites with increase in frequency is similar to that of
PVDF. The frequency dependence of dielectric
study indicates that introduction of BaTiO3

increases the dielectric constant of the PVDF from
about 11 to 25 at 30 wt% of BaTiO3 content.
The permittivity loss curve at 30°C shows two
relaxations. The peak at 10+07 Hz is related to the
glass transition relaxation of PVDF and is denoted
as αa relaxation [6, 8, 17, 18]. The frequency and
temperature limit of instrument constraints the full
view of αa relaxation. Earlier literature work con-
firms peak at 10+07 Hz to be related to the micro-
Brownian cooperative motions of the main chain
backbone and is dielectric manifestation of the
glass transition temperature of PVDF [19]. The
relaxation peak at about 10+00 Hz is attributed to αa

relaxation and is associated with the molecular
motions in crystalline region of PVDF. The pres-
ence of αa relaxation peak in PVDF/BaTiO3 nano-
composites explains the non-polar i.e. α phase of
PVDF in nanocomposites [20]. Several interpreta-
tions of these transitions are reported [21–23].
Takahashi and Miyaji have attributed this relax-
ation to the reversible conformation rearrangement
in the crystals while Nagakawa and Ishida have
attributed this relaxation to the molecular motions
in chain folds of crystalline lamellae and in the inte-
rior of crystals. Miyamoto et al. have ascribed this
transition to the change in conformation with inter-
nal rotation that occur in crystalline phase and have
reported that the defects in the crystalline phase
play a major role.

3.2.2. Temperature dependence of dielectric
constant

The temperature dependence of dielectric permit-
tivity for PVDF is shown in Figure 3. As can be
seen, the dielectric permittivity increases with
increasing temperature. The room temperature
value of permittivity at frequency 10–02 Hz is about
15, which increase to about 42 at 90°C. In case of
permittivity loss curves, the αa relaxation corre-
sponding to the glass transition temperature shifts
to higher frequency with increasing temperature
and thus can not be detected in this experimental
window, while the crystalline relaxation is clearly
visible. The frequency dependence of dielectric
loss can be described by Havriliak–Negami (HN)
function.
Havriliak–Negami (HN) functional formalism [19]
that can be phenomenologically described as a
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Figure 2. Dielectric permittivity (ε′) (a) and loss (ε″) (b)
of PVDF and PVDF/BaTiO3 nanocomposites as
a function of frequency at 30°C



combination of the conductivity term with the HN
functional form as Equation (1):

(1)

where σdc is the direct current electrical conductiv-
ity, ω = 2πf is the angular frequency, ε0 denotes the
vacuum permittivity, N is an exponent (0<N<1),
Δεk is the dielectric of the kth process, τHN k is the
most probable value of the central relaxation time
distribution function, and ak and bk are shape
parameters related to symmetric and asymmetric
broadening of the relaxation peak, respectively. All
HN fits reported here were performed using WinFit
software program provided with the Novocontrol
dielectric analyzer. The values of the HN parame-
ters a and b for the nanocomposites were found to
be similar to those of pure PVDF. This suggests
that the intermolecular and intramolecular interac-

tions that arise in the polymer and the nanocompos-
ites are almost identical.
PVDF/BaTiO3 composites exhibit the similar dielec-
tric behavior to that of PVDF as shown in Figure 4.
However, the most apparent difference between
PVDF and PVDF/BaTiO3 nanocomposites can be
seen at low frequency region. The conductivity
effect in the low frequency is more pronounced in
PVDF/BaTiO3 nanocomposites as compared to that
of PVDF. This behavior is similar to that observed
in polyisoprene and organically modified Cloisite
25A nanocomposites [24]. The increase in the val-
ues of the permittivity and the displacement of the
peak maximum of permittivity with the tempera-
ture are characteristic behavior of dielectric disper-
sion. Most generally, in the system with low
conductivity the rapid increase of the permittivity
at very low frequency is due to the electrode polar-
ization and the effect of electrode polarization can
completely masks the low frequency relaxation.
To overcome the electrode polarization effect and
to resolve low frequency relaxation, ‘electric mod-
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Figure 4. Dielectric permittivity (ε′) (a) and loss (ε″) (b) at
various temperatures for PVDF/BaTiO3 – 30%

Figure 3. Dielectric permittivity (ε′) (a) and loss (ε″) (b) at
various temperatures for PVDF



ulus’ formalism is used for the study of dielectric
relaxations. The electric modulus formalism is
introduced by McCrum et al. [11] and it is used to
study electrical relaxation phenomena in many
polymers [25–27].
The electric modulus is defined by the Equa-
tion (2):

(2)

where M′ and M″ are the real and the imaginary
part of electric modulus respectively, and ε′ and ε″
are the real and the imaginary part of dielectric per-
mittivity.
Figure 5a shows typical 3D plots of dielectric mod-
ulus spectra for pure PVDF at various temperatures
as a function of frequency. Two relaxation processes
can be clearly observed in the M″ curves. The

relaxation peak at high frequency side is identified
as fast symmetric crystalline relaxation and it shifts
to higher frequency with the increasing tempera-
ture.
At high temperature, another peak appears in mod-
ulus spectra. This is attributed to Maxwell–Wag-
ner–Sillars (MWS) polarization which can be seen
in the heterogeneous materials and is also known as
interfacial polarization. At temperature about 70°C
the MWS relaxation peak starts appearing in PVDF
whereas in PVDF/BaTiO3 nanocomposites the
MWS peak is seen at higher temperature about
90°C. In semicrystalline polymers, the crystalline
regions are dispersed in amorphous matrix and
MWS relaxation is observed in these materials due
to the differences in the conductivity and permittiv-
ity values of the crystalline and amorphous phases
[28, 24]. For heterogeneous composite, an interfa-
cial polarization is almost always present because
of filler additives or even impurities that migrate
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Figure 5. 3D plot of isothermal curves for PVDF (a), 3D plot of isothermal curves for PVDF/BaTiO3 – 10% (b), 3D plot
of isothermal curves for PVDF/BaTiO3 – 20% (c), 3D plot of isothermal curves for PVDF/BaTiO3 – 30% (d)



towards the interface [29]. The M″ peaks for both
relaxation processes shift to a higher frequency
with increasing temperature. In addition, there is no
significant change in the dielectric relaxation peak
height for crystalline relaxation process, however,
the intensity of dielectric relaxation peak at low fre-
quency side increases with temperature and peak
broadening decreases signifying asymmetric nature
of MWS relaxation. Similar dielectric relaxation in
the low frequency region below that of crystalline
relaxation (αc) is noted in earlier work on PVDF
and this relaxation is ascribed to be interfacial or
MWS polarization [30].
The relaxation peaks of PVDF and PVDF/BaTiO3

nanocomposites as a function of frequencies at
120°C are shown in Figure 6. In case of αc relax-
ation, peak appears at same frequency for polymer
and nanocomposites, whereas MWS peak for
PVDF/BaTiO3 nanocomposites shifts to lower fre-
quency as compared to PVDF. It can also be seen
that the intensity of MWS relaxation decreases with
increasing content of BaTiO3 which is characteris-
tic of MWS relaxation [31, 32]. Similar behavior is
observed for PVDF/BaTiO3 nanocomposites at all
measured temperatures.
The temperature dependence of a relaxation process
is further analyzed by plotting the frequency maxi-
mum versus reciprocal of temperature. Figure 7
shows the activation energy plots of PVDF for two
relaxation processes observed. The relaxation time
decreases with increasing temperature due to
enhancement of mobility of charge carriers at high
temperature. The temperature dependence of
dielectric relaxation can be well described by the
Arrhenius type behavior.

The plot for crystalline relaxation process yields
straight line and from the slope of the line activa-
tion energy can be calculated using Arrhenius
equation (3):

(3)

where f – frequency maximum in permittivity loss
spectra, Ea – activation energy, k – Boltzmann’s
constant.
The activation energy was calculated for the crys-
talline relaxation, αc, for PVDF and PVDF/BaTiO3

nanocomposites. The activation energy was found
to be about 0.41 eV for PVDF as well as PVDF/
BaTiO3 nanocomposites. This value is in good
agreement with the reported value of activation
energy for crystalline relaxation (αc) in PVDF [33].
The MWS relaxation shows Arrhenius type behav-
ior indicating relaxation is thermally activated
process. Table 1 summarizes the obtained results
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Figure 6. Comparison of dielectric modulus spectra of
PVDF and PVDF/BaTiO3 nanocomposite at
120°C as a function of frequency

Figure 7. Activation energy plot for crystalline relaxation
(a) and MWS relaxation (b) showing Arrhenius
type behavior



for the activation energies of αc relaxation and
MWS polarization.

4. Conclusions

PVDF/BaTiO3 nanocomposites are prepared using
simple melt mixing technique. The BaTiO3

nanoparticles are well dispersed in the PVDF
matrix as evidenced by the scanning electron
micrographs. The dielectric permittivity increases
with increasing BaTiO3 content. The room temper-
ature dielectric spectra show two relaxations
processes corresponding to the Tg and αc relaxation
while at high temperature another low frequency
relaxation is observed which is attributed to the
MWS relaxation. The temperature dependence of
αc relaxation and MWS relaxation follows Arrhe-
nius type behavior. The activation energies of crys-
talline relaxation of MWS relaxation are not
changed in nanocomposites.
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1. Introduction
Epoxy resins are very important class of thermoset-
ting polymers that often exhibit high tensile
strength and modulus, excellent chemical and cor-
rosion resistance and good dimensional stability.
Hence they are widely used in structural adhesives,
surface coatings, engineering composites, electrical
laminates etc. [1]. The major drawback of epoxy
resins in the cured state is that they are extremely
brittle materials having fracture energies two orders
of magnitude lower than engineering thermoplas-
tics and three orders lower than metal [1–3]. As the
result they have limited utility in applications
requiring high impact and fracture strengths. This
inherent brittleness causes poor peeling and shear
strength of epoxy based adhesives [3]. Hence

toughening of epoxy resin has been the subject of
intense investigation throughout the world. Epoxy
resins are most successfully toughened by dispers-
ing rubber particles as a distinct phase of micro-
scopic particles in the epoxy matrix [4].
This can be achieved by two ways: 1) by blending
with low molecular weight functionalized liquid
rubbers, having restricted solubility and limited
compatibility with epoxy hardener mixture and
undergo phase separation at a certain stage of cur-
ing reaction leading to a two phase microstructure,
2) by directly dispersing preformed rubbery parti-
cles in the epoxy matrix. Rubber toughened epoxies
was first reported by McGarry and Willner in 1968,
using low molecular weight carboxyl terminated
copolymer of butadiene and acrylonitrile (CTBN,
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Goodrich) [5]. They modified different grades of
diglycidyl ether of bisphenol A (DGEBA) epoxies
with CTBN and cured with piperidine to get a net-
work having two-phase microstructure and reported
a ten-fold increase in fracture toughness. Approxi-
mately 5–20% of low molecular weight reactive liq-
uid rubbers like CTBN dispersed in the hot epoxy
resin can lead to a multiphase toughened epoxy sys-
tem on curing [5, 6]. To optimize toughening,
parameters such as modifier structure, molecular
weight, solubility and rubber concentration must be
clearly defined. These parameters are responsible
for the dynamics of multiphase morphology [5, 6].
Following this pivotal work extensive research has
been done for the past two and a half decades to
understand the principle of morphology develop-
ment, morphology and fracture property relation-
ship and the mechanism of toughening [7–10].
Nowadays various functionalized synthetic liquid
rubbers have been synthesized and investigated as a
replacement of CTBN rubber [10–14].
However, till today, a liquid modifier for epoxy
resin which is easily available and easy to modify
has not been explored. Therefore, in this work,
epoxy resin has been modified with depolymerised
natural rubber (DPR), a rubber which is very easily
available. Depolymerised natural rubber (DPR) has
been functionalized by grafting maleic anhydride
on it by a simple thermal reaction between the
depolymerised natural rubber (DPR) and maleic
anhydride. In this paper the role of maleated
depolymerised natural rubber (MDPR) as a modi-
fier for the liquid epoxy resin has been studied with
reference to the mechanical, thermal, and morpho-
logical properties of the cured neat epoxy and
Epoxy/MDPR blends. Furthermore, the effect of
modifier on the mechanical and morphological
properties and their correlation with the free vol-
ume data have been analyzed using positron annihi-
lation lifetime spectroscopy (PALS).
Positron annihilation lifetime spectroscopy (PALS)
is a sophisticated tool used for determining the
nanometer sized free volume holes and their rela-
tive number densities (i.e. concentration) in poly-
mers [15, 16]. Till today, only few reports are
available regarding the free volume studies of the
rubber modified epoxies through PALS technique
[17–18]. Especially PALS studies of epoxy-depoly-
merised natural blends are not available. Therefore,
in this paper, PALS has been used as a complemen-

tary tool to understand the relationship between the
free volume and the mechanical properties of the
cured neat epoxy and Epoxy/MDPR blend.

2. Materials and methods

2.1. Materials

Depolymerised natural rubber (DPR) with number
average molecular weight (Mn) around 36 000 g/mol
was obtained from Carborundum universal India
private limited, Chennai, India. (DGEBA) liquid
epoxy resin with the epoxy equivalent of 170 g was
used as received form Ciba-Geigy India private
limited, Mumbai, India. Methylene dianiline (DDM)
(HT 972) curing agent was used as received from
Ciba-Geigy India private limited, Mumbai, India.
Maleic anhydride (Laboratory Reagent) and Triph-
enylphosphine (Laboratory Reagent) were used as
received from Hipure chemicals India private lim-
ited, Chennai, India.

2.2. Synthesis of maleated depolymerised
natural rubber (MDPR)

20 g of depolymerised natural rubber (DPR) was
placed in a 100 ml two necked glass beaker fitted
with a stirrer, thermometer and a gas inlet. After the
system was well purged with an inert gas the tem-
perature was brought to be in the range of 200–
230°C. The system was allowed to remain in the
same temperature for 10 minutes. Then 2 phr (parts
per hundred on depolymerised natural rubber) of
maleic anhydride was added to the system and
nitrogen was bubbled slowly to remove dissolved
oxygen. The mixture was heated and stirred at the
temperature between 200–230°C for 20 minutes.
Then the mixture is allowed to cool to room tem-
perature. Then maleated depolymerised natural
rubber (MDPR) was removed from the beaker.

2.3. Percentage grafting of maleic anhydride

The maleic anhydride grafted sample was taken in a
filter paper and placed in the Sohxlet apparatus for
extraction. Each extraction was carried out for 24 h,
using acetone as the extracting medium for com-
plete removal of unreacted maleic anhydride. The
grafted polymer (MDPR) is fully insoluble in ace-
tone. After the extraction, the samples within filter
paper were dried under vacuum for 72 h at 70°C till
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they showed no weight variation (Wg). The extent
of grafting was calculated from the weight gain by
the samples using the Equation (1):

(1)

where, Wg – weight of grafted DPR and W0 –
weight of DPR before grafting.

2.4. Epoxy-MDPR network formation

The epoxy resin and maleated depolymerised natu-
ral rubber (MDPR) mixtures were blended with
each other in the ratio 97/3,98/2,99/1, by keeping
the epoxy resin component as the major phase and
maleated depolymerised natural rubber component
as the minor phase. The epoxy resin and maleated
depolymerised natural rubber mixtures were heated
in a beaker at 120°C (with 1% triphenylphosphine
catalyst) for 1 hour. The Epoxy/MDPR mixtures
were allowed to reach room temperature. 27 phr of
methylene dianiline (curing agent) was slowly dis-
solved in neat epoxy and in each 99/1, 98/2, 97/3
(Epoxy/MDPR) mixtures at 80°C, under vacuum to
remove entrapped air bubbles. Then they were
mixed and poured in aluminum molds, and allowed
to cure at 100°C for 3 hours. The samples neat
epoxy, 99/1, 98/2, 97/3 (Epoxy/MDPR) blends
were designated as E0, E1, E2 and E3 respectively.

2.5. Fourier transform infrared spectroscopy
(FT-IR)

The infrared spectroscopy of the maleated depoly-
merised natural rubber and Epoxy/MDPR (uncured
state) blends were recorded in with a Perkin-Elmer
FT-IR spectrophotometer. The FT-IR spectra of the
samples (liquid state) were taken at room tempera-
ture (25°C) using an optical cell. The samples were
scanned from 4000 to 400 cm–1 with a resolution of
4 cm–1. All spectra were reported after an average
of 32 scans.

2.6. Nuclear magnetic resonance spectroscopy
(NMR)

The 1H-NMR spectroscopy of the maleated depoly-
merised natural rubber was recorded with Bruker
AC-200 spectrometer (Switzerland) at 200 MHz
with CDCl3 as solvent.

2.7. Measurement of glass transition
temperature (Tg) by differential scanning
calorimetry (DSC)

The Tg of the cured neat epoxy and Epoxy/MDPR
blends was measured by differential scanning
calorimetry (DSC), NETZSCH DSC 204 in the tem-
perature range of 30 to 200°C at a heating rate of
10°C per minute. The samples of 5–10 mg were
encapsulated in standard aluminum pans.

2.8. Mechanical properties

2.8.1. Tensile stress-strain properties of neat
epoxy and Epoxy/MDPR blends

The tensile tests were carried according to ASTM
D 638. The tensile specimens with dimension of
60 mm×10 mm with thickness of 2 mm were pre-
pared by casting. The tensile strength, tensile mod-
ulus and elongation at break values of the neat
epoxy and Epoxy/MDPR blends were identified.
The tensile tests were carried at a cross head speed
of 1 mm/min. Five test samples from each formula-
tion were tested and the average values were
reported.

2.8.2. Flexural stress-strain properties of neat
epoxy and Epoxy/MDPR blends

The flexural tests were carried according to ASTM
D 790. The flexural specimens with dimension of
80 mm×25 mm with thickness of 2 mm were pre-
pared by casting. The flexural strength, flexural
modulus and flexural strain to failure values of the
neat epoxy and Epoxy/MDPR blends were identi-
fied. The flexural tests were carried at a cross head
speed of 3 mm/min. Five test samples from each
formulation were tested and the average values
were reported.

2.8.3. Izod unnotched impact test of neat epoxy
and Epoxy/MDPR blends

The Izod unnotched impact test was carried out
according to ASTM D 4812-93 specifications using
an impact tester with a striking velocity of
3.35 m·s–1. Impact test specimens in all the cases
were prepared by casting in to rectangular shaped
cavities (125×10×10 mm3). Tests are run on a
TMT N 431 impact tester type machine equipped
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with a hammer. Five test samples from each formu-
lation were broken. Average impact strength (IS)
values were reported. The impact test was carried
out at 25°C and the impact energy was reported in
J·m–2. The Izod IS is calculated by Equation (2):

[J/m2] (2)

where U1 is the impact energy [J], U2 the residual
energy [J], w, the specimen width [m], and t, the
specimen thickness [m].

2.9. Morphological study

Scanning electron microscopy (SEM) studies

Morphological analysis of the tensile fractured neat
epoxy and Epoxy/MDPR blends were studied using
JEOL (JSM-5800) Scanning electron microscopy
after sputter coating the fractured sample surface
with gold.

2.10. Positron annihilation lifetime
measurements

Positron annihilation lifetime spectra were recorded
for the cured neat epoxy and Epoxy/MDPR blends
using positron lifetime spectrometer. The spec-
trometer consists of a fast-fast coincidence system
with BaF2 scintillators coupled to photomultiplier
tubes type XP2020/Q with quartz window as detec-
tors. The BaF2 scintillators were conical shaped to
achieve better time resolution. The two identical
pieces of the sample were placed on either side of a
17 μCi 22Na (a 17 micro Curie Na-22) positron
source, deposited on a pure Kapton foil of
0.0127 mm thickness. This sample-source sand-
wich was placed between the two detectors of the
spectrometer to acquire lifetime spectrum. The
60Co source was used to acquire the prompt time
spectrum, which gave 180 ps as the resolution of
the spectrometer. However, to reduce the acquisi-
tion time and increase the count rate, the spectrom-
eter was operated at 220 ps. All lifetime measure-
ments were performed at room temperature with
more than a million counts under each spectrum
recorded in a time of 1 to 2 h. Source correction
term and resolution functions were estimated from
the lifetime of well-annealed aluminum using the
program RESOLUTION [17]. Since single Gauss-
ian resolution function did not yield convergence,

the resolution function was resolved further into
three Gaussian components, which produced quick
and good convergence. The net resolution function,
however, for this remained at 220 ps. The compli-
ancy of the resolution function was tested with well
characterized polymer samples like PC and PTFE
and the results obtained agreed very well with liter-
ature reported values. Therefore, three Gaussian
resolution functions were used in the present analy-
sis of positron lifetime spectra in all the blends and
pure polymer samples. All spectra were analyzed
into three lifetime components with the help of the
computer program PATFIT-88 [17] with proper
source and background corrections. The values of
the free volume hole size, Vf in nm3; the number
density of the free volume holes I3, in percentage
and the fractional free volume Fv; the product of Vf

and I3 was determined from the PALS measure-
ments.

3. Results and discussion

3.1. Characterization of maleated
depolymerised natural rubber (MDPR)

3.1.1. Structural characterization of MDPR by
FT-IR spectroscopy

The FT-IR spectra of depolymerised natural rubber
(DPR) and maleated depolymerised natural rubber
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Figure 1. FT-IR Spectra of depolymerised natural rubber
(DPR) and maleated depolymerised natural rub-
ber (MDPR)



(MDPR) are shown in Figure 1. DPR shows the
following characteristic peaks at 1640, 885, and
1370 cm–1, for –C=C– stretching, =C=CH2 (Vinyli-
dene) stretching, and –CH2 stretching. In the FT-IR
spectra of MDPR, the succinic anhydride function
has been readily identified by the two absorption
bands at 1780 and 1860 cm–1, which suggests the
grafting of maleic anhydride on DPR through
Diels-Alder mechanism [19]. Derouet et al., modi-
fied liquid natural rubber by maleic anhydride
through similar type of reaction mechanism [19].
Additionally, another band was identified in the
region around 1700 cm–1 which characterizes the
succinic anhydride ring opening with the formation
of carboxylic acid function due the presence of non
rubber constituents in the DPR [19]. These charac-
teristic peaks of succinic anhydride and carboxylic
acid functions of MDPR were found along with the
other characteristic peaks of depolymerised natural
rubber. This shows that on reaction of depoly-
merised natural and maleic anhydride there is no
loss in unsaturation or change in the cis-/trans-ratio
of depolymerised natural rubber. This finding is in
line with the results reported by Nauton [20]. From
Equation (1), the percentage grafting of maleic
anhydride has been calculated to be around 1.8%.
The plausible reaction between depolymerised nat-
ural rubber and maleic anhydride through Diels-
Alder mechanism is given in Figure 2.

3.1.2. Structural characterization of MDPR by
1H-NMR spectroscopy

In the 1H-NMR spectra of MDPR, fixation of
maleic anhydride on DPR was characterized by a
chemical shift at δH = 2.3–2.8 ppm, which charac-
terizes the protons on the succinic ring and con-
firms the grafting of maleic anhydride on DPR,
through Diels-Alder mechanism [19]. The 1H-NMR

spectrum of MDPR was compared with the
1H-NMR spectrum of depolymerised natural rubber
available in literature [21]. The assignment of vari-
ous 1H-NMR peaks of depolymerised natural rub-
ber are, 8.0τ-which characterizes the methylene
protons [–CH2–C(CH3)=CH–CH2–] on NR and
8.33τ-which characterizes the cis double bond
methyl protons [–C(CH3)=CH–] on NR [22].

3.2. Characterization of reactions between
epoxy resin and MDPR

3.2.1. FT-IR spectrum of uncured
Epoxy/MDPR blends

The FT-IR spectra of the neat epoxy (E0) and
Epoxy/MDPR blend (E3) are shown in Figure 3.
While blending MDPR with liquid epoxy resin, the
secondary alcohol groups present in the epoxy resin
(1297 cm–1) can open the anhydride ring of MDPR
leading to the formation of ester and carboxyl
groups. This reaction is supported by the occur-
rence of a characteristic peak of saturated ester
(C=O) at 1735 cm–1. The plausible reaction between
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Figure 2. Grafting of maleic anhydride on depolymerised natural rubber (DPR) through Diels-Alder reaction mechanism

Figure 3. FT-IR Spectra of the uncured samples E0 and
E3



MDPR and epoxy resin is shown in Figure 4. The
carboxyl group formed will further react with the
epoxide group of the epoxy resin leading to the for-
mation of new secondary alcohol groups. This reac-
tion is shown in Figure 5.
Another possible reaction is, some of the anhydride
ring in the MDPR must have been opened and con-
verted in to carboxyl groups by the impurities like
non rubber constituents. Generally, in maleic anhy-
dride grafted natural rubber, some of the anhydride
rings has a tendency to break and get converted in
to carboxyl groups. This type of reaction is
believed to happen due to the impurities like non
rubber constituents in the DPR [19]. While blend-
ing Epoxy/MDPR the carboxyl groups in the
MDPR can react with the epoxide group of the
epoxy resin, leading to the formation of new sec-
ondary alcohol groups. This reaction is shown in
Figure 6.
By the above two possible mechanisms, maleated
depolymerised natural rubber (MDPR) can be

attached to the epoxy backbone to some extent. The
FT-IR spectra of the Epoxy/MDPR blend (E3)
(Figure 3) elucidate the reaction between the
MDPR and the epoxy resin. In the FT-IR spectra of
the uncured Epoxy/MDPR blends, after the reac-
tion of MDPR with epoxy resin, there is a decrease
in the epoxide band intensity at 915 cm–1 with the
concomitant increase in secondary alcohol band
intensity and free alcohol band intensity at 1297
and 3500 cm–1 respectively when compared to the
FT-IR spectra of the uncured neat epoxy resin. This
confirms the reaction between the acid/anhydride
groups of MDPR and the epoxide group of the
epoxy resin which results in the formation of sec-
ondary alcohol groups. The reaction schemes
between MDPR and epoxide group of epoxy resin
has been established by calculating the areas of
epoxide peak at 915 cm–1, secondary alcohol peak
at 1297 cm–1 and aromatic group peak at 1500 cm–1

in the respective FT-IR spectra of the uncured neat
epoxy (E0) and Epoxy/MDPR blend (E3). The
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Figure 5. Reaction between the carboxyl group of maleated depolymerised natural rubber (MDPR) and the epoxy group
of epoxy resin

Figure 6. Reaction between the carboxyl groups of maleated depolymerised natural rubber (MDPR) and the epoxy group
of epoxy resin

Figure 4. Reaction between maleated depolymerised natural rubber (MDPR) and secondary alcohol group of epoxy resin



ratios of epoxide peak area to aromatic peak area,
secondary alcohol peak area to aromatic peak area
were calculated from the respective FT-IR spec-
trums. From these ratio values the reaction schemes
between MDPR and Epoxy resin has been pre-
dicted.

3.3. Thermal analysis

Figure 7 shows the DSC traces of neat epoxy resin
and Epoxy/MDPR blends. The glass transition tem-
perature (Tg) values of cured neat epoxy and
Epoxy/MDPR blends are included in Table 1.
Addition of MDPR to epoxy resin does not produce

and significant change in the Tg value of the neat
epoxy resin. This can be attributed to the limited
compatibility between the blend components. Gen-
erally, in the case of more miscible epoxy-liquid
rubber systems, the glass transition region will be
broader [4, 23]. Here, the glass transition region is
very narrow indicating a very limited compatibility
between the blend components and also clearly
suggest a possibility of distinct phase separation. In
this case, the hardener was mixed with liquid epoxy
resin at 80°C and the mould was kept in the oven at
100°C. This would have given more time for gela-
tion. However, at a higher temperature the viscosity
will be much less and the reaction between epoxy
and the hardener would be faster, and phase separa-
tions of the smaller particles will be more efficient.
It must be remembered that as the epoxy starts cur-
ing, the rubber will precipitate faster thus, more
efficient phase separation but with smaller precipi-
tated rubber particles can be obtained. This predic-
tion is confirmed and explained in detail in the later
section on the morphological studies of the
Epoxy/MDPR blends.

3.4. Mechanical properties

The tensile strength, tensile modulus, elongation at
break [%]; flexural strength, flexural modulus and
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Figure 7. DSC traces of cured samples E0, E1, E2 and E3

Table 1. Glass transition temperature (Tg) and free volume parameters for the neat and the modified epoxies

Table 2. Tensile, flexural and impact properties of the samples E0, E1, E2 and E3

Modifier (PHR)
Free volume hole size

Vf [nm3]
o-Ps intensity

I3 [%]
FVR(%) = Vf. I3 Tg [°C]

Nil (E0) 5.92 24.1 1.427 125
MDPR(1) (E1) 6.01 24.0 1.442 122
MDPR(2) (E2) 6.22 23.8 1.480 128
MDPR(3) (E3) 5.92 24.8 1.468 120

Tensile
properties

Sample designation Tensile strength [MPa] Tensile modulus [GPa] Elongation @ break [%]
E0 65 1.20 4.8
E1 63 0.99 5.4
E2 62 0.91 5.7
E3 61 0.90 5.6

Flexural
properties

Sample designation Flexural strength [MPa] Flexural modulus [GPa] Flexural strain to failure [%]
E0 126 6.00 2.2
E1 124 5.90 2.8
E2 121 5.40 2.6
E3 120 5.00 2.6

Impact
properties

Sample designation Impact strength [J/m2]
E0 070
E1 110
E2 130
E3 090



flexural strain to failure [%] values of the cured
neat epoxy and Epoxy/MDPR blends are reported
in Table 2. As expected, the addition of MDPR
results in the reduction of the tensile strength, ten-
sile modulus, flexural strength and flexural modu-
lus. This is perhaps due to the dissolution of the
epoxy resin matrix by the addition of the any liquid
rubber [24, 25]. However, elongation at break and
flexural strain to failure percentage values of the
Epoxy/MDPR blends are higher than those of the
neat epoxy resin. This shows that the rubber modi-
fied epoxy has undergone higher percentage of
strain (ductile deformation) before failure, which
will significantly contribute in enhancing the
toughness property of the epoxy resin. This is fur-
ther supported by the SEM micrographs of Epoxy/
MDPR blends, which is shown in the next section.
In line with this, the impact strength values of
Epoxy/MDPR blends are higher than that of the
unmodified epoxy (Table 2). The impact strength
of neat epoxy increases with the increase in loading

of MDPR up to 2 weight percentage and decreases
at 3 weight percentage of MDPR concentration.
The reason for this behavior has been explained in
detail in the next section by considering the phase
separation effect of the MDPR in the epoxy matrix.

3.5. Fractography

The SEM photomicrographs of the tensile fractured
neat epoxy and Epoxy/MDPR blends are shown in
Figure 8a–d. The SEM photo micrographs of
Epoxy/MDPR blends show the distribution of glob-
ular rubber particles in the epoxy matrix. In the
case of sample E1 and E2 the dispersed rubber par-
ticles have dimension in the range of 1–6 μm and
the rubber particles are uniformly distributed
throughout the epoxy matrix. However, in the case
of sample E3 the size of the dispersed rubbery
domains are much larger and the rubbery particles
are not uniformly distributed throughout the epoxy
matrix. In the micrographs of samples E1 and E2,
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Figure 8. SEM micrograph of fractured surface of sample E0 (a), SEM micrograph of fractured surface of sample E1 (b),
SEM micrograph of fractured surface of sample E2 (c), SEM micrograph of fractured surface of sample E3 (d)



one can see shear banding between the rubber parti-
cles, which suggest appreciable matrix shear yield-
ing and plastic deformation over a large volume.
This is the primary cause for energy absorption
mechanism in the case of rubber-toughened epoxy
[24–27]. However, this effect is more prominently
seen in the case of sample E2. Hence for sample
E2, both toughening and flexibilisation effects
(mild dilution effect of the epoxy matrix) can be
operative, resulting in maximum improvement in
impact strength. In the case of neat epoxy resin,
there is no evidence of any ductile fracture process
(matrix shear yielding) which further substantiates
the brittle nature of the fracture process. The poor
fracture property of sample E3 can also be
explained by considering the morphology as
observed in the SEM. The SEM photograph indi-
cates the presence of large particles distributed hap-
hazardly. The larger particles cannot act efficient in
dissipating mechanical energy but instead act as
defects [25, 26].

3.6. Positron annihilation lifetime studies
(PALS)

The data from PALS gives the following informa-
tion of interest for studies of this type – values of
free volume hole size, Vf in nm3, I3 in % which is a
measure of the number density of the free volume
holes. The product of these two parameters is Fv,
which gives the overall fractional free volume. The
values of these parameters for the samples E0, E1,
E2 and E3 are reported in Table 1. Elongation at
break and toughness depend on free volume param-
eters. They depend on the ease with which the poly-
mer chains can slide past each other under load.
Thus increase in Vf values can be expected to pro-
vide more space for the chain movements-thus
elongation at break increases with modifier content
upto 2 phr levels. Since the level of addition of the
modifier is very low, the changes in these proper-
ties are not dramatic. The Vf and Fv values show the
same trend with the level of modifier addition.
However, the effect of modifier addition on, I3 val-
ues show a different trend – a slight decrease in
these values with modifier addition upto 2 phr addi-
tion – this may be due to cross linking of the resin
by the modifier – as each anhydride group can react
with two epoxy rings. The probability of this reac-
tion is good at high temperature cure as is the case

here – at higher temperatures, the resin has lower
viscosity and this can help in the anhydride group
in the modifier to react with new epoxy rings in
other chains leading to cross linking. At 3 phr level
the I3 value increases – this may be due to the addi-
tive effect of the modifier (here a rubbery oligomer)
which should have more free volumes compared
with the epoxy resin. The glass transition tempera-
ture (Tg) values also reflect the trend shown by the
free volume parameters.

4. Conclusions

Maleated depolymerised natural rubber (MDPR)
has been developed by grafting maleic anhydride
with depolymerised natural rubber. The FT-IR
spectrum and 1H-NMR spectroscopy of the MDPR
confirms the grafting and explains the reaction
mechanism between maleic anhydride and depoly-
merised natural rubber. The FT-IR spectra of the
uncured Epoxy/MDPR blends confirm the reac-
tions between the acid/anhydride moiety of MDPR
and the epoxy group of the epoxy resin. The addi-
tion of MDPR to epoxy resin does not significantly
alter the glass transition temperature (Tg) value of
the neat epoxy resin. This is attributed to the lim-
ited compatibility between MDPR and epoxy resin.
The addition of MDPR to epoxy resin results in an
increase in the elongation at break and flexural
strain to failure values with some expense in other
mechanical properties. The unnotched Izod impact
strength values of the 99/1 (E1) and 98/2 (E2)
Epoxy/MDPR blends are higher than impact
strength value of the unmodified epoxy (E0). How-
ever, the impact strength value of 97/3 (E3) blend is
lower than the impact strength values of 99/1 (E1)
and 98/2 (E2) blends. The SEM micrographs of
99/1 (E1) and 98/2 (E2) blends show shear banding
between the uniformly phase separated rubber par-
ticles, which advocate appreciable matrix shear
yielding and plastic deformation over a large vol-
ume. This is attributed to the improvement of the
impact strength values of the 99/1 (E1) and 98/2
(E2) Epoxy/MDPR blends. However, in the case of
97/3 (E3) blend, though there is phase separation,
the rubber particles are phase separated randomly
with irregular particle size. This may explain the
poor performance of the 97/3 (E3) blend system.
PALS show the usual increase in free volume
parameters with the addition of the rubbery modi-
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fier but the number density of the free volume holes
show a decrease upto 2 phr level addition of the
modifier – this may be due to some cross linking
between the resin chains by the maleic anhydride
group present in the modifier. These trends are
reflected by the glass transition (Tg) values meas-
ured by differential scanning calorimetry.

Acknowledgements

The authors acknowledge M/S.Carborundum Universal
India Private Limited for providing Depolymerised Natural
Rubber.

References
[1] Potter W. G.: Epoxide resins. Springer-Verlag, New

York (1970).
[2] May C. A.: Epoxy resins: Chemistry and technology.

Marcell Dekker, New York (1973).
[3] Bouer R. S.: Epoxy resin chemistry. American Chem-

ical Society, Washington (1979).
[4] Bascom W. D., Hunston D. L.: Rubber toughened

plastics. American Chemical Society, Washington
(1989).

[5] McGarry F. J., Rosner R. B.: Epoxy-rubber interac-
tions. in ‘Toughened plastics I. Science and Engineer-
ing’ (eds.: Riew C. K., Kinloch A. J.) Advances in
Chemistry Series, Washington, 305–315 (1993).

[6] Sultan J. N., McGarry F. J.: Effect of rubber particle
size on deformation mechanisms in glassy epoxy.
Polymer Engineering and Science, 13, 29–34 (1973).

[7] Manzione L. T., Gillham J. K., McPherson C. A.:
Rubber-modified epoxies, I. Transitions and morphol-
ogy. Journal of Applied Polymer Science, 26, 889–
905 (1981).

[8] Manzione L. T., Gillham J. K.: Rubber-modified
epoxies, II. Morphology and mechanical properties.
Journal of Applied Polymer Science, 26, 907–919
(1981).

[9] Riew C. K.: Amine terminated reactive liquid poly-
mers: Modification of thermoset resins. Rubber
Chemistry and Technology, 54, 374–402 (1981).

[10] Pocius A.: Elastomer modification of structural adhe-
sives. Rubber Chemistry and Technology, 58, 622–
636 (1985).

[11] Reizaifard A. H., Hodd K. A., Tod D. A., Barton J.
M.: Toughening epoxy resins with poly (methyl
methacrylate)-grafted-natural rubber, and its use in
adhesive formulations. International Journal of Adhe-
sion and Adhesives, 14, 153–159 (1994).

[12] Kemp T. J., Wiford A., Howarth O. W., Lee T. C. P.:
Structural and materials properties of a polysulphide-
modified epoxide resin. Polymer, 33, 1860–1871
(1992).

[13] Tong J., Bai R., Pan C., Goethals E. J.: Flexibility
improvement of epoxy resin by using polysiloxane-
PGMA (MMA) composite particles. Journal of
Applied Polymer Science, 57, 895–901 (1995).

[14] Ratna D., Banthia A. K.: Rubber toughened epoxy.
Macromolecular Research, 12, 11–21 (2004).

[15] Suzuki T., Oki Y., Numajiri M., Miura T., Kondo K.,
Ito Y.: Positron annihilation and polymerization of
epoxy resins. Polymer, 34, 1361–1365 (1993).

[16] Mogensen O. E., Jacobsen F., Pethrick R. A.: Positron
annihilation in a rubber modified epoxy resin. Poly-
mer, 20, 1034–1036 (1979).

[17] Goyanes S., Rubiolo G., Salgueiro W., Somoza A.: On
the free volume evolution in a deformed epoxy com-
posite. A positron annihilation study. Polymer, 46,
9081–9087 (2005).

[18] Goyanes S., Rubiolo G., Marzocca A., Salgueiro W.,
Consolati G., Somoza A., Mondragon I.: Yield and
internal stresses in aluminum filled epoxy resin. A
compression test and positron annihilation analysis.
Polymer, 44, 3193–3199 (2003).

[19] Derouet D., Phinyocheep P., Boccaccio G., Brosse J.
C.: Synthesis of photo-crosslinkable elastomers by
chemical modification of liquid natural rubber. Jour-
nal of Natural Rubber Research, 6, 39–54 (1991).

[20] Naunton W. J. S.: Applied science of rubber. Edward
Arnold Publishing, London (1961).

[21] Roberts A. D.: Natural rubber science and technology.
Oxford University Press, Oxford (1988).

[22] Brydson J. A.: Rubber chemistry. Applied Science
Publishers, London (1978).

[23] Kothandaraman B., Kulshreshtha A. K.: Rubber mod-
ified thermosets. in ‘Handbook of polymer blends and
composites’ (eds.: Vasile C., Kulshreshtha A. K.)
Rapra Technology, Shrewsbury, Vol 4, 417–440
(2003).

[24] Bucknall C. B.: Toughened plastics. Applied Science
Publishers, London (1977).

[25] Kinloch A. J.: Relationship between the microstruc-
ture and fracture behavior of rubber-toughened ther-
mosetting polymer. in ‘Rubber toughened plastics’
(ed.: Riew C. K.) Advances in Chemistry Series,
Washington, 67–91 (1989).

[26] Levita G.: Matrix ductility and toughening of epoxy
resins. in ‘Rubber toughened plastics’ (ed.: Riew C.
K.) Advances in Chemistry Series, Washington,
93–118 (1989).

[27] Banthia A. K., Chaturvedi P. N., Jha V., Pendyala V.
N. S.: Synthesis, characterization and evaluation of
telechelic acrylate oligomers and related toughened
epoxy networks. in ‘Rubber toughened plastics’ (ed.:
Riew C. K.) Advances in Chemistry Series, Washing-
ton, 343–359 (1989).

311

Dinesh Kumar and Kothandaraman – eXPRESS Polymer Letters Vol.2, No.4 (2008) 302–311


	Vol2
	EPL-4-237
	EPL-4-238-250
	EPL-4-251-255
	EPL-4-256-264
	EPL-4-265-276
	EPL-4-277-283
	EPL-4-284-293
	EPL-4-294-301
	EPL-4-302-311


