
Since the shape memory (SM) effect was first uti-
lized for the production of heat shrinkable polyeth-
ylene as far back as 1951, it took over 30 years to
industrialize the same effect with block copolymers
by Japanese companies. However, most works by
then were based on their commercial products as
documented in patents, and detailed structure-prop-
erty relationships were sparse in open literatures.
Since late 1990s, SM polymers (SMP) have drawn
intensive scientific attentions as functional materi-
als with ample potential applications.
SMP recovers its original shape from a large defor-
mation when exposed to a stimulus which is mostly
heat. Light, electric and magnetic fields may also
be used to trigger shape change in suitable SMPs.
However, these stimuli are generally used to gener-
ate heat. SM effect results from the combination of
morphology and processing program.
Morphologically, SMP consists of fixed (hard) seg-
ments and reversible (soft) segment, or their aggre-
gations (phases). Transition temperature of soft
segment is switching temperature (Ts). So, block
and segmented copolymers are major classes of
SMP. Fixed phase contains physical or chemical
cross-links which are thermally stable above Ts. It
is typically dispersed in reversible phase and is trig-
gered by external stimuli. Morphology of soft seg-
ment and intercross-link distance determine the
recoiling above Ts.
SMP has rooms for performance improvement in
strain fixity, recovery, and durability. Moreover,

reversibility rather than the one way operation, and
high recoiling force would open up a new era of
SMP. Switching by light, pH, pressure, sound,
moisture, etc will make the materials more versa-
tile. Multifunctionalization like the coupling of SM
effect with biocompatibility and biodegradability
will find biomedical device applications. 
Skilled molecular design for specific environment
is of prime importance. Hybridization with other
polymers and inorganic fillers in nano-order are
other choices. Multiple SM behavior where strain is
recovered in multiple steps could be designed from
multiphase polymers. Simple addition of fillers
often gives partial success as to SM effect. How-
ever, when fillers are chemically bonded onto the
polymer chains, excellent SM performances can be
achieved. SMP is a rapidly moving area and a lot
more are expected to come in the near future.
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1. Introduction
In behavior modeling of hyperelastic materials, the
stress-stretch relations are obtained from the strain
energy function. The problem is the mastery of this
strain energy function W. In material investigation,
many starting forms of this energy have been pro-
posed [1–5]. The use of an energy form depends on
the mastery of parameters estimation from experi-
mental acquisitions (or from molecular considera-
tions). A principal reason why some earlier interest-
ing models such as that of Gent-Thomas [2] were
not often used, lies in the fact that the common pro-
cedure (least squares in single process) of parameter
estimation does not allow their identification within
a restricted region of the experimental (complete)
domain. However, the earlier practical Mooney (or
Mooney-Rivlin) model [1], which unfortunately
fails in predicting other deformation modes such as

shear or biaxial deformation, is frequently used
(even recently [6]), in hyperelastic literature
because its validation and fitting are well mastered
by the use of the Mooney plot technique (the plot of
the reduced stress as a function of reciprocal stretch
in extension-compression). Let us note that accord-
ing to Mooney model, the secant shear modulus is
independent of the stretch, i.e., is constant. This is
incorrect since experiment shows that the reduced
shear stress varies as the stretch varies [7, 8].
The fit of a model to data is an essential means for
validating a model in hyperelasticity [8, 9].

2. Hyperelastic uniaxial behavior

The uniaxial behavior of incompressible, homoge-
nous and isotropic Green materials is given by
Equation (1):
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(1)

where W is the strain energy function, σn the nomi-
nal stress and λ the stretch. This law can be rewrit-
ten in the strain invariants-based by Equation (2):

(2)

where I1 = λ2 + 2λ–1 and I2 = 2λ + 2λ–2 are respec-
tively the first and the second strain invariants.
The reduced stress φ(λ) is defined by Equation (3):

(3)

where σ is the stress (Cauchy stress).

3. Validating domain and fitting the
phenomenological Gent-Thomas model

The choice of the continuum Gent-Thomas model
[2] lies in the fact that this model verifies theoreti-
cal and experimental requirements as concerns the
dependence of the energy strain function on the
strain invariants I1, I2; and conditions on ∂W/∂I1

and ∂W/∂I2 [10, 11]. The Gent-Thomas model is
given by Equation (4):

(4)

where K1 and K2 are material characteristics. The
relative uniaxial behavior law can be rewritten,
from Equations (2) and (3), as in Equation (5):

(5)

where φGT is the reduced stress according to the
Gent-Thomas model.

3.1. Ordinary procedure for parameters
identification

The ordinary least squares procedure considers as
base of approximation <P(λ)> given by Equa-
tion (6):

(6)

ξk(λ) is a generating function. This leads to the esti-
mated parameters K1 and K2 given by Equation (7):

(7)

The matrix coefficients are given by Equations (8)
and (9):

(8)

(9)

Thus, Equations (10), (11), (12), (13) and (14) give
the values of the coefficients:

(10)

(11)

(12)

(13)

(14)

where (λk, σnk) are experimental data.
The estimated parameters are recorded in Table 1.

3.2. Multi-stage procedure

Let us consider, for x ∈ VN, ξN(x) being the equiva-
lent function of the function y(x), this leads to
Equation (15):
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Table 1. Estimated parameters of the Gent-Thomas model
from Pak-Flory elastomer data

Parameters K1 K2

Simple Process (SP) 0.0707 0.1321
Multi-Stage Process (MSP) 0.0671 0.1456



(15)

Plotting y(x) versus ξN(x), that is, (ξN(x), y(x)),
should give a linear curve for x ∈ VN. The method
consists in plotting the curve (ξk(x), y(x)) by vary-
ing k to get a linear portion for certain values of x,
which defines the identification sub-domain. The
partial solution ξk(x) is then determined and the
weighting coefficient ak is given by the slope of the
relative linear curve. Reiterating this procedure
leads to the following recurrence formula [12]
given by Equation (16):

(16)

where yk(x) is the function to be identified in the
sub-domain Vk.
To evaluate the Gent-Thomas parameters, one has
first to look for the valid domain of the model.

From Equations (3) and (5), a change of variable is
not possible, because the change X = λ/(2λ3 + 1) is
not a univocal function. This necessitates the use of
the graphical step-by-step approach [12]. As previ-
ously stated, when plotting φ(x) versus λ/(2λ3+1),
the domain where the curve is linear corresponds to
the valid domain of the Gent-Thomas model, Fig-
ures 1a, 1b. The value of the parameter K2 is given
by the gradient of the straight line and that of K1 is
the intercept. These parameters can be graphically
estimated or, for more accuracy, can be evaluated
by the least squares method within the appropriate
domain [13] identified (within the linear curve
area).

3.3. Results

Let us consider for illustration purposes: on one
hand, data of uniaxial tension of the Pak-Flory elas-
tomer [14], Figure 1; and on the other hand, those
of the Treloar rubber [15], Figure 2.
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Figure 1. Validating and fitting the Gent-Thomas model to Pak-Flory elastomer data. (a): validating domain of interest
and parameters evaluation (Straight line); (b): estimated reduced curves compared to data; (c): estimated com-
pression-extension curves compared to data.



– For the Pak-Flory data, one can use the single as
well as the multi-stage procedure. The multi-stage
procedure (where only extension data are taken into
account for the resolution) permits just more preci-
sion on the estimated parameter values, Figure 1a.
The parameter values obtained are recorded in
Table 1. Figure 1b, 1c shows a good fit of data from
compression to moderate tension, by the single as
well as the multi-stage process. The Gent-Thomas
model is valid over the entire experimental defor-
mation domain of Pak-Flory, i.e., moderate and
transition deformation zones. For this band of
deformation, the use of the ordinary (single process)
least squares procedure remains operational for val-
idating and fitting the Gent-Thomas model to data.
– For the Treloar data, one sees in Table 2 that the
coefficient K2 is negative-valued. This is at vari-
ance with the regression analysis of the constrained
energy function by Johnson et al. [16]. From Fig-
ure 2a, we see that the single process is irrelevant.
Figure 2b, 2c shows that the solution curves diverge

markedly from the whole experimental data by the
single process. While by the multi-stage process, a
good fit of data is observed from small to moderate
deformations though a noticeable deviation appears
at large deformations. This is understandable
because one does not a priori know the domain
where the restricted Gent-Thomas model is suit-
able. The ordinary procedure uses the whole exper-
imental data to evaluate the energy parameters in a
single process. Considering a single process means
that the reduced stress should be linear in the whole
deformation region when plotting φ(λ) versus the
generating function ξ2(λ). This is not always accu-
rate since experimental data do not corroborate it in
Figure 2a. This is due to the fact that the Treloar
experimental domain is complete: moderate defor-
mation field, transition zone and stiffening domain.
This shows that the Gent-Thomas model is only
valid in a limited deformation region, i.e., stretches
under the upturn point of the reduced stress curve
(in other words, at the falling part of the curve),
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Figure 2. Validating and fitting the Gent-Thomas model to Treloar rubber data. (a): validating domain of interest and
parameters evaluation (Straight line); (b): estimated reduced curves compared to data; (c): estimated compres-
sion-extension curves compared to data.



Figure 2b. Consequently, it is a partial model,
which is applicable and functional in a limiting
area, within a restricted deformation domain of
interest located under the inflexion point of the ten-
sion curve, Figure 2c. Table 2 presents estimated
parameters by the multi-stage process compared to
those by the single process. Thus, by the multi-
stage process, one first of all looks for the valid
domain of a model before evaluating relative
parameters. For a rubber material, if one considers
just two deformation zones: the first zone, where
the tension curve is concave, as moderate stretches;
the other zone, where it is rather convex, as the high
deformations region, one can deduce that the Gent-
Thomas model is suitable only for moderate
stretches, i.e., under the stiffening deformation
zone, Figure 2c.

4. Simulation: Validating domain and
fitting the molecular Flory-Erman model

It is well known that for a constrained chain model,
parameters are obtained from molecular considera-
tion. But we propose a simulation approach for esti-
mating these parameters by means of a numerical
approach in order to appreciate the efficiency of the
studied method.

4.1. Uniaxial behavior law

The constrained chain model of Erman-Mannorie
[17, 18] is given by Equation (17):

(17)

where Bj, Dj and h(λ) are given by Equations (18),
(19) and (20):

(18)

(19)

(20)

η is the cyclic rank of a network, k the Boltzmann’s
constant, T the absolute temperature, γ is the num-
ber of chains meeting at a junction (the functional-
ity of the network junction), κ is a measure of
strengths of the constraints, N is the chain density
(η = N/2 for a perfect tetra functional network).
For the Flory-Erman model [18, 19] γ is equal to
two, so h(λ), Bj and Dj are given by Equations (21),
(22) and (23):

(21)

(22)

(23)

From Equation (1), the behavior law is given by
Equation (24) (λ1 = λ; λ2 = λ3 = λ–1; η = N/2):

(24)

This expression shows a unique corresponding gen-
erating function ξ1(λ).
Let us consider ξ1(λ) = ξFE(λ). Hence, ξFE(λ) is
given by Equation (25):
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Table 2. Estimated parameters of the Gent-Thomas model
from Treloar rubber data

Parameters K1 K2

Simple Process (SP) 0.2543 –0.3296
Multi-Stage Process (MSP) 0.1286 00.3137



(25)

4.2. Ordinary procedure for parameters
identification

For the ordinary procedure, the base of approxima-
tion contains a unique generating function and is
given by Equation (26):

(26)

As a result, the parameter NkT is given by Equa-
tion (27):

(27)

where (λk, σnk) are experimental data. The esti-
mated parameters of the Flory-Erman model are
recorded in Tables 3 and 4 and are compared to the-
oretical values (real values, from molecular consid-
erations) [19, 20]. Figure 3 depicts the model
prediction in comparison with Pak-Flory data.
From this Figure, it emerges that the usual single
procedure can be applied in this case; while in Fig-
ure 4, one sees that the single process is incongru-
ous, the reasons are enumerated above.
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Figure 3. Validating and fitting the Flory-Erman model to Pak-Flory data. (a): validating domain of interest and parame-
ters evaluation; (b): estimated compression-extension curves compared to data.

Table 3. Estimated parameter NkT for the Flory-Erman
model from Pak-Flory elastomer data (κ = 3.58)

Parameter NkT
Estimated

value
Theoretical value [20] 

(Real value)
Simple Process (SP) 0.0660 0.06269
Multi-Stage Process (MSP) 0.0608 –



4.3. Multi-stage procedure for identification

As previously seen, to evaluate parameters by the
multi-stage procedure, one plots the reduced stress
versus the generating function ξFE(λ). It permits
both the determination of the valid domain of the
model, i.e., where the curve is linear; and the value
of the parameter NkT, which is given by the gradi-
ent of the straight part of the curve, Figures 3a and
4a. Tables 3 and 4 show the estimated and the theo-
retical parameter values of the Flory-Erman model.
A comparison of theoretical and estimated predic-
tions of the model with data is illustrated in Fig-
ure 3b for Pak-Flory elastomer and in Figure 4b for
Treloar rubber.

Let us note that the Gent-Thomas and the Flory-
Erman models give similar results [21].

5. Complete models

This paper presents how to validate a partial model
in general and that of Gent-Thomas in particular,
because of difficulties when using the ordinary
identification procedure. The complete modeling is
not considered in this work.
Let us note that for a complete model such as that
of Pucci-Saccomandi (also called Gent-Gent
model) [22] given by Equation (28) or that of Beda
(the extended Gent-Thomas model) [21] given by
Equation (29), the ordinary as well as the multi-
stage procedure remains appropriate for evaluating
the parameters [9, 12, 13, 21]. The Gent-Gent
model is given by Equation (28):
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Figure 4. Validating and fitting the Flory-Erman model to Treloar data. (a): validating domain of interest and parameters
evaluation; (b): estimated compression-extension curves compared to data.

Table 4. Estimated parameter NkT for the Flory-Erman
model from Treloar rubber data (κ = 0.68)

Parameters NkT
Estimated

value
Theoretical value [19] 

(Real value)
Simple Process (SP) 0.5151 0.55
Multi-Stage Process (MSP) 0.5382 –



where Jm = Im – 3; K2 and μ are material parameters
and Im is the limiting value of the invariant I1 to the
deformation when the network is fully stretched.
The Beda (extended Gent-Thomas) model is given
by Equation (29):

(29)

where Ki are positive real numbers characteristic of
material. The integer M (condition apply: M ≥ 3) is
the order of the model or material order [21].
Let us also note that the Pucci-Saccomandi (Gent-
Gent) and Beda (extended Gent-Thomas) models
give similar precise results [21].

6. Conclusions

A technique of validating partial hyperelastic mod-
els over a complete experimental range of deforma-
tion is set out. The Gent-Thomas model, an earlier
and starting partial model, which successfully veri-
fies experimental and theoretical requirements, but
unfortunately not sufficiently exploited in hypere-
lastic modeling, can now be easily employed in
rubber modeling and characterization. It comes out
that the Gent-Thomas model is valid only under the
stiffening deformation domain of rubber material.
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1. Introduction
The crystallization and melting behavior of semi-
crystalline polymers has been studied for many
years, but there is still much work to be done due to
the differences in the molecular structure for differ-
ent polymers. The reaction rate constant does not
depend on temperature in case of isothermal meas-
urement, while during non-isothermal experiment
the value of rate constant depends on temperature.
In these cases the results are less reliable, but the
non-isothermal crystallization behavior is of more
practical interest than isothermal behavior. This is
because polymers are usually processed under non-
isothermal cycles rather than under isothermal con-
dition.

Ethylene-vinyl acetate copolymer (EVA) is a ran-
dom copolymer synthesized from ethylene
monomer and vinyl acetate (VAc) co-monomer.
The copolymer is often produced by continuous
bulk polymerization under high pressure similarly
to low density polyethylene (LDPE) [1]. Its proper-
ties are easily variable by the adjustment of the co-
monomer ratio. When the VAc content is low, the
copolymer is more akin to polyethylene and has
enough ability to crystal, but for high VAc content
the pendent acetoxy is excessive enough and pre-
vents adjacent polyethylene chains packing into the
crystal lattice [2], then totally amorphous and rub-
ber-like EVA is expected when the VAc content is
more than 43% by weight as indicated by Kamath
and Wakefield [3]. It should be noticed that Varga
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and his coworkers revealed that the crystallization
and melting characteristics of PE are very sensitive
to the VAc content [4].
In the present discussion, the non-isothermal crys-
tallization kinetics for three different grades of
EVA was investigated by differential scanning
calorimetry (DSC) technique. The main objective
for this work is to study the effect of VAc co-
monomer content on the crystallization behavior of
these copolymers. The non-isothermal DSC crys-
tallization and melting curves of these copolymers
were considered and the derived kinetic parameters
were analyzed based on Avrami equation and its
modified formulation. The kinetic crystallizability
was also employed to evaluate the crystallization
differences arising from the influence of VAc con-
tent on the EVA structure.

2. Experimental

2.1. Materials

Three grades of ethylene-co-vinyl acetate copoly-
mer (EVA) with varying amounts of vinyl acetate
(VAc) content are given in Table 1. EVA14 and
EVA18 were supplied by Beijing Organic Chemi-
cal Plant, China; while EVA28 was supplied by
Sumitomo Chemical Company, Japan. Generally,
the VAc co-monomer can be considered to be ran-
domly distributed along the copolymer chains.

2.2. Differential scanning calorimetry
measurements

The non-isothermal crystallization and the follow-
ing melting experiments of EVA samples with dif-
ferent VAc contents were carried out with a
differential scanning calorimeter (DSC) instrument
(model Pyris 1, PerkinElmer, USA). Details of
samples as received were listed in Table 1. Samples
weighing about 10 mg were cut off for the DSC.
Argon purge gas with a flux of 20 ml/min was used
to prevent thermal degradation of samples during
the scanning. In order to remove the volatile impu-

rities and erase the former thermal history, EVA
samples were first heated up to150°C at a rapid
heating rate of 20°C/min and kept at 150°C for
5 minutes. Then they were cooled down from 150
to 0°C at the rate of 5°C/min to obtain the non-
isothermal crystallization curves. Finally, the
remelting was finished by second heating run from
0 to 150°C at 10°C/min.
The crystallinity (Xc) of the samples was calculated
according to Equation (1):

(1)

where ΔHf
* is the enthalpy of fusion of the perfect

polyethylene (PE) crystal and ΔHf is the enthalpy of
fusion of the EVA samples, respectively. The value
of ΔHf

* for PE is 277.1 J/g [5].

3. Results and discussion

3.1. Non-isothermal crystallization behavior

Figure 1 shows the non-isothermal crystallization
DSC curves of the three grades of EVA. The corre-
sponding values from the curves are collected in
Table 2. As expected, DSC curves exhibit only one
crystallization peak, and the crystallization peak
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Table 1. Details of EVA materials used

aASTM D1238
bJIS K6924-2 1997

Grade Nominal VAc [wt%] Density [g/cm3] Melt flow rate [g/10 min] Nomenclature
14–2 14 0.940 2a EVA14
18–3 18 0.935 3a EVA18

KA-31 28 0.960 7b EVA28

Figure 1. DSC curves of non-isothermal crystallization for
the three EVA materials



shifts to lower temperature as the VAc content
increases. This suggests that the VAc co-monomer
reduces the stereoregularity of polyethylene macro-
molecular chain and the crystallization is restricted
to certain degree. The same tendency of Tc

on, Tc
p

and Tc
f is observed in Figure 2. It is interesting to

notice that there are good linear relationships
between these crystallization temperatures and the
VAc content. The slopes of the onset, peak and
final crystallization temperature against VAc con-
tent are parallel well with each other, indicating the
same effect of VAc content on these crystallization
temperatures. However, ΔTc difference of these
EVA materials is not so large as expected. All these
EVA materials have a close ΔTc value around 8°C.
It could be inferred that these polymers have the
same spacing of thermal windows under the same
non-isothermal crystallization condition, independ-
ent of difference in VAc contents.

3.2. Subsequent melting behavior

To investigate the subsequent melting behavior of
these EVA materials after the same non-isothermal
crystallization condition, the melting curves were
recorded in Figure 3. The characteristic data from
the DSC curves are summarized in Table 3. Like
the crystallization temperatures above, melting
peak and final temperatures decrease accordingly
with the increase in VAc content, indicating the
lamellar thickness decrease since the melting tem-
perature of a given sample decreases with decrease
of lamellar thickness [6]. There is almost 20°C in
peak melting temperature difference between
EVA14 and EVA28. It is also apparent from the
melting curves that the melting peak of EVA14
which has the lowest VAc content is the sharpest
among the three EVA materials. It has been consid-
ered that the width of melting peak can reflect the
distribution of the lamellar thickness [7]. There-
fore, EVA14 has a narrower distribution of lamellar
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Figure 2. The relationships of crystallization temperatures
and VAc content

Figure 3. DSC curves of subsequent melting for the three
EVA materials

Table 2. DSC results of non-isothermal crystallization

Tc
on: onset crystallization temperature; Tc

p : peak crystallization temperature; Tc
f: final crystallization temperature; ΔTc = Tc

on – Tc
f ; 

ΔHc: enthalpy of crystallization

EVA sample Tc
on [°C] Tc

p [°C] Tc
f [°C] ΔT [°C] ΔH [J/g]

EVA14 80.4 76.1 73.4 7.0 36.5
EVA18 74.6 69.4 66.2 8.4 28.7
EVA28 57.1 52.2 49.5 7.6 17.0

Table 3. DSC results of subsequent melting

Tm
p : peak melting temperature; Tm

f : final melting temperature; ΔHf : enthalpy of melting; Xc: crystallinity

EVA sample Tm
p [°C] Tm

f [°C] ΔΔHf [J/g] Xc [%]
EVA14 90.2 95.2 63.9 23.1
EVA18 86.0 92.5 50.6 18.3
EVA28 70.5 81.6 21.8 07.9



thickness than that of EVA18 and EVA28. Simi-
larly, the crystallinity confirms the difference of the
crystal perfection of these copolymers. The crys-
tallinity of EVA28 is only 7.9% which is no more
than 45% of EVA18 or no more than 35% of
EVA14. It is worth noting that the onset melting
temperatures of these copolymers are difficult to
discern because of broad melting range, indicating
all of these EVA materials have a wide size distri-
bution of the crystallites. All the results above can
be explained based on the amount of total non-crys-
tallizable, intra-molecular defects [7] (i.e. VAc
defects). The EVA material with high VAc content
should have high amount of the VAc defects, and
tend to crystallize imperfectly.

3.3. Non-isothermal crystallization kinetics

Crystallization kinetics of a material can be ana-
lyzed by evaluating the extent or degree of phase
transformation which is often denoted as Xt. The
relative crystallinity Xt as a function of time or tem-
perature by recording the heat flow during crystal-
lization process and is defined as Equation (2)
[8, 9]:

(2)

where T0 and T∞ are the initial and end crystalliza-
tion temperature, respectively, and H(T) is the heat
flow at temperature T. Xt is determined from the
crystallization curve by integral method.
The relative crystallinity is plotted versus different
crystallization temperatures and time as is shown in
Figures 4 and 5. At the same cooling rate of
5°C/min, development curves for the relative crys-
tallinity of these EVA materials display the same
reversed S type as the crystallization temperature
goes down, whereas the curves display the similar S
type as the crystallization time elapses. Though the
three grades of EVA possess different VAc content,
the whole crystallization process of these polymers
is a similar packing work of the crystallizable ethyl-
ene segments between uncrystallizable vinyl
acetate segments. So these EVA materials undoubt-

edly display similar development curves with crys-
tallization temperature or time.
Majority of the proposed formulations for predict-
ing non-isothermal crystallization kinetics are
based on the modification of Avrami equation.
Avrami equation for non-isothermal crystallization
is expressed by Equation (3) [10–12]:

(3)

where the exponent n is a mechanism constant
which value depends on the type of nucleation and
the growth dimension, and the parameter Z is a
growth rate constant involving both nucleation and
growth rate parameters [13].
The kinetics parameters of non-isothermal crystal-
lization were determined, based on the assumptions
that non-isothermal crystallization may be treated
as a sequence of isothermal crystallization steps
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Figure 5. Plots of relative crystallinity vs. crystallization
time for the three EVA materials

Figure 4. Plots of relative crystallinity vs. crystallization
temperature for the three EVA materials



[14, 15]. In this case, Equation (3) can be trans-
formed into Equation (4):

(4)

Figure 6 gives the plots of lg[–ln(1–Xt)] versus lgt,
they show relatively good linear relationship (the
correlation coefficient for linear regression, R>0.98
for all these curves). However, all the three straight
lines terminate with an upward tail, which is con-
sidered as the secondary crystallization as observed
in other polymers [16–18]. The Avrami exponent n
and constant Z can be obtained from the slope and
the intercept of the plot of lg[–ln(1–Xt)] against lgt.
Considering the non-isothermal character of the
process investigated, the growth rate constant is
corrected by the cooling rate φ, then the final form
of growth rate constant Zc is obtained from Equa-
tion (5) [14]:

(5)

where n and Zc values are listed in Table 4. It is
found that the Avrami exponent of EVA14 is
between 3 and 4, whereas the Avrami exponents of
EVA18 and EVA28 are around 3. It seems that
there may be differences in the nucleation and
growth mechanisms of these EVA materials.

EVA14 could form coexistent tridimensional crys-
tallites from instantaneous and sporadic nucleation
(n = 3.33). In the case of EVA18 and EVA28, the
Avrami exponents imply two possibilities: the two
EVA materials may form tridimensional crystal-
lites from sporadic nucleation; or they probably
form two-dimensionally growing crystallites from
instantaneous nucleation [19, 20]. Since no other
heterogeneous material was introduced, the instan-
taneous nucleation was preferred for the crystal-
lization of the three EVA materials. Consequently,
EVA14 is prone to form tridimensional crystallites
as polyethylene material often does, whereas
EVA18 and EVA28 are forced to crystallize in two-
dimensional caused by the impediment of more
acetoxy side chains. In addition, the lowest half
crystallization time (t0.5) of EVA14 indicate the rel-
ative fast crystallization compared with EVA18
and EVA28. The same conclusion can also be
drawn from the comparison of the growth rate con-
stant Zc.
To characterize the kinetics of non-isothermal crys-
tallization of PET, Jeziorny [14] used a parameter
G, known as ‘the kinetic crystallizability’. It char-
acterizes the degree of transformation obtained
over the entire crystallization range (Tm, Tg) with
unit cooling rate. The calculation of the parameter
is done by Equation (6):

(6)

where t0, tmax, tf are the time corresponding to Tc
on,

Tc
p and Tc

f, respectively; D is the half width of the
crystallization curve.
This parameter, like the growth rate constant Z
above, requires proper correction. The final form of
this parameter is shown in Equation (7):
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Table 4. Parameters for the non-isothermal crystallization of the three EVA materials

EVA sample n t0.5 [min] Zc [min–n] Gc

EVA14 3.33 1.20 0.80 1.697
EVA18 2.96 1.35 0.77 1.659
EVA28 2.96 1.53 0.72 1.559

Figure 6. Plots of lg[–ln(1-Xt)] vs. lgt for the three EVA
materials



Gc values of these EVA materials are listed in
Table 4. It is quite evident that the Gc value
decreases with an increase in VAc content.
Jeziorny [14] recommended Gc for characterizing
the kinetics of non-isothermal crystallization,
because this parameter aims at the determination of
quantitative relations between the kinetics of poly-
mer crystallization and the structural features. From
the data in Table 4, it is found that the Gc value of
EVA18 is very close to that of EVA14, and the Gc

value of EVA28 is relatively low due to the high
VAc content compared with the other two grades of
EVA. It has been reported that the increase in the
amount of total co-monomer in EAA or E-MA-AA
will enhance the energy barrier for crystallizable
segments to crystallize [7]. Since the increase in the
amount of the randomly distributed VAc co-
monomer will result in a decrease in both the num-
ber and length of the crystallizable ethylene
segment, the EVA28 material which has the most
VAc content should have the biggest energy barrier
for the ethylene segments to overcome. This is also
consistent with the fact that bulky nature of the ace-
toxy side chain will reduce the ability of the poly-
mer chains to pack closely together to form
crystallites [1]. It can be thought from the results
above that the VAc content undoubtedly has a neg-
ative effect on the crystal growth of EVA material
as a result of the strong dependence of the copoly-
mer structure on the VAc co-monomer.

4. Conclusions

The non-isothermal crystallization for the three
grades of EVA materials indicates that the crystal-
lization tendency of EVA decreases with increasing
of VAc content. VAc content has the same effect
on the onset, peak and final crystallization tempera-
tures. And with increasing of VAc content, perfec-
tion of EVA crystals decreases.
In addition, the results of non-thermal crystalliza-
tion kinetics show that the simplified assumption of
a sequence of isothermal crystallization is suitable
for characterizing the non-isothermal crystalliza-
tion of these EVA materials. Though the instanta-
neous nucleation was preferred, there is difference
for the growth of these EVA materials. EVA14
could form tridimensional crystallites whereas
EVA18 and EVA28 are prone to crystallize in two-
dimensional as a result of more noncrystallizable

VAc co-monomers introduced in the crystallizable
ethylene segments. The growth rate falls on the fol-
lowing sequence: EVA14>EVA18>EVA28. The
kinetic crystallizability G also well characterizes
the difference of the non-isothermal crystallization
of these EVA materials, in the view of structural
impediment caused by the VAc content.
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1. Introduction
The combination of clay and functional polymers
interacting at atomic level constitute the basis for
preparing an important class of inorganic-organic
nanostructured materials i.e., polymer nanocom-
posites [1, 2]. Among these nanocomposites, the
intercalation of electroactive species into the inter-
layer spacing of 2:1 phyllosilicate (such as mont-
morillonite, hectorite, laponite etc.) is a method to
construct a novel hybrid supermolecular assembly
with particular electrical behavior [1–5]. Intercala-
tion of polymers, in principle, leads to the forma-
tion of new materials, which combine the optical
and electrical properties of the polymer with
mechanical strength, thermal stability etc. of the
inorganic host and so possesses properties which
may not be achieved by either component sepa-

rately. Solid polymer electrolytes (SPEs) formed by
complexing alkali metal salts with polyethers such
as polyethylene oxide (PEO) have widely been
studied for potential applications in solid state bat-
teries and other electrochemical devices [6–8].
They are also of fundamental interest because of
their unusual mechanism of ionic transport, which
they exhibit and for which a detailed understanding
is still lacking [8]. It is now well established that
significant ionic motion occurs only in the elas-
tomeric amorphous phase of the polymer and is
closely associated with the segmental motion of
polymers [8]. Measurement and analysis of SPEs
are complicated by various factors. First these
materials are often heterogeneous with both amor-
phous and crystalline regions and the distribution
of salt concentration may vary throughout the poly-
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mer electrolyte [9]. Second at certain salt concen-
trations (where significant coupling occurs), there
is an anionic contribution to the conductivity [10].
Moreover because of the low dielectric constant of
PEO, polymer mediated cation anion pair forma-
tion is unavoidable [11]. The intercalated polymer
nanocomposite electrolytes (PNCEs) are attractive
because the bulky anions cannot enter into the
nanometric gallery of the layered silicate (such as
montmorillonite, hectorite, laponite etc.), whereas
the polymer and cation can enter into that nanomet-
ric channel of the clay. Hence the formation of
cation anion pair and dual ionic conduction are
expected to be minimum. These PNCEs, in princi-
ple, therefore provide the opportunity to investigate
conductivity and associated relaxation in polymer
electrolyte free from previously mentioned prob-
lems. We have used here montmorillonite (MMT)
clay as inorganic filler, which possesses intercala-
tion property. The filler is organically modified
with dodecyl amine so that the hydrophilic nature
of the silicate layer is changed into hydrophobic,
and the interlayer spacing expands. Indeed this cre-
ates appropriate environment for the intercalation
of polymer chains between clay layers [12].
Though there has been a considerable amount of
work performed on synthesis and characterization
of PNCEs (polymer-layered silicate nanocomposite
electrolytes) by various research groups [1–5, 12,
13], not much work has been reported on dielectric
and electrical properties of PNCEs as yet.
In view of the above, the present paper aims to
report structural, thermal and electrical behavior of
an ionicallly conducting polymer nanocomposites
system: (PEO)25-NaI + x wt% DMMT with differ-
ent values of x. The effect of DMMT (i.e., dodecyl
amine modified MMT) concentration on electrical
and ac conductivity response has been investigated
in order to gain better understanding of ion trans-
port behavior in PNCEs.

2. Experimental details

Polymer-clay nanocomposite electrolytes [(PEO)25-
NaI + x wt% DMMT (x = 0,5, 10, 15, 20, 30, 50)]
consist of polymer, polyethylene oxide (PEO) with
molecular weight of 6·105 (M/S Aldrich, USA) and
NaI (M/S Merck India Ltd, Mumbai, India) as salt
with different concentrations of DMMT (MMT
supplied by University of Missouri, Coulambia,

USA) have been synthesized by a tape casting tech-
nique using the self designed tape caster. The PEO
and sodium salt molar ratio was maintained at 25:1
(i.e., (PEO)25-NaI). It means that the there is suffi-
cient number of available sites (i.e., the oxygen
atoms in PEO) for Na-ion to hop from one site to
another one. Detailed preparation and characteriza-
tion methods for similar type of systems have
already been reported [14, 15]. The X-ray diffrac-
tion pattern of the PNCEs films was recorded at
room temperature using an X-ray powder diffrac-
tometer (Rigaku Miniflex) with CuKα radiation
(λ = 0.15405 nm) in 2θ (Bragg angles) range
(2°≤2θ≤10°) at a scan speed of 0.5°/min. Thermo-
gravimetric (TG) analysis was performed using a
SHIMADZU thermogravimetric analyzer. Samples
were heated in a platinum pan from room tempera-
ture to 600°C at a heating rate of 10°C/min under
nitrogen atmosphere. An analysis of the electrical
behavior of PNCE films was carried out using
impedance spectroscopy on the application of a
small ac signal (100 mV) across the symmetrical
cell of the type SS||PNCE||SS (where SS stands for
stainless steel blocking electrodes). Complex imped-
ance parameters (i.e., impedance, phase angles, per-
mittivity and tangent loss parameters) were
obtained by a computer-controlled impedance ana-
lyzer (HIOKI LCR Hi-Tester, Model:3532, Japan)
as a function of frequency (100 Hz to 1 MHz) at
different temperatures (30 to 150°C). The ac con-
ductivity was evaluated from dielectric data in
accordance with the relation: σac = ω ε0 εr tanδ
where εr = C/C0 is the relative permittivity, tanδ =
loss tangent, C0 = vacuum capacitance of the cell.
The real and imaginary parts of impedance, permit-
tivity and electric modulus were calculated using
Equations (1)–(5): 
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(5)

3. Results and discussion

3.1. X-ray diffraction

XRD studies have been carried out in order to mon-
itor the formation of the nanocomposites. Figure 1
shows the XRD patterns of Na+-MMT, DMMT and
(PEO)25-NaI +x wt% DMMT for different values
of x at room temperature in the range of 3–10°. The
peaks were assigned to the 001 basal reflection of
DMMT. It is observed that Na+-MMT exhibits
(001) reflection peak at an angle (2θ = 7.27°) corre-
sponding to the interlayer spacing (d001) 1.215 nm.
Upon modification with dodecyl amine, the peak
shifts toward the lower angle side corresponding to
interlayer spacing of 1.568 nm, indicating the suc-
cessful intercalation of alklyl ammonium ion into
the gallery of MMT. When DMMT is added to
polymer salt complex, there is an increase in the
d001 (i.e., the peak position of (001) plane shift
towards the lower angle side), which indicates that
there is an increase in the gallery height. This sug-
gests the successful intercalation of polymer-salt
complex into the nanometric gallery of the DMMT
confirming the formation of nanocomposites [16].

3.2. Thermogravimetric analysis

Figure 2 shows the TGA curves of (PEO)25-NaI +
x wt% of DMMT with different value of x. For

both, the polymer-salt complexes and PNCEs, a
small amount of mass loss at low temperatures
(T<125°C) is assigned to elimination of water or
residual solvent (if any). For x = 0 (i.e., polymer-
salt complex), a sharp mass loss occurs correspon-
ding to the decomposition of PEO after the
elimination of water. It has been established [17]
that the volatile evolution of both PEO and poly-
mer-salt complexes occurs in a single step after
elimination of water, while the complex leaves a
residual quantity above 500°C. In addition to this
sharp weight loss, another broad weight loss occurs
at higher temperatures for PNCEs. It is generally
assumed [18], that in intercalated PNCEs materials,
some PEO chains reside inside the gallery and oth-
ers outside the gallery. So the sharp weight loss is
expected due to the PEO chains residing outside the
gallery. The broad loss (at higher temperatures) is
attributed to the decomposition of PEO inside the
gallery since no weight loss for DMMT is observed
in the same temperature range. PEO chains inside
the silicate gallery are responsible for broader
weight loss, as the degradation products need more
temperature to depart from the silicate gallery.
From the Figure 2, it is observed that on addition of
small amount of clay the (residual) weight loss
increases because of the restriction of thermal
motion of the polymer in the silicate layer. Again,
the residual weight loss increases on increasing
DMMT concentration.

*
0

*

* 1
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Figure 1. Comparison of XRD patterns of Na+-MMT,
DMMT and (PEO)25-NaI + x wt% DMMT with
different concentrations of DMMT (x)

Figure 2. TGA thermograms of DMMT (a) and PNCEs
films of (PEO)25-NaI + x wt% of DMMT with
different values of x, i.e., x = 0% (b), x = 5% (c),
x = 10% (d), x = 20% (e), x = 30% (f) and
x = 50% (g)



3.3. Complex impedance spectroscopy

Figure 3 represents the complex impedance spec-
trum/Nyquist plot (Z″ vs. Z′) of PNCE films of
(PEO)25-NaI + x wt% of DMMT for various clay
concentrations (x) at room temperature. The typical
Nyquist plot of the samples comprises of a broad-
ened semicircle in the high frequency region fol-
lowed by a tail (spike) in the lower frequency
region. The higher frequency semicircle can be
ascribed mainly to the bulk properties of the mate-
rials, where as the low frequency spike indicates
the presence of double layer capacitance at the elec-
trode/sampleinterface [19]. The intercept of the
semicircle with the real axis (Z′) at low frequency
(end) give rise to the bulk (ionic) resistance (Rb) of
the materials. 
Figure 4 shows the temperature dependence of
impedance spectra of (a) (PEO)25-NaI and (b)
(PEO)25-NaI + 5 wt% DMMT as a representative
plot. It is clear that the diameter of the semicircle of
high frequency region decreases with rise in tem-
perature, and finally it vanishes above 60°C, leav-
ing only a spike in the spectrum. The presence of
semicircle signifies the persistence of capacitance
associated with the heterogeneity textures of the
composites. The polymer electrolytes are heteroge-
neous due to the presence of both amorphous and
crystalline regions. The disappearance of the semi-
circle indicates the homogeneity of the system,
which agrees well with the reported one [20]. The
change in the diameter of semicircle indicates that
Rb decreases with increase of temperature. On the
other hand, the slope of the straight line (due to

material electrode interface) does not vary signifi-
cantly with temperature, which indicates that no
electrochemical degradation of the electrodes
occurs during the conductivity measurement. Simi-
lar type of explanation has been reported elsewhere
[21] in many other systems.

3.4. Dielectric properties

Figure 5 shows the variation of relative dielectric
constant (εr) with frequency of the PNCE films
with varying DMMT concentration at room tem-
perature. In all cases, a strong frequency dispersion
of permittivity was observed in the low frequency
region followed by a nearly frequency independent
behavior above 5 kHz. The decrease of εr with
increase in frequency is attributed to the electrical
relaxation processes, but at the same time the mate-
rial electrode polarization cannot be ignored, as our
samples are ionic conductors. It has been observed
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Figure 3. Variation of imaginary (Z″) with real (Z′) part of
impedance of (PEO)25–NaI + x wt% of DMMT
with different concentrations (x) of DMMT at
room temperature (30°C)

Figure 4. Complex impedance spectrum of (a)
(PEO)25-NaI and (b) (PEO)25-NaI + 5 wt%
DMMT as representative at different tempera-
tures



that the relative permittivity of PNCEs is higher
than that of the polymer-salt complex, and the max-
imum value is found for 5% clay concentration.
The enhancement of dielectric properties may be
due to the following reasons. The large scale het-
erogeneity in polymer salt complex is suppressed in
the nanocomposite, and is replaced by small scale
heterogeneity. The small scale heterogeneity is
connected to the presence of silicate layer, which
increases the free volume, due to looser segmental
packing in chains confined to nanovolume [22].

3.5. AC conductivity

The frequency dependent ac conductivity of
(PEO)25-NaI + x wt% DMMT for (a) different val-
ues of x at room temperature (30°C) and (b) for x =
5% for different temperatures is shown in Figure 6.
The ac conductivity patterns show a frequency
independent plateau in the low frequency region
and exhibits dispersion at higher frequencies. This
behavior obeys the universal power law [23, 24],
σ(ω) = σ0 + Aωn, where σ0 is the dc conductivity
(frequency independent plateau in the low fre-
quency region), A is the pre-exponential factor and
n is the fractional exponent between 0 and 1 (the
solid line is the fit to the expression). The effect of
electrode polarization is evidenced by small devia-
tion from σdc (plateau region) value in the conduc-
tivity spectrum (in the low frequency region). With
rise in temperatures, the low frequency electrode
polarization phenomena become more prominent
and thus plateau region shifts to higher frequency

side (Figure 6b). The values of σ0, A and n obtained
by fitting the universal power law are given in
Table 1 (for Figure 6a). Generally, for ionic con-
ductors, power law exponents can be between 1 and
0.5 indicating the ideal long-range pathways and
diffusion limited hopping (tortuous pathway)
respectively [25]. The value of exponent (Table 1)
of the higher frequency slopes shows that the long-
range drift of ions may be one of the main reasons
of ionic conduction [25] in the system. It has been
observed that (Table 1) the maximum value of con-
ductivity was found to be 2.8·10–8 S·cm–1 for 5%
DMMT concentration whereas for higher DMMT
concentration the conductivity decreases monotoni-
cally (room temperature). This observation can be
explained by an empirical Equation (6):

(6)∑ μ=σ iii zn
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Figure 5. Variation of relative dielectric constant (εr) of
PNCEs with frequency for different concentra-
tions of DMMT of (PEO)25-NaI + x wt%
DMMT at room temperature (30°C)

Figure 6. Comparison of frequency dependent ac conduc-
tivity of (PEO)25-NaI + x wt% DMMT for
(a) different values of x at room temperature
(30°C); (b) for x= 5% at different temperatures.
The continuous solid line represents the fit of
experimental to the power law σ(ω) = σ0 + Aωn.



where ni, μi, and zi refer to charge carrier, ionic
mobility, and ionic charge of ith ion respectively. It
is clear from the equation that the conductivity
depends on the amount of charge carrier (ni), and
the mobility of the ionic species in the system.
Addition of clay can increase the fraction of free
ions (i.e., increase of ni) because the negative
charge in the silicate layers can interact with the
Na+ cation and disturb the attractive forces between
cation and anion of the salt. When excesses amount
of DMMT is added to polymer-salt complex, there
may be an increase in the system viscosity and thus
restricted cation mobility (i.e., decrease of μi), as a
result, lower ionic conductivity is observed. There-
fore, it can be concluded that the addition of opti-
mum clay concentration (i.e., 5% DMMT) provides
the most suitable environment for the ionic trans-
port and achieving the highest conductivity, which
is consistent with the reported one [26].
Microscopic models such as dynamic bond perco-
lation and dynamic disorder hopping models have
been proposed [27] to describe the long-range ion
transport in polymer electrolytes. According to
these models, the renewal time, τren, for the seg-
mental reorganization arising from the changes in
the local geometry due to the coordination of
cations with the polymer Lewis base sites, lie
within the microwave range. Moreover, these mod-
els explain the frequency dependence of conductiv-
ity satisfactorily only above 100 MHz region.
Hence, a physical model (i.e., jump relaxation
model) was developed for structurally disordered
ionic conductors [28] in order to rationalize the
observed frequency dispersion. Since the dynami-
cal effects of the polymer host due to the segmental
renewing rates become less significant below
microwave region. According to jump relaxation
model, at very low frequencies (ω→0) an ion can
jump from one site to its neighboring vacant site

successfully contributing to the dc conductivity. At
higher frequencies, the probability for the ion to go
back again to its initial site increases due to the
short time periods available. This high probability
for the correlated forward-backward hopping at
higher frequencies together with the relaxation of
the dynamic cage potential is responsible for the
observed high frequency conductivity dispersion.

3.6. Electrical modulus analysis

The conductivity behavior in the frequency domain
is more conveniently interpreted in terms of con-
ductivity relaxation time, τ, using the representa-
tion of electrical modulus, M* = 1/ε* [29]. The M*

representation is now widely used to analyze ionic
conductivities by associating a conductivity relax-
ation time with the ionic process [30, 31]. In the M*

representation, a relaxation peak is observed for the
conductivity process in the frequency spectra of the
imaginary component of M*. Comparison of the M*

and ε* representations has been used to distinguish
localized dielectric relaxation processes from long-
range conductivity [32]. Figure 7 shows the varia-
tion of imaginary part of electrical modulus (M″) as
a function of frequency for different clay concen-
tration. The observed M″ peak in the plot is related
to conuctivity relaxation of the materials. The
KWW (Kohlrausch-Williams-Watts) stretched
exponent function, given in Equation (7):

(7)

(where β is the stretching constant and τ is the char-
acteristic relaxation time) was used to fit the M″
data. The modulus fitting was performed using the
procedure of Moynihan et al. [29, 30] and the fit-
ting (alogorithim) described in literature [33] was
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Table 1. Comparison of parameters obtained from fit to the experimental data to σ(ω) = σ0 + Aωn and Φ = Φ0 exp[(–t/τ)β]
functions respectively of (PEO)25-NaI +x wt% DMMT, for different DMMT concentration (x) at room tempera-
ture

x [%] σσ0 [S·cm–1] A n ττ [s] ββ M∞∞

00 1.04·10–8 1.58·10–11 0.748 1.2·10–5 0.52 0.21
05 2.80·10–8 2.03·10–12 0.883 5.3·10–5 0.57 0.26
10 2.08·10–8 1.31·10–12 0.887 – – –
20 1.92·10–8 3.11·10–11 0.819 5.0·10–5 0.55 0.36
30 1.78·10–8 2.74·10–12 0.813 5.5·10–5 0.56 0.40
50 1.38·10–8 3.45·10–12 0.787 5.5·10–5 0.57 0.42



used in our analysis. The continuous line of Fig-
ure 7 denotes the fitted value of M″ whereas the
symbol corresponds to experimental data. A good
agreement between the experimental data and fitted
curve is evident from the figure. The value of
stretching exponent parameter β, the conductivity
relaxation time τ and the high frequency limit of the
real part of M* (M∞ = 1/ε∞) obtained from the fit-
ting are compared in Table 1 for different clay con-
centration. From the table it is clear that β value of
the nanocomposite is always higher than that of the
polymer salt complexes and the M∞ value increases
on increasing clay concentration. It is well known
that β is the relaxation parameter, which increases
by decreasing in the width of the relaxation time
distribution.
For dielectric relaxation processes, however, relax-
ation peaks are observed in both M* and ε* repre-
sentation when the two peak position in two repre-
sentations are related by the ratio εs/ε∞ where εs is
the static dielectric constant and ε∞ is the dielectric
constant at higher frequency limit. A comparison of
the experimental data of the M* and ε* formalism is,
therefore, useful to distinguish long-range conduc-
tion process from the localized dielectric relax-
ation. To visualize this, we have plotted the imagi-
nary part of complex dielectric permittivity (ε″) and
modulus (M″) as a function of frequency for 0 and
5% clay concentration of PNCEs as representative
(Figure 8a) (similar behaviors are found for other
compositions). Dielectric relaxation is a result of

the reorientation process of dipoles in the polymer
chains, which show a peak in ε″ spectra. For elec-
trolyte, with higher ion concentration the move-
ment of ions from one site to another will perturb
the electric potential of the surroundings. Motion of
the other ions in this region will be affected by per-
turb potential. Such a cooperative motion of ions
will lead to non-exponential decay, or a conduction
processes with distribution of relaxation time [34].
In the imaginary part of modulus spectra a relax-
ation peak is observed (Figure 8a) for the conduc-
tivity processes, whereas no peak is observed in the
dielectric spectra. This suggests that ionic motion
and polymer segmental motion are strongly cou-
pled manifesting as peak in the M″ spectra with no
corresponding feature in dielectric spectra [35].
Similar results have been reported by Fu et al. [34]
for PPG-LiCF3SO3 system with higher salt concen-
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Figure 8. Variation of imaginary part of dielectric permit-
tivity and modulus of PNCEs as a function of
frequency for (a) (PEO)25-NaI+x wt.% DMMT
for x = 0% and 5% at room temperature (30°C)
(b) for x = 5% at different temperatures.

Figure 7. Imaginary part of electrical modulus (M″) vs.
log(f) for different concentration of DMMT at
room temperature. The continues solid line rep-
resents the fit of experimental M″ data to the
decay function Φ = Φ0 exp[(–t/τ)β].



tration (i.e., O:Li = 30:1, 16:1, and 12:1). So the
conduction in polymer electrolytes takes place
through charge migration of ions between coordi-
nated sites of the polymer along with its segmental
relaxation. In addition to the main M″ peak in the
low frequency region, a small peak is observed at
the high frequency which is less pronounced in the
5% DMMT composite. The existence of these two
peaks may be due to the heterogeneity in the texture
of the polymer composites [36]. The temperature
dependence of imaginary part of dielectric permit-
tivity (ε″) and modulus (M″) as a function of fre-
quency for x = 5% clay concentration (as represen-
tative) is shown in Figure 8b. The low frequency
M″ peak shifts towards the high frequency side
with rise in temperatures, but at higher tempera-
tures we do not observe any peak. At lower temper-
atures, ε″ decreases on increasing frequency
whereas at higher temperatures ε″ first decreases
with rise in frequency (in low frequency region)
followed by a peak in the loss spectra. The higher
value of dielectric loss (ε″) at low frequency is due
to the free charge motion within the materials. The
appearance of peak is attributed to the relaxation
phenomena of polymer.

4. Conclusions

The frequency dependent electrical conductivity
and the associated conductivity relaxation of an
ionically conducting polymer nanocomposite films
was studied for different DMMT concentration. X-
ray diffraction (XRD) analysis shows that the poly-
mer-salt complexes have been intercalated into the
nanometric channel of silicate layers of DMMT
suggesting the formation of nanocomposites. Com-
plex impedance analysis shows the existence of
bulk and material-electrode interface properties of
the nanocomposites. The electrical modulus for-
malism (used to describe the conductivity relax-
ation process), shows that the conductivity relax-
ation data can best be represented in terms of the
stretched exponential correlation function, Φ =
Φ0 exp[(–t/τ)β]. The ac conductivity spectrum
obeys the universal power law in the high fre-
quency region whereas strong low frequency dis-
persion was assigned to the electrode polarization
effect. The conduction may be due to the drift of
ions coupled to polymer segmental relaxation of
polymer matrix.

References
[1] Pinnavaia T. J., Beall G. W.: Polymer-clay nanocom-

posites. John Wiley and Sons, New York (2001).
[2] Tjong S. C.: Structural and mechanical properties of

polymer nanocomposites. Materials Science and Engi-
neering: Reports, 53, 73–197 (2006).

[3] Ruiz-Hitzky E.: Conducting polymers intercalated in
layered solids. Advanced Materials, 5, 334–340
(1993).

[4] Ruiz-Hitzky E., Aranada P., Casal B., Galvan J. C.:
Nanocomposite materials with controlled ion mobil-
ity. Advanced Materials, 7, 180–184 (1995).

[5] Gainnelis E. P.: Polymer layered silicate nanocompos-
ite. Advanced Materials, 8, 29–35 (1996).

[6] MacCallum J. R., Vincent C. A.: Polymer electrolyte
review-I. Elsevier, London (1987).

[7] Meyer W. H.: Polymer electrolytes for lithium-ion
batteries. Advanced Materials, 10, 439–448 (1998).

[8] Gray F. M: Polymer electrolytes. The Royal Society
of Chemistry, Cambridge (1997).

[9] Fauteux D., Lupien M. D., Robitaille C. D.: Phase dia-
gram, conductivity and transference number of PEO-
NaI electrolyte. Journal of the Electrochemical Soci-
ety, 134, 2761–2767 (1987).

[10] Rietman E. A., Kaplan M. L., Cava R. J.: Lithium ion-
poly(ethylene oxide)complexes. I. Effect of anion on
conductivity. Solid State Ionics, 17, 67–73 (1985).

[11] Bruce P. G.: Solid state electrochemistry. Cambridge
University Press, Cambridge (1995).

[12] Sinha Ray S., Okamoto M.: Polymer/layered silicate
nanocomposites: A review from preparation to pro-
cessing. Progress in Polymer Science, 28, 1539–1641
(2003).

[13] Ratna D., Divekar S., Samui A. B., Chakraborty B. C.,
Banthia A. K.: Poly(ethylene oxide)/clay nanocom-
posite: Thermomechanical properties and morphol-
ogy. Polymer, 47, 4068–4074 (2006).

[14] Thakur A. K., Pradhan D. K., Samantaray B. K.,
Choudhary R. N. P.: Studies on an ionically conduct-
ing polymer nanocomposite. Journal of Power
Sources, 159, 272–276 (2006).

[15] Pradhan D. K., Samantaray B. K., Choudhary R. N. P.,
Thakur A. K.: Effect of plasticizer on structure-prop-
erty relationship in composite polymer electrolyte.
Journal of Power Sources, 139, 384–393 (2005).

[16] Chen H-W., Lin T-P., Chang F-C.: Ionic conductivity
enhancement of the plasticized PMMA/LiClO4 poly-
mer nanocomposite electrolyte containing clay. Poly-
mer, 43, 5281–5288 (2002).

[17] Cameron G. G., Ingram M. D., Qureshi M. Y., Gear-
ing H. M., Costa L., Camino G.: The thermal degrada-
tion of poly(ethylene oxide) and its complexes with
NaCNS. European Polymer Journal, 25, 779–784
(1989).

[18] Shen Z., Simon G. P., Cheng Y-B.: Saturation ratio of
poly(ethylene oxide) to silicate in melt intercalated
composite. European Polymer Journal, 39, 1917–1924
(2003).

637

Pradhan et al. – eXPRESS Polymer Letters Vol.2, No.9 (2008) 630–638



[19] Macdonald J. R.: Impedance spectroscopy, emphasiz-
ing solid materials and systems. Wiley, New York
(1987).

[20] Dias F. B., Batty S. V., Voss J. P., Ungar G., Wright P.
V.: Ionic conductivity of a novel smectic polymer
electrolyte. Solid State Ionics, 85, 43–49 (1996).

[21] Qian X., Gu N., Cheng Z., Yang X., Wang E., Dong
S.: Plasticizer effect on the ionic conductivity of PEO-
based polymer electrolyte. Materials Chemistry and
Physics, 74, 98–103 (2002).

[22] Kanapitas A., Pissis P., Kotsilkova R.: Dielectric stud-
ies of molecular mobility and phase morphology in
polymer-layered silicate nanocomposites. Journal of
Non-Crystalline Solids, 305, 204–211 (2002).

[23] Jonscher A. K.: Dielectric relaxation in solids. Chelsea
Dielectric Press, London (1983).

[24] Jonscher A. K.: The universal dielectric response.
Nature, 267, 673–679 (1977).

[25] Mauritz K. A.: Dielectric relaxation studies of ion
motion in electrolyte-containing perfluorosulfonate
ionmres. 4. Long range ion transport. Macromole-
cules, 22, 4483–4488. (1989).

[26] Chen H-W., Chiu C-Y., Wu H-D., Shen I-W., Chang
F-C.: Solid-state electrolyte nanocomposites based on
poly(ethylene oxide), poly(oxypropylene)diamine,
mineral clay and lithium perchlorate. Polymer, 43,
5011–5016 (2002).

[27] Ratner M. A., Shriver D. F.: Ion transport in solvent
free polymers. Chemical Reviews, 88, 109–124
(1988).

[28] Funke K.: Jump relaxation in solid electrolytes.
Progress in Solid State Chemistry, 22, 111–195
(1992).

[29] Macedo P. B., Moynihan C. T., Bose R.: Role of ionic
diffusion in polarization in vitreous ionic conductors.
Physics and Chemistry of Glasses, 13, 171–179
(1972).

[30] Moynihan C. T., Boesch L. P., Laberge N. L.: Decay
function for the electric field relxation in vitreous
ionic conductors. Physics and Chemistry of Glasses,
14, 122–125 (1973).

[31] Angell C. A.: Dynamic processes in ionic galsses.
Chemical Reviews, 90, 523–542 (1990).

[32] Gerhardt R.: Impedance and dielectric spectroscopy
revisited: Distinguishing localized relaxation from
long-range conductivity. Journal of Physics and
Chemistry of Solids, 55, 1491–1506 (1994).

[33] Baskaran N.: Conductivity relaxation and ion trans-
port processes in glassy electrolyte. Journal of Applied
Physics, 92, 825–833 (2002).

[34] Fu Y., Pathmanathan K., Stevens J. R.: Dielectric and
conductivity relaxation in poly(propylene oxide)-
lithium triflate complexes. The Journal of Chemical
Physics, 94, 6323–6329 (1991).

[35] Jeevanandam P., Vasudevan S.: Arrhenius and non-
Arrhenius conductivities in intercalated polymer elec-
trolytes. Journal of Chemical Physics, 109, 8109–
8117 (1998).

[36] Chanmal C. V., Jog J. P.: Dielectric relaxations in
PVDF/BaTiO3 nanocomposites. Express Polymer Let-
ters, 2, 294–301 (2008).

638

Pradhan et al. – eXPRESS Polymer Letters Vol.2, No.9 (2008) 630–638



1. Introduction
In the last decade, the attention of many researchers
focused on thermoplastic and thermoset polymer
silicate layered (PLS), polymer/silica hybrid and
polymer/carbon nanotube nanocomposites. This
considerable scientific and engineering interest has
been stimulated by possibility of the significant
improvements in physical, mechanical, thermal and
other important specific properties of PLS materi-
als. The results of these researches were summa-
rized and discussed in several reviews and articles
[1–7]. PLSs are a class of organic-inorganic
hybrids, composed of organic polymer matrix in
which layered silicate particles of nano-scale
dimension are embedded because these nanocom-
posites show enhanced mechanical properties [8,

9], gas barrier properties [10], and improved ther-
mal stability [5, 11, 12], low flammability [11, 12]
and protection effects from corrosion [13, 14].
Nowadays, organo-clays, especially organo-mont-
morillonite (MMT) are the most widely utilized sil-
icates in polymer nanotechnology. MMT is a lay-
ered silicate crystal lattice which consists of two
silica tetrahedral and one aluminium octahedral
sheets with a plate-like structure of 1 nm thickness
and 100 nm length [15]. The synthesis ways from
functional monomers (maleic anhydride and its
analogues) to polymer/clay (or silica) nanocompos-
ites include three main methods such as (1) inter-
lamellar (or intercalative, intragallery, etc.) copoly-
merization in the presence of various type of min-
eral silicates and organo-silicates, (2) intercalation
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of thermoplastic polymers in melt by reactive
extrusion in situ processing and (3) sol(hydro)-gel
method, i.e., reactions of anhydride (or carboxylic
group)-containing polymers with organosilanes
(polymer/silica hybrid synthesis). Last two meth-
ods, especially intercalation of polymers, are the
most promising ways to synthesize polymer/inter-
calant-clay nanocomposites on the base of graft
copolymers of maleic anhydride and its analogues
as reactive compatibilizers.
Although the most promising reaction to great
polymer/clay nanocomposites is the in situ poly-
merization of functional monomers, such as styrene
[16, 17], N-vinylcarbazole [18], 4-vinyl-pyridine
[19], methyl methacrylate [20, 21], acrylonitrile
[22] and N-n-butylmaleimide [23], as well as syn-
thesis of low-molecular-weight polyamide 6/hydro-
talcite intercalated nanocomposites via in situ poly-
merization [24], whereas the intercalative radical
copolymerization of binary or ternary monomer
systems in the presence of mineral clay has been
scarcely investigated. The polymerization of acry-
late [25, 26], styrene-4-sulfonate [27], sulfopropyl
methacrylate [28] and acrylic acid [29] in the inor-
ganic layered materials have also been investigated
as organic/inorganic nanocomposite materials. Yu
et al. [29] completely polymerized the acrylic acid
regularly fixed in layered aminopropylsilica with-
out initiator at 100°C for 24 h to form a novel
organic/inorganic nanocomposite named as layered
polyacrylamide propylsilica. Examples for inter-
lamellar polymerization of the binary monomer
systems are bulk copolymerization of styrene-
methyl methacrylate [23, 27, 30], emulsion copoly-
merization of styrene-acrylonitrile [31], styrene-

phenyl maleimide (PhMI) [32] and styrene-butyl
methacrylate [33] monomer pairs. It was observed
that the polymerization rate was accelerated by the
addition of the clay in reaction medium; this addi-
tion also significantly influenced the structure and
properties of the prepared polymer nanocomposites
[23, 27, 34]. Liu et al. [35] investigated the bulk,
solution and emulsion copolymerization of styrene
with methyl methacrylate and N-phenylmaleimide
(PhMI) (at 1:9 molar PhMI/styrene feed ratio) in
the presence of organo(cetyltrimethyl ammonium
bromide)-modified MMT or Na+-MMT in order to
prepare nanocomposites with good dispersability of
clay. According to the authors, the catalytic effect
of the clay on a polymerization may be mostly
caused by the small-size effect of the clay layers,
and the active sites are on the surface of the clay
particles rather than between layers. Wang et al.
[36, 37] showed that a comparison of solution,
emulsion, suspension and bulk polymerization
along the nanocomposites may also be prepared by
melt in situ reactive blending of monomer/poly-
mer/clay mixtures.
Recently, we have reported the synthesis of the
functional copolymer/silica (or organo-silicate)
hybrids and polypropylene/organo-MMT nano-
composites by (1) reaction of anhydride-containing
copolymers with γ-aminopropyltriethoxysilane
[38–40], (2) interlamellar copolymerization of
maleic anhydride with some vinyl and acrylic
comonomers [40] and (3) reactive extrusion in situ
processing [4, 40]. In this work, we present (a) the
synthesis of poly[maleic anhydride (MA)-co-n-
butylmethacrylate (BMA)/organo-MMT, poly(MA-
alt-styrene-co-BMA)/organo-MMT, and poly[ita-
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Figure 1. Schematic representation of interlamellar complex-radical (co)terpolymerizations



conic acid (IA)-co-styrene-co-BMA)]/organo-
MMT nanoarchitectures prepared by complex-radi-
cal interlamellar copolymerization, (b) the results
of the copolymer composition-nanostructure for-
mation relationship studies, and (c) characteriza-
tion of (co)terpolymer/organo-MMT nanocompos-
ites by thermal (DSC and TGA-DTG), dynamic
mechanical (DMA), X-ray diffraction (XRD) and
scanning electron microscopy (SEM) analysis
methods. Special attention is paid to the role of
complex formation of MA (or IA) and its (co)ter-
polymers with dimethyldodecylamine (DMDA)
surface modified silicate layers in interlamellar
co(ter)polymerization reactions and intercalation/
exfoliation of polymer chains between silicate gal-
leries. Taking into consideration of this effect, gen-
eral scheme of interlamellar (co)terpolymerizations
can be represented as shown in Figure 1.

2. Experimental

2.1. Materials

S and BMA monomers (Aldrich) were purified
before use by distillation under moderate vacuum.
MA and IA monomers were obtained from Fluka
(Switzerland). MA was purified by recrystalliza-
tion from anhydrous benzene and sublimation in
vacuum. IA monomer was purified by recrystalliza-
tion from distilled water solution and drying at
60°C. The α,α′-azoisobutyronitrile (AIBN) (Fluka)
was recrystallized twice before use from methanol.
DMDA-MMT (Viscobent SB-1) was purchased
from Bensan (Enez, Turkey) having the following
average parameters: specific surface area
43.6 m2·g–1, specific mesopore volume
0.14 cm3·g–1, content of N 1.12% and C 32.56%,
crystallinity 58.2% (by XRD), melting point (Tm)
160°C (by DSC for the surface alkyl ammonium
complex), temperature of decomposition for
Td(onset) 238°C and Td(max) 361°C (by TGA). All
other solvents and reagents were of analytical grade
and used without purification.

2.2. Terpolymerization procedure

Terpolymerization of MA, S and BMA using given
molar monomer feed ratios of (MA (or IA):S):
BMA = (1:1):1.23–5.0 were carried out in methyl
ethyl ketone (MEK) or in N,N′-dimethylformamide
(DMF) (for IA/basic monomer system) with AIBN

as an initiator at constant total concentration of
monomers under nitrogen atmosphere. Reaction
conditions: [M]total = 2.86–3.04 mol·l–1, [AIBN] =
2.03·10–2 mol·l–1, [Solvent]/[M] = 3, molar
monomer ratios of (MA:S)/BMA = 0.20–0.81, reac-
tion time 24 h, and conversion around 75–92 wt%.
Appropriate quantities of monomers, solvent
(MEK or DMF) and AIBN were placed in a stan-
dard Pyrex-glass reactor, and was cooled by liquid
nitrogen and flushed with dried nitrogen gas for at
least 3 min, then soldered and placed in a carousel
type microreactor with a thermostated heater and
magnetic mixer. The reaction mixture was stirred at
65 ± 0.1°C for 24 h. The resulting terpolymers
were isolated from reaction mixture by precipitat-
ing with diethyl ether, then washed with several
portions of benzene and dried at 40°C under vac-
uum. The terpolymer compositions were found by
chemical (acid number for MA units) analysis, and
1H NMR spectroscopy (Figure 2) using integral
area of chemical shifts of monomer functional
groups for quantitative analysis. Under similar con-
ditions, poly(MA-co-BMA) with given composi-
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Figure 2. (a) 1H NMR (in CHCl3-d1), (b) 13C NMR (in
DMSO-d6) and (c) 13C NMR-DEPT-135 (in
DMSO-d6, CH2 region in negative position)
spectra of poly(MA-alt-S-co-BMA)



tion was synthesized. Some characteristics of syn-
thesized (co)terpolymers are presented in Table 1.

2.3. Interlamellar (co)terpolymerization
procedure

MA (or IA) monomer was dispersed in MEK (or
DMF)/DMDA-MMT mixture at monomer/alkyl
amine molar ratio of 1:2 by intensive mixing at
40°C for 3 h before reaction to prepare the interca-
lated complex of monomer with surface alkyl
amine. Then appropriate amount of S and BMA
comonomers and AIBN (1.0 wt%) was added to
reaction mixture containing organo-MMT…MA
(or IA) complex and heated with mixing at 65°C
under nitrogen atmosphere for 24 h. Prepared com-
position was isolated by precipitation with diethyl
ether, then washed with several portions of benzene
and dried under vacuum at 60°C.

2.4. Characterization

FT-IR spectra of the (co)terpolymers (KBr pellet)
were recorded with FT-IR Nicolet 510 spectrome-
ter in the 4000–400 cm–1 range, where 30 scans
were taken at 4 cm–1 resolution. 1H {13C and 13C-
DEPT-135} NMR spectra were performed on a
JEOL 6X-400 (400 MHz) spectrometer with
CHCl3-d1 or DMSO-d6 as a solvent at 25°C. Molar
fractions of the comonomer units [m1 and m2,
where m1 is (MA–S) alternating diad and m2 is
BMA unit] in terpolymers were calculated accord-
ing to the Equation (1) using NMR analysis data:

(1)

where n1 and n2 are the integers of proton(s) in the
functional groups of the monomer units, Am1 and
Am2 are the integral areas per proton from corre-
sponding groups of the monomer unit regions in
1H NMR spectra.
Acid numbers of the anhydride (or carboxylic)-
containing (co)terpolymers were determined by
standard titration method. Intrinsic viscosities of
the (co)terpolymers with different compositions
were determined in DMF at 25 ± 0.1°C within the
concentration range of 0.05–1.5 g·dl–1 using an
Ubbelohde viscometer. Thermogravimetric (TGA)
and differential thermogravimetric (DTG) analyses
were performed on a Setaram Labsys TG-DTA 12
Thermal Analyzser (France) at a heating rate of
5°C/min, under nitrogen atmosphere. The differen-
tial scanning calorimetry (DSC) was performed on
a Shimadzu calorimeter (Japan). Dynamic mechan-
ical analysis (DMA) was performed on a TA Instru-
ment-Q800. Scanning electron microscopy (SEM)
patterns were recorded using a JSM-6400 JEOL
SEM with an acceleration voltage of 30 kV.
The X-ray diffraction (XRD) patterns were
obtained from a Rigaku D-Max 2200 powder dif-
fractometer. The XRD diffractograms were meas-
ured at 2θ, in the range 1–50°, using a CuKα

incident beam (λ = 1.5406 Å), monochromated by
a Ni-filter. The scanning speed was 1°/min, and the
voltage and current of the X-ray tubes were 40 kV
and 30 mA, respectively. The Bragg equation was
used to calculate the interlayer spacing (d): nλ =
2dsinθ, where n is the order of reflection, and θ is
the angle of reflection. Crystallinity of the nano-
composites was calculated using the Equations (2)
and (3) [41]:
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Table 1. Some characteristics of the binary and ternary copolymers

(Co)terpolymers
BMA-unit [mol%]

(unit ratio)
Acid number
[mg KOH·g–1]

[ηη]in [g·dl–1]
in DMF at 25 ± 0.1°C

Tg [°C]
(by DSC)

Poly(MA-co-BMA)
38.5

(1:1.25)
398 0.235 059.0

Poly(MA-alt-S-co-BMA)-1
36.7

(1:1:1.16)
301 0.384 122.5

Poly(MA-alt-S-co-BMA)-2
54.2

(1:1: 2.37)
205 0.352 100.6

Poly(MA-alt-S-co-BMA)-3
71.1

(1:1: 4.92)
125 0.305 080.2



(2)

where s is the magnitude of the reciprocal-lattice
vector which is given by s = (2sinθ)/λ (θ is one-half
the angle of deviation of the diffracted rays from
the incident X-rays and λ is the wavelength); I(s)
and Ic(s) are the intensities of coherent X-ray scat-
tering from both crystalline and amorphous regions
and from only crystalline region of polymer sam-
ple, respectively, and d is interlayer spacing.

(3)

where Wc and Wa are the areas of the crystalline and
amorphous portions in the X-ray diffractogram,
respectively.
Intercalation or exfoliation degree (ED) was calcu-
lated according to the Equation (4):

(4)

where Ie (or Ic) and I0 are the intensity of the dif-
fraction peaks associated with the exfoliated and
non-exfoliated structures at corresponding 2θ val-
ues.

3. Results and discussion

3.1. Complex-radical interlamellar
copolymerization

Intercalation and exfoliation of functional polymer
chains between surface modified silicate layers are
one of the most important processes proceeding
through chemical or physical interactions of func-
tional groups from the monomers and/or growing
polymer chains with surface alkyl amine in the
interlamellar copolymerization. Character of this
interaction strongly depends on the nature and
functionality of the chosen monomer and polymer
chains, which may provide an effective interaction
with silicate layers via complex-formation, hydro-
gen bonding, and amidization/imidization reactions
(in the case of primary alkyl amine modified MMT

[4]). Effect of H-bonding in ternary solvent/proton-
donor polymer/proton-acceptor polymer system
was also reported by Figueruelo et al. [42]. Taking
this principle into consideration, we have investi-
gated the radical-initiated interlamellar copolymer-
ization of MA as a strong hydrophilic electron-
acceptor monomer with BMA as an amphiphilic
comonomer and interlamellar copolymerization of
two monomer systems such as MA–BMA and ita-
conic acid (IA as a hydrophilic electron-acceptor
monomer capable of H-bonding)–BMA in the pres-
ence of DMDA surface modified MMT silicate lay-
ers as a surfactant with positive charge tertiary
amine group ending. The functional copolymers,
having a combination of rigid/flexible linkages and
an ability of complex-formation with interlayered
surface of organo-silicate, and their nanocompos-
ites have been synthesized by interlamellar com-
plex-radical copolymerization of MA or IA (accep-
tor monomer) and n-butyl methacrylate (BMA-
acceptor) in MEK (or DMF) at 70°C in the interlay-
ered region of DMDA surface modified MMT
(DMDA-MMT) used as a nano-reactor (Figure 1).
To elucidate the effect of DMDA-MMT in copoly-
merization and its interaction with functional
monomers, especially with MA and IA monomer
units, and in the formation of nano-structures, we
also synthesized pure copolymers under similar
conditions without DMDA-MMT for the compara-
tive analysis of the obtained results. It was
observed that copolymerization rate and copolymer
conversion significantly depend on the presence of
DMDA-MMT. Addition of DMDA-MMT as a
complex-forming agent essentially increases the
copolymer yield. This fact can be explained by the
catalytic effect of organo-MMT as a complex-
forming agent, which is similar to the well known
effect of Lewis acids in complex-radical polymer-
izations [43]. Catalytic effect of organo-silicates in
radical polymerization of vinyl and acrylic
monomers have also been observed by many
researchers [23, 27, 34, 35].
In order to increase the effectivity of intercalation
process and therefore, the formation of nano-struc-
tures in the studied system, MA and IA monomers
were dispersed between silicate galleries before
copolymerization reactions to prepare the fixed
interlayer anhydride/alkyl amine (MA…DMDA-
MMT) and carboxylic acid/alkyl amine (IA…
DMDA-MMT through strong H-bonding) com-
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plexes (Figure 3; here, well known lattice structural
model of Hendricks for MMT was used [44]).

In this case, two carbonyl or carboxylic groups of
the MA (or IA) monomer molecule interact with
two neighbouring silicate platelet surfaces having
tetrahedral structures, which contain alkyl ammo-
nium cations, through interlayer complex or strong
H-bonding. Structure of these molecular complexes
was confirmed by FTIR spectroscopy (Figure 4).
From comparative analysis of the spectra of free IA
monomer, virgin DMDA-MMT and IA/DMDA-
MMT system, the following changes of the charac-
teristic bands were observed: (1) due to the forma-
tion of the interlayer molecular complexes, very
broad 1705 cm–1 band (C=O in –COOH) of free IA
monomer appeared in the spectra of IA–DMDA-
MMT system in the form of a strong narrow band;
(2) characteristic CH2=C < band at 1630 cm–1 for
IA monomer shifted to 1636 cm–1 region due to the
change of the conjugation effect of double bond
with carbonyl group after its complex-formation
with surface alkyl amine cations; (3) broad band at
3475 cm–1 associated with OH groups of DMDA-
MMT disappeared, and a new broad band formed at
3125 cm–1, overlapping with two weak bands for
stretching ammonium cation and CH2= bands,
respectively; (4) appearance of broad band at
4125 cm–1 can be related to complexed OH band in
–COOH groups; (5) appearance of new bands at
1565–1470 (w) and 1400 cm–1 (m) related to the
C–N deformation and –COO– sym. stretching
bands, respectively, in –(CH2)n–N+ · –OOC– com-
plex.
Similar effect is obtained from comparative analy-
sis of FT-IR spectra of the (co)terpolymers and
their nanocompsities which are illustrated in Fig-
ure 5. The FT-IR spectra of poly(MA-alt-S-co-
BMA), DMDA-MMT and their hybrid nanocom-
posite indicated the following changes of character-
istic bands: (1) very broad absorption band around
1250–1000 cm–1 observed in the Si–O stretching
region for virgin DMDA-MMT is transferred to
relatively narrow doublet peak after interlamellar
copolymerization, (2) appearance of a new band at
1625 cm–1 which is associated with complexed
C=O band in –C=O…N+– complex as a result of in
situ interaction between polar anhydride (or ester)
unit and alkyl ammonium linkage, (3) presence of
850 and 800 cm–1 bands due to in situ esterification
reaction of anhydride units of intercalated terpoly-
mer macromolecules with surface silicate Si–OH
groups, and (4) disappearance of 1633 cm–1 band
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Figure 3. Interlamellar complex-formation via H-bonding
in the IA/DMDA-MMT system

Figure 4. FTIR spectra of (1) MA monomer,
(2) MA…DMDA-MMT complex, (3) IA
monomer, (4) IA…DMDA-MMT complex and
(5) pristine DMDA-MMT; effect of interlamel-
lar complex-formation



(water OH group) in DMDA-MMT spectra after
intercalation/exfoliation due to the possible hydrol-
ysis of anhydride units. These observed changes
can serve as a reasonable agreement confirming the
delamination of silicate layers due to the intercala-
tion of the polar terpolymer macromolecules
through in situ complexing with positive charged
tertiary amine groups. On the other hand, hydroly-
sis and esterification of anhydride units with inter-
layer water molecules and Si–OH groups, respec-
tively, in the surface of silicate layers during com-
plex-radical interlamellar terpolymerization in situ
processing are also possible.

3.2. Nanocomposite structure–thermal
behaviour relationship

Studied (co)terpolymers consisting of an alternate
sequence of rigid (MA or IA units and phenyl
rings) and flexible (n-butylester side-chain and
backbound main chain) molecular linkages can
exhibit a liquid-crystalline behaviour [45]. Results
of DSC analysis of virgin (co)terpolymers and their
nanocomposites, illustrated in Figure 6 and sum-
marized in Table 2, can serve as a reasonable agree-
ment for this proposal. In both poly(MA-co-BMA)
(C-1) and its nanocomposite (C-1-NC) DSC
curves, the characteristic peaks at 59.0 and 63.0°C
appeared, which can be related to glass transition
(Tg) and melting point (Tm) temperatures for the
amorphous and semi-crystalline copolymer and its
nanocomposite, respectively. However, both sys-
tems did not exhibit recrystallization behaviour
after reverse cooling of polymer samples from
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Figure 5. FTIR spectra of (a): (1) copolymer-1, (2) ter-
polymer-1, (3) virgin DMDA-MMT and (b):
(1) copolymer-1/DMDA-MMT, (2) terpolymer-
1/DMDA-MMT, (3) terpolymer-IA-1/DMDA-
MMT

Table 2. Thermal behaviour of the (co)terpolymers and their nanocomposites with constant amount of the DMDA-MMT
(5.0 wt%)

aThis value corresponds to Tg

bThese values are related to the pure (co)terpolymers with different contents of BMA units (unit contents as in Table 1)

Nanocomposite
DSC analysis TGA analysis

Tm

[°C]
ΔΔH

[J/g]
Td (onset)

[°C]
Td (max)

[°C]
Weight loss [%] at [°C]

250 300 350

Poly(MA-co-BMA)/organo-MMT 063.0a –
271

(262)b

381
(362)

0.0
(0.0)

3.2
(4.4)

23.8
(36.2)

Poly(MA-alt-S-co-BMA)-1/organo-MMT 143.2 10.90
274

(214)
427

(373)
0.0

(2.1)
5.9

(7.3)
18.3

(32.4)

Poly(MA-alt-S-co-BMA)-2/organo-MMT 115.0 15.60
301

(217)
382

(359)
0.0

(3.7)
5.2
(9.1

25.6
(38.4)

Poly(MA-alt-S-co-BMA)-3/organo-MMT 090.1 26.20
241

(237)
391

(373)
0.3

(1.4)
4.6

(6.8)
21.3

(34.1)

Poly(IA-alt-S-co-BMA)-1/organo-MMT 157.5 00.56 233 351 1.2 3.3 7.8
Pristine organo-MMT 160.0 1.3 238 361 3.7 9.4 38.2



200°C to room temperature in the DSC conditions.
These results allow us to imply that these peaks are
associated with glass transition or pseudo-melting
temperature due to the side-chain n-butylester link-
ages which are able to form liquid crystalline struc-
ture. The terpolymers with different contents of
BMA units exhibit typical Tg behaviour, the values
of which essentially decrease with increasing flexi-
ble n-butylester units in the terpolymers. Unlike C-
1-NC, terpolymer nanocomposites (T-1-NC,
T-2-NC and T-3-NC) containing different mol% of
BMA units exhibit Tm behaviour with characteristic
recrystallization temperatures (Tc) (Figure 6). The
Tm values of these nanocomposites significantly
depend on the BMA content in terpolymers. As
seen from DSC curves (Figure 6) and data in
Table 2, the Tm values reduce from 140.1 to 94.8°C
for virgin terpolymers and from 168.0 to 78.5°C for
terpolymer/DMDA-MMT nanocomposites as a
function of the content of flexible BMA linkages in
terpolymers which is increased from 38.5 to
71.1 mol%. An increase of flexible hydrophobic n-
butylester side-chain groups in terpolymer result
with visible changes of enthalpy values (ΔH) of
melting phase transition of nanocomposites.
Poly(MA-co-BMA) and its nanocomposite exhibit
typical glass-transition (Tg) behaviour with ΔH
(copolymer) >ΔH (copolymer/DMDA-MMT).
As seen from Table 2, terpolymer/nanocomposite
(T-1-IA-NC) prepared by interlamellar terpolymer-
ization of IA, S and BMA exhibit relatively higher
thermal behaviour than poly(MA-alt-S-BMA)/

DMDA-MMT (T-1-NC) although the synthesized
nanocomposites have an approximately similar
composition and BMA unit content. This observed
significant difference can be explained by the
above mentioned structural factor, i.e., the forma-
tion of interlayer strong H-bonding in the presence
of IA monomer and its terpolymer chain.
Nanocomposites and virgin organo-MMT showed
a similar melting and re-crystallization behaviour
while ΔH melting increased (area of peak
decreased) in the case of the formation of nano-
structural sections. Unlike virgin (co)terpolymers,
the nanocomposites exhibit crystallization behav-
iour and similar dependence on the content of
BMA linkage in terpolymers. The observed broad
endo-peak around 65–110°C for virgin DMDA-
MMT can be associated with the elimination of
water trace. The weak endo- and exo-peaks
observed in DSC curve of DMDA-MMT (Figure 6,
curve b-3) can be related to the melting and crystal-
lization processes of alkyl ammonium surfactant on
the layered silicate surface, intensity (ΔH value) of
which significantly increases after interlamellar
copolymerization due to the formation of interlayer
complexes between functional copolymer and alkyl
amine.
TGA-DTG analysis (Figure 7) indicated the multi-
step degradation of virgin co(ter)polymers, while
their DMDA-MMT nanocomposites showed a sin-
gle step degradation. This observed effect can be
explained by the formation of a more compact and
organized structure in synthesized co(ter)copoly-
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Figure 6. DSC curves of (a): (1) copolymer, (2) terpolymer-1, (3) terpolymer-2, and (4) terpolymer-3; (b): (1) copoly-
mer/DMDA-MMT, (2) terpolymer-1/DMDA-MMT, (3) terpolymer-2/DMDA-MMT, (4) terpolymer-3/DMDA-
MMT, and (5) pristine DMDA-MMT



mer/organo-MMT hybrids. Obtained results related
to the thermal behaviour of virgin (co)terpolymers
and (co)terpolymers/DMDA-MMT hybrids pre-
pared by complex-radical copolymerization and
interlamellar copolymerization, respectively, are
summarized in Table 2. The comparative analysis
of these results indicate that synthesized nanocom-
posites have relatively high Tm and thermal stability
(degradation temperature and weight loss), and
exhibit both the melting phase transition and crys-
tallization behaviour. The improvement in the
degradation temperature was significantly due to
the homogeneous dispersion of the silicate galleries
in the functional copolymer matrix.
Comparative DSC and TGA analyses of prepared
(co)terpolymers and their nanocomposites showed
that (1) the terpolymers exhibit relatively higher
values of Tg and thermal stability as compared with
copolymer due to the presence of the styrene units

in the terpolymers and their high molecular weights
(intrinsic viscosity values presented in Table 1),
(2) unlike the copolymer composites, the terpoly-
mer nanocomposites exhibit melting transition and
crystallization behaviour, as well as higher thermal
stability due to the formation of more compact
structures, (3) terpolymer nanocomposite contain-
ing IA unit shows higher thermal behaviour as
compared with MA containing nanocomposite due
to the effect of strong H-bonding (Figure 3) in the
interlamellar terpolymerization, and (4) the change
in the content of BMA flexible linkages in terpoly-
mer/DMDA-MMT nanocomposites significantly
influence the thermal behaviour of the nanocom-
posites, and can be described as a function for the
correlation of these important properties through in
situ self-plasticization in the formation of nanos-
tructure with given thermal parameters.
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Figure 7. TGA (a and c) and DTG (b and d) curves of (1) (co)terpolymers and their (2) nanocomposites: (a)-1 and (b)-1
copolymer, (a)-2 and (b)-2 copolymer/DMDA-MMT, (c)-1 and (d)-1 terpolymer-1,(c)-2 and (d)-2 terpolymer-
1/DMDA-MMT



3.3. Dynamic mechanical behaviour as a
function of nanostructure formation

Dynamic mechanical analysis (DMA) method
allows us to determine the loss tanδ, the storage
modulus (G′) and the loss modulus (G″) as a func-
tion of temperature (Figure 8). The loss tanδ is
equal to the ratio of G″/G′, which exhibits a higher
response to the chemical and physical structural
changes and phase transitions of polymer system;
the storage modulus G′ is associated with the elas-
tic modulus of the polymer or its composite; the
loss modulus G″ is related to the energy loss
(damping factor) as a result of the friction of poly-
mer chain movement. It is known that the decrease
of G′ is less dependent on the temperature changes,
and this process proceeds very slowly as a function
of temperature in the polymer system due to
increased polymer chain mobility and flexibility
[46]. As seen from DMA curves, this process con-

tinues until the glass transition region is
approached, and then, G′ decreases rapidly. In this
isothermal condition, both the loss modulus G″ and
loss tanδ increase and go via a maximum. The glass
transition temperature (Tg) is determined as the
temperature at which a maximum of loss tanδ is
observed. This is well known and is a more exact
method for determination of Tg values of polymers
and their composites [47]. The glass transition
region of polymeric materials can be broadened
and shifted through various chemical and physical
means [48].
Masenelli-Varlot et al. [49] proposed an interpreta-
tion of the DMA spectra, according which the
intensity of the interfacial adhesion strength
directly influences the intensity of the reinforce-
ment above the Tg. This principle can also be used
to characterize the microstructure of functional
(co)terpolymer/DMDA-MMT nanocomposite in
terms of interfacial adhesion strength. Comparative
DMA analysis of pure poly(MA-co-BMA) and
poly(MA-co-BMA)/DMDA-MMT nanocompos-
ites (Figure 8a) indicates the following changes of
DMA curves when copolymer is intercalated
between organo-silicate layers by interlamellar rad-
ical copolymerization: (1) increase of the elastic
modulus by more than 7.1%, i.e., increase of the
relaxation temperature from 58.3 up to 62.8°C,
(2) increase of the glass transition behavior from
60.1 to 74.2°C, (3) unlike the pure copolymer,
which has two peaks for the flexible BMA seg-
ments at 59.3°C and rigid MA units at 80.9°C,
respectively, copolymer nanocomposite exhibits a
single broad peak of higher intensity at 67.9°C; the
significant increase in intensity of this peak indi-
cates that relaxations of the flexible BMA segments
decrease due to the increase of interfacial adhesion
strength, i.e., the highest interaction occurs
between anhydride units and organo-MMT. Plots
of dynamic force (DF) and complex modulus (CM)
vs. temperature are illustrated in Figure 8b.
Observed significant difference (Δ) between these
parameters [Δ = DF (nanocomposite)–DF(copoly-
mer)] or [Δ = CM (nanocomposite)–CM(copoly-
mer)] above Tg, related to the copolymer and its
nanocomposite, can be described as a function of
the formation of nano-structural architecture in
poly(MA-co-BMA)/DMDA-MMT system. It can
be proposed that Δ value is also associated with
interfacial adhesion strength depending on the flex-
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Figure 8. DMA curves of copolymer and its nanocompos-
ite: (a) plots of (1 and 4) loss modulus (G″), (2
and 5) storage modulus (G′) and (3 and 6) tanδ
(G″/G′), and (b) (1 and 2) complex modulus and
(3 and 4) dynamic force vs. temperature for
poly(MA-co-BMA) (---) and poly(MA-co-
BMA)/DMDA-MMT nanocomposite (—)



ibility and hydrophobic/hydrophilic balance of the
functional polymer chains and their ability to form
interfacial complexes. The maximum values of Δ
were observed around 85–95°C corresponding to
the lower values of DF and CM parameters.

3.4. Nanostructure–XRD parameters
relationship

The basal spacing (d001) of copolymer, organo-
MMT and nanocomposites were determined from
XRD measurements. XRD patterns of studied sys-
tems are illustrated in Figures 9 and 10, and the
obtained XRD parameters are summarized in
Table 3. It is well known that organo-silicates
exhibit an effective nucleation behaviour in the

crystallization process and morphology formation
of polymer nanocomposites [50, 51]; nanofillers
can also change the crystallinity degree and crystal-
lization rate, as well as provide the formation of
thermodynamically stable crystalline phase in the
polymer matrix [52, 53]. As seen from Figure 9,
(co)terpolymers exhibit predominantly amorphous
structure while their nanocomposites show charac-
teristic semi-crystalline structure. IA-containing
terpolymer nanocomposites (T-IA-NC) exhibit rel-
atively higher crystallinity equal to 51% (Table 3).
The position of the diffraction peaks, related to vir-
gin amorphous (co)terpolymers, is not changed in
the spectra of the (co)terpolymer/DMDA-MMT
nanocomposites (Figure 10, Table 3). XRD pat-
terns for the virgin DMDA-MMT clearly showed
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Table 3. XRD parameters and crystallinity of the copolymer (C), terpolymers (T) and their nanocomposites (NCs)

aED (% exfoliation degree) values were calculated using the Equation (4)
bThis peak disappears in the spectra of all the nanocomposites due to complete exfoliation

C(T)
and NCs

2θθ
[°]

d-spacing
[Å]

ΔΔd
[Å]

Intensity
(counts)

EDa

[%]
Peak area (S)

χχc[%]
Sa Sc

C-1 6.74 13.10 0 1349 - 26208 4866 15.6
C-1-NC 2.22 35.68 17.73 1613 52.4 11250 2760 19.7
T-1 6.53 13.52 0 1271 - 20642 2137 09.4
T-1-NC 2.31 30.87 12.92 1688 53.4 16123 5092 24.0
T-2 6.92 12.76 0 1497 - 30517 4625 13.2
T-2-NC 2.58 34.22 16.27 1750 54.3 16606 6173 27.1
T-3 8.19 10.79 0 1310 - 32817 3737 10.2
T-3-NC 2.10 33.20 15.25 2069 58.4 9279 4447 32.4
T-IA-NC 2.04 44.14 26.19 2100 100 6712 6986 51.0

Pristine
organo-MMT

2.78
4.92
7.38

31.75
17.95
11.97

–
–
–

2769
1475
0750b

– 7217 10047 58.2

Figure 9. XRD patterns of (a) copolymer, (b) terpolymer-2, (c) pristine DMDA-MMT, (d) copolymer/DMDA-MMT, (e)
terpolymer-2/DMDA-MMT, (f) terpolymer-IA/DMDA-MMT



two broad diffraction peaks at 2.78° (d-spacing
31.75 Å) and 4.92° (d-spacing 17.95 Å) due to the
d001 basal reflections, which disappear or signifi-
cantly shift to lower 2θ regions in nanocomposites.
The weak peak for the basal spacing (d001) at 7.38°
(11.97 Å) in DMDA-MMT pattern can be related
to non-modified silicate plates. Usually this peak
for pure MMT appears at 7.0 2θ (d-spacing 12.4 Å)
[54]. Figure 10 shows the XRD patterns of organo-
MMT itself and (co)terpolymer/DMDA-MMT
nanocomposites containing 5 wt% of organo-
MMT. The intense peak at 2θ = 2.78° (d = 31.75 Å),
relatively broad peak 2θ = 4.92° (d = 17.95 Å) and
peak with low intensity at 2θ = 7.38° (d = 10.97 Å)
in the pattern of DMDA-MMT, are associated with
basal spacing for modified and small amount of
non-modified silicate layers (2θ = 7.38°), respec-
tively. According to Mermut [55] and Önal [56],

d(001) values scattered around 12–14, 14–18 Å and
>18 Å are due to the monolayer, bilayer and
pseudotrilayer alkyl ammonium configurations,
respectively, in the 2:1 layers of organo-MMTs
including Viscobent SB-1 [56]. In the case of nano-
composites (patterns 2–4), the original organo-
MMT peaks at 2θ = 7.38° disappear, and peaks at
2.78 and 4.92° shift to lower 2θ regions (for the co-
and terpolymer nanocomposites, patterns 2, 4 and
6). As seen from Figure 10 and Table 3, these
observed changes clearly indicate the significant
increase of interlamellar distance (Δd = dnc – d0 >
15 Å) due to in situ processing through complex
formation or H-bonding between anhydride/acid
groups and surface alklammonium cations. This
can also produce a driving force necessary for the
effective intercalation/exfoliation. The interlamel-
lar complex-formation and (co)terpolymerizaton
reactions easily proceed onto alkyl amine modified
silicate layers, after ending of which can also pro-
ceed onto non-modified silicate layers. In the latter
case, anhydride (or carboxylic group which occurs
by the hydrolysis of the MA unit) and acid (IA)
monomers and their (co)terpolymers can also form
interlamellar complexes with the non-modified sili-
cate layers containing oxygen atoms and hydroxyl
groups through strong H-bonding [8].
It was observed that the exfoliation degree (ED)
depends on the type of alkyl amine configuration,
i.e., on the degree of intensity change of basal
d-spacing peaks. Taking into consideration the
three basal peak intensities for the organo-MMT
before (I0) and after interlamellar (co)terpolymer-
izations (Ie), the values of intercalation/exfoliation
degree (ED %) were calculated, and obtained
results were presented in Table 3. The peak with
weak intensity at 7.38° (d-spacing 11.97 Å for non-
modified 2:1 layers) disappears in the XRD spectra
for all the nanocomposites (Figure 8) due to the
complete exfoliation process. This observed fact
confirms the above mentioned proposed mecha-
nism. It was also observed that the crystallinity of
the (co)terpolymers/DMDA-MMT nanocompos-
ites depends on the degree of exfoliation. Rela-
tively high crystalline copolymer-NC and terpoly-
mer-IA-NC exhibit higher values of ED (Table 3).
A visible increase in ED for terpolymer-MA-NC
nanocomposites increases the crystallinity of these
NCs. This phenomenon may be explained by the
effect of complex formation between functional

650

Söylemez et al. – eXPRESS Polymer Letters Vol.2, No.9 (2008) 639–654

Figure 10. XRD patterns of nanocomposites:
(1) poly(MA-co-BMA)/DMDA-MMT,
(2) poly(MA-alt-S-co-BMA)-1/DMDA-MMT,
(3) poly(MA-alt-S-co-BMA)-2/DMDA-MMT,
(4) poly(MA-alt-S-co-BMA)-3/DMDA-MMT,
(5) poly(IA-alt-S-co-BMA)-1/DMDA-MMT
and (6) pristine DMDA-MMT



polymer chains and organo-silicate layers on the
local chain folding and crystallization process in
the (co)terpolymer matrix. The ED values visibly
increase with increasing content of the flexible
BMA linkages in terpolymer-MA-NCs, in spite of
the decreasing content of the complex-forming
anhydride/acid units. This fact can be explained by
self-plasticization effect of side-chain n-butylester
groups in terpolymers that increases the dispersion
of the organo-MMT into matrix.

3.5. Surface morphology of nanocomposites
Figure 11 shows the SEM image of the terpolymers
containing different amounts of BMA units and
their nanocomposites prepared by interlamellar
copolymerization. SEM images of this hybrid com-
posites inferred that the size of the particles signifi-
cantly depends on the content of flexible BMA
linkages and type of interfacial interaction. The
increase of BMA content in terpolymers provides
the facile exfoliation of polymer chains into
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Figure 11. SEM patterns of (a) terpolymer-2, (b) terpolymer-2/DMDA-MMT, (c) terpolymer-3, (d) terpolymer-3/
DMDA-MMT and (e) terpolymer-IA/DMDA-MMT



DMDA-MMT galleries and formation of relatively
high dispersed particles. In the case of poly(IA-co-
S-BMA)/DMDA-MMT nanocomposite (e), the for-
mation of well dispersed particles was observed
due to the strong H-bonding between free car-
boxylic acid of IA monomer or terpolymer chain
and alkyl amine on the silicate layers.

4. Conclusions

This work has attempted to develop novel polymer
layered silicate nanocomposites by complex-radi-
cal interlamellar (co)terpolymerization of interca-
lated MA…DMDA-MMT and IA…DMDA-MMT
monomer complexes with S and BMA. It was
shown that the intercalation/exfoliation behaviour
of functional (co)terpolymers, and therefore, the
formation of nano-structure in the studied systems
depend on the hydrophilic/hydrophobic balance in
amphiphilic terpolymers, amount of flexible BMA
linkages and interlayer complex-formation between
anhydride/acid units and surface alkylammonium
fragments (Figure 1). The comparative analysis of
structure–composition–property relationship of the
virgin (co)terpolymers and their nanocomposites
showed significant increase in the thermal and
dynamic mechanical behaviour and crystallinity of
synthesized nanocomposites due to the homoge-
neous dispersion of the silicate nano-galleries in the
functional (co)terpolymer matrix. Unlike amor-
phous virgin (co)terpolymers the nanocomposites
exhibit crystallization behaviour and considerably
improved thermal properties depending on the
structure (presence of anhydride or acid moieties)
and composition of terpolymers, especially on the
content of flexible side-chain n-butylester linkages.
The significant increase in d-spacing (intergallery
distance) and degree of exfoliation indicates the
formation of nano-structure in the studied (co)ter-
polymer/DMDA-MMT systems. Obtained results
show that the formation of nanoarchitectures in the
studied (co)terpolymer/DMDA-MMT systems pre-
dominantly proceeds through interlamellar com-
plex-formation and in situ intercalation/exfoliation
processing.
Synthesized polymer hybrids may be also used as
reactive compatibilizer-nanofillers for the thermo-
plastic polymer blends, especially for the acrylic
and styrene polymer-based systems, and to prepare
the various nanomaterials in melt by reactive extru-

sion in situ processing. This will be a subject of our
future investigations.
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1. Introduction
Blends of polyamide 6 (PA6) and polypropylene
(PP) have received much attention over recent
years, since they combine thermomechanical char-
acteristics of the former with the ease of processing
of the latter. Unfortunately, these polymers are
incompatible because of their different polarity and
crystalline morphologies [1]. Therefore, compatibi-
lizing agent has to be used to reduce the interfacial
tension and to improve the adhesion between two
constituents. Maleated PP (PP-g-MA) has well
been documented as one of the most effectively
compatibilizing agents for PA6/PP blends [2, 3].

Compounding polymers with inorganic materials
has long been an interesting topic of scientific
research and industrial applications, because inor-
ganic materials can be employed to improve the
mechanical properties, provide enhanced barrier
properties and reduce the flammability of the
resultant polymer composites [4]. Among various
inorganic fillers, montmorillonite clay with large
aspect ratios has proven to be particularly effective
in polymer matrix reinforcement [5]. However,
pristine MMT layers are not easily exfoliated in
most polymers due to the strong electrostatic forces
between them and to the chemical incompatibility
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of the MMT surface with polymers. Long-chain
alkyl ammonium surfactants were usually
employed to pre-modify the MMT interlayer gal-
leries through cation exchange reactions so as to
weaken the interaction between adjacent layers and
to enhance the compatibility/wettability of the
MMT layer with the polymer matrix [6]. Dodecy-
lamine is one of most popular alkyl ammonium sur-
factants and has been widely employed for prepara-
tion of polymer nanocomposites. The dodecy-
lamine modified MMT improved the mechanical
properties for nanocomposites based on PA6 [7]
and PP [8]. Recently, nanocomposites based on
PA6/PP blends have been extensively studied by
many researchers [9, 10]. Most of them prepared
PA6/PP nanocomposites using a commercial
organoclay. To our knowledge, the application of
organic modification of MMT such as the dodecy-
lamine modified MMT for PA6/PP nanocompos-
ites was still limited.
In this work, nanocomposites based on PA6/PP
blends (PA6/PP = 70/30) were prepared by melt
compounding using a co-rotating twin screw
extruder followed by injection molding. The dode-
cylamine modified montmorillonite and PP-g-MA
were used as reinforcement and compatibilizer,
respectively. The influence of organic modification
and compatibilizer on the morphological and
mechanical properties of PA6/PP/OMMT nano-
composites was investigated by using X-ray dif-
fraction (XRD), transmission electron microscopy
(TEM), tensile, flexural, and impact tests. In addi-
tion, thermal stability was also characterized by
thermogravimetric analysis (TGA) and heat distor-
tion temperature tests.

2. Experimental

2.1. Materials

PA6 (Amilan CM 1017) used in this study was a
commercial product of Toray Nylon Resin AMI-
LAN, Japan. The melt flow index or MFI (at 230°C

and 2.16 kg load) and density of PA6 were
35 g/10 min and 1.14 g/cm3, respectively. PP (Pro-
Fax SM-240) was purchased from Titan Himont
Polymer (M) Sdn. Bhd., Malaysia. The MFI (at
230°C and 2.16 kg load) and density of PP were
25 g/10 min and 0.9 g/cm3, respectively. Poly-
propylene grafted with 1.2 wt% of maleic anhy-
dride (Polybond 3200) was purchased from
Uniroyal Chemical, Middlebury. Kunipia-F, sodium
montmorillonite (MMT) clay with cation exchange
capacity (CEC) of 119 meq/100 g, was supplied by
Kunimine Industry Co., Japan. The alkyl ammo-
nium salt used to modify Na-MMT clay was dode-
cylamine [CH3(CH2)11NH2], supplied from Kishida
Chemical Co., Osaka Japan. The designation and
composition of samples tested are given in Table 1.

2.2. Preparation of OMMT

Organophilic montmorillonite (OMMT) was pre-
pared by cation exchange of MMT with dodecy-
lamine according to a method reported by Agag
and Takeichi [11]. Dodecyl ammonium chloride
solution was prepared by the addition of 4.17 g of
conc. HCl (40 mmol) to 7.41 g of dodecylamine
(40 mmol) in 1000 ml of distilled water. The mix-
ture was stirred at 80°C until a clear solution was
obtained, indicating the formation of dodecyl
ammonium chloride. To this solution, a suspension
of 20 g of MMT in 1000 ml of distilled water was
added; the mixture was mechanically stirred at
80°C for 5 hours. The obtained white precipitate
was collected by suction filtration and then washed
by hot water to remove salt. This process was
repeated several times until no chloride was
detected in the filtrate by 0.1 N AgNO3. The result-
ant precipitate was air-dried, ground in mortar,
sieved to obtain powders, and finally dried in an
air-blowing oven at 110°C for 3 days, affording
white powder. The modified MMT was termed
OMMT.
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Table 1. Designation and composition of samples

Sample designation Composition Parts [phr]
PA6/PP PA6/PP 70/30
PA6/PP/PP-g-MA PA6/PP/PP-g-MA 70/30/5
PA6/PP/MMT PA6/PP/MMT 70/30/4
PA6/PP/OMMT PA6/PP/Dodecylamine modified MMT 70/30/4
PA6/PP/OMMT/PP-g-MA PA6/PP/Dodecylamine modified MMT/PP-g-MA 70/30/4/5



2.3. Sample preparation
PA6/PP/OMMT nanocomposites were prepared in
a co-rotating intermeshing twin-screw extruder
(BERSTORFF ZE 25, Germany) at temperature
ranging from 230 to 240°C and at a screw speed of
70 rpm. The extrudates were then injection-molded
into standard tensile (ASTM D638 type I) and flex-
ural specimens (ASTM D790) using an injection
molding machine (Haitian HTF160X, China). The
barrel zone temperatures were set at 190, 235, 250,
255, 260, and 250°C and a mold temperature of
110°C. Prior to extrusion and injection molding, all
pellets and clay were dried in an oven at 80°C for
15 hours.

2.4. Characterization and mechanical testing

Fourier transform infra-red spectroscopy (FT-IR)
analysis of MMT and OMMT were performed on
JASCO spectrophotometer model FT/IR-420, Japan.
About 2 mg of sample was mixed with 200 mg of
potassium bromide (KBr) prior to compacting into
thin pellets with a hydraulic press. FTIR spectra
were obtained from KBr pellets at wave numbers
from 400–4000 cm–1. X-ray diffraction measure-
ments were conducted directly from MMT and
OMMT powders while for the nanocomposites
were carried out on bars. All these experiments
were performed in reflection mode with a D5000
diffractometer (Siemens, Germany) using CuKα

radiation at a scan rate of 0.3°/min in a 2θ range of
2–10°, and operated at 30 kV and 20 mA. TEM
measurements were carried out with a JEOL JEM-
200CX TEM (Japan) operating at an accelerating
voltage of 200 kV. The specimens were prepared
using a Leica Ultracut UCT ultramicrotome. Ultra-
thin sections of about 60 nm in thickness were cut
with a Diatome diamond knife (35°) at room tem-
perature.
The thermal stability of samples was studied using
thermogravimetric analysis (TGA; Perkin-Elmer
TGA-6, USA). The sample was heated from room
temperature to 600°C at 10°C/min under nitrogen
atmosphere. Heat distortion temperature (HDT) of
samples was measured using specimens having
dimensions 125×12.50×3.0 mm3 according to
ASTM D 648. The test was conducted at a heating
rate of 2°C/min and a fiber stress of 1.8 MPa using

a 4 Station Advanced HDT/Vicat Softening Point
Apparatus (Ray-Ryan Test Equipment Ltd, UK).
Tensile and flexural tests were performed on a uni-
versal testing machine (Instron 3366, USA) at room
temperature according to ASTM D638 type I and
ASTM D790, respectively. Tensile test was con-
ducted at a crosshead speed of 50 mm/min. For
flexural test, a three-point bending configuration
was selected with a support span length of 50 mm
and a crosshead speed of 3 mm/min. Izod impact
test was carried out on notched specimens using a
Pendulum Hammer Impact 25 S/N V67R (Gald-
abini, Italy) according to ASTM 256-02 with a
impact speed of 3.46 m/s.

3. Results and discussion

3.1. FT-IR analysis

Figure 1 shows the FT-IR spectra of MMT and
OMMT. The absorption peaks at 3629, 1643, 1043,
914, and 521 cm–1 correspond to –OH stretching,
–OH bending, Si–O stretching, –OH bending, and
Si–O bending, respectively, which are characteris-
tic absorption bands of MMT. In addition to those
peaks, OMMT also exhibits peaks at 3251 and
2920 cm–1 corresponding to N–H stretching and
–CH3 stretching, respectively, while peaks at both
2850 and 1469 corresponds to –CH2 stretching.
This indicates that dodecylammoniun has been
intercalated into the galleries of MMT by a cation
exchange reaction.
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Figure 1. FT-IR spectra of MMT and OMMT



3.2. XRD

Figure 2 presents the XRD patterns of MMT and
OMMT. MMT and OMMT depict the characteris-
tic diffraction peaks at 2θ = 7.12 and 5.44° corre-
sponding to basal spacing (d001) of 1.24 and
1.62 nm, respectively. Thus, OMMT exhibits a
larger basal spacing than MMT. The expanded
basal spacing suggests that the dodecylammonium
has intercalated into the galleries of MMT, which is
in agreement with the FT-IR results discussed ear-
lier. The increase in basal spacing also indicates the
successful modification of MMT through a cation
exchange reaction.
Figure 3 shows the XRD patterns of PA6/PP blends
and its nanocomposites. After incorporating of the
MMT into PA6/PP matrix by melt compounding,
the diffraction peak of MMT shifts to 2θ = 6.29°,
with a basal spacing of 1.40 nm, indicating a slight
increase in basal spacing. This suggests the poly-
mer molecular chains have entered into the gal-
leries of MMT and the intercalated structure is
formed in the PA6/PP/MMT composite. In the
XRD pattern of PA6/PP/OMMT nanocomposite, a
broad shoulder peak appears at 2θ = 2.99° corre-
sponding to a basal spacing of 2.95 nm. The pres-
ence of a broad shoulder peak probably indicates
the formation of a mixture of intercalated and exfo-
liated structures in the PA6/PP/OMMT nanocom-
posites [4]. After introduction of PP-g-MA into
PA6/PP/OMMT, the diffraction peak of OMMT
disappears in the XRD pattern of PA6/PP/OMMT/
PP-g-MA nanocomposite. The absence of diffrac-

tion peak indicates the formation of exfoliated
structure in the nanocomposite [4]. Thus, the pres-
ence of PP-g-MA in the PA6/PP/OMMT has pro-
moted the dispersion and exfoliation of OMMT in
the PA6/PP matrix. This may be attributed to the
strong hydrogen-bonding interaction between
maleic anhydride group in PP-g-MA and amine
group in organic modifier of organoclay. This leads
the expansion of interlayer spacing and further
weakening of the interaction between the silicate
layers. Furthermore, it will facilitate the intercala-
tion of polymer matrix chains into the silicate gal-
leries and results in the formation of the exfoliated
structure [12].

3.3. TEM

Figures 4–6 display the TEM images of PA6/PP/
MMT, PA6/PP/OMMT, and PA6/PP/OMMT/PP-
g-MA nanocomposites, respectively. The dark lines
represent the intersection of silicate layers whereas
the gray background corresponds to PA6 phase. A
poor dispersion of clay platelets, i.e. intercalated
clay layers stacks and large clay aggregates can be
observed in the TEM image of PA6/PP/MMT com-
posite (cf. Figure 4). This may be attributed to the
presence of strong electrostatic forces between clay
layers [6]. The most exfoliated silicate layers and
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Figure 3. XRD patterns of PA6/PP blends and its
nanocomposites

Figure 2. XRD patterns of MMT and OMMT



few intercalated clay layers stacks are observed in
the PA6/PP/OMMT nanocomposite (cf. Figure 5).
This suggests the formation of a mixture of interca-
lated and exfoliated structures in the nanocompos-
ite. For PA6/PP/OMMT/PP-g-MA nanocomposite
(cf. Figure 6), the individual silicate layers are
homogenously dispersed in the PA6 phase, hence
suggesting the formation of exfoliated structure.
Accordingly, the presence of PP-g-MA in the
PA6/PP/OMMT nanocomposite promoted the dis-
persion and exfoliation of silicate layers in the PA6
phase. When PA6/PP matrix, OMMT, and PP-g-
MA were mixed together, PP-g-MA could easily
penetrate the interlayer of organoclay. The driving
force for intercalation originates from the strong
hydrogen bonding between maleic anhydride
groups in PP-g-MA and amine groups in organ-
oclay and leads to the expansion of interlayer spac-
ing and a further weakening of interactions
between the silicate layers [12]. This facilitates the
intercalation of PA6 chains into silicate galleries

and resulted in the formation of the exfoliated
structure as confirmed by XRD results earlier. The
better dispersion obtained by the addition of com-
patibilizer was also found by Pegoretti et al. [13]
for PE-g-MA compatibilized PE/clay nanocompos-
ites. Furthermore, the white particle dispersed in
the PA6 phase corresponds to the PP phase without
silicate layers inside (cf. Figures 5 and 6). The
strong tendency of silicate layers to be located in
the PA6 phase could be attributed to the fact that
the silicate layers has a higher affinity to the more
polar PA6 phase instead of PP phase. This is in
agreement with our previous works on nanocom-
posites based on PA6 matrix [14] and PA6/PP
blend [15] whereby AFM was used to prove the
affinity of nanoclays to PA6 phase.

3.4. TGA

Figure 7 shows the TGA curves of MMT and
OMMT. Below 100°C, MMT exhibits a relatively
higher weight loss than OMMT corresponding to
the removal of water from interlayer coordinated to
Na+. At this temperature, the weight loss for
OMMT is lower because of the organophilic prop-
erties of OMMT containing alkyl ammonium ions
[12]. The weight loss observed at 100–600°C for
MMT may be attributed to the decomposition of
hydrogen-bonded water molecules and some of the
OH group from tetrahedral sheets [16]. On other
hand, the greater weight losses displayed by
OMMT in this temperature range could be
explained mainly by the decomposition of interca-
lated ammonium and partly by the adsorbed water
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Figure 4. TEM image of PA6/PP/MMT composite Figure 6. TEM image of PA6/PP/OMMT/PP-g-MA
nanocomposite

Figure 5. TEM image of PA6/PP/OMMT nanocomposite



molecules below 220°C [17]. In the temperature
range of 600–850°C, the weight losses for MMT
and OMMT was probably associated with the
dehydroxylation of MMT [18].
Figure 8 displays the TGA curves of PA6/PP
blends and its nanocomposites. It can be seen that
all samples displayed single-step degradation
process. According to Liu et al. [19], the onset of
decomposition temperature was characterized by
the temperature at 5% weight loss (T5%) and sum-
marized in Table 2. The decomposition of PA6/PP
matrix started at 358°C, whereas the onset of
decomposition for PA6/PP/PP-g-MA was observed
at 391°C. This result indicates that the addition of
PP-g-MA significantly improved the thermal sta-
bility of PA6/PP matrix. This could be attributed to
the interaction (compatibility) between the maleic
anhydride group of PP-g-MA and the amine termi-

nal group of PA6 leading to the formation of a PP-
g-PA6 copolymer, which could act as a compatibi-
lizer [20]. Furthermore, the onset of decomposition
for PA6/PP/MMT and PA6/PP/OMMT was
observed at 362 and 371°C, respectively. This indi-
cates that the incorporation of both MMT and
OMMT improved the thermal stability of PA6/PP
matrix at the beginning of degradation stage. The
improvement in the initial degradation temperature
could be associated with the clay as an inorganic
material with high thermal stability and great bar-
rier properties that can prevent the heat from trans-
mitting quickly and can limit the continuous decom-
position [21]. Furthermore, the initial decomposi-
tion temperature of PA6/PP/OMMT nanocompos-
ite decreased, i.e. 355°C in the presence of PP-g-
MA. The degradation of PP-g-MA is probably
believed to be responsible for the observed trend.
Furthermore, in the temperature range of 400–
500°C, the PA6/PP/OMMT/PP-g-MA nanocom-
posite exhibited higher decomposition temperature
than the PA6/PP blend and uncompatibilized
PA6/PP/OMMT nanocomposites, indicating the
enhancement of the thermal stability. The better
dispersion and exfoliation of silicate layers in the
polymer matrix for the PA6/PP/OMMT/PP-g-MA
as confirmed by the XRD and TEM results earlier
may be responsible for the improved thermal stabil-
ity. The dispersed nanoscale silicate layers in the
polymer matrix could be more effective in hinder-
ing diffusion of volatile decomposition products
within the nanocomposite [22].

3.5. HDT

Table 2 summarizes the HDT of PA6/PP blends
and its nanocomposites. It can be seen that HDT of
PA6/PP blend slightly increased in the presence of
PP-g-MA. Furthermore, the addition of both MMT
and OMMT increased the HDT of PA6/PP blend.
This confirms the improved thermal stability of the
PA6/PP blend with the presence of clay particles.
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Figure 7. TGA curves of MMT and OMMT

Figure 8. TGA curves of PA6/PP blends and its nanocom-
posites

Table 2. T5% and HDT of PA6/PP blends and its nanocom-
posites

Sample designation T5% [°C] HDT [°C]
PA6/PP 358 90
PA6/PP/PP-g-MA 391 92
PA6/PP/MMT 362 98
PA6/PP/OMMT 371 109
PA6/PP/OMMT/PP-g-MA 355 113



The presence of strong hydrogen bonds between
the polymer matrix and clay surface is believed to
be responsible for the increased HDT [23]. Com-
pared with the PA6/PP/MMT composite, the PA6/
PP/OMMT nanocomposite exhibited better improve-
ment in HDT due to the better dispersion and exfo-
liation of clay layers in the polymer matrix. Similar
observations were reported by Mohanty and Nayak
[22] and Xie et al. [23] for PA6/montmorillonite
nanocomposites. They found that the exfoliated
PA6/OMMT nanocomposites showed larger
improvement in HDT as compared to the interca-
lated PA6/MMT nanocomposites. Furthermore, the
slight increase in the HDT of PA6/PP/OMMT
nanocomposite in the presence of PP-g-MA could
be attributed to the compatibilization effect of PP-
g-MA.

3.6. Mechanical properties

Table 3 illustrates the tensile properties of the
PA6/PP blends and its nanocomposites. It can be
seen that the presence of PP-g-MA decreased the
tensile modulus and strength of PA6/PP blend. The
low modulus of PP-g-MA may be believed to be
responsible for the observed trend. The addition of
both MMT and OMMT significantly increased the
tensile modulus of PA6/PP blend. This may be due
to the reinforcement effect of the rigid inorganic
clay and the constraining effect of silicate layers on
molecular motion of polymer molecular chains [4,
6]. On other hand, the presence of both MMT and
OMMT did not improve but decreased the tensile
strength of PA6/PP blend. The poor dispersion of
clay platelets as confirmed by the presence of a
mixture of intercalated and exfoliated structures is
believed to be responsible for the reduced tensile
strength. It is interesting to note that the tensile
modulus and strength of PA6/PP/OMMT signifi-
cantly increased by the addition of PP-g-MA. By
the addition of both OMMT and PP-g-MA, the ten-

sile modulus and strength of PA6/PP matrix were
increased by 27 and 30%, respectively. This remark-
able improvement could be attributed to the com-
patibilizing effect of PP-g-MA. The presence of
PP-g-MA improved the interfacial adhesion
between PA6, PP, and OMMT resulting from the
formation of PP-g-PA6 copolymer; besides pro-
moting dispersion and exfoliation of OMMT in the
PA6/PP matrix as confirmed by XRD and TEM
results discussed earlier. It is accepted that the
hydrogen bonding could form between the amide
group of the PP-g-PA6 copolymer and amine group
of organic modifier in the OMMT. This amide-
amine reaction could happen when the OMMT was
exfoliated in the PA6/PP matrix; subsequently the
amine group of organic modifier is capable of
forming a chemical linkage with PP-g-PA6 copoly-
mer. The formation of PP-g-PA6 and the chemical
linkage of PP-g-PA6 copolymer with organic mod-
ifier of OMMT have been reported in our previous
study [24] for PP-g-MA compatibilized PA6/PP
nanocomposites using commercial organoclay with
the organic modifier of octadecylamine (Nanomer
I30TC, USA). The tensile strength of PP-g-MA
compatibilized PA6/PP nanocomposites containing
OMMT with the organic modifier of dodecylamine
(51.81 MPa) is higher than the commercial organ-
oclay (49.6 MPa). This could be attributed to the
OMMT containing dodecylamine is more effective
for the formation of the exfoliated structure.
Reichert et al. [8] have reported a similar observa-
tion where the presence of PP-g-MA enhanced the
tensile modulus and strength of PP/organoclay
nanocomposites due to the improved interfacial
adhesion between PP and organoclay.
From Table 3, it is evident that the elongation at
break of PA6/PP blend drastically increased with
the presence of PP-g-MA. This could be attributed
to the formation of PP-g-PA6 copolymer which
improved interfacial adhesion between PA6 and PP
phases. Furthermore, the addition of both MMT
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Table 3. Mechanical properties of PA6/PP/OMMT nanocomposites

Sample designation
Tensile 

modulus
[GPa]

Tensile
strength
[MPa]

Elongation
at break

[%]

Flexural
modulus

[GPa]

Flexural
strength
[MPa]

Impact
strength
[kJ/m2]

PA6/PP 1.76 ± 0.02 39.96 ± 0.43 12.21 ± 0.75 1.91 ± 0.05 62.50 ± 1.25 5.47 ± 0.45
PA6/PP/PP-g-MA 1.60 ± 0.00 30.70 ± 1.80 55.70 ± 6.30 1.70 ± 0.00 59.20 ± 0.40 6.10 ± 0.40
PA6/PP/MMT 1.95 ± 0.02 38.65 ± 0.82 08.15 ± 0.91 2.32 ± 0.05 62.51 ± 0.03 3.58 ± 0.18
PA6/PP/OMMT 2.01 ± 0.03 38.67 ± 0.46 02.72 ± 0.14 2.56 ± 0.04 62.22 ± 0.42 1.55 ± 0.05
PA6/PP/OMMT/PP-g-MA 2.23 ± 0.03 51.81 ± 0.88 03.46 ± 0.13 2.56 ± 0.03 78.47 ± 1.89 1.88 ± 0.11



and OMMT drastically decreased the elongation at
break of PA6/PP matrix. This suggests that the
PA6/PP matrix became brittle in the presence of
clay particles. The reduction in ductility was attrib-
uted to the constrained mobility of polymer chains
in the presence of clay particles [25]. The higher
ductility observed for the PA6/PP/MMT compared
to PA6/PP/OMMT nanocomposite may be attrib-
uted to the intercalated structure in the PA6/PP/
MMT composite and a mixture of intercalated and
exfoliated structure in the PA6/PP/OMMT nano-
composite. Masenelli-Varlot et al. [26] reported
that the intercalated PA6/clay nanocomposites had
a higher elongation at break than exfoliated nano-
composites. The slight increase in elongation at
break was obtained for the PP-g-MA compatibi-
lized PA6/PP/OMMT nanocomposite albeit it was
still lower than the PA6/PP blend. The improved
interfacial adhesion between PA6, PP, and OMMT
resulting from the formation of PP-g-PA6 a copoly-
mer is believed to be responsible for the observed
trend.
Table 3 also highlights the flexural properties of the
PA6/PP blends and its nanocomposites. The addi-
tion of PP-g-MA reduced the flexural modulus and
strength of PA6/PP blend. This trend resembles that
of the tensile properties. The reduction in flexural
properties could be attributed to the low molecular
weight and low modulus of PP-g-MA. The incorpo-
ration of both MMT and OMMT significantly
increased the flexural modulus of PA6/PP blend.
This could be attributed to high stiffness and aspect
ratio of silicate layers [27]. Compared with the
PA6/PP/MMT composite, the flexural modulus of
PA6/PP/OMMT nanocomposite was higher because
of the nanoscale structure, the large aspect ratio, the
large surface area of the layered silicates, and the
corresponding strong interaction between polymer
molecules chains and silicate surface [28]. On other
hand, the flexural strength of PA6/PP matrix
remained unchanged by the addition of both MMT
and OMMT. However, the flexural properties of
PA6/PP/OMMT nanocomposite significantly
increased by the addition of PP-g-MA as in case of
tensile properties discussed earlier. This may be
again attributed to the compatibilizing effect of PP-
g-MA in which improved the interfacial adhesion
and promoted the degree of exfoliation of OMMT
in the PA6/PP matrix.

From Table 3, it can also be noted that the incorpo-
ration of PP-g-MA led to an increase in impact
strength of the PA6/PP blend. A similar trend to
that of the elongation at break was observed. The
enhanced impact strength may be attributed to the
improved interfacial adhesion between PA6 and PP
resulting from the formation of PP-g-PA6 copoly-
mer [3]. The incorporation of both MMT and
OMMT drastically decreased the impact strength of
PA6/PP blend. The reduction in toughness may be
attributed to the lack of the crack front deflection
and cavitation mechanisms in the clay-polymer
nanocomposites reinforced with silicate nano-lay-
ers of high stiffness [29]. According to Nair et al.
[30], the reduction in toughness of polyamide 6,6/
clay nanocomposites may be caused by the forma-
tion of micro voids or micro cracks in the crack-tip
region and tend to reduce toughness. The lower
impact strength observed for the PA6/PP/OMMT
compared to the PA6/PP/MMT could be attributed
to a mixture of intercalated and exfoliated struc-
tures in the nanocomposite. According to Miya-
gawa et al. [31], the individual exfoliated clay
platelets (~1 nm in thickness) are not effective to
prevent the crack from propagating. It is easy to
break the exfoliated clay platelets due to their high
stiffness. Consequently, the PA6/PP/OMMT nano-
composite has low impact strength. Cavitation may
occur in the vicinity of intercalated clay platelets in
the PA6/PP/MMT composite. Cavitation mecha-
nism may be believed to be responsible for higher
impact strength in the PA6/PP/MMT [32]. Further-
more, the slight increase in impact strength could
be observed for the PA6/PP/OMMT in the presence
of PP-g-MA. The improved interfacial adhesion
resulting from the formation of a PP-g-PA6 copoly-
mer is believed to be responsible for the slight
increase in toughness. The improvement in impact
strength by the addition of PP-g-MA was also
reported by Liu et al. [33] for PA6/clay nanocom-
posites.

4. Conclusions

The organic modification of MMT with dodecy-
lamine was successfully performed as confirmed
by the FTIR (the presence of organic groups such
as –NH and –CH) and XRD results (the expanded
basal spacing). XRD and TEM results revealed that
the intercalated structure was formed for PA6/PP/
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MMT composite, a mixture of intercalated and
exfoliated structures for PA6/PP/OMMT nanocom-
posite, and exfoliated structure for PP-g-MA com-
patibilized PA6/PP/OMMT nanocomposite. The
addition of both MMT and OMMT improved stiff-
ness, thermal stability, and HDT but reduced tough-
ness of PA6/PP matrix. The presence of PP-g-MA
in the PA6/PP/OMMT nanocomposite enhanced
properties such as stiffness, strength, ductility,
impact strength, and HDT.
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1. Introduction
The fabrication process of fibre-reinforced polymer
matrix composite materials requires a high temper-
ature curing procedure. Stresses are generated dur-
ing cool-down, mainly due to the mismatch
between the coefficients of thermal expansion
(CTE) of the fibre and matrix. Residual stresses
have important effects on the thermo-mechanical
behaviour of composite materials and, moreover,
the resulting stresses are sufficient to initiate frac-
ture within the matrix immediately around the fibre
[1, 2]. Therefore, it is important to determine the
current state of the residual stresses and their
effects on the behaviour of the composite when
subsequently subjected to multi-axial mechanical
loading. After curing and cooling of the composite,
the matrix is subject to a tri-axial residual stress
state [3]. The resulting thermal residual stresses are

of compressive nature in the fibre and tensile nature
in the matrix [4]. For glass fibre epoxy resin com-
posites, Fiedler et al. [4] showed that the thermal
residual stresses can be calculated by finite element
analysis (FEA) using the actual temperature
dependent stiffness of the resin [4]. Asp et al. [5]
showed by a FEA study that the thermal residual
stress strongly reduces the ultimate strength of
transversely loaded unidirectional (UD) compos-
ites. When load is applied to the fibre-reinforced
composite the tri-axial stresses in the matrix
increase. Both the polymer matrix and the fibres
cannot behave as they would individually as bulk
materials, and the difference in the Poisson’s ratios
causes a tri-axial stress state reducing the maxi-
mum bearable load. In recent studies [5–7], it was
shown that yield criteria are applicable to glassy
polymers under uniaxial, biaxial and triaxial load-
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ing if the hydrostatic stress effect is accounted for.
Also it was found that for UD composites, yielding
is suppressed while a brittle failure due to crack
growth occurs. Fiedler et al. [4] also demonstrated
that the parabolic Mohr failure criterion is suitable
to describe the experimentally observed macro-
scopic yield and fracture behaviour of epoxy resin
[8, 9]. The micro-residual stresses depending on the
local fibre distribution can improve or reduce the
local ultimate transverse strength of the composite
[10]. In order to clarify the role of thermal residual
stresses in composites a number of analytical mod-
els have been proposed. Analytical approaches
include methods based on the Self-Consistent
Model (SCM) of Hill [11], extension of the
Eshelby’s equivalent inclusion technique [12],
Vanishing Fibre Diameter (VFD) model of Dvorak
[13], Concentric Cylinder Models [14, 15] and
Aboudi’s Method of Cells [16]. The effects of ther-
mal residual stresses on mechanical behaviour of
the composite materials have also been extensively
studied by Nimmer [17] and Wisnom [18]. They
examined the transverse behaviour of high temper-
ature composites in the presence of thermally
induced residual stress fields and found that the
presence of residual stresses is beneficial for the
transverse behaviour of composites with low inter-
facial strength due to the generation of compressive
residual stresses at the interface of the fibre and
matrix. Three dimensional finite element models
have been employed to study the influence of resid-
ual stresses on shear response of the composites
[19, 20]. More recently, a finite element micro-
mechanical based model has been developed to
investigate the off-axis behaviour of unidirectional
composites [21]. This model is general and can be
used for any combination of normal and shear load-
ing with residual stresses. Use of FEA with peri-
odic representative volume elements (RVE) is well
established [5, 6, 22, 23]. In most cases, the analy-
sis is based on a uniform, square or hexagonal fibre
array. In this work, a 3D finite element analysis was
used to study the residual stress distribution and its
effect on transverse and longitudinal failure and
damage evolution of fibre-reinforced polymer
matrix composites using a micromechanical RVE
model. Moreover, four different fibre volume frac-
tion (Vf) RVEs were investigated in order to evalu-
ate their response to uniaxial loading with and
without residual stress. The residual stress intro-

duced during curing was determined by consider-
ing the contributions from both the chemical
shrinkage of resin and the thermal cooling contrac-
tion of fibre and resin. Effects of residual stress on
damage evolution and failure in RVEs subjected to
mechanical loading were predicted using two dif-
ferent failure criteria and a post-failure stiffness
reduction technique.

2. Finite element modelling

2.1. Micromechanical model

Composite materials properties, e.g. strength and
stiffness, are dependent upon the fibre volume frac-
tion and individual properties of the constituent
fibre and matrix materials and the estimation of
damage and failure progression is more complex
than in conventional metallic materials. In the
micromechanical approach, the constituent fibre
and matrix materials and their interaction are dis-
tinctively considered to predict the overall behav-
iour of the composite material structure. The
advantage of the micromechanical model is that the
stresses can be associated and related to each con-
stituent (fibre and matrix). Therefore, failure can be
identified in each of these constituents and the
appropriate property degradation can be modelled.
Also, different fibre volume fractions can be taken
into account by varying the geometry of the RVE.
Here, the micromechanical model considers a RVE
in which fibre and matrix are assumed to be per-
fectly bonded to the fibres throughout the analysis,
with fibres arranged in a hexagonal cross section
array by assuming the repetitive or periodic nature
of the fibre and matrix materials. The RVE is a
three-dimensional solid and the geometry of each
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Figure 1. Ideal RVE for the hexagonal array packing



RVE depends on the fibre volume fraction [22].
The RVE used in these investigations is displayed
in Figure 1. The displacement constraints applied
to the finite element model displayed in Figure 1
are [22]: u1 (0,2,3) = 0; u1 (a,2,3) = constant = δ1;
u2 (1,0,3) = 0; u2 (1,b,3) = constant = δ2; u3 (1,2,0) =
0; u3 (1,2,c) = constant = δ3; where u1 , u2 , u3

denote displacements in the 1-, 2- and 3-direction,
respectively. The meshes generated for the micro-
models investigated are 20-noded hexahedral ele-
ments. The number of elements varies approxi-
mately from 6000 to 9000 depending on the Vf.
Mesh sensitivity analysis suggests that the meshes
are fine enough to produce accurate results com-
pared to a mesh with twice as many elements, with
a difference within 0.2% in terms of residual stress
and failure strain level. In Figure 2 is depicted an
example of the mesh for an RVE with a Vf = 70%
loaded in the transverse direction (2-direction).

2.2. Residual stress analysis

The total induced strain of the resin due to chemical
shrinkage and thermal cooling can be expressed by
Equation (1):

(1)

where dεij is the total strain increment, deij the elas-
tic strain increment, ds the free shrinkage strain
increment due to the chemical reaction (cross-link-
ing) in the absence of constraint, α(T) the thermal
expansion coefficient which is dependent on the
temperature, dT the temperature change and δij is
the Kronecker delta. From Equation (1), the stress-
strain relationship can be derived as shown in
Equation (2):

(2)
where dσij are the stress increments and Cijkl the
stiffness components. The above stress analysis is
based on linear elasticity and the stiffness compo-
nents Cijkl are related to the Young’s modulus E and
the Poisson’s ratio ν of the material. Equation (2)
was derived for the residual stress analysis in the
resin.

2.3. Material

Several authors such as Zhao et al. [23] have
employed in their studies more realistic constitutive
theories for the epoxy matrix (e.g. non linear vis-
coelasticity). However, numerical results have
shown that damage onset and evolution are not

}d)(dd{dd TTsCeC ijijklijklklijklij αδ−δ−ε==σ

TTse ijijijij d)(ddd αδ+δ+=ε
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Figure 2. Un-deformed meshed (a) and its deformed shape (b) on transverse loading (2-direction) for an RVE with
Vf = 70%



influenced by the stress-relaxation, induced by the
viscoelastic behaviour and, the final amount of
residual stress (after cooling) is not in general sig-
nificantly affected by the viscoelastic property of
the resin. Hence, residual stress and its effect on
transverse and longitudinal failure of UD compos-
ites have been investigated considering the linear-
elastic behaviour of the constituents. In particular,
the materials used in this investigation are glass
fibre and epoxy resin, whose properties are given in
[24]. The properties of glass fibre are assumed to
remain constant and independent of the tempera-
ture change with Young’s modulus E = 80 GPa and
Poisson’s ratio ν = 0.22, the coefficient of thermal
expansion α = 4.9·10–6/°C and the longitudinal ten-
sile (σT) and compressive (σC) strength are 2150
and 1450 MPa, respectively. However, for the
epoxy resin, thermal transition temperatures such
as the glass transition temperature Tg strongly
affect mechanical properties [24]. In order to repre-
sent this behaviour accurately the material proper-
ties of the resin are defined as a function of
temperature. The following relations are used:
(a) Poisson’s ratio is assumed to be temperature
independent (ν = 0.35).
(b) To evaluate the variation of Young’s modulus E
over the temperature range from curing to room
temperature, the total temperature range can be
divided into three regions:

– Τg – ΔΤ ≤ Τ ≤ Tg + ΔΤ, in which E varies
greatly.

– T > Tg + ΔΤ, the matrix is in liquid or rubbery
state and E has a very small value.

– T < Tg – ΔΤ, the matrix is in solid state and E
changes only slightly.

For each region, the modulus is obtained using the
following functions given by Equations (3)–(5)
[25]:

,

T < Tg – ΔΤ, (3)

,

Τg – ΔΤ ≤ Τ ≤ Tg + ΔΤ, (4)

, T > Tg + ΔΤ, (5)

with: Tg = 110°C; Tr = 23°C; ΔT = 35°C; E(Tr) =
3.35 GPa; E(Tg – ΔT) = 0.7E(Tr); E(Tg + ΔT) =
0.01E(Tr); k1 = 0.357; k2 = 4.249.
(c) The thermal expansion coefficient α is assumed
to change linearly with the temperature: α(T) =
K(T – Tref) + α(Tr), with a slope given by Equa-
tion (6): 

(6)

where α(Tr) = 58·10–6/°C and αl = 139·10–6/°C.
The longitudinal tensile (σT) and compressive (σC)
strength of the resin are taken to be 80 and 120M Pa,
respectively.

3. Failure criteria and damage evolution
model

The selection of a proper failure criterion, both for
matrix and fibre, represents a very important task of
the modelling formulation. In particular in poly-
mers the yield behaviour is sensitive to hydrostatic
stress and as a consequence, the yield stress in ten-
sion is different from that in compression [7, 26,
and 27]. Both fibre and resin are isotropic materials
and the Maximum Principal Stress theory is appli-
cable to simulate damage onset and evolution
within the RVE (e.g. fibre/matrix debonding,
matrix crack). If the stress level satisfies the failure
criterion, the fibre or matrix would crack. Final fail-
ure corresponds to the rupture of the composite,
which is unable to carry further load. The Maxi-
mum Principal Stress failure criterion is summa-
rized as shown in Equations (7) and (8):

(7)

(8)

where σmax and σmin are the Maximum and Mini-
mum Principal Stresses, σt

u is the tensile strength
and σc

u is the compressive strength of the material.
A modification of the von Mises criterion has also
been also considered to evaluate failure in the
matrix. As the von Mises criterion does not predict
differences in yield stress between tension and
compression, modifications of this criterion have
incorporated the effects of hydrostatic pressure. A
general form for the modified von Mises criterion
can be written as shown in Equation (9) [7]:
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(9)

It is possible to determine the constants A and B in
term of the simple uniaxial tensile (σy,T) and com-
pressive (σy,C) yield stresses. The modified von
Mises stress criterion was suggested by Raghava
and has been shown to agree very well with experi-
mental data for epoxy resin – see Equation (10) [7]:

(10)

If σy,C = σy,T this criterion reduces to the von Mises
criterion. To simulate damage, it is necessary to
evaluate the current stress state at each integration
point. Then by comparing the current stress state
with a specific failure criterion, the material proper-
ties are reduced at each ‘failed’ integration point to
values representing the particular type of damage
that has occurred [28–30]. The degradation scheme,
together with the residual stress analysis was pro-
grammed into a user-defined material subroutine
(UMAT) interfaced with the commercial finite ele-
ment code ABAQUS Standard [31]. When failure
is detected the degradation is applied only on the
elastic moduli by multiplying them with a discount
factor di ∈ (0, 1] (i designates the elastic modulus
to which the factor is applied). Both resin and fibre
were modelled as isotropic with they the stiffness
matrix shown in Equation (11):

(11)

The Young’s modulus E and the shear modulus G
are degraded independently by discount factor dE

and dG both initially set equal to the unity. If during
the analysis the stress level exceed the maximum
strength allowed for matrix and/or fibre according
to the failure criterion, the modulus E is degraded
to 1% of its initial value (dE = 0.01) at the particular
integration point. The shear modulus G is reduced
to 20% of the initial value (dG = 0.2) under the
assumption that some shear stiffness remains due to
the friction still present on the failure plane [30].
The behaviour of the matrix and the fibre was
assumed to be linear elastic until damage was pre-
dicted. The response after damage occurred was
also linear elastic but with degraded moduli.

4. Results and discussion

4.1. Residual stress

Residual stress has two parts: the chemical shrink-
age residual stress and the thermal cooling residual
stress. The analysis was performed by two discrete
steps, where step one is the shrinkage stress analy-
sis and step two is the thermal cooling stress analy-
sis. The shrinkage residual stress was calculated by
applying a given amount of resin shrinkage. For the
epoxy resin considered here, the linear shrinkage
strain was chosen to be 1%, which corresponds to a
volumetric change of less than 3% [32] depending
on the fibre volume fraction and the effect of the
fibres on longitudinal shrinkage during curing. The
thermal residual stress is due to the cooling of the
system from the curing temperature, 149°C, to
room temperature, 23°C. The distribution of the
resin’s maximum principal residual stress in the
matrix, after curing and cooling is presented in Fig-
ure 3. The mechanical properties of the resin, in
terms of shear modulus (and Young’s modulus
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Figure 3. Distribution of residual stress in the matrix after
curing and cooling-down



when the resin becomes solid), increase drastically
as the material evolves from a liquid state to a solid
state. So in the resin, geometrically constrained
within the interstices present between fibres, tensile
stresses develop more easily. The largest values
reached after chemical shrinkage and cooling are
depicted in Figure 4. Results from the analysis
attribute the primary contribution to residual stress
mainly to thermal cooling. In Figure 5 the small
contribution from the chemical shrinkage for four
different fibre volume fractions is shown. More-
over, as afore mentioned, the small calculated inter-
nal stress level, due to the curing process, is likely
to be overestimated since the viscoelastic proper-
ties of the resin are not taken into account (i.e. these
stresses are likely to relax further with time) [23].
These curing stresses are small as a result of the
mechanical properties of the resin during the curing
process. In fact, its state is rubbery and almost liq-
uid so the capability to interact with the fibres by
transferring stresses is negligible. These results
agree with most of the published work on residual

stresses in which thermal cooling was evaluated as
the main source of residual stress in polymer com-
posites [33, 34].

4.2. Effect of residual stress on transverse and
longitudinal failure

To study the influence of residual stress/strain on
the overall response of the composites at their
microscale, the damage evolution in the matrix was
examined under transverse loading. After curing
and thermal cooling analyses, a global strain was
applied to the micro-models which were achieved
by specifying a uniform displacement on the RVEs
faces. At each time increment of the analysis, the
damaged area in the matrix was determined using
both the Maximum Principal Stress failure criterion
and the von Mises criterion modified by Raghava.
Throughout the following analyses, the fibre
showed no sign of damage due to its high strength,
therefore, damage and failure refer to the matrix
only.

4.2.1. Uniaxial tensile loading along 1-direction 

In UD composites the effect of the fibre is domi-
nant, therefore during curing, in which resin is in a
rubbery state, realistically, no deformation is estab-
lished along the 1-direction. The strains, developed
during the manufacturing process, are parallel to
the fibres orientation as the resin evolves from a
liquid/rubbery state into a solid state. In addition, as
the fibres are dominant, the strength of the micro-
models is improved if fibre volume fraction is
increased. A comparison between two different
combinations of failure criteria was investigated:
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Figure 4. Trend of maximum principal residual stress
[MPa] after curing and cooling-down evaluated
in the area of max tensile stress at different Vf

Figure 5. Trend of maximum principal residual stress
[MPa] after curing evaluated in the area of max
tensile stress at different Vf

Figure 6. Global stress-strain curve in 1-direction for uni-
axial tensile loading for Vf = 60% (Residual
stress analysis)



1 – Raghava (matrix)/von Mises (fibre).
2 – Maximum Principal Stress (matrix)/Maximum
Principal Stress (fibre).
Both combinations show similar results in terms of
ultimate strength for the fibre with residual stress
(Figure 6) but, the Raghava criterion predicts
matrix failure at a lower loading strain. In addition,
the two combinations of failure criteria show a dif-
ference in the prediction of damage onset in the
matrix. In fact, while for the Maximum Principal
Stress the initiation of the damage is concentrated
in four regions at the fibre/matrix interface (Fig-
ure 7a), the Raghava failure criterion predicts a
drastic fibre/matrix debonding and also damage
within the resin at the interstices between fibres, as
shown in (Figure 7b). Comparison between stress/
strain curves with and without residual stress (Fig-
ure 8) shows that a premature matrix failure occurs
if residual stresses are applied. In fact, it is evident
from Figure 8 that, although the presence of ther-
mal residual stresses does not modify the ultimate
strength of fibres along the 1-direction of loading, it
leads to a greatly detrimental reduction in the
epoxy matrix on its capability to bear loads. Resid-
ual stresses are always detrimental for the matrix in
1-direction longitudinal loading and in the case of
biaxial (especially 1-2, 1-3 direction) or even triax-

ial states of loading small loading strains could
cause debonding at the fibre/matrix interface.

4.2.2. Uniaxial tensile loading along 2-direction
and 3-direction

On transverse uniaxial tensile loading along the 2-
direction, the Maximum Principal Stress criterion
predicts the damage initiation (represented by black
shading) to start from the corners of the RVE (Fig-
ure 9a), while the failure propagates within the
matrix along the edges of the micro-model (Fig-
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Figure 7. Comparison on damage onset prediction (Vf = 60%) in presence of residual stress. Maximum Principal Stress
(a), Raghava failure criterion (b).

Figure 8. Global stress-strain curve in 1-direction for uni-
axial tensile loading for Vf = 60%. Failure crite-
ria: von Mises for the fibre and Raghava for the
matrix.



ure 9b). The evolution of damage for uniaxial ten-
sile loading in the 2-direction in the residual stress
analysis is shown in Figure 10. The residual stress/
strain state corresponds to the conditions of 1%
shrinkage strain and 149°C curing temperature. It
can be seen that the site of damage initiation and
the subsequent evolution are clearly affected by

thermal residual stress. In fact, FE analysis proved
that the damage initiates at the fibre/matrix inter-
face (Figure 10a) and evolves along the fibre/
matrix interface (Figure 10b). The damage onset in
the 3-direction with no residual stress takes place at
the fibre/matrix interface as depicted in Figure 11.
For this load case damage initiation and its evolu-
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Figure 9. Damage initiation (a) and evolution (b) under uniaxial transverse tensile loading along 2-direction evaluated by
means of the Maximum Principal Stress with no residual stress (Vf = 60%)

Figure 10. Damage initiation (a) and evolution (b) under uniaxial transverse tensile loading along 2-direction evaluated
by means of the Maximum Principal Stress with residual stress (Vf = 60%)



tion are not affected significantly by the presence of
residual stresses. A crucial result is that the initia-
tion of the damage depends on the mode of loading:
2-direction or 3-direction. As displayed in Fig-
ure 9a and Figure 11a the damage onset occur
within the matrix in different areas. Specifically, in
the 2-direction, damage takes place in the corners
of the RVE and in the 3-direction, at the fibre/
matrix interface in the centre of the RVE. The inter-
pretation for such a difference is due to the particu-
lar line of symmetry [35] in the RVE under investi-
gation in which fibres are assembled with a hexag-
onal packing array (Figure 12). Hence the stress
field, distributed symmetrically about the line of

symmetry, is different than in a square packing
array. During the damage analysis, the global
stress-strain response in the loading direction was
monitored and an example of results is given in
Figure 13 for the cases with and without residual
stress. For both cases, the carried stress starts to
drop from the point of damage initiation. Once
damage is initiated, the model tends to fail sud-
denly. Thus, the initial failure strain level is also the
final failure level for transverse loading. This brittle
behaviour is also observed under the 3-direction
loading. In Figure 14 the dependence of ultimate
strength on fibre content is displayed for these load
directions in the case of no residual stress. The
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Figure 11. Damage initiation (a) and evolution (b) under uniaxial transverse tensile loading along 3-direction evaluated
by means of Maximum Principal Stress criterion with residual stress (Vf = 60%)

Figure 12. Line of symmetry in a RVE (hexagonal pack-
ing array)

Figure 13. Global stress-strain curve in 2-direction for
uniaxial transverse tensile loading



comparison between the strengths predictions using
the Maximum Principal Stress and the Raghava
failure criteria at different fibre content has an
immediate consequence. In fact, the Raghava fail-
ure criterion shows the same location in predicting
damage onset for the all cases (no-residual stress
and residual stress, 2- and 3-direction loading state)

but it is always less conservative in terms of ulti-
mate strength (Figure 15 and Figure 16). Further-
more, the presence of residual stress in the 2-direc-
tion (Figure 17) and 3-direction loading is in gen-
eral beneficial. Residual stresses, arising during the
simulated manufacturing process, imply a redistrib-
ution of the internal stress field which in general
leads to lower stresses within the resin and, to
improve the ability to bear loads in the transverse
directions. Numerical models with a low fibre vol-
ume fractions undergo a detrimental effect due to
thermal residual stress when the model is loaded in
the 3-direction. After cooling the highest values of
residual stresses in the matrix are concentrated
along the fibre/matrix interface in particular areas
but the evolution of the stress field by applying a
displacement in 3-direction is dissimilar. In fact,
for high fibre volume fractions stresses tend to
spread internally within the resin whilst for low
fibre contents they remain highly concentrated at
the interface throughout the analysis, weakening
this area significantly. Hence, residual stresses
could play an important role in decreasing the over-
all response of the composite negating the potential
beneficial effects for 2- and 3-direction transverse
loading and producing a drastic failure of the com-
posite.

5. Conclusions

Residual stress and its effect on transverse and lon-
gitudinal failure of UD glass fibre/epoxy resin
composites were studied using a micromechanical
RVE model and the finite element methods. The
overall residual stress is determined by considering
two contributions: volume shrinkage of matrix
resin from the crosslink polymerization during
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Figure 14. Comparison of ultimate strength for 2-direction
and 3-direction loading by using the Maximum
Principal Stress criterion. No residual stress
applied.

Figure 15. Trend of ultimate strength [MPa] in 2-direction
evaluated with Maximum Principal Stress and
Raghava failure criteria. No residual stress.

Figure 16. Trend of ultimate strength [MPa] in 2-direction
evaluated with Maximum Principal Stress and
Raghava failure criteria. Effect of residual
stress.

Figure 17. Ultimate strength [MPa] with and without
residual stress (2-direction)



isothermal curing and thermal contraction of both
resin and fibre as a result of cooling from the curing
temperature to room temperature. Analyses con-
firm the isothermal residual stress during curing
can be considered negligible compared to the ther-
mal residual stress due to cooling. A study of two
different failure criteria was also performed for the
epoxy matrix in order to evaluate differences in the
capability to predict failure. The assessment of
these failure criteria has proved their capability to
describe qualitatively the material behaviour of the
UD composites under longitudinal and transverse
loading. Interestingly, energy based failure criteria
(e.g. Raghava), also demonstrated in [36], are par-
ticular sensitive to high triaxial stresses which arise
at the fibre/matrix interface on uniaxial tensile
loading parallel to the fibres orientation and, due to
the particular assumptions applied to the RVEs
(e.g. perfect bonding between fibres and matrix) in
these numerical investigations. Numerical analyses
have shown that predicted damage initiation and
evolution are clearly influenced by the presence of
residual stress. In particular, residual stress causes a
premature failure in the matrix at a lower strain
than with no residual stress conditions on longitudi-
nal loading case (1-direction) and it is always detri-
mental for the matrix while for the fibre there is no
important alteration in terms of ultimate strength.
In addition, the effect of residual stress on trans-
verse tensile loading (2- and 3-direction) depends
on the fibre volume fraction and produces benefi-
cial results in the 2-direction at the fibre volume
fractions studied while, in 3-direction it is detri-
mental for low fibre volume fractions. 
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1. Introduction
Organic/inorganic nanocomposite, as a special type
of material, has attracted considerable interests in
the recent years [1–3]. The nanocomposites were
actually obtained by the successful incorporation of
an organic polymer and an inorganic component
into one single material. Various minerals [4, 5],
metal particles [6], and metal oxides [7] are often
used as the inorganic component in the composites
and the organic polymer includes polystyrene [8],
polymethyl methacrylate [9], polypropylene [10],
and so on. The organic/inorganic composites usu-
ally differ from both the original pure polymers and
the inorganic particles in some chemical and physi-
cal properties. In comparison with the single com-

ponent, the composites often show many unique
appealing properties such as enhanced mechanical
property [11], fire retardance and excellent thermal
stability [12, 13], good ionic conductivity [14] and
gas barrier property [15]. For example, the elastic
modulus of the nano-composite composed of poly-
ester and 5% nanoclay was increased to 6646 from
5393 MPa for unreinforced polyester [11]. The
enhancement in ion conductivity of polymethyl
methacrylate/CeO2 was observed due to the
increase in the number of charge carriers by reac-
tion of CeO2 with anion and cation [14].
To date, several synthetic procedures have been
developed in order to prepare the composites. For
instance, the typical synthetic methods used to pro-
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duce polymer/mineral clay nanocomposites are in
situ intercalative polymerization [16], exfoliation-
adsorption [17], melt intercalation [18] and tem-
plate synthesis etc. [19]. It is well known that the
grafting reaction of monomers onto some inorganic
particles is also an effective strategy to prepare the
corresponding organic/inorganic composites [20–
23]. In the preparation of these composites, the
polymers chains grow from inorganic material sub-
strates by the grafting reaction. Besides, the termi-
nal reactive groups on the polymer chains can
directly react with the reactive ones bound to the
substrates. Luo et al. described the preparation of a
novel nano-superabsorbent composite by graft
copolymerization of acrylamide and acrylic acid
onto montmorillonite/starch initiated using 60Co-
ray irradiation [20]. The polymer/silica composite
was synthesized via the grafting copolymerization
of the polymers having pendant peroxycarbonate
groups and the silica with azo groups in the pres-
ence of vinyl acetate [22].
In our previous work [24–28], many graft copoly-
merizations initiated by the high valence metal ions
of the common monomers, especially onto the syn-
thetic and natural polymers have been investigated
widely. The high valence transition metals ions,
including Ni4+, Ag3+ and Cu3+ ions, have proved to
be the highly efficient initiators. For instance,
potassium diperiodatocuprate was successfully
employed to initiate the graft copolymerization of
methyl acrylate onto chitosan. On the optimal reac-
tion condition, the grafting efficiency reached as
high as 95% [24]. Also, the graft copolymer with
high graft parameters from methyl acrylate and
poly(vinyl alcohol) was prepared using potassium
diperiodatonickelate (Ni4+) or potassium diperioda-
toargentate (Ag3+) as the initiators [25, 28]. In the
aforementioned studies on the grafting copolymer-
ization, the radicals formed by the redox reaction of
the high valence metal ions with some reductive
groups on the substrate. Actually, the redox reac-
tion of the metal ions underwent a two-step single
electron-transfer progress. This radical-producing
mechanism has been used to explain the formation
of the graft sites and the initiation in the graft
copolymerization [24–26]. If the high valence
metal ions are used to initiate the graft copolymer-
ization of the common monomers onto some inor-
ganic materials such as glass fiber, montmoril-

lonite, and kaolin, a new method for the preparation
of the corresponding composites can be developed. 
Poly (methyl methacrylate) (PMMA) and montmo-
rillonite were selected as the two organic/ inorganic
components in the composite prepared in this
study. PMMA is an amorphous, transparent poly-
mer and widely used in various fields. On the other
hand, montmorillonite is often selected as the inor-
ganic component in the preparation of organic/
inorganic composite. Because of the hydrophobic
nature of montmorillonite, it is often modified by
exchanging of an alkyl ammonium ions with the
cations between the silicate layers. As an extension
of our previous work, the high valence metal ions
were applied to the inorganic material field in this
study, that is, potassium diperiodatocuprate (Cu3+)
was used as an initiator for the preparation of
PMMA/OMMT composite via the in situ grafting
copolymerization. The synthetic parameters for
composites were evaluated by varying the tempera-
ture, monomer concentration, and initiator concen-
tration. The experimental result has shown that
potassium diperiodatocuprate is an efficient initia-
tor for the synthesis of OMMT-g-PMMA compos-
ite via the grafting copolymerization. Theoretically
speaking, the titled OMMT-g-PMMA composite
can be directly used as an inorganic clay-modified
material or a new potential blend-compatilizer in
the modification of organic polymers with inor-
ganic minerals.

2. Experimental section

2.1. Materials

Organophilic montmorillonite (OMMT) (DK-2)
used in this study was purchased from Fenghong
Clay Chemicals Co. Ltd., Zhejiang Province, and
received as fine particle powders. The surfactant
used to modify montmorillonite was a long-chain
organic amine salt. Methyl methacrylate (MMA)
was washed successively with aqueous sodium
hydroxide and distilled water to remove the hydro-
quinone inhibitors, and then it was dried over anhy-
drous sodium sulfate overnight and finally distilled.
The grafting initiator, potassium diperioda-
tocuprate (Cu3+) was synthesized and characterized
according to the reported literature [24, 29]. The
other chemicals were analytical grade and were
used without any further purification.
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2.2. Measurements
The structures of OMMT-g-PMMA, OMMT and
pure PMMA were characterized by Fourier trans-
form infrared spectrum with an FTS-40 spec-
trophotometer (BIORAD, USA) in potassium
bromide pellets. The X-ray diffraction pattern was
measured with a Rigaku D/MAX 2400 X-ray dif-
fractometer. The X-ray beam was derived from
nickel-filtered CuKα (λ = 0.154 nm) radiation in a
sealed tube operated at 40 kV and 200 mA. The
experiments were conducted in the angle range
1–50°, at a scanning rate of 8°/min and a scanning
step of 0.02°. The thermo-gravimetric analysis
(TGA) curves were completed with a Shimadzu
DGC-40 DTATG apparatus (Shimadzu, Japan) in
N2 atmosphere at a heating rate of 10°C/min.

2.3. Preparation of OMMT-g-PMMA
composite and treatment

A series of the graft copolymerizations were car-
ried out in a glass tube (20 mm in diameter and
200 mm in length) equipped with a magnetic bar.
In the typical procedure, 0.5 g OMMT, deionized
water and required amount of MMA were added
into a tube. Then, several standard cycles of evacu-
ation and backfill with dry and pure nitrogen was
performed to thoroughly remove oxygen. The tube
was charged with the oxygen-free Cu3+ aqueous
solution and water-acetone by a syringe. The total
volume of reaction system was controlled at 6 ml
by the addition of mixed solvent (water/acetone =
3:1). Herein, it is necessary to state that the aim of
addition of some acetone is to maintain more uni-
form dispersion of OMMT during the graft copoly-
merization. The graft copolymerization was per-
formed under the designated conditions of different
monomer concentrations, initiator concentrations,
pH and temperatures. After a definite time, the
polymerization was terminated by several drops of
hydrochloric acid solution. Subsequently, the reac-
tion mixture was poured into a large amount of
methanol, and the crude graft copolymer was fil-
tered through a weighted, sintered glass funnel. The
crude graft copolymer was dried at 90°C in air for
several hours and then dried to a constant weight
under vacuum at 60°C. The exhaustive Soxhlet
extraction with acetone for 48 h was performed to
remove some homopolymers in the crude graft
copolymer. The resulting OMMT-g-PMMA com-

posite was dried at 60°C to a constant weight under
vacuum.
Monomer conversion (C%), grafting percentage
(P%) and grafting efficiency (E%) were designated
as the synthetic parameters in the preparing
OMMT-g-PMMA composites, and were defined in
the following manner (see Equations (1)–(3)):

C% = (total weight of PMMA ÷ weight of MMA
charged)·100% (1)

P% = (weight of PMMA grafted ÷ weight of sub-
strate)·100% (2)

E% = (weight of PMMA grafted ÷ total weight of
PMMA formed)·100% (3)

3. Results and discussion

3.1. Effect of the different factors on synthetic
parameters

3.1.1. Effect of Cu3+ concentration

The effect of Cu3+ concentration on synthetic
parameters was investigated when the other reac-
tion conditions are kept unchanged. As shown in
Figure 1, the three synthetic parameters exhibited a
considerable dependence on the Cu3+ concentra-
tion, especially for C% and P%. With increasing
Cu3+ concentration in the range of 0.6–
0.8·10–3 mol/l, C%, P%, and E% all increased
quickly. For example, when the Cu3+ concentration
was 0.65·10–3 and 0.80·10–3 mol/l, C% and P%
reached to 79.9 from 46.2%, and 508 from 222%,
respectively. However, beyond the Cu3+ concentra-
tion of 0.8·10–3 mol/l, C%, and P% are found to
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Figure 1. Effect of initiator concentration on synthetic
parameters (time = 3 h; temperature = 25°C;
MMA/OMMT = 8; pH = 11.7)



decrease. In another word, the optimum value of
Cu3+ concentration was 0.8·10–3 mol/l in this study.
In the lower concentration of Cu3+ ranging 0.6–
0.8·10–3 mol/l, the higher Cu3+ concentration in the
reaction system led to increasing in the number of
macro-radicals formed by redox reaction of Cu3+.
Therefore, C%, P% and E% increased as Cu3+ con-
centration grew up. A similar observation was also
found in the Cu3+-initiated graft copolymerization
of acrylic acid [30]. If, however, excessive Cu3+

ions were added into the reaction system, the prob-
ability of the collision between Cu3+ ions with the
radicals formed was greatly enhanced. As a result,
the partial radicals produced in the reaction were
again converted into some inert species by the
excessive Cu3+ ions [24]. This side-reaction likely
decreased the number of grafting radicals formed in
the system and also terminated the continuous
propagation of some copolymer chains. It is neces-
sary to mention that compared with C% and P%,
E% was basically independent on the higher Cu3+

concentration range. This experimental result indi-
cated the homo-polymerization of MMA was not
increased with Cu3+ concentration.
In order to testify the effective grafting copolymer-
ization initiated by Cu3+ ions, the comparative
experiments have been conducted. When potas-
sium persulfate (2% to monomer) rather than Cu3+

was added into the tube with required amount of
MMA, acetone/water, and OMMT at 45°C, no
obvious polymer was obtained after 2 h. At the
same time, no polymerization behaviors were
observed in the OMMT-free reaction system using
Cu3+ as initiators. If the above-mentioned experi-
ment contained OMMT and MMA was carried out
at 45°C using Cu3+ as an initiator, a large amount of
polymers were obtained after 2 h. This phenome-
non implied that Cu3+ ion acted as an effective
redox initiator for the polymerization of MMA at
lower temperature. The radicals were easily formed
through the redox reaction of Cu3+ ion with some
reductive groups on OMMT. For potassium persul-
fate, no obvious decomposition takes place at 45°C
to produce the corresponding radicals. The charac-
teristics of the formation of radicals via the Cu3+

redox reaction have been reported in several publi-
cations [29–31].

3.1.2.  Effect of the ratio of MMA to OMMT
The effect of MMA/OMMT ratio on the three syn-
thetic parameters is depicted in Figure 2. With
increasing the ratio of MMA to OMMT, P%, E%
and C% increase drastically. For instance, as the
ratio of MMA to OMMT was fixed at 5 and 7, C%
reached 47.7, 83.7%, and P% were 189, 480%,
respectively. Apparently, the concentration of
MMA was heightened with increasing the ratio of
MMA/OMMT because the total volume of reaction
system and OMMT was kept unchanged. In addi-
tion, the number of radical sites on OMMT could
be considered as constant when other reaction con-
ditions were kept invariable. According to the basic
principle of radical polymerization, C% and P%
affirmatively augmented with an increasing of
MMA/OMMT ratio. The higher concentration of
MMA in close vicinity to each radical site resulted
in the quicker polymerization rate and the produc-
tion of more polymers in the reaction.
Additionally, three synthetic parameters showed
remarkable declining tendency when the ratio of
MMA/OMMT was larger than 8. As the ratio of
MMA/OMMT was 8 and 10, C% decreased to 18.9
from 84.7%; P% went down to 85 from 623%,
respectively. The higher ratio of MMA/OMMT
implied that the less water was added into the sys-
tem because of the fixed volume in the polymeriza-
tion. Furthermore, the graft copolymerization was
carried out in heterogeneous systems because Cu3+

dissolves only in water, MMA, however, dissolves
in some organic solvents, and OMMT is not soluble
in common solvent. As a result, the collision proba-
bility between OMMT and Cu3+ was greatly
decreased at the higher ratio of MMA/OMMT. The
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Figure 2. Effect of the ratio of MMA to OMMT on syn-
thetic parameters (time = 3 h; temperature =
25°C; [Cu3+] = 0.8·10–3 mol/l; pH = 11.7)



number of radicals was decreased with increasing
ratio of MMA/OMMT, finally resulting in a con-
siderable fall in the synthetic parameters.

3.1.3. Effect of temperature

The effect of reaction temperature on synthetic
parameters has been studied by varying the temper-
ature in the range of 0–65°C. As shown in Figure 3,
it is found that E% is slightly dependent on the
reaction temperature between 25 and 50°C. On the
other hand, C% and P% exhibited a remarkable
dependence on the temperature selected in graft
copolymerization. The activation energy was a
small positive value when investigating the redox
reaction of Cu3+ ions with some reducing groups
including amino and hydroxyl groups [29, 32]. Fur-
thermore, the radicals were produced via a single
electron transfer process in Cu3+ redox reaction and
initiated the polymerization of acrylonitrile [29,
32]. So, the formation rate of radicals is accelerated
with increasing temperature, leading to the increase
of C% and P%. For example, when the reaction
temperature was controlled at 12 and 25°C, C%
increased to 94.5 from 35.1% and P% climbed up
to 580 from 229%, respectively.
In addition, C% and P% decreased drastically as
the temperature was further increased to 65 from
25°C. The reason for this phenomenon is mainly
ascribed to the following fact. Many radicals were
formed via the redox reaction of Cu3+ ions within a
short time period at higher temperature. The graft
copolymerization was conducted in the heteroge-
neous system because of the different solubilities of
MMA, OMMT, and Cu3+ ions. It took a certain

time for the MMA to approach the formed radicals
via diffusion and subsequently to polymerize. In
this case, many radicals were likely scavenged
through the bimolecular termination or other by-
reactions before the radicals initiated the polymer-
ization of MMA. Consequently, C% and P%
exhibited a decreasing tendency with increasing the
temperature. At the higher temperature, the chain
transfer reaction of the radicals to the molecules
except OMMT was also enhanced owing to the
increased activity of the radicals. Therefore, the
synthetic parameter E% showed decreasing trend to
some extent especially over 50°C. Savina et al. pre-
sented the similar results when investigating the
effect of temperature on the grafting parameters in
graft copolymerization [30]. By the overall com-
parison among three synthetic parameters, the other
experiment was carried out at 25°C to obtain the
higher synthetic parameters.

3.1.4. Effect of pH

Figure 4 has shown the effect of pH value on the
synthetic parameters. In this study, the hydrochlo-
ric acid or potassium hydroxide solution were used
as pH-adjustor to control the required alkalinity in
the reaction system. The synthetic parameters were
evaluated under the different pH value in the range
of 8.8–13.0. It was found that C%, E% and P%
were significantly dependent on pH value in the
reaction system. The three synthetic parameters
increased drastically with pH value, and thereafter
went down as the pH value further increased. C%
and P% went up to the highest value (74.3 and
475%) at pH = 11.7, whereas the graft parameter
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Figure 3. Effect of temperature on synthetic parameters
(time = 3 h; [Cu3+] = 0.8·10–3 mol/l;
MMA/OMMT = 8; pH = 11.7)

Figure 4. Effect of pH on synthetic parameters
(time = 3 h; temperature = 25°C;
[Cu3+] = 0.8·10–3 mol/l; MMA/OMMT = 8)



E% reached its highest value at pH = 10.2. The
results indicated the presence of optimal pH value
in the preparation of the composites.
The two main active forms of Cu3+ complexes
including [Cu(H3IO6)2(OH)2]3– and [Cu(H2IO6)
(H3IO6)]2– have been detected in alkaline medium.
Cu3+ complex species actually vary with the alka-
linity in the medium, because the dissociation of
the various species of H5IO6 obviously depends on
the pH value [29, 32]. Most importantly, the differ-
ent forms of Cu3+ complexes have different reactiv-
ity in the redox reaction. At excessively low or high
pH range, the H3IO6

2– and H2IO6
3– ions all decrease,

which further induces to decrease the concentration
of active [Cu(H3IO6)2(OH)2]3– and [Cu(H2IO6)
(H3IO6)]2– species. Thus, pH value plays a key role
in the formation of radicals in the Cu3+ redox reac-
tion, and determines the number of radicals used
for the polymerization. By the estimation based on
the dissociation constants of periodic acid [32], the
pH value at which the higher synthetic parameters
were obtained is basically close to that for the exis-
tence of H3IO6

2– and H2IO6
3– ions. The same effect-

ing behaviors of pH on the grafting parameters
were also observed in the other Cu3+-initiated graft-
ing system [30]. Because the property of compos-
ites mainly depends on P% rather than E%, we
selected pH = 11.7 to carry out other experiments.

3.2. Characterization of the
OMMT-g-PMMA composites

3.2.1. FTIR measurements

In order to illustrate the structural change before
and after polymerization, the FTIR spectra of origi-
nal OMMT, the pure PMMA, and OMMT-g-
PMMA composite (P% = 600%) were recorded in
the range of 4000–400 cm–1. As shown in Figure 5,
the two peaks at about 3600 and 3450 cm–1 in the
spectrum of OMMT implied the presence of the
reactive groups including –OH and –NH–. In the
FTIR spectrum of the OMMT-g-PMMA compos-
ite, the strong absorption bands at 1731.8 cm–1 was
observed, corresponding to the characteristics of
C=O stretching vibration from PMMA. Also, the
characteristic absorption bands at 1149.2, 1192,
and 1243.2 cm–1 could be ascribed to the C–O–C
stretching vibration in PMMA chains [21]. Further-
more, several characteristic absorption peaks attrib-
uted to OMMT were also recorded in the FTIR

spectrum of the composite. For instance, the
absorption peaks at 1036.9 cm–1 corresponded to
the Si–O–Si stretching vibration from OMMT sub-
strate. The bands at 3620.5 and 3436.1 cm–1 were
related to the reactive groups in OMMT. From
these spectral data, it could be concluded that the
composite was consisted of both PMMA and
OMMT moieties. Therefore, the PMMA chains
were chemically grafted onto OMMT because the
composite has been completely extracted with a
large amount acetone.

3.2.2. TGA analysis

The thermo-gravimetric analysis (TGA) of
OMMT, PMMA and OMMT-g-PMMA (P% =
550%) has illustrated the decomposition behaviors
under heating in an inert atmosphere. As shown in
Figure 6, the weight loss behavior regarding water
likely bound to the OMMT-g-PMMA was
observed in the range of 100–260°C. The second
step degradation of OMMT-g-PMA composite
started at about 275°C, and the final decomposition
temperature was found to be 405°C. This process
mainly corresponded to the decomposition of the
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Figure 5. FTIR spectra of OMMT, PMMA and OMMT-g-
PMMA composites



organic component in the composite. On the other
hand, the pure PMMA exhibited only one step
degradation between 180–400°C. Compared with
the pure PMMA, the initial decomposition temper-
ature of OMMT-g-PMMA was about 95°C higher
than that of pure PMMA. The improvement in the
thermal stability for OMMT-g-PMMA is ascribed
to the introduction of OMMT into PMMA. The
inorganic clay component effectively absorbed or
retarded the heat in the OMMT-g-PMMA thermal
degradation. In addition, the finally residual weight
of OMMT-g-PMMA was found to be around
11.8%. This value is in a good agreement with the
one calculated from the organic-component content
in OMMT and the grafting percentage of sample
used.

3.2.3. XRD patterns

As shown in Figure 7, the X-ray diffraction pat-
terns of OMMT, OMMT-g-PMMA and the mixture
of PMMA and OMMT were measured to investi-

gate the change of OMMT structure after grafting.
In the XRD pattern of pure OMMT, several diffrac-
tion peaks at 2θ = 3.68, 19.62, and 34.78°, were
recorded, which implied the presence of the
ordered layer-like structure of OMMT [2]. The
basal spacing corresponding to the 2θ = 3.68° was
2.40 nm according to Bragg’s equation. In order to
further elucidate the influence of polymerization on
the OMMT structure, the XRD of a mixture of the
pure PMMA and OMMT was also determined at
the same 2θ range. Obviously, except for a broad
diffraction peak ascribed to PMMA at 2θ from
about 8 to 20°, the XRD pattern of the mixture was
almost the same as that of pure OMMT substrate.
This result suggested the layer-like structure of
OMMT did not change after the simple mixing.
In the small angle region of the XRD pattern for the
composite, however, three sharp diffraction peaks
at 2.74, 5.56 and 8.32° were recorded, indicating an
ordered structure. Considerably, the diffraction
peak at 3.68° attributed to the original OMMT has
shifted to 2.74°. According to Bragg’s equation, the
corresponding gallery space of the OMMT
increased to 3.22 from 2.40 nm after graft polymer-
ization. This result likely was caused by the interca-
lation of some PMMA chains into the interlayers of
OMMT, leading to an increase in the gallery space.
From the comparison of three XRD patterns, it
could be seen that in the grafting copolymerization,
the clay sheets of OMMT were intercalated by the
continuous swelling of PMMA chains and finally
uniformly dispersed in the organic PMMA formed.
As an additional proof, the PMMA chains were
grafted onto the substrate OMMT.

3.3. Formation of radicals and preparation of
OMMT-g-PMMA nanocomposite 

The formation of radicals and preparation of nano-
composite via the in situ graft copolymerization is
shown in Figure 8. First, Cu3+ ion is a strong oxi-
dizer in the alkaline aqueous solution [29]. Cu3+

ions readily reacted with some reactive groups
including hydroxyl and amino groups on OMMT,
resulting in the producing of the corresponding rad-
ical-cations, as well as Cu2+ ions. These radical-
cations are chemically bound on the substrate
OMMT. And then, the radical-cation further
reacted with hydroxyl ion (OH–1) provided by the
alkaline medium so as to produce the macroradicals
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Figure 7. X-ray diffraction patterns of OMMT, OMMT-g-
PMMA and the mixture of PMMA/OMMT

Figure 6. Thermal analysis for OMMT, OMMT-g-PMMA
and PMMA



on OMMT. The macroradicals are sites for the sub-
sequent grafting copolymerization of MMA onto
OMMT. The monomers MMA in close vicinity to
the macro-radicals were initiated and followed by
the quick chain growth of PMMA in the interlayers
of OMMT. The similar mechanism about the radi-
cal formation and initiation was also proposed by
Savina et al. [30]. In fact, MMA and Cu3+ ions can
diffuse into the interlayers of OMMT because of
the usage of acetone/water mixture and surfactant
used as modifier in OMMT. The interlayer struc-
ture of OMMT was intercalated due to the continu-
ous swelling of the PMMA chains. Finally, the fine
OMMT particles dispersed homogeneously in the
PMMA formed, which was supported by the afore-
mentioned XRD measurement. Because the radi-
cals were generated via the redox reaction of Cu3+

with reactive groups in OMMT, nearly all of the
PMMA chains were chemically bound to OMMT,
not simply mixed. In conclusion, the composites of
PMMA and OMMT formed simultaneously in
course of the graft copolymerization of MMA onto
OMMT.

4. Conclusions

The present article described a new initiator, potas-
sium diperiodatocuprate (Cu3+), for preparing the
composite based on OMMT and PMMA through in
situ polymerization. By investigating the effect of
reaction conditions on the synthetic parameters, the
optimum of synthetic procedure was given as fol-
low: pH = 11.6; temperature = 25°C; Cu3+ concen-
tration is 0.80·10–3 mol/l; ratio of MMA to OMMT
is fixed at 8. From the experimental results, it could

be seen that Cu3+ is an effective and practical initia-
tor for the preparation of the organic/inorganic
composite via the in suit polymerization. More-
over, the preparation of the intercalation-type com-
posite could be conducted under milder conditions
because of the lower activation energy in Cu3+

redox reaction. The grafting of PMMA chain onto
OMMT and the improvement in the thermal stabil-
ity were demonstrated by FTIR, TGA, and X-ray
diffraction measurements. Further studies on the
mechanical properties of OMMT-g-PMMA com-
posite are now in progress.
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