
The rapidly growing polymer market increases the
risk of fire. The competition for reducing the costs
and the activities for increasing the recyclability are
advantageous from many aspects but promote the
use of cheap and flammable polymers.
The relative amount of the types of fire retardants
(FRs) used in polymers is changing. The halogen
containing compounds initiate corrosion, further-
more, some of them proved to be harmful to the
environment and human health. Therefore the new
European regulations promote the substitution of
some conventional flame retardants by environ-
mental-friendly ones.
Reactive processing methods bond the additives to
the polymer chains thus provide solution against
their release to the environment, which is critical
especially for some potential pseudohormones.
Beyond the increasing importance of reactive
methods the nano-concept is the most widely inves-
tigated novel approach to fire retardancy. Promis-
ing is the low environmental impact of nanofillers
and influence on the macromolecular arrangement
owing to their high surface area (reducing the heat
distortion and melt dripping at high temperature).
However, their fire retardancy performance should
be enhanced, which requires better understanding
of the mechanism of their action. It has to be clari-
fied what is the relative role of their catalytic and
physical action. The importance of the geometric
dimensions, quality of dispersion and the potential
synergism between different types should be clari-
fied as well. Furthermore, the undesirable by-effect

of removing stabilizers from the polymer matrix
through their high surface area has to be eliminated.
Most recent concepts are the in situ formation of
nanofillers (during extrusion of the polymers) and
of FR-active interfaces or surfaces around inclu-
sions. Advancement of these concepts require the
development of new micro-scale fire modeling/tes-
ting methods.
Based on the described research activities increas-
ing use of reactive, halogen free solutions in combi-
nation with nanofillers of well designed interfaces
are predicted. Economic approaches applying recy-
cled polymer matrices, nanofillers and multifunc-
tional additives will increase in the close future. A
multifunctional flame retardant can be applied for
example as adaptive interlayer in a multiphase sys-
tems facilitating good mechanical, transport or
adhesive performance at ambient temperature and
transforming to protective (heat and combustible-
gas barrier) layer at the temperature of combustion. 
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1. Introduction

1.1. Nanotechnology

Technology is the major driving factor for growth
at every level of an economy. At the 1 nanometer
(nm) scales and below, quantum mechanics rules,
and at dimension above 100 nm classical quantum
mechanics, physics, and chemistry dictate proper-
ties of matter. Between 1 and 100 nm, a hybrid
exists, and interesting things can happen such as

mechanical, optical, electrical, magnetic, and a
variety of other properties can behave quite differ-
ently [1]. A nanometer is a billionth of a meter, or
80 000 times thinner than human hair. So, nanome-
ter domain covers sizes bigger than several atoms
but smaller than the wavelength of visible light.
Nanotechnology (based on the Greek word for
dwarf) is defined as the manipulation of materials
measuring 100 nm or less in at least one dimension.
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Abstract. Nanotechnology has applications across most economic sectors and allows the development of new enabling sci-
ence. The ability to see materials down to nanoscale dimensions and to control how materials are constructed at the
nanoscale is providing the opportunity to develop new materials and products in previously unimagined ways.
This review covers the academic and industrial aspects of the preparation, characterization, material properties, crystalliza-
tion behavior; melt rheology, and processing of polymer/cellulose or cellulose/cellulose nanocomposites. Cellulosic mate-
rials have a great potential as nanomaterials because they are abundant, renewable, have a nanofibrillar structure, can be
made multifunctional, and self-assemble into well-defined architectures. The fibrillation of pulp fiber to obtain nano-order-
unit web-like network structure, called microfibrillated cellulose, is obtained through a mechanical treatment of pulp fibers,
consisting of refining and high pressure homogenizing processes. Also, nano-whisker can be used as novel reinforcement
in nanocomposites; it can be obtained by acid hydrolysis from various sources such as wood, tunicin, ramie, cotton, wheat
straw, bacterial cellulose, and sugar beet. The properties of nanocomposite materials depend not only on the properties of
their individual parents, but also on their morphology and interfacial characteristics. Compared with plant cellulose, bacte-
rial cellulose has found many applications in the biomedical field as tissue engineering materials due to their good biocom-
patibility, mechanical properties similar to those of hard and soft tissue and easy fabrication into a variety of shapes with
adjustable interconnected porosity. One of the drawbacks of cellulose whiskers with polar surfaces is poor dispersibil-
ity/compatibility with nonpolar solvents or resins. Thus, their incorporation as reinforcing materials for nanocomposites has
so far been largely limited to aqueous or polar systems. To overcome this problem and broaden the type of possible poly-
mer matrices, efforts of surface modification have been made. These attempts include surfactant coating or graft copoly-
merization.

Keywords: nanomaterials, nanocomposites, reinforcements, rheology and mehanical properties

eXPRESS Polymer Letters Vol.1, No.9 (2007) 546–575
Available online at www.expresspolymlett.com
DOI: 10.3144/expresspolymlett.2007.78



Where the physical, chemical, or biological proper-
ties are fundamentally different from those of the
bulk material. By expanding our understanding and
control of matter at such levels, new avenues in
product development can be opened [2].
Nanotechnology can be defined as the science and
engineering involved in the design, synthesis, char-
acterization, and application of materials and
devices whose smallest functional organization in
at least one dimension is on the nanometer scale or
one billionth of a meter [3]. Classified by nanofiller
dimensionality, there are a number of types of
nanocompomposites. Zero-dimensional (nanoparti-
cle), one-dimensional (nanofiber), two-dimensional
(nanolayer), and three-dimensional (interpenetrat-
ing network) systems can all be imagined [4]. Also,
lamellar nanocomposites can be divided into two
distinct classes, intercalated and exfoliated. In
intercalated nanocomposites, the polymer chains
alternate with the inorganic layers in a fixed com-
positional ratio and have defined number(s) of
polymer layers in the intralamellar space. In exfoli-
ated nanocomposites, the number of polymer
chains between the layers is almost continuously
variable and the layers stand >100 Å apart. Deter-
mining and altering how materials and their inter-
faces are constructed at nano- and atomic scales
will provide the opportunity to develop new materi-
als and products. Because of this ability, nanotech-
nology represents a major opportunity for wood
and wood-based materials to improve their per-
formance and functionality develop new genera-
tions of products, and open new market segments in
the coming decades [5]. Now it is possible to ask,
why nanotechnology is important.

The answer is [6]:
a) Less space, faster, less material, and less

energy.
b) Novel properties and phenomena.
c) Most efficient length scale for manufacturing.
d) Intersection of living/non-living.

Polymer nanocomposites are produced by incorpo-
rating materials that have one or more dimensions
on the nanometer scale (<100 nm) into a polymer
matrix. These nanomaterials are in the literature
referred to as for example nanofillers, nanoparti-
cles, nanoscale building blocks or nanoreinforce-
ments. Nanocomposites have improved stiffness,
strength, toughness, thermal stability, barrier prop-
erties and flame retardancy compared to the pure

polymer matrix. Nanoreinforcements are also
unique in that they will not affect the clarity of the
polymer matrix. Only a few percentages of these
nanomaterials are normally incorporated (1–5%)
into the polymer and the improvement is vast due to
their large degree of surface area [7]. Because of
the nanometric size effect, these composites have
some unique outstanding properties with respect to
their conventional microcomposite counterparts.
Since the pioneering work by the Toyota group
[8–10] polymer nanocomposites have attracted an
increasing amount of attention.
The properties of nanocomposite materials depend
not only on the properties of their individual par-
ents, but also on their morphology and interfacial
characteristics. In the particular case of polymer
reinforced with rigid nanofillers, various parame-
ters seem to be of importance in characterizing the
fillers: geometrical factors such as the shape, the
size, and the aspect ratio; intrinsic mechanical char-
acteristics such as the modulus or the flexibility;
surface properties such as specific surface area and
surface treatment [11]. The type of polymer matrix
used and the possible effects of nanofillers on its
microstructure and its intrinsic properties are also
essential parameters determining the composite
properties. In addition, the processing conditions
can affect on composite properties. To study this
factor high aspect ratio nanofibers/poly (styrene co-
butyl acrylate) composites were prepared with two
different processing conditions. It was found that,
in case of evaporated cellulose filled composites;
the highest mechanical reinforcement (with a
mechanical percolation phenomenon) coupled to an
increase in composites thermo-mechanical stabil-
ity. While in case of freeze-dried cellulose filled
composites; the freeze-drying process prevents the
creation of strong contacts between nanofibrils, a
lower mechanical reinforcement is measured [12].
Whereas the general class of inorganic nanocom-
posites has enjoyed much discussion and is still a
fast-growing area of research, exciting new
research on bio-based nanocomposites have a
greater potential because the bio-resource can be
both sustainable and genetically manipulated.
Wood cellulose nanofibrils have about 25% of the
strength of carbon nanotubes, which are expected
to be the strongest fibers that can be produced.
Their potential cost, however, might be 10 to 100
times less, giving cellulose nanofibrils a unique
economic advantage [5].
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1.2. Nanocomposite materials

The definition of nanocomposite materials has sig-
nificantly broadened in the last few years. This
term now encompasses a large variety of systems
combining one-, two-, and three dimensional mate-
rials with amorphous materials mixed at the nano-
meter scale. Natural fibers are pervasive throughout
the world in plants such as grasses, reeds, stalks,
and woody vegetation. They are also referred to as
cellulosic fibers, related to the main chemical com-
ponent cellulose, or as lignocellulosic fibers, since
the fibers usually often contain a natural polyphe-
nolic polymer, lignin, in their structure.
The use of lignocellulosic fibers derived from annu-
ally renewable resources as a reinforcing phase in
polymeric matrix composites provides positive
environmental benefits with respect to ultimate dis-
posability and raw material use [13]. By comparing
with inorganic fillers, the main advantages of ligno-
cellulosics are;
– Renewable nature
– Wide variety of fillers available throughout the

world
– Nonfood agricultural based economy
– Low energy consumption
– Low cost
– Low density
– High specific strength and modulus
– High sound attenuation of lignocellulosic based

composites
– Relatively reactive surface, which can be used

for grafting specific groups.

– The recycling by combustion of lignocellulosic
filled composites is easier in comparison with
inorganic fillers systems.

Therefore, the possibility of using lignocellulosic
fibers as a reinforcing phase has received consider-
able interest. In addition, it is necessary to discuses
the intrinsic nanoscale properties of wood and sim-
ilar lignocellulosic materials for developing
advanced nanomaterials and use nanoprocesses to
modify lignocellulosic materials.

1.2.1. Structure of wood fiber

The structure of wood spans many length scales:
meters for describing the whole tree, centimeters
for describing structures within the tree cross sec-
tion (pith, heartwood, sapwood, and bark), millime-
ters for describing growth rings (early wood,
latewood), tens of micrometers for describing the
cellular anatomy, micrometers for describing the
layer structure within cell walls, tens of nanometers
for describing the configuration of cellulose fibrils
in a matrix of hemicellulose and lignin, and
nanometers for describing the molecular structures
of cellulose, hemicellulose, and lignin and their
chemical interactions.
Wood fibers, the most abundant biomass resource
on earth, are hollow tubes made up of cellulose
embedded in a matrix of hemicellulose and lignin.
Most of the cell-wall materials are located in the
second layer, which consists of a helically wound
framework of microfibrils (Figure 1) [14]. The
most important attribute of wood is its mechanical
properties, in particular its unusual ability to pro-
vide high mechanical strength and high strength-to-
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Figure 1. Microstructure of wood fiber cell wall: S1, S2, and S3 are the inner, middle and outer layers of the secondary
wall, respectively. Reproduced from; Jupiter.phys.ttu.edu/corner/1999/dec99.pdf



weight ratio while allowing for flexibility to
counter large dimensional changes due to swelling
and shrinking. These unique properties of wood are
a direct result of its hierarchical internal structure.
Microfibrils, nano-order-unit (10 nm×3.5 nm) [15]
fibers that compose most fiber cell walls, consist of
monocrystalline cellulose domains with cellulose
chains parallel to the microfibril axis. As they are
devoid of chain foldings and contain only a small
number of defects, each microfibril can be consid-
ered a string of polymer whiskers having a modulus
close to that of the perfect crystal of native cellu-
lose, which is estimated to be 150 GPa, and pos-
sessing a strength of about 10 GPa [16]. Cellulose
is a polydisperse linear polymer of poly-β(1,4)-D-
glucose. The monomers are linked together by con-
densation such that glycosidic oxygen bridges join
the sugar rings. In nature, cellulose chains have a
degree of polymerization of approximately 10 000
glucopyranose units in wood cellulose and about
15 000 in native cellulose cotton. These cellulose
chains are biosynthesized by enzymes, deposited in
a continuous fashion and aggregate to form
microfibrils, long threadlike bundles of molecules
stabilized laterally by hydrogen bonds between
hydroxyl groups and oxygen of adjacent molecules.
Depending on their origin, the microfibril diame-
ters range from about 2 to 20 nm for lengths that
can reach several tens of microns. These microfib-
rils highly ordered (crystalline) regions alternate
with less ordered (amorphous) regions [17]. Prop-
erties of cellulose crystallites from different earlier
reports are concluded and shown in Table 1 [13,
17–22].
Beside cellulose I, cellulose II, III and IV are pres-
ent with the possibility of conversion from one
form to another [23]. Regenerated cellulose II is
formed whenever the lattice of cellulose I is
destroyed for example on swelling with strong
alkali or on dissolution of cellulose. Since the
strongly hydrogen bonded cellulose II is thermo-
chemically more stable than cellulose I, so cellu-
lose I can be converted into cellulose II but cellu-
lose II can not be converted into cellulose I [17].

1.2.2. Cellulosic whiskers

Native cellulose that reinforces most plant cell
walls is a typical example of a material that can be
described as whisker-like. Since amorphous
regions act as structural defects, it is responsible for
the transverse cleavage of the microfibrils into
short monocrystals under acid hydrolysis [24, 25].
This procedure can be used to prepare highly crys-
talline particles called microcrystalline cellulose
[26]. Microcrystalline cellulose consists generally
of stiff rod-like particles called whiskers. Whiskers
are obtained from natural fibers such as wood [27,
28], sisal [29], ramie [30], cotton stalks [31] wheat
straw [22], bacterial cellulose [32, 33], sugar beet
[34], chitin [35, 36], potato pulp [37, 38] as well as
tunicin [39, 40].
The sea animals have a mantle consisting of cellu-
lose microfibrils or tunicin embedded in a protein
matrix. After deproteinization and acid hydrolysis,
tunicin breaks down in the form of whiskers having
several microns in length [41, 42].
Starting from the raw material and after successive
chemical processing steps and, ultimately, con-
trolled acid hydrolysis, the cellulose whisker
microcrystals are suspended in aqueous media.
Geometrical characteristics of cellulose whiskers
depend on the origin of cellulose microfibrils, as
well as on acid hydrolysis process conditions such
as time, temperature, and purity of material. De
Souza et al. [43] studied two rodlike systems in
aqueous suspensions, cotton and tunicate whiskers
the average size whisker dimensions are L = 255 nm
and d = 15 nm for the cotton (ratio L/d = 17) while
L = 1160 nm and d = 6 nm (ratio L/d = 72.5) for the
tunicate whiskers. The whiskers are relatively easy
to prepare as they are dispersible in water, in a vari-
ety of sizes, and can be used in composite liquids.
The main characteristics of the whiskers are their
high aspect ratio and their nanoscopic size. For this
reason, the interface area offered by the whiskers
surface is high. This might lead to the formation of
an interphase in which mechanical properties of the
matrix are modified like the nanocomposite of plas-
ticized poly (vinyl chloride) matrix reinforced by
cellulose whiskers [44]. In addition, Dong et al.
[45] also studied the effect of preparation condi-
tions (time, temperature, and ultrasound treatment)
on the resulting cellulose microcrystals structure
from sulfuric acid hydrolysis of cotton fiber. They
reported a decrease in microcrystalline cellulose
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Table 1. Properties of cellulose crystallites

Property Cellulose crystallites
Length [nm] 300–2000
Diameter [nm] 5–20
Aspect ratio, L/d 20–60
Tensile strength [MPa] 10 000
E-modulus [GPa] 150



length and an increase in their surface charge with
prolonged hydrolysis time. On the other hand,
using of sulfuric acid for cellulose whiskers prepa-
ration leads to more stable whiskers aqueous sus-
pension than that prepared using hydrochloric acid
[29]. Indeed, the H2SO4-prepared whiskers present
a negatively charged surface, whereas the HCl pre-
pared whiskers are not charged. Another way to
achieve charged whiskers consists of the oxidation
of the whiskers surface [46, 47] or the post-sulfa-
tion of HCl-prepared microcrystalline cellulose
[48]. So, whiskers can be defined as the fibers that
have been grown under controlled conditions that
lead to the formation of high-purity single crystals
[49–51]. Acid hydrolysis of native cellulose leads
to aqueous rod-like suspensions of elongated
microcrystals with high aspect ratio. Depending on
their origin, their lateral dimensions range from 2 to
50 nm, with length up to several micrometers.
When suspended in water, the cellulose whiskers
do not flocculate as they are stabilized by electro-
static repulsion arising from ionic species grafted
during the acidic treatment.
Cellulose whiskers have a mechanical strengths
equivalent to the binding forces of adjacent atoms
leading to highly ordered structure, which produces
not only unusually high strength but also signifi-
cant changes in electrical, optical, magnetic, ferro-
magnetic, dielectric, conductive, and even super-
conductive properties. So, it can be used as a rein-
forcement of polymer matrix [52]. The reinforcing
ability of the cellulose whiskers lies in their high
surface area and good mechanical properties [53].
However, to obtain a significant increase in mate-
rial properties the whiskers should be well sepa-
rated and evenly distributed in the matrix material.
One of the drawbacks in using polar surface cellu-
lose whiskers is that they cannot be uniformly dis-
persed in non-polar media such as organic solvents
or monomers. Thus, their incorporation as rein-
forcement material for nanocomposite processing
or their use as complex fluids has so far been
mainly limited to aqueous or polar environment. In
order to obtain non-flocculated dispersion of cellu-
lose in non-polar solvents such as alkanes, one can
envisage two routes, namely (a) coat the surface of
the whiskers with surfactants having polar heads
and long hydrophobic tails, and (b) graft hydropho-
bic chains at the surface of the cellulose whiskers.
By the first route, Bonini et al. [54] dispersed the
surfactant coated whisker in toluene by mixing of

surfactants with cellulose whisker in aqueous sus-
pensions. After freeze-drying of these suspensions,
the surfactant coated whisker could be dispersed in
cyclohexane. By surface acetylation stable suspen-
sion of cellulose whiskers with degree of substitu-
tions of 0.75 could be obtained in acetone, but not
in solvents of lower polarity [55]. Another recent
approach has described suspensions of cellulose
whisker in toluene using phosphoric ester of poly
(ethylene oxide) as surfactant (Figure 2), these
aqueous cellulose whisker suspensions are usually
stabilized by steric repulsion between poly (ethyl-
ene glycol) chains grafted on the surface.
Using surface silylation of the cellulose whiskers
with different silylating agents such as; isopropyl
dimethyl chlorosilane, n-butyldimethyl chlorosi-
lane, n-octyldimethyl chlorosilane or n-dodecyl-
dimethyl chlorosilane (Figure 3), the whiskers
could be homogeneously dispersed without aggre-
gation in various organic solvents of medium polar-
ity, such as acetone or tetrahydrofurane but not in
solvents of very low polarity such as toluene or
hexane [56].
As mentioned before, wood cellulose nanofibrils
have about 25% of the strength of carbon nan-
otubes, by comparing the mechanical and electrical
behavior of poly (styrene-co-butyl acrylate)
nanocomposites [57, 58] reinforced by cellulose
nanofibrils (obtained from sugar beet pulp) and
multi-walled carbon nanotubes (synthesized from
the catalytic decomposition of acetylene at 720°C
on supported cobalt/iron catalyst) [59], a high rein-
forcement effect is achieved for cellulose filled
materials, suggesting the presence of a rigid cellu-
lose nanofibril network, linked by strong hydrogen
bonds, within the material. With carbon nanotubes
as fillers, no strong interactions are possible
between multi-walled carbon nanotubes. The soft
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Figure 2. Chemical structure of the surfactant phosphoric
ester of poly(ethylene oxide)

Figure 3. Preparation of silylated cellulose whiskers 
R = i-C3H7, n-C4H9, n-C8H17, n-C12H25



entangled nanotube network was found to have an
influence on the composite tensile behavior only at
high temperatures. Such a soft network is efficient
for mechanical reinforcement when the polymer
matrix is highly viscous. Opuntia ficus-indica
cladode cells were individualized under alkaline
conditions and homogenized under a shear action
to produce cellulose microfibril suspensions. Indi-
vidualized microfibrils consist of flexible and
hairy, high aspect ratio fibers almost 5 nm in width.
The resulting suspension was used to process
nanocomposite materials with a high level of dis-
persion using latex of poly (styrene-co-butyl acry-
late) as a matrix. Cellulose microfibrils bring a
great reinforcing effect at high temperature (T > Tg

of the matrix) and improve the thermal stability of
the composite materials, even at very low filler
loading. The swelling behavior of the polymeric
matrix was found to strongly decrease even at only
1 wt% of cellulose microfibrils and was almost
independent of the filler content [60].
Three types of surface characteristics cellulose
whiskers were compared; aggregated whiskers
without surface modification, aggregated whiskers
grafted with maleated polypropylene, and novel
surfactant-modified whiskers. The whiskers were
incorporated as nanometric fillers in, polypropy-
lene, by solvent casting from toluene followed by
film pressing. The crystallization behavior of the
films, as evaluated by X-ray diffraction, displayed
two crystalline forms (α and β) in the nanocompos-
ites containing aggregated whiskers without sur-
face modification and novel surfactant-modified
whiskers, whereas the neat matrix and the material
reinforced with aggregated whiskers grafted with
maleated polypropylene only crystallized in the 
α-form. Differential scanning calorimetry experi-
ments also indicated that the aggregated surfactant-
modified whiskers acted as nucleating agents for
the polypropylene. The α-phase crystallites repre-
sent the predominant part of the neat polypropy-
lene, whereas the appearance of the other two
phases (β or γ) may eventually be favored by the
presence of fillers, under high pressure or by ther-
mal annealing. The mechanical properties of the
nanocomposite films were evaluated by dynamic
mechanical analysis, and were found to be signifi-
cantly enhanced by the incorporation of the cellu-
lose whiskers. Particularly, the materials with novel
surfactant-modified whiskers and aggregated
whiskers without surface modification displayed

increased moduli as compared to the neat matrix
and the aggregated whiskers grafted with maleated
polypropylene composite. The presence of the 
β-phase may have an important influence on the
mechanical properties of the resulting composites,
since its toughness is higher than that of the 
α-phase [61]. An environmental friendly chemical
modification route to confer high hydrophobicity to
crystalline cellulose was developed. With low
reagent consumption and simple treatment proce-
dures, highly hydrophobic whiskers can be obtained.
The acylated whiskers, using iso-octadecenyl succ-
nic anhydride and n-tetradecenyl succinic anhy-
dride as acylating agent, could disperse in medium-
to low-polarity solvents, i. e., dimethyl sulfoxide to
1,4-dioxane. By controlling the heating time,
whiskers with different dispersibility could be
obtained. Based on its organic-solvent dispersibil-
ity, the acylated whiskers are expected to be useful
in direct mixing with synthetic resins to form
nanocomposites with improved dispersion and
adhesion with matrices [55].

1.2.3. Bacterial cellulose

Besides being the cell-wall component of plants,
cellulose is also secreted extracellularly as synthe-
sized cellulose fibers by some bacterial species.
Bacterial cellulose is produced by Acetobacter
species cultivated in a culture medium containing
carbon and nitrogen sources. It presents unique
properties such as high mechanical strength and an
extremely fine and pure fiber network structure.
This network structure is in the form of a pellicle
made up of a random assembly of ribbon shaped
fibrils, less than 100 nm wide, which are composed
of a bundle of much finer microfibrils, 2 to 4 nm in
diameter. Bacterial cellulose microfibrils have a
density of 1600 kg/m–3 [62–65]. In addition, it has
sufficient porosity, 3-dimensional (3-D) network
structure, water holding capability, and biocompat-
ibility [66].
Instead of being obtained by fibrillation of fibers,
bacterial cellulose is produced by bacteria in a
reverse way, synthesizing cellulose and building up
bundles of microfibrils. These bundles are some-
what straight, continuous, and dimensionally uni-
form. In addition, compared with animal-derived
polymers, bacterial cellulose is free of any occur-
rence of cross infection likely associated with col-
lagen. Current applications for bacterial cellulose
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include use as a dietary food, as medical pads for
skin burns, as reinforcement in high-strength
papers, as binding or thickening agents, and as
diaphragms of lectoracoustic transducers [67–70].
For the last application, Nakagaito et al. [71]
reported a markedly high dynamic Young’s modu-
lus, close to 30 GPa, for sheets obtained from bac-
terial cellulose pellicles when adequately processed.
Due to this remarkable modulus, bacterial cellulose
sheets seemed to be an ideal candidate as raw mate-
rial to further enhance the Young’s modulus of
high-strength composite. When bacterial cellulose
pellicles compressed into sheets and impregnated
with phenolic resin to produce high-strength com-
posites. The Young’s modulus of the composites
was significantly higher when compared to that of
microfibrial cellulose-based composites, 28 GPa
against 19 GPa, respectively. The higher modulus
of bacterial cellulose composites was credited to
the extremely fine, pure, and dimensionally uni-
form ribbon-like cellulose microfibril bundles,
arranged in a network of relatively straight and con-
tinuous alignment, and also to the planar orienta-

tion of these elements obtained through the com-
pression of the bacterial cellulose pellicles into
sheets.

1.2.4. Starch

There are numerous examples where animals or
plants synthesize extracellular high-performance
skeletal biocomposites consisting of a matrix rein-
forced by fibrous biopolymers. Cellulose and chitin
are classical examples of these reinforcing ele-
ments, which occur as whisker-like microfibrils that
are biosynthesized and deposited in a continuous
fashion. Starch is another example of natural semi-
crystalline polymer that is produced by many plants
and occurs as microscopic granules. It acts as a
storage polymer in cereals and tubers. These abun-
dant and natural polymers can be used to create
high performance nanocomposites presenting out-
standing properties. Starch granules become swollen
and gelatinized when water is added or when they
are heated, and water is often used as a plasticizer
to obtain desirable product properties and during
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Figure 4. Starch gelation



this swelling amylose leaches out the water but
amylopectin forms gel (Figure 4) [72]. Gelatiniza-
tion of starch was found to lead to the destruction or
diminution of hydrogen bonding in granules and a
decrease in crystallinity of starch [73].
Aqueous suspensions of crystallites can be pre-
pared by acid hydrolysis of the purified substrates.
The object of this treatment is to dissolve away
regions of low lateral order so that the water-insol-
uble, highly crystalline residue may be converted
into a stable suspension by subsequent vigorous
mechanical shearing action. For cellulose and
chitin, these monocrystals appear as rod-like nano-
particles, dimensions of which depend on the bio-
logical source of the substrate. In the case of starch
they consist of platelet-like nanoparticles. High
reinforcing capability was reported resulting from
the intrinsic chemical nature of these polymers and
from their hierarchical structure [74]. On the other
hand, amylose content in starch may affect the
properties of the prepared composites. Ke et al.
[75] studied the effect of amylose content in
starches on the mechanical properties. Four dry
corn starches with different amylose content were
blended with poly lactic acid at various starch/poly
lactic acid ratios and characterized for morphology,
mechanical properties and water absorption. Ten-
sile strength and elongation of the blends decreased
as starch content increased, but no significant dif-
ference was observed among the four starches at
the same ratio of starch/poly lactic acid. The rate
and extent of water absorption of starch/poly lactic
acid blends increased with increasing starch.
Blends made with high-amylose starches had lower
water absorption than the blends with normal and
waxy corn starches.
Starch can be used as a reinforcing or a matrix.
Nanocomposite materials were obtained using
glycerol plasticized starch as the matrix and a col-
loidal suspension of cellulose whiskers as the rein-
forcing phase. After mixing the raw materials and
gelatinization of starch, the resulting suspension
was cast and evaporated under vacuum. The com-
posites were conditioned at various moisture con-
tents in order to evaluate the effect of this parame-
ter on the composite structure. The specific behav-
ior of amylopectin chains located near the interface
in the presence of cellulose probably led to a tran-
scrystallization phenomenon of amylopectin on
cellulose whiskers surface [76]. The reinforcing
effect of whiskers strongly depended on the ability

of cellulose filler to form a rigid network, resulting
from strong interactions between whiskers such as
hydrogen bonds, and therefore on the moisture con-
tent. It was shown that increasing water content
induced the crystallization of amylopectin chains
and the accumulation of plasticizer in the cellu-
lose/amylopectin interfacial zone [77]. Another
approach is using latex of poly (hydroxyoctanoate)
as a matrix and using a colloidal suspension of
hydrolyzed starch or cellulose whiskers as natural
and biodegradable filler. High-performance materi-
als were obtained from these systems, preserving
the natural character of poly (hydroxyoctanoate).
Specific polymer-filler interactions and geometri-
cal constraint due to the particle size of the latex
have to be considered to account for the mechanical
reinforcement effect of cellulose whiskers [78].

2. Preparation

2.1. Nanofibrill

A variety of techniques have been used to make
nanostructures.

2.1.1. By mechanical fibrillation

The fibrillation of pulp fiber to obtain nano-order-
unit web-like network structure, called microfibril-
lated cellulose, is obtained through a mechanical
treatment of pulp fibers, consisting of refining and
high pressure homogenizing processes. The refin-
ing process used is common in the paper industry,
and is accomplished via a piece of equipment called
a refiner. In a disk refiner, the dilute fiber suspen-
sion to be treated is forced through a gap between
the rotor and stator disks, which have surfaces fit-
ted with bars and grooves, against which the fibers
are subjected to repeated cyclic stresses. This
mechanical treatment brings about irreversible
changes in the fibers, increasing their bonding
potential by modification of their morphology and
size. In the homogenization process, dilute slurries
of cellulose fibers previously treated by refining are
pumped at high pressure and fed through a spring
high pressure loaded valve assembly. As this valve
opens and closes in rapid succession, the fibers are
subjected to a large pressure drop with shearing and
impact forces. This combination of forces promotes
a high degree of microfibrillation of the cellulose
fibers, resulting in microfibrillated cellulose [79].
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The refining process is carried out prior to homoge-
nization due to the fact that refining produces exter-
nal fibrillation of fibers by gradually peeling off the
external cell wall layers (P and S1 layers) and expos-
ing the S2 layer and also causes internal fibrillation
that loosens the fiber wall, preparing the pulp fibers
for subsequent homogenization treatment [80].
Nakagaito et al. [81] studied how the degree of fib-
rillation of pulp fibers affects the mechanical prop-
erties of high strength cellulose composites. It was
found that fibrillation solely of the surface of the
fibers is not effective in improving composite
strength, though there is a distinct point in the fib-
rillation stage at which an abrupt increase in the
mechanical properties of composites occurs. In the
range between 16 and 30 passes through refiner
treatments, pulp fibers underwent a degree of fibril-
lation that resulted in a stepwise increment of
mechanical properties, most strikingly in bending
strength. This increase was attributed to the com-
plete fibrillation of the bulk of the fibers. For addi-
tional high pressure homogenization-treated pulps,
composite strength increased linearly against water
retention values, which characterize the cellulose’s
exposed surface area, and reached maximum value
at 14 passes through the homogenizer (Figure 5.).

2.1.2. By electrospinning of polymer

Electrospinning derived from electrostatic spin-
ning. Electrospinning has been recognized as an

efficient technique for the fabrication of polymer
nanofibers. Various polymers have been success-
fully electrospun into ultrafine fibers e.g. cellulose
acetate. There are basically three components to
fulfill the process: a high voltage supplier, a capil-
lary tube with a pipette or needle of small diameter,
and a metal collecting screen. In the electrospin-
ning process a high voltage is used to create an
electrically charged jet of polymer solution or melt
out of the pipette. Before reaching the collecting
screen, the solution jet evaporates, and is collected
as an interconnected web of small fibers [82, 83].
One electrode is placed into the spinning solu-
tion/melt, the other is attached to the collector. The
electric field is subjected to the end of the capillary
tube that contains the solution fluid held by its sur-
face tension. This induces a charge on the surface
of the liquid. The potential difference depended on
the properties of the spinning solution, such as
polymer molecular weight and viscosity. When the
distance between the spinneret and the collecting
device was short, spun fibers tended to stick to the
collecting device as well as to each other, due to
incomplete solvent evaporation. Mutual charge
repulsion and the contraction of the surface charges
to the counter electrode cause a force directly oppo-
site to the surface tension [84]. As the intensity of
the electric field is increased, the hemispherical
surface of the fluid at the tip of the capillary tube
elongates to form a conical shape known as the
Taylor cone [85]. By further increasing in the elec-
tric field, a critical value is attained with which the
repulsive electrostatic force overcomes the surface
tension and the charged jet of the fluid is ejected
from the tip of the Taylor cone. The discharged
polymer solution jet undergoes an instability and
elongation process, which allows the jet to become
very long and thin. Meanwhile, the solvent evapo-
rates, leaving behind a charged polymer fiber. In
the case of the melt the discharged jet solidifies
when it travels in the air.
Most of the polymers were dissolved in some sol-
vents before electrospinning. When the solid poly-
mer or polymer pellet is completely dissolved in a
proper amount of solvent that is held, for example,
in a glass container, it becomes a fluid form called
polymer solution. The polymer fluid is then intro-
duced into the capillary tube for electrospinning.
Both the dissolution and the electrospinning are
essentially conducted at room temperature with
atmosphere condition.
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Figure 5. Homogenizer (Microfluidizer) used for the pro-
duction of microfibrillated cellulose



Polymers, molten in high temperature, can also be
made into nanofibers through electrospinning.
Instead of a solution, the polymer melt is intro-
duced into the capillary tube. However, different
from the case of polymer solution, the electrospin-
ning process for a polymer melt has to be per-
formed in a vacuum condition [86–88]. Namely,
the capillary tube, the traveling of the charged melt
fluid jet and the metal collecting screen must be
encapsulated within a vacuum. A schematic dia-
gram to interpret electrospinning of polymer
nanofibers is shown in Figure 6.
A polymer solution, such as cellulose acetate dis-
solved in 2:1 acetone: dimethyl acetamide was
introduced into the electric field. The polymer fila-
ments were formed, from the solution, between two
electrodes bearing electrical charges of opposite
polarity. One of the electrodes was placed into the
solution and the other onto a collector. Once
ejected out of metal spinnerets with a small hole,
the charged solution jets evaporated to become
fibers which were collected on the collector [89].

2.1.3. From sea animals

Colloidal suspensions of cellulose whiskers in
water were prepared as following; the shells of the
tunicates cut into small fragments and bleach by
three successive treatments with sodium hypochlo-
rite in dilute acetic acid. Heat the mixture to
70–80°C and keep at this temperature for 1 hour.
After the third cycle, the tunicate mantles isolate
via decanting, wash with ice water, and disintegrate
in blender into an aqueous suspension (tunicate
content ~3% w/w). The disintegrated mantles sub-
sequently hydrolyze by adding concentrated sulfu-
ric acid, heating the mixture to 80°C, and rigorous
stirring at this temperature for 20 minute to yield a
suspension of cellulose whiskers. After washing
with water until the pH is neutral, adding water so

that the whisker concentration, suspension of cellu-
lose whiskers will be obtained [90].

2.1.4. From microcrystalline cellulose in organic
solvent

The microcrystalline cellulose was swelled and
partly separated to whiskers by chemical and ultra
sonification treatments. Dimethyl acetamide with
0.5 wt% LiCl solution was used as swelling agent.
The microcrystalline cellulose in LiCl/dimethyl
acetamide was 10 wt% which was agitated using a
magnetic stirrer for 12 hour at 70°C to swell the
microcrystalline cellulose particles. The slightly
swelled particles were then sonicated in an ultra-
sonic bath for 3 hours over a period of 5 days with
long intervals between each sonication treatment,
to separate cellulose nano whiskers [91].

2.1.5. By acid hydrolysis

Suspensions of nanocrystalline cellulose were pre-
pared. Hydrolysis was carried out with sulfuric acid
with constant stirring. Immediately following the
acid hydrolysis, the suspension dilute 10-fold with
deionized water to quench the reaction. The sus-
pension centrifuges at 6000 rpm for 10 min to con-
centrate the cellulose and to remove excess
aqueous acid. The resultant precipitate should be
rinsed, recentrifuged, and dialyzed against water
for 5 days until constant neutral pH [92].

2.1.6. From bacterial cellulose

Cellulose can be synthesized by some bacteria [31,
33]. For example, the cellulose was produced by
static cultivation of Acetobacter xylinum, sub
species BPR2001, in a fructose/CSL medium at
30°C [93]. The bacteria were grown in 400 ml
Erlenmeyer flasks containing 100 ml of media. In
order to remove the bacteria and to exchange
remaining media, the produced cellulose pellicles
were boiled in 1 M NaOH at 80°C for 1 hour fol-
lowed by repetitive boiling in deionised water. To
prevent drying and to avoid contamination, the
washed cellulose was stored in diluted ethanol in a
refrigerator.
The advantage in using bacterial cellulose as a
model for plant cellulose lies in its high purity, fine
fibrils (high surface area) [94], high tensile strength
and water-holding capacity. So, bacterial cellulose
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Figure 6. Schematic diagram to show polymer nanofibers
by electrospinning.



has been used as a reinforcing in nanocomposites
[95].

2.2. Preparation of nanocomposite films

2.2.1. From regenerated cellulose

Microcrystalline cellulose powder is produced by
acid hydrolysis of amorphous domains, which
results in high crystallinity. Microcrystalline cellu-
lose was activated for 6 hours in distilled H2O at
room temperature. Subsequently, the cellulose was
dehydrated in ethanol, acetone, and N,N-dimethyl
acetamide for 4 hours each. After decanting N,N-
dimethyl acetamide from the dehydrated cellulose,
LiCl/N,N-dimethyl acetamide solution was poured
onto cellulose sample and stirred for 5 minutes.
The solutions were then poured into Petri dish, and
left at ambient atmosphere for 12 hour. After this
time a 5–8 mm thick transparent gel had formed
which was washed in distilled water and dehy-
drated between gently compressed sheets of paper.
The final nanocomposite films were optically trans-
parent and had a thickness between 0.2 and 0.5 mm
[96].

2.2.2. By solution casting

For preparing solid polymer nanocomposite film,
combine appropriate amounts of the nanoreinforce-
ment’s solution and dissolved polymer matrix.
Two processing conditions can be used to prepare
the composites film from this mixture.
The mixture cast in a Petri dish and put in a drying
oven under vacuum. The chosen temperature
allows the solvent evaporation and the film forma-
tion (i. e. polymer particles coalescence). A so-
called evaporated film is obtained and materials
compression in mold under heating and pressure
[92, 97].
The second route used to elaborate composite film,
the mixture is first freeze-dried to allow water sub-
limation, and a compact soft powder is obtained.
This powder then press under heating and pressure
[62].

2.2.3. By extrusion

For mixing dry material with suspension solution;
the composite materials will be compounded using
a co-rotating twin-screw extruder with a gravimet-
ric feeding system for dry materials and a peristaltic

pump for the cellulose whiskers suspension. Fig-
ure 7, shows a schematic picture of the compound-
ing process.
For preparing nanocomposite film of poly (lactic
acid)-malic anhydride-poly (ethylene glycol) rein-
forced with cellulose whiskers suspended in LiCl/
dimethyl acetamide, poly (lactic acid) was fed in
zone 1 and the cellulose whiskers suspension was
pumped into the melted polymer at zone 4. The liq-
uid phase was removed by atmospheric venting in
zones 7 and 8 and by vacuum venting in zone 10.
Both poly (lactic acid)-malic anhydride and poly
(ethylene glycol) were premixed and fed in zone 1.
The LiCl/dimethyl acetamide was removed by the
venting system during the extrusion. The extruded
materials were compression moulded to ~1.3 mm
thickness.
The color on the samples was changed from trans-
parent yellow to light brown which indicates ther-
mal degradation. The color change and decreased
mechanical properties indicates that the LiCl/
dimethyl acetamide is not suitable as swelling-sep-
aration agent for cellulose whiskers if high temper-
ature processing is used [91].

2.2.4. By electrostatic layer-by-layer

Electrostatic layer-by-layer self-assembled films
have been exploited for the fabrication of sophisti-
cated nanocomposite incorporated the linear poly-
mer cellulose sulfate. In this method, a charged
solid substrate is exposed to a solution of oppo-
sitely charged polyelectrolyte, followed by rinsing.
The polymeric material adhering to the surface has
more than the stoichiometric number of charges
required for charge neutralization, thereby revers-
ing the surface charge. This allows for easy adsorp-
tion of the next oppositely charged polyelectrolyte,
also resulting in charge reversal. The amount of
adsorbed polymer is self-limiting as a result of rins-
ing and allows for stepwise film growth [98, 99].
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Figure 7. Schematic picture of the compounding process:
feeding of poly (lactic acid) in zone 1, pumping
of dispersed of cellulose whiskers in zone 4 and
removal of the liquid using atmospheric and
vacuum venting in zones 7, 8 and 10



Resultant films and coatings show long-life stabil-
ity as well as self-healing characteristics.
Structured layer-by-layer films have potential
applications as antireflective coatings [100], wave-
guides, bio/optical sensors [101], separation tech-
nologies and drug delivery systems [102]. Conven-
tionally, layer-by-layer assembly has employed
solution-dipping (or dip-coating) in beakers of var-
ious sizes containing dilute aqueous polymer solu-
tions. This inexpensive method works for most sub-
strates independent of shape but has not always
resulted in adequately homogeneous films. Alter-
natively, spin-coating is the most widely used tech-
nique for obtaining uniform films in lithography
and other micromachining applications. The spin-
coating process involves the acceleration of a liquid
solution on a rotating substrate and is characterized
by a balance of centrifugal forces (spin speed) and
viscous forces (solution viscosity). Films created
by this way have been found to be consistent and
reproducible in thickness [103]. Nanocrystalline
cellulose is amenable to sequential film growth by
layer-by-layer assembly, as presented schemati-
cally in Figure 8.
Thin multilayered films incorporating polyelec-
trolyte layers such as poly (allylamine hydrochlo-
ride) and nanocrystalline cellulose layers were
prepared by the electrostatic layer-by-layer method-
ology, as well as by a spin coating variant. Both
techniques gave rise to smooth and stable thin
films, as confirmed by atomic force microscopy
surface morphology measurements as well as scan-
ning electron microscopy investigations. Films pre-
pared by spin-coating were substantially thicker
than solution-dipped films. Thus both techniques
are viable for producing structured nanocompos-
ites, where the large aspect ratio cellulose units
may serve to strengthen the elastic polymer matrix
[93].

3. Characterization

Characterization of nanofibers and nanocomposites
can be performed using different techniques such
as transmission electron microscopy (TEM), X-ray
and neutron diffraction, dynamic infrared spec-
troscopy, atomic force microscopy (AFM), differ-
ential scanning calorimetry (DSC), small angle
neutron scattering (SANS), etc.

3.1. Nanoindentation techniques

Mechanical properties of materials have been com-
monly characterized using indentation techniques.
Properties that are measured by indentation
describe the deformation of the volume of material
beneath the indenter (interaction volume). Defor-
mation can be by several modes: elasticity, vis-
coealasticity, plasticity, creep, and fracture. These
deformation modes are described by the following
properties, respectively: elastic modulus, relaxation
modulus, hardness, creep rate, and fracture tough-
ness [2].

3.2. Microscopy characterization

Scanning electron microscopy (SEM) as well as
atomic force microscopy (AFM) can be used for
structure and morphologies determination of cellu-
lose whiskers and their nanocomposites. From con-
ventional bright-field transmission electron
microscopy (TEM) it was possible to identify indi-
vidual whiskers, which enabled determination of
their sizes and shape. AFM overestimated the width
of the whiskers due to the tip-broadening effect.
Field emission SEM allowed for a quick examina-
tion giving an overview of the sample; however,
the resolution was considered insufficient for
detailed information.
By comparing TEM, Field emission scanning elec-
tron microscopy (FESEM) and AFM analysis of
cellulose whiskers as in Figure 9, it is shown that;
a) the whiskers did not differ significantly in con-
trast from the carbon film, b) it was difficult to
clearly discern individual whiskers from agglomer-
ated structures, and therefore an estimate of the
width of the whiskers was not obtained while in, c)
the structures differed from the needlelike shape as
observed in TEM. The whiskers appeared signifi-
cantly broader having a rounded shape. AFM could
therefore be a powerful alternative to conventional
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Figure 8. Schematic representation of the build-up of elec-
trostatically adsorbed multilayered films. The
polyelectrolyte, cationic poly(allylamine
hydrochloride), is shown by the curved line and
colloidal cellulose nanocrystals are represented
by straight rods; counterions have been omitted
for clarity



bright-field transmission electron microscopy in
such composite materials [104].

3.2.1. Small angle neutron scattering

Due to the sensitivity of this technique, this method
was used for instance to investigate polymer layers
grafted onto spherical particles with high specific
area such as whisker, silica, latex particles or sur-
factants adsorbed onto ferrofluid particles [54, 105,
106].

3.3. X-ray diffractometry

The structural properties of the nanocomposite
films can be characterized using X-ray diffraction
like, the size of the cellulose crystallites [107] and
crystallinity index [108].

3.4. Tensile tests

The nonlinear mechanical behavior of composites
and unfilled matrix was analyzed using testing
machine in tensile mode. The true strain ε was
determined by the Equation (1):

(1)

where L and L0 are the length of the specimen at the
time of the test and the length at zero time, respec-
tively.
The true stress σ was calculated by the Equation (2):

(2)

where F is the applied load and S is the cross-sec-
tional area at the time of the test.
From the stress-strain curves, the Young modulus
(E) was determined from the slope of the low-strain
region [21].

3.5. Electrical conductivity

For measuring ionic conductivities of ion-conduct-
ing solid polymer electrolytes or composites, the
sample must be coated at their end with a silver
paint to ensure a good electrical contact. Electrical
conductivity measurements are performed at ambi-
ent temperature using several frequencies. The
complex admittance is Y* recorded versus time.
From this admittance, the conductivity σ*c can be
deduced by the Equation (3):

(3)

where W, L and T are the width, the length and the
thickness of the sample during the test, and V0 (the
sample initial volume) = L0·T0·W0 [58].

3.6. Transparency measurements

Transparency can be carried out using UV-visual
spectrometry which gives the amount of light being
transmitted trough the nanocomposite films at dif-
ferent wavelengthes [97].
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Figure 9. TEM, FESEM and AFM images of cellulose whiskers. a) Bright-field TEM image of stained cellulose whiskers
on a porous carbon film, b) FESEM backscatter overview image of stained cellulose, c) AFM phase image of
cellulose whiskers



3.7. Thermomechanical analysis

Thermomechanical measurements are perform
using a thermomechanical analyzer. This analysis
shows the temperature dependencies of a dynamic
storage modulus [92].

3.8. Rheological behavior of suspensions

Rheological data could be collected with a rotating
rheometer.

4. Applications

4.1. Cellulose–cellulose nanocomposites

Composite materials, typically glass fibers or car-
bon fibers embedded into epoxy resin or unsatu-
rated polyester, show excellent mechanical and
thermal properties; thus, they are widely used in
various applications ranging from aerospace to
vehicles to sports utensils [109]. However, these
advantages cause environmental problems when
disposing by incineration. Consequently, there are
growing demands for environmentally friendly
composites. Cellulose is the most abundant bio-
mass resource and possesses excellent mechanical
and thermal properties as mention before. Natural
cellulose (cellulose I) also boasts an elastic modu-
lus, El, of 138 GPa for the crystalline regions in the
direction parallel to the chain axis. This is compara-
ble with the El values of high performance synthetic
fibers such as poly (phenylene terephthalamide)
130 GPa. In addition, the maximum macroscopic
Young’s modulus of natural plant cellulose (up to
128 GPa) is higher than those of aluminum
(70 GPa) and glass fibers (76 GPa). The ultimate
tensile strength of cellulose is estimated to be
17.8 GPa. This is 7 times higher than that of steel.
Intrinsically, the very high elastic modulus and ten-
sile strength (not specific modulus and specific
strength) imply that cellulose possesses the poten-
tial to replace glass fiber, and it shows promise as a
reinforcement fiber for composites where the den-
sity is not a concern. Current trends toward envi-
ronmentally friendly composites focus on the use
of cellulose fibers [110]. The interface between the
fiber and the matrix often brings serious problems
such as poor adhesion and water uptake by the
composites. On the other hand, when the fiber and
the matrix are composed of the same material,

some benefits relevant to recyclability, and a better
adhesion at interface, can be expected [111].
Cellulose is well known not to melt, but shows
thermal degradation at high temperature. There-
fore, to process cellulose, a wet process should be
employed. Consequently, cellulose/cellulose com-
posite was manufactured by the wet process using
LiCl/N,N-dimethyl acetamide as cellulose solvent
and by controlling the solubility of cellulose
through pretreatment conditions. This composite is
totally composed of sustainable cellulosic
resources, so it can be biodegradable after service.
Cellulose self-reinforced composite, possessed
excellent mechanical and thermal properties during
use as well as transparent to visible light. This com-
posite can be used as an alternative of the glass-
fiber-reinforced composite. By choosing the pre-
treatment condition to the fiber, the transverse
mechanical properties of the composite can be also
enhanced through the molecular diffusion across
the interface between the fiber and the matrix [92,
111].
The ratio of cellulose I and II affects the properties
of the resulting nanocomposites. So, cellulose-
based nanocomposite films with different ratios of
cellulose I and II were produced by partial dissolu-
tion of microcrystalline cellulose powder in
LiCl/N,N-dimethyl acetamide and subsequent film
casting. The films are isotropic, transparent to visi-
ble light, highly crystalline, and contain different
amounts of un-dissolved cellulose I crystallites as a
filler. By varying the cellulose I and II ratio, the
mechanical performance of the nanocomposites
can be tuned depending on the composition. Also,
the nanocomposites clearly surpass the mechanical
properties of most comparable cellulosic materials,
their greatest advantage being the fact that they are
fully biobased and biodegradable, but also of rela-
tively high strength [92].

4.2. Nanocomposites from cellulose 
derivatives

The chemical modification of dissolving-grade
wood pulp fibers with a variety of acids and anhy-
drides represents longstanding industrial practice.
Cellulose ethers and cellulose esters are used for a
wide variety of products in the food, household
products, health care, textile, and many other indus-
tries. Esters with short alkyl chains (acetate or pro-
pionate) form solvent-soluble, spinnable fibers;
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esters with bulky substituents (butyrate, hexanoate,
and higher) are progressively more thermally
deformable under pressure. Such cellulose ester
powders in the presence of different plasticizers
and additives are extruded to produce various
grades of commercial cellulose plastics in pal-
letized form [112, 113]. Among biopolymeric
materials, cellulose and cellulose derivatives enjoy
widespread use and remain the single largest
biopolymer. In multiphase polymer materials, cel-
lulose may find application in both polymeric
blends and as fibers in reinforced polymeric com-
posites. Recently, composite materials based on
cellulose derivatives have been the subject of
intense research.
Polymer nanocomposites are one of the important
application areas for nanotechnology, as well as
naturally derived organic nanophase materials are
of special interest in the case of polymer nanocom-
posites. Nanocomposites have been successfully
fabricated from cellulose acetate, triethyl citrate
plasticizer, and organically modified clay Cloisite
30B with and without maleic anhydride grafted cel-
lulose acetate butyrate as a compatibilizer. The cel-
lulosic plastic with cellulose acetate/triethyl citrate
(80/20 wt%) was used as the polymer matrix for
nanocomposite fabrication. Cellulosic plastic-
based nanocomposites obtained using increased
pre-plasticizing times showed better exfoliated
structures. In the system containing compatibilizer,
the minimum retention time required for obtaining
almost completely exfoliated hybrid nanocompos-
ites was shorter than in the system without compat-
ibilizer [114–118].
Cellulose diacetate films incorporated with
small amount of montmorillonite nanoclay
(Al4Si8O20(OH)4·nH2O) were prepared from meth-
ylene chloride/ethanol (9:1 wt/wt) casting solu-
tions. The various nanoclays were incorporated into
the cellulose structure in order to enhance the
mechanical properties as well as thermal stability
of cellulose. The plasticizers used were: dibutyl
phthalate, diethyl phthalate, poly (ethylene glycol).
The films were completely transparent in the com-
position range of 10 to 30 w/w plasticizers and 1 to
7 w/w montmorillonite nanoclay. The strength of
films decreased with the increase in the plasticizer
content. All the films gave a single glass transition
temperature, Tg, which decreased sharply from
180°C of the original cellulose diacetate to approx-

imately 95°C according to the content and kind of
plasticizer [119, 120]. When the plasticizer was
added into the cellulose diacetate film up to 30 wt%,
the Young's modulus of film was decreased from
1930 MPa to 1131 MPa but was increased from
1731 MPa to 2272 MPa when the montmorillonite
nanofiller was added into the film up to 7 wt%. The
mechanical properties of cellulose diacetate films
were decreased by addition of plasticizer but
strengthened by the incorporation of montmoril-
lonite nanofiller. Also, nanocomposites were syn-
thesized using cellulose acetate bioplastic, citrate
based plasticizer and organically modified clay
nanofillers. Transmission electron microscopy
revealed the existence of intercalated clay dis-
persed throughout the cellulose acetate matrix. The
intercalated reinforcements resulted in enhance-
ments of the composite tensile strength, tensile
modulus, and coefficient of thermal expansion. The
composite tensile strength of cellulose acetate
increased approximately 38% after incorporating
5 wt% clay. The tensile modulus was also enhanced
as much as 33% [121].
Biodegradable cellulose acetate/layered silicate
grafted poly(ε-caprolactone) nanocomposites were
prepared by in situ polymerization of ε-caprolac-
tone in the presence of cellulose acetate and organ-
ically modified layered silicate [122].
Nearly monodisperse nanoparticles have been syn-
thesized based on a naturally occurring polymer of
hydroxypropyl cellulose. The hydroxypropyl cellu-
lose nanoparticle assembly in water has been fur-
ther stabilized by covalently bonding neighboring
particles to form a three-dimensional network.
This network contains a large amount of water sim-
ilar to a conventional bulk gel [123]. From mor-
phology analysis of hydroxypropyl cellulose fibril
reinforced nanocomposites using nanoindentation.
It was observed that hydroxypropyl cellulose com-
posite with a fibril showed lighter and darker struc-
tures that can be explained by a contrast of crys-
talline fibril areas and the amorphous polymer
matrix. The direct use of aqueous fibril suspensions
for the compounding with hydroxypropyl cellulose
was found to be an effective method of dispersing
the fibrils within the polymer matrix. The results
show a homogeneous distribution of cellulose fib-
rils at higher magnifications [124].
Another less studied form of cellulose, microcrys-
talline cellulose, which is used in the production of
pharmaceutical tablets as binding material and
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compatibility enhancer. Borges et al. [125] pro-
duced and characterized composites based on a cel-
lulose derivative, 2-hydroxypropylcellulose used as
matrix and reinforced with microcrystalline cellu-
lose fibers. As both the matrix and Avicel fibers
have free hydroxyl groups in the anhydrogluclose
units, they proposed a new way of elaborating these
natural composites through the direct coupling
between the fibers and the matrix. Different diiso-
cyanates were used as coupling agents and the
obtained composites presented improved mechani-
cal properties as the result of a better fiber-matrix
adhesion. In addition, the fibers concentration in
the composite material used up to 30 w/w%. This
means that, the inclusion of fibers in a hydrox-
ypropylcellulose matrix produces composites with
superior mechanical properties.
Carboxymethyl cellulose is a polyelectrolyte
derived from natural materials. It has been exten-
sively studied as a hydrogel polymer. The effect of
nano-sized fillers on the properties of carboxy-
methyl cellulose-based composites is of interest in
the development of novel or improved applications
for hydrogel polymers in general and carboxy-
methyl cellulose in particular. The composite mate-
rial composed of carboxymethyl cellulose,
microcrystalline cellulose or cellulose nanocrys-
tals, with glycerol as a plasticizer was prepared.
Cellulose nanocrystals improved the strength and
stiffness of the resulting composite compared to
microcrystalline cellulose. In addition, a simple
heat treatment was found to render the nanocom-
posite water resistant [126].
Ethyl cellulose/montmorilloniote nanocomposite
film plasticized with environmental-friendly plasti-
cizer epoxidized soybean oil was prepared by melt
process using Haake mixer. The addition of 10 wt%
epoxidized soybean oil causes a decrease of Tg

from 81 to 61°C. When the plasticizer was added
into the ethyl cellulose films, the mechanical prop-
erties of ethyl cellulose films was decreased, how-
ever the addition of montmorillonite into the ethyl
cellulose films or the ring opening reaction of
epoxidized soybean oil plasticizer cause enhance-
ment of mechanical properties [127].
The reaction of dissolving-grade wood pulp fibers
with a mixed p-toluenesulfonic/hexanoic acid
anhydride system and a titanium (IV) isopropoxide
catalyzed system under non-swelling reaction con-
ditions produces fibers that represent biphasic cel-
lulose derivatives. Transparent or semitransparent

composite sheets can be formed in which the ther-
moplastic cellulose hexanoate phase is consoli-
dated into a continuous matrix reinforced with dis-
continuous cellulose I domains. The cellulose I
component also varies with the extent of modifica-
tion, and it provides for biodegradability and rein-
forcement (i. e., high modulus). Although no pre-
cise dimensions can be determined for the respec-
tive phase domains, the low solubility of the
products and the decrease in the crystal size of cel-
lulose I suggest that they are on the nanometer
scale. There are differences in some properties
based on the difference in the distribution of subsis-
tent between the materials generated by toluenesul-
fonic/hexanoic acid anhydride and the titanium
(IV) isopropoxide catalyzed systems [107].

4.3. Cellulose–inorganic nanocomposites

The integration of polymers and inorganic materi-
als is an attractive field in materials science. Unfor-
tunately, because of the differences in their individ-
ual intermolecular interaction forces, the interfacial
incompatibility between inorganic and organic
polymers often causes failures in the preparation of
these composites. The lack of affinity and hydropho-
bic polymers make it difficult for a homogeneous
mixture to be achieved. Tourmaline, from sing-
halese tourmaline, a mixed stone, is a naturally
complex group of hydrous silicate minerals con-
taining Li, Al, B, and Si and various quantities of
alkalis (K and Na) and metals (Fe, Mg, and Mn). It
is the principle boron-containing mineral in the
crust and has its genesis in both igneous (princi-
pally pegmatites) and metamorphic rocks. Its struc-
tural formula is Na(Li,Al)3Al6(BO3)3Si6O18(OHF)4.
Tourmaline forms hexagonal and prismatic crystals
and possesses as antibacterial activity. On the other
hand, the NaOH/thiourea aqueous system is
hydrophilic, so it can be expected to disperse
hydrophilic tourmaline nanoparticles. By using
NaOH/thiourea aqueous solutions as cosolvents of
cellulose and nanoparticles provides a simple,
cheap, and pollution-free way of preparing such
composite materials. By this way Dong et al. [128]
prepared cellulose/tourmaline nanocomposites
films via a casting method through coagulation
with CaCl2 and HCl aqueous solutions. Results
indicated that adhesion between regenerated cellu-
lose and filled nanocrystals can occur, and the dis-
persion of nanocrystals in cellulose is homoge-
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neous but the induction of tourmaline breaks the
partial intermolecular hydrogen bonds of cellulose,
and this result in a reduction of the thermal stability
of the composite films but composite films with
tourmaline exhibit satisfying antibacterial action
against Staphylococcus aureus. So, using NaOH/
thiourea aqueous solutions as cosolvents of cellu-
lose and nanoparticles provides a simple, cheap,
and pollution-free way of preparing composite
materials.
Suber et al. [129] study the synthesis and the com-
parative structural and morphological study of iron
oxide nanoparticles in polystyrene-based ion-
exchange resins and cellulose. The results show
that the matrix influences the iron oxide particle
size; the average size is about 7 nm in the resins
and 25 nm in the cellulose. In the resins, particles
are present inside the pores and as aggregates on
the surface of the resin beads, whereas in the cellu-
lose they are present on the surface and in the
swollen network of the microfibers constituting the
single fibers.

4.4. Starch nanocomposites

A number of researchers have presented work in the
field of starch nanocomposites. Park et al. [131]
reported on the preparation and properties of gelati-
nized starch/montmorillonite clay nanocomposites
using both naturally occurring sodium montmoril-
lonite and a number of alkyl ammonium modified
clays. X-ray diffraction and transmission electron
microscopy showed an intercalated structure for the
starch/sodium montmorillonite, however the modi-
fied clays appeared either unchanged or agglomer-
ated in structure [130]. Also they found that the
unmodified sodium montmorillonite/starch nano-
composite also exhibited the greatest increase in
modulus of all the clays used. Park et al. [132] also
investigated the formation of montmorillonite-rein-
forced glycerol/plasticized thermoplastic starch.
Scanning electron microscopy showed well-dis-
persed montmorillonite platelets. The Fourier-
Transformed Infrared spectra indicated cooperation
existed between montmorillonite and starch mole-
cules and hydrogen bonds that formed between the
reactive hydroxyl groups of montmorillonite and the
hydroxyl groups of starch molecules. The mechani-
cal and thermal properties of the starch nanocom-
posites formed showed significant improvements.
Wilhelm et al. [133] have also investigated the for-

mation of starch/clay nanocomposites, using a Ca2+

hectorite (Mg6Si8O20(OH)4·nH2O). Solution cast
starch/clay nanocomposites showed no X-ray dif-
fraction due to the first basal spacing, indicating
almost total exfoliation in the starch matrix.
Although this was a good result, starch does require
some kind of plasticizer to reduce the brittleness of
the starches. When glycerol was added by itself to
the clay, the interplanar distance increased. Fischer
et al. [134, 135] also investigated starch/clay
nanocomposites and a number of experimental
pathways were investigated, including the disper-
sion of Na+ montmorillonite clay in water, followed
by blending in an extruder at a temperature of
85–105°C with a premixed powder of potato starch,
glycerol and water. The resulting material appeared
to be fully exfoliated and exhibited a reduction in
hydrophilicity, and improved stiffness, strength and
toughness.
The natural smectite clays, montmorillonite and
hectorite, readily formed nanocomposites with
thermoplastic starch which prepared by melt-pro-
cessing of starch and glycerol [136]. In all cases,
clay increased the elastic modulus of thermoplastic
starch. The moduli of treated-hectorite and kaolin-
ite composites were very similar at similar clay
loadings and were lower than the nanocomposites,
for nanocomposites, montmorillonite generally
provided a slightly greater improvement in the
modulus than untreated hectorite [137]. Another
group of starch-based nanocomposites is those that
are blended with biodegradable polyesters.
McGlashan and Halley studied the dispersion of
nanoclays in a number of different biodegradable
starch/polyester blend formulations. The crystal-
lization temperature of the nanocomposite blends
was found to be significantly lower than the base
blend, probably due to the clay platelets inhibiting
order, and hence crystallization, of the starch and
polyester. The best dispersions were found in the
30 wt% starch blends [138]. Kalambur and Rizvi
[139] also investigated starch nanocomposites
blends and successfully made starch/polylactic acid
blends in the presence of montmorillonite nanoclay
(Al4Si8O20(OH)4·nH2O). By study the thermal sta-
bility of nanocomposites of starch/clay it is found
that there is no significant effect of clay on the ther-
mal degradation of starch, whereas a significant
increase in thermal stability was observed when
nanocomposites of thermoplastic starch and unmod-
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ified montmorillonite was prepared by melt interca-
lation method even at 5% filler content. Thus, the
preparation method might have an effect on the
properties. Composites have been prepared by solu-
tion method after drying of starch and clay at
110°C. All composites show highest weight loss at
296°C. It was assumed that thermal degradation
was influenced by hydroxyl group exposure, clay
dispersion and reassociation of starch chains where
clay dispersion was more important than others
[140]. However, hydrophobic poly (lactic acid) and
hydrophilic starch are thermodynamically immisci-
ble, leading to poor adhesion between the two com-
ponents, and hence poor and irreproducible per-
formance. Various compatibilizers and additives
have been investigated to improve the interfacial
interactions of these blends. Wang et al. [141, 142]
used methylenediphenyl diisocyanate to improve
the interface and studied a blend of 55/45 w/w mix-
ture of poly (lactic acid) and dried wheat starch in
an intensive mixer with or without a low level of
methylenediphenyl diisocyanate. Blends with meth-
ylenediphenyl diisocyanate had enhanced mechani-
cal properties that could be explained by the in situ
formation of a block copolymer acting as a compat-
ibilizer. Scanning electron microscopy showed
reduced interfacial tension between the two phases.
The presence of methylenediphenyl diisocyanate
also enhanced the mechanical properties of the
blend at temperatures above Tg. Water uptake by
the poly (lactic acid)/ starch blends with and with-
out methylenediphenyl diisocyanate did not differ.
Wang et al. [143] also studied the effect of starch
moisture content on the interfacial interaction of an
equal-weight blend of wheat starch and poly (lactic
acid) containing 0.5% methylenediphenyl diiso-
cyanate by weight. Starch moisture (10–20%) had a
negative effect on the interfacial bonding between
starch and poly (lactic acid). The tensile strength
and elongation of the blend both decreased as
starch moisture content increased. In blends of poly
(lactic acid) /starch using dioctyl maleate as a com-
patibilizer markedly improved the tensile strength
of the blend, even at low concentrations (below
5%). When dioctyl maleate functioned as a plasti-
cizer at concentrations over 5%, significant
enhancement in elongation was observed. Compat-
ibilization and plasticization took place simultane-
ously according to the blends [144]. With dioctyl
maleate as a polymeric plasticizer, thermal loss in
the blends was not significant. Water absorption of

poly (lactic acid)/starch blends increased with
dioctyl maleate concentration. Other compatibiliz-
ers were also studied for the starch/poly (lactic
acid) blends, such as poly (vinyl alcohol) [145] and
poly(hydroxyester ether) [146] it was added to a
starch and poly (lactic acid) blend (50/50, w/w) to
enhance compatibility and improve mechanical
properties.

4.5. Reinforcing agent for polymer 
electrolytes for lithium batteries 
application

Ion-conducting solid polymer electrolytes have
attracted considerable interest, because of their
potential application in rechargeable batteries, fuel
cells, light-emitting electrochemical cells, elec-
trochromics, and many other electrochemical
devices [147–149]. Cellulose crystallites in the
form of microcrystalline cellulose are currently uti-
lized widely industrially. In the nanocomposite
field, cellulose whiskers can be used as mechanical
reinforcing agents of low-thickness polymer elec-
trolytes for lithium batteries application but, the
filler content is generally relatively low, below
10 wt%, avoiding significant decrease of the ionic
conductivity. Nanocomposite polymer electrolytes
based on high-molecular weight poly (oxy ethyl-
ene) were prepared from high aspect ratio cellulose
nanocrystalline whiskers and lithium trifluo-
romethyl sulfonyl imide. The main effect of
whisker is thermal stabilization of the modulus of
composites above the melting point of the poly
(oxy ethylene)/lithium trifluoro methyl sulfonyl
imide complexes. The filler provides a high rein-
forcing effect, while a high level of ionic conduc-
tivity is retained with respect to unfilled polymer
electrolytes. So the ionic conductivity was quite
consistent with the specifications of lithium batter-
ies [150, 151].
To study the effect of cellulose whiskers on
mechanical properties of nanocomposite an aque-
ous suspension of high aspect ratio rod-like cellu-
losic particles composed of tunicin whiskers and a
poly (oxy ethylene) aqueous solution casted in a
Petri dish. After water evaporation a solid compos-
ite film was obtained, the mechanical behavior of
tunicin whiskers/poly (oxy ethylene) nanocompos-
ites was evaluated in the linear range over a broad
temperature range from dynamic mechanical analy-
sis. The main effect of the filler was a thermal sta-
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bilization of the storage modulus for the compos-
ites above the melting temperature of the poly (oxy
ethylene) matrix. It was shown that the formation
of the cellulosic network through inter-whiskers
hydrogen bonds, assumed to be responsible for the
high mechanical properties of the composites, was
not affected by the matrix crystallization process
and filler/poly (oxy ethylene) interactions [152].
The incorporation of liquid compounds like plasti-
cizers into the polymer electrolytes improves the
ionic conduction. It generally results from the
decrease of glass transition temperature of the com-
plex, the reduction of crystallinity, the increase of
salt dissociation capability and the rise of charge
carrier diffusions. However, a decrease in mechani-
cal strength of the resulting polymer electrolytes is
predictable. Different plasticizers were used to
enhance the conductivity. Plasticizers generally
consist of low molecular weight organic molecules
like propylene carbonate, ethylene carbonate,
dimethyl carbonate, dioctyl phthalate, etc. An effi-
cient plasticizer must display several properties:
miscibility with poly (oxy ethylene), low viscosity,
low volatility, electrochemical stability and high
capability to solvate lithium salts. Low molecular
weight poly (ethylene glycols) have chemical struc-
ture similar to that of poly (oxy ethylene), are ther-
mally stable and can solvate lithium salts. To obtain
new nanocomposite polymer electrolytes with both
improved mechanical properties and improved con-
ductivities, Azizi et al. [153] studied, poly (oxy eth-
ylene)-lithium trifluoromethyl sulfonyl imide-
based polymer electrolyte with tetra(ethylene)
glycol dimethyl ether as plasticizer and cellulose
whiskers as nanometric filler. The plasticizer
induces both a loss of mechanical stiffness in the
rubbery state of poly (oxy ethylene) and an increase
of the ionic conductivity of the electrolyte. For salt-
free systems and polymer electrolytes based on
poly (oxy ethylene), a high reinforcing effect was
observed above Tg of poly (oxy ethylene) when
adding a low amount of tunicin whiskers. In addi-
tion, the filler provides a thermal stabilization
effect of the material above the melting of poly
(oxy ethylene). Both phenomena were ascribed to
the formation of a rigid cellulosic network within
the matrix as well as the conduction performances
were similar for unplasticized and unfilled elec-
trolytes on the one hand and plasticized filled sys-
tems on the other hand. Therefore, the later allows

conciliating good ionic conductivities and high
mechanical performances.
The processing of a composite polymer electrolyte
from an aqueous suspension of cellulose whiskers
is not easy to consider since water can react with
the negative electrode and reduce the battery cycle
life. On the other hand, cellulose whiskers are very
difficult to disperse in a polymeric matrix as they
have a large surface area and possess large hydro-
gen forces among themselves. It can lead to the for-
mation of strongly bound aggregates. A surfactant
can be used to disperse cellulose whiskers in a non-
polar solvent [39, 54] like toluene. However, the
large amount of surfactant necessary to maintain
the stability of the suspension, due to the high spe-
cific area of the filler, prevents the use of this tech-
nique for composites processing in organic solvents.
Another way is the surface chemical modification
of cellulose whiskers to disperse cellulose whiskers
in organic solvents [56] but, the mechanical per-
formances of the resulting composites strongly
decrease after chemical modification. Azizi et al.
[21] prepared nanocomposite film reinforced with
tunicin whiskers from a N,N-dimethylformamide as
an organic solvent without a surfactant addition or
a chemical surface modification. Both the high
value of the dielectric constant of dimetyl for-
mamide and the medium wettability of tunicin
whiskers were supposed to control the stability of
the suspension. The nanocomposite materials were
prepared by UV cross-linking; with thermally sta-
ble photoinitiator, 4-(2-hydroxyethoxy)-phenyl-(2-
hydroxy-2-propyl) ketone, using an unsaturated
polyether as matrix.
Cross-linking is one of the most common methods
used to disrupt polymer crystallinity and to ensure
mechanical properties. It is classically performed to
provide both low-temperature conductivity and
high-temperature mechanical stability. In compar-
ing the behavior of weakly cross-linked poly ether
α,ω-dihydroxyoligo(oxyethylene) filled with tunicin
whiskers suspended in N,N-dimethylformamide
and the one of unfilled materials exhibiting differ-
ent cross-linking density. The cellulosic nanofiller
provided a much higher reinforcing effect at high
temperature than the cross-linking process, a pho-
toinitiator, 4-(2-hydroxyethoxy) phenyl-(2-hydroxy-
2-propyl) ketone used as cross-linking agent. In
addition, nanocomposite electrolytes display a
higher ionic conductivity on the whole temperature
range due to the high crosslinking density that
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should be used for unfilled electrolytes in order to
ensure satisfactory mechanical properties. It was
also shown that tunicin whiskers seem to have no
effect on the conduction mechanism of the polymer
electrolyte. Therefore, the used cross-linked nano-
composite polymer electrolytes allow conciliating
both higher ionic conductivities and higher mechani-
cal performances [154]. Lithium perchlorate-doped
nanocomposites of ethylene oxide-epichlorohydrin
copolymers and cellulose whiskers can readily be
produced by solution casting tetrahydrofuran/water
mixtures comprising the components and subse-
quent compression molding of the resulting nano-
composites. Films of these materials display sub-
stantially improved mechanical properties, when
compared to the not reinforced lithium perchlo-
rate/ethylene oxide-epichlorohydrin (Figure 10),
and their electrical conductivities experience com-
parably small reductions [90].
High performance solid lithium-conducting nano-
composite polymer electrolytes based on poly (oxy
ethylene) were prepared from high aspect ratio cel-
lulosic whiskers and lithium trifluoro methane sul-
fonyl imide. The filler provided a high reinforcing
effect while a high level of ionic conductivity was
retained with respect to the unfilled polymer elec-
trolytes [155, 156].

4.6. In biomedical

From a biological viewpoint, almost all of the
human tissues and organs are deposited in nanofi-
brous forms or structures. Examples include: bone,
dentin, collagen, cartilage, and skin. All of them are
characterized by well organized hierarchical
fibrous structures. In biomedical applications, for
soft tissue replacement a developed material that
will not only display similar mechanical properties
as the tissue it is replacing, but also shows
improved life span, biocompatibility, nonthrombo-
genic, and low degree of calcification needed.
Hydrophilic bacterial cellulose fibers of an average
diameter of 50 nm are produced by the bacterium
Acetobacter xylinum, using a fermentation process.

They can be used in combination with poly (vinyl
alcohol) to form biocompatible nanocomposites.
Millon et al. [157] prepared poly (vinyl alcohol)/
bacterial cellulose nanocomposites and they found
that, the resulting nanocomposites possess a broad
range of mechanical properties and can be made
with mechanical properties similar to that of car-
diovascular tissues, such as aorta and heart valve
leaflets.
Silk fibroin-microcrystalline cellulose (cellulose
whisker) composite films with varied compositions
were prepared by casting mixed aqueous solution/
suspensions of the two components. Silk fibroin
was dissolved in lithium thiocyanate followed by
dialysis; a cellulose whisker suspension was pre-
pared by sulfuric acid hydrolysis of tunicate cellu-
lose. Composite films showed improved mechani-
cal strength at 20–30 wt% fibroin content, with
breaking strength and ultimate strain about five
times those of the constituent materials. From the
observed shift in the infrared absorption bands of
amide I and amide II of fibroin, the anomaly in the
mechanical strength is considered to arise from the
contact of fibroin with the highly ordered surface of
cellulose whiskers. This phenomenon is not practi-
cable for producing bulk materials because of the
lengthy procedure of solubilization and dialysis
involved, but may be useful in biomedical applica-
tions such as for cell culture media and implant
materials, since both components are chemically
inert and known to be compatible with living tis-
sues [158]. Hydroxyapatite (Ca10(PO4)6(OH)2)-
bacterial cellulose as a novel class of  nanocompos-
ites were prepared by Wan et al. [159, 160]. The
structure characterizing reveals that the crystallite
sizes of the hydroxyapatite crystals are nano-sized
and their crystallinities are low. The Fourier-Trans-
formed Infrared spectroscopy results show that
hydroxyapatite crystals are formed when the phos-
phorylated and CaCl2-treated bacterial cellulose
fibers are soaked in a 1.5 simulated body fluid the
hydroxyapatite crystals are partially substituted
with carbonate, resembling natural bones. The
nanocomposites containing hydroxyapatite with
structural features close to those of biological
apatites are attractive for applications as artificial
bones. From the scheme, it is believed that the non-
ionic hydroxyl groups on the unphosphorylated
bacterial cellulose may firstly bind the calcium ions
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through ionic-dipolar interaction, and then hydrox-
yapatite crystals grow around these trapped ions.
The process is schematically displayed in Fig-
ure 11a. However, a different process is involved
for the phosphorylated bacterial cellulose. As
shown in Figure 11b, esterification takes place dur-
ing phosphorylation and thus anionic phosphate
groups are bonded to the cellulose chain through
strong covalent bonds. The negatively charged
phosphate groups are capable of trapping calcium
ions, forming calcium phosphate complexes that
act as nuclei of hydroxyapatite and hydroxyapatite
grows by further complexation with phosphate ions
in SBF as shown in Figure 11c. Note that the bond-
ing between the calcium ions and bacterial cellu-
lose chain is via strong ionic bonds for the
phosphorylated bacterial cellulose while the cal-
cium ions complexation with nonionic hydroxyl
groups proceeds via ionic-dipolar interaction for
the unphosphorylated bacterial cellulose (Fig-
ure 11a). An organic-mineral composite of hydrox-
yapatite (Ca10(PO4)6(OH)2) nanoparticles and

carboxymethyl cellulose is synthesized via copre-
cipitation from a solution containing CaCl2, aque-
ous ammonia, (NH4)2HPO4, and carboxymethyl
cellulose. The hydroxyapatite nanoparticles are
shown to form agglomerates about 200 nm in size.
The interaction between the nanoparticles and car-
boxymethyl cellulose macromolecules leads to the
formation of a pore structure potentially attractive
for biomedical applications [161].

4.7. In papers industry

The pulp and paper industry is a materials industry.
It provides materials for use in communications,
packaging, consumer products, and other products.
The intersection of wood fiber-based materials with
nano-materials provides nearly unlimited opportu-
nities for the pulp and paper industry to develop
new products with enhanced functionality and
greater value. Paper in itself provides an excellent
platform for developing nano-material fiber com-
posites for use in higher value printing, barrier
packaging, and intelligent communications media.
TiO2/cellulose nanocomposites were prepared
through the titanyl sulphate hydrolysis in acidic
medium in the presence of cellulosic fibers in spe-
cific experimental conditions, the cellulose fibers
promote the nucleation and growth of TiO2 parti-
cles, yielding hybrid materials containing up to
46% TiO2. Two series of paper handsheets having
distinct TiO2 content have been prepared, one from
a selected hybrid composition and the other from
mixtures of commercial TiO2 and cellulose fibers.
Comparative optical studies performed on the
paper handsheets revealed a much higher opacity
for the synthetic sample [162].
The pore structure of the cell wall of the never-
dried pulp fibers has been identified as a general
micropackaging or encapsulation system for a
broad range of both organic and inorganic chemi-
cals [163–166] these substances are entrapped in
the cellulosic fiber matrix during the collapse of the
cell wall pores as the pulp is dried [167]. Fahmy
et al. [168] used sucrose as the nanoadditive to the
mercerized non-dried cotton linter fibers. Relative
to the sucrose-free paper, the sucrose-containing
counterparts exhibit greater breaking length and
remarkably high water uptake up to a sucrose con-
tent of 8–15% w/w.
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Figure 11. Schematic diagrams of various interaction
processes. a) Hydroxyapatite growth on
unphosphorylated bacterial cellulose, b) Phos-
phorylation of bacterial cellulose, c) Hydroxya-
patite growth on phosphorylated bacterial
cellulose (HPA = Hydroxyapatite)



4.8. In packing

In cellulose-based base material (e.g., copier paper
or packing); a cellulose particles in nano-size range
can be obtained from starting product containing
cellulose (e.g., wood) by mixing with water; the
mixture is heated, so that the product containing
cellulose is hydrolyzed; the mixture then undergoes
a shearing process giving base material and the
base material is added to another solid- or liquid
material-containing fiber substances [169]. On the
other hand, biodegradable polymers such as starch
[170, 171] poly (lactide) [172, 173] and poly (ε-
caprolactone) [174–176] have attracted consider-
able attention in the packaging industry. In addition
poly (lactic acid) is biodegradable thermoplastic
polyester produced from L-lactic acid, which is
derived from the fermentation of corn starch. Poly
(lactic acid) is becoming increasingly popular as a
biodegradable engineering plastic owing to its high
mechanical strength and easy processability com-
pared to other biopolymers [177]. It has gained
enormous attention as a replacement for conven-
tional synthetic packaging materials in the last
decade [178] but the problem is the amount of
transmitter light through the poly (lactic acid)
sheet, for reducing this transmitter light, bentonite a
layered silicate and microcrystalline cellulose cho-
sen as nanoreinforcement for poly (lactic acid).
By comparing the mechanical, thermal and barrier
properties of two different types of biopolymer
based nanocomposites such as, bentonite a layered
silicate and microcrystalline cellulose. The poly-
mer matrix used was poly (lactic acid), a common
available biopolymer. The bentonite nanocompos-
ite showed great improvements in both tensile
modulus and yield strength, while the microcrys-
talline cellulose nanocomposite only showed ten-
dencies to improve the yield strength. There are a
few factors that will help to explain these differ-
ences. First of all, the bentonite added to the poly
(lactic acid)/bentonite material has theoretically
twice the surface area of the added swelled micro-
crystalline cellulose. A larger surface area will
allow the nanoreinforcement to interact with a
larger amount of polymer chains and thereby hav-
ing a larger effect on the mechanical properties.
Secondly, the bentonite clay is organically modi-
fied to be compatible with polymers like poly (lac-
tic acid) and will therefore have better interaction
with the poly (lactic acid) matrix. Good interaction

between the reinforcing phase and the matrix in a
composite will allow for good stress transfer to take
place in the composite. This gives rise to large
improvements in the mechanical properties of the
weaker matrix.
Also these two nanoreinforcements would affect
poly (lactic acid) as a packaging material. The
results showed a reduction in the oxygen perme-
ability for the bentonite nanocomposite, but not for
the microcrystalline cellulose nanocomposite. The
amount of light being transmitted through the
nanocomposites was reduced compared to pure
poly (lactic acid) indicating that both nanorein-
forcements were not fully exfoliated. [97].

4.9. Nanotechnology and wood as a building
materials

Half of the wood products now used in construction
are engineered wood composites. Nanotechnology
will result in a unique next generation of wood-
based products that have hyper-performance and
superior serviceability when used in severe envi-
ronments. They will have strength properties now
only seen with carbon-based composites materials,
and they will be both durable while in service and
biodegradable after their useable service-life. Nan-
otechnology will also promote the development of
intelligent wood- and biocomposite products with
an array of nanosensors built in. Building function-
ality onto lignocellulosic surfaces at the nanoscale
could open new opportunities for such things as
self- sterilizing surfaces, internal self-repair and
electronic lignocellulosic devices. The high strength
of nanofibrillar cellulose together with its potential
economic advantages will offer the opportunity to
make lighter weight, strong materials with greater
durability [5]. However, as in all markets, technol-
ogy and shifting demographics give rise to hanging
market demands. Materials and products used in
housing construction are not immune to such
changes. Because a home or a commercial building
is typically the largest purchase a family will make
and one of the larger investments a corporation will
make, consumers want structures that maintain
their value over time and are safe and secure,
healthy, comfortable, long-lasting (durable), low
maintenance, affordable (lower in cost and provid-
ing more value for the dollar), easily adaptable to
new and modified architectural designs, and allow
for personalized customization, have smart system

567

Kamel – eXPRESS Polymer Letters Vol.1, No.9 (2007) 546–575



capabilities, and reduce costs for heating and air
conditioning.
Wood-based construction materials function
extremely well under a variety of end-use condi-
tions. Under wet conditions, however, they can be
prone to decay, mold, mildew, and insect attack.
Wood can be protected from biodeterioration by
treatments using toxic chemicals or by maintaining
low moisture content in wood. Achieving control of
moisture is a major opportunity for nanotechnology
to aid in preventing biodeterioration of wood and
wood-based materials. New non- or low-toxicity
nanomaterials such as nanodimensional zinc oxide,
silver, titanium dioxide, and even possibly clays
might be used as either preservative treatments or
moisture barriers. In addition, resistance to fire
might be enhanced by use of nanodimensional
materials like titanium dioxide and clays.
Composites allow an array of disparate materials
with greatly differing properties to be engineered
into products matched to end-user needs and per-
formance requirements. For example, future nano-
composite construction materials may use combi-
nations of wood, wood fiber, plastics, steel, and
concrete. To achieve this, it will be necessary to be
able to make hydrophilic materials compatible with
hydrophobic materials such as wood and plastics
[179].

5. Conclusions

Nanotechnology presents a tool to extend structural
performance and serviceability by orders of magni-
tude. Nanotechnology will allow engineers and sci-
entists to manipulate and systematically eliminate
the formation of random defects that now dictate
the properties, performance, and serviceability of
biocomposites as known today. This new ability to
minimize and eliminate naturally occurring and
human-made internal defects will allow realizing
the true potential of biomaterials. Nanotechnology
will help the ability of manipulate and control
fiber-to-fiber bonding at a microscopic level, and it
will also offer an opportunity to control nanofibril-
lar bonding at the nanoscale. Nanocomposites will
be the new frontier. So, understanding the synthe-
sis-structure-property relationship of nanocompos-
ites is vital for the development of advanced poly-
mer nanocomposites with enhanced mechanical
strength, stiffness and toughness for structural engi-
neering applications.

In the nanocomposite field, cellulose whiskers can
be used as mechanical reinforcing agents of low-
thickness polymer electrolytes for lithium batteries
application but, the filler content is generally rela-
tively low, below 10 wt%, avoiding significant
decrease of the ionic conductivity. But using aque-
ous suspension of cellulose whiskers is not easy to
consider since water can react with the negative
electrode and reduce the battery cycle life. On the
other hand, a surfactant can be used to disperse cel-
lulose whiskers in a nonpolar solvent like toluene.
However, the large amount of surfactant necessary
to maintain the stability of the suspension, due to
the high specific area of the filler, prevents the use
of this technique for composites processing in
organic solvents. Another way is the surface chem-
ical modification of cellulose whiskers to disperse
cellulose whiskers in organic solvents but, the
mechanical performances of the resulting compos-
ites strongly decrease after chemical modification.
Nanocomposites reinforced with cellulose whisker
suspended in organic solvent without surfactant
addition or surface modification lead to high ionic
conductivities and high mechanical performances.
Wood can be protected from biodeterioration by
treatments using toxic chemicals or by maintaining
low moisture content in wood. Achieving control of
moisture is a major opportunity for nanotechnology
to aid in preventing biodeterioration of wood and
woodbased materials. New non- or low-toxicity
nanomaterials such as nanodimensional zinc oxide,
silver, titanium dioxide, and even possibly clays
might be used as either preservative treatments or
moisture barriers. In addition, resistance to fire
might be enhanced by use of nanodimensional
materials like titanium dioxide and clays.
Future nanocomposite construction materials may
use combinations of wood, wood fiber, plastics,
steel, and concrete. To achieve this, it will be nec-
essary to be able to make hydrophilic materials
compatible with hydrophobic materials such as
wood and plastics.
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1. Introduction

Despite its prevalence in various fields as a tech-
nique for measuring the local mechanical proper-
ties of elastic materials, the accuracy of indentation
testing utilizing the atomic force microscope
(AFM: see Figure 1) remains equivocal. Aside
from artifacts arising from factors that can affect
instrument performance (e.g., drift due to tempera-
ture variations), the causes of the ambiguity can be
methodological (e.g., uncertainties in determining
cantilever bending stiffness and tip dimensions) or
analytical (e.g., uncertainties in robustness and
accuracy of the data processing method) in nature.
With care and the employment of existing tech-
nologies, environmental and methodological
effects can be minimized. However, the latter cate-
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Figure 1. Schematics of the atomic force microscope (left)
and indentation of the sample by the tip (right).
Displacement control is achieved by moving the
sample (as shown) or the cantilever base, usu-
ally with piezo tube actuators. Force is inferred
from laser-based measurements of cantilever
deflection d. The indentation depth δ is depend-
ent on both d and the vertical displacement of
the scanner (or the cantilever base) z.



gory of sources is not as easily addressed because
data processing methods are model dependent and
no clear performance benchmark exists. Further-
more, indentation at all length scales can deviate
significantly from ideal behavior due to tip-sample
interactions (e.g., adhesion) and material nonuni-
formities. This is especially true of gels and other
rubber-like materials.
Recently, we developed and validated a robust and
comprehensive scheme for extracting Young’s
moduli from the indentation of soft materials based
on linear elastic contact mechanics theory [1, 2].
For a set of poly(vinyl alcohol) – henceforth abbre-
viated to PVA – gels at different polymer concen-
trations, Young’s moduli agreed well with macro-
scopic compression tests when indentation strains
did not exceed the linear elastic limit. These results
are consistent with the generally accepted view that
small-strain deformation of many rubber-like mate-
rials is virtually a linear elastic process and can be
modeled accordingly. Depending on the magnitude
of tip-sample interactions, however, it is oftentimes
difficult to control the indentation depth of each
stroke of the AFM probe. Furthermore, tip-sample
interactions often result in decreased signal-to-
noise ratios. The effect is usually most pronounced
in the vicinity of the tip-sample contact point;
under such circumstances, accuracy is adversely
affected by limiting the analysis to data points that
do not exceed a strain threshold. For materials that
exhibit rubber elastic behavior, derivation of a sin-
gle contact mechanics equation relating force and
indentation depth is therefore necessary. Such a
model would also be applicable in estimating the
large-strain mechanical response of soft biological
materials such as cells and tissues, where the use of
linear elasticity theory generally leads to significant
errors in Young’s modulus [3]. In this work, we
propose an approximate relationship suitable for
the indentation of Mooney-Rivlin materials with
spherical probes and test it by fitting to data
obtained from the AFM indentation of highly
swollen PVA gels. Accuracy of this model is
assessed by comparison with results from macro-
scopic compression tests and from fitting initial,
small-strain portions of each dataset with the classi-
cal Hertz equation.

2. Theory

The indentation problem is based on the Hertz the-
ory of contact between two elastic spheres in the
absence of adhesion [4]. Johnson et al. [5] pio-
neered the theory of adhesive contact, citing evi-
dence of deviation from Hertzian behavior in
numerous experiments as the motivation for devel-
oping the now well-known Johnson-Kendall-
Roberts (JKR) theory. Other contributors to the
field include Derjaguin et al. [6], Tabor [7], and
Maugis [8]. For the purposes of this work, only the
Derjaguin-Muller-Toporov (DMT) theory is con-
sidered. The JKR and DMT theories were found by
Tabor to apply to opposite extremes of the relation-
ship between surface force and sample compliance,
with the DMT theory pertaining to relatively stiff
samples and weak adhesive forces [7].
The Hertz and DMT equations ((1) and (2)) for the
indentation of a linear elastic, infinite half-space
with a rigid sphere are [4, 6]:

(1)

(2)

where F is the net indentation force, Fn is the
applied normal force, Fad is the tip-sample adhesive
force (= 0 in the Hertz theory), δ is the indentation
depth, a is the contact radius, R is the radius of the
sphere, and E and ν are Young’s modulus and Pois-
son’s ratio of the indented sample, respectively. In
the DMT theory, the constant adhesive force is
related to the interfacial energy (γ) by Equation (3):

Fad = 2πγR (3)

According to Yoffe [9], Hertz stated explicitly that
Equation (2) applies only to cases in which the con-
tact radius is small relative to the radius of the
indenter (i. e., a/R < 0.1). In practice, however,
contact radii frequently exceed the imposed limit.
Experimental and analytical support for applying
the equation at large relative contact radii can be
found in tests performed by Kumar and
Narasimhan [10] and the theoretical studies of
Yoffe [9]. In the macroscopic indentation of poly-
methyl methacrylate samples using stainless steel
balls, Kumar and Narasimhan found excellent
agreement between measured values of the contact
radius and those predicted by Equation (2) for a/R
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approaching 0.14. Yoffe developed a first-order
correction to the Hertzian contact radius at large
indentation depths and demonstrated that the devia-
tion from the Hertz theory as the contact area
widened was dependent on ν. As ν approached the
incompressibility limit of 0.5, it was found that
Equation (2) began to over predict the magnitude of
the contact radius. For example, when ν = 0.4, the
error in a predicted by Equation (2) increased from
1% at a/R ~ 0.28 to 6% at a/R ~ 0.53. These errors
can be considered acceptably small, even at the
large strains that are frequently applied in the
indentation of polymer gels.

3. Materials and methods

3.1. Sample preparation and testing

PVA solutions were prepared by dissolving PVA
(molecular weight 70 000–100 000; Sigma) in
deionized water at 99°C to make a stock solution
with a concentration of 14% (w/w). Gels were
made by crosslinking the PVA solution with glu-
taraldehyde at pH ~1.5 (adjusted by addition of
HCl). To prepare gel samples at two different levels
of compliance, the PVA concentration was changed
while maintaining a constant crosslink density (one
unit of GDA per 100 units of vinyl alcohol). The
elastic moduli of these gels differed by roughly an
order of magnitude corresponding to the typical
range of biological soft tissues such as cartilage.
Gel cylinders and thick layers (2 mm to >1 cm)
with final PVA concentrations of 6% and 12%
(w/w) were cast in molds (1 cm in diameter and
1 cm in height) and 35 mm Petri dishes, respec-
tively. All samples were stored in deionized water
until testing.
A bench top materials testing system (Stable Micro
Systems, UK) was used to perform displacement-
controlled compression of the gel cylinders at a
ramp speed of 1 mm/s. The undeformed dimen-
sions of each cylinder were measured prior to com-
pression with a micrometer. The Young’s moduli
of the PVA gels were calculated from the neo-
Hookean equation (4):

σ = G(λ – λ–2) (4)

where σ is the engineering stress, λ is the compres-
sion ratio, and G is the shear modulus. In the exper-
iment, λ was varied in the range 0.6 < λ < 1. The

absence of volume change and barreling during the
compression measurements was checked [1].
Nanoindentation of gels was performed using a
commercial AFM (Bioscope I with a Nanoscope
IIIA controller, Veeco Instruments, Santa Barbara,
CA) seated atop an inverted optical microscope.
General-purpose silicon nitride tips were used
(model DNP, Veeco). The cantilevers were modi-
fied by gluing either a 9.6 μm diameter polystyrene
bead or a 5.5 μm diameter glass bead near the tip.
The spring constant of each cantilever was deter-
mined using the thermal tune method [11]. Multiple
force curves for each PVA film were collected
using the ‘force-volume’ mode of the AFM. In this
automated raster scanning method, the user defines
the size of the square region to be scanned, the res-
olution, and the relative trigger threshold (i. e., the
maximum cantilever deflection). Because the gels
were assumed to be relatively homogeneous, the
resolution was set to the lowest limit of 16 × 16
indentations covering a 20 μm × 20 μm region.
Relative trigger thresholds were set to either 100 or
50 nm.

3.2. Processing of AFM indentation data

An algorithm that we developed previously [1, 2]
was used as the basis for automated processing of
indentation data. Briefly, the contact point depend-
ent method requires the identification of multiple
reference points, shown in Figure 2 for both adhe-
sive and non-adhesive analysis. These points are
used to transform the typical raw values of can-
tilever deflection (d) and base displacement (z) to
applied force and indentation, respectively. The
conversions are given by Equations (5), (6) and (7):

Fn = kc(d – d0); negligible adhesion (5)

Fn = kc(d – d1); significant adhesion (6)

δ = (z – z0) – (d – d0)
= (z – d) – (z0 – d0) = w – w0 (7)

where kc is the spring constant of the cantilever,
(z0, d0) are the coordinates of the contact point, and
(z1, d1) are the coordinates of the point of zero
applied force (see Figure 2). The transformed vari-
able w = z – d is introduced for simplification. The
adhesive force is then related to the reference points
by Equation (8):
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Fad = kc(d1 – d0) (8)

Substitution of Equations (5) through (8) into
Equation (1) recasts the force-indentation relation
into a form appropriate for fitting the raw data and
extracting the values of E.

4. Results and discussion

In this section, we first develop a nonlinear contact
mechanics model that describes the force-indenta-
tion relationship for rubber-like materials. The der-
ivation is based on the concepts discussed in the
theoretical section and on the Mooney-Rivlin for-
malism. A comparison is then made between the
predictions of this model and the experimental data
obtained for the PVA hydrogels.

4.1. Formulation of a nonlinear contact
mechanics model

The Hertz and DMT equations are based on the the-
ory of linear elasticity and therefore subject to its
inherent limitations, including the requirement of
geometric (i. e., stress-strain) linearity. As previ-
ously mentioned, it may not always be feasible to
limit indentation depths to the linear regime. In the

realm of rubber elasticity, many phenomenological
theories have been developed. One of the simplest
and perhaps most well-known of the stress-strain
relations derived from these theories is the
Mooney-Rivlin equation (9) [12]:

σ = 2C1(λ – λ–2) + 2C2(λ – λ–3) (9)

where σ is the stress, λ is the extension ratio, and
C1 and C2 are constants. We wish to use Equa-
tion (9) as the basis of a force-indentation relation-
ship. To that end, we define the effective or average
stress and strain due to indentation. The indentation
stress, σ*, can be set equal to the mean contact pres-
sure (force over the contact area), given by Equa-
tion (10):

(10)

The indentation strain, ε*, is defined by Equation
(11) [13]:

(11)

For linear elastic (Hertzian) contact, it can be seen
that σ* and ε* are linearly proportional, giving a
Hookean equation (12) of the form:

(12)

In order to derive force-indentation relations for
materials obeying the constitutive Equation (9),
disparities in sign conventions for stress and strain
between Equations (9) and (12) must first be
resolved. In Equation (9), standard engineering
convention applies, with stresses and strains posi-
tive in tension. This implies that λ > 1 in tension
and λ < 1 in compression. Because indentation is
viewed as a compressive process, the sign conven-
tion for σ* and ε* are opposite from the standard
convention. Replacing σ with –σ* and λ with
(1 – ε*) in Equation (9) yields Equation (13):

(13)
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Figure 2. A typical set of deflection-displacement curves
in extension and retraction with negligible adhe-
sive interactions in extension and significant
adhesion upon retraction. The two curves are
offset from each other for clarity; they are plot-
ted without offset in the inset. In extension, only
the contact point (z0, d0) is required to transform
the data to force vs. indentation. In retraction,
two reference points are needed – the contact
point and the point of zero applied force (z1, d1).
The schematics show the bending of the can-
tilever at the reference points and at the point of
maximum indentation.



where the constants C1 and C2 no longer hold the
same meaning and have been replaced with B1/2
and B2/2, respectively.
Substitution of Equations (10) and (11) into Equa-
tion (13) results in a relationship between indenta-
tion force and contact radius. To obtain a more
practicable equation in terms of force and indenta-
tion, the relationship between contact radius and
indentation is required. Assuming that the manner
in which a varies with δ is independent of material
linearity, we use Equation (2) as a first approxima-
tion. Algebraic manipulation yields Equation (14):

(14)

where F = Fad + Fn when adhesive interactions are
present. At infinitesimal strain or indentation depth,
Equation (1) applies, and Equation (14) reduces to
Equation (15):

(15)

where E0 is the initial Young’s modulus and ν = 0.5
for incompressible materials. Equations (14) and
(15) comprise an approximate Mooney-Rivlin con-
tact mechanics model that can be applied to the
indentation of rubber-like materials; elastic proper-
ties of the samples are represented by the extracted
Young’s moduli. The model reduces to the neo-
Hookean form when B2 = 0.
Justification for the assumption that the contact
radius is independent of material linearity can be
found in the results of the finite element analyses
performed by Mesarovic and Fleck [14] on the
indentation behavior of elastic-plastic solids. Such
materials undergo strain hardening in compression,
as do Mooney-Rivlin solids. Under uniaxial ten-
sion, the Ramberg-Osgood hardening relationship
employed in the finite element study has the form
of Equation (16):

(16)

where ε0 and σ0 are the strain and stress at the yield
point, respectively. The strain-hardening exponent
m defines the deformation behavior, with m = 1 rep-
resenting linear elastic response and m → ∞ corre-
sponding to elastic-ideally plastic response; an
intermediate value of m = 3 was used by Mesarovic
and Fleck in their study. The mathematical similar-
ity between the Mooney-Rivlin and Ramberg-
Osgood equations is demonstrated in Figure 3,
where stress-strain curves are shown for a typical
hardening material with linear Young’s modulus of
100 kPa and a linear strain limit of approximately
15%. Mesarovic and Fleck found that the contact
radius followed the form of Equation (2) beyond the
yield point; with further indentation, contact radii
predicted by Equation (2) became increasingly
smaller than the actual values. This likely due to the
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tic hardening equation and the Mooney-Rivlin
equation in tension. Normalized engineering
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Young’s modulus, and ε is strain, are shown for
different cases of the two relationships. Follow-
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shown. The two extreme cases of the Mooney-
Rivlin equation, given by Equation (9), are plot-
ted: C2 = 0 (representative of a neo-Hookean
solid) and C1 = 0.



permanent pile-up of material around the indenter,
which is typically associated with the indentation of
elastic-plastic materials such as metals [15, 16].

4.2. Comparison of the model with experi-
mental results

Results of the macroscopic compression and AFM
indentation tests are summarized in Table 1. There
is generally good agreement between the macro-
scopic Young’s moduli and values obtained from
the small strain and large strain analyses of the
AFM indentation data. Adhesion during indenta-
tion was evident only in the retraction strokes, prior
to tip-sample separation. The small strain analysis
was performed by truncating the datasets at an
indentation strain of about 15% and applying Equa-
tion (1). The large strain analysis using Equa-
tion (14) was performed without data truncation.

In fitting the macroscopic compression data with
Equation (9) over a large range of λ (0.6 < λ < 1), it
was found that C2 ~ 0 within the experimental
error. This is consistent with the macroscopic, neo-
Hookean behavior of PVA gels tested under similar
conditions [17, 18] and of lightly crosslinked,
highly swollen gels in general [12, 19]. Values of
the Mooney-Rivlin fitting parameters B1 and B2

from fitting of the indentation data with Equa-
tion (14) are summarized in Table 2. At the micro-
scopic length scale probed by the AFM, the large
variability in B2 may reflect inhomogeneities due
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Table 1. Young’s moduli of PVA gels from compression and AFM indentation (mean ± SD)

% Macro. [kPa]
Small strain, linear elastic Large strain, Mooney-Rivlin

Extend [kPa] Retract [kPa] Extend [kPa] Retract [kPa]
6 21.51 ± 0.59 16.55 ± 2.74 19.39 ± 3.26 18.23 ± 2.38 019.51 ± 4.69
12 115.50 ± 1.86 113.66 ± 6.06 108.98 ± 9.17 115.82 ± 7.21 110.08 ± 13.17

Table 2. Mooney-Rivlin fitting coefficients for large strain
analysis (mean ± SD)

%
Extend Retract

B1 [kPa] B2 [kPa] B1 [kPa] B2 [kPa]
6 4.92 ± 0.97 –1.49 ± 0.55 8.08 ± 2.28 –4.09 ± 1.49

12 39.60 ± 4.46 –17.76 ± 3.15 43.48 ± 10.20 –21.50 ± 7.32

Figure 4. Sample dataset from the indentation of the 12% gel. d is the cantilever deflection and z is the base displacement.
The extension and retraction curves (every fifth point is plotted) are offset from one another and each is shown
with the small strain linear elastic fit and the large strain Mooney-Rivlin fit. The linear elastic fits have been
extended beyond 15% strain for comparison (extended portions are shown in gray). Plots of the residual errors for
each fit are displayed in the inset.



likely to local differences in polymer concentration.
Equation (14) therefore allows us to detect these
structural nonuniformities and quantifies the local
deviation from neo-Hookean behavior. It should be
mentioned that the Mooney-Rivlin formalism is not
a constitutive material law since the values of the
material constants may depend on the mode of
deformation. Hence, extreme caution should be
exercised when applying Equations (9) and (14).
Strains at maximum indentation depth were
approximately 22% and 30% for the 12% and 6%
gels, respectively. The 12% gel exhibited a linear
regime that was significantly wider than that of the
6% gel, as illustrated by the examples in Figures 4
and 5. In fact, the residual errors shown in Figure 4
indicate that the 12% gel behaved linearly up to the
maximum indentation depth. Strain hardening in
the 6% gel is manifested in the poor fit of Equa-
tion (1) to the data beyond ~15% strain, as shown
in Figure 5. Regardless of the degree of nonlinear-
ity at maximum indentation depth, Equation (14)
was found to be a good fit of both extension and
retraction data. Compared to the small strain, linear
analysis using Equation (1), the large strain analy-

sis using Equation (14) yielded smaller differences
between Young’s moduli in extension and retrac-
tion. We attribute the improved agreement to the
inclusion of more data points in the large strain
analysis.
Synthetic gels prepared by the crosslinking of poly-
mer chains in solution can be considered isotropic
and homogeneous at macroscopic length scales.
However, at the submicron level probed by the
AFM, spatial variations in mechanical properties
due to local concentration nonuniformities become
detectable. In biological materials, such variations
are much more pronounced, even over regions as
small as a few tens of square nanometers. AFM
nanoindentation has therefore become a powerful
technique for generating elasticity maps of living
cells [20–25] and the extracellular matrix [26–31].
To illustrate the differences between relatively
homogeneous synthetic polymer gels and biologi-
cal tissues, Young’s modulus maps from 6% and
12% PVA gels and from a region of mouse articular
cartilage are shown in Figure 6. Over regions of
comparable size, local Young’s moduli of the PVA
gels varied over a much narrower range (approxi-
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Figure 5. Sample dataset from the indentation of the 6% gel. d is the cantilever deflection and z is the base displacement.
The extension and retraction curves (every fifth point is plotted) are offset from one another and each is shown
with the small strain linear elastic fit and the large strain Mooney-Rivlin fit. The linear elastic fits have been
extended beyond 15% strain for comparison (extended portions are shown in gray). Plots of the residual errors
for each fit are displayed in the inset.



mately 16 to 24 kPa for the 6% gel and 90 to
120 kPa for the 12% gel) than in the cartilage (< 1
to 120 kPa). The variability in stiffness in the carti-
lage corresponds to a high degree of local inhomo-
geneity, which is a characteristic feature of many
biological tissues.

5. Conclusions

In rubber-like materials, measurements of elastic
moduli using the AFM have been mostly limited to
indentation in the linear stress-strain regime. While
small strain nanoindentation is practicable in many
situations, excessive noise in the vicinity of the
contact point can hinder and even preclude its accu-
racy in other cases. Hence, an easily implemented,
large strain contact mechanics model is desirable.
The Mooney-Rivlin force-indentation relationship
introduced here satisfies this criterion and was
shown to be accurate in modeling the indentation
behavior of swollen PVA gels. In the AFM probing
of any material that exhibits rubber elasticity, it can
be applied without the need to limit indentation
strains to the linear regime.
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1. Introduction

Recently, the polymer-metal complexes attracted
the interest of many researchers due to their valu-
able electric, mechanical and thermal properties
and the possibilities for their use as immobilized
catalysts in various processes. The use of polymer
carrier allows combining the properties of the
matrix with the complex-forming ability of the lig-
ands and reveals new perspectives for the design of
new materials with an interesting complex of prop-
erties.
Radiation initiated grafting is a wide field of poly-
mer chemistry with numerous potential applica-
tions of industrial interest. 4-vinylpyridine (4VP) is
a monomer polymerizing under initiation by radia-
tion. The surface modification of polymer materials

by radiation grafting of this monomer provides pos-
sibilities to prepare grafted polymers. Poly-4-
vinylpyridine (P4VP) and its copolymers are
known for their versatility of the possible applica-
tions. The copolymer materials based on P4VP are
used as membranes for retention of heavy metals
[1–3], carriers for immobilization of biologically
active substances [4], preparation of polymer
adsorbents [5], polymer metal complexes with cat-
alytically active centers [6–9] etc.
The grafted poly-4-vinylpyridine forms stable com-
plexes with transition metal ions and ions of metals
of higher valence. The presence of nitrogen con-
taining functional groups leads to formation of
metal complexes when treated with solutions of
heavy metal salts. The reactions of co-ordination of
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the polymer ligands with metal ion and the forma-
tion of new structures have been studied mainly by
spectroscopic methods [10–12]. The introduction
of a metal in the polymer chain provokes changes
in polymer behavior and its surface morphology.
The polymer-metal complexes contain polymer lig-
and which has specific structure where the central
metal ions are surrounded by different polymer
chains. [13].
In the present work, a modern method was used to
obtain nitrogen containing copolymers – radiation
grafting – which does not require the presence of
initiators, allows carrying out the process in wide
temperature interval and at high rates. The latter
can be easily controlled by varying the dose rate.
Besides, the method of radiation grafting ensures
purity of the copolymers obtained.
The metal complexes of the nitrogen containing
copolymers synthesized by the method described
above were studied in the reaction of cyclohexene
oxidation with tert-butylhydroperoxide [14].
The present paper reports for the preparation of the
metal complexes of radiation grafted nitrogen con-
taining copolymers. The aim of the paper is to
determine the electrochemical and physicochemi-
cal properties of the complexes between polyethene
or polytetrafluoroethene and grafted poly-4-
vinylpyridine with salts of FeCl3·6H2O,
CoCl2·6H2O, VOSO4·5H2O, Na2MoO4·2H2O and
Na2WO4·2H2O, as well as to discuss their possible
use in electronics.

2. Experimental part

2.1. Materials

Nitrogen containing copolymers with different
degrees of grafting of 4VP onto films (40 μm) of
low density polyethene (LDPE) ‘Ropoten T’ trade
FV 03-223, commercial product of Lukoil
Neftochim Co, Bourgas and polytetrafluoroethene
(PTFE) ‘Ftoroplast-4P’, product of ONPO ‘Plast-
polymer’, Russia and 4-vinylpyridine (4VP) (BASF,
Germany). All other reagents used FeCl3·6H2O,
CoCl2·6H2O, VOSO4·5H2O, Na2MoO4·2H2O and
Na2WO4·2H2O, HNO3 (Fluka, Switzerland), were
analytical grade.

2.2. Preparation of graft copolymers

The poly-4-vinylpyridine copolymers (LDPE-
graft-P4VP and PTFE-graft-P4VP) were obtained
by radiation graft-copolymerization of 4-vinylpyri-
dine (BASF, Germany) onto polyethene and poly-
tetrafluoroethene films using the direct method of
batch irradiation with post-effect. The irradiation
was carried out with γ-rays from 60Co source at
dose rate of 3.5 KGy/h and doses from 1 to 35 KGy
[15].
The polymer films were immersed in 240 cm3 of
40 mass% methanol solution of the corresponding
monomer placed in 250 cm3 glass reactor. The
grafting copolymerization was carried out in inert
medium. The polymerization time was 2 h after
each exposition and polymerization temperature
was 288 K. Mohr’s salt in concentration 1.5 mass%
vs the methanol-monomer solution was used as
inhibitor of the homopolymerization. After irradia-
tion, the films were washed with methanol and
extracted with methanol for 24 h to remove unre-
acted 4-vinylpyridine and its homopolymer. The
copolymers obtained were dried in vacuum at
343 K until constant mass. The nitrogen containing
copolymers used for the formation of complexes
were with grafting degrees of 4VP from 17.1 to
74.5 mass% for polyethene and from 0.7 to
13.4 mass% for polytetrafluoroethene, respec-
tively.

2.3. Synthesis of grafted copolymer-metal
complexes

The preparation of grafted copolymer-metal com-
plexes was carried out by treatment with 0.4 mass%
aqueous solutions of FeCl3·6H2O, CoCl2·6H2O,
VOSO4·5H2O, Na2MoO4·2H2O and Na2WO4·2H2O
for 12 h at 296 K under continuous stirring. The
complexes of Mo6+ and W6+ were prepared in aque-
ous-acid solutions with pH 2.5 [16].
The treated copolymer-metal complexes were dried
under vacuum at 323 K to constant mass.

2.4. Determination of metal ions content in
the polymer complexes

The amount of metal ions bonded to the polymer
matrix was determined spectrophotometrically on a
UV/VIS Spectrometer UNIGAN 8625 at the wave-
lengths (λmax [nm]). The amount of Mo, Co and W,
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were determined spectrophotometrically by com-
plexation with potassium rhodanide: Mo – λ =
460 nm, Co – λ = 620 nm and W – λ = 405 nm,
respectively. The amount of Fe, V and Cu, were
determined spectrophotometrically by complexa-
tion with sulfosalicylic acid, hydrogen peroxide
and ammonia at: λ = 470 nm, λ = 450 nm and
λ = 570 nm, respectively.

2.4.1. Determination of the amount of cobalt in
the polymer complexes

To draw a standard curve, a standard solution con-
taining 0.4769 g CoSO4·7H2O in 1000 cm3 H2O
was prepared. The extinctions of 8–10 samples
with different cobalt concentrations were measured
at λmax = 620 nm.
The extraction of Co2+ from the polymer metal
complex was carried out as follows: exact amount
of the sample was inundated with 10 cm3 1n H2SO4

for 24 h. Then, 1g KCNS and 10 cm3 CH3COCH3

were added to 10 cm3 of the solution studied. The
mixture was homogenized and the extinction at
λmax = 620 nm was measured.

2.4.2. Determination of the amount of iron con-
tained in the polymer complexes

To obtain the standard straight line, a 1 cm3 stan-
dard solution containing 0.1 mg Fe3+ was prepared.
For this purpose, 0.49 g FeCl3·6H2O was dissolved
in 1000 cm3 H2O. The extinctions of 8–10 samples
containing different amounts of iron were meas-
ured at λmax = 470 nm.
The iron was extracted from the polymer complex
using HCl. Exactly measured sample was inun-
dated with 10 cm3 aqueous solution of HCl (1:3),
then 5 cm3 10 mass% solution of sulphosalicyl acid
C7H6O6S·2H2O were added, followed by 5 cm3

buffer solution (2NH3:3H2O) to stop the observed
change of solution shade. Fe3+ was determined as
iron disalcylate. The solution volume was increased
to 50 cm3 by adding distilled water, it was homoge-
nized and the intensity of the coloring at λmax =
470 nm was measured.

2.4.3. Determination of the amount of tungsten
in the polymer complexes

The standard straight line was drawn by preparing
standard solution containing 0.178 g Na2WO4·2H2O

in 1000 cm3·H2O. The extinctions of 8–10 samples
containing different amounts of tungsten were
measured at λmax = 405 nm.
Tungsten was extracted from the polymer complex
by adding 20 cm3 aqueous solution of HCl (1:1).
Then, 5 cm3 SnCl2, 0.2 cm3 TiCl3 and 5 cm3

20 mass% KCNS solutions were added. The solu-
tion volume was increased to 50 cm3 by adding dis-
tilled water and the extinction at λmax = 405 nm was
measured.

2.4.4. Determination of the amount of 
molybdenum in the polymer complexes

The interaction between the molybdenum salts with
rodanide ions in the presence of a reducing agent
gives several molybdenum-rodanide complexes,
among which Mo(CNS)5 has the most intense
color. Therefore, aqueous solution of ammonium
paramolybdate (NH4)6Mo7O24·4H2O with concen-
tration of 0.184 g/l was prepared from which 1–10
drops were taken and added into 100 cm3 measur-
ing flask. Then 35 cm3 HCl (1:3), 3 cm3 20 mass%
solution of KCNS, 1g KJ and 1 cm3 freshly pre-
pared 1 mass% solution of Na2S2O3 were added.
The flask was vigorously agitated after adding each
solution. The solution volume was increased to the
mark by adding HCl and the extinction was meas-
ured after 10 min. Standard straight line was drawn
describing the dependence between the extinction
and mol concentration in the range 1–10 mg/l. Fur-
ther, exactly measured sample was placed in
100 cm3 flask and 35 cm3 aqueous solution of HCl
(1:3) were added. The solution was stored for 24 h
to eluate Mo, then it was treated by the method
described above. The extinction was measured at
λmax = 460 nm.

2.4.5. Determination of the amount of vanadium
in the polymer complexes

In acidic medium, vanadium interacts with H2O2 to
form yellow-orange complex. The standard solu-
tion was prepared as follows: 0.1786 g V2O5

(obtained by heating NH4VO3 at 500–550°C) was
dissolved in small excess of NaOH, then it was
neutralized with H2SO4 and distilled water was
added to reach solution volume of 1000 cm3. From
this solution,1–8 cm3 were pipetted into 50 cm3

measuring flask and 40 cm3 solution of 1n H2SO4
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and 1 cm3 3 mass% solution of H2O2. They were
filled up to the mark with distilled water and, after
10–15 min, the extinction was measured by
UV/VIS Spectrometer UNIGAN 8625 at wave-
length λmax = 450 nm. Standard straight line describ-
ing the dependence between the extinction and
vanadium concentration was drawn.
After the extraction of vanadium from the polymer
complex with 40 cm3 1n H2SO4 for 24 h, vanadium
concentration was determined by the method
described above. The extinction was measured at
λmax = 450 nm.

2.5. Analyses of the metal complexes of the
radiation grafted copolymers

2.5.1. Specific electric resistance

The specific electric resistance (R [ohm·m]) was
determined by the mercury contact method [17].
The complexes fixed between the two compart-
ments of a laboratory cell filled with mercury. The
contact area of samples with mercury was 10–4·m2.
Platinum electrodes were connected to a conduc-
tometer (OK-102/1, Hungary) The specific electric
resistance (R) was calculated as the reciprocal
value of the electric conductivity (γ) (Equations (1)
and (2)):

(1)

(2)

where γ – specific electric conductivity [S/m]; 
χ – measured electric conductivity [S]; d – thick-
ness of the metal complexes of the radiation grafted
copolymers [m].

2.5.2.Tensile properties

The tensile strength (σ [MPa]) and elongation (ε
[%]) of wet film samples and metal complexes
were determined according to ASTM D882 on an
‘Instron’ 4203 instrument at temperature of 293 K
and velocity of 100 mm/min (for PTFE) and
50 mm/min (for LDPE).

2.5.3. Thermal analysis

The thermal properties of the polymers and their
metal complexes were determined on an OD-102

derivatograph type, system F. Paulik–J. Paulik–
L. Erdey (MOM, Budapest, Hungary) by TG curves
and following conditions: rate of heating 6 K/min,
temperature range 293–873 K, amount of samples
100±0.5 mg in air medium.

3. Results and discussion

Radiation initiated graft polymerization is of scien-
tific interest in polymer chemistry due to the possi-
bilities it offers for practical implementation of the
materials obtained.
By direct irradiation from 60Co γ-source, copoly-
mers based on LDPE-graft-P4VP and PTFE-graft-
P4VP were synthesized with degrees of 4VP
grafting from 17.1 to 74.5% and from 0.7 to 13.4%,
respectively. Methanol solution of the monomer
with concentration 40 mass% was used. The basic
characteristics of the copolymers synthesized as
ion-exchange membranes were reported in previ-
ous papers [15].
An interaction was carried out between part of the
copolymers synthesized and aqueous solutions of
FeCl3·6H2O, CoCl2·6H2O, VOSO4·5H2O,
Na2MoO4·2H2O and Na2WO4·2H2O to obtain
metal pyridine complexes.
Poly-4-vinylpyridine, when grafted onto LDPE and
PTFE films, acts as a chelate center for some ions
of transition metals (Fe3+ and Co2+) and high
valency ions (VO2+, MoO2

2+ and WO2
2+).

The mechanism of the formation of the ‘polymer
ions’ by the reaction of molybdenyl, vanadyl and
tungstenyl ones with –O– atoms was studied and
described in our earlier paper [16].
The solution of Na2MoO4·2H2O in aqueous solu-
tion gives molybdenyl Mo (VI) anions according to
the following reaction:

Na2MoO4
→← 2Na+ + MoO4

2–

By acidic hydrolysis of the molybdenyl ions, ‘poly-
mer’ anions formed following the reactions :

7MoO4
2– + 8H+ →← Mo7O24

6– + 4H2O

8MoO4
2– + 12H+ →← Mo8O26

4– + 6H2O

In acidic solutions, the ‘polymer anions’ depoly-
merize to form molybdenyl cation MoO2

2+ along
the reaction:
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Mo7O24
6– + 20H+ →← 7MoO2

2+ + 10H2O

Mo8O26
4– + 20H+ →← 8MoO22+ + 10H2O

The solution of Na2WO4·2H2O in acidic aqueous
solutions lead to formation of tungstenate cations
(WO2

2+) according to similar reactions.
It is well known that vanadium ions form complex
compounds with donor atoms like nitrogen, oxygen
or sulfur. In aqueous solutions of vanadylsulfate,
vanadium exists in the form of vanadyl (VO2+)
cation [18].

VOSO4 → VO2+ + SO4
2–

In most cases, the co-ordination number of vana-
dium is five or six. Many complex compounds con-
taining VO2+ are blue or purple colored and most
often, the bidentate ligands form complexes in ratio
2:1 with VO2+.
The metal complexes are formed by bonding the
polymer ligands with the metal ions through a reac-
tion between the copolymer containing donor
atoms (in this case, N– atoms) and the metal ions
(Fe3+, Co2+, VO2+, MoO2

2+ and WO2
2+). Based on

our previous studies [14] and literary data [10, 19],
the probable co-ordination structure of the com-
pounds obtained is shown in Figures 1 and 2.
The amount of Fe3+, Co2+, VO2+, MoO2

2+ and
WO2

2+ in the polymer complexes was determined
spectrophotometrically and the results are pre-
sented in Table 1. As can be seen, the vanadyl ions
showed the highest affinity to co-ordination: 34.48
and 14.96 mg metal/g polymer carrier for LDPE-
graft-P4VP (P = 74.5%) and PTFE-graft-P4VP
(P = 13.4%), respectively. The amount of the metal

ions bonded to the nitrogen ligand increased with
the increase of the grafting degree. The co-ordina-
tion structure of the metal complexes was analyzed
using IR, Moessbauer spectroscopy and EPR in our
earlier paper [14].
The content of hydrophilic groups in the grafted
polymer-metal complexes stipulates their swelling
in electrolytes and has strong effect on their spe-
cific electric conductivity. Figure 3. shows the
semi-logarithmic dependence of the specific elec-
tric resistance (R [ohm·m]) of some of the materials
obtained on the degree of grafting (P) of 4VP.

589

Turmanova – eXPRESS Polymer Letters Vol.1, No.9 (2007) 585–593

Figure 1. 1-Intramolecular co-ordination structure of 
PE-graft-P4VP-VO2+

Figure 2. 2-Intermolecular co-ordination structure of
PTFE-graft-P4VP-Co2+

Table1. Content of metal ions in PE-graft-P4VP and PTFE-graft-P4VP [mg metal/g] polymer carrier

Polymer carrier 
Degree of grafting

P [%]
Co2+ Fe3+ MoO2

2+ VO2+ WO2
2+

PE-graft-P4VP
17.1 0.21 2.45 3.09 18.12 0.11
35.1 0.44 3.13 4.11 23.89 0.49
39.2 0.51 3.98 4.39 26.77 0.54
66.2 0.67 4.56 4.87 29.98 0.78
69.0 0.78 4.88 4.98 32.15 0.86
74.5 0.93 5.30 5.15 34.48 1.03

PTFE-graft-P4VP
0.7 0.08 0.03 0.11 0.98 0.02
6.5 0.56 0.14 1.56 1.87 0.12
8.2 0.87 0.45 5.67 5.98 0.25

13.4 1.45 0.72 10.93 14.96 0.53



The change of the values of the specific electric
resistance of the different complexes can be
explained also with the affinity of each metal ion to
formation of complexes. The metal ion changes the
number of hydrophilic groups in the film and, as a
result, affects materials resistance. The influences
of the metal ion nature and degree of oxidation to R
can be described as follows: LDPE-graft-P4VP >
LDPE-graft-P4VP-Co2+ > LDPE-graft-P4VP-
WO2

2+ > LDPE-graft-P4VP-MoO2
2+ > LDPE-

graft-P4VP-Fe3+ > LDPE-graft-P4VP-VO2+.
It can be seen from the figure that, at a grafting
degree of 45%, R of the metal complexes of Fe3+,
Co2+, MoO2

2+, WO2
2+ and VO2+, changed within

the interval 102–104 Ω·m, depending on ion nature.
Probably, ion associates formed at higher degrees
of grafting, which are responsible for the electro-
chemical properties of the materials. The values of
R of LDPE-graft-P4VP changed from 108 to 105 for
degrees of grafting of 4VP from 17.1 to 74.5%. The
higher electric conductivity observed (up to several
orders) for the metal complexes compared to the
initial copolymers were stipulated by the number

and the distribution of the easier ionizing groups in
the complexes. The highest electric conductivity
showed the metal complexes of the copolymers
with VO2+. The materials obtained had lower elec-
tric resistance than that of the initial unmodified
copolymers. These results can be explained with
the fact that the chelating agents (salts of metals of
variable valence) have free ions and electron
mobility which improve their electric conductivity.
Similar investigation on the specific electric resist-
ance of metal complexes based on poly-4-
vinylpyridine grafted onto polytetrafluoroethene
films were also carried out. For polytetrafluo-
roethene, which is an excellent dielectric, the val-
ues of the specific electric resistance changed from
108 for the initial copolymer PTFE-graft-P4VP to
103 Ω·m for the metal complexes with transition
metals and the metals with variable valence
(Table 2).
The data from DTA analyses of the grafted copoly-
mers of PE with degree of P4VP grafting 74.5%,
PTFE with degree of P4VP grafting 8.1% and their
metal complexes showed that the thermooxidative
destruction occurs in two stages: primary ther-
mooxidative destruction of the side chains of
grafted P4VP followed by destruction of PE or
PTFE polymer matrix. The complexes of all sam-
ples did not form a separate phase which would
have its own stage of decomposition and, therefore,
had similar melting temperatures. The starting
decomposion temperature of PE and PTFE metal
complexes with W and V was by 15–20 K higher
than that of the initial copolymers with the same
degree of P4VP grafting – Table 3. It could be sug-
gested that ‘cross-linking’ takes place between the
metal ions and the polymer carrier. For the com-
plexes of PE-graft-P4VP with W and Mo, the first
exothermal peak of destruction was shifted to
higher temperatures (545–558 K), than that of the
initial PE-graft-P4VP (520 K). This exothermal
peak is due to the primary oxidation of PE, where
hydroperoxides are accumulated without weight
loss. Therefore, the complexes had the necessary
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Figure 3. Dependence of the specific electric resistance 
(R [Ω·m]) of PE-graft-P4VP films (♦) and their
metal complexes with Co2+ ( ), WO2

2+ (Δ),
MoO2

2+(•), Fe3+ ( ) and VO2+ ( ) on the degree
of grafting of 4VP (P [%])

Table 2. Dependence of the specific electric resistance of PTFE-graft-P4VP films and their metal complexes on the degree
of grafting of 4VP

Degree of 
grafting

[%]

Specific electric resistance [ΩΩ·m]
PTFE-graft-

P4VP
PTFE-graft-
P4VP-Co2+

PTFE-graft-
P4VP-Fe3+

PTFE-graft-
P4VP-VO2+

PTFE-graft-
P4VP-MoO2

2+
PTFE-graft-
P4VP-WO2

2+

06.5 >1.0·1010 >1.0·108 1.4·107 4.4·105 2.6·106 7.3·106

08.2 05.0·109 05.0·106 1.5·105 8.1·103 5.3·104 5.0·104

13.4 01.3·107 01.3·105 1.3·105 6.1·103 4.1·104 2.2·104



thermal stability and could be used as catalysts in
reactions carried out in the temperature interval
293–383 K and 293–526 K (for metal complexes
based on of PE and PTFE, respectively).
The physicomechanical properties of LDPE-graft-
P4VP and PTFE-graft-P4VP copolymers and their
complexes with heavy metals are illustrated in Fig-
ures 4–7, respectively.
The metal complexes of LDPE-graft-P4VP showed
clearly a tendency to increase of σ from 25 to
29 MPa at grafting degrees P = 60%. This increase
was probably due to the formation of intermolecu-
lar associates (clusters) and additional ‘cross-link-
ing’ of polymer molecules by the metal ions. At
grafting degrees higher than 69% (higher content of
metal ions, respectively), the mechanical strength
slightly decreased. This observation can be
explained with the simultaneous effects of the fol-
lowing factors: heterogeneity of the process of

grafting, generation of stresses within the polymer
matrix and decrease of the grafted layer thickness.
Besides, the tensile strength of the grafted copoly-
mers and their metal complexes measured at
P = 69.0% changed in the following order: LDPE-
graft-P4VP < LDPE-graft-P4VP-Co2+ < LDPE-
graft-P4VP-WO2

2+ < LDPE-graft-P4VP-MoO2
2+

< LDPE-graft-P4VP-Fe3+ < LDPE-graft-P4VP-
VO2+. These results correlate well with the stability
of the chelate complexes.
The metal complexes of PTFE-graft-P4VP showed
increased strength at increased content of bonded
metal (degree of grafting, respectively). Processes
of radiation destruction were observed in this poly-
mer because of the high irradiation doses, which
worsened its mechanical properties. The nature of
the metal ion involved exerted effect on the
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Figure 4. Dependence of the tensile strength (σ [MPa]) of
LDPE-graft-P4VP films (♦) and their metal
complexes with Co2+ ( ), WO2

2+ (Δ),
MoO2

2+(•), Fe3+ ( ) and VO2+ ( ) on the degree
of grafting of 4VP (P [%])

Figure 5. Dependence of the tensile strength (σ [MPa]) of
PTFE-graft-P4VP films (♦) and their metal
complexes with Co2+ ( ), WO2

2+ (Δ),
MoO2

2+(•), Fe3+ ( ) and VO2+ ( ) on the degree
of grafting of 4VP (P [%])

Table 3. Thermal properties of PE-graft-P4VP and PTFE-graft-P4VP copolymers and their metal complexes with grafting
degree 74.5% and 8.1%

Metal complex
Tm

[K]
Primary oxidation destruction 

ΔT [K]
Main chain destruction 

ΔT [K]
Tfirst exothermal peak

[K]

PE-graft-P4VP 381 494–684 684–771 520

PE-graft-P4VP-VO2+ 383 509–687 687–773 527

PE-graft-P4VP-WO2
2+ 390 514–689 689–775 545

PE-graft-P4VP-MoO2
2+ 393 504–693 693–775 558

PE-graft-P4VP-Fe3+ 390 505–691 691–772 527

PE-graft-P4VP-Co2+ 385 498–688 688–770 539

PTFE-graft-P4VP 604 522–634 634-853 –

PTFE-graft-P4VP-VO2+ 610 537–652 652–868 –

PTFE-graft-P4VP-WO2
2+ 615 549–660 660–872 –

PTFE-graft-P4VP-MoO2
2+ 612 530–662 662–870 –

PTFE-graft-P4VP-Fe3+ 610 526–654 654–865 –

PTFE-graft-P4VP-Co2+ 608 587–658 658–867 –



mechanical strength in the following order: PTFE-
graft-P4VP < PTFE-graft-P4VP-Co2+ < PTFE-
graft-P4VP-WO2

2+ < PTFE-graft-P4VP-MoO2
2+ ≤

PTFE-graft-P4VP-Fe3+ < PTFE-graft-P4VP-
VO2+.
For all the polymer complexes studied, the elonga-
tion decreased with the increase of the degree of
grafting which can be explained with the formation
of physical nodes of ion associates. Another proba-

ble reason for the loss of elasticity could be related
to the formation of cross-linked intra- and intermol-
ecular structures involving the heavy metal ions
present in the material. The elongation at break
(ε [%]) of all the metal complexes studied
decreased with the increase of the degree of graft-
ing. It changed from 290 to 170% for the com-
plexes of LDPE-graft-P4VP and from 28 to 4% for
the metal complexes of PTFE-graft-P4VP (remain-
ing almost the same at degree of grafting 5%) –
Figures 6 and 7.

4. Conclusions

Metal complexes of radiation-grafted nitrogen-con-
taining copolymers were obtained using radiation
grafted poly-4-vinylpyridine onto films of poly-
ethene and polytetrafluoroethene by forming com-
plexes with solutions of the following salts:
FeCl3·6H2O, CoCl2·6H2O, VOSO4·5H2O,
Na2MoO4·2H2O and Na2WO4·2H2O. The introduc-
tion of metal ions in the copolymers was found to
be from 0.03 to 34.48 mg metal/g and depended on
the ion nature and its content in the complex. The
formation of complexes with metal ions improved
the electrochemical properties of the films com-
pared to the initial copolymers. The materials
obtained had electric resistance ranging from 108 to
103 Ω·m. The mechanical strength was found to
increase to 29 MPa at grafting degree of 69.0% for
the metal complexes of LDPE-graft-P4VP and to
27.5 MPa at grafting degree 8.2% for metal com-
plexes of PTFE-graft-P4VP. For all the polymer
metal complexes studied, the increase of the
amount of metal ions in the polymer matrix
resulted in a decrease of the elongation at break.
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1. Introduction

Several studies have been done in our laboratories
on the synthesis of N-monosubstituted acrylamides
[1–3] and their radical copolymerization with com-
mercial monomers. These studies clearly show that
the nature as well as position of the substituent had
a large effect on monomer reactivity ratios, glass
transition temperatures and antimicrobial proper-
ties. Copolymers with reactive or functional mono-
mers are gaining importance steadily. The poten-
tially wide range of applications for functionalized
polymeric materials has made these materials
important. 2-Hydroxyethyl methacrylate (HEMA)
hydrogels are materials with a large number of bio-
medical applications, such as contact lenses, artifi-
cial implants, drug delivery systemes [4, 5], due to
their biocompatibility, hydrophilicity, softness,
high water content and permeability. Considerable

work on polymers and copolymers of HEMA has
been published in the recent years [6–8]. The
understanding of copolymerization kinetics has
gained great importance in recent decades. Because
of this fact, the prediction of monomer reactivity
ratios becomes a valuable quantitative aspect.
Moreover, copolymerization is an important and
useful way to develop new materials. Copolymer-
ization modulates both the intramolecular and
intermolecular forces exercised between like and
unlike polymer segments. Therefore, properties
such as the glass transition temperature, melting
point, solubility, crystallinity, permeability, adhe-
sion, elasticity, and chemical reactivity may be var-
ied within wide limits [9]. Most existing procedures
for calculating reactivity ratios can be classified as
linear least-squares (LLS), and non-linear least-
squares (NLLS) methods. It is accepted that LLS
methods such as those proposed by Finemann and
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Ross [10], and by Kelen and Tüdõs [11], can only
be applied to experimental data at sufficiently low
conversion, because the calculation is based on the
differential copolymerization equation [12]. The
extended Kelen-Tüdõs method [13] involves a
rather more complex calculation.
We report here the homopolymer and copolymers
of BrPMAAm with HEMA using different feed
ratios. The copolymer composition was determined
by elemental analysis. The effect of BrPMAAm
content on the thermal properties of resulting
copolymers was investigated. Homopolymer and
copolymers were also tested for their antimicrobial
properties against microorganisms such as Staphy-
lococcus aureus COWAN I, Bacillus subtilis ATCC
6633, Escherichia coli ATTC 25922, Klebsiella
pneumonia FMCS, Pseudomonas aeruginosa DSM
50071, and yeast, Candida tropcalis ATCC 13803,
Candida globrata ATCC 66032, and Candida albi-
cans CCM 314.

2. Experimental

2.1. Materials

BrPMAAm monomer was prepared as reported
[14]. 2-hydroxyethyl methacrylate (HEMA) was
purchased from Merck which was purified by vac-
uum distillation at 68°C/7 mmHg. α,α’-azobi-
sisobutyronitrile (AIBN) was recrystallized from
chloroform-methanol. 1,4-dioxane, diethylether,
(Merck), were analytical grade commercial prod-
ucts and used as received.

2.2. Copolymerization

Homo- and copolymerization reactions were car-
ried out in 1,4-dioxane using 2,2’-azobisisobuty-
ronitrile (AIBN) as an initiator. Predetermined
quantities of BrPMAAm, 2-hydroxyethyl methacry-
late (HEMA), 1,4-dioxane (4 mol·l–1), and AIBN
were mixed in a round-bottomed flask equipped
with mechanical stirrer and reflux condenser. The
initiator concentration was 12·10–3 mol·l–1. The
solution was purged with nitrogen for about
10 min, and the reaction mixtures were purged
again for several minutes prior to heating. The reac-
tion mixture was heated to 70°C with constant stir-
ring. The mixtures were then cooled to room
temperature and slowly poured, with constant stir-
ring, into a large excess of diethylether that was

used as a nonsolvent. Solid polymers were purified
by repeated precipitation with the diethylether from
solution in 1,4-dioxane and finally dried under vac-
uum.

2.3. Characterization techniques

Infra-red spectra were measured on a Jasco 460
Plus FT-IR spectrometer. 1H- and 13C-NMR spec-
tra of the polymers were recorded in DMSO-d6

with tetramethylsilane as the internal standard
using a Gemini Varian 200 MHz NMR spectrome-
ter. Thermal data were obtained by using a Setaram
Labsys TG-DSC/DTA thermobalance in N2 atmos-
phere. Elemental analyses were carried out by a
LECO CHNSO-932 auto microanalyser. Molecular
weight; (Mw and Mn) of the polymers were deter-
mined using Waters 410 gel permeation chro-
matography equipped with a differential refractive
index detector and calibrated with polystyrene stan-
dards.

3. Results and discussion

3.1. Copolymer characterization

The copolymerizations of BrPMAAm with HEMA
can be represented according to Figure 1.

3.1.1. FTIR spectrum

The FTIR spectra of the homo- and copolymer are
shown in Figure 2. The FTIR spectra confirmed the
structure of polymers in all aspects. In the FTIR
spectra (a) of HEMA; the broad band at 3500 cm–1

is the most characteristic for hydroxyl group at
HEMA units. A strong band at at 1740 cm–1 which
is attributed to the ester carbonyl of HEMA units.
The other characteristic bands confirmed the struc-
ture of HEMA polymers in all aspects. In the FTIR
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Figure 1. The structure monomeric units of the copolymer
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Figure 2. FTIR spectrum of a) poly(HEMA), b) poly(BrPMAAm-co-HEMA) (0.64:0.36), c) poly(BrPMAAm-co-HEMA)
(0.28:0.72), and d) poly(BrPMAAm)



spectra of (b, c and d) the band at 3320 cm–1 (–NH
in the BrPMAAm unit) is the most characteristic
for the polymer. The peak at 3050 cm–1 corre-
sponds to the C–H stretching of the aromatic sys-
tem. The symmetrical and asymmetrical stretching
bands due to the methyl and methylene groups are
observed at 2985, 2940 and 2865 cm–1. The peak at
1740 cm–1 is attributed to the ester carbonyl stretch-
ing of HEMA units. The absorption at 1700 cm–1

could be assigned for a complex stretching vibra-
tions of C=O and C–N, while the strong absorption
at 1300 cm–1 could be attributed predominantly to
C–O stretching. The broad band at 1440 cm–1 could
be due to the C–N scissoring vibration of the
–N–C=O group. The ring breathing vibrations of
the aromatic nuclei are observed at 1600, 1505 and
1470 cm–1. The asymmetrical and symmetrical
bending vibrations of methyl groups are seen at
1455 and 1380 cm–1. The C–H and C=C out of
plane bending vibrations of the aromatic nuclei are
observed at 790 and 565 cm–1, respectively.

3.1.2. 1H-NMR spectrum

The 1H-NMR spectra of the copolymer poly(BrP-
MMAm-co-HEMA) (0.61:0.39) and its assign-
ments are shown in Figure 3a. The chemical shift
assignments for the copolymers were based on the
chemical shifts observed for the respective
homopolymers. The resonance signals at 9.88 ppm
correspond to the NH protons of the BrPMAAm
unit. The aromatic protons show signals between
7.62 and 7.20 ppm. The spectrum shows two sig-

nals at 4.81 and 4.02 ppm, which are due to
–CH2CH2–OH group at HEMA units. The back-
bone methylene groups show signals at 1.54–
2.01 ppm. The signals obtained at 1.22 and 1.10 ppm
are due to the α-methyl protons of both the
monomer units.

3.1.3. 13C-NMR spectrum

The proton decoupled 13C-NMR spectrum of the
copolymer poly(BrPMMAm-co-HEMA) (0.61:
0.39) and its assignments are shown in Figure 3b.
The amide carbonyl of BrPMAAm appeared at
166.1 ppm while the ester carbonyl of HEMA
appeared at 168.6 ppm. The aromatic carbons of
BrPMAAm unit in copolymer appeared at 142.2,
136.3, 127.4 and 124.0 ppm, respectively. The
hydroxyethyl carbon atoms of HEMA unit appeared
at 64.4, 66.4 ppm, respectively. The signals due to
the backbone methylene carbon atoms are observed
at 58.2 and 56.0 ppm, while those of the tertiary
carbons is observed at 45.1 and 43.3 ppm. The α-
methyl carbon atoms of both monomeric units give
a series of resonance signal at 18.2 ppm.

3.1.4. Molecular weights of the polymers

The molecular weights of the polymers were deter-
mined by gel permation chromatography (GPC)
with polystyrene and tetrahydrofuran as the stan-
dard and solvent, respectively. The weight average
(Mw) and number average (Mn) molecular weights
and the polydispersity indexes (PDI); (Mw/Mn) of
polymer samples are presented in Table 1. The
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Table 1. Summary of composition and molecular weights of the Poly(BrPMAAm-co-HEMA) systema

aPolymerization conditions: 1,4-dioxane solution (4 mol·l–1); temperature:70±1°C; initiator:AIBN (0.1%, based on total molar of
monomers) (12·10–3 mol·l–1). bThe molar fraction of BrPMAAm at feed. cThe molar fraction of HEMA at feed. dDetermined by ele-
menteal analysis. eDetermined by gravimetrically. fThe molar fraction of BrPMAAm in copolymer, obtained from elementel analysis.
gThe molar fraction of HEMA in copolymer, obtained from elementel analysis. hPoly dispersity index.

Sample MBrPMAAmb MHEMAc N [%]d Conv. [%]e mBrPMAAmf mHEMAg Mw·10–4 Mn·10–4 PDIh

Copoly-1 0.10 0.90 0.541 9.6 0.05 0.95 3.22 1.73 1.86
Copoly-2 0.20 0.80 1.439 8.2 0.14 0.86 2.88 1.65 1.75
Copoly-3 0.30 0.70 2.264 10.8 0.24 0.76 2.44 1.28 1.90
Copoly-4 0.40 0.60 2.553 7.3 0.28 0.72 2.70 1.63 1.66
Copoly-5 0.50 0.50 3.257 11.2 0.39 0.61 3.10 1.80 1.72
Copoly-6 0.60 0.40 3.598 7.3 0.45 0.55 3.08 1.73 1.78
Copoly-7 0.70 0.30 4.103 10.5 0.54 0.46 2.92 1.50 1.94
Copoly-8 0.75 0.25 4.437 7.6 0.61 0.39 2.56 1.50 1.70
Copoly-9 0.80 0.20 4.561 9.4 0.64 0.36 3.44 1.83 1.88
Copoly-10 0.90 0.10 4.974 8.7 0.74 0.26 2.78 1.65 1.68
Poly(BrPMAAm) 1.00 – – 88.4 1.00 – 2.80 1.52 1.84
Poly(HEMA) – 1.00 – 88.6 1.0 3.04 1.69 1.80



polydispersity index of the polymers ranges
between 1.66 and 1.94. The theoretical values of
PDI for polymers produced via radical recombina-
tion and disproportionation are 1.5 and 2.0, respec-
tively [15]. This suggests that polymers were
produced mainly via termination of growing chain
by disproportionation.

3.2. Copolymer composition and monomer
reactivity ratios

The monomer reactivity ratios for the copolymer-
ization of BrPMAAm with HEMA were deter-
mined from the monomer feed ratios and the
copolymer composition. The classical approach for
acquiring copolymer data was to isolate the copoly-
mers from each of 10 feed compositions at early
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Figure 3. a) 1H-NMR spectra and b) 13C-NMR spectra of copoly(BrPMAAm-co-HEMA); m1:m2: (0.61:0.39)



conversions and analyze the copolymer composi-
tions by elemental analyses. The analytical data for
copolymerization of BrPMAAm with HEMA as an
example are illustrated in Table 1. The plot of the
mole fractions of BrPMAAm (M1) in the feed vs.
that in the copolymer (m1) is shown in Figure 4. It
clearly indicates that the composition of BrP-
MAAm in the copolymer is always lower than that
in the feed. The Fineman-Ross (FR) [10], and
Kelen-Tüdõs (KT) [11] and Extended Kelen-Tüdõs
(EKT) [13] methods were used to determine the

monomer reactivity ratios. The graphical plots con-
cerning the methods previously reported are given
in Figures 5, 6 and 7; whereas the reactivity ratios
are summarized in Table 2. The monomer reactiv-
ity ratios determined by conventional linearization
methods are only approximate and are usually
employed as good starting values for non-linear
parameter estimation schemes. In the determination
of the monomer reactivity studies, the curves of the
F-R, K-T and ext.K-T methods are quite different
from straight lines, because, these methods are con-
ventional linearization methods.
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Table 2. Comparison of the monomer reactivity ratios of BrPMAAm with HEMA by various methods

System Methods r1 r2 r1·r2 1/r1 1/r2

Copoly(BrPMAAm-HEMA)

F-R 0.2668 1.1374 0.3034 3.7481 0.8792
K-T 0.3790 1.5178 0.5752 2.6385 0.6588

Ext.K-T 0.3488 1.5275 0.5328 2.8669 0.6547
RREVM 0.4587 1.6100 0.7385 2.1800 0.6211

Figure 4. Copolymer composition diagram for poly(BrP-
MAAm-co-HEMA) system. (M1: Feed composi-
tion in mole fraction for BrPMAAm;
m1: Copolymer composition in mole fraction for
BrPMAAm).

Figure 6. KT plots for determining monomer reactivity
ratios in copolymerization of BrPMAAm (M1)
and HEMA (M2) data of elemental analysis

Figure 7. Ext.KT plots for determining monomer reactiv-
ity ratios in copolymerization of BrPMAAm
(M1) and HEMA (M2) data of elemental analysis

Figure 5. FR plots for determining monomer reactivity
ratios in copolymerization of BrPMAAm (M1)
and HEMA (M2) data of elemental analysis



To determine more reliable values of monomer
reactivity ratios, a non-linear error-in-variables
model (EVM) method is used utilizing the com-
puter program, RREVM [16]. Various statistical
treatments of the feed and copolymer compositions
can be used to determine monomer reactivity ratios.
The nonlinear methodology used selected values of
r1 and r2, where the sum of the squares of the differ-
ences between the observed and the computed
polymer compositions was minimized. With this
criterion for the nonlinear least-squares method of
analysis, the values for the monomer reactivity
ratios were unique for a given set of data. The pro-
gram produces monomer reactivity ratios for the
monomers in the system with a 95% joint confi-
dence limit determination. The joint confidence
limit is a quantitative estimation of the validity of
the results of the experiments and the calculations
performed. This method of data analysis consists of
obtaining initial estimates of the monomer reactiv-
ity ratios for the system and experimental data of
comonomer charge amounts and comonomer
amounts that have been incorporated into the
copolymer, both in molar fractions. Tidwell and
Mortimer [17] produced a nonlinear least-squares
method that allowed rigorous applications of statis-
tical analysis for reactivity ratios r1 and r2. This
method is a modification or extension of the curve-
fitting model and allows the calculations to be
quantitatively analyzed. Extensive calculations are
needed, but a computer program by Polic et al. [16]
permits rapid data analysis of the nonlinear calcula-
tions. The 95% joint confidence regions for the
determined r1 and r2 values using RREVM are
shown in Figure 8. The r1 and r2 values from meth-
ods such as F-R, K-T, EKT and RREVM are pre-
sented in Table 2.
The microstructure of a polymeric material plays
an important role in the behavior of the material
toward a variety of biological systems and could be
especially important in copolymerizations with
monomers of different reactivities [18]. This
implies that the type of copolymer prepared (i. e.,
random, alternating, or block) may affect the
response elicited by the material in a biological
environment. Monomer reactivity ratios provide a
tool for estimating the average compositions of
copolymers and the relative placement of reactive
or functional monomers along the polymer chain
[18]. The reactivity ratio values are also valuable

because the final composition of a copolymer is not
simply dependent on the amounts of the two
monomers present; this is especially true for
monomers displaying substantial differences in the
copolymerization rates. The final composition of a
copolymer also depends on the method of monomer
introduction, that is, whether the monomers are
added all at once or incrementally over the course
of the copolymerization. Both the composition and
placement of monomers are dependent on the rela-
tive reactivity of each monomer in the system
toward the growing polymer radicals, and vice
versa.
The product of r1 is less than 1 and r2 is greater than
1, which indicates that the system leads to random
distribution of monomer units with a longer
sequence of HEMA units in the copolymer chain.
Generally, neutral olefin molecules and those olefin
molecules containing moderately electron-donating
or electron-withdrawing groups favor free radical
polymerization. HEMA consists of an electron-
withdrawing ester group and an electron-donating
methyl group and attached to an olefin molecule,
while BrPMAAm consists of electron withdrawing
phenyl amide group and an electron-donating
methyl group attached to an olefin molecule. But
the net charge on the HEMA molecule is less when
compared to BrPMAAm, and therefore, the reactiv-
ity of HEMA is more than that of BrPMAAm.
Moreover, the relative reactivity of the comonomers
has to be decided not only in terms of the electronic
effects, but also of the steric effects and the overall
polarity of the molecule.
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Figure 8. 95% joint confidence region of r1 and r2 values
by RREVM for BrPMAAm-HEMA copolymer
system



3.3. Thermal properties

As evidenced from Figure 9, TGA curves have
characteristic three-step decomposition regions.
The first weight loss region appears around
50–150°C associated with dehydration of partially
degradated of amide groups; secondary weight loss
occurring around 150–300°C can be related to pos-
sible decarboxylation and/or other reactions of
side-chain units. At last weight loss around 315–
450°C indicates the main-chain degradation reac-
tions and breakdown of the polymer backbone[18].
Copolymers show a high thermal stability which
increases with increasing HEMA content in copoly-
mers.

3.4. Antimicrobial screening

The biological activities of polymers were tested
against different microorganisms using DMSO as
the solvent. The sample concentrations was 100 µg.
In this study, Staphylococcus aureus COWAN I,
Bacillus subtilis ATCC 6633, Escherichia coli
ATTC 25922, Klebsiella pneumonia FMCS,

Pseudomonas aeruginosa DSM 50071 have been
used as bacteria, Candida tropcalis ATCC 13803,
Candida globrata ATCC 66032, and Candida albi-
cans CCM 314 as yeast.
The antibiotic sensitivities of the polymers were
tested by using the antibiotic disk assay as
described [19]. Muller-Hinton Agar 1.0% (w/v)
beef extract, 2.0% (w/v) bactopeptone, 1.0% (w/v)
glucose, 2.0% (w/v) agar was purchased from
Difco. 1.5 ml of each prepared different cell culture
was transferred into 20 ml of Muller-Hinton Agar
(MHA) and mixed gently. The mixture was inocu-
lated into the plate. The plates were rotated firmly
and allowed to dry at room temperature for 10 min-
utes. Prepared antibiotic disks (100 µg) were placed
on the surface of the agar medium [20]. The plates
were kept at 5°C for 30 minutes then incubated at
35°C for 2 days. If a toxic compound leached out
from the disc the microbial growth was inhibited
around the sample. The width of this area expressed
the antibacterial or antifungal activities by diffu-
sion. The zones of inhibition of the microorganism
growth of the standard samples, investigated poly-
mers were measured with a millimeter ruler at the
end of incubation period. The data reported in
Table 3 are the average data of three experiments.
The results were standardized against Kanamycin
and Amphicillin under the same conditions. The
results show that the investigated polymers have
good biological activity comparable with control
drugs such as Kanamycin (KAN) and Amphicillin
(AMP). The first six copolymers showed good
antimicrobial activities. Inhibition zone was signif-
icantly increased with HEMA content. In the case
of bacteria and yeast, all copolymers allowed least
growth (40–50%) were exhibited, because 2-
hydroxyethyl methacrylate (HEMA) exhibits bio-
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Table 3. Antimicrobial activity of compounds

E.coli Kleb. Pseudo Staph Bacill C.glo C.tro C.albi
Copoly-1 9 11 11 11 10 15 17 15
Copoly-2 8 10 11 11 9 10 11 10
Copoly-3 8 10 10 11 8 8 10 10
Copoly-4 8 8 8 10 8 8 9 8
Copoly-5 8 8 – – 8 8 9 8
Copoly-6 8 – – – 8 8 8 8
Copoly-7 – – – – 8 – 8 –
Copoly-8 – – – – – – – –
Copoly-9 – – – – – – – –
Copoly-10 – – – – – – – –
KAN 20 19 21 21 22 22 22 21
AMP 19 19 23 22 21 21 22 23

Figure 9. TGA curves of the investigated homo-and
copolymers



compatibility, hydrophilicity, softness, high water
content and permeability.

4. Conclusions

Poly(BrPMAAm) and the copolymers of BrP-
MAAm with HEMA were synthesized by free radi-
cal polymerization in 1,4-dioxane at 70°C. Charac-
terization of copolymers were performed by FT-IR,
1H-NMR and 13C-NMR techniques. The r1 value is
less than 1, and r2 is greater than 1. This indicates
that the system forms a random copolymer with a
longer sequence of HEMA units in the copolymer
chain. The antimicrobial activity on the homo- and
copolymers of BrPMAAm with HEMA was inves-
tigated. As the percentage of HEMA in the copoly-
mers increases, the effectiveness of the copolymers
to inhibit the growth of the microorganisms
increases. It is to be remembered that the conforma-
tion the polymers acquired under experimental con-
ditions is a factor for their antigrowth activity.
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[14] Delibaş̧ A., Soykan C.: Novel copolymers of N-(4-
Bromophenyl)-2-methacrylamide with 2-acrylamido-
2-methyl-1-propanesulfonic acid. Journal of Macro-
molecular Science: Pure and Applied Chemistry, 44,
969–975 (2007).

[15] Teramachi S., Hasegawa A., Akatsuka M., Yamashita
A., Takemoto N.: Molecular weight distribution and
correlation between chemical composition and molec-
ular weight in a high-conversion copolymer of
styrene-methyl acrylate. Macromolecules, 11, 1206–
1210 (1978).

[16] Polic A. L., Duever T. A., Penlidis A.: Case studies
and literature review on the estimation of copolymer-
ization reactivity ratios. Journal of Polymer Science,
Part A: Polymer Chemistry, 36, 813–822 (1998).

[17] Tidwell P. M., Mortimer G. A.: An improved method
of calculating copolymerization reactivity ratios. Jour-
nal of Polymer Science, Part A, 3, 369–387 (1965).

602

Soykan et al. – eXPRESS Polymer Letters Vol.1, No.9 (2007) 594–603



[18] Aguilar M. R., Gallardo A., del Mar Fernandez M.,
San Roman J.: In situ quantitative H-1 NMR monitor-
ing of monomer consumption: A simple and fast way
of estimating reactivity ratios. Macromolecules, 35,
2036–2041 (2002).

[19] Zhang C., Easteal A. J.: Study of poly(acrylamide-co-
2-acrylamido-2-methylpropane sulfonic acid) hydro-
gels made using gamma radiation initiation. Journal of
Applied Polymer Science, 89, 1322–1330 (2003).

[20] Chan E. C. S., Pelczar M. J., Krieg N. R.: Agar-diffu-
sion method. In ‘Laboratory exercises in microbiol-
ogy’ (Eds.: Chan E. C. S., Pelczar M. J., Krieg N. R.)
225–232, McGraw-Hill, New York, USA (1993).

603

Soykan et al. – eXPRESS Polymer Letters Vol.1, No.9 (2007) 594–603



1. Introduction

Physical properties of nano-sized metals, like sur-
face plasmon resonance, luminescence, superpara-
magnetism, etc., are strictly related to the
microstructure [1]. Consequently, the characteris-
tics of nanoscopic metals can be simply tuned by
modifying their morphology (i. e., the particle size
and shape). Size-control has represented the first
approach to achieve specific physical characteris-
tics, but also shape-control can be used for the same
purpose [2]. The dependence of physical properties
on particle shape makes this second approach as the
most convenient to tailor specific nanostructure
properties. In the last decades, shape-control has
represented a great challenge for researchers work-
ing in the nanoscience area, but it is quite difficult
to obtain and it has been achieved only in few cases
by solution-chemistry routes based on adequate
capping agents [2].

Recently, a novel in situ chemical route for the syn-
thesis of metal nanoparticles confined in polymeric
matrices has been developed [3]. Such approach is
based on the thermal decomposition of special
metal precursors (namely homoleptic mercaptides)
dissolved into a polymeric medium. In this paper,
the isothermal decomposition of gold dodecyl-mer-
captide in poly(vinyl acetate) at a temperature of
160°C has been investigated. This polymeric
growth medium for the metal phase has shown a
certain ability to influence crystal development,
originating a differential growth in the crystallo-
graphic directions. In particular, the polymer side-
groups are selectively adsorbed on specific crystal
faces (the most acid one) [4], thus inhibiting the
development of these crystal faces, while the less-
acid faces may grow by progressive deposition of
gold atoms. However, such selective ‘poisoning-
effect’ produced by the poly(vinyl acetate) side-
groups can be well evidenced only after that a sig-
nificant growth of gold crystals has occurred. Con-
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sequently, the formation of simple polyhedral
structures (nano-prisms) is observed in the system
when gold nanocrystals have reached a size of sev-
eral tens of nanometers. To the best of our knowl-
edge, it is the fist time that a solid-state approach
for the shape-controlled synthesis of triangular gold
nanoplatelets has been described.

2. Experimental

The thermolytic organic precursor used to generate
gold atoms inside the polymeric phase was Au(I)
dodecyl-mercaptide (i. e., AuSC12H25) [5]. This
chemical compound was synthesized by treating an
ethanol solution of gold tetracholoauric acid
(HAuCl4, Aldrich) with an ethanol solution of 
1-dodecane-thiol (C12H25SH, Aldrich) at room
temperature under stirring. The obtained light-yel-
low solid precipitate was separated by vacuum-fil-
tration, purified by washing with acetone, and then
dissolved/dispersed in a chloroform solution 
of poly(vinyl acetate) (Mw = 245 000 g·mol–1,
Aldrich). Thin films of dry poly(vinyl acetate)/

gold-mercaptide blends, containing 10% by weight
of mercaptide, were obtained by solution casting
from chloroform: it is worth to mention that the
chloroform evaporation rate is a parameter to be set
as well in order to achieve an homogeneous spatial
distribution of the mercaptide inside the polymeric
matrix . Gold nano-crystals were generated in the
polymer phase by thermal decomposition of gold
mercaptide under isothermal conditions. In particu-
lar, the heat treatment was performed at a tempera-
ture of 160°C. To avoid temperature gradients in
the thermally annealed blends, the specimens were
shaped in form of films which were placed between
two preheated metallic plates (at ca. 160°C) to have
the same temperature value on both specimen sur-
faces.
The obtained polymer-embedded nano-crystals
were characterized by Transmission Electron
Microscopy (TEM, Philips EM2085), Atomic
Force Microscopy (AFM, Nanoscope IIIA, Digital
Instruments), X-Ray Diffraction (XRD, Rigaku
DMAX-III C), and Optical Spectroscopy (UV-Vis-
NIR Spectrophotometer, HP 8453).
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Figure 1. Gold nano-crystals characterization data: TEM-micrograph of variously shaped nano-crystals after separation/frac-
tioning by centrifugation (a), TEM-micrograph of some isolated triangular nano-plates (b), XRD-diffraction
pattern (c), and UV-Visible spectrum (d) (experimental data ( ); experimental Gaussian fit (solid black line);
deconvolution of experimental data (grey lines))



3. Results

Figure 1 shows the microstructure of triangular
gold nano-plates which resulted after isothermal
annealing of 30 minutes at 160°C. As visible, the
particles had a regular shape, consisting of simple
polyhedrons, mainly made of triangular and square
nano-platelets (prismatic crystals with triangular
and square basal-planes). Since an uniform contrast
characterized the crystal image, the presence of
pyramidal geometry should be excluded. Both iso-
lated and aggregated nanocrystals were present in
the films. The average edge length of triangular
nano-plates was of ca. 30 nm but a broad size-dis-
tribution characterized all samples. The thickness
of nano-platelets cannot be estimated from TEM
pictures but it was established by Atomic Force
Microscopy (AFM). In particular, polymer-embed-
ded gold nano-crystals were dissolved in chloro-
form and separated by centrifugation (6,000 rpm).
Nanocrystals were dispersed in chloroform and a
suspension drop was placed on a mica film for
AFM observation. A thickness of ca. 2 nm can be
measured by AFM investigation of the aggregated
triangular nano-crystals, as the Figure 2 shows. In
addition to the large nano-crystals, a low percent-
age of spherical gold clusters with a size inferior to
10 nm was also present in the samples.
Figure 1c shows the XRD-spectrum of polymer-
embedded nano-plates. Owing to the amorphous
nature of poly(vinyl acetate), only the diffraction
pattern of gold phase was visible. The spectrum
included tight peaks since the metallic phase had an
average size of several nanometer tens. The most
intensive peak was corresponding to the [111]
plane, which is therefore the most developed crys-
tallographic direction of triangular nano-plates [6]:
such structural feature is quite common for metallic
nano-plates, in fact similar structures have been
found in the cases of silver, nickel, and copper
nano-plates [7].
Optical properties of gold nano-crystals have been
studied after their extraction from the polymeric
matrix. To limit light-scattering phenomena pro-
duced by the large crystals, which significantly
decreased the signal to noise ratio, optical spectra
were recorded from quite dilute suspensions in
chloroform. Figure 1d shows the typical optical
spectrum of a gold nano-plate sample. The spec-
trum included a quite broad and intensive absorp-
tion band located at about 600 nm, which is

produced by the surface plasmon resonance of the
nano-sized metallic phase. The convolution of this
broad signal gives two distinct absorption bands.
The band located at 580 nm can be attributed to the
surface plasmon absorption of the low percentage
of spherical nanoparticles present in the sample,
whereas the absorption peak located at ca. 700 nm
should be assigned to the in-plane quadrupole
mode of gold triangular nano-plates [8].

4. Discussion

In general, an aspect of a fundamental importance
to achieve nano-sized metal phases is to prevent
aggregation in the produced solid. Particle aggrega-
tion can be avoided by generating the metal in a
high viscous medium. Molten thermoplastic poly-
mers have a very high viscosity and therefore they
are ideal matrices for the nucleation/growth of
nanometric metals. The polymeric medium should
have a glass transition temperature (Tg) lower than
the decomposition temperature of the metal precur-
sor. In addition to the high viscosity also a certain
ability to be absorbed on the metal surface is
required for the polymer, in order to avoid metal

606

Cardone et al. – eXPRESS Polymer Letters Vol.1, No.9 (2007) 604–607

Figure 2. AFM image of gold nano-plates (a) and section
analysis (b)



segregation and therefore its aggregation. When the
metal phase is generated by thermal decomposition
of homoleptic mercaptides, amorphous polystyrene
represents a quite good material for cluster forma-
tion/growth since the glass transition temperature is
not too far below the mercaptide decomposition
temperature and the ability for the polymer side-
groups to be lightly absorbed on the electrophilic
metal surface (probably by π-electron density
donation from phenyl groups to the metal). How-
ever, the faces of a metal crystal have a different
ability to bond nucleophilic species, because the
acidity of absorption sites depends on the metal
coordination number. The quite low ability of poly-
styrene side-groups to be absorbed on the crystal
faces is not enough to discriminate between them.
Owing to the ester functions in the poly(vinyl
acetate) side-groups, these molecules are preferen-
tially absorbed on the most acid faces of the metal-
lic crystals. Polymer absorption creates a diffusion
barrier on these crystal faces, thus inhibiting their
development and simplifying the polyhedral geom-
etry. To observe such a differential growth of the
crystal faces a significant crystal development is
required. For such a reason, mercaptide should be
slowly decomposed to generate the metal atoms
required to grow nuclei by surface deposition. In
the growth of triangular gold plates, thermal
decomposition was performed at 160°C and the
annealing treatment required more than 30 minutes
to allow significant growth of metal crystals with a
differential development of crystal faces. Finally,
according to the LaMer model for monodispersed
particle formation, a single nucleation stage must
take place during the process, and then the gener-
ated nuclei should grow by addition of gold atoms
to the crystal surface. During the growth stage the
most acid faces do not significantly develop
because of polymer absorption, leaving to a simple
geometrical figure.

5. Conclusions

The possibility to obtain triangular gold nano-
plates by an in situ synthesis based on mercaptide
thermal decomposition in polymer medium has
been investigated. The selection of polymer with
adequately capping side-groups allows to simplify
the shape of polyhedral crystals by inhibiting the
development of most acid crystallographic faces.
As a result, the poly(vinyl acetate) with has shown
to be a good growth medium to achieve triangular
nano-plates.
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1. Introduction

Thermal conductive polymer composites are nor-
mally produced by two approaches: one is to syn-
thesize the polymers [1–2] with enhanced thermal
conductivity, the other is to prepare the filled ther-
mal conductive polymer composites [3–5]. In con-
sideration of the difficulty of synthetic techniques,
costs and many other factors, the second approach
is usually adopted at present. To improve the ther-
mal conductivity of thermal conductive polymer
composites, following three approaches are very
popular: firstly, it is to develop new type of thermal
conductive filler, such as preparing micro-filler [6],
highly oriented filler [7], 3D structure carbon fiber
[8]; Secondly, it is through the surface modification
of filler [9]; Thirdly, it is through the selection and

optimization of the conditions of molding and pro-
cessing.
At present, researches on the structure and perform-
ance of the interface of thermal conductive com-
posites are mainly focused on their relationship
with the mechanical performance of composite [10,
11], while there are very few reports about whether
the two-phase interface conditions may influence
the thermal conductivity of composite materials. If
the relationship between the two-phase interface
and thermal conductivity of materials could be
nailed down, it would provide a relevant orientation
for the future development of more advanced ther-
mal conductive polymer composite.
This paper stressed the influence of filler particle
surface modification on the thermal conductivity of
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composite. Several different types of coupling
agents were tried to process the surface of filler,
and the relationship between the category of cou-
pling agent and the thermal conductivity of materi-
als was investigated. The related principle was
studied and the content of coupling agent was opti-
mized as well.

2. Experiment

2.1. Materials

ZnO was obtained from Sinopharm Chemical
Reagent Co., Ltd. (China) used for thermally con-
ductive fillers. The matrix is a polypropylene
(Y1600) supplied by SINOPEC Shanghai Petro-
chemical Co., Ltd. (China) (Table 1). The solvent
such as iso-propylalcohol and xylene are supplied
by Shanghai Dafei Industry & Trade Co., Ltd.
Heqiao Branch (China).

2.2. Surface modification

Two different methods were investigated to
improve the properties of the interphase.
The first is aluminium and titanium complex cou-
pling agent (OL-AT1618, Al(OR)n(OOCR”)3–n

Ti(OR’)m(OOCR”)4–m, Fine Chemicals Depart-
ment of Shanxi Provincial Institute of Chemical
Industry, China, 5 g) was diluted by 50 ml iso-
propylalcohol, and then it was added to the
weighed filler. Subsequently, the filler were
processed by high speed stirring at 90°C for
120 minutes. After dried at 120°C for 24 hours, the
surface modified fillers with small-molecular cou-
pling agent were obtained.
The second is fillers were modified by the titanate
coupling agent (NDZ-132, (CH3)2CHOTi(OOCR)3,
Nanjing Shuguang Chemical Group Co., Ltd.,
China) with the same method as mentioned above.

The third is to emulsify 5 ml Silane Coupling
Agent (KH550, NH2(CH2)3Si(OC2H5)3, Nanjing
Shuguang Chemical Group Co., Ltd., China) with
20 ml water by emulsion machine for 30 minutes
and then added it to the weighed filler. The mixture
was stirred by high speed stirring for 30 minutes,
put into the oven drying to constant weight at
120°C so that the surface of the filler could com-
bine to the hydroxyl of silane coupling agent. Then,
5 g maleic anhydride grafted polypropylene wax
(MPPW, Product of our lab [12]) was dissolved by
50 ml xylene, and it was added to the Silane Cou-
pling Agent modified filler. Subsequently, the filler
were processed by high speed stirring at 90°C for
120 minutes. Finally, the filler was dried at 120°C
for 24 hours, which is to prepare the macro-molec-
ular coupling agent surface modified filler (Fig-
ure 1).

2.3. Composite sample preparation and test-
ing

A certain amount of filler and matrix in terms of the
ratio was weighed. Appropriate processing temper-
ature (190°C) was chosen according to previous
experience. They were blended in the mixing mill
(SK-160B, Shanghai Rubber Machinery Factory,
China) for 15 minutes. Then they were taken out
and directly molded a small sample of 50 mm
diameter and 5~7 mm thickness. After the upper
surface and undersurface of the slab is polished, the
thermal coefficient of composites can be obtained
by testing with Anter thermal conductivity meter
(QUICKLINE-10, ANTER, USA). Thermal con-
ductivity in the Quickline-10 is measured by the
ASTM E 1530 guarded heat flow meter method.
Pick a small part from the sample and keep Soxhlet
extracting with 1,2,3,4-tetrahydronaphthalene
(Sinopharm Chemical Reagent Co,. Ltd., China)
for 72 hours. Then, the surface graft situation of the
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Table 1. The property of ZnO and polypropylene

Density [g/cm3] Thermal conductivity [W/m·K] Size [nm] Shape
ZnO 5.6 29 200±100 grainy
Polypropylene 0.905 0.26 – –

Figure 1. The reaction of the silane coupling agent with maleic anhydride grafted PP wax



filler can be observed by FTIR (Magna-IR 550,
THERMO NICOLET, USA).
SEM (JSM-6360LV, JEOL, Japan) was used to
observe the surface graft layer of the filler and the
distribution of the filler in the matrix.
CTE measurements were performed on a thermal
expansion instrument (DIL 402 PC, NETZSCH,
GER). The samples were heated from 25 to 145°C
at a heating rate of 1°C/min. The system works
according to the international standards (e.g. DIN
51045 or ASTM 831).

3. Results and discussion

3.1. The influence of different coupling agents
on the thermal conductivity of composite
materials

Respectively choose untreated ZnO and the ZnO
processed by OL-AT1618, NDZ 132 and KH550+
MPPW, and put the filler into the mixing mill
together with polypropylene for blending, molding
and sampling. Then, the thermal conductivity of the
materials can be obtained as shown in Figure 2.
The thermal conductivity of composite made by
filling polypropylene with ZnO is very low when
the content of filler is very low. The difference is
not obvious as shown in Table 2. However, the pro-
cessing is very difficult when the content of filler is
too high. Based on the experience of dozens of
experiments, a content of 40 vol% is adopted. As
the particle diameter of ZnO is relatively small,
which is only about 200 nm, a higher content

(2 wt%) is adopted for filler surface processing
agent.
From Figure 2, it can be known that, when the same
content is adopted, the composite material, which is
blended with a low-molecular coupling agent mod-
ified filler, obtains the optimal thermal conductivity
that is 1.10 W/m·K. The composite material filled
with untreated ZnO obtains a lower thermal con-
ductivity that is about 0.95 W/m·K. The composite
material produced by filling polypropylene with
macro-molecular modified ZnO obtains the lowest
thermal conductivity that is about 0.90 W/m·K.

3.2. The influence of different contents of cou-
pling agent on the thermal conductivity
of the composite material

Choose aluminium and titanium complex coupling
agent (OL-AT1618), which is relatively effective in
improving the thermal conductivity of material
after the filler surface treatment, then process ZnO
by different concentrations at 0.5%, 1.0%, 1.5%,
2.0%, 3.0% and 5.0%. Blend the processed filler
(40 vol%) and polypropylene (60 vol%) in the mix-
ing mill, and mold to make samples. The thermal
conductivities of them are shown as Figure 3.
From Figure 3, it is known that the adding of this
coupling agent can considerably improve the ther-
mal conductivity of material. Particularly, only
0.5% will result in an increase on the thermal con-
ductivity by 10%. Then, with the increase of the
content of coupling agent, the increase of thermal
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Table 2. The effect of filler treatment on thermal conductivity of composites in the same filler volume contents (23.4 vol%)

Filler (ZnO) Untreated OL-AT1618 NDZ 132 KH550+MPPW
Thermal conductivity [W/m·K] 0.59±0.02 0.63±0.02 0.61±0.02 0.54±0.02

Figure 2. The influence of different filler surface treat-
ment on the thermal conductivity of material

Figure 3. The influence of different content of coupling
agent on the thermal conductivity



conductivity is slowing down and the thermal con-
ductivity reaches the peak when the content of cou-
pling agent is about 1.5%. After that, the thermal
conductivity starts to decrease with the further
increase of coupling agent.
For this study, because the adding of low-molecular
coupling agent can remarkably improve the adhe-
sion of two-phase interfaces, the concentration of
the defects in the composite materials decreases
and thus the thermal conductivity of the composite
will increase as well by reducing the interfacial
phonon scattering between matrix and fillers [13].
Subsequently, with the increase of the content of
coupling agent, such kind of improvement keeps
going on and the thermal conductivity of composite
is increasing slowly. Until the coupling agent fin-
ishes the monomolecular layer coverage on filler
surface, the composite material obtains the highest
thermal conductivity. Thereafter, the further
increased coupling agent cannot combine the
groups on filler surface. During processing, this
part of coupling agent may enter matrix and influ-
ence its molecular chain array. Thus, the crystal-
lization of the matrix will change as well so that its
thermal conductivity will decrease. As a result, the

thermal conductivity of composite will decrease
accordingly.

3.3. The FTIR analysis of the surface graft
situation of the filler

One gram picked sample was wrapped with filter
paper. Then it was put into the Soxhlet extractor
with 1,2,3,4-tetrahydronaphthalene. Seventy two
hours later, the filler powders were taken out and
analyzed with FTIR after drying. In Figure 4, from
the top down, there are the FR-IR spectra of ZnO
raw material (Spectrum 1), untreated ZnO after
extraction (Spectrum 2), ZnO processed with OL-
AT1618 after extraction (Spectrum 3), ZnO
processed with NDZ 132 after extraction (Spec-
trum 4), and infrared spectrum of ZnO processed
with KH550+MPPW after extraction (Spectrum 5).
Spectrum 2 is very similar to spectrum 1, and the
PP characteristic bands at 2953 and 2920 cm–1 are
weak. It shows that the adhesion between untreated
ZnO and PP is mainly based on physical interac-
tions, so that the chemical bond in two-phase inter-
face is very weak. 
Spectrum 3 exhibits three characteristic bands of
CH3, CH2, Ti–O at 2926, 2856, 1559 cm–1, respec-
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Figure 4. FTIR spectra of extracted fillers. From top down: ZnO raw material (Spectrum1), untreated ZnO after extrac-
tion (Spectrum 2), ZnO processed with OL-AT1618 after extraction (Spectrum 3), ZnO processed with NDZ
132 after extraction (Spectrum 4), and infrared spectrum of ZnO processed with KH550+MPPW after extrac-
tion (Spectrum 5)



tively, which means the surface of ZnO has com-
bined with OL-AT 1618, while the characteristic
band of Al–O bond does not appear because the
content of coupling agent is too small.
In spectrum 4 there appears a broad band at
1457 cm–1, which should be the result of overlap-
ping of NDZ132 characteristic bands, such as Ti–O
bond, some PP characteristic bands etc. Mean-
while, the characteristic bands of alkyl appear at
2953, 2921, 2872 cm–1, which means the surface of
ZnO has grafted NDZ132.
In spectrum 5 there appears the broad band of Si–O
at 1081 cm–1. Meanwhile the hydroxyl broad band
remarkably weakens at 3435 cm–1, which means
lots of hydroxyls on the surface of ZnO chemically
bonded KH550. In addition, the MPPW character-
istic bands appear at 2953, 2918, 2850, 1454,
1378 cm–1 and so on, which means KH550 subse-
quently reacted with MPPW by chemical bonding
and thus realized the task of macro-molecular mod-
ification.

3.4. The SEM analysis of filler surface

Figure 5 shows the SEM micrographs of ZnO parti-
cles. (a) is raw materials. (b), (c), (d) and (e) are
respectively the untreated ZnO, the ZnO processed
by OL-AT1618, the ZnO processed by NDZ132,
and the ZnO processed by KH550+MPPW,
obtained from the blend of ZnO/PP by Soxhlet
extraction. As shown by Figure 5, most of the ZnO
particle diameters range from100 to 400 nm, which
are close to the nano-filler level. Thus, they have
considerable surface energy and are quite easy to
aggregate, which is approved by the micrograph
(a). The surface condition of untreated ZnO, which
is obtained from the blend by extraction, is nearly
the same as ZnO raw material, and has considerable
surface energy as well. Thus, micrograph (a) and
micrograph (b) are very similar.
As shown by the FTIR spectrum of samples
extracted from the blend, the surface of the ZnO
processed by OL-AT1618, NDZ132 contains rele-
vant graft coupling agents, which considerably
modified the surface condition of the filler. So the
surface energy decreases and the aggregation
among particles decreases as well. During the pho-
tographing, it can be found that there is no aggrega-
tion of a large quantity of particles. Most of the
particles are distributed individually as shown in
micrograph (c) and (d). So after treatment of filler

like this, composites will show better filler disper-
sion and wettability than in the case of untreated
fillers. It’s advantageous to improve the thermal
conductivity of composite.
However, the ZnO processed by KH550+MPPW is
covered by macro-molecular coupling agent on the
surface, and even after extraction, there are still lots
of macro-molecular chains grafted to the surface of
filler. As shown in micrograph (e), after the ZnO is
taken out of the extracting device and the solvent is
completely dried by volatilization, the particles of
ZnO are bonded together by the effect of big
molecular chains.

3.5. The distribution of filler in matrix and
the two-phase interface

Choose the fracture surface of all samples and the
SEM micrographs can be obtained as shown in Fig-
ure 6. For untreated ZnO blended with PP, the com-
patibility between filler and matrix is not ideal. As
shown in figure (a), most ZnO particles are directly
pulled out of matrix, and the surface of particles is
quite smooth and not covered by PP matrix. As for
the poor compatibility, there are tiny gaps between
filler and matrix, which results in the decrease of
the thermal conductibility of composite on account
of the interfacial phonon scattering.
Regarding the macro-molecular coupling agent
processed ZnO, because the surface of filler is cov-
ered by a layer of MPPW, it presents the best com-
patibility with matrix. It can be seen from the SEM
micrograph of figure (d), that the ZnO particles are
almost all planted in the PP matrix and there is
nearly no filler pulled out of the matrix. As how
much the thermal conductive filler can improve the
thermal conductivity of composite mainly relies on
the thermal conductive network formed by filler in
the matrix, when the filler is covered by a layer of
polymer matrix, such a layer obviously becomes
the thermal resistance layer of the thermal conduc-
tive channel, which will definitely reduce the ther-
mal conductivity of composite.
As for ZnO processed by OL-1618 and NDZ132,
when it is blended with PP, the compatibility
between filler and matrix has been considerably
improved. As shown in the figure (b) and (c), most
of the ZnO particles on the fracture surface are still
in the matrix, even the part exposed outside are
covered by some PP matrix. Under such a condi-
tion, the ZnO particles can not only form a directly
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interlinked network structure, but also minimized
the number of tiny gaps in the interface between
filler and matrix. Such a composite material can
obtain the optimal thermal transmission effect.

3.6. The CTE of composites containing filler

The effect of filler treatment on CTE of composites
is listed in Figure 7. As shown, the CTE of compos-
ites have been decreased effectively by treating
filler. It is due to increasing wettability and disper-
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Figure 5. The SEM micrograph of filler. a) material, b) untreated, c) OL-AT 1618, d) NDZ 132, e) KH550+MPPW



sion of particle filled composites [14]. There are
many tiny gaps between filler and matrix in the
untreated ZnO/PP blend, which is the main reason

resulting in the larger CTE than the case of the
treated. From Table 3, it can be found that the CTE
of composites with treated filler decrease about
15% from 25 to 145°C. But the difference between
the CTE of composites with filler treated with
3 kinds of coupling agent is approximate. Thus, the
better adhesion of two-phase interface, the lower
CTE of composites.

4. Conclusions

Using low-molecular coupling agents (OL-
AT1618, NDZ 132) to modify the surface of ZnO
could improve the adhesion of filler and matrix
interfaces and reduce the defaults in the two-phase
interface so that the thermal conductivity was
enhanced by minimizing the interfacial phonon
scattering. Unmodified ZnO/polypropylene blend
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Figure 6. The SEM micrograph of fracture surface. a) untreated, b) OL-AT 1618, c) NDZ 132, d) KH550+MPPW

Figure 7. The effect of filler treatment on CTE of compos-
ites in the same filler contents (40 vol%)

Table 3. The CTE of composites with treated filler in the same filler contents (40 vol%) from 25 to 145°C

Filler Untreated OL-AT1618 NDZ132 KH550+MPPW
CTE 10–6/K–1 105.7 92.4 91.2 89.2



has got many tiny gaps in the two-phase interface
and then resulted in the decrease of thermal con-
ductivity; while using the modification method of
covering the surface of ZnO with macro-molecular
coupling agent could remarkably improve the adhe-
sion of two-phase interface, but seriously reduced
the thermal conductivity of the composite material
because of the thermal resistance layer produced by
the coverage of polypropylene layer on the surface
of filler.
Surface treatment of filler was found to be effective
in reducing the CTE at the same filler content.
In the ZnO/polypropylene blend system, the ther-
mal conductivity of composite increased first and
then decreased with the increasing content of cou-
pling agent. It reached the optimal value when the
content of coupling agent was 1.5 wt% of filler.
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1. Introduction

Synthetic polymeric materials have been used
extensively as electrical insulators because of their
high electric strength and good dielectric and
mechanical properties [1]. They have also made a
great contribution to the miniaturization of electri-
cal equipments [2]. In spite of such wide-spread
practical uses, surprisingly little is well understood
about the fundamental electrical properties of poly-
meric materials (electrical conduction, dielectric
breakdown etc.). All electrical equipments are sub-
jected to various severe aging effects leading to
changes in mechanical behaviour of the polymeric
materials. These aging factors are known to con-
tribute more to the deterioration in electrical behav-

iour during operation than when the device is not in
service. When the gradual aging becomes severe,
the leakage current tends to increase and arcing dis-
charge may occur. This can be interpreted as an
indication of an incipient fault that will eventually
lead to device failure. Thus, investigation of the
mechanical performance changes is a key issue to
anticipate and detect equipment incipient faults and
hence its average useful life span.
Fluoropolymers, i. e. poly (vinyl fluoride) (PVF)
and poly (vinylidene fluoride) (PVDF) have been
used in important specialized applications. Both
PVF and PVDF have good weather resistance and
their mechanical properties are excellent. The two
polymers are known to exhibit co-crystallinity or
isomorphism on mixing. Isomorphism is believed
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to be possible when polymer chains (blend) or
monomer units (co-polymers) are similar in confor-
mation and size in the crystalline state [3]. The
compatibility and the possibility of improving
mechanical performance of these two polymers in
blend form are of immense interest.
Microhardness testing is a well-known non-
destructive technique to obtain information on
structural features and change in mechanical prop-
erties of pure polymers and polymer blends [4–9].
Further, the dependence of microhardness on load
in (g) was studied using Meyer’s law [2] on the pre-
pared polyblend specimens. In the present work the
effects of thermal and electrical aging stress on the
microhardness behaviour of pure PVF and isomor-
phic polyblends of PVF and PVDF have been
investigated with the view to correlate the changes
in mechanical properties with the useful electrical
lifetime of the polymeric blend. Vicker’s micro-
hardness testing has been employed to measure the
microhardness.

2. Experimental

The present investigation was undertaken on labo-
ratory prepared samples.

2.1. Materials

Commercially available polymers of PVF (BDH,
UK), with 126 000 Mw and PVDF (Aldrich, USA)
with 140 000 Mw, in powder forms were supplied
by M/S Redox, Jabalpur and were used without fur-
ther purification. DMF, methanol and toluene were
supplied by E-Merck Chemical Co. and were used
as received due to their high purity (over 99%).

2.2. Preparation of samples

The solvent casting technique was utilized to pre-
pare pure and polyblend specimens of PVF and
PVDF. The polymers were dissolved in their com-
mon solvent dimethylformamide (DMF), at a tem-
perature of 60°C with constant stirring. A known
quantity of the homogeneous solution so obtained
was poured on a circular glass plate of 4 cm diame-
ter, which was balanced on a mercury pool for uni-
form thickness of the resulting thin film and the
solvent was allowed to evaporate completely in a
clean atmosphere inside an oven over nearly
6 hours. Further, for the minimization of DMF,

Soxhlet test was carried out. The temperature of the
oven was controlled automatically at 60°C. The
specimens obtained were in the form of thin films
4 cm in diameter and 150 microns in thickness.

2.3. Soxhlet test

Soxhlet test was performed, to completely remove
the DMF solvent from PVF/PVDF polyblend spec-
imens using Soxhlet apparatus. A 30×32 mm spec-
imen was cut from the 150 micron thick specimens
and placed in the Soxhlet cavity (which was filled
with toluene) and heated. The condensing toluene
leaches out the DMF from the samples. This
process was repeated for 2 hours, so that maximum
solvent would leach out and then the residual
toluene was evaporated.

3. Characterization

3.1. Microhardness measurement

Microhardness measurements on various speci-
mens were carried out using Carl Zeiss NU2 Uni-
versal Research Microscope model No. mph-160
with a Vicker’s diamond pyramidal indenter
attached to it. The Vicker’s Hardness Number (Hv)
was calculated using the Equation (1): 

(1)

where L is load in kg and d is diagonal of indenta-
tion in mm. Minimum five indentations were
obtained at various loads and the average hardness
number was calculated.

3.2. Mechanical test

Mechanical characterization of the blend films was
carried out according to ASTM test method No. 
D-638. Crosshead speed was maintained at
5 mm/min at room temperature. The samples were
conditioned at 110°C for 24 hours in air before the
testing.
The tensile tests were conducted at room tempera-
ture on an Universal Testing machine (Model No.
4302). The tests were made on 4 cm2 size samples.
The crosshead speed (initial strain rate) was
5 mm/min and grip length 40 mm. In each case five
samples were tested and the average of five read-
ings was taken. The tensile strength, modulus and
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elongation at break were measured using the stress-
strain curves.

3.3. Thermally and electrically stressed 
samples

In order to investigate the effect of thermal and
electrical aging on the microhardness behaviour of
PVF/PVDF isomorphic blends, prepared sample of
pure PVF and PVF:PVDF with varying weight per-
centage (50:50, 70:30 and 90:10) were electrically
stressed by applying a voltage of 400 volts at 80°C.
Specimens were placed between the two metal
electrodes of the measuring cell, which was
mounted inside an oven and heated to 80°C. After
30 min, 400 Volts was applied for a time period of
45 minutes while the temperature was maintained
at 80°C. The specimen was then slowly cooled to
room temperature within 45 minutes, while the
electrical field was still on. The total time of appli-
cation of electric field was kept at 1.5 hr in each
case. The electric field was then removed and the
thermally and electrically aged specimens were
taken out for microhardness measurements.

4. Result and discussion

The Soxhlet extraction was performed to minimize
the common solvent (DMF) from the polyblend
specimens before characterization. In the Polyblend
50/50, common solvent was found to be minimum
in comparison to other samples i. e. 70/30 and
90/10. The variation of Vicker’s hardness number

(Hv), as a function of applied load (L), is shown in
Figure 1 for pure PVF and the isomorphic blends
with varying weight percent of PVDF. The increase
in the value of Hv, as the load increases can be
explained on the basis of strain hardening phenom-
enon in polymers [2, 3, 10]. There are micromodes
of deformation in the polymer chain. When suffi-
cient number of micromodes becomes active, large-
scale plastic deformation begins. As the load is
increased, the specimen is subjected to greater
strain hardening and Hv is increased. Finally, when
Hv tends to saturate the polymer specimen is fully
strain hardened so no appreciable change in the
value of Hv is observed.

4.1. Strain hardening index

The dependence of microhardness on load can be
studied using Meyers equation (2):

L = a·dn (2)

Taking logarithm of both sides of the Equation (2),
we have Equation (3):

logL = loga + n·logd (3)

where L is load, d is the length of the diagonal, a is
a constant representing load for unit dimension and
(n) is the logarithm index number, which is the
measure of strain hardening from the plots of logL
versus logd for pure PVF as shown in Figure 2 and
as on for PVF/PVDF isomorphic polyblend speci-
mens. For all specimens, the strain hardening index
has two values: one for the low load region ranging
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Figure 1. Variation of Hv with load for pure PVF and iso-
morphic polyblends of PVF:PVDF

Figure 2. Graph between logd vs. logL for pure PVF for
calculating values of n



10 to 50 g and one for the high load region ranging
from 80 to 100 g. The value of n is greater for low
load than for high load region. In most of the blend
specimens, the value of n tends to be nearly 2.5 in
the high load region. The different values of n for
pure PVF and PVF/PVDF isomorphic polyblend
specimens in the two-load region are listed in
Table 1.
Meyer’s law indicates that the value of Hv increases
continuously with load when n is greater than 2 and
the value of n approaches 2 in the saturation load
region when Hv becomes independent of load.
Hence, the logarithmic index number, n, can be
considered as a measure of strain hardening in dif-
ferent specimens. In fact the different values of n in
the different load regions reflect the elastic and
plastic characteristics of deformation.

4.2. Mechanical analysis

Generally mechanical properties of any polymeric
system depend on the macromolecular segments
and crosslinking between the macromolecular
units. Tensile properties are basically characterized
by measuring yield stress and corresponding elon-
gation at break as function of polymer composi-
tions. Tensile modulus is one of the most important
small strain mechanical properties. It is the key
indicator of the stiffness or rigidity of the material
and quantifies the resistance of the specimens to
mechanical deformation in the limit of infinitesi-
mally small deformation. Modulus of any material
is approximately proportional to the strength of the
link between the atoms in a material and to the
number of links per unit of cross-section area.
When stress is applied, the weakest link i. e. the
non-bonded interchain interaction deform much
easily than the strong individual bounded chains.
Thus the non-bonded interchain interactions play a

crucial role in determining the magnitude of the
modulus of the polymeric matrix.
The results of various mechanical properties of
untreated pure PVF and its blended specimens with
PVDF in varying weight percentage are given in
Table 2. It can be inferred from the table that incor-
poration of PVDF in different wt% in PVF has sig-
nificantly affected the tensile properties. PVF with
different wt% of PVDF shows the increase in ten-
sile strength (Table 2). Tensile strength was found
to be greater then the neat (pure PVF), which shows
the influence semi-crystalline behaviour of PVDF
and crosslinking within the PVF matrix. The maxi-
mum tensile strength was obtained at 50:50 wt%.

4.3. Electrical stress analysis

Figure 3 depicts the variation of Hv as a function of
applied load for specimen electrically stressed with
a field of 400 kV/cm. It is evident that the micro-
hardness exhibits similar trend as in case of virgin
samples. However, the value of Hv is more for these
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Table 1. Different calculated values of (n) for pure PVF
and blended specimens (i. e. PVF50:PVDF50,
PVF70:PVDF30, PVF90:PVDF10 wt%) in the
two load regions are shown

Samples
n (Slope in low

regions)
n (Slope in high

regions)
Pure PVF 2.93 2.33
PVF50:PVDF50 wt% 3.45 2.74
PVF70:PVDF30 wt% 3.15 2.45
PVF90:PVDF10 wt% 3.33 2.66

Table 2. Mechanical properties of pure PVF & varying
PVDF with different weight percentage in PVF

Sample designation of 
polyblend specimens

Tensile
strength
[MPa]

Tensile
modulus

[GPa]

Elongation 
[%]

Pure PVF 68.90 13.50 40.76
PVF90:PVDF10 wt% 70.50 14.00 48.00
PVF70:PVDF30 wt% 73.20 16.90 49.23
PVF50:PVDF50 wt% 78.10 18.50 50.98

Figure 3. Variation of Hv with load for pure PVF and
PVF:PVDF polyblend specimen of virgin and
electrically stressed



electrically stressed samples than the virgin sam-
ples in each case.
We know that polymers have flexible chains and
internal rotation of parts of chain is possible ther-
mally [11, 12]. Owing to thermal motion the spatial
arrangement of atoms keep continuously changing
leading to different conformations. Each conforma-
tion corresponds to a definite value of potential
energy of the molecule, which is determined by all
the interactions between atoms, electrons, nuclei
etc. The energy required by the molecule to move
from the position with minimum potential energy
to maximum potential energy is called hindrance
potential or rotational barrier. If the supply of
kinetic energy is small the groups of molecules do
not rotate but only vibrate about the position of
minimum potential energy executing restricted or
retarded internal rotation. Internal rotation is
retarded by interaction between atoms not bonded
chemically to each other [13]. There may be inter-
action between atoms of the same chains (intermol-
ecular) or between atoms belonging to units of
neighbouring ionic interactions, orientational inter-
actions, deformational interactions and dispersional
interactions. Besides intramolecular hydrogen
interactions are also possible. Under the influence
of an external force field, chain exhibits kinetic
flexibility which refers to rate of transition from
one position of energy to another, chain can uncoil
to a certain extent depending on the relation
between the field energy and potential energy bar-
rier. The rate of conformational transformation
depends on the ratio of potential energy barrier and
the energy of external influence. Thus rotation of
units and their passage from one position of poten-
tial energy minimum to another can occur only
when there is ample supply of energy. Further poly-
mer links can assume only those positions in space
allowed by the presence of an interaction. Thus
owing to intermolecular interactions a real polymer
chain assumes a smaller number of conformations
than a freely joined chain. With insufficient supply
of energy its units do not rotate but exhibit only tor-
sional vibrations. Polymers with intense torsional
vibrations are flexible chain polymers while poly-
mers with hindered rotation of chain parts are
called rigid chain polymers. Prior to the application
of the electrical stress field the sample were kept
maintained at a high temperature for half an hour
facilitating thermal movements of chains. Subse-
quent application of the electrical stress at this ele-

vated temperature and hence the directing action of
the applied field acting on the polarizing (moieties)
results in polarization of the polymer and this state
is frozen in on cooling. It appears that in electri-
cally stressed polarized samples inter- and
intramolecular interactions are modified in such a
way that steric hindrance of rotation of chain or
potential rotational barrier is increased restricting
kinetic flexibility of polymer chain. This result in a
material, which is hard compared to the virgin
untreated sample, which is also assured from the
calculated value of (n) for electrically stressed
specimens as shown in Table 3 and increase in
mechanical strength (Table 4). This explains the
increase in the value of Hv observed for electrically
stressed samples in the present case.

5. Conclusions

When both the polymers are blended in equal
weight proportion (50:50) microhardness was
found to be maximum with improved mechanical
properties. The microhardness study on virgin and
electrically aged thin film of pure PVF and isomor-
phic polyblend specimens of PVF and PVDF helps
to understand the modification in properties due to
inter and intra molecular interactions. The electri-
cally stressed specimens exhibit higher level of
microhardness as compare to virgin specimens.
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Table 3. Different calculated values of (n) for electrically
stressed pure PVF and blended specimens 
(i. e. PVF50:PVDF50, PVF70:PVDF30, PVF90:
PVDF10 wt%) in the two load regions are shown

Table 4. Mechanical properties of electrically stressed pure
PVF & varying PVDF with different weight per-
centage in PVF 

Samples
n (Slope in low

regions)
n (Slope in high

regions)
Pure PVF 2.98 2.39
PVF50:PVDF50 wt% 3.55 2.83
PVF70:PVDF30 wt% 3.24 2.54
PVF90:PVDF10 wt% 3.41 2.76

Sample designation of
polyblend specimens

Tensile
strength
[MPa]

Tensile
modulus

[GPa]

Elongation 
[%]

Pure PVF 70.00 14.00 42.00
PVF90:PVDF10 wt% 71.95 15.70 52.20
PVF70:PVDF30 wt% 74.20 16.90 53.00
PVF50:PVDF50 wt% 79.45 19.20 53.90
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1. Introduction

Guar gum is a naturally occurring polysaccharide
extracted from the endosperm of Cyamopsis tetrag-
onalobus and structurally is a galactomannan with
a galactose to mannose ratio of approximately 1:2
[1]. There has been some discussion regarding the
distribution of the galactose on the mannose back-
bone, investigations have indicated that the distri-
bution is not uniform but occurs in blocks with
galactose rich and deficient regions [2, 3]. These
galactose deficient regions are not soluble in water
while the galactose rich portions are extremely sol-
uble, resulting in the polymer forming a colloidal
solution in water. In spite of this, guar gum and its
derivatives are extremely water soluble, hydro-
philic polymers, the solutions of which are highly
viscous in nature. This property has allowed these
polymers and their derivatives to be commercial-
ized in fields such as textiles [4, 5], foods [6], cos-

metics [7], pharmaceuticals [8] and oil recovery
and drilling [9, 10].
Unsaturated polyester resins are widely used com-
mercial thermosetting resin which are used neat
[11], with fillers [12] and reinforced using fibres
[13]. Apart from the addition of a separate phase in
the polymer matrix, the unsaturated resins have
been modified by the use of various reactive dilu-
ents [14], reactants [15] and by tailoring the poly-
mer backbone to suit requirements of various
applications [16].
The use of guar gum or its derivatives in polymers
matrices as fillers has not been investigated in
depth. The use of other naturally occurring, renew-
able polysaccharides as fillers has been focused on
starches [17], lignin [18], wood flour [19] and sim-
ilar materials in mainly thermoplastic polymers.
The few studies where guar gum or its derivatives
have been used as fillers include the use of guar
gum in a polyurethane-polyacrylonitrile interpene-
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trating network [20] and the incorporation of ben-
zoylated guar gums in a quaternised polysulphone
polymer matrix [21]. This study attempts to fill in
the lacunae in the information available on the use
of guar gum and its derivatives as fillers in an
unsaturated polyester matrix.
In this investigation, guar gum and hydroxypropyl
guar gums were used as fillers in a conventional
unsaturated polyester matrix. The mechanical prop-
erties were studied with respect to concentration of
fillers added as well as the effect of hydroxy-propy-
lation of the derivatives. Guar gum is obtained from
natural sources and is hence a renewable resource,
biodegradable and non-toxic. The chemical modifi-
cation of guar gum, in this case hydroxyl-propyla-
tion, is not restricted to the surface of the filler, as
in the case treatment of mineral fillers, but occurs
throughout the polymer chain and the polysaccha-
ride particle. Thus, the effect of the reaction with
guar gum will not only affect the polymer-filler
interaction but also change the nature of the filler.
We expect any improvement of properties to be
solely based on increased physical interaction
between filler and polymer and not due to any
chemical reaction between the two as is possible in
the case of vinyl functionalisation. This paper
attempts to investigate the feasibility of using guar
gum and hydroxypropyl guar gum as a filler in
unsaturated polyester composites, as well as the
effect of increasing hydrophobic character of the
inherently hydrophilic filler on the properties of the
composite.

2. Experimental

2.1. Materials

The unsaturated polyester resin, cobalt octoate
(accelerator) and methyl ethyl ketone peroxide (ini-
tiator) was obtained from M/s Mechamco Ltd.
India. Guar gum (GG) and hydroxypropyl guar
gum with a molar substitution of 0.4 (HPG4) and
0.8 (HPG8) was supplied by M/s Lucid Colloids
Ltd., India. The properties of guar gum and deriva-

tised guar gum are listed in Table 1 and have been
obtained from the datasheet provided by M/s Lucid
Colloids Ltd., India.
The shape of the guar gum and hydroxypropyl guar
gum particles was estimated using an optical
microscope, Olympus BX41. The rheology of the
unsaturated polyester-guar gum compositions were
studied on a RT10 Rheoviscometer using a C35/2°
cone and plate assembly. The readings were meas-
ures under constant stress.

2.2. Preparation of composites

The fillers were uniformly dispersed in the unsatu-
rated polyester resin along with the accelerator
(0.5% w/w), following which the free radical initia-
tor was added (2% w/w) and thoroughly mixed.
The filler was added on weight basis, on parts per
hundred grams of resin (phr), i. e. 2.5 phr would
refer to 2.5 grams of filler per 100 grams of unsatu-
rated polyester resin. The composition was then de-
aerated to remove any entrapped air and poured in a
metal mold maintained at 30°C. The cure cycle was
30°C/12 hours and 100°C/2 hours. The composites
had a thickness of 3 mm±1%.
The composites were machine cut into the respec-
tive shapes for testing and the edges were uni-
formly ground to remove imperfections which
could lead to errors in the test results. Prior to test-
ing the samples were allowed to stabilize at 50%
humidity and at 30°C for 7 days.

2.3. Testing of composites

The composites were tested for their tensile, flex-
ural and impact properties. The tensile strength and
percentage elongation (Specimen Type IVB) and
flexural strength (specimen dimensions 60×25×
3 mm) were determined according to ASTM D638
and ASTM D790 respectively on a Universal Ten-
sile Testing Machine, Lloyd LR 50K, UK with a
crosshead speed of 6 mm per minute for tensile and
8 mm per minute for the three point bending test.
Charpy impact, on notched specimens of dimen-
sions (80×10×3 mm with a 1 mm notch), was car-
ried out on an Avery Denison Impact tester using
2.7 J striker with a striking velocity of 3.46 m/s in
accordance with ASTM D256. Tests were carried
out on five samples and the averages have been
reported as the test results.

623

Shenoy and D’Melo – eXPRESS Polymer Letters Vol.1, No.9 (2007) 622–628

Table 1. Properties of guar gum and hydroxypropyl guar
gum

GG HPG4 HPG8
Viscosity (1% solution) 1800 cps 1400 cps 1200 cps
% moisture 5–6 6–7 5–6
Ash content (wt %) 0.8–1.0 1.1–1.3 0.9–1.1
Free propanol (wt %) – <0.1% <0.1%



Water and toluene absorption were studied using
three 1×1×0.3 cm chips and suspending them sepa-
rately for a period of 7 days in 100 ml solvent at
30°C. After the required amount of time the sam-
ples were removed and gently dried using a filter
paper to remove water or solvent adhering to its
surface. The increase in weight was then estimated
and the percentage increase in water or solvent was
reported.

3. Results and discussion

Guar gum is a very hydrophilic polymer and while
most resins are hydrophobic in nature, the use of
guar gum as a filler may result in a composite with
increased interfacial tension. The effect of hydrox-
ypropylation on the gaur gum would be to increase
the hydrophobic nature of the polymer, while leav-
ing the number of hydroxyl groups per pyranose
unit in the polysaccharide constant, leading to
increased polymer-filler interaction. This increase
in the polymer-filler interaction should be reflected
by an increase in the tensile and flexural strength
[22] as well in other mechanical and chemical prop-
erties. The examination of the particle shape of
guar gum using optical microscopy showed that the
guar gum particles were highly irregular in shape as
seen from Figure 1. Observation of HPG4 and
HPG8 showed similar particle shapes and sizes.

3.1. Rheology

The study of the rheology of the composition was
carried out to ascertain the degree of interaction
between the uncured resin and the filler. The con-
centration of filler taken was 2.5 phr. From Fig-
ure 2 it becomes apparent that the addition of filler

in unsaturated polyester resin results in composi-
tions with increased viscosity, which is to be
expected and has been reported in a number of
studies [23]. Further, the addition of the various
fillers results in compositions with varying viscosi-
ties. The viscosity of the composition increases
with the degree of hydroxypropylation. Thus,
HPG8 results in the most viscous composition fol-
lowed by HPG4 and GG at the same concentrations
of filler. The viscosity of the formulations was
studied at the same concentration of filler and thus
the observed increase in viscosity with degree of
hydroxypropylation was due to increased interac-
tion between the filler and polymer. An increase in
the interaction between the filler and the polymer
would result in an increased resistance to flow on
application of shear leading to the increased viscos-
ity. The increase in interaction can be attributed to
the increased hydrophobic nature of the filler with
increased hydroxypropyl content. The increase in
viscosity of a polymer-filler composition through
the increase in their interaction keeping other fac-
tors such as filler concentration, size, shape, etc.
constant has been previously reported [24].
Although the polyester is in its uncross-linked form
we assume a similar trend in the interaction
between the filler and the cross-linked polyester.
Further, evidence of the increased interaction will
be obtained from the mechanical properties of the
resultant composites.

3.2. Solvent absorption

Unsaturated polyester composites are known for
their poor resistance to aromatic solvents, due to
the use of styrene as a reactive diluent, which is
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Figure 1. Image of guar gum (GG)

Figure 2. Variation of viscosity with shear rate



why toluene was chosen to observe the effect of
filler addition on the solvent resistance of the com-
posites. From Figure 3 it becomes apparent that the
toluene absorption reduced with the addition of
filler. The filler, i. e. GG and HPGs are hydrophilic
in nature and their affinity with toluene is quite
low. We see that the toluene absorption of the com-
posites do not show significant difference in the
absorption behaviour with use of HPG as compared
to GG. At a 2.5 phr concentration the composites
showed reduced toluene absorption which then
increased on further addition and reached a steady
state above 5 phr.
Considering the hydrophilic nature of the fillers the
water absorption of the resultant composites
becomes very important. From Figure 4 we can see
that the addition of 2.5 phr GG and HPG8 resulted
in composites with reduced water absorption,
which then increased with filler concentration. On
the other hand the addition of HPG4 based unsatu-
rated polyester composites did not show any signif-
icant increase in water absorption. The overall
observations show that above the concentration of
about 4 phr the addition of GG as a filler resulted in

composites with the greatest water absorption as
compared to HPGs. This can be explained by the
reduction in the hydrophilic character of the substi-
tuted guar gums and also by the increased polymer-
filler interaction restricting permeability of water in
the composite.

3.3. Tensile properties

In general it was observed that there was an
increase in the tensile strength of the composites
containing fillers as is graphically depicted in Fig-
ure 5. Guar gum based composites also showed an
increase in the tensile strength, indicating that there
was some degree of interaction between the filler
and the polymer matrix. The composites based on
HPG4 and HPG8 showed increased tensile strength
compared to that of GG based unsaturated poly-
ester composites. HPG8 based composites showed
the highest tensile strength followed by HPG4 and
GG based composites. This can be explained by the
increased polymer-filler interaction with increased
hydrophobic nature of the filler. The optimum con-
centration of filler was found to be at 2.5 phr and
was found to be the same for GG and HPGs. The
decrease in the tensile strength at filler concentra-
tions above 2.5 phr could be due to agglomerate
formation which would result in the formation of
stress centres in the composite contributing to initi-
ation of catastrophic failure of the composites on
the application of stress.
The percentage elongation of the composites
showed an initial decrease where they showed an
increase in tensile strength i.e. at 2.5 phr followed
by a maxima observed at 5 phr as is evident from
Figure 6. Above 5 phr the percentage elongation
decreased but was still greater than that observed
for unfilled unsaturated polyester in the case of
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Figure 3. Toluene absorption of unsaturated polyester
composites

Figure 4. Variation in water absorption
Figure 5. Variation of tensile strength with addition of

filler



HPG based composites. GG based composites
showed percentage elongation almost equivalent to
that of the pure unsaturated polyester. As in the
case of the tensile strength the composites based on
HPG8 showed the greatest increase in the percent-
age elongation. The initial decrease in the percent-
age elongation at 2.5 phr could be due to the
reinforcing effect of the filler, which resulted in an
increase in the tensile strength. At 5 phr and
beyond agglomerate formation, which resulted in a
decrease in the tensile strength, could be the cause
of the anomalous increase in the elongation. The
elongation of the composite can also increase as a
result of decreasing cross-linking density, however,
if that were the case then there should have been a
corresponding increase in the toluene absorption by
the composites, which was not observed. Hence, a
decrease in the cross-linking density as the cause of
the increased elongation can be ruled out.

3.4. Flexural properties

The flexural strength of the composites can be seen
in Figure 7 where HPGs show an increased flexural
strength, with HPG8 again resulting in the compos-
ites with greatest flexural strength. HPG8 based

composites show a maxima at 5 phr while those
based on HPG4 show an almost steady value till
7.5 phr after which it decreases. Guar gum how-
ever, results in composites with a continuous
decrease in the flexural strength with GG concen-
tration. This trend can again be explained on the
basis of increased filler-polymer interaction in the
case of HPGs as compared to GG, resulting in com-
posites with reduced internal stresses and reinforc-
ing action of the HPG particles. The decrease in the
flexural strength of the composites can be explained
on the basis of agglomerate formation at higher con-
centrations of the filler, which was also reflected in
the tensile behaviour of the composites.

3.5. Impact properties

Figure 8 shows the impact strength of the compos-
ites based on GG and HPG. The impact strength of
the HPG based composites showed a maximum at
5 phr with HPG8 surpassing HPG4 based compos-
ites. GG resulted in composites with slightly
reduced impact strength which remained almost
unaffected by the increase in filler concentration.
The increased impact strength of the HPG based
composites can be explained by increased polymer-
filler interaction as compared to GG based compos-
ites. The increased impact resistance can be
explained by the formation of a tortuous fracture
path which retards crack propagation. Further,
increased polymer-filler interaction will decrease
interfacial tension and reduce chances of crack ini-
tiation at the interface. With increasing interfacial
interaction there could also be more efficient
energy transfer to the filler particles which would
help dissipate this energy through breakage of tem-
porary bonds such as hydrogen bonds which are
abundantly present in the polymer. All these factors
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Figure 6. Variation in % elongation

Figure 7. Variation in flexural strength Figure 8. Variation in impact strength



will contribute towards the increased impact resist-
ance of the HPG based unsaturated polyester com-
posites. At higher concentrations due to agglomer-
ate formation, as indicated by the other mechanical
properties, the impact resistance of the composites
will decrease, which explains the decrease
observed after 5 phr in the impact resistance.
From the results we see that guar gum and its deriv-
atives behave as reinforcing fillers. The hydrox-
ypropylation of the guar gum results in increased
polymer-filler interaction, both in the uncured resin
as well as in the composite as indicated by the
increased viscosity of the uncured formulation and
improved mechanical and chemical properties of
the composites. The improved performance of the
hydroxypropyl guar gum fillers has been attributed
to an increase in physical interaction. The use of
acrylated guar gum derivatives is currently under
investigation and preliminary results indicate that
the use of acrylated guar gum forms an interpene-
trating network. From these results other polysac-
charide derivatives, such as ethers, esters and graft
copolymers, of commonly available polysaccha-
rides can also be investigated for their use as fillers.
These composites can be used in applications
where increased mechanical and impact properties
are required by the use of an eco-friendly filler.

4. Conclusions

Guar gum and its hydroxypropyl derivatives were
found to behave as reinforcing fillers. The increase
in the degree of hydroxypropylation of guar gum
increased the interaction between the polymer and
polysaccharide. The toluene absorption of the com-
posites were observed to decrease with filler addi-
tion, on the other hand the water absorption
increased at filler concentrations greater than 5 phr.
Composites prepared using guar gum and hydrox-
ypropyl guar gum as fillers showed increased
mechanical properties. The composites also showed
increased elongation at 5 phr. On comparing the
efficiency of the fillers it was observed that an
increase in the degree of hydroxypropylation
resulted in composites with increased mechanical
properties. This opens an avenue for the use of sim-
ilar polysaccharides and their derivatives as fillers
in polymer composites with thermoset resins. The
advantage of using such materials lies in their
inherent bio-degradability, ease of ability from
renewable sources and non-toxicity.
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1. Introduction

Polymer/clay nanocomposites offer the possibility
of improved properties which cannot be matched
by micron-sized filler particles, such as conven-
tional talc and glass fillers [1–5]. Nanocomposites
reportedly show enhanced tensile and thermal
properties [1–8], heat distortion temperature [1–5],
resistance to flammability [9, 10], and reduced per-
meability to small molecules [4, 11, 12] and solvent
uptake [13]. These enhancements are partly attrib-
utable to the extremely large particle surface area
available for interaction with the polymeric matrix,
coupled with a high aspect ratio (between 30 and
2000) [14]. The property improvements resulting
from the formation of a nanocomposite occur at rel-
atively low concentrations of clay (generally
2–5 wt%) compared to conventional filled polymer
composites, which often contain 20–30 wt% of

filler. In addition to enhanced performance, clay
nanocomposites are easily extruded or molded to
near-net shape, simplifying the manufacturing
process.
For the reasons noted above, polymer nanocompos-
ites are likely to find a wide range of new applica-
tions in reinforced lightweight structural compo-
nents, non-linear optics, battery cathodes, nano-
wires, sensors and other systems. Transportation-
oriented applications that require weight savings
are also likely, including airplane interiors, fuel
tanks, and structural components of air and land
vehicles [15].
The two major steps involved in dispersing clay
nanoparticles in polymers are intercalation and
exfoliation [6]. In the intercalation step, the spacing
between individual clay layers increases as poly-
mer chains or monomer molecules diffuse into the
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clay galleries. Intercalation can be facilitated by
specific treatments of clay particles with organic
modifiers. In exfoliation, the individual clay parti-
cles separate from the intercalated tactoids and are
dispersed in the matrix polymer, forming a mono-
lithic structure [16].
Up to now, extensive research on general polymer
layered silicate nancomposites has been carried out
[7, 11, 17, 18]. Epoxy/clay has been one of the most
studied systems, where merely intercalated or exfo-
liated structures were obtained [6, 8, 10]. On the
other hand exfoliation has been reported for several
polymer matrixes, such as polyimide [4, 7],
polyaniline [19], nylon [20] and phenolic [21, 22].
However, there is no reported research on Epoxy-
Phenolic/clay system. Compared with the epoxy or
phenolic systems, epoxy-phenolic based nanocom-
posites offer some intriguing benefits, including
both flame-resistance and low cost. In addition,
phenolic-epoxy networks can exhibit acceptable
mechanical properties [23, 24]. Because of the
void-free nature of these materials combined with
tailored crosslink densities, these thermosets can
exhibit toughness comparable to or exceeding
untoughened aerospace epoxies while maintaining
flame retardant properties approaching those of
pure phenolic polymers [23, 24]. For these reasons,
E-P resins are also attractive for use in airplane
interiors. Adding nano-fillers, such as nanoclay,
can greatly improve the mechanical and thermal
properties of these systems.
In this work, we report the preparation methods and
characterization of epoxy-phenolic clay nanocom-
posites with varying percentages of nanoclay filler.
The intent is to establish the structure-property
relations in this system. The nanostructure is veri-
fied by x-ray diffraction (XRD) and by transmis-
sion electron microscopy (TEM). Mechanical prop-
erties and fracture behavior are measured and
related to observed microstructures.

2. Experimental

2.1. Materials and sample preparation

A montmorillonite type nanoclay modified with
methyl tallow bis-2-hydroxyethyl quaternary ammo-
nium chloride (Southern Clay Products, Cloisite
30B) was selected for this study. Epoxy-phenolic
(E-P) networks were synthesized by reacting a
novolac type phenolic resin (Georgia Pacific, labo-

ratory grade reagent) and an epoxy resin, diglycidyl
ether of bisphenol A (Epon 828, equivalent weight
187 g/eq.), using 0.3 wt% of triphenylphosphine as
catalyst (Fluka A. G., analytical reagent). The
amount of catalyst added is reported based on the
weight of epoxy. The curing E-P reaction proceeds
via nucleophilic addition of the phenolic hydroxyl
onto the epoxy group [25–27].
As-received clay was dried in a vacuum oven for
24 hours at 100°C, then mixed with different
epoxy-to-phenolic ratios as shown in Table 1. To
prepare the samples, the epoxy was first dried at
80°C under vacuum for 24 hours. The resulting
mixture was blended using an orbital mixer
(Keyence) for 30 minutes. After this step, the sam-
ples were sonicated at 60°C for 1 hour and placed
in an oven for 12 hours at 60°C. Next, the mixtures
were blended with the novolac at 140°C for 30 min-
utes. Finally, the catalyst was added and the mix-
tures were placed in closed molds. The curing
reaction was carried out in a conventional oven at
180°C for 1 hour and at 200°C for 30 additional
minutes.
Table 1 provides details of the weights and equiva-
lent weight percentages of epoxy-to-novolac used
for this work. Also given in Table 1 are the identifi-
cation codes assigned to the fabricated materials.
Different amounts of clay (0, 1, 2.5, 5 and 10 wt%)
were used for sample preparation.

2.2. Characterization

X-ray diffraction patterns were acquired using Cu
Kα radiation in the 2θ range 3°–14°, with a scan-
ning rate of 5°/min (Rigaku RV20 diffractometer).
Transmission electron microscopy (TEM) was per-
formed at an accelerating voltage of 100 kV (JEOL
100CXII) on ~100 nm thick sections, microtomed
from samples containing 2.5 and 5 wt% clay.
Micrographs of the fracture surfaces of the differ-
ent materials were recorded using a scanning elec-
tron microscope operated at 15 kV (Cambridge 360
SEM). Fractured specimens were coated with gold
to impart electrical conductivity.
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Table 1. E-P formulation

Formulation E-P [eq./eq.] E-P [wt %/wt %]
E-P(67/33) 1/1 67/33
E-P(50/50) 1/2 50/50
E-P(35/65) 1/4 35/65



2.2.1. Thermal analysis

The glass transition of the samples was determined
as the temperature corresponding to the maximum
in the tanδ curve. Thermo-mechanical response of
the cured resins was determined using a dynamical
mechanical analyzer (TA Instruments, Newark,
Delaware). Beam samples were cut to 3 mm ×
5.5 mm × 60 mm and clamped in the frame using
dual cantilever mode. For analysis, samples were
heated from 25 to 300°C at a rate of 10°C/min, and
cyclic load was applied at a frequency of 10 Hz.

2.2.2. Mechanical properties

Mechanical tests were carried out at room tempera-
ture using a universal testing machine (Instron
model 4467). The flexural tangent elastic modulus
and strength were determined in accordance with
standard methods (ASTM D790M) using a loading
rate of 1.7 mm/min. The compressive yield behav-
ior was determined using cylindrical specimens,
with an aspect ratio of 3. Specimens were machined
from samples molded in glass tubes. Care was
taken to obtain smooth and parallel faces. Uniaxial
compression tests were performed at a loading rate
of 0.5 mm/min following ASTM 695.
Fracture toughness was determined using a single
edge notched (SEN) type specimen (6.4 mm ×
12.7 mm × 60 mm) and applying conventional lin-
ear elastic fracture mechanics to determine the crit-
ical stress intensity factor in plane strain, K1C. Tests
were performed according to ASTM D5045-93.
After making a notch at the center of the sample
with a reciprocating saw, a sharp crack of length a
was initiated by tapping a fresh razor blade into the
notch tip at room temperature. Samples were
loaded in a 3-point bending fixture at a crosshead
speed of 10 mm/min. The mean value of at least
eight samples was reported. From load-displace-
ment plots and known crack lengths, the stress
intensity factor, K1C, was computed at a maximum
load (P). Equation (1) was used, where f(a/W) is a
dimensionless function of the ratio a/W (Equation
(2)) is a, given by ASTM D5045, W is the specimen
height, and B is the thickness.

(1)

where

(2)

In order to analyze the damage zone around the
crack tip, the double-notch four-point-bend (DN-
4PB) technique was used (Figure 1). Two edge
cracks of approximately equal length were gener-
ated in the specimen (64 mm × 12.7 mm × 125 mm).
The specimen was then loaded in a four-point
bending fixture at a crosshead speed of 10 mm/min,
locating the two pre-cracks within the minor span
on the tensile side. Owing to stress intensification
at the crack tips, a plastic zone formed independ-
ently at each crack tip upon loading (the pre-crack
spacing exceeded the size of the plastic zone).
Because the pre-cracks were not identical, one pre-
crack become critical and propagated in an unstable
manner, thus unloading the other crack that was
immediately arrested.
Transmitted optical microscopy, TOM, was
employed to examine the damage zone around the
surviving crack tip. Thin sections were obtained
using conventional grinding-polishing techniques
[28, 29]. First, a block was cut by sectioning nor-
mal to the fracture surface but parallel to the direc-
tion of crack propagation. The block was
encapsulated in epoxy and cured at room tempera-
ture. Samples were finely ground and polished. The
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polished surface was mounted onto a clean glass
slide using an optically clear epoxy that was
allowed to cure overnight at room temperature. The
sample was again ground and polished until the
plane of interest was finally reached. The thickness
of the final material ranged from 150 to 350 μm.
Optical micrographs were recorded using a trans-
mission microscope, with and without crossed-
polarizers.
Charpy-type impact tests were performed in an
instrumented falling weight impact tester (Fracto-
vis, Ceast). Rectangular, V-notched specimens
with nominal dimensions S × W × B equal to 80 ×
10 × 6 mm were struck by an impactor mass of
3.6 kg at an impact speed of 1 m/s, corresponding
to an impact energy of 1.8 J at room temperature.
Impact strength was calculated as the ratio between
energy consumed (area of the load vs. deformation
curve) and resistant area of the sample (ASTM
D256). The distance between supports was set to
70 mm. The average of results obtained from
10 samples per material was reported as the impact
strength.

3. Results and discussion

3.1. Morphology of E-P/clay nanocomposites

XRD was used to monitor the expansion behavior
of the silicate layers after curing of the nanocom-
posites. The x-ray scattering intensities for the
organically modified clay (Cloisite 30B) and the E-
P nanocomposites containing different amounts of
clay are shown in Figure 2. The diffraction pattern
for the pure clay shows a peak corresponding to the
basal plane spacing of 1.54 nm for the organically

modified montmorillonite. After the curing process,
none of the samples show this basal plane peak,
indicating that exfoliation or intercalation has
occurred in the system.
TEM experiments allow the morphological state of
the nanocomposite to be delineated more com-
pletely. Montmorillonite clay consists of hierarchy
structures, of which the individual aluminosilicate
sheets (~1 nm thick) may be considered the struc-
tural unit. Several sheets stacked face to face with
an interlayer charge balancing cation lead to a stack
and an agglomeration of these stacks leads to the
macroscopically observable micron-sized particles.
Therefore, each macroscopic particle of clay is
actually comprised of many individual aluminosili-
cate sheets. Consequently, the formation of a
nanocomposite involves the break-up and disper-
sion of the agglomerated stacks of sheets followed
by the swelling of the gallery spacing between the
sheets by the polymer and the monomers. Figure 3a
and 3b show transmission electron micrographs of
the E-P nanocomposite containing 2.5 wt% clay. At
low magnifications, some aggregates of clay layers
were present in the composites (Figure 3a). How-
ever increasing the magnification in an area occu-
pied by an aggregate reveals the individual sheets
of clays clearly separated by a layer of E-P polymer
as showed in Figure 3b. It is evident that in general,
the nanostructures consisted primarily of layered
sheets rather than exfoliated single sheets. That is,
there are regions where the regular stacking
arrangement is maintained with a layer of polymer
between the sheets, and also regions where com-
pletely delaminated sheers are dispersed individu-
ally. The distance between the layers was
approximately 10 nm. This long-range ordered
structure is typical of thermoset, layered silicate
nanocomposites synthesized via in-situ polymer-
ization [30].
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Figure 2. X-ray diffraction pattern for the E-P/clay
nanocomposites. Sample: E-P(35/65)

Figure 3. TEM image of E-P/clay nanocomposite contain-
ing 2.5 wt% of clay. Sample: E-P(35/65). a) line:
200 nm, b) line: 20 nm



3.2. Thermal properties

Table 2 shows the changes in Tg of the clay-rein-
forced E-P samples. Considering the reaction that
occurs in the E-P system [26, 27], the addition of
epoxy in the E-P formulations increased the glass
transition temperature of the networks. The higher
crosslinked material is expected to be formed when
equimolar amounts of phenolic and epoxy are used
(1:1 ratio, E-P(67/33)). However, in this system,
the Tg reaches a maximum value for the 50/50 E-P
sample (phenol-epoxy ratio 2:1). To explain this
maximum, note that for the system under study, the
cross-linking density is not the only factor affecting
the physical properties of the networks. As the
compositions were varied to achieve phenol–epoxy
equivalence ratios from 1:1 to 4:1, the epoxy con-
centration is not sufficient to connect the phenolic
chains, leaving a large number of dangling chain
ends that could act as plasticizer. Increasing the
concentration of phenolic, there is a balance
between the dangling chains that increase and the
effect of glassy intermolecular forces that increase
along this series, due to an increase in hydrogen
bonding from the increased numbers of unreacted
phenols.
Table 2 also shows the change in the Tg for nano-
composites with various clay loadings. The thermal
properties of nanocomposites containing 1:1 and
4:1 phenol-epoxy equivalent ratio exhibit a com-
pletely different behavior than the samples with 2:1
phenol-epoxy equivalent ratio. This observation is
clear evidence of the effects of cross-linking den-
sity and the intermolecular forces due to the unre-

acted phenol groups, as described previously. How-
ever, the general tendency of the Tg is to decrease
with increasing additions of nanoclay. Similar vari-
ations in Tg have been reported for other nanocom-
posite systems [30, 31]. For example, Chen et al.
[31] attributed such variation to the formation of an
interphase between the silicate layers. An inter-
phase is defined as the matrix material near the sur-
face of the filler compound, where the matrix
properties differ from the properties in the bulk
matrix. In this case, the interphase between the nan-
oclay particles and the matrix may be affected by
the cross-linking density, causing or contributing to
the observed decrease in the glass transition tem-
perature.

3.3. Mechanical performance

3.3.1. Flexural and compressive properties

Table 2 lists the measured flexural and compressive
properties for the E-P/clay composites and unrein-
forced controls. For the pristine samples, the results
show that the flexural modulus increases with
decreasing ratio of epoxies to phenols. Tyberg et al.
[23, 24] attributed this effect to a decrease in the
network density, although there is no established
relationship between modulus and network density.
The addition of the nanoclays substantially increased
the flexural modulus of the nanocomposites rela-
tive to the neat polymer. For example, 10 wt% of
organoclay produced a 20% increase in flexural
modulus. The mechanical properties of composites
depend on multiple factors, including the aspect
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Table 2. Changes in thermal, flexural and compressive behavior of the clay reinforced E-P samples

Matrix
Clay

[wt%]
Thermal properties

Tg [°C]
Flexural properties Compression properties

Strength [MPa]Modulus [MPa] Strength [MPa]

E-P (67/33)

0 139.5 3516.1±15.9 121±3.1 144.5±9.20
1 128.0 – 120±1.2 –

2.5 127.6 3800.3±57.2 117±2.5 73.6±13.6
5 126.9 3960.6±36.2 124±2.2 57.6±8.40
10 132.3 4054.1±105.4 114±1.6 50.4±15.2

E-P (50/50)

0 141.0 3757.3±217.9 135.1±3.4 79.6±8.20
1 144.8 3549.2±102.3 122.3±1.3 76.2±29.6

2.5 144.7 – 120.5±2.1 –
5 143.7 3709.0±164.0 127.9±1.3 76.0±7.10
10 141.6 4260.4±216.4 119.4±1.8 63.5±4.70

E-P (35/65)

0 122.8 4147.9±297.8 – 82.03±20.4
1 118.4 4533.4±494.2 – 66.1±13.3

2.5 116.7 4645.9±114.5 – 52.1±4.60
5 119.4 – – –
10 116.6 4826.7±162.7 – 30.9±9.20



ratio of the filler, the degree of dispersion of the
fillers in the matrix, and the adhesion at the filler-
matrix interface [32, 33]. In addition, the degree of
exfoliation of the layered silicate in the polymer
influences the modulus of nanocomposites [34, 35].
Several explanations have been proposed to explain
the modulus enhancement observed in polymer lay-
ered silicate hybrids. Most explanations focus on
the large surface area of the inorganic phase and the
corresponding restricted mobility of the polymer
chains [34, 36, 37]. In glassy-epoxy systems such
as the present system, the stiffness improvement is
generally attributed to an increase in the effective
particle volume fraction in the nanocomposite [34].
In contrast, a surprising decrease in compressive
and flexural strength is observed, despite the addi-
tion of a stiff reinforcement [35]. This decrease is
attributed to clustering of nanoparticles, as noted
from the TEM images (Figure 3a). In most cases,
epoxy-based nanocomposites show no improve-
ments in strength [35]. In fact, inhomogeneous
microscale dispersions of the layered silicate dra-
matically lower the strength. This suggests that the
strength of brittle matrix nanocomposites is prima-
rily controlled by the dispersion of microscale sili-
cate particles.

3.3.2. Fracture properties 

All materials fractured in an unstable manner, how-
ever some differences in behaviour were observed
among them. Samples with E-P(35/65) and E-P
(50/50) exhibited complete brittle fracture as
judged from the linearity of the load deflection
records (Figure 4) and the features of the fracture

surface. Load–time curves dropped to zero instan-
taneously upon reaching the maximum load. Sam-
ples with E-P(67/33) exhibited semi-brittle behav-
iour and developed limited plasticity ahead of the
crack tip. The load increased first linearly and then
non-linearly and displayed a drastic drop in coinci-
dence with the sample failure. Features of load-dis-
placement curves were not influenced by the addi-
tion of clay. All samples were within the Linear
Elastic Fracture Mechanics condition, i. e., Pmax/
P5% < 1.1, and toughness obtained from them rep-
resent valid plane strain values satisfying size crite-
ria (Equation (3)):

(3)

Figure 5 shows the dependence of fracture tough-
ness, (K1C) on clay content for the different E-P
nanocomposites. The pure matrix toughness
increases with increasing ratios of phenol to epoxy
up to a threshold in E-P(50/50). This trend is con-
sistent with expectations of increased toughness
with the average molecular weight between cross-
links (increasing ratio of phenol-to-epoxy) up to a
threshold, at which point the density of uncon-
nected phenolic chains begins to dominate the
properties [23–24]. Note that in the present system,
an additional factor affected the physical properties
of the networks. As the compositions were varied
from epoxy-phenolic equivalent ratios of 1:1 to 1:4,
the network densities decreased, but at the same
time, the intermolecular forces increased as a result
of increased hydrogen bonding from the large num-
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Figure 4. Load deflection curve of pristine samples 
(P – load and d – deformation)

Figure 5. Fracture toughness the different E-P nanocom-
posites as a function of clay content



ber of unreacted phenols. Both factors contributed
to toughness in a complementary fashion.
The fracture toughness of some the E-P nanocom-
posites increased up to 70% over the unmodified
resin. Microscale rigid particles generally tend to
increase the toughness of brittle polymers but
reduce toughness of ductile polymers [35]. The
mechanisms governing fracture properties of ther-
moset layered silicate nanocomposites are likely to
operate at the microscale. The increase in effective
particle volume fraction is also likely to contribute
to the fracture energy improvements.
SEM micrographs acquired from fracture surfaces
of neat polymer samples and nanocomposites pro-
vide insight into the fracture mechanism. Typical
findings are shown in Figure 6. The unreinforced
matrix has a smooth crack surface, indicating that
the resistance to crack propagation is low. In con-
trast, the nanocomposites exhibited a rougher frac-
ture surface, filled with scale-like terraces and
steps. The morphology derives from the presence
of organoclay layers that force the crack to propa-
gate along a stepped and tortuous path, thereby dis-
sipating energy during fracture. Close observation
revealed fine micro-cracks between the scale-like

steps, indicating that the clay layers acted as stress
concentrators and promoted the formation of the
micro-cracks during loading.
Toughening effects of clay in epoxy/clay nanocom-
posites have been reported extensively [38–41].
Some investigators concluded that crack arrest and
pinning [38], as well as massive shear deformation
[41] were responsible for the observed toughening.
Composites with a high E/P ratio matrix (Fig-
ure 6b) exhibited features described as massive
shear yielding induced by the stress concentration
of rigid nano particles [41]. As E/P ratio diminishes
in matrixes (Figure 6c and d) fracture surfaces
exhibited features consistent with crack pinning
[42–43] as the dominant mechanism for toughen-
ing, and the rigid particles also enhance localized
plastic deformation between particles. These results
agree with the well known fact that plastic defor-
mation of the matrix is limited in thermoset plastics
with high crosslink density and microcrack is a
main toughening mechanism [44, 45]. In these sys-
tems crosslink density increases and toughenability
decreases with epoxy content.
The deformation zones generated ahead of the
arrested crack-tip in 4 point bend tests are shown in
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Figure 6. SEM images of fracture surfaces a) E-P(35/65) matrix, b) E-P(35/65) with 2.5 wt% clay, c) E-P(50/50) with
2.5 wt% clay, d) E-P(67/33) with 2.5 wt% clay



Figure 7. The bright field micrographs were
obtained by transmission optical microscopy
(TOM). The unreinforced sample exhibits a smooth
crack surface, while the nanocomposites manifest
crack trajectories that were tortuous and branched
along the crack length.
The findings reported here indicate that multiple
mechanisms are involved in the toughening of the
current nanocomposites, including microcracking,
crack deflection, crack pinning, and matrix shear in
different ratios according to the crosslink density of
the matrix. However, the toughness reached a max-
imum for nanocomposites with 2.5–5 wt% of clay
content. This is a consequence of two competing
processes associated with clay-induced microc-
racking. Both microcracking and microcrack-
enhanced crack deflection are important toughen-
ing mechanisms in these materials. Consequently,
an increase in clay content will increase the extent
of microcracking, and thus, the fracture toughness.
On the other hand, as the inter-particle distance
becomes smaller at increasing clay contents, the
presence of weakly bonded particles resembles
cavities ahead of a crack tip. This reduces the mate-
rial resistance to fracture and forms an extension of
the advancing crack. In light of this argument, the
fracture toughness of the nanocomposite should
decrease with clay content. The combination of the
two competing effects gives rise to the maximum in
toughness observed for nanocomposites with 2.5–
5 wt% of clay content.

4. Impact properties

The dependence of material impact strength on clay
content is shown in Figure 8. The error bars indi-
cate the standard deviation.
Impact toughness increases with the change in E-P
from 67/33 to 50/50, and a slight additional
increase was observed with the change in E-P from

50/50 to 35/65. This trend is similar to the case of
fracture toughness measured at quasi-static loading
rates. In nanocomposites, the impact strength
decreased with increasing clay content, or no effect
was found. This can be attributed to the presence of
clay particle agglomerates, noted previously, that
act as stress concentrators, diminishing impact
strength, and the decreasing capability of matrixes
to undergo viscoelastic and/or plastic deformation
with increasing strain rate [46] SEM images of
fracture surfaces from impact toughness tests are
shown in Figure 9. The fracture surfaces of the
nanocomposites showed irregular, micro-rough-
ened topography consistent with fast crack growth
[46–49].
Historically, thermosetting resins such as epoxies
have key engineering limitations, including inher-
ent brittleness and moisture uptake. The potential
of nano-modifications to achieve an improved
toughness-stiffness balance is the motivation for
much research, yet general trends have not been
conclusively demonstrated for the effects of nano-
modifications on impact toughness [49]. However,
it has been reported that in general, the impact
strength decreases with increasing clay content,
especially at high clay contents [49]. Our results
suggest that while there was no significant effect of
nanoclay additions on impact strength, energy dis-
sipating mechanisms are rate-sensitive. This find-
ing is in agreement with literature data in which the
high strain rate attained under impact conditions
limited the improvement in strength [43].
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Figure 7. Side views of crack-tip damage for a) E/P
matrix and b) E/P with 10 wt% clay specimens
under static loading conditions (SEDN-4PB
experiments). (Matrix: E-P(35/65)

Figure 8. Impact toughness of evaluated nano-materials as
a function of clay content



5. Conclusions

The relationship between the chemical network
structures and the mechanical properties of epoxy-
phenolic nanocomposites has been elucidated.
These nanocomposites show an increase in fracture
toughness (70% increase) and Young’s modulus
(20% increase) compared to the matrix. These
enhancements are achieved without a significant
decrease in flexural strength. Fractography revealed
several mechanisms that contribute to the increase
in fracture toughness of the nanoreinforced sam-
ples, including micro-cracking, crack deflection,
crack pinning, and matrix shear.
The results illustrate the potential to enhance the
performance of polymers used for composite matri-
ces through the addition of nanoclays, without
diminishing the processing characteristics. Further-
more, the low loadings of organoclay silicates
required to achieve these improvements offer
promise for performance enhancements with only
modest cost increments.
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