
The fast development of electric vehicles (EVs) is
attracting more and more attention. Many countries
plan to ban conventional petrol cars within the next
twenty years. Public opinion supports these policies
because they gradually reduce greenhouse gas emis-
sions. Unlike gasoline cars, EVs have higher accel-
eration and less noise pollution from the engine but
increased weight from the battery (https://doi.org/
10.1016/j.tej.2015.11.011). Accordingly, new chal-
lenges to EV tires are emerging. The high instanta-
neous torque of EVs leads to higher tread wear.
Long travel distances require low rolling resistance
and lower tire weight. In addition, EV tires require
low road noise.
To meet these new requirements of EV tires, we
need to adjust the tire structure and materials. Re-
inforcement layers: traditional cars mainly use steel
cords for the reinforcement layers. These steel cords
are much heavier than rubber composites. Organic
fibers with high strength, such as aramid and poly-
imide fibers (https://doi.org/10.1002/app.49733),
can be partially used in the belt layer and carcass
layer to reduce tire weight. The adhesive strength of
fiber/rubber composites also should be enhanced.
The light tires provide more driving ranges for EVs.
Tread patterns: the tread patterns’ improvement is
more important than that in tread rubbers to reduce
road noise (https://doi.org/10.1016/j.apacoust.2020.
107617). The novel patterns can be designed ac-
cording to the acoustic theory. Rolling and abrasion
resistance: it is challenging to balance these two

properties. The traditional method for improving
abrasion resistance is to increase the tensile strength
and modulus of the tread rubber, but this leads to an
increase in rolling resistance. Therefore, researchers
need to rationalize the rubber formula and manufac-
turing process. In addition, some novel fillers, such
as graphene and carbon nanotubes, significantly in-
crease the modulus of rubber composites. A reason-
able combination of different fillers can balance
these two properties (https://doi.org/10.5254/rct.
21.79928). The fine dispersion of the hybrid fillers
and the strong interface between novel fillers and
rubber molecules should be ensured during the man-
ufacturing process. In my opinion, these novel tech-
nologies have the potential to be realized in EV tires
and contribute to making transport more environ-
mentally friendly.
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1. Introduction
One of the technological purposes in the research
and development of new polymer nanocomposites
is the reduction of energy loss and material damage
due to friction and wear in sliding applications and
of surface damage produced by abrasion [1, 2]. Car-
bon nanophases are studied as reinforcements of dif-
ferent polymer matrices aimed at reducing friction
coefficients and material loss. Sun and Du [3] have
recently reviewed the state of the tribological studies
of graphene nanocomposites.
Polymethylmethacrylate (PMMA) parts are manu-
factured for applications in many structural, indus-
trial, transport, and even biomedical applications for

which tribological performance is critical. PMMA
composites [4] are easily manufactured by melt pro-
cessing techniques, such as extrusion and injection
molding, but their wear and scratch resistance need
to be improved [5]. Carbon nanophase fillers such
as nanotubes, graphene, and graphene oxide have
been added to a PMMA matrix [6–12]. The resist-
ance to damage of the surfaces of the final parts is
influenced by nanophase distribution and orientation
with respect to the melt flow. A very recent review
[13] on fiber-reinforced polymer composites con-
taining graphene reported that they exhibit higher
wear resistance than the corresponding materials
without graphene. 
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Abstract. New polymethylmethacrylate (PMMA) nanocomposites containing 0.5 wt% graphene oxide (GO), or 1.5 wt%
graphene oxide modified with the ionic liquid (IL) 1-octyl-3-methylimidazolium tetrafluoroborate (GOIL) have been
processed by extrusion and injection molding to obtain PMMA+GO and PMMA+GOIL, respectively. Raman microscopy
and mapping show that the additives align parallel to the flow close to the exterior surfaces, with an almost perpendicular
orientation in the central core region. Reciprocating sliding tests have been carried out on the exterior surfaces and also on
the surface of core sections of the injected parts. GO prevents surface damage, showing negligible wear on both section sur-
faces under sliding parallel and perpendicular to the injection flow. In contrast, the performance of PMMA+GOIL depends
on the sliding direction. Under multiple scratching, both GO and GOIL reduced residual depth values and increased the vis-
coelastic recovery of PMMA, thus reducing permanent surface damage. PMMA+GOIL shows the highest viscoelastic re-
covery and the lowest complex viscosity values. Wear mechanisms are discussed as a function of materials properties,
nanofiller type, and orientation and sliding direction.
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Song et al. [14] described the preparation of PMMA
nanocomposites by in-situ polymerization, contain-
ing up to 1 wt% of graphene oxide (GO) with respect
to the monomer. A reduction of the running-in fric-
tion coefficient was described for GO content higher
than 0.8 wt% to reach the same steady-state friction
coefficient as pure PMMA after a short sliding dis-
tance. They proposed that the good compatibility be-
tween the functional groups of GO and PMMA en-
hances interfacial strength and improves the tribo-
logical performance.
Ionic liquids (ILs), salts that are in liquid state at
room temperature, have found many applications in
tribology and materials science, including polymer
technology [15]. ILs possess a unique combination
of outstanding properties, such as their high thermal
stability in the fluid state; their ability to act as sol-
vents and surfactants; their plasticizing effect to-
wards thermoplastic polymers; and their curing ef-
fect in the case of thermosets.
The plasticizing effect of imidazolium ILs for
PMMA, when added in very high proportions
(50 vol% ILs), was described by Scott and cowork-
ers [16, 17]. Zhao et al., [18] described the multiple
roles of 1-butyl-3-methylimidazolium hexafluoro -
phosphate, which not only acts as a plasticizer and
processing aid additive, but also improves the dis-
persion of multiwalled carbon nanotubes in a PMMA
matrix. Recently, 2 wt% ILs have been added to
PMMA [19], to improve its resistance to deforma-
tion, but no tribological studies were conducted.
Graphene-ionic liquid nanohybrid lubricants have
received much attention in recent times [20–22]. The
synergistic effect between carbon nanophases and
ionic liquids [23, 24] has been demonstrated in lu-
brication [22], both as neat lubricants and as lubri-
cant additives, and also in the reduction of friction
and wear of polymers [3, 25]. IL functionalized GO
reduced the friction and wear of epoxy resin [25].
Thin lubricant films formed by graphene dispersed
in octylmethylimidazolium ILs have been reported
recently [26].
The ionic liquid selected in the present study has pre-
viously shown its ability to modify carbon nanophas-
es, in particular carbon nanotubes, to develop new
thermoplastic nanocomposites [27, 28] with im-
proved abrasive wear resistance.
The most commonly used processing conditions for
these nanocomposites require the use of solvents in
order to disperse the additives. However, for practical

applications with a reduced environmental impact,
melt processing is an adequate route. A recently pub-
lished precedent of the present work is the prepara-
tion, characterization, and optimization of extrusion
parameters for extruded PMMA nanocomposites
with graphene oxide and graphene oxide modified
by ionic liquid [29].
In the present work, PMMA nanocomposites con-
taining graphene oxide (GO) or graphene oxide pre-
viously modified by ionic liquid (GOIL) have been
melt-processed by extrusion followed by injection
molding, avoiding the use of organic solvents. The
main objectives are to study the wear resistance of
the new materials under different sliding conditions
and to relate the results with variables such as injec-
tion flow, nanophase type, and distribution. The
main novelty with respect to previous works is the
study of the different tribological behavior of differ-
ent regions of nanocomposite injected parts.

2. Experimental
Injection molding grade polymethylmethacrylate
(PMMA) (8N; Evonik AG, Germany) was selected
for the present study. Graphene oxide (GO) (lateral
size (LD50): 40 µm; average thickness: 1–2 nm;
oxygen content (determined by X-ray photoelectron
spectroscopy, XPS): 30% Brunnauer-Emmett-Teller
(BET) specific surface area: approx. 400 m2/g; av-
erage number of layers 1–2) was purchased from
Avanzare S.L., Spain. The ionic liquid (IL) used in
the present study was 1-octyl-3-methylimidazolium
tetrafluoroborate (Iolitec GmbH, Germany) (>99%
purity). Graphene oxide modified by ionic liquid
(GOIL) was obtained following a general procedure
similar to that previously described [29]. The first
step was the mechanical mixing of GO and IL (in a
1:2 weight proportion) in an agate mortar. After
10 minutes, the mixture was sonicated for 1 hour,
and the solid residue was then washed repeatedly
with acetonitrile and dried in a vacuum oven for
32 hours at 70°C.
PMMA pellets were milled using an ultracentrifuge
mill (ZM200; Retsch, Germany) and dried in a vac-
uum oven. A TwinLab 10 mm co-rotating twin-
screw micro-extruder (TwinTech Extrusion Ltd, U.K.)
was used for the first processing step of PMMA and
the new nanocomposites, under a temperature profile
between 205 and 245 °C and a specific mechanical
energy of 1800 kJ/kg. Extrusion processing parame-
ters were selected according to previous optimization
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works [29]. The extruded materials were then cooled
to 70 °C and pelletized before injection molding in a
DEU (Spain) 250 H55 mini VP machine at 245 °C,
under an injection pressure of 120 MPa, with a mold
temperature of 65 °C and an injection speed of
10 cm3/s. The injection molding parameters are
those recommended for PMMA.
In order to observe the presence of the nanofillers
inside the injected parts, images of 1 mm thick sec-
tions were taken with a digital camera and edited
using GIMP image editing software.
Materials were characterized using a Leica DMRX
optical microscope, a Hitachi S-3500N Scanning
electron microscope (SEM), (Hitachi, Tokyo, Japan)
was used to obtain energy dispersive X-ray (EDX)
spectra, and Raman microscopy WiTec Access 300
equipment with a 532 nm laser. X-ray photoelectron
spectroscopy (XPS) was determined by means of a
VG-Microtech Multilab 3000. JEOL JEM 2100
equipment was used to obtain transmission electron
microscopic (TEM) micrographs and a Bruker D-8
Advance diffractometer was used to record X-ray
diffraction (XRD) peaks. Thermal characterization
was performed with a DSC-822e type differential
scanning calorimeter (DSC), between 0 and 140 °C,
at a heating rate of 10 °C/min. TGA 1 HT type ther-
mogravimetric analyzer (TGA) (Mettler-Toledo, USA)
was used under a nitrogen atmosphere (50 ml/min)
at a heating rate of 10 °C/min, under a nitrogen at-
mosphere (50 ml/min). Q800 (TA Instruments, USA)
equipment was used for dynamic mechanical analy-
sis (DMA), under the single cantilever configuration,
in the temperature range between 30 and 145 °C, at
a heating rate of 3 °C/min, with a frequency of 1 Hz,
in ambient atmosphere.
Surface roughness and wear volumes were deter-
mined by means of a Talysurf CLI 500 (Taylor Hob-
son, U.K.) profilometer. Reciprocating sliding tribo-
logical tests with AISI 316L balls (1.6 mm diameter)
against PMMA injected parts were carried out using
a TRB tribometer (Anton Paar, Switzerland), under
a normal applied load of 1 N, with a sliding frequen-
cy of 2 Hz, and a stroke length of 5 mm. Coefficients
of friction were continuously recorded during each
test. Tests were carried out on both the exterior and
core surfaces under sliding directions parallel or per-
pendicular to the melt flow. Average friction coeffi-
cient and wear values were calculated after at least
three tests.

Abrasion tests under multiple scratching were car-
ried out according to ASTM D7027-05, using an
MTR 3/50-50/NI microscratch (Microtest S.A., Spain)
tester, with a diamond indenter (200 nm sphere ra-
dius) being used for multiple scratch (15 successive
scratches) abrasive wear tests, under a normal ap-
plied load of 10 N, at a sliding velocity of 5 mm/min,
with a sliding distance of 5 mm. Average instanta-
neous penetration (Pd), residual depth (Rd), and vis-
coelastic recovery values were calculated after at
least three tests. All tribological tests were carried
out in ambient conditions, temperature: 25 °C and
relative humidity: 37%.
The rheology of PMMA and of the nanocomposites
was studied with a parallel plate rotational rheometer
(Ar-G2; TA Instruments, USA), at a temperature of
245°C.

3. Results and discussion
3.1. Materials characterization
The results of XPS surface analysis of GOIL show
the characteristic binding energies of F1s from the
tetrafluoroborate anion and N1s from the imidazoli-
um cation, while GO only presents C1s and O1s
peaks, as previously described [29], although in the
present case a lower IL proportion has been used to
obtain the modified graphene oxide nanofiller GOIL
(Figure 1).
X-ray diffraction patterns Figure 2 show the dis-
placement of the maximum diffraction peak for GO
to a lower angle (higher interlayer distance) when it
is modified by IL.
GOIL diffraction pattern also shows the peaks at 22°
and at 5°, which are also present in the IL.
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Figure 1. XPS surface analysis spectra for GO and GOIL.



XPS and XRD results confirm the presence of the IL
both at the outer surface and at the GO interlayer dis-
tance.
TEM micrographs of PMMA+GO and PMMA+GOIL
(Figure 3) show the presence of GO or GOIL platelets
inside the PMMA matrix. The presence of folded
multilayers inside both nanocomposites could be a
result of processing conditions.
The SEM micrograph (Figure 4) of the cryofracture
surface of PMMA+GOIL shows the characteristic
fragile fracture morphology. The presence of the IL
phase was confirmed by the EDX spectrum of the
selected area (Figure 4), which shows the presence
of fluorine from the tetrafluoroborate anion.
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Figure 2. XRD diffractograms of GO; IL; and GOIL.

Figure 3. TEM micrographs of a) PMMA+GO and b) PMMA+GOIL.

Figure 4. a) SEM micrograph of the cryofracture surface of PMMA+GOIL and b) EDX spectrum of the selected region.



Table 1 shows that glass transition temperatures (Tg),
as determined by DSC, are similar for all materials,
thus indicating no significant changes in chain mo-
bility in the bulk materials induced by the nanofiller
additives. The highest degradation temperature (Td)
(determined by TGA) is observed for PMMA+GOIL
nanocomposite, as a result of the higher thermal sta-
bility of IL and GOIL with respect to PMMA [29].
Table 2 shows the values of the storage modulus
onset (E′onset), loss modulus maximum (E″peak), and
loss tangent (tan δ) maximum (tan δpeak), and glass
transition temperature values at the onset of storage
modulus (Tg (E′onset)), at the maximum peak of loss
modulus (Tg (E″peak)) and at the maximum peak of
loss tangent (Tg (tan δpeak)). As observed in Table 2,
DMA results are very similar for all materials. Glass
transition temperatures and tanδ values are the same
for PMMA and both nanocomposites. Thus, GO and
GOIL additives induce no significant changes in the
viscoelastic behavior of injection molded PMMA, at
least in the proportion added in the present work.
This is also in agreement with the results previously
obtained for similar nanocomposite extruded mate-
rials [29].
Figure 5 shows the D, G and 2D regions of the Raman
spectra of the nanofillers and the nanocomposites.
Table 3 reports the position, intensity, the full width
half maximum (FWHM) band width, and areas of
each fitted peak.
A decrease in the intensity and FWHM of the D″ band
has been related [31] to a crystallinity increase. Ac-
cording to this, as these values are higher for GOIL
than for GO, (Table 3), the modification with ionic
liquid produces a more amorphous hybrid nanofiller.

The position of the 2D band is shifted from 2711 cm–1

for GO, to 2705 cm–1 for GOIL. This decrease is in
agreement with a lower content of sp2 carbon [30].
In the same way, the slight increase in the ID/IG ratio
(Table 4), from 0.92 for GO to 1.06 for GOIL shows
a higher proportion of defects and the sp3 bonds due
to the presence of the IL [32, 33]. Crystallite size
(LA) [34] indicates a decrease in crystallinity or in
sp2 carbon [30, 35] and is also lower for GOIL than
for GO (Table 4), in agreement with the reduction
of sp2 carbon.
The nanocomposites show the lowest crystallite size
(Table 4) due to the degradation of the nanofillers
after the extrusion and injection processing steps.
The effect of injection flow and nanophase orienta-
tion is also seen in surface roughness values. Surface
topography and average roughness show a signifi-
cant difference between the exterior and core section
surfaces.
Table 5 and Figure 6 show, respectively, average
roughness values and surface topography profiles of
PMMA and the nanocomposite materials, both on
the exterior surface, which has been in contact with
the mold wall [36, 37] and on the core section. The
cutting operation to obtain core sections yields very
similar Ra values for all materials (Table 5).
As expected, roughness values are higher on the ex-
terior surface than on the core section, but this dif-
ference is much higher for the nanocomposites than
for neat PMMA, which shows similar surface topog-
raphy and roughness values on both surfaces. The
addition of GO increases surface roughness of the
exterior surface by a factor of 3.8. In the presence of
the IL, in PMMA+GOIL, the roughness increases by
a factor of 3.3 with respect to PMMA at the exterior
surface. The very high exterior surface roughness of
the nanocomposites could increase friction coeffi-
cients and wear rates.

3.2. Reciprocating sliding wear tests
In order to study the effect of the nanofiller additives,
flow injection and surface topography on the tribo-
logical performance of PMMA, reciprocating sliding
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Table 1. Glass transition (Tg) and degradation (Td) tempera-
tures.

*Glass transition temperature
**Degradation temperature at 50% weight loss

Material Tg
*

[°C]
Td

**

[°C]
PMMA 108.5±0.7 379.9±0.5
PMMA+GO 110.6±2.6 382.1±0.8
PMMA+GOIL 108.3±0.1 385.4±1.3

Table 2. DMA results.

Material E′onset
[MPa]

Tg (E′onset)
[°C]

E″peak
[MPa]

Tg (E″peak)
[°C]

tan δpeak
[–]

Tg (tan δpeak)
[°C]

PMMA 3141.0±89.1 117.9±0.1 258.0±1.6 118.0±0.1 1.5±0.1 133.5±0.1
PMMA+GO 3066.0±45.2 118.7±0.6 260.2±0.1 119.1±0.6 1.5±0.1 134.1±0.6
PMMA+GOIL 3244.5±91.2 117.8±0.4 270.7±1.1 118.1±0.4 1.5±0.1 133.5 ±0.7



wear tests were performed on both the exterior and
the longitudinal core section surfaces, as shown in
Figure 7.
Figure 8 shows the characteristic coefficient of friction
versus distance curve which are obtained for PMMA
and nanocomposites under reciprocating sliding.

Initial or break-in friction coefficient (μ0) values of
approximately 0.10 and final or steady-state friction
(μf) of 0.60 are obtained. All materials show transi-
tion distance values (d) lower than 100 m. Low ini-
tial friction coefficients are only maintained without
transition to higher values during the whole sliding
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Figure 5. Raman spectra and deconvolution of D, G and 2D bands (R2 > 0.99). a) GO bands D, G; b) GO band 2D; c) GOIL
bands D, G; d) GOIL band 2D; e) PMMA+GO band D, G and f) PMMA+GOIL band 2G.



test for the low roughness core section surface of
PMMA+GO nanocomposite.
Figure 9 shows surface topography images of the
wear tracks on all materials as a function of sliding
direction, either parallel or perpendicular to the in-
jection flow.
Wear volumes were determined from the product of
cross-section worn areas [A1-(A2+A3)] [37] (where
A1 is the area below the surface and (A2+A3) are
the areas of plastically deformed material accumu-
lated on the edges of the wear track), along the
length of the wear track (4 mm), without considering
both wear track ends.
On the external surface, PMMA shows similar wear
rates for both sliding directions, of the order of
10–3 mm3. In contrast, in PMMA+GO, the addition
of GO reduces wear volume on the external surface
in one order of magnitude, up to 10–4 mm3 (with

standard deviations lower than 10%). Moreover,
PMMA+GO shows negligible wear volume on the
core section surface, under both sliding directions,
in agreement with the extremely mild surface dam-
age shown in Figure 9. For PMMA+GOIL, surface
damage is also minimized, but only under sliding
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Table 3. Raman results.

*Full width at half maximum

Nanophase GO
Band D* D D″ G D′

Wavenumber [cm–1] 1144.2 1354.6 1526.2 1580.1 1613.5
FWHM* [cm–1] 68.7 122.5 123.9 62.3 42.6
Area [%] 0.7 61.3 7.9 18.7 11.3
Relative intensity [–] 0.025 0.922 0.153 0.540 0.636

Nanophase GOIL
Band D* D D″ G D′

Wavenumber [cm–1] 1169.1 1345.4 1526.7 1583.0 1613.9
FWHM* [cm–1] 20.1 111.2 134.6 63.7 38.3
Area [%] 0.1 62.9 8.6 20.1 8.3
Relative intensity [–] 0.017 1.077 0.161 0.619 0.549

Nanophase PMMA+GO
Band D* D D″ G D′

Wavenumber [cm–1] 1187.0 1356.7 1504.4 1589.5 1618.0
FWHM* [cm–1] 120.5 118.7 86.5 68.5 47.0
Area [%] 1.7 62.3 7.9 20.1 8.1
Relative intensity [–] 0.032 0.962 0.207 0.664 0.390

Nanophase PMMA+GOIL
Band D* D D″ G D′

Wavenumber [cm–1] 1170.0 1355.6 1503.4 1588.0 1617.1
FWHM* [cm–1] 262.2 93.9 93.0 53.1 44.6
Area [%] 3.7 60.0 5.4 23.9 7.0
Relative intensity [–] 0.030 0.937 0.116 0.716 0.314

Table 4. Raman bands intensity ratios and sp2 crystallite size
(LA) values.

Table 5. Surface roughness

Material ID/I I2D/I LA
[nm]

GO 0.92±0.02 0.14±0.01 20.9
GOIL 1.06±0.04 0.14±0.01 18.1
PMMA+GO 1.08±0.04 – 17.8
PMMA+GOIL 1.10±0.08 – 17.5

Material
Roughness, Ra

[μm]
Exterior Core section

PMMA 0.18±0.01 0.15±0.01
PMMA+GO 0.69±0.05 0.17±0.01
PMMA+GOIL 0.60±0.04 0.15±0.01

Figure 6. Scheme showing exterior and core section surfaces
of injected parts and surface topography for
PMMA, PMMA+GO and PMMA+GOIL on exte-
rior and core section surfaces.

Figure 7. Scheme showing AISI 316L ball reciprocating
sliding directions on PMMA and nanocomposites.



parallel to the injection flow, in agreement with the
longer transition distance of friction coefficients.
Under sliding perpendicular to the flow, the wear
volume of PMMA+GOIL is of the same order of
magnitude as that of PMMA.
Wear scars on the different materials after recipro-
cating sliding tests were also studied by SEM mi-
croscopy.
Figure 10 shows SEM micrographs of the wear scars
on core section surfaces. PMMA presents the same
surface damage after sliding parallel and perpendi-
cular to flow. Plastic deformation produces smooth

grooves with an accumulation of wear debris particle
powder on the edges and at the ends of the scar.
Figure 10 shows very mild surface damage on
PMMA+GO for both sliding directions. Wear debris
is only observed in a very small amount compared
to PMMA.
Figure 10 also shows the influence of sliding direc-
tion on PMMA+GOIL. Whilst in the parallel direc-
tion, the surface damage is very mild, similar to that
observed for PMMA+GO. The wear damage in the
perpendicular direction is more severe but shows a
stick-slip effect, and some wear debris along the
edges of the groove.
SEM micrographs in Figure 11 show the very mild
abrasion wear parallel marks on PMMA+GO cross-
section surface after reciprocating sliding in the di-
rection parallel to flow.
A Raman study was carried out for a selected region
inside the wear path (Figure 11). Raman mapping
enables rich GO regions to be identified inside the
PMMA matrix, as confirmed by their respective
Raman spectra. GO-containing particles (in red), are
randomly oriented inside the PMMA matrix (in blue).
In order to study the distribution of the nanophases in-
side the colorless PMMA matrix, different cross-sec-
tions of the injected parts were obtained. Figure 12
(top) shows the results of an image composition of
digital photographs along the longitudinal cross-sec-
tions of PMMA+GO, and PMMA+GOIL. Figure 12
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Figure 8. Representative coefficient of friction (COF) vs
sliding distance record, under reciprocating slid-
ing, showing transition distance from running-in
(μ0) and steady-state (μf).

Figure 9. Profilometer surface topography of wear tracks after reciprocating sliding in the directions a) parallel to flow and
b) perpendicular to flow.



also shows a front view of the apparent GO distri-
bution inside PMMA+GO, and a composition of
photographs of cross-sections perpendicular to the
injection flow in the Gate region (closer to the mold
feeding gate) and parallel to the injection flow in the
End region.
Apparently, an expansion of the region occupied by
the nanophase takes place inside the central channel.
According to Dericiler et al. [38], the maximum ve-
locity in injection flow samples of PA66 with
graphene nanoplatelets is reached inside the narrow-
er central channel. Results showed a variation in the
orientation of graphene nanoplatelets along the length
of the injected part.
As the weight percentage of the nanophases is the
same along the injected part (as determined accord-
ing to the ASTM D1603 standard), the optical ob-
servations in Figures 13 and 14 could be due to a dif-
ferent orientation and distribution of GO or GOIL
along the injected parts geometry. Previous studies

on the orientation of carbon nanophases, in particular
carbon nanotubes in molded polyvinylfluoride [39],
have shown that the nanotubes are oriented parallel
to the injection flow close to the mold wall but adopt-
ed a disordered orientation in the central core region.
A Raman microscopy study was carried out in order
to confirm the evolution of the orientation, at least of
micron-size agglomerates, inside the injected parts
section.
Figure 13 shows optical micrographs and Raman
spectra of PMMA matrix and GO nanophase.
Figure 14 shows the corresponding Raman study for
PMMA+GOIL.
In both cases (Figures 13 and 14), it can be observed
that the orientation of GO and GOIL additives is
parallel to injection flow inside the regions closer
to both exterior surfaces (top and bottom magnifi-
cations), and changes to a higher angle, including
perpendicular orientation, with respect to the injec-
tion flow direction, inside the center region (central
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Figure 10. SEM micrographs of wear tracks under sliding parallel and perpendicular to injection flow for PMMA,
PMMA+GO and PMMA+GOIL.



magnification image) across the thickness of the in-
jected part. 
In all cases, the Raman spectra are in agreement with
PMMA matrix (shown in blue) and GO or GOIL
nanofillers (shown in red), respectively.

3.3. Abrasive wear tests under multiple
scratching

Multiple scratch tests were performed in order to
study the abrasion resistance of the new nanocom-
posites and their ability for viscoelastic recovery.
The results of the oscillatory tests described in the
previous section have shown the influence of sliding
direction with respect to the injection flow, with
higher resistance to surface damage under sliding in

the parallel direction. Previous results on the resist-
ance of nanocomposites to abrasion under multiple
scratching have also shown a similar effect [40].
With these precedents, the multiple scratch tests for
the new nanocomposites were performed on the core
section surfaces of the injected parts (see Figure 6),
in the direction parallel to flow.
Figure 15 shows the Raman microscopy study of
scratch grooves [41] on PMMA+GO. The magnifi-
cation in Figure 15 shows the presence of very scarce
surface defects and microcracks. Finally, GO particles
(in red, in Figure 15) show a non-parallel alignment
with respect to the injection flow or to the indenter
pass at the core section level. These results show that
the original orientation of the additives through the

L-F. Minguez-Enkovaara et al. – Express Polymer Letters Vol.17, No.3 (2023) 237–251

246

Figure 11. Raman micrograph of the wear scar after sliding parallel to the flow on PMMA+GO core section surface. Mag-
nification of the selected area and Raman map and spectra of PMMA matrix (in blue) and GO nanofiller (in red).
Highlighted in grey are the Raman bands used to obtain the Raman map.



thickness of PMMA composites (Figure 13) is not al-
tered under multiple scratching conditions.
Table 6 shows the results of instantaneous penetration
(Pd), residual depth (Rd), and viscoelastic recovery

percentage (calculated as [(Pd – Rd)/Pd]·100) for
each material. The best performance is found for the
material containing graphene oxide modified by ionic
liquid. Thus, although instantaneous penetration is
higher for PMMA+GOIL than for PMMA+GO,
PMMA+GOIL presents a higher viscoelastic recov-
ery. This gives a final permanent damage (Rd) for
PMMA+GOIL 21% lower than that for PMMA+GO.
This behavior is attributed to the presence of the IL
fluid phase and is in agreement with previous results
[37]. The fluid ionic liquid phase increases polymer
chain displacement and plastic deformation under
load but also eases the viscoelastic recovery of the
material.
The reinforcing effect of the addition of GO reduces
plastic deformation and material loss under all slid-
ing configurations and sliding directions studied
here.
The results of multiscratch tests have shown that the
mechanism in the case of the hybrid GOIL nanofiller
is not the same. Although plastic deformation under
load is higher than that of PMMA, the final surface
damage is lower. This could be explained by an
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Figure 12. From top to bottom: longitudinal cross-section of
PMMA+GO and PMMA+GOIL; front view of
the longitudinal cross-section showing thickness
of more transparent regions, and perpendicular
cross-sections along the Gate region, and parallel
core section along the End region. The arrows
show the injection flow direction.

Figure 13. Optical microscopy (100×) images through the thickness of an injected part of PMMA+GO and Raman spectra
of the matrix (in blue) and nanofiller (in red).



internal effect of GOIL that induces localized mo-
bility of PMMA chains under applied load. This mo-
bility is mainly favored in the direction parallel to
injection flow, as pointed out by the reciprocating
sliding tests (section 3.2).

3.4. Rheological behavior
The rheological behavior of the materials in the soft-
ened state was studied in order to establish the influ-
ence of the additives on the resistance to flow of
PMMA.
Complex viscosity values for PMMA+GO are very
similar to those of PMMA (Figure 16), up to the high-
est angular frequency values, where PMMA+GO
presents a sharp transition to higher viscosity values.
PMMA+GOIL presents the lowest complex viscos-
ity values (Figure 16) in the whole range of angular
frequency. This confirms the ability of GOIL to im-
prove the relative displacements of the polymer
chains. 
As complex viscosity is a measure of resistance to
flow, the results shown in Figure 16, indicate that the
ionic liquid phase could act as a processing aid, and
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Figure 14. Optical microscopy (100×) images through the thickness of an injected part of PMMA+GOIL and Raman spectra
of the matrix (in blue) and nanofiller (in red).

Figure 15. Optical microscopy image of wear scar on the
core section surface of PMMA+GO after scratch
test, magnification of the selected area and
Raman map showing graphene oxide (red) in the
PMMA matrix (blue).

Table 6. Abrasive wear resistance under multiple scratching
on the core section surface (after 15 successive
scratches on the same groove, parallel to flow).

Material Pd
[μm]

Rd
[μm]

Recovery
[%]

PMMA 68.6±2.7 24.5±0.9 64.3±2.4
PMMA+GO 49.8±2.5 19.2±1.3 61.5±2.6
PMMA+GOIL 75.5±5.5 15.2±1.2 79.7±2.4



enhance viscoelastic recovery, as we have seen in
multiple scratch tests.

4. Conclusions
Extrusion+injection molding melt processing has
been used to obtain new PMMA nanocomposites
with graphene oxide (GO) or graphene oxide modi-
fied by a room-temperature ionic liquid (GOIL),
without the use of organic solvents.
Raman characterization of the new nanocomposites
shows that modification with IL increases the defects
and sp3 bonds and reduces crystallinity in GO. The
crystallite size of the nanophases is reduced when
added to the PMMA matrix as a result of degradation
induced by the extrusion+injection processing stages.
Raman microscopy shows the heterogeneous orien-
tation of the additives inside the polymer matrix,
from predominantly parallel to the injection flow at
both exterior surfaces, close to the injection mold
walls, to a higher angle, including perpendicular ori-
entation, inside the core section furthest from the
mold walls.
The wear resistance of the new nanocomposites has
been studied under reciprocating sliding both on the
exterior and on the core section surfaces of the in-
jected parts.
On the exterior surface, the tribological performance
of PMMA+GO and PMMA+GOIL is similar to that
of PMMA. This is attributed to the high surface
roughness of the surface of the nanocomposite with
respect to that of unmodified PMMA.
On the core section surface, with low surface rough-
ness values, similar for all materials, PMMA+GO
shows outstanding tribological performance with
non-measurable wear under reciprocating sliding

both parallel and perpendicular to the injection flow
due to the reinforcing effect of graphene oxide.
For PMMA+GOIL, negligible surface damage is
only observed under sliding parallel to the flow,
when the enhanced chain displacement ability of the
IL fluid phase can be more effective.
In abrasion tests under multiple scratching on the
core surface, in the direction parallel to flow, the nano -
composites reduce permanent surface damage of
PMMA. In agreement with the reinforcing effect of
GO, the highest resistance to instantaneous damage
is reached for PMMA+GO, although the maximum
viscoelastic recovery is observed for PMMA+GOIL.
This is also attributed to the higher chain mobility
induced by the presence of the fluid ionic liquid
phase, which enhances instantaneous deformation
under load but also viscoelastic recovery after the
load is removed.
The ionic liquid modified graphene oxide additive
could also act as a processing aid due to its ability to
lower the complex viscosity of PMMA in the soft-
ened state.
The results presented herein highlight the different
antiwear mechanism induced by each nanofiller and
the relevance of processing parameters on the tribo-
logical behavior of the different regions of nanocom-
posite injected parts.
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1. Introduction
Electronic skin (e-skin), a novel technology that can
monitor many kinds of signals and exhibits high sen-
sitivity and wide detection range [1–4], has signifi-
cant potential in wearable electronic devices, flexible
displays, and soft robotics [5–13]. Elastic polyure -
thane substrates are often used to endow e-skins with
excellent mechanical elasticity; however, during the
application, polyurethane is inevitably subjected to

accidental damage, such as scratches and penetra-
tions, and therefore highly susceptible to tearing [14,
15]. Inspired by the rapid and efficient self-healing
ability of human skin after injury, researchers have
attempted to incorporate self-healing functionality
into e-skin [7, 16].
In recent decades, significant progress has been
achieved in the field of self-healing materials, and
two types of such materials have been developed
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based on extrinsic or intrinsic healing mechanisms
[17, 18]. Extrinsic self-healing materials generally
rely on a healing agent in implanted microcapsules
[19–21]. As the amount of the implanted healing
agent is fixed, it can only provide limited repairs,
and the preparation process is relatively complicated
[22]. In contrast, intrinsic self-healing materials are
realized by the reversible exchange reaction of dy-
namic bonds, such as metal coordination bonds [23–
27], hydrogen bonds [28–30], disulfide bonds [31–
35], D-A reactions [36, 37], imine bonds [38], and
boron-ester bonds [39, 40]. Theoretically, intrinsic
self-healing materials can be repaired countless
times and have more stable self-healing properties
than extrinsic self-healing materials; therefore, in-
trinsic self-healing has received more attention.
Through the introduction of self-healing technology,
some self-healing polyurethanes with excellent me-
chanical properties have been successfully synthe-
sized [41–45]. Wu et al. [43] successfully prepared
an elastomer with excellent tensile strength, high
toughness, high self-healing efficiency, and good
puncture resistance by introducing an asymmetric al-
icyclic structure adjacent to an aromatic disulfide
into polyurethane. The tensile strength and tough-
ness of this elastomer were as high as 46.4 MPa and
109.1 MJ/m3, respectively, and it also had a self-
healing efficiency of 90.3%. Liu et al. [44] devel-
oped a nanofiber-reinforced self-healing polymer
matrix that mainly mimics the structure and function
of human skin. Significantly, its tensile strength and
toughness were improved by 836 and 1000%, re-
spectively, compared with those of the pure matrix,
while its healing efficiency was largely preserved.
Wei et al. [45] successfully developed a novel self-
healing elastomer enhanced by dynamic supramole-
cular nanosheets with switchable interfacial interac-
tions. The elastomer has a high self-healing efficiency
(91.2%). In addition, supramolecular nanosheets, as
layered nanofillers, possess strong interfacial inter-
actions and endow elastomers with outstanding me-
chanical properties, water insensitivity, and gas bar-
rier properties.
However, these polyurethane materials can only ac-
complish self-healing at room temperature or high
temperatures. At low temperatures, where the mo-
lecular chain movement is significantly hindered,
the self-healing efficiency of polyurethane decreas-
es abruptly [46]. At present, despite the constantly

increasing number of studies on low-temperature
self-healing materials, the contradiction between the
strength of the material and its low-temperature self-
healing performance persists. Most materials with
excellent low-temperature self-healing properties are
extremely soft hydrogels, which have extremely low
tensile strength, despite their excellent molecular
chain mobility. In contrast, high-strength polymer
materials have poor low-temperature self-healing
properties owing to their high cross-linking density.
Li et al. [47] synthesized a polydimethylsiloxane
polymer chain network cross-linked by coordination
compounds, which showed an elongation at break of
~1825% and tensile strength of ~0.23 MPa at 25°C.
However, owing to its high cross-link density and
strong Fe-pyridine coordination bonds, its repair ef-
ficiency reached only ~68% after self-healing at 
–20°C for 72 h. Wang et al. [48] prepared a multi-
functional ionic hydrogel with a repair efficiency of
up to 68.6% at –80 °C with a repair time of only
30 min and an ultra-long elongation at break of
>7000%. These features were attributed to the ex-
tremely soft hydrogel structure that facilitated the
exchange reactions of dynamic bonds (e.g., ionic
bonds); however, the material strength was extreme-
ly low (~0.02 MPa). Therefore, the design of poly -
urethane with excellent self-healing and mechanical
properties over a wide temperature range is para-
mount. However, another aspect of the durability of
polyurethane, the anti-aging performance, has sel-
dom been studied. In fact, anti-aging is as important
as other durability factors because the polyurethane
matrix may need to resist ultraviolet rays, humidity,
and other environmental factors during its lifecycle.
In this study, dual-dynamic-bond cross-linking and
copolymerization strategies were synergistically in-
troduced into a polyurethane polymer to prepare an
anti-aging material with superior self-healing and
mechanical performance over a wide temperature
range. The method included the copolymerization of
hydroxyl-terminated polyethylene glycol-tetrahydro-
furan co-polyether (HTPE) with hydroxyl-terminat-
ed polybutadiene (HTPB), followed by the addition
of aliphatic disulfides (HEDS) to form ligands; fi-
nally, zinc chloride (ZnCl2) was added to cross-link
with the ligands and form polyurethane. The me-
chanical, self-healing, and anti-aging properties of
the synthesized polyurethane were analyzed consid-
ering various aspects.
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2. Materials and methods
2.1. Materials
HTPB (hydroxyl value = 0.75 mmol·g–1, function-
ality (f) = 2, 99% purity), 1,4-butanediol (BDO, 99%
purity), ZnCl2, and N,N-dimethylformamide (DMF,
≥99.8% purity) were purchased from Jining Huakai
Resin Co., Ltd. (Jining, China). HTPE (hydroxyl
value = 0.68 mmol·g–1, f = 2, 99.5% purity) was pur-
chased from Luoyang Liming Chemical Research and
Design Institute Co., Ltd. (Luoyang, China), whose
relative molecular weights (Mw = 3217 g·mol–1,
Mn = 2925 g·mol–1, Đ = 1.10) were determined by
gel permeation chromatography (GPC, PL-GPC50)
(Yuzhong Industrial Co., Ltd., Shanghai, China)
(Figure 1). Dibutyl phthalate (DBP, 99.5% purity)
was provided by the Tianjin Damao Chemical
Reagent Factory (Tianjin, China). Triphenylbismuth
(TPB), HEDS (90% purity), isophorone diisocyanate
(IPDI, 99% purity), and tetrahydrofuran (THF) were
obtained from Shanghai McLean Biochemical Tech-
nology Co., Ltd. (Shanghai, China).

2.2. Synthesis of HEPU-Zn polyurethane
First, 2.4 g of HTPB was added to a 100 ml three-
necked flask and dried overnight at 60 °C in a vacu-
um environment. Then, 1.8 mg of TPB (catalyst),
0.39 g of DBP (plasticizer), and 0.49 g of IPDI (cur-
ing agent) were thoroughly mixed, added to the
flask, and stirred at 60°C under nitrogen protection
for 2 h. Thereafter, 0.6 g of HTPE was mixed well
with 1 ml of DMF, and the mixture was added to the
flask to conduct the copolymerization reaction for
1 h. Next, 0.27 g of HEDS (chain extender) was grad-
ually added to the mixture, followed by stirring for
2 h to obtain the ligand. Finally, 58.6 mg of ZnCl2
was fully dissolved in 2 ml of THF and added to the
mixture, reacted at 25 °C for 12 h, poured into a
polytetrafluoroethylene mold, and dried in a vacuum

oven at 60 °C for 24 h to evaporate the solvent and
obtain the sample (labeled as HEPU-Zn). In addi-
tion, three control groups were fabricated, namely,
the PU (only HTPB was cross-linked with IPDI, and
BDO was used instead of HEDS as the chain exten-
der), the EPU (without HEDS and ZnCl2, and BDO
was used instead of HEDS as the chain extender) and
the HEPU (without ZnCl2) groups. In our experi-
ments, the R-value (ratio of the isocyanate group to
hydroxyl group) of each group was 1. The mass ra-
tios of the formulations for all samples were shown
in Table 1.

2.3. Characterization
The structure of the coordination bonds was charac-
terized using a Horiba Labram Raman spectrometer
(Horiba Company, Paris, France) equipped with an
Ar laser source (excitation wavelength = 633 nm,
scanning range = 200–800 cm–1). The absorption
spectra in the wavelength range of 400–4000 cm–1

were analyzed via Fourier transform infrared spec-
troscopy (FTIR) using an infrared spectrometer
(NICOLET iS10) (Bruker Corporation, Germany)
with a resolution of 4 cm–1. The proton nuclear mag-
netic resonance (1H NMR) spectrum was collected
using a BRUKER AVANCE 400 instrument (NMR),
with a supply of DMSO-d6 as the solvent. Dynamic
characteristic analysis was conducted on a dynamic
mechanical analyzer (DMA, Q800) (TA Instruments
Corporation, USA). Frequency scanning tests were
performed on both the original and repaired samples,
while temperature scanning and stress-relaxation ex-
periments were performed on the original samples.
For the frequency scanning tests, the frequency
sweep range was 0.1–100 Hz, and the temperature
was set to 60, 25, –20, or –40°C. For the temperature
scanning tests, the temperature sweep range was –90–
60 C; the heating rate was 3 °C·min–1, and the test
frequency was 1 Hz. In the stress-relaxation experi-
ments, the temperature was set to 60, 25, -20, –40, 
–60, or –80 °C, and the strain was set to 50%. The
relaxation time (τ) of the polyurethane network was
defined as the time required for the stress-relaxation
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Figure 1. GPC chromatogram of HTPE.

Table 1. Formula and name of samples (mass ratio).
Sample HTPB HTPE IPDI HEDS BDO ZnCl2

PU 3.0 0.0 0.50 0.00 0.101 0.0000
EPU 2.4 0.6 0.49 0.00 0.099 0.0000
HEPU 2.4 0.6 0.49 0.17 0.000 0.0000
HEPU-Zn 2.4 0.6 0.49 0.17 0.000 0.0586



modulus to reach 37% of its original value and was
plotted on the curve. In accordance with the GB/
T528-92 standard, the tensile tests at –40, –20, 25, and
60°C were performed at a speed of 100 mm·min–1 on
an Instron 5982 material testing machine (Instron Cor-
poration, USA), and the results were averaged with at
least three measured data. Optical microscope images
of the healing process of the samples were obtained
using an AOSVI polarizing microscope (CM2000-
3M100) (AOSVI Optical Instrument Co., Ltd., Shen-
zhen, China). For the self-healing experiments, the
samples were cut into two pieces, contacted without
an external force at each set temperature (60, 25, –
20, or –40°C), and left to repair at this temperature
for 12 h. Subsequently, they were tested on an In-
stron 5982 material testing machine. The tensile ex-
periments were performed at each temperature at a
speed of 100 mm·min–1, and the tensile strength (σb)
and elongation at break (εb) values were recorded.

The self-healing efficiency based on either the
strength or elongation at break (ησ and ηε, respec-
tively) was defined according to Equations (1) and
(2), respectively. The accelerated aging experi-
ments were performed in a constant-temperature
blast box, which simulated the daily sun and wind
through heating and airflow. During the anti-aging
experiments, the mechanical and self-healing prop-
erties of the samples were evaluated. Two sets of
samples were placed in a constant-temperature
blast box (60 °C) and aged for 7 d. After the aging
treatment was completed, the samples were cooled
to 25 °C, and then one group of samples was sub-
jected to tensile testing using an Instron 5982 ma-
terial testing machine, while the other group of
samples was first cut in half and then repaired at
25 °C for 12 h after contact. Finally, the self-heal-
ing performance after aging was evaluated accord-
ing to Equations (1) and (2):
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Figure 2. Synthesis of HEPU-Zn polyurethane.
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3. Results and discussion
3.1. Material design and structural

characterization
The main purpose of this study was to develop a
wide-temperature range and anti-aging self-healing
polyurethane material with superior mechanical per-
formance. To achieve this objective, dynamic bond
cross-linking and copolymerization strategies were
simultaneously applied to the polyurethane network
(Figure 2). Initially, HTPB and IPDI were used as
raw materials to synthesize long chains terminated
with isocyanate groups. After the chains were copoly-
merized with HTPE, HEDS was added to form HEPU
ligands. Finally, HEPU ligands were cross-linked
with Zn2+ to obtain polyurethane (HEPU-Zn). The
introduction of HTPE into HTPB effectively reduced
the cross-linking density, which benefited the mo-
lecular chain mobility of polyurethane [49]. In addi-
tion, HEDS provided disulfide bonds and introduced
self-healing properties to polyurethane. Concurrent-
ly, the dynamic disulfide bonds effectively eliminat-
ed free radicals, endowing polyurethane with anti-
aging capabilities [50–54]. Moreover, the ZnCl2
formed Zn-coordination bonds with the ligands,
where the zinc ions have an alternating configura-
tion, where transformation between the tetrahedral
and octahedral structure is possible. This endowed
the zinc coordination bonds with high dynamic ex-
change characteristics and provided excellent self-
repairing properties for polyurethane, especially at
low temperatures [55].
Figure 3a shows the Raman spectra of HEPU-Zn,
where the characteristic peaks at 245 and 319 cm–1

correspond to the stretching vibrations of Zn–N and
Zn–O coordination bonds, respectively, indicating
the presence of Zn-ligand bonds. The characteristic
peak at ~626 cm–1 is due to the tensile vibration of
the S–S covalent bond [56, 57], suggesting the suc-
cessful introduction of disulfide bonds into HEPU-Zn.
Figure 3b shows the FTIR spectra of EPU, HEPU,
and HEPU-Zn. Compared with the HEPU spectrum,
new absorption peaks at 1526 and 520 cm–1 were ob-
served for HEPU-Zn, which are attributed to the
stretching vibrations of Zn–N and Zn–O, respectively
[55]; this further indicates the existence of Zn-ligand
bonds. In addition, the spectrum of EPU had a promi-
nent absorption peak at 2257 cm–1, which was due
to the excess of –NCO groups. However, HEPU
and HEPU-Zn showed no characteristic –NCO
peak, which indicates that –NCO was completely

consumed, and the disulfide bonds were successfully
introduced. From the above characterization results,
it is concluded that the HEPU-Zn polyurethane sam-
ples containing Zn-coordination bonds and disulfide
bonds were successfully synthesized.
As shown in Figure 3c, the chemical structures of
HEDS, HTPE and HEPU were characterized by pro-
ton nuclear magnetic resonance. HEDS: δ 2.19 (s,
1H), 3.92 (s, 2H) and 2.91 (s, 3H) ppm; HTPE:
δ 1.62 (s, 1H), 3.41 (s, 2H) and 3.64 (s, 3H) ppm.
The chemical shift at 7.28 ppm for three samples
was due to the deuterated solvent CDCl3. HEPU
contains the unique chemical shifts of HEDS and
HTPE, and it does not show the chemical shift of
protons in the hydroxyl groups belonging to HEDS
at 2.19 ppm. These indicate that HEDS and HTPE
have been successfully introduced into HEPU,
which provides a necessary condition for the next
preparation of HEPU-Zn.

3.2. Dynamic characteristic analysis
The superior self-repairing properties of the prepared
HEPU-Zn polyurethane suggested that it might also
have good dynamic properties. To verify this, rigor-
ous temperature and frequency scanning tests were
comparatively conducted between HEPU-Zn and the
control group (PU) (Figures 4–6). In the temperature
scanning curves (Figure 4), negligible differences
were observed in the glass transition temperatures
(Tg) of PU and HEPU-Zn (approximately –64 to 
–82 °C for HEPU-Zn and –66 to –83 °C for PU).
However, the loss factor (tan δ = G″/G′) of
HEPU-Zn showed a gradual increase when the tem-
perature rose above –40°C, indicating the better mo-
lecular chain fluidity of HEPU-Zn than that of PU.
Figure 5 shows the frequency scanning curves of PU
and HEPU-Zn. Generally, higher G″/G′ ratios indi-
cate better flexibility of the molecular chain of
polyure thane [58]. From Figures 5, and 6, the G″/G′
ratio in both HEPU-Zn and PU decreased with de-
creasing temperature in general trend, implying that
the fluidity of the polyurethane molecular chain was
impaired at lower temperatures. In addition, the
G″/G′ ratio of HEPU-Zn was higher than that of PU
in general trend at –40, –20, 25, and 60 °C, thereby
indicating the overall higher molecular chain mobil-
ity of HEPU-Zn, which was consistent with our pre-
vious conclusion. This behavior was theoretically at-
tributed to the simultaneous introduction of the
HTPE long chains and dual dynamic bonds in the
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HEPU-Zn structure. On the one hand, the copoly-
merization with HTPE increases the length of the
molecular chain and reduces its cross-linking densi-
ty; on the other hand, the dynamic exchange reac-
tions between dual dynamic bonds enhance energy
dissipation and promote the flow of the molecular
chain.

3.3. Mechanical performances
Table 2 shows the tensile mechanical properties of
the HEPU-Zn, HEPU, and PU samples at –40, –20,
25, and 60 °C. PU exhibited the highest tensile
strength and lowest elongation at break, which can
be attributed to its poor molecular chain mobility
and irreversible cross-linked network. At all tested
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Figure 3. a) Raman spectra of HEPU and HEPU-Zn. b) FTIR spectra of EPU, HEPU, and HEPU-Zn. c) 1H NMR spectra of
HEDS, HTPE, and HEPU.



temperatures, the HEPU samples showed an evident-
ly improved εb compared with that of PU, but its σb
was significantly impaired. This was theoretically at-
tributed to the significantly improved molecular
chain fluidity that provided by both the copolymer-
ization with HTPE and the dynamic exchange reac-
tions of disulfide bonds. In parallel, owing to the de-
crease in the cross-linking density, the σb of HEPU
decreased. However, compared with those of HEPU,
the εb and σb of HEPU-Zn were significantly higher,

and the σb was even close to that of PU. This was at-
tributed to the fact that the Zn-coordination bonds
formed by Zn2+ and the ligands increased the cross-
linking density of the polyurethane network, thereby
increasing its strength. Furthermore, the alternating
configuration of zinc ions that can change from tetra-
hedral to octahedral endowed the zinc coordination
bonds with high dynamic exchange characteristics,
thereby further increasing the molecular chain flu-
idity of polyurethane. Specifically, the εb of HEPU-Zn
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Figure 4. Temperature scanning curves of a) HEPU-Zn and b) PU from –90 to 60°C.

Figure 5. Frequency scanning curves of PU and HEPU-Zn at a) –40°C, b) –20°C, c) 25°C, and d) 60°C.



at –40, –20, 25, and 60 °C was ~1424.5, 1618.9,
2723.6, and 1922.2%, respectively (all values
>1400%), while its σb was 7.4, 4.4, 0.4, and 0.19 MPa,
respectively. Therefore, it was inferred that the com-
bined introduction of copolymerization and dual-dy-
namic bond cross-linking strategies into polyure -
thane effectively enhanced its mechanical properties
over a wide temperature range.

3.4. Wide-temperature-range self-healing
performance

Figure 7a shows the self-healing properties of
HEPU-Zn, HEPU, and PU at 60°C. The self-healing
efficiency of PU was extremely low, even at 60 °C,
primarily attributed to its irreversible cross-linked
network. Although its healing performance was im-
proved after copolymerization and the introduction
of disulfide bonds, the healing efficiency was only
~65%. When Zn2+ species were further introduced,
its self-healing efficiency was significantly in-
creased, with ηε and ησ reaching 93.6 and 89.5%, re-
spectively. This was attributed to the synergistic ef-
fect of the disulfide and Zn-coordination bonds that
both enhanced the self-healing ability of polyure -
thane. According to the images demonstrating the
self-healing performance (Figure 7b–7d), the self-
healing efficiency of HEPU-Zn at all four tempera-
tures remained considerably high; particularly, its ησ

and ηε values at –40 °C were ~87.8 and ~72.6%, re-
spectively. These results suggest its excellent self-
healing efficiency over a wide temperature range
that could be attributed to the following factors: first,
the low cross-linking density and segmentation ef-
fect of the disulfide bonds endowed polyurethane
with high molecular chain mobility; second, the
cross-linked network formed by the disulfide and
Zn-ligand bonds provides good dynamic mechanical
properties, enhancing the self-healing ability of
polyurethane over a wide temperature range. Finally,
the dynamic exchange reactions of the Zn-ligand
bonds facilitate the reduction of the energy barrier
of the polymer chain slip, thereby endowing the
polyurethane network with good self-healing prop-
erties, even at low temperatures.
Figure 8 shows the frequency scanning curves of the
original and healed HEPU-Zn polyurethanes. The
self-healing performance of polyurethane can be fur-
ther characterized by comparing the frequency scan-
ning curves before and after repair [59, 60]. Accord-
ing to Figure 8, the G′ and G″ of the repaired
HEPU-Zn samples were lower than those of the orig-
inal samples, which is theoretically ascribed to the
incomplete healing of the crack. In addition, as the
healing degree of the crack increased with increas-
ing temperature, the gap between the G′ and G″ val-
ues of the healed and original specimens gradually
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Figure 6. The curve of G″/G′ ratio of a) HEPU-Zn and b) PU samples at different temperatures.

Table 2. Elongation at break [%] and tensile strength [MPa] of polyurethane samples at –40, –20, 25, and 60 °C.

Sample
–40°C –20°C 25°C 60°C

εb
[%]

σb
[MPa]

εb
[%]

σb
[MPa]

εb
[%]

σb
[MPa]

εb
[%]

σb
[MPa]

PU 302.9 9.37 466.7 6.29 0656.2 0.50 0324.6 0.23
HEPU 622.0 5.13 883.4 3.30 1401.2 0.27 1053.8 0.17
HEPU-Zn 1424.50 7.40 1618.90 4.40 2723.6 0.40 19222 0.19



decreased as the temperature increased. Notably, the
frequency scanning curves of the original and healed
samples were very similar at 60 °C, indicating that
the healing efficiency was close to 100%. This is be-
cause HEPU-Zn has excellent molecular chain mo-
bility at 60°C, and the dynamic reversibility of disul-
fide bonds and Zn-urethane coordination bonds are
also extremely high currently, which greatly pro-
motes HEPU-Zn self-healing process. This is con-
sistent with the results in Figure 6, further validating
the excellent self-healing properties conferred by the
dual cooperative cross-linking strategy. Figure 9a il-
lustrates the healing mechanism of the HEPU-Zn
polyurethane. When the HEPU-Zn polyurethane is
damaged, there will be many reversible active groups
on the fractured surface, which is the key to realize
self-healing. When the fracture surfaces contact each
other, with the help of the rapid migration of molec-
ular chains, the active groups contact each other to
form new coordination bonds and disulfide bonds
and finally realize self-healing. The corresponding

microscopy images (Figure 9b) verify that the healed
cracks at 60 and 25 °C were almost indistinguish-
able, and the healing degree decreased with decreas-
ing temperature. The polyurethane evidently achieved
a relatively high degree of healing above –40 °C,
which proves our previous conclusions. Significant-
ly, the polyurethane showed partial healing capabil-
ities, even at ultra-low temperatures (–60 and 
–80°C). To visualize the self-healing ability at –60
and –80 °C, manual tensile experiments of HEPU-
Zn polyurethane were carried out, and the results are
shown in Figure 9c. After healing at –60 and –80°C,
the polyurethane was relatively intact, highlighting
its excellent molecular chain fluidity and self-repair-
ing ability at low temperatures, which is of great ap-
plication value.
Subsequently, stress-relaxation experiments were
carried out at a constant temperature and deformation
rate, and the recombination ability of the polyure -
thane network was evaluated to reflect its healing abil-
ity. A shorter τ value implies a higher reorganization
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Figure 7. a) Self-healing performance of PU, HEPU, and HEPU-Zn at 60 °C. b, c) Self-healing performances of HEPU-Zn
at –40, –20, 25, and 60 °C. d) Self-healing efficiency (η) of HEPU-Zn at different temperatures.



ability of the polyurethane network, which is con-
ducive to self-healing [55, 61]. Figure 10a shows the
stress-relaxation curves of HEPU-Zn polyurethane
at 60, 25, –20, –40, –60, and –80°C, and the stress
relaxation experimental results of PU at 60, 25,
and –20°C are shown in Figure 10b. The τ value of
HEPU-Zn is named τ1 and that of PU is τ2. The τ2
values of PU at 60 and 25 °C are 15.89 and
44.32 min, respectively, while the internal stress
at –20 °C can only decrease to ~63% of its initial
value. Note that τ1 was extremely small, with values
of only 0.89 and 1.79 min at 60 and 25°C, respective-
ly, which indicates that HEPU-Zn has excellent dy-
namic properties at 60 and 25°C. When the temper-
ature decreased to –20 and –40 °C, τ1 increased to
7.02 and 22.46 min, respectively. This is because the
molecular chain movement is hindered at low tem-
peratures, the recombination ability of the polyure -
thane network is weakened, thus τ value increased as
the temperature decreased. While compared with PU,
HEPU-Zn still had strong molecular chain fluidity at

this time. When the temperature decreased from –40
to –60°C, τ1 increased from 22.46 to 45.65 min, and
the corresponding self-healing ability decreased sig-
nificantly, but it was still close to the molecular chain
mobility of PU at 25°C. When the temperature de-
creased to -80°C, although the internal stress of the
polyurethane could not even reach up to 37% of the
original stress, it could decrease to ~62% within
60 min. This demonstrated that at –80 °C, the poly -
urethane still had a certain healing ability, which was
consistent with the results obtained from optical mi-
croscopy. These results further illustrated that the
synergistic cross-linking strategy of copolymeriza-
tion and dual dynamic bonds endowed polyurethane
with excellent wide-temperature-range self-healing
performance.

3.5. Anti-aging properties
In addition to the self-healing ability, an excellent
anti-aging performance is paramount for the long-
term use of polyurethane. Figure 11a depicts the
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Figure 8. DMA frequency sweep curves of the original and repaired HEPU-Zn polyurethanes at a) –40°C, b) –20°C, c) 25°C,
and d) 60°C.



stress-strain curves of PU aged for 7 d at 60°C under
airflow. Both the tensile strength and elongation at
break of the aged PU decreased significantly. This is
because of the degrading influence of external fac-
tors such as heat and oxygen; the groups containing
active hydrogen in polyurethane molecules are easily

attacked by oxidizing components to form macro-
molecular free radicals, resulting in a series of free-
radical chain reactions that promote aging. In con-
trast, no significant degradation of the tensile strength
and elongation at break of the aged HEPU-Zn
polyurethane samples was observed (Figure 11b); the
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Figure 9. a) Self-healing mechanism of HEPU-Zn. b) Repair of HEPU-Zn occurring under optical microscopy observation.
c) Photographs of manual tensile testing of HEPU-Zn samples repaired at –60 and –80°C.

Figure 10. Stress-relaxation curves of a) HEPU-Zn and b) PU at different temperatures.



tensile strength was ~0.37 MPa, which was 92.5%
of the original value, while the elongation at break
was ~2437.2%, which was 89.4% of the original
value. This superior anti-aging performance is attrib-
uted to the anti-aging property of disulfide bonds,
which effectively prevented free-radical generation
in the polyurethane network [54, 62–64]. These re-
sults show that HEPU-Zn polyure thane has relative-
ly stable mechanical properties. To further study the
stability of the self-healing properties of HEPU-Zn,
after accelerated aging for 7 d, HEPU-Zn samples
were cooled to 25°C, cut in half and contacted, and
then healed at 25°C for 12 h. Their tensile mechan-
ical properties were then measured, as shown in
Figure 11c. The ηε and ησ of the aged HEPU-Zn
samples reached 79.9 and 77.5%, respectively. Com-
pared with the original sample (87.9%/85.0%), the
healing ability decreased to some extent, but re-
mained at a high level, which further proves the ex-
cellent anti-aging characteristics of disulfide bonds.
As for the slight decrease in self-healing efficiency,

this may be due to the molecular chain fluidity. The
active groups on the fracture surface directly form
new bonds with the adjacent groups, thus reducing
the number of new bonds that can be formed be-
tween the two fracture surfaces, which shows the de-
cline of tensile strength, elongation, and self-repair-
ing efficiency in a macroscopic view. The above
results show that HEPU-Zn polyurethane can main-
tain relatively high mechanical and self-healing per-
formance, even after accelerated aging for 7 d. This
will enable this material to be used in practical op-
erating environments for a sufficiently long time.

4. Conclusions
In this study, dual-dynamic-bond cross-linking and
copolymerization strategies were synergistically ap-
plied to polyurethane materials to provide wide-tem-
perature-range and anti-aging self-healing perform-
ance. The final obtained polyurethane had a self-
healing efficiency of ~93.6% and an elongation at
break of ~1922% at 60 °C, and its tensile strength
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Figure 11. Stress–strain curves of a) PU and b) HEPU-Zn aged for 7 d under air flow at 60 °C. c) Stress–strain curves of
HEPU-Zn samples aged at 60 °C for 7 d, cut in half, and healed at 25 °C for 12 h after contact.



was like that of the PU control group. At –40 °C, it
had a tensile strength of ~7.4 MPa and an elongation
at break of ~1425%, along with a high self-healing
efficiency. Significantly, the low-temperature self-
healing efficiencies of the polyurethane were 79.3
and 72.6% at –20 and –40°C, respectively, and intact
samples were achieved after healing, even at –60 and
–80 °C. Furthermore, when the polyurethane was
aged at 60°C for 7 d, its mechanical and self-healing
properties were still relatively high. The findings
presented here highlight the feasibility of polyure -
thane as a potential material for applications in wear-
able electronics, flexible displays, and soft robotics.
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1. Introduction
Polyacetals are the group of plastics obtained by the
polymerization of aldehydes. The most popular poly -
acetal is polyoxymethylene (POM), which is ob-
tained from formaldehyde (homopolymer) or triox-
ane (copolymer) [1, 2]. POM is also called polyacetal
or acetal resin and is a semicrystalline thermoplastic
polymer. POM may be in the form of a homopolymer
having the general formula –(CH2–O)n– or a copolymer

of the formula –(CH2–O)n–(CH2–CH2–O)m–. In prac-
tice, a copolymer is used much more frequently.
Among other polymeric materials, these materials
are distinguished by better performance properties,
including high mechanical strength, stiffness, hard-
ness, resistance to abrasive wear, low water absorp-
tion, good chemical resistance, and ease of process-
ing [3]. Polyoxymethylene owes these features to the
high degree of ordering of the polymer chains, which
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is possible because of their simple, regular, and lin-
ear structure. POM is a linear semicrystalline poly-
mer with a high degree of crystallinity ranging from
50 to 80% for polymers prepared and used on an in-
dustrial scale. The conditions that prevail during
POM crystallization strongly affect the amount and
morphology of the crystalline phase formed. POM
chains crystallize in the hexagonal (9/5) system, cre-
ating a stable α phase, and in the orthorhombic (2/1)
system leading to a metastable β phase. A POM ele-
mentary cell crystallizing in a hexagonal system has
dimensions a = b = 4.45 Å, c = 17.3 Å, and contains
nine monomer units derived from one polymer
chain. POM crystallizes in hexagonal form from the
melt or from dilute solutions. The orthorhombic form
of POM is characterized by the structure of an ele-
mentary cell consisting of two polymer chains, with
two mers from each chain in the elementary cell with
dimensions a = 4.77 Å, b = 7.65 Å, c = 17.80 Å. Or-
thorhombic POM can be obtained by polymerization
from a liquid basic solution of formaldehyde. How-
ever, the orthorhombic form of POM is metastable
and transforms into a stable hexagonal form at 69°C
[4]. In POM, the orthorhombic phase is the high-
density crystalline with the high compactness of 2/1
helices along the c axis, while the less dense hexag-
onal phase which is less stable at a lower temperature
(below ca. 70°C) and which is the most stable phase
at higher temperatures. In some cases, due to kinetic
reasons, thermodynamically permitted processes
may be hindered, and it can lead to the formation of
less thermodynamically stable products. For instance,
orthorhombic POM formation was found during
polymerization at a temperature below 70°C. Below
70°C orthogonal form is the most stable and formed
faster than the less stable hexagonal form. On the
other hand, during POM crystallization from the melt,
mainly the formation of the hexagonal phase was
found since crystallites are formed rapidly during
cooling at temperature higher than 70 °C. For the
transition of orthorhombic to hexagonal form, a slight
expansion along the b axis and a contraction along
the a axis of the orthorhombic phase is necessary.
According to these changes and distortion, the in-
verse hexagonal to orthorhombic forms transforma-
tion is theoretically possible by cooling the POM to
a temperature below 70°C; however, it has not been
observed in practice. This effect was attributed to the
hindering of necessary structural changes or ex-
tremely slow transformation at low temperatures and

pressure [5]. Therefore, each thermal treatment, in-
cluding processing, causes the POM used to be only
in the hexagonal form [6].
POM chains form crystals with two morphological
forms during crystallization. The first is extended
chain crystal (ECC), the second is folded chain crys-
tal (FCC). POM chains, under appropriate conditions,
can also form shish-kebab structures, where FCC
crystallize around a core made of a single ECC. ECCs
are less stable, formed and melt at around 140 °C,
unlike FCCs that melt at around 156 °C [7, 8]. The
cationic polymerization of 1,3,5-trioxane promotes
the formation of crystallites in the form of whiskers.
ECC POM crystallites can also be obtained by the
electrospinning method. In the case of POM crystal-
lization from solution and melt, the folded POM
chains form lamellar structures composed of a single
layer with a thickness of approximately 100 Å [9].
The crystallization behaviour of POM in the pres-
ence of different nanoparticles has recently been in-
vestigated [10]. Hence, Zeng et al. [11] investigated
the effect of silver nanoparticles on non-isothermal
crystallization behavior of POM using Jeziorny,
Jeziorny-modified Avrami, Ozawa, Liu, and Mo,
Ziabicki, and Kissinger models. They revealed that
small amounts of Ag nanoparticles incorporated into
the POM matrix act as nucleating agents and could
enhance the crystallization rate of POM and in-
crease the number of growing POM spherulites with
simultaneous reduction of POM spherulites size.
The incorporation of higher content of Ag nanopar-
ticles leads to their aggregation and hindrance of
POM crystallization. Slouf et al. [12] studied POM
composites with talc micropowder (POM/mTalc),
chalk nanopowder (POM/nChalk), and titanate nan-
otubes (POM/TiNT). They revealed that the crystal-
lization half-times change in the following order:
POM/nChalk < POM/mTalc < POM/TiNT ~ POM
and mTalc and nChalk are strong nucleating agents.
POM with graphene nanoplatelets (GNP) was inves-
tigated by de Souza Santos et al. [13]. It has been
found that incorporating GNP hinders the polymer
crystallization process, changes the degree of crys-
tallinity, and increases the crystallization tempera-
ture. The authors suggested that GNP acts as a nucle-
ating agent for POM. Another approach was presented
by Jiao et al. [14] investigated the crystallization be-
havior of POM in the presence of a small amount of
ionic liquid – tributyl(octyl)phosphonium bis(tri-
floromethanesulfonyl)imide (TBOP-TFSI) – as a
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nucleating agent. The differential scanning calorime-
try (DSC) results and microscopic observations in
polarized light showed that the incorporation of
TBOP-TFSI induces crystal nucleation and forma-
tion of fine crystal grains of POM, which leads to
significant improvement in the impact strength of
POM blends.
In this work, hydroxyapatite (HAp) was functional-
ized with poly(ethylene glycol) (PEG) using diiso-
cyanates as linkers. For this purpose, several different
diisocyanates were used, including those for medical
use, as well as PEGs with selected different average
molar masses. From the obtained systems, those with
the highest content of incorporated organic phase
were selected based on thermogravimetric analysis
(TG). The next stage of the research included analysis
of POM crystallization kinetics in the presence of the
hybrid filler, microscopic and dynamic mechanical
analysis (DMA) tests, as well as 13C NMR and
35P NMR investigations to show the effect of the
HAp-g-PEG hybrid filler on the crystallization kinet-
ics and crystallinity of POM composites.

2. Experimental part
2.1. Materials
A commercially available polyoxymethylene copoly-
mer (POM_C, Ultraform®, BASF) with a melt flow
index (MFI) of 2,6 g/10 min was used as the matrix
of polyacetal composites. Stoichiometric HAp
(Ca10(PO4)6OH2) in the form of a nanopowder with
a spherical nanoparticle shape and size 99% <100 nm,
was the product of nGimat Co. (USA).
1,6-hexamethylene diisocyanate (HDI), 4,4′-di -
phenylmethylene diisocyanate (MDI), methylene
bis-(4-cyclohecasamethylene diisocyanate) (HMDI)
and 3-isocyanatomethyl-3,5 isocyanate, and 5-tri -
methylcyclohexyl (isophorone diisocyanate (iPDI))
were Sigma Aldrich products. PEG (Sigma Aldrich)
with selected three different mass average molar
masses – 600, 2000, and 6000 g/mol, was used to
modify HAp. The catalyst, dibutyltin dilaurate
(DBTL), was also manufactured by Sigma Aldrich.
Dehydrated N,N-dimethylformamide (DMF), and
ethyl alcohol were products of Avantor. Before the
grafting process, HAp was dried at 110 °C for 2 h,
and PEG was dried at 90°C under a vacuum also for
2 h. PEG with the selected molar mass was grafted
onto the HAp surface using one of the selected di-
isocyanates as a linker.

2.2. HAp functionalization and POM
composites preparation

The process of grafting PEG chains on the HAp sur-
face was carried out in two stages. Table 1 shows the
amounts of reagents used in the grafting process. The
molar ratio of HAp:diisocyanate:PEG reagents was
1:2:1.
In the first step, 9 g of HAp was gradually dispersed
by sonication in a three-necked flask under a nitro-
gen atmosphere in 90 ml of DMF over a period of
1 h, without exceeding the suspension temperature
of 30°C. 9 µl of catalyst was then added to the ob-
tained HAp suspension in DMF. Simultaneously, a
1:2 weight ratio of the diisocyanate in a DMF solu-
tion was prepared, which was then added dropwise
to the HAp slurry. After the dropwise addition of the
diisocyanate solution, over a period of about 30 min-
utes, the system was heated with a heating mantle
and stirred with a magnetic stirrer under a nitrogen
atmosphere to a temperature of 80 °C where the di-
isocyanate-HAp coupling reaction was carried out
for 2 hours. After this time, the system was cooled
to room temperature, and then the solution of PEG
in DMF was added dropwise in a mass ratio of 1:1.
After the PEG solution was dosed, the system was
reheated to 60 °C, whereby PEG grafting reaction to
isocyanate groups was performed for another
1.5 hours, and then the reaction mixture was cooled
down to the room temperature. After completion of
the reaction, the mixture was centrifuged using a lab-
oratory centrifuge for 20 minutes at a speed of
4000 rpm. After centrifugation, the precipitate was
washed three more times with dry ethanol. After
washing and centrifuging, the material obtained was
transferred to a Petri dish and dried, first for 24 h at
room temperature and then for 24 h at 40 °C. After
this time, the dried material was ground in a mortar
and then stored in a desiccator.
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Table 1. Amounts of reagents used in the PEG grafting on
the HAp surface.

Nr. HAp Mass
[g] Diisocyanate Mass

[g] PEG Mass
[g]

1

HAp 9.00

HDI 6.00 
600 10.75

2 2000 35.83
3 6000 107.50
4 MDI 8.93

600
10.75

5 HMDI 9.36 10.75
6 iPDI 7.93 10.75



Polyacetal composites (POM/HAp-g-PEG) were ob-
tained by means of two-stage melt processing – ex-
trusion and injection moulding. After TG analysis of
the obtained HAp-g-PEG powders, the percentage
content of the inorganic phase was determined as a
solid residue at a temperature of 600 °C. On this
basis, the concentration of HAp was calculated in
each of the HAp-g-PEG systems. In the next step,
the blends obtained were subjected to an extrusion
process to disperse HAp-g-PEG in the polymer –
composites with HAp-g-PEG content 0.5; 1.0; 2.5;
5.0, and 10.0% were obtained. The extrusion process
was carried out with a laboratory twin-screw co-ro-
tating extruder (HAAKE™ MiniLab Micro Com-
pounder) at a temperature of 210 °C, with the rota-
tion speed of the screws 50 rpm. The injection process
was carried out using a Zamak WT12 injection
moulding machine. The injection process parameters
were as follows: mould temperature – 90 °C, plasti-
cization temperature – 210 °C, plasticization time –
3 minutes, injection pressure – 10 bar.

2.3. Testing methods
Thermogravimetric analysis (TGA) was performed
using a Netzsch STA 449 Jupiter® thermal analyzer.
Samples of ca. 10 mg were placed in open alumina
crucibles. Measurements were carried out at a heat-
ing rate of 10 K/min, from 40 to 600 °C, under a ni-
trogen atmosphere (flow 30 ml/min). Elemental
analysis of elements: carbon, oxygen, and hydrogen
in HAp-g-PEG samples was performed with the
LECO CHN628 elemental analyzer according to
ASTM D 5373 standard. The test samples were
burned in pure oxygen at a temperature of 950 °C to
completely burn the organic part. The content of C
and H in the flue gas was determined successively –
based on the analysis of the infrared absorption spec-
tra, while N – based on the measurement of thermo-
conductivity. NMR measurements (1H MAS-NMR,
31P MAS-NMR, and 13C MAS-NMR) were carried
out in the solid-state for HAp-g-PEG powders and
POM_C/HAp-g-PEG composites. High-resolution
Magic Angle Spinning (MAS-NMR)  spectra in the
solid state were measured on a Tecmag APOLLO
spectrometer, working with a Magnex superconduct-
ing magnet with a field of 7.05 T and a diameter of
89 mm. A Bruker HP-WB MAS probe was used to
spin the sample. The sample was placed in a zirco-
nium rotor with a diameter of 4 mm, equipped with
a KEL-F turbine. The free precession signal was

recorded after a single excitation pulse with a length
of 3 μs, corresponding to the magnetization rotation
by 90°. 31P MAS-NMR spectra were measured at a
resonance frequency of 121.26 MHz, spinning the
sample at 4 kHz. The spectrum resulted from aver-
aging 128 measurements made with a repetition time
of 10 s. The ppm scale was determined using a liquid
sample of 85% H3PO4 solution. 13C MAS-NMR
spectra were measured at a resonance frequency of
75.33 MHz, while the sample was spinning at 8 kHz.
The spectrum resulted from averaging 400 measure-
ments made with a repetition time of 20 s. The ppm
scale was determined using a liquid TMS (tetra-
methyl-silane) sample (Si(CH3)4). 1H MAS-NMR
spectra were measured at a resonance frequency of
299.56 MHz by spinning the sample at 8 kHz. The
spectrum resulted from averaging 1000 measure-
ments made with a repetition time of 1 s. The ppm
scale was determined using a liquid TMS (tetra-
methyl-silane) sample (Si(CH3)4). FTIR spectra were
recorded with the Vertex 70v spectrometer (Bruker)
at room temperature, in the air atmosphere, with a
resolution of 2 cm–1, in the range of 4000–500 cm–1.
For HAp-g-PEG samples, measurement was per-
formed using potassium bromide (KBr) pellets. For
POM/HAp-g-PEG composites, measurements were
carried out using the attenuated total reflectance
(ATR) technique with the HATR PIKE attachment
on a diamond crystal. The surface morphology of
POM composites was investigated using a scanning
electron microscope (SEM) (Nova NanoSEM 200,
FEI) at an accelerating voltage of 1 kV, after previ-
ously sputtering the samples with carbon. A micro-
scope equipped with an EDAX X-ray spectrometer
(EDX) was used to analyse chemical elements on the
surface of the tested samples. A TEM microscope
(LEO 912AB, Carl Zeiss, Germany) was used to as-
sess the degree of dispersion of HAp-g-PEG in the
polymer matrix. Prior to observation, the samples
were cut with an MTX ultramicrotome (RMC Prod-
ucts, Tucson, USA).
The DSC 1 differential scanning calorimeter (Mettler
Toledo) was used for the DSC measurements. Meas-
urements were made at a heating and cooling rate of
10 K/min in a nitrogen atmosphere (flow 30 ml/min).
The samples weighing ca. 5 mg were placed in closed
and pierced aluminum pans. The reference sample
was an empty aluminum pan. An intracooler was
used for cooling. For composite samples (POM/
HAp-g-PEG), the measurement was carried out in a
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dynamic mode, in which the sample was heated (25–
200 °C), then cooled (200–25 °C), and reheated to
200°C. On the basis of the obtained DSC curves, the
enthalpy of melting (∆Hm) of POM was determined,
and then the degree of crystallinity of POM in POM/
HAp-g-PEG composites was determined using the
Equation (1):

(1)

where Xc – degree of crystallinity of the POM,
∆Hm –  heat of fusion of the sample, w – weight frac-
tion of the additive (HAp-g-PEG) in the composite,
∆Hm

0 – heat of fusion of 100% crystalline polymer
(Xc = 100%), for POM ∆Hm

0 =326.3 J/g. For the pur-
pose of calculating the crystallization kinetics, iso -
thermal measurements were also carried out, during
which samples weighing about 5 mg were heated to
a temperature of 180 °C, kept for 5 minutes until the
polymer completely melted, and then rapidly cooled
at a rate of 80 K/min to the crystallization tempera-
ture of POM.
Measurements using the dynamic mechanical analysis
method were carried out using a DMA 850 Discovery
(TA Instruments, USA) operating in the bending

mode with the specimen fixed at one end (single can-
tilever). The measurements were carried out in a ni-
trogen atmosphere, in the temperature range of –90
to 150 °C, by heating the samples at a rate of
3 °C/min, deforming them at a frequency of 10 Hz
with an amplitude of 10 μm. The dimensions of the
samples for measurement are 20×4.75×4.05 mm.
The atomic force microscope (AFM, XE120 Park
Systems) was used to image the surface of the com-
posites. Measurements were carried out in the con-
tact mode, in the air atmosphere. A probe with a
scanning blade (MLCT-C) by Bruker, made of non-
conductive V-shaped silicon nitride, was used for the
measurements. The measurement probe (MLCT-C)
was characterized by the following parameters: res-
onant frequency 4–10 kHz. As a result of the meas-
urements, images with dimensions of 90×90 μm,
were obtained.

3. Results and discussion
Hybrid HAp-g-PEG systems were analyzed in the
first stage of the investigation to assess the amount
of organic phase in the systems – Figure 1.
For systems containing HDI as a coupling agent
in their structure, a much higher proportion of the
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Figure 1. TG and derivative thermogravimetry (DTG) curves of hybrid HAp-g-PEG systems a) HAp-HDI-PEG 600, b) HAp-
MDI-PEG 600, c) HAp-HMDI-PEG 600, d) HAp-iPDI-PEG 600.



organic phase (21.2±3.6%) than the other diiso-
cyanates was observed. The degradation process of
the organic part of HAp-g-PEG systems was carried
out in three stages, which is confirmed by the pres-
ence of three peaks in the DTG curves. The onset of
decomposition was around 210 °C. The first decom-
position peak was observed at 250–280 °C, the sec-
ond peak at 310–340°C, and the third at 350–400°C.
The grafting reaction was unsuccessful for the sys-
tem containing iPDI as the coupling agent. In the
sample analyzed >98% of the inorganic phase (HAp)
was present. For systems containing MDI and HMDI
diisocyanates, the content of the incorporated organic
phase did not exceed 10% of the sample weight.
The highest efficiency of the grafting reaction was
obtained for HDI. The process of degradation of the
organic part of the hybrid HAp-g-PEG system was
similar to the degradation of polyurethanes obtained
with polyethers as a soft segment, where the thermal
decomposition of polyurethane (PU) hard segments
(derived from the isocyanates used) at temperatures
of 200 to 300°C occurs as a result of the degradation
of urethane bonds. The urethane bond can be degrad-
ed by dissociation to isocyanate and alcohol (re-for-
mation of –NCO and –OH groups), or to primary
amines (R–NH2) and olefins (CH2=C–R′) to form car-
bon dioxide (CO2) and by eliminating CO2 from the
urethane bond to give secondary amines (R–NH–R′).
After this stage, there was a further degradation of
the material at temperatures of 355–385 °C, related
to the degradation of soft segments derived from
polyols. At this stage, the processes such as chain de-
polymerization, random chain breaking, and cross-
linking take place. With further heating (>550 °C),
complete decomposition of PU occurs with the for-
mation of simple hydrocarbons and other residues
[15, 16]. At temperatures up to 100 °C, HAp shows
a slight weight loss (about 2%) [17] due to the re-
lease of absorbed water from the material; therefore,
the solid residue at 550 °C is almost entirely com-
posed of HAp.
The organic phase content in the HAp-g-PEG hybrid
systems was also examined by means of elemental
analysis of nitrogen, carbon, and hydrogen. The
measurement results are presented in Table 2.
A much larger weight fraction of the examined ele-
ments was observed in the samples obtained with
HDI. Among the elements examined, each of the
samples contained the highest percentage by weight
of C. In the sample obtained from iPDI, the presence

of the elements N and H was not observed. The ele-
mental analysis confirmed the presence of an organic
phase in the HAp-g-PEG systems. The analysis re-
sults of the analysis coincide with the relationships
obtained by the TG method, which indicates the
highest efficiency of the syntheses performed with
the use of HDI as a coupling agent and the lack of
iPDI reactivity in a given system. The elemental
analysis for the HAp-iPDI-PEG 600 sample indi-
cates that the hydrogen comes only from the organic
phase of the test compounds. The method does not
detect hydrogen in HAp particles, whose weight
ratio is 0.2%. The difference in the percentage of el-
ements in the measurement compared to the TG
analysis results from the lack of detection of a sig-
nificant amount of oxygen atoms that make up the
organic phase of the tested compounds.
In the next research stage of the research, NMR
measurements of HAp-g-PEG powders were per-
formed. The 31P NMR spectra of all tested powders,
the 13C NMR spectra and 1H NMR spectra for the
powders with the highest organic phase content are
presented in Figure 2.
For the 31P NMR spectra of all powders tested, a sin-
gle peak was visible, the maximum of which was
2.64 ppm, and its half-width was 2.07±0.02 ppm.
This peak corresponds to the PO4

3– phosphate groups
present in the crystalline HAp; however, a slight
chemical shift is observed in relation to the unmod-
ified HAp for which the maximum from the PO4

3–

groups is 2.8 ppm [18]. The width of the peaks does
not change much, while the intensity of the peaks
obtained changes, which decreases in proportion to
the increasing amount of the organic phase in HAp-
g-PEG systems. These results are consistent with
previous data from the TG analysis and elemental
analysis of elements, in which the greatest share of
this phase is present in systems containing HDI. In
all the powders analyzed, the phosphorus environ-
ment is similar, which is related to the presence of
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Table 2. Elemental analysis results for HAp-g-PEG systems.

Sample
Elements

[wt%]
N C H Summa

HAp-HDI-PEG 600 2.10 13.72 1.97 17.78
HAp-HDI-PEG 2000 1.55 15.06 2.67 19.28
HAp-HDI-PEG 6000 1.62 10.89 1.86 14.37
HAp-MDI-PEG 600 0.38 7.31 0.50 8.18
HAp-HMDI-PEG 600 0.02 3.31 0.12 3.45
HAp-iPDI-PEG 600 0.00 1.62 0.00 1.62



the organic phase in the tested systems, which may
affect the chemical shift compared to pure HAp. The
lack of change in the half-width of the phosphate
ions also proves that their crystal structure in HAp
is preserved.
In the 13C NMR spectra, there is a single asymmetric
peak with a maximum at 69.7 ppm. The half-width
is 3.56, 3.30, and 2.97 ppm, respectively, and de-
creases with increasing molar mass of PEG in the
tested powders. This peak is from the PEG backbone
(–(CH2–CH2–O)n–) and consists of three adjacent
C-derived peaks in the PEG chains. Furthermore, the
spectra show weak peaks with a maximum of about
156.3 ppm due to the presence of carbon atoms in
the urethane bond (–NH(C=O)O–) [19, 20]. NMR
analysis confirmed the chemical structure of the
compounds tested, in which both organic and inor-
ganic parts are present. The obtained results agree
with the TG analysis carried out earlier, confirming
the different content of HAp in the tested systems.
The dominant peak is visible in the 1H NMR spectra,
the maximum of which is 3.6 ppm (3,8 ppm for
HAp-g-PEG 600) which corresponds to the H atoms
in the PEG backbone (–CH2–CH2–O–), confirming
thus the presence of this compound in the tested
samples [21]. In addition, a much weaker double
peak around 1.6–1.1 ppm is visible, corresponding
to the hydrogen atoms in the chains derived from
HDI (…–CH2–CH2–CH2–…), the position of which
shifts towards lower numbers as the molecular weight
of poly(ethylene glycol) increases. The peak of hy-
drogen atoms near the urethane bond (NH–CO–O)
should be visible around 3.0 ppm but is overlapped

by the PEG peak [22]. Furthermore, around 5.5 ppm,
weak peaks appear from hydrogen atoms derived
from HAp, being components of hydroxyl groups
and H2O molecules associated in the structure of
HAp [23].
Because of the highest efficiency of the syntheses
performed with the use of HDI as a coupling agent,
the next part of this work focused mainly on the sys-
tems obtained with the use of this diisocyanate. Stud-
ies were carried out for HAp-g-PEG X systems,
where grafting was performed with HDI, and X was
the average molecular weight of the PEG (X =600,
2000 or 6000).
TEM micrographs (Figure 3) show the distribution
of the selected HAp-g-PEG systems in the POM_C
matrix containing 1.0 and 5.0% of the additive. Hy-
brid HAp-g-PEG systems are visible in the form of
interconnected HAp molecules embedded in the or-
ganic phase of the hybrid system made of HDI and
PEG. Both HDI and PEG used for HAp-g-PEG
preparation possess two functional groups, while on
the surface of HAp nanoparticles there are more hy-
droxyl groups able to react with HDI. That probably
leads to the formation of interconnections between
HAp nanoparticles and agglomerates of HAp nano -
particles. The distribution of HAp-g-PEG agglom-
erates in the POM_C matrix is relatively uniform,
even for composites containing 5.0% additive. It is
contrary to the unmodified HAp in POM, which in
the POM_C matrix was visible in the form of indi-
vidual nanospheres or physically connected agglom-
erates containing up to several linked HAp nanopar-
ticles [24, 25].
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Figure 2. a) 31P NMR, b) 13C NMR, and c) 1H NMR spectra of hybrid HAp-g-PEG systems.



In the first stage, all the obtained POM/HAp-g-PEG
composites were subjected to DSC analysis to deter-
mine the effect of the applied additive on the melting
point, as it is one of the most important processing
parameters. The measurement results are presented
in Figure 4 and Table 3.
The addition of HAp-g-PEG insignificantly influ-
enced the shape of the DSC curves, the melting
point, and the degree of POM crystallinity in the com-
posites. For samples containing a large amount of

HAp-g-PEG (≥5%), the supercooling value was re-
duced even by 3 °C. In the second heating, the dif-
ferences in melting point compared to unmodified
POM did not exceed 1.6 °C. The degree of crys-
tallinity calculated from the second melting in-
creased by up to 5% , compared to the first heating.
For the second heating, no major changes in the de-
gree of POM crystallinity were observed (approxi-
mately 1–2% increase). The slight influence of the
addition of HAp-g-PEG on the melting point of the
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Figure 3. TEM micrographs of POM_C (a) and its composites with 1.0 and 5.0% load of  HAp-g-PEG 600, HAp-g-PEG
2000, and HAp-g-PEG 6000 (b), (b1) POM_C/1.0% HAp-g-PEG 600, b2) POM_C/5.0% HAp-g-PEG 600,
b3) POM_C/1.0% HAp-g-PEG 2000, b4) POM_C/5.0% HAp-g-PEG 2000, b5) POM_C/1.0% HAp-g-PEG 6000,
b6) POM_C/5.0% HAp-g-PEG 6000.).



tested composites is important information because
of the lack of necessity to change the processing con-
ditions of the tested materials. No peak was observed
in any of the DSC curves obtained, corresponding to
the melting process of PEG, which are 17–22, 50–53,
and 58–63°C for PEG 600, 2000, and 6000, respec-
tively [28]. The lack of peaks may suggest the chem-
ical bonding of PEG in an inorganic-organic com-
pound with HAp, which limits the mobility of the
chains, and therefore they do not undergo the process
of crystallization.
Contrary to the previously tested POM_C/HAp [25],
no double peak in the 1st heating profile was ob-
served, suggesting that the addition of HAp-g-PEG
does not significantly affect the thickness variation
of POM lamellae formed during the crystallization
process. In contrast to unmodified HAp, where HAp
nanopowder additionally induced the nucleation ef-
fect of POM crystals, no significant improvement in
the degree of POM crystallinity was observed as a
result of the presence of HAp-g-PEG. This may be
due to too many HAp-g-PEG agglomerates linked
by organic chains.
The presence of a double melting peak is probably
related to the melting of the poorly formed POM_C
crystals. Additionally, the presence of HAp-g-PEG
may interfere with the POM_C crystallization
process, especially with a high amount of additive.
As a result, the intensity of the recrystallization phe-
nomenon of imperfect POM_C crystals increases,

which precedes further melting of better-formed
POM_C crystals. A similar phenomenon was ob-
served by Pielichowska et al. [29] for polyurethanes
of MDI-PEG-BDO structure modified with nano -
graphite. In the next stage, the samples were subjected
to spectroscopic examination. The FTIR-ATR spec-
tra and their second derivative are shown in Figure 5.
In the analyzed spectra, there is a group of two bands:
2981 and 2923 cm–1, which were not included in the
figures, corresponding to the symmetrical stretching
vibrations (ν) of the CH2 groups. The band visible at
about 1475 cm–1 is related to the bending vibrations
(δ) of the CH2 groups. The band at about 1393 cm–1

was created as a result of the wagging vibrations of
the CH2 groups, while the average size band at about
1236 cm–1 is the effect of the torsional vibrations of
the CH2 groups. The two strong bands at 1093 and
895 cm–1 and the weaker band at 1139 cm–1 are the
results of asymmetric stretching vibrations, and the
band at 929 cm–1 is caused by symmetric stretching
vibrations of the C–O–C bonds. Moreover, at
630 cm–1 a peak appears that is related to the bend-
ing vibrations of C–O–C bonds [31]. For samples
containing at least 2.5% HAp-g-PEG addition, two
bands (607 and 578 cm–1) are visible, resulting from
asymmetric bending vibrations of PO4

3– phosphate
ions derived from HAp.
As is known, POM most often crystallizes in the
hexagonal system, in which the polymer chains exist
in a 9/5 helical conformation. Only under specific
conditions do POM chains in the 2/1 spiral form crys-
tallize in the orthorhombic system to form meta -
stable crystals. In the classic hexagonal arrangement,
POM chains crystallize in both an extended and a
folded form. Although IR spectroscopy is one of the
few methods that can distinguish the bands from
each type of crystal produced, it is relatively difficult
to separate the peaks from each of them. According
to data presented in the literature [32], only two
bands are characteristic of one type of POM crystals.
These are the band at 1136 cm–1, coming only from
the vibrations of the FCC crystals, and the band at
891 cm–1, which is the result of vibrations of the ECC
crystals. The remaining bands (1236, 1089, 933,
630 cm–1) result from the superposition of vibrations
of both the ECC and FCC crystals. No changes in
the values and the number of peaks in POM/HAp-
g-PEG composites indicate that, similarly to unmod-
ified POM, crystals in the form of ECC and FCC are
also present in these materials.
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Figure 4. DSC curves (crystallization and melting, 2nd heat-
ing run) of POM_C and POM composites with
HAp-g-PEG 600, with HAp-g-PEG 2000, and
HAp-g-PEG 6000. Data for POM_C was taken
from Ref. [26].
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Table 3. Temperature and heat of fusion or crystallization of POM_C and composites.
POM_C/HAp-g-PEG 600, POM_C/HAp-g-PEG 2000 and POM_C/HAp-g-PEG 6000*

*Data for POM_C, POM_C_1% and POM_C_5% were taken from Ref. [27].

Sample Tonset
[°C]

Tmax
[°C]

Tendset
[°C]

Heat of melting POM_C/HAp-g-PEG
[J/g]

Degree pf crystallinity
[%]

HAp-g-PEG 600
Melting

POM_C_0% 160 167 174 171 52.4
POM_C_0,5% 160 166 173 173 53.2
POM_C_1% 160 168 175 167 51.6
POM_C_2,5% 160 169 176 172 54.1
POM_C_5% 160 167 174 160 51.7
POM_C_10% 160 165 174 157 53.0

Crystallization
POM_C_0% 149 147 137 168
POM_C_0,5% 149 147 139 171
POM_C_1% 149 147 137 168
POM_C_2,5% 150 147 136 170
POM_C_5% 150 148 139 161
POM_C_10% 151 149 139 155

HAp-g-PEG 2000
Melting

POM_C_0% 160 167 174 171 52.4
POM_C_0,5% 160 166 174 167 51.5
POM_C_1% 160 167 174 170 52.6
POM_C_2,5% 160 168 176 170 53.5
POM_C_5% 160 166 174 165 53.4
POM_C_10% 160 166 173 159 54.0

Crystallization
POM_C_0% 149 147 137 168
POM_C_0,5% 149 147 138 172
POM_C_1% 150 147 138 170
POM_C_2,5% 150 148 137 169
POM_C_5% 150 148 139 164
POM_C_10% 150 148 140 155

HAp-g-PEG 6000
Melting

POM_C_0% 160 167 174 171 52.4
POM_C_0,5% 160 168 175 169 52.0
POM_C_1% 160 166 172 172 53.2
POM_C_2,5% 160 169 176 169 53.1
POM_C_5% 160 168 176 160 51.7
POM_C_10% 160 167 173 153 52.2

Crystallization
POM_C_0% 149 147 137 168
POM_C_0,5% 150 149 138 168
POM_C_1% 151 149 141 172
POM_C_2,5% 150 148 136 168
POM_C_5% 150 148 137 159
POM_C_10% 151 150 142 156



In the next stage of the research, the analysis by
31P NMR and 13C NMR methods was carried out for
POM_C and its composites with 1.0 and 5.0% HAp-
g-PEG 600, HAp-g-PEG 2000 and HAp-g-
PEG 6000. Due to the lack of phosphorus atoms in
the samples of the unmodified POM, the 31P NMR

analysis was not performed for the pristine polymer.
The results of both measurements are presented in
Figure 6.
On the 31P NMR spectra for each of the composites
tested, a symmetric peak with a constant position of
2.52 ppm and a half-width of 2.10±0.06 ppm was
visible, which differed in intensity for various con-
tents of HAp-g-PEG, which confirms the different
amount of HAp in the tested samples. In the 13C NMR
spectra, an asymmetric peak is visible, the maximum
of which is 88.31 ppm, which is characteristic of the
carbon atoms in the main chain of the polyacetal 
–[CH2–O]n– forming the crystalline phase [33]. Ad-
ditionally, the broadening of each of the peaks at the
bottom left is visible with an additional shoulder that
corresponds to the POM carbon atoms in the amor-
phous phase [34]. The half-width of the observed
peak is 5.5±0.2 ppm, and there is a slight effect of
the addition of HAp-g-PEG on the half-width of the
analysed peak. Moreover, for the sample containing
5.0% HAp-g-PEG 2000, the spectrum shows a sec-
ond peak with a maximum of 69.6 ppm, correspon-
ding to the carbon atoms environment due to the ad-
dition of HAp-g-PEG 2000.
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Figure 5. FTIR-ATR spectra of unmodified POM_C and
composite spectra POM_C with HAp-g-PEG 600,
HAp-g-PEG 2000, and HAp-g-PEG 6000. Data
for POM_C were taken from Ref. [30]

Figure 6. 31P NMR (a) and 13C NMR (b) spectra for POM_C and POM_C composites with 1.0 and 5.0% HAp-g-PEG 600,
HAp-g-PEG 2000, and HAp-g-PEG 6000.



NMR tests confirmed the presence of various amounts
of HAp in the tested samples. A clear chemical shift
for PO4

3– ions compared to unmodified HAp may in-
dicate the presence of an inoculated organic phase.
Moreover, NMR analysis revealed the semicrys-
talline nature of POM_C. However, the addition of
HAp-g-PEG did not change the structure of the
POM_C chains, as it was confirmed by the XRD
analysis performed earlier [26].
For POM_C samples and their composites contain-
ing 1.0 and 5.0% of HAp-g-PEG 600, HAp-g-
PEG 2000, and HAp-g-PEG 6000, measurements
were carried out using a DSC to analyze the kinetics
of crystallization. After crystallization of the samples
under isothermal conditions at four selected temper-
atures, the obtained DSC curves were subjected to
integration to determine the relative degree of crys-
tallinity, or (Xt), according to Equation (2):

(2)

where Xt – relative crystallinity, dH/dt – heat flux of
accompanying the transformation.
The curves of the dependence of the degree of rela-
tive crystallinity Xt on the crystallization time t ob-
tained in this way for selected samples are presented
in Figure 7.
As can be seen from the analyzed curves, the higher
the temperature of the crystallization, the longer its
time. The characteristic sigmoidal shape of the ob-
tained curves, for which a rapid increase in the rate of
crystallization takes place in the first stage, is related
to the occurrence of the so-called primary crystalliza-
tion, which precedes secondary crystallization taking

place much more slowly. After the primary crystal-
lization is completed, secondary crystallization be-
gins, which includes the further process of organizing
the amorphous areas remaining in the polymer [35].
The kinetics of primary crystallization of a number of
polymers, including POM, under iso thermal condi-
tions can be described using the Avrami Equation (3):

(3)

where Xt – the relative degree of crystallinity achieved
by the polymer that crystallizes over time t, k – Avrami
constant, the isothermal crystallization rate constant
depending on the nucleation frequency and spherulite
growth rate, n – Avrami exponent, depending on the
nucleation mechanism and shape of growing crys-
tallites [36].
The doubly logarithmic form of the Avrami equation
is used to determine the parameters n and k (Equa-
tion (4)):

(4)

From the dependency graph log[–ln (1 – Xt)] vs.
log t – for selected samples shown in Figure 8, the
Avrami exponent n and the constant k were deter-
mined from the straight line equation.
By knowing the value of the Avrami constant (k),
the half-time of crystallization was determined using
Equation (5):

(5)

where t1⁄2 –  half-time crystallization, that is the time
taken to reach the relative degree of crystallinity of
50% and the rate of crystallization as reciprocal of
the half time (G) based on the Equation (6):
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Figure 7. Relative crystallinity (Xt) vs. time (t) for isothermal crystallization process of a) POM_C and b) POM_C composites
with 5.0% HAp-g-PEG 600.



(6)

The time required to reach the maximum crystalliza-
tion rate (tmax) can be calculated from Equation (7):

(7)

The values of the parameters determined n, k, t1⁄2, G,
tmax including isothermal crystallization tempera-
tures (TK) and the R2 coefficient, are summarized in
Table 4.
For POM_C composites containing 1.0% additive
HAp-g-PEG 600, HAp-g-PEG 2000, and HAp-g-
PEG 6000 at 153 °C, compared to unmodified
POM_C, there was a significant acceleration of crys-
tallization (tmax) by 46, 52, and 62%, respectively.
For all composites containing 5.0% HAp-g-PEG,
crystallization at 153 °C was accelerated by
67.6±0.7%. This indicates accelerated crystallization
as a result of the presence of HAp-g-PEG, which
may constitute nuclei for POM, thus supporting the
heterogeneous nucleation process of this polymer
[37]. With a small proportion of HAp-g-PEG addi-
tion (1.0%), the greater the average molar mass of
PEG in the HAp-g-PEG, the more enhanced the crys-
tallization acceleration effect, while with a higher
amount of additive (5.0%), all additives work in a
similar manner. The value of the Avrami exponent
for unmodified POM_C ranges from 2.80 (at 152°C)
to 3.16 (at 155°C), indicating the formation – under
given conditions – of three-dimensional POM crystal
structures in the form of spherulites [38]. Data from
the literature show that for the value of the Avrami
exponent n = 3, there is a two-dimensional growth of
crystallites formed as a result of thermal nucleation

and a three-dimensional growth of spherulites formed
through thermal nucleation [38]. For most of the
POM/HAp-g-PEG composites, the Avrami exponent
(n) slightly decreased by 0.1 to approx. 0.5, with the
greatest reduction of n occurring mainly in the com-
posites containing 5.0% of HAp-g-PEG.
The reduction of the n value of the tested composites
may indicate that the presence of HAp-g-PEG, es-
pecially in a larger amount, may hinder the forma-
tion of three-dimensional spherulites during POM
crystallization. Polymer chains can crystallize in a
two-dimensional form, in the form of lamellas
arranged in flat disks [39]. The value of the constant
k decreases with the increasing crystallization tem-
perature for both pure POM_C and its composites.
This is because the difference between the tempera-
ture at which crystallization is carried out and the
temperature corresponding to the highest crystalliza-
tion rate increases. In composite materials, the k
value is significantly greater than the k value for pure
POM_C at the corresponding crystallization temper-
atures. At the same time, the increase in k value is
much greater for composites containing 5.0% HAp-
g-PEG. Analogous dependencies exist for the param-
eter G, which is the reciprocal of the half-time of
crystallization. A similar relationship was noticed by
Xu [40] when studying POM with attapulgite, which
was used as a nucleating agent. The addition of atta-
pulgite reduced the size of POM spherulites, signif-
icantly accelerated the rate of crystallization, and im-
proved impact toughness, but did not affect the
hexagonal form of the crystallizing POM, similarly
to the HAp-g-PEG additives used in our study.
Figure 9 shows the rate of crystallization (G) de-
scribed as the reciprocal of the half-time, which
determines the crystallization rate vs. isothermal
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Figure 8. log[–ln (1 – Xt)] vs. log t for isothermal crystallization process of a) POM_C and b) POM_C composites with 5.0%
HAp-g-PEG 600.



crystallization temperature of POM_C and POM_C
composites with 1.0 and 5.0% HAp-g-PEG 600,
HAp-g-PEG 2000, and HAp-g-PEG 6000.
The presented dependencies confirm the increase in
the rate of POM_C crystallization with the increase
in the concentration of HAp-g-PEG addition. Based
on Hoffman-Week diagrams, the equilibrium melt-
ing point Tm

0 for pure POM_C was 189°C, and it de-
creases with increasing content of HAp-g-PEG as it
was presented in Table 5. A larger decrease in Tm

0

was also observed with an increase in the average
molar mass of PEG in the additive used. The drop in
the equilibrium melting point indicates the formation
of less developed and more defective POM_C crys-
tals in the presence of HAp-g-PEG, the presence of
which most likely disturbed the polymer crystalliza-
tion process as a result of an increased share of het-
erogeneous POM_C nucleation in composites. The
increased proportion of additional nucleation seeds

in the polymer can result in the formation of smaller,
more defective POM_C crystals, in this case, three-
dimensional spherulites. A similar phenomenon was
observed by Wu and Chen [41] when investigating
PCL/MWCNT composites, where, also with the in-
crease in the amount of additive, the temperature Tm

0

was decreased, and consequently, the microstructure
of the composites changed by forming much smaller
and less perfect PCL spherulites. Another explana-
tion for the reduction of the equilibrium temperature
Tm

0 is a significant reduction in the duration of crys-
tallization as a result of heterogeneous POM_C nu-
cleation on the surfaces of HAp-g-PEG particles,
which reduces the time for the formation of polymer
crystallites [42].
Depression of equilibrium melting point was de-
scribed in the literature for many polymeric sys-
tems, especially for blends, but also for (nano)com-
posites, and it is connected to the interactions between
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Table 4. Values of the kinetic parameters of the crystallization process obtained from the Avrami equation for POM_C and
composites with 1.0 and 5.0% HAp-g-PEG 600, HAp-g-PEG 2000, HAp-g-PEG 6000.

Sample TK
[°C] n k

[min–1] R2 tmax
[min]

t1/2
[min]

G
[min–1]

POM_C

152 2.80 1.16·10–2 1.0000 4.20 4.31 0.2320
153 2.94 1.04·10–3 1.0000 8.96 9.11 0.1098
154 3.13 5.12·10–5 0.9999 20.84 20.97 0.0477
155 3.16 3.00·10–6 0.9995 49.71 49.93 0.0200

POM_C/1.0% HAp-g-PEG 600

153 2.69 9.22·10–3 0.9997 4.80 4.98 0.2006
154 2.90 8.25·10–4 0.9996 9.98 10.17 0.0983
155 3.05 4.85·10–5 0.9993 23.20 23.44 0.0427
156 3.25 1.32·10–6 0.9999 57.75 57.78 0.0173

POM_C/5.0% HAp-g-PEG 600

153 2.72 3.64·10–2 0.9976 2.86 2.96 0.3380
154 3.11 3.21·10–3 0.9985 5.58 5.62 0.1781
155 3.40 1.55·10–4 0.9987 11.88 11.82 0.0846
156 3.71 3.38·10–6 0.9997 27.52 27.14 0.0368

POM_C/1.0% HAp-g-PEG 2000

153 2.60 1.62·10–2 0.9988 4.05 4.23 0.2262
154 2.58 2.99·10–3 0.9994 7.85 8.23 0.1214
155 2.71 2.09·10–4 0.9992 19.28 19.97 0.0501
156 2.58 2.59·10–5 0.9964 49.81 52.28 0.0191

POM_C/5.0% HAp-g-PEG 2000

153 2.41 4.65·10–2 0.9992 2.86 3.07 0.3256
154 2.69 4.05·10–3 0.9991 6.51 6.75 0.1481
155 2.78 3.19·10–4 0.9998 15.44 15.89 0.0629
156 2.85 1.18·10–5 0.9998 46.17 47.26 0.0212

POM_C/1.0% HAp-g-PEG 6000

153 2.71 2.27·10–2 0.9988 3.41 3.53 0.2833
154 3.08 1.64·10–3 0.9993 7.07 7.13 0.1403
155 3.27 9.08·10–5 0.9996 15.35 15.34 0.0652
156 3.49 2.42·10–6 0.9998 36.88 36.57 0.0273

POM_C/5.0% HAp-g-PEG 6000

153 2.48 3.97·10–2 0.9989 2.98 3.17 0.3153
154 2.69 5.39·10–3 0.9987 5.87 6.09 0.1642
155 2.85 4.29·10–4 0.9978 13.07 13.37 0.0748
156 3.01 2.12·10–5 0.9984 31.14 31.53 0.0317



components of the system and their miscibility [43]
Depression of equilibrium melting point was analysed
by Lee et al. [44] as a measure of interactions be-
tween PLA and MWCNTs.
The effective activation energy (E) was determined
on the basis of Hoffman-Lauritzen theory using
Equation (8):

(8)

where E depends on the parameters U* and Kg, which
represent the energy barriers of mass transport and
nucleation, respectively. In the assumed model, the
linear growth rate of the polymer crystals (G) depends
on the temperature, according to the Equation (9):

(9)

where G0 – it is a pre-exponential factor, U* – the ac-
tivation energy necessary to initiate crystallization
(for polymers, U* has a constant value of 6.3 kJ/mol),
R – universal gas constant, ΔT = Tm

0 – TK and this is
supercooling, f = 2TK/(Tm

0 + TK) – correction factor,

T∞ – temperature of crystallization decay (T∞ =
Tg – 30 K, where Tg – polymer glass transition tem-
perature).
The kinetic parameter Kg denotes the energy barrier
for the nucleation of crystals of a critical size. Kg is
strongly dependent on the degree of supercooling
and can be calculated by Equation (10):

(10)

where b – thickness of the crystallite growth surface
(b =4.46·10–10 m), σ – is the lateral surface free en-
ergy (σ = 0.0147 J/m2), σe – is the fold surface free
energy, ∆hf

0 – is the heat of fusion per unit volume
of crystal (∆hf

0 =3.55·108 Jm–3), kB –  Boltzman’s
constant, n takes a value depending on the crystal-
lization regime in a given system, for I and
III regimes n = 4, for II regime n = 2 [45].
Taking the logarithm of Equation (9), the Equa-
tion (11) was obtained:

(11)

which can also be used to determine the parameter
Kg. This parameter is determined from the linear re-
lationship logG + U*/[(R(TK – T∞)] vs. 1/(TK·ΔT·f).
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Figure 9. Plots of the reciprocal of the half-time (G) vs isothermal crystallization temperature (TK) for POM_C and POM_C
composites with 1.0 and 5.0% HAp-g-PEG 600 (a), HAp-g-PEG 2000 (b) and HAp-g-PEG 6000 (c).



This relationship for POM_C/HAp-g-PEG 600 is
shown in Figure 10. The Kg values were read as the
slope of the regression line fitted to the measuring
points.
In Figure 10, a decrease in the degree of slope of the
straight lines is visible with an increase in the content
of the HAp-g-PEG additive. This, in turn, corre-
sponds to a significant reduction of the energy bar-
rier of crystal nucleation (Kg) in POM_C/HAp-g-
PEG composites. Knowing the value of Kg and
transforming the relationship in Equation (9), the
amount of free energy was determined from the fold
surface free energy of crystallites (σe). To determine
the value of σe, the presence of the III crystallization
regime was assumed in the materials tested, there-
fore the value of the parameter n = 4 was assumed.
The determined Kg and σe values are summarized in
Table 5.
Both values decreased with an increase in the HAp-
g-PEG content and with an increase in the average
molar mass of PEG in the addition of HAp-g-PEG.
The process of forming polymer crystals on the sur-
face of alien inclusions (in this case, HAp-g-PEG)
requires less energy input than for the production of
a sufficiently large homogeneous nucleus from the

polymer chain, from which the crystal could be
formed. Consequently, as the content of HAp-g-PEG
increases, the material’s  surface, on which nucle-
ation and formation of polymer crystals can occur,
increases [46].
The last calculated parameter was the thickness of
the lamella formed during crystallization L [nm],
which was determined from the Gibbs-Thomson
Equation (12) at 153°C – Table 5.

(12)

where Tm – the melting point of POM after isother-
mal crystallization at 153°C, Tm

0 – equilibrium melt-
ing point, ∆h0 – thermodynamic enthalpy of change
per unit volume of the crystalline phase, σe – is the
fold surface free energy of the lamellae, related to
the crystallization process.
For pure POM_C, the average thickness of the
formed lamellae was about 10.2 nm. The addition of
HAp-g-PEG influenced the average value of the
thickness of the lamellas by reducing it. The largest
decrease was recorded for the POM_C/5.0% HAp-
g-PEG 600 sample. The thickness of the lamellae de-
pended on the equilibrium value of the melting point
and the fold surface free energy of the lamellae
formed, and it decreased as both values decreased.
In the next stage of the investigation, selected sam-
ples based on POM_C were melted and then placed
at a temperature of 153°C in order to carry out slow
crystallization. The surface of the tested samples was
observed using the SEM and AFM microscopic tech-
niques to verify the resulting POM_C crystal struc-
tures. The results of the observations are presented
in Figure 11.
The observations show that POM_C, both in its pure
form and as a matrix for composites, crystallized in
the form of spherulites, which, in contact with each
other, filled the entire surface of the sample. This
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Figure 10. logG + U*/[R(TK – T∞)] vs. 1/(TK·ΔT·f) for
POM_C and POM_C composites with 1.0 and
5.0% HAp-g-PEG 600.

Table 5. Kg, Tm
0, σe and L determined for POM_C and POM_C composites with 1.0 and 5.0% HAp-g-PEG 600, 

HAp-g-PEG 2000 and HAp-g-PEG 6000.

Sample Kg·105

[K2]
Tm

0

[K]
σe 

[J/m2]
L at 153°C

[nm]
POM_C 2.24 463 0.0866 10.20
POM_C/1.0% HAp-g-PEG 600 1.28 455 0.0503 9.3
POM_C/5.0% HAp-g-PEG 600 0.88 452 0.0350 8.6
POM_C/1.0% HAp-g-PEG 2000 1.27 455 0.0495 9.3
POM_C/5.0% HAp-g-PEG 2000 1.14 453 0.0451 9.9
POM_C/1.0% HAp-g-PEG 6000 1.05 453 0.0415 9.1
POM_C/5.0% HAp-g-PEG 6000 0.84 451 0.0334 9.5



result is consistent with the results of kinetic calcu-
lations, where the value of the Avrami exponent in-
dicated just such a crystalline form of POM_C. With
the 1.0% HAp-g-PEG addition, the size and shape
of the spherulites are similar to those of the unmod-
ified POM_C. On the other hand, for an increased
amount of additive (5.0%), the spherulites are re-
duced and distorted; it is much more difficult to dis-
tinguish the boundaries between them. The increased
amount of HAp-g-PEG addition may hinder the for-
mation of POM_C three-dimensional crystal struc-
tures, which was also confirmed in the crystallization
kinetics studies, where the Avrami exponent de-
creased with an increase in the HAp-g-PEG content.

Then, DMA tests were carried out for POM_C and
selected composite samples in order to determine the
glass transition temperature. The results of the DMA
tests are presented in Figure 12 and Table 6.
For unmodified POM_C and all composite samples,
the course of the mechanical loss coefficient (tanδ)
in the function of temperature shows three peaks cor-
responding to the three relaxations occurring in
POM. For unmodified POM_C, the temperature val-
ues corresponding to relaxation effects are –60.6 °C
(γ), –3.3 °C (β), and 115.7 °C (α), and are similar to
the values reported in the literature [47]. Some differ-
ences in these temperatures may result, among oth-
ers, from the oscillation frequency values that were
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Figure 11. SEM and AFM images of a) POM_C surfaces and b) POM_C composites with 1.0 and 5.0% HAp-g-PEG,
b1) POM_C/1.0% HAp-g-PEG 600, b2) POM_C/5.0% HAp-g-PEG 600, b3) POM_C/1.0% HAp-g-PEG 2000,
b4) POM_C/1.0% HAp-g-PEG 2000, b5) POM_C/1.0% HAp-g-PEG 6000, b6) POM_C/1.0% HAp-g-PEG 6000.



used during the DMA measurements [48]. The first
relaxation, γ, is generally considered as the POM
glass transition temperature, related to local move-
ments of the POM segments forming amorphous
areas [49].
Based on the obtained thermomechanical results, it
has been found that the addition of HAp-g-PEG did
not have a significant effect on the glass transition
temperature (Tg for the γ transformation) of POM_C.
A slightly greater effect was observed for the remain-
ing POM_C relaxations, where the addition of the
hybrid filler caused a slight decrease of the β relax-
ation temperature in the crystalline phase by a max-
imum of 5.4 °C and a slight increase in the α relax-
ation temperature – also in the amorphous phase,
increasing its value by a maximum of 2.3°C. The ad-
dition of HAp-g-PEG decreased the value of the me-
chanical loss coefficient (tanδ), which indicates a
weaker ability to dampen vibrations in the tested
composites compared to the unmodified POM_C.
Moreover, the storage modulus (E′), representing the
values of energy storage and return during succes-
sive deformation cycles, decreased with increasing
temperature for all analyzed samples. This effect is

associated with an increase in the mobility of the
polymer chain segments with increasing temperature
[50]. At –90 °C, for POM_C, the storage modulus
reaches a maximum value of 6593 MPa. With in-
creasing temperature, there is a sharp decrease in the
E′ value, down to 3392 MPa (at –50°C), associated
with the transition of the polymer from the glassy
state, where the polymer is hard and brittle, to the
elastic state. With an increase in temperature, a fur-
ther, less rapid decrease of the storage modulus E′ to
1730 MPa (at 45 °C) was recorded, followed by an-
other decrease in E′ due to the relaxation of the crys-
talline phase. This transformation (called Tαc) takes
place in some semicrystalline polymers and is asso-
ciated with the appearance of limited movements of
the polymer chain segments within the folded crys-
tals. It is accompanied by a decrease in the value of
the E′, which occurs before the polymer melting
process [51]. Samples containing the addition of
HAp-g-PEG have a slightly lower storage modulus
than pure POM_C, which indicates a slight decrease
in the stiffness of the tested composites, but the
shape of the E′ curves remains similar to pure
POM_C. The last parameter measured in DMA is the
loss modulus (E″), which reaches its maximum at
the glass transition temperature of the polymer [52].
For pure POM_C, the maximum value of E is
432 MPa (at –64.3 °C). The maximum temperature
E″ is lower than the maximum temperature read
from the maximum tanδ, which is also a character-
istic phenomenon in DMA measurements for poly-
mers. For composite materials, the maximum value
of the loss modulus reflecting the amount of energy
dissipated by the material during deformation was
lower than for pure POM_C. The E″ value for
POM_C/5.0% HAp-g-PEG 2000 decreased the most
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Figure 12. Dependence of the storage modulus E′, loss modulus E″ and tan δ vs. temperature for POM_C (a) and POM_C
composites with and 5.0% HAp-g-PEG 600 (b).

Table 6. Relaxation temperatures of POM_C and POM_C
composites with 1.0 and 5.0% HAp-g-PEG 600,
HAp-g-PEG 2000 and HAp-g-PEG 6000.

Sample γ
[°C]

β
[°C]

α
[°C]

POM_C –60 –3 116
POM_C/1.0% HAp-g-PEG 600 –61 –5 117
POM_C/5.0% HAp-g-PEG 600 –61 –9 117
POM_C/1.0% HAp-g-PEG 2000 –60 –7 116
POM_C/5.0% HAp-g-PEG 2000 –60 –6 118
POM_C/1.0% HAp-g-PEG 6000 –61 –6 116
POM_C/5.0% HAp-g-PEG 6000 –61 –3 118



by as much as 15%. As it can be seen for this sample,
the highest relaxation/glass transition temperatures
have been found that suggest the stiffest material with
the lowest ability for vibration damping. In summary,
POM_C and its composites were characterized by
viscoelastic properties, as evidenced by the presence
of the E′ ≠ 0 component and the E″ ≠ 0 component.
All of the tested materials were characterized by the
presence of three relaxations occurring during mate-
rial heating related to the relaxation of both the crys-
talline and amorphous phases. The addition of HAp-
g-PEG did not significantly affect the Tg temperature
value, which, according to the literature data for
POM_C, ranges from -65 to -60°C [53].

4. Conclusions
In the presented work, the influence of the chemical
composition of the hybrid inorganic-organic HAp-
based additive (HAp-g-PEG) on selected properties
of POM composites was investigated. Among all the
diisocyanates tested (HDI, MDI, HMDI, and iPDI),
HDI turned out to be the most reactive. It was ob-
served that the average molecular weight of PEG had
a much smaller influence on the course of the graft-
ing process, although the best results were obtained
for the shortest chains (PEG 600) due to the highest
concentration of their hydroxyl groups. On the basis
of the obtained results, for further research, the HAp-
HDI-PEG 600, HAp-HDI-PEG 2000, and HAp-
HDI-PEG 6000 hybrid systems were selected, which
were introduced into the polyoxymethylene matrix,
both POM_C and POM_H, in an amount from 0.5
to 10.0 wt% based on the content of pure HAp. TEM
confirmed the uniform distribution of HAp-g-PEG
hybrid additives, even with a large amount of addi-
tive. DSC tests did not show any significant effect on
the key processing parameters, i.e., melting point and
supercooling, which allows the processing parame-
ters to be maintained for all samples.
FTIR-ATR analysis confirmed the complexity of the
crystal forms formed in POM_C crystallization from
the melt. This study did not show any changes in the
POM crystallization method under the influence of
the additives used. 
The study of the crystallization kinetics showed a
three-dimensional process of POM crystals’ growth
in the form of spherulites. The addition of HAp-
g-PEG in POM_C significantly accelerated the

crystallization process. The results of the microstruc-
ture analysis of POM_C and its composites using
SEM and AFM methods confirmed the three-dimen-
sional crystallization of POM_C chains in the form
of spherulites. DMA method allowed for the deter-
mination of the POM_C glass transition temperature
in the tested composites. Noteworthy, no significant
influence of each of the additives used, regardless of
its type and amount, on the glass transition temper-
ature was observed.

Acknowledgements
The authors are grateful to the Polish National Science Cen-
tre for financial support under the Contract No. UMO-
2016/21/B/ ST8/00449. This work was also supported from
the subsidy of the Ministry of Education and Science for the
AGH University of Science and Technology in Kraków (Pro-
ject No 16.16.160.557).

References
[1] Masamoto J., Iwaisako T., Chohno M., Kawamura M.,

Ohtake J., Matsuzaki K.: Development of a new ad-
vanced process for manufacturing polyacetal resins.
Part I. Development of a new process for manufactur-
ing highly concentrated aqueous formaldehyde solution
by methylal oxidation. Journal of Applied Polymer Sci-
ence, 50, 1299–1305 (1993).
https://doi.org/10.1002/app.1993.070500801

[2] Lüftl S., Visakh P. M., Chandran S.: Polyoxymethylene
handbook: Structure, properties, applications and their
nanocomposites. Wiley, Hoboken (2014).

[3] Pielichowska K.: Polyacetal. in ‘Handbook of thermo-
plastics’ (eds.: Olabisi O., Adewale K.) CRC Press, Boca
Raton (2015).

[4] Tashiro K.: Crystal structure and crystallization behav-
ior of pom and its microscopically–viewed relation with
the physical and thermal properties on the basis of
X-ray scattering, vibrational spectroscopy and lattice
dynamical theory. in ‘Polyoxymethylene handbook:
Structure, properties, applications and their nanocom-
posites’ (eds.: Lüftl S., Visakh P. M., Chandran S.) Wiley,
Hoboken, 193–226 (2014).
https://doi.org/10.1002/9781118914458.ch7

[5] Raimo M.: Impact of thermal properties on crystalline
structure, polymorphism and morphology of polymer
matrices in composites. Materials, 14, 2136 (2021).
https://doi.org/10.3390/ma14092136

[6] Raimo M.: Structure and morphology of polyoxymeth-
ylene. in ‘Polyoxymethylene handbook: Structure, prop-
erties, applications and their nanocomposites’ (eds.:
Lüftl S., Visakh P. M., Chandran S.) Wiley, Hoboken,
163–191 (2014).
https://doi.org/10.1002/9781118914458.ch6

K. Król-Morkisz et al. – Express Polymer Letters Vol.17, No.3 (2023) 268–289

286



[7] Hama H., Tashiro K.: Structural changes in non-isother-
mal crystallization process of melt-cooled polyoxymeth-
ylene[II] evolution of lamellar stacking structure de-
rived from SAXS and WAXS data analysis. Polymer,
44, 2159–2168 (2003).
https://doi.org/10.1016/S0032-3861(03)00093-4

[8] Hama H., Tashiro K.: Structural changes in non-isother-
mal crystallization process of melt-cooled polyoxymeth-
ylene. [I] Detection of infrared bands characteristic of
folded and extended chain crystal morphologies and ex-
traction of a lamellar stacking model. Polymer, 44, 3107–
3116 (2003).
https://doi.org/10.1016/S0032-3861(03)00207-6

[9] Tashiro K.: Recognition of high sensitivity of vibra-
tional spectroscopy in study of higher-order structure
of polymers. J-Stage, 58, 253–261 (2002).
https://doi.org/10.2115/fiber.58.253

[10] Pielichowska K.: Polyoxymethylene processing. in
‘Polyoxymethylene handbook: Structure, properties,
applications and their nanocomposites’ (eds.: Lüftl S.,
Visakh P. M., Chandran S.) Wiley, Hoboken, 107–151
(2014).
https://doi.org/10.1002/9781118914458.ch4

[11] Zeng Y., Liu Y., Wang L., Huang H., Zhang X., Liu Y.,
Min M., Li Y.: Effect of silver nanoparticles on the mi-
crostructure, non-isothermal crystallization behavior
and antibacterial activity of polyoxymethylene. Poly-
mers 12, 424 (2020).
https://doi.org/10.3390/polym12020424

[12] Slouf M., Krejcikova S., Vackova T., Kratochvil J.,
Novak L.: In situ observation of nucleated polymer
crystallization in polyoxymethylene sandwich compos-
ites. Frontiers in Materials, 2, 23 (2015).
https://doi.org/10.3389/fmats.2015.00023

[13] de Souza Santos C. L., Dias M. L., da Silva M. H. P.:
Polyoxymethylene/graphene nanocomposites: Thermal,
crystallization, melting and rheological behavior. Jour-
nal of Composite Materials, 55, 1485–1498 (2020).
https://doi.org/10.1177/0021998320972179

[14] Jiao Q., Chen Q., Wang L., Chen H., Li Y.: Investiga-
tion on the crystallization behaviors of polyoxymethyl-
ene with a small amount of ionic liquid. Nanomaterials,
9, 206 (2019).
https://doi.org/10.3390/nano9020206

[15] Navarro-Baena I., Arrieta M. P., Mujica-Garcia A.,
Sessini V., Lopez D., Kenny J. M., Peponi L.: Thermal
degradation effects on polyurethanes and their nano -
composites. in ‘Reactions and mechanisms in thermal
analysis of advanced materials’ (eds.: Tiwari A., Raj B.)
Wiley, Hoboken, 165–189 (2015).

[16] Chattopadhyay D. K., Webster D. C.: Thermal stability
and flame retardancy of polyurethanes. Progress in Poly-
mer Science, 34, 1068–1133 (2009).
https://doi.org/10.1016/j.progpolymsci.2009.06.002

[17] Lee S. C., Choi H. W., Lee H. J., Kim K. J., Chang J.
H., Kim S. Y., Choi J., Oh K-S., Jeong Y-K.: In-situ syn-
thesis of reactive hydroxyapatite nano-crystals for a
novel approach of surface grafting polymerization. Jour-
nal of Materials Chemistry, 17, 174–180 (2007).
https://doi.org/10.1039/B611401F

[18] Edwin N., Saranya S., Wilson P.: Strontium incorporat-
ed hydroxyapatite/hydrothermally reduced graphene
oxide nanocomposite as a cytocompatible material. Ce-
ramics International, 45, 5475–5485 (2019).
https://doi.org/10.1016/j.ceramint.2018.12.002

[19] Malakooti S., Rostami S., Churu H. G., Luo H., Clark
J., Casarez F., Rettenmaier O., Daryadel S., Minary-
Jolandan M., Sotiriou-Leventis C., Leventis N., Lu H.:
Scalable, hydrophobic and highly-stretchable poly(iso-
cyanurate–urethane) aerogels. RSC Advances, 8, 21214–
21223 (2018).
https://doi.org/10.1039/C8RA03085E

[20] Mahou R., Wandrey C.: Versatile route to synthesize
heterobifunctional poly(ethylene glycol) of variable
functionality for subsequent PEGylation. Polymers, 4,
561–589 (2012).
https://doi.org/10.3390/polym4010561

[21] Dust J. M., Fang Z. H., Harris J. M.: Proton NMR char-
acterization of poly(ethylene glycols) and derivatives.
Macromolecules, 23, 3742–3746 (1990).
https://doi.org/10.1021/ma00218a0105

[22] Fu H., Gao H., Wu G., Wang Y., Fan Y., Ma J.: Prepa-
ration and tunable temperature sensitivity of biodegrad-
able polyurethane nanoassemblies from diisocyanate
and poly(ethylene glycol). Soft Matter, 7, 3546–3552
(2011).
https://doi.org/10.1039/C0SM01350A

[23] Kolmas J., Kolodziejski W.: Inverse 31P → 1H NMR
cross-polarization in hydrated nanocrystalline calcium
hydroxyapatite. Chemical Physics Letters, 554, 128–
132 (2012).
https://doi.org/10.1016/j.cplett.2012.10.025

[24] Pielichowska K.: The influence of molecular weight on
the properties of polyacetal/hydroxyapatite nanocom-
posites. Part 1. Microstructural analysis and phase tran-
sition studies. Journal of Polymer Research, 19, 9775
(2012).
https://doi.org/10.1007/s10965-011-9775-3

[25] Pielichowska K., Szczygielska A., Spasówka E.: Prepa-
ration and characterization of polyoxymethylene-copoly-
mer/hydroxyapatite nanocomposites for long-term bone
implants. Polymers for Advanced Technologies, 23,
1141–1150 (2012).
https://doi.org/10.1002/pat.2012

[26] Król-Morkisz K., Karaś E., Majka T. M., Pielichowski
K., Pielichowska K.: Thermal stabilization of polyoxy -
methylene by PEG-functionalized hydroxyapatite: Ex-
amining the effects of reduced formaldehyde release
and enhanced bioactivity. Advances in Polymer Tech-
nology, 2019, 9728637 (2019).
https://doi.org/10.1155/2019/9728637

K. Król-Morkisz et al. – Express Polymer Letters Vol.17, No.3 (2023) 268–289

287

https://doi.org/10.1016/S0032-3861(03)00093-4
https://doi.org/10.1016/S0032-3861(03)00207-6


[27] Król-Morkisz K., Pielichowska K.: Thermal decompo-
sition of polymer nanocomposites with functionalized
nanoparticles. in ‘Polymer composites with functional-
ized nanoparticles’ (eds.: Pielichowski K., Majka T. M.)
Elsevier, Amsterdam 405–435 (2019).
https://doi.org/10.1016/B978-0-12-814064-2.00013-5

[28] Pielichowski K., Flejtuch K.: Differential scanning
calorimetry studies on poly(ethylene glycol) with dif-
ferent molecular weights for thermal energy storage ma-
terials. Polymers for Advanced Technologies, 13, 690–
696 (2002).
https://doi.org/10.1002/pat.276

[29] Pielichowska K., Bieda J., Szatkowski P.: Polyurethane/
graphite nano-platelet composites for thermal energy
storage. Renewable Energy, 91, 456-465 (2016).
https://doi.org/10.1016/j.renene.2016.01.076

[30] Król-Morkisz K., Karaś E., Majka T. M., Pielichowski
K.; Pielichowska K.: Thermal stabilization of polyoxy -
methylene by PEG-functionalized hydroxyapatite: Ex-
amining the effects of reduced formaldehyde release
and enhanced bioactivity. Advances in Polymer Tech-
nology, 2019, 9728637 (2019).
https://doi.org/10.1155/2019/9728637

[31] Rahman M. S., Shaislamov U., Yang J-K., Kim J-K.,
Yu Y. H., Choi S., Lee H-J.: Effects of electron beam
irradiation on tribological and physico-chemical prop-
erties of polyoxymethylene copolymer (POM-C). Nu-
clear Instruments and Methods in Physics Research Sec-
tion B: Beam Interactions with Materials and Atoms,
387, 54–62 (2016).
https://doi.org/10.1016/j.nimb.2016.10.001

[32] Li Y., Zhou T., Chen Z., Hui J., Li L., Zhang A.: Non-
isothermal crystallization process of polyoxymethylene
studied by two-dimensional correlation infrared spec-
troscopy. Polymer, 52, 2059–2069 (2011).
https://doi.org/10.1016/j.polymer.2011.03.007

[33] Kurosu H., Komoto T., Ando I.: 13C NMR chemical shift
and crystal structure of polyoxymethylene in the solid
state. Journal of Molecular Structure, 176, 279–283
(1988).
https://doi.org/10.1016/0022-2860(88)80247-3

[34] Matsumoto A., Egawa Y., Matsumoto T., Horii F.: Mis-
cibility of polyoxymethylene blends as revealed by
high-resolution solid-state 13C-NMR spectroscopy. Poly-
mers for Advanced Technologies, 8, 250–256 (1997).
https://doi.org/10.1002/(SICI)1099-
1581(199704)8:4<250::AID-PAT636>3.0.CO;2-9

[35] Gupta S., Yuan X., Chung T. C. M., Cakmak M., Weiss
R. A.: Isothermal and non-isothermal crystallization ki-
netics of hydroxyl-functionalized polypropylene. Poly-
mer, 55, 924–935 (2014).
https://doi.org/10.1016/j.polymer.2013.12.063

[36] Avrami M.: Kinetics of phase change. I General theory.
The Journal of Chemical Physics, 7, 1103–1112 (1939).
https://doi.org/10.1063/1.1750380

[37] Xu W-B., He P-S.: Crystallization characteristics of
polyoxymethylene with attapulgite as nucleating agent.
Polymer Engineering and Science, 41, 1903–1912
(2001).
https://doi.org/10.1002/pen.10887

[38] Mandelkern L.: Crystallization of polymers: Kinetics and
mechanisms. Cambridge University Press, Cambridge
(2004).

[39] Gedde U. W., Hedenqvist M. S.: Fundamental polymer
science. Springer, Cham (2019).

[40] Xu W., He P.: Isothermal crystallization behavior of
polyoxymethylene with and without nucleating agents.
Journal of Applied Polymer Science, 80, 304–310
(2001).
https://doi.org/10.1002/1097-
4628(20010411)80:2<304::AID-APP1100>3.0.CO;2-N

[41] Wu T-M., Chen E-C.: Crystallization behavior of poly
(ε-caprolactone)/multiwalled carbon nanotube compos-
ites. Journal of Polymer Science Part B: Polymer
Physics, 44, 598–606 (2006).
https://doi.org/10.1002/polb.20722

[42] Pracella M., Chionna D., Anguillesi I., Kulinski Z.,
Piorkowska E.: Functionalization, compatibilization
and properties of polypropylene composites with hemp
fibres. Composites Science and Technology, 66, 2218–
2230 (2006).
https://doi.org/10.1016/j.compscitech.2005.12.006

[43] Plans J., MacKnight W. J., Karasz F. E.: Equilibrium
melting point depression for blends of isotactic poly-
styrene with poly(2,6-dimethylphenylene oxide). Macro-
molecules, 17, 810–814 (1984).
https://doi.org/10.1021/ma00134a048

[44] Lee J. H., Park S. H., Kim S. H., Ito H.: Replication and
surface properties of micro injection molded PLA/
MWCNT nanocomposites. Polymer Testing, 83, 106321
(2020).
https://doi.org/10.1016/j.polymertesting.2019.106321

[45] Hoffman J. D.: Regime III crystallization in melt-crys-
tallized polymers: The variable cluster model of chain
folding. Polymer, 24, 3–26 (1983).
https://doi.org/10.1016/0032-3861(83)90074-5

[46] Li J., Fang Z., Zhu Y., Tong L., Gu A., Liu F.: Isother-
mal crystallization kinetics and melting behavior of
multiwalled carbon nanotubes/polyamide-6 compos-
ites. Journal of Applied Polymer Science, 105, 3531–
3542 (2007).
https://doi.org/10.1002/app.24606

[47] Psarras G. C., Siengchin S., Karahaliou P. K., Georga
S. N., Krontiras C. A., Karger-Kocsis J.: Dielectric re-
laxation phenomena and dynamics in polyoxymethyl-
ene/polyurethane/alumina hybrid nanocomposites. Poly-
mer International, 60, 1715–1721 (2011).
https://doi.org/10.1002/pi.3136

K. Król-Morkisz et al. – Express Polymer Letters Vol.17, No.3 (2023) 268–289

288

https://doi.org/10.1016/0022-2860(88)80247-3
https://doi.org/10.1002%2F(SICI)1099-1581(199704)8%3A4%3C250%3A%3AAID-PAT636%3E3.0.CO%3B2-9
https://doi.org/10.1002%2F1097-4628(20010411)80%3A2%3C304%3A%3AAID-APP1100%3E3.0.CO%3B2-N
https://doi.org/10.1016/0032-3861(83)90074-5


[48] Keating M. Y., Sauer B. B., Flexman E. A.: Dynamic
mechanical characterization of relaxations in poly(oxy -
methylene), miscible blends, and oriented filaments.
Journal of Macromolecular Science Part B, 36, 717–
732 (1997).
https://doi.org/10.1080/00222349708212398

[49] Karahaliou P. K., Kerasidou A. P., Georga S. N., Psarras
G. C., Krontiras C. A., Karger-Kocsis J.: Dielectric re-
laxations in polyoxymethylene and in related nanocom-
posites: Identification and molecular dynamics. Poly-
mer, 55, 6819–6826 (2014).
https://doi.org/10.1016/j.polymer.2014.10.056

[50] Yang W., Wang X-L., Yan X., Guo Z.: Toughened poly-
oxymethylene by polyolefin elastomer and glycidyl
methacrylate grafted high-density polyethylene. Poly-
mer Engineering & Science, 57, 1119–1126 (2017).
https://doi.org/10.1002/pen.24489

[51] van Krevelen D. W., te Nijenhuis K.: Properties of poly-
mers: Their correlation with chemical structure; Their
numerical estimation and prediction from additive group
contributions. Elsevier, Amsterdam (2009).

[52] Matsuoka S.: Thermodynamic theory of viscoelasticity.
Journal of Thermal Analysis, 46, 985–1010 (1996).
https://doi.org/10.1007/BF01983616

[53] Archodoulaki V-M., Lüftl S.: Thermal properties and
flammability of polyoxymethylene. in ‘Polyoxymeth-
ylene handbook: Structure, properties, applications and
their nanocomposites’ (eds.: Lüftl S., Visakh P. M., Chan-
dran S.) Wiley, Hoboken, 257 –275 (2014).
https://doi.org/10.1002/9781118914458.ch10

K. Król-Morkisz et al. – Express Polymer Letters Vol.17, No.3 (2023) 268–289

289



1. Introduction
Natural rubber (NR) is widely used as a polymeric
material in various applications such as tires, medical
devices, footwear, sports accessories, rubberized coil
forms, road rubberization, and so on, because of its
unique elasticity and mechanical properties [1, 2]. For
practical applications, the raw rubber materials are
generally mixed with chemicals and subjected to vul-
canization via sulfur or peroxide crosslinking [3]. The
long-chain molecules of rubber become chemically
joined (cross-linked) to form three-dimensional struc-
tures at various points along the chain, which then
provide enhanced mechanical properties [4]. In the
case of peroxide vulcanization, the mechanical prop-
erties of rubber vulcanizates are inferior compared to

sulfur vulcanization [5]. The vulcanization of NR
with sulfur, originally discovered by Goodyear in
1839, forms sulfur linkages (mono-, di-, and poly-
sulfide bridges) between the polymer chains [6].
Rubber vulcanization in a sulfur system generally
uses an accelerator, activator, and co-activator to im-
prove the vulcanization rate and cross-linking effi-
ciency. In the rubber industry, zinc oxide (ZnO) is the
most efficient activator for sulfur vulcanization and
can reduce the vulcanization time of rubber com-
pounds and enhance the properties of vulcanizates.
Therefore, ZnO plays an important role in the trans-
formation of rubber vulcanization [7, 8].
There has not been much research on the effect of
ZnO on rubber vulcanization in terms of synthesis,
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properties, and compounding applications. Recently,
short prism-like ZnO particles synthesized by a hy-
drothermal method were compounded with NR latex
at different contents to prepare vulcanized NR films
that exhibited high mechanical properties [9]. Simi-
larly, the octylamine-capped ZnO nanoparticles with
a 5 nm diameter were used in vulcanization to give
a high curing efficiency and enhanced mechanical
performances of the NR because this structure could
improve the ZnO dispersion in the rubber matrix
[10]. Active ZnO (3 parts per hundred of rubber [phr])
and nano ZnO (1.5 phr) presented excellent proper-
ties for rubber compounds filled with carbon black,
which allowed for reduced ZnO usage in forming an
elastomeric rubber [11]. For rubber film preparation,
ZnO modified with calcium carbonate (CaCO3) at a
9:1 (w/w) ratio effectively activated the NR cross -
linking and improved the anti-microbial properties
of the rubber products [12]. For styrene-butadiene
rubber (SBR) vulcanizates, ZnO nanoparticles (rod-
like particles) [13] and rod-like ZnO with different
crystal facets [14] were found to give a better vul-
canization activity and a good performance with a
high crosslink density and a large reduction in the
polysulfide crosslinking. In addition, the nanosized
ZnO cooperated with ionic liquids [15], while the
ZnO nano particles prepared by a sol-gel process [16]
could reduce the vulcanization time, increase the de-
gree of rubber crosslinking, and improve the tensile
properties of the SBR and polyisoprene vulcanizates,
respectively. In contrast, ZnO coated on a nano-
CaCO3 surface [17], and ZnO dispersed in CaCO3
[18], effectively activated the vulcanization of tire
tread compound and ethylene, propylene, and diene
monomer elastomer, respectively. For SBR/polybu-
tadiene rubber blends, polyethylene glycol-coated
ZnO nanoparticles with a rod-like structure (3 phr)
helped to increase the tensile strength of the vulcan-
izates [19]. These results indicated the importance of
investigating the source of ZnO particles in the sul-
fur vulcanization of rubber.
The ceramic industry has many waste materials dur-
ing the process [20, 21], so the reuse of ceramic waste
has been widely studied in many applications. In ce-
ramic manufacturing, ZnO as glaze coating [22] can
ensure crystallization [23], improve the glaze surface
properties of floor tiles [24], reduce the coefficient
of thermal expansion [25], affect the melting point
of the glaze [26], etc. would be one type of ceramic
waste. From these mentioned superior properties, the

ZnO from ceramic waste is an attractive chemical to
substitute for the ZnO as an activator in the vulcan-
ization process. The present work focused on the
vulcanization of NR compounds using three differ-
ent types of ZnO particles as activators, i.e., com-
mercial ZnO (ZO), waste ZnO (WZO) obtained
from a ceramic glaze industry, and calcined WZO
(C-WZO). To obtain the C-WZO, the WZO was first
treated via calcination at 800 °C for 6 h. The physi-
cal, thermal, and dynamic mechanical properties of
NR vulcanized with the different ZnO types were
elucidated.

2. Experimental
2.1. Materials
The NR (STR 5L or Standard Thai Rubber 5L) and
curing reagents for rubber compounds: ZO, stearic
acid, n-cyclohexyl-2-benzothiazole sulfenamide
(CBS), and sulfur, were supplied from the Rubber
Research Institute of Thailand. The WZO was ob-
tained from a ceramic glaze industry (Siam Frit Co.,
Ltd., Samutsakhon, Thailand) and then calcined at
800°C for 6 h to obtain the C-WZO.

2.2. Preparation of NR vulcanizates
The formulations of the rubber compounds are listed
in Table 1. The common rubber compound formula I
was filled with 5 phr of ZnO powder and 2.5 phr of
sulfur. For the adjusted rubber compound formula II,
the actual sulfur content obtained from the ZnO sam-
ple and added sulfur was adjusted to be a total of
5 phr. All ingredients were mixed in a two-roll mill
at room temperature for 9 min to form NR com-
pounds. Measurement of Mooney viscosity (ML 1+4
at 100 °C) was carried out using Premier™ MV
Mooney Viscometer (Alpha Technologies, USA)
according to ISO 289-1: 2015. The cure character-
istics were determined using a moving die rheome-
ter (MDR, TechPro MD+, USA) at 155 °C follow-
ing ASTM D5289-19. Optimum cure time (tc90),
scorch time (ts2), minimum torque (ML), maximum
torque (MH) and torque difference (MH – ML) are
presented in Table 1. The sample sheets with dimen-
sions of 150×150×2 mm were prepared at 155 °C
and 150 kg/m2 for 10 min using a compression
mold (Scientific LabTech Engineering Co., Ltd.,
Thailand).
The NR vulcanized samples with ZO, WZO, and
C-WZO were denoted as NR/ZO, NR/WZO, and
NR/C-WZO, respectively.
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2.3. Characterization of ZnO
Thermogravimetric analysis (TGA) of the ZO,
WZO, and C-WZO was performed using a thermal
analysis instrument (Perkin-Elmer Pyris Diamond,
USA). The sample (10 mg) was placed on a plat-
inum pan and heated from room temperature to
1000°C at a constant heating rate of 10°C/min under
nitrogen (N2) at a flow rate of 50 ml/min. The TGA
result was used to find the suitable temperature for
WZO calcination.
The X-ray diffraction (XRD) analysis of the different
types of ZnO was performed on a Bruker D8 Ad-
vance X-ray diffractometer (USA) with CuKα radi-
ation (λ = 1.54 Å). The X-ray source was operated
at 40 kV and 40 mA with a scanning rate of 5–80°,
changing at 0.1°/s. The elemental composition was
evaluated using wavelength dispersive X-ray fluo-
rescence spectrometry (WDXRF, JEOL Bruker S8
TIGER, USA).
The N2 adsorption-desorption isotherms of different
ZnO samples were measured using a Micromeritics
ASAP-2020 surface area and porosity analyzer
(USA). The sample (0.15 g) was degassed at 120°C
for 2 h under an N2 atmosphere to remove the ad-
sorbed moisture. The specific surface area of the
samples was evaluated using the Brunauer–Emmett–
Teller (BET) method. Theoretical particle size can
be determined from the adsorption data and calcu-
lated according to Equation (1) [27]:

(1)

where D is the theoretical particle diameter [μm], Ssp
is the specific surface area per unit mass, and ρa is
the theoretical density of the solid material.
The morphology of ZnO particles was examined
using scanning electron microscopy (SEM, JSM-
6480LV, Japan) at an acceleration voltage of 15 kV.
The samples were first sputter-coated with gold. The
morphology of ZnO particles was also obtained
using transmission electron microscopy (TEM,
JEOL JEM-1400, Japan) operated at an acceleration
voltage of 80 kV. A small amount of the sample was
dispersed in ethanol solution and the suspension was
put on a copper grid.

2.4. Characterization of the NR vulcanizates
The swelling measurement of the NR vulcanizates
was determined according to ASTM D471. The sam-
ple (10×10×2 mm) was immersed in toluene for 7 d
at room temperature. The swelling ratio (Q) of the
NR vulcanized samples was then calculated accord-
ing to Equation (2):

(2)

where W1 and W2 are the weight of the vulcan-
izates before and after toluene immersion [g], re-
spectively.
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Table 1. Formulation of NR compounds in parts per hundred of rubber [phr] and vulcanization parameters.

athe adjusted WZO or C-WZO and
bthe adjusted sulfur to make the actual sulfur (2.5 phr)

Sample code NR/ZO NR/WZO (I) NR/WZO (II) NR/C-WZO (I) NR/C-WZO (II)
Chemicals

NR 100.00 100.00 100.00 100.00 100.00
ZO 5.00 0.00 0.00 0.00 0.00
WZO 0.00 5.00 5.58a 0.00 0.00
C-WZO 0.00 0.00 0.00 5.00 5.14a

Stearic acid 2.00 2.00 2.00 2.00 2.00
CBS 0.60 0.60 0.60 0.60 0.60
Sulfur 2.50 2.50 1.92b 2.50 2.36b

Cure characteristics
ML (1+4) at 100°C 27.0 31.0 30.8 29.5 28.9
tc90 [min] 8.72 7.76 7.95 8.53 8.65
ts2 [min] 5.34 5.79 5.73 5.67 5.55
ML [dN·m] 0.43 0.43 0.54 0.43 0.53
MH [dN·m] 5.62 4.70 4.99 5.12 5.43
MH – ML [dN·m] 5.19 4.27 4.45 4.69 4.90



The volume fraction (Vr) and crosslink density (ηc)
of vulcanizates were determined following Equa-
tions (3) and (4), respectively, [28, 29]:

(3)

(4)

where ρr is the density of the vulcanizates, ρs is the
density of toluene (0.862 g/cm3), Vs is the molar vol-
ume of toluene (106.4 cm3/mol), and χ is the NR-
toluene interaction parameter (Flory-Huggins value,
0.39) [30].
The mechanical properties of the NR vulcanizates
were evaluated using a universal testing machine
(Instron 3366, USA) at a 500 mm/min cross-head
speed according to ASTM D412. All samples were
cut into a dumbbell-type shape. The hardness
(Shore A) was measured using the Shore A hardness
tester (BAREISS: model Digi test II, USA) accord-
ing to ASTM D2240. Tear properties and compres-
sion set were measured using a universal testing ma-
chine (Hounsfield model UTM1T, USA) according
to ASTM D624 (die C) and ASTM C165, respec-
tively.
Initial decomposition temperature (Tid) and maxi-
mum decomposition temperatures (Tmax) of the NR
vulcanizates were measured using thermal analysis
(Perkin-Elmer Pyris Diamond, USA). Each sample
(10 mg) was placed on a platinum pan and heated
from room temperature to 800 °C at a constant heat-
ing rate of 10 °C/min under N2 gas at a flow rate of
50 mL/min.
The glass transition temperature (Tg) of the samples
was measured using a dynamic mechanical analyzer
(DMA, GABO MODEL: EPLEXOR QC 100, Ger-
many). The temperature was run in the range of –100
to 100°C at an oscillation frequency of 5 Hz and a
heating rate of 2 °C/min. The storage modulus (E′)
and the loss tangent (tanδ) curves were observed.

3. Results and discussion
3.1. Characterization of ZnO particles
The elemental compositions of ZO, WZO, and
C-WZO are presented in Table 2. The commercial
ZO had no sulfur components, while the sulfur con-
tent in WZO (10.4 wt%) was almost four-fold higher
than that in C-WZO (2.7 wt%), indicating that cal-
cining at 800 °C reduced the sulfur components in
WZO. Accordingly, the zinc content of the ZnO par-
ticles was decreased in the order: ZO (80.3 wt%) >
C-WZO (74.9 wt%) > WZO (59.5 wt%). Moreover,
these results were supported by the XRD analysis
(Figure 1). For the commercial ZO, the characteristic
peaks of ZnO were observed without impurity phas-
es. The WZO diffraction peaks consisted of both
zinc sulfide (ZnS) and ZnO peaks, according to pow-
der diffraction standards of the Joint Committee on
Powder Diffraction Standards (JCPDS) with cards
number 36–1450 and 36–1451 [31], respectively.
After the calcination of WZO, the XRD patterns pre-
sented both ZnS and ZnO peaks, but the intensity of
ZnS peaks in C-WZO was lower than that in WZO.
The sulfur components (ZnS) of WZO were convert-
ed to ZnO during calcination, but the conversion was
not complete as it still contained some ZnS.
The TGA thermograms of ZO, WZO, and C-WZO are
shown in Figure 2. For the ZO curve, the ZnO weight
was 100%, with no significant change. However, the
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Table 2. Elemental composition, specific surface area, and particle size of ZO, WZO, and C-WZO.

aXRF
bSurface area and porosity analyzer

Sample
Elementa

[wt%] ZnOa

[wt%]

Multipoint
BETb

[m2/g]

Total pore
volumeb

[cm3/g]

Average pore
diameterb

[Å]

Average particle
sizeb

[nm]Zn S O
ZO 80.3 0.0 19.7 100.00 5.33 0.0062 46.6 201
WZO 59.5 10.40 30.0 74.0 3.50 0.0040 45.3 306
C-WZO 74.9 2.7 22.4 93.3 1.93 0.0007 15.0 554

Figure 1. Representative XRD patterns of ZO, WZO, and
C-WZO



WZO curve presented a two-step degradation with a
weight loss of about 2% at 250 °C and a further 7%
at 650 °C due to the decomposition of ZnS. It was
clearly observed that the C-WZO weight was slight-
ly changed, with a residual weight of 99.5% due to
the small loss of light compounds. In accordance
with the XRF and XRD analyses, the conversion of
ZnS to ZnO proceeded by the oxidation of ZnS to
ZnO, and so increasing the ZnO content in C-WZO,
as shown in Equations (5) and (6):

ZnS (s) + 2O2     → ZnO (s) + SO3 (g) (5)

2ZnS (s) + 3O2   → 2ZnO (s) + 2SO2 (g) (6)

The BET specific surface area and particle size of
ZO, WZO, and C-WZO are presented in Table 2. The
surface area of WZO (3.50 m2/g) was less than that
of ZO (5.33 m2/g) because of contamination during
the ceramic processing. For C-WZO, the surface area
was decreased to 1.93 m2/g as a result of tempera-
ture-induced coalescence during calcination [32]. As
mentioned above, the particle size can be calculated
from the adsorption data of the surface area and
porosity analyzer. The ZO, WZO, and C-WZO had an
average particle size of 201, 306, and 554 nm, respec-
tively. These particle size results were in accordance
with the SEM and TEM micrographs (Figure 3). The
ZO particles (Figure 3a) exhibited a small size with
an average size of 200 nm, while the WZO particles
(Figure 3b) were slightly larger than the ZO parti-
cles. However, C-WZO particles (Figure 3c) were
much larger and agglomerated particles compared to
the other ZnO samples, which was due to thermal
sintering.

3.2. Characterization of NR vulcanizates
The swelling ratio and crosslink density of NR vul-
canizates filled with different types of ZnO powder

and formula are presented in Table 3. For the formu-
lation of NR compounds, the common rubber com-
pound formula I with WZO or C-WZO and sulfur of
5 and 2.5 phr, respectively, would have the less ac-
tual ZnO and higher sulfur than 5 and 2.5 phr, re-
spectively, due to the ZnS amount. For the adjusted
rubber compound formula II, the increased WZO or
C-WZO (5.58 or 5.14 phr) and decreased sulfur in
NR/WZO or NR/C-WZO (1.92 or 2.36 phr) could
adjust to the actual sulfur of 2.5 phr in vulcanization
system.
The swelling properties related to the crosslink den-
sity and the crosslinking of the vulcanized rubber
were used to explain the effect of ZnO particles on
the vulcanization process. The crosslink density of
NR/ZO (0.19 mmol/cm3) was higher than that of
NR/C-WZO and NR/WZO due to the high ZnO pu-
rity of the ZO sample. Comparing the formula of
NR vulcanizates with ZnO powder at 5 phr and sul-
fur at 2.5 phr, the crosslink density of NR/WZO (I)
(0.11 mmol/cm3) was lower than that of NR/
C-WZO (I) (0.15 mmol/cm3) due to the lower ZnO
content of the NR/WZO sample. WZO and C-WZO
had a ZnO content of 74.0 wt% and 93.3%, respec-
tively, corresponding to the crosslink density of their
respective vulcanizates. Subsequently, when the ac-
tual sulfur content obtained from the WZO or
C-WZO and added sulfur was adjusted to be a total
of 2.5 phr, the crosslink density of NR/WZO (II)
(0.13 mmol/cm3) was also lower than that of NR/
C-WZO (II) (0.18 mmol/cm3). These results implied
that the sulfur content obtained from the ZnO sample
(as ZnS) did not participate in the sulfur vulcaniza-
tion process. Moreover, the crosslink density of
NR/C-WZO (II) and NR/WZO (II) was higher than
that of NR/C-WZO (I) and NR/WZO (I), respective-
ly, indicating that the ZnO amount affected the cross -
linking of rubber vulcanizates.
The proposed sulfur vulcanization process of the
vulcanized rubber filled with different ZnO samples
is shown in Figure 4 and is explained as follows.
(i) The ZnO component releases zinc ions (Zn2+) that
activate sulfur to form the chemical crosslinking of
the rubber matrix in the vulcanization process.
(ii) Elemental zinc and sulfur in the ZnS were in a
non-active structure and did not participate in the
rubber sulfur vulcanization. (iii) Sulfur in the S8
form was suitable to initiate the sulfur crosslinks be-
tween rubber chains to create mono-, di- or polysul-
fide crosslinks. Therefore, the ZnO content of the
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Figure 2. Representative TGA thermograms of ZO, WZO,
and C-WZO.



ZO, WZO, and C-WZO particles was a major factor
in the NR sulfur vulcanization in this research.

3.3. Physical and thermal properties of the
NR vulcanizates

The mechanical properties of the NR vulcanizates
are presented in Table 4. The tensile strength of NR/
ZO (26.4 MPa) was higher than that of NR/C-WZO
and NR/WZO. Comparing the formula of NR
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Figure 3. Representative SEM and TEM images of (a) ZO, (b) WZO, and (c) C-WZO.

Table 3. Swelling ratio and crosslink density of NR vulcan-
izates.

Sample Swelling ratio
[–]

Crosslink density
[mmol/cm3]

NR/ZO 3.31 0.19
NR/WZO (I) 4.52 0.11
NR/WZO (II) 4.05 0.13
NR/C-WZO (I) 3.70 0.15
NR/C-WZO (II) 3.42 0.18

Figure 4. Proposed sulfur vulcanization process of NR vul-
canizates.



vulcanizates with ZnO powder at 5 phr and sulfur at
2.5 phr, the tensile strength of NR/C-WZO (I)
(22.0 MPa) was higher than that of NR/WZO (I)
(17.1 MPa). When the actual sulfur content obtained
from the ZnO sample and added sulfur was adjusted
to be a total of 5 phr, the tensile strength of NR/C-
WZO (II) (21.3 MPa) was also higher than that of
NR/WZO (II) (16.8 MPa). It can be noted that the ten-
sile strength of the NR vulcanizates increased with
an increasing crosslink density. In addition, the ten-
sile strength of NR/C-WZO (I) and NR/WZO (I)
was about the same (no difference) as those for
NR/C-WZO (II) and NR/WZO (II), respectively,
while the crosslink density of NR/C-WZO (II) and
NR/WZO (II) was higher than that of NR/C-
WZO (I) and NR/WZO (I), respectively. This might
reflect that some sulfur in the vulcanization system
affected the tensile strength of elastomers. Although,
the elongation at break of the NR vulcanizates did
not show a clear trend, it was quite high in the range
of 642–693% due to the elastomeric matrix.
The modulus at 300% strain, hardness, and tear
strength of NR/ZO (2.49 MPa, 40.3, 71.6 N/mm)
were higher than those of NR/WZO and NR/C-WZO.
For the rubber vulcanizates filled with 5 phr ZnO
powder and 2.5 phr sulfur, the modulus at 300%
strain, hardness, and tear strength of NR/C-WZO (I)
(2.18 MPa, 38.4, 57.1 N/mm) were higher than those
of NR/WZO (I) (1.72 MPa, 33.9, 54.2 N/mm). For
the rubber vulcanizates with an actual sulfur content
of 2.5 phr, the modulus at 300% strain, hardness and
tear strength of NR/C-WZO (II) (2.45 MPa, 39.3,
68.4 N/mm) were higher than those of NR/WZO (II)
(1.75 MPa, 34.8, 63.1 N/mm). In addition, the mod-
ulus at 300% strain and hardness of NR/WZO (I)
and NR/C-WZO (I) were lower than those of NR/
WZO (II) and NR/C-WZO (II), respectively. The
modulus at 300% strain and hardness decreased with

a decreasing crosslink density due to the restriction
on the mobility of rubber chains [33]. Moreover, the
compression set of NR/ZO (28.1%) was also higher
than that of NR/WZO and NR/C-WZO (24.4–
25.1%). Figure 5 shows the stress–strain curves of NR
vulcanizates. The rubber vulcanizates had an elas-
tomer behavior with a positive slope and the curve of
NR/C-WZO (II) was similar to that of NR/ZO. These
results indicated that the C-WZO had a good poten-
tial for use as an activator in rubbers with high ten-
sile strength and tear strength (21.3 MPa, 68.4 N/mm)
that could be increased by the presence of silica /or
carbon black reinforcement in commercial rubber
products.
From the thermogravimetric analysis (TGA) and de-
rivative thermogravimetry (DTG) analysis (Figure 6
and Table 5), the NR vulcanizates formed with dif-
ferent types of ZnO all showed a one-step thermal
degradation with smooth weight loss. The Tid and
Tmax values were in the range of 346.3–348.8 and
375.8–378.4 °C, respectively, corresponding to the
decomposition of the NR matrix. Thus, the different
types of ZnO (ZO, WZO, and C-WZO) did not in-
fluence the thermal stability of the vulcanizates
(NR/ZO, NR/C-WZO, and NR/WZO), which re-
tained the same high thermal stability.
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Table 4. Mechanical properties of NR vulcanizates.

Data are shown as the mean±one standard deviation.

Samples
Tensile

strength
[MPa]

Elongation at
break
[%]

100%
Modulus

[MPa]

300%
Modulus

[MPa]

Hardness
[Shore A]

Tear strength
[N/mm]

Compression
set

[%]
NR/ZO 26.4±1.80 684±16 0.93±0.01 2.49±0.06 40.3±0.3 71.6±3.3 28.1±2.1
NR/WZO (I) 17.1±0.93 693±08 0.76±0.01 1.72±0.03 33.9±0.2 54.2±1.0 25.1±1.0
NR/WZO (II) 16.8±1.18 678±15 0.77±0.02 1.75±0.03 34.8±0.2 63.1±1.5 25.1±1.6
NR/C-WZO (I) 22.0±1.40 677±10 0.89±0.01 2.18±0.06 38.4±0.3 57.1±2.4 24.4±1.2
NR/C-WZO (II) 21.3±2.15 642±20 0.96±0.02 2.45±0.05 39.3±0.2 68.4±1.5 25.1±2.8

Figure 5. Representative stress–strain curves from the ten-
sile tests of NR vulcanizates.



3.4. Dynamic mechanical properties of the NR
vulcanizates

The elastic modulus of a polymeric material and its
mechanical damping or energy dissipation character-
istics as a function of the temperature and frequency
can be evaluated by DMA. The storage modulus (E′)
of the NR vulcanizates is shown in Figure 7 and
Table 5. At a low temperature, the E′max value of
NR/WZO (2093–2295 MPa) was lower than those of
NR/ZO and NR/C-WZO (2409–2417 MPa) due to
the presence of ZnS. In addition, the E′ values of the
vulcanized rubber were decreased around the transi-
tion region being a state after the onset of a noticeable
reduction in the storage modulus, because the mobil-
ity of the polymer chains increased with increasing
temperature. Above the glass transition temperature

(Tg), the E′20 °C values of NR/ZO and NR/ C-WZO
(1.73–1.89 MPa) were slightly higher than NR/WZO
(1.58–1.67 MPa). Therefore, C-WZO could be used
as an activator in rubber vulcanization.
The loss tangent (tan δ) of the NR vulcanizates was
calculated from the ratio of the dynamic loss modu-
lus (E″) to the storage modulus (E′) and is shown in
Figure 7 and Table 5. The height of the tanδ curve
showed the damping property of the material. The tan
δ values of NR vulcanizates were in the range of
2.28–2.46 and were not significantly different. More-
over, the Tg of vulcanized rubber could be determined
from the highest value of the tanδ peak. The Tg val-
ues of NR/ZO and NR/C-WZO (–44.4 to –45.0°C)
were slightly higher than NR/WZO (–45.3 to 
–47.4°C). Thus, the tensile and dynamic mechanical
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Figure 6. Representative (a) TGA and (b) DTG curves of NR vulcanizates.

Table 5. Thermal and dynamic mechanical properties of NR vulcanizates.

Sample Tid
[°C]

Tmax
[°C]

Tg
[°C]

E′max
[MPa]

E′20 °C
[MPa]

tan δ at the peak
[–]

NR/ZO 347.6 377.8 –44.8 2412 1.87 2.41
NR/WZO (I) 348.1 377.7 –45.3 2093 1.67 2.33
NR/WZO (II) 347.5 375.8 –47.4 2295 1.58 2.46
NR/C-WZO (I) 346.3 376.6 –45.0 2417 1.73 2.28
NR/C-WZO (II) 348.8 378.4 –44.4 2409 1.89 2.41

Figure 7. Representative (a) storage modulus (E′) and (b) loss tangent (tanδ) of NR vulcanizates.



properties of NR vulcanizates showed the same
trend, with C-WZO being an efficient activator in
rubber vulcanization.

4. Conclusions
The WZO particles obtained from ceramic process-
ing could be treated via calcination to remove the
sulfur components (ZnS). The particle size of WZO
and C-WZO was about 1.5 and 2.75-fold larger than
the ZO particles, respectively. For NR vulcanizates,
the NR/C-WZO had similar physical and dynamic
mechanical properties to NR/ZO. As a result of the
enhanced crosslink density, the tensile strength,
modulus at 300% strain, hardness, tear strength, and
storage modulus of NR/C-WZO were superior to
NR/WZO. For thermal properties, the rubber vulcan-
izates with different ZnO particles retained the same
high thermal stability. Therefore, C-WZO had the
potential to be used as a substance in the sulfur vul-
canization process.
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1. Introduction
Driven by international legislation, end-of-life con-
sideration and treatment of plastic wastes have be-
come major issues for the plastics industry and the
academic community. Indeed, the production of plas-
tics is continuously increasing for more than 50 years
to reach 368 million tons in 2020 [1]. But, despite
many efforts around the world, a large proportion of

plastic waste is not recycled, causing significant eco-
nomic and environmental damage. One possible ap-
proach to solving these issues is to replace current
petroleum-based thermoplastic polymers with re-
newable bio-based polymers that are more sustain-
able. Their ability to compost and/or biodegradabil-
ity under certain conditions makes them very attrac-
tive, in particular for succinic acid (co)polyesters.
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However, their processability by conventional tech-
nologies of the plastics/textile industry remains rather
limited. Indeed, their macromolecular architectures
need to be modified by introducing chain extension
and/or branching to adapt their rheological proper-
ties in the molten state, thus limiting the loss of mo-
lecular weight caused by thermal/hydrolytic degra-
dation and widening their processing window by ex-
trusion/injection technologies.
Among succinic acid-based aliphatic (co)polyesters
such as poly(butylene succinate) (PBS, Bionolle®,
Showa Denko) and poly(butylene succinate-co-adi-
pate) (PBSA, BioPBS™, Mitsubishi), aliphatic-aro-
matic versions such as poly(butylene succinate-co-
terephthalate) (PBST) represent one of the most
promising sustainable polymers due to their renew-
able/biodegradable nature (high biobased content up
to 85%) together with high melting temperatures
(150–180°C) close to those of commodity polyolefins
(high-density polyethylene, polypropylene) and poly -
amides (e.g. polyamide 12), high rate of crystalliza-
tion, excellent shape memory [2] and superior me-
chanical properties [3, 4].
PBST copolyesters have subsequently received sig-
nificant attention in the last few years and have been
extensively investigated in relation to various research
topics including PBST synthesis [5], crystallinity [4],
biodegradability [6], gas barrier [7], and mechanical
properties [8]. Currently, the main industrial appli-
cation of PBST is the manufacturing of fibers and
yarns used in the textile industry [9].
However, the production of PBST-based items by
classical industrial processes such as film blowing,
thermoforming, extrusion blow molding, or extru-
sion foaming processes is hindered by its inadequate
rheological behavior. Actually, the rheological and
melt strength properties of polymers with linear
macromolecular structures are known to induce dra-
matic processing instabilities, in particular under elon-
gational flows during the above-mentioned process-
es [10]. On the contrary, polymers with long chain
branched (LCB) architectures usually display high
viscosities, elasticities, and melt strengths that im-
prove the stability/quality of extruded items and favor
recyclability, as the melt rheological properties can
be maintained close to those of the original virgin ma-
terial. Candal et al. [11] found that the formation of
long-chain branches by reactive extrusion is an effi-
cient way to recycle opaque polyethylene tereph-
thalate (PET) into a new material with enhanced

mechanical and rheological performances that are
comparable to those of typical virgin PET.
Actually, compared to classical reptation–tube the-
ories of linear polymers, additional relaxation process-
es are observed for LCB architectures [12] and these
architectures particularly require more time to fully
relax due to topological constraints at the anchoring
points [13–15]. Therefore, under a fast elongational
flow, additional stresses are induced that generate
strain hardening phenomena of high interest for ex-
trusion processing [15–17]. LCB architectures with
high melt strengths could be directly produced dur-
ing the polymerization process, as depicted in the
case of low-density polyethylene produced by free-
radical polymerization [18, 19]. The use of specific
agents coupled with reactive extrusion processes
also represents a widespread method to induce chain
extension, crosslink, and to graft reactions leading
to LCB architectures [20–23]. It could be noticed
that blending and nucleation (with filler or nucle-
ation agent) could also represent alternative approach-
es to improve the melt strength of thermoplastic
polymers [24–28].
In the case of biobased polyesters obtained by poly-
condensation or ring-opening polymerization and
displaying quasi-linear architectures, numerous re-
active agents are effective in producing LCB archi-
tectures with high melt strength for the development
of advanced grades [29–33]. The most common way
to synthesize LCB co-polyesters is to introduce mul-
tifunctional (f ≥ 3) monomers or oligomers as long
chain branching agents, such as multifunctional acids,
alcohols, peroxides, isocyanates, and epoxides, in
high-temperature polycondensation reaction. Al-Itry
et al. [34] have used multifunctional epoxy-based
agents as chain extenders to adapt the rheological be-
havior of poly(lactic acid) (PLA) in shear and elon-
gational conditions for the extrusion-blowing process.
Li et al. [35] have utilized acrylic-based additives to
produce LCB-PLA by UV-induced reaction for ex-
trusion foaming processes. Wei and McDonald [31]
used peroxide-based agents as crosslinking agents to
improve the melt processability of poly(3-hydroxy-
butyrate). Interestingly, some authors recently con-
sidered the case of PBST. Sun et al. [36] used epoxy-
based agents for the preparation of LCB-PBST. The
existence of LCB architectures greatly improved the
rheological properties of PBST in shear conditions,
but an obvious decrease in ductility is observed. Re-
cently, Lu et al. [37] utilized pentaerythritol as a
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branching agent for PBST during esterification –
polycondensation at 230–250°C in the presence of
a specific catalyst. According to the authors, higher
branching efficiencies were attested compared to
epoxy-based agents. A slight modification of PBST
crystallization parameters is attested for LCB-PBST
compared to linear PBST. However, the rheological
behavior in elongational conditions of such LCB-
PBST has not been documented elsewhere, and, in
this context, the efficiency of various reactive agents
cannot be clearly concluded.
In the present work, the rheological properties of
highly-biobased LCB-PBST in elongational condi-
tions are mainly targeted to fulfill the requirements
of industrial elongational processes, in particular, ex-
trusion processing into films. Two different approach-
es are proposed to synthesize LCB-PBST with melt-
ing/processing temperatures close to 160–180 °C
(close to those of commodity thermoplastic poly-
mers such as poly(propylene) and Nylon 11).
A classical two-step approach is first proposed based
on linear LCBs produced by polycondensation then
processes by reactive extrusion with an epoxy-based
multifunctional agent Joncryl® at concentrations up
to 2 wt%. A one-step approach is also investigated,
using glycerol introduced at 0.5 wt% directly during
the PBST synthesis by polycondensation. Macro-
molecular structures and thermal properties of LCB-
PBST are evaluated by size-exclusion chromatogra-
phy (SEC) and differential scanning calorimetry
(DSC). Their transient elongational viscosities as a
function of the stretching time are then investigated
using a rheometer equipped with Sentmanat exten-
sional apparatus. Their linear viscoelastic properties
in shear conditions are finally analyzed to depict cor-
relations with macromolecular structures and syn-
thesis strategies.

2. Experimental section
2.1. Materials
Succinic acid (SA, purity 99%, Kosher), 1,4-butane-
diol (BDO, purity 99%, Kosher), titanium tetra-iso-
propoxide (TTiPO, purity 98%, Aldrich, USA), and
terephthalic acid (TPA, purity 98%, BP Chemicals,
UK) were all used as received. Glycerol was pur-
chased from Fisher Scientific, USA. Epoxy-based
styrene-acrylic oligomers were kindly supplied by
BASF, Germany (Joncryl ADR®-4300F, Tg 56 °C,
the epoxy equivalent weight 445 g/mol, molar mass
Mw 5500 g/mol, and functionality number (f) is 5)

[38]. The general structure of these oligomers de-
signed for chain extension/branching reactions of
polyesters, polyamides, and polycarbonates is de-
picted in Figure 1. The food and drug administration
(FDA) compliance was delivered by the European
Union for its use in food packaging [39].

2.2. One-step synthesis of LCB-PBST by
polycondensation

An Autoclave® reactor (Autoclave France, France)
specially designed for polycondensation reactions was
used. It was equipped with a condenser, a mechanical
stirrer, and a vacuum line. The temperature inside the
reactor, the pressure, and the torque was monitored
during the synthesis. The reactor was fed with TPA
and SA powders (molar ratio of TPA to SA equal to
60:40) and a desired amount of BDO was added under
stirring. Thereafter, 0.01 mmol of TTiPO used as cat-
alyst was introduced under protective nitrogen flux.
The reactor was gradually heated to 210°C and ester-
ification reactions proceeded at a stirring speed of
80 rpm for 2 hours to produce PBST oligomers. Af-
terward, glycerol was introduced at a concentration of
0.5 wt% (relative to PBST), and polycondensation re-
actions were carried out at reduced pressure. For this
purpose, the reactor temperature was gradually in-
creased to 250°C, and the polycondensation reaction
was terminated once the stirring torque reached a con-
stant/maximal value. As-prepared PBSTs were dis-
solved in chloroform and then precipitated in
methanol for purification followed by drying in a vac-
uum oven. The use of glycerol bearing three hydroxyl
groups (–OH) is expected to react with PBST car-
boxyl end groups (–COOH) during polycondensation
to form a branching point according to Figure 2.
It should be noted here that long chain branching or
crosslinked molecular structures could be obtained
according to the glycerol content in the medium [40].
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Figure 1. The general structure of epoxy-based styrene-
acrylic Joncryl® oligomers (R1-R2-R3-R4 are H,
CH3, a higher alkyl group, or combinations of
them) (R5 is an alkyl group) (x, y are each between
1 and 20) (z is between 1 and 12) [38].



In this study, to avoid a possible formation of gels
or crosslinked structures, glycerol content was lim-
ited to 0.5 wt%. Beyond this concentration, gelifica-
tion or crosslinking shall occur.

2.3. Two-step synthesis of LCB-PBST by
polycondensation – reactive extrusion

The classical two-step synthesis of LCB-PBST in-
volves (i) the production of quasi-linear PBST by
polycondensation and (ii) reactive extrusion using
Joncryl®. The first part is similar to the above pro-
cedure, except for the absence of glycerol during
polycondensation reactions to yield quasi-linear
PBST. The second part is performed using a twin-
screw µ-extruder (MiniLabII, Thermoscientific, Ger-
many). PBST solids were dried overnight under vac-
uum at 60 °C and were dry-blended with Joncryl®

flakes at concentrations up to 2 wt% just before ex-
trusion. The extrusion temperature is set to 180 °C
with a screw speed of 100 rpm for a mixing time of
5 min. The expected mechanisms yielding LCB-
PBST by reactive extrusion with Joncryl® are depict-
ed in Figure 3. Finally, all materials were molded
into rectangular bars, discs, or cylinders for rheology
testing using a Dolouets thermocompression mold-
ing machine at 180°C for 10 min under 80–110 bar.
The following Table 1 gathers all PBST materials
used in this study with their nomenclature.

2.4. Characterizations
2.4.1. Molecular weight analysis by size-

exclusion chromatography (SEC)
Size exclusion chromatography (SEC) was per-
formed on as-prepared materials to determine their
molecular weights (Mn, Mw), polydispersity index,
and macromolecular architectures. The SEC system
is composed of a chromatographic pump (LC-20AD,
Shimadzu, Japan), a chromatographic injector
(Perkin Elmer Series 200, Germany), one precolumn
(PLgel 20 μm Guard 50×7.5 mm, Agilent, Germany)
and three columns (PLgel 5 μm Mixed-C,
300×7.5 mm, polystyrene/divinylbenzene stationary
phase, Agilent, Germany). The SEC was coupled
with a multiangle light scattering detector (WTRE-
OS-01, 3 angles, Wyatt, Germany), a refractometer
(RID 10A, Shimadzu, Japan), a UV detector (SPD-
20A, Shimadzu, Japan), and a viscosimeter
(WVISC-04, Wyatt, Germany). As-prepared PBSTs
were dissolved in chloroform at a concentration of
1 mg/ml for 48 h. Solutions were filtrated over poly-
tetrafluoroethylene filters (0.25 μm) to prevent the
passage of the gels contained in some LCB-PBSTs
into the columns and eluted in the SEC system with
chloroform at a flow rate of 1 ml/min. The differen-
tial index of refraction dn/dc was measured by a re-
fractometer (Wyatt Optilab T-rex, λ = 658 nm), and
a value of 0.08 ml/g was used for data processing.
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Figure 2. Schematic proposed mechanism for the production of LCB-PBST using glycerol during PBST polycondensation.



2.4.2. Gel determination
It is well-documented in the literature that high con-
tents of a high multifunctional chain extender agent
can lead to gelification or even crosslinking. The lat-
ter can impact the end-product mechanical perform-
ances, like the elongation at break [41]. The linear
and LCB-PBST samples were analyzed by the sol-
vent extraction technique [41]. Each sample was dis-
solved in chloroform without stirring and filtered
after 4 days using a 0.2 μm filter. Then, the percent-
age of gel was determined by weighing residues of
insoluble compounds after extraction of the solvent
at the end of the drying step in an oven at 50°C for
48 hours.

2.4.3. Thermal properties by DSC
The thermal properties of the as-prepared materials
were determined using a DSC (Mettler Toledo,
Switzerland) calibrated with the indium reference
(melting point of 156.6°C). Experiments were car-
ried out under a nitrogen atmosphere with heat – cool

– heat cycles at 10°C/min between –60 to 200 °C.
Crystallization temperatures (Tc) were determined
during the cooling scan using the exothermic phe-
nomena and melting temperatures (Tm) were deter-
mined during the second heating scan using the en-
dothermic phenomena. On the other hand, the glass
transition temperature Tg was calculated from the
middle point of the step change in heat flow.

2.4.4. Dynamic rheological measurements 
Rheological tests in shear conditions were carried out
under a nitrogen atmosphere using a stress-controlled
dynamic rheometer (Haake MarsIII, Thermo Scien-
tific, Germany). The samples were systematically
dried under a vacuum at 60°C for 24 h before meas-
urement. A parallel-plate geometry (diameter 35 mm)
was chosen. Frequency sweeps between 100–0.1 rad/s
were performed at 180°C using a constant strain of
10%. Strain sweeps at a constant angular frequency
of 100 rad/s were performed to ensure working into
the linear viscoelastic domain for each material.
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Figure 3. Schematic proposed mechanism for the production of LCB-PBST using epoxy-based styrene-acrylic Joncryl®

oligomers.

Table 1. Nomenclature and description of as-prepared PBST.
Nomenclature Description

L-PBST Linear PBST synthesized by polycondensation
LCB1-PBST-G LCB-PBST synthesized by polycondensation using glycerol
LCB2-PBST-J1 LCB-PBST synthesized from L-PBST and reactive extrusion with 1 wt% Joncryl®

LCB2-PBST-J2 LCB-PBST synthesized from L-PBST and reactive extrusion with 2 wt% Joncryl®



2.4.5. Elongational rheology measurements 
Transient extensional viscosities of as-prepared PBST
as a function of the stretching time at various strain
rates were evaluated using the previous dynamic
rheometer equipped with an SER (Sentmanat Exten-
sional Rheometer, Thermo Scientific, Germany) tool.
The working principle is based on two drums at-
tached to the rheometer motor, drums rotating in the
opposite direction at the same speed. A pure uniaxial
stretching is consequently applied to the test sample.
The theoretical details behind the measurement of
the transient extensional viscosity are reported in de-
tail by Yousfi et al. [28]. Tests were here carried out
at 180 °C and, and after rheometer calibration and
temperature calibration, the sample was fixed be-
tween the two drums. A temperature stabilization pe-
riod of 120 s was set followed by a pre-stretching
step at 300 Pa for 10 s to compensate for sample
creep at high temperature. Then, the sample was
stretched at a given strain rate (between 0.1–1 s–1).
Using the motor torque developed during stretching,
the transient extensional viscosity was evaluated. It
could be noticed that the SER experimental procedure
was optimized on reference low-density polyethyl-
ene samples using a video analysis system, in par-
ticular, to validate the homogeneity of the applied
strain and the true strain rate value.

3. Results and discussions
3.1. Molecular characterization and thermal

analysis of as-prepared LCB-PBST
Macromolecular parameters and architectures of as-
prepared PBSTs were analyzed by SEC equipped
with multiple detection techniques. Therefore, the
presence of LCB could be also qualitatively ap-
proached to some extent using viscosimetric data. The
elution profiles of as-prepared PBST can be found in
Figure 4a and 4b with molecular weight distribution
profiles and viscosimetric profiles (Figure 4c and 4d).
Macromolecular parameters are tabulated in Table 2.
The elution profile of L-PBST exhibits a unimodal
elution peak, and data processing yields Mn – Mw
values close to 20000–27000 g/mol for L-PBST. The
polydispersity index (Đ) of 1.35 is in good accor-
dance with a polycondensation synthesis route [42,
43]. Similar molecular weights (Mw of 28000 g/mol)
and a rather narrow molar mass distribution (Đ of
1.35) were obtained by Ren et al. [42] in the case of
linear PBSTs produced through traditional polycon-
densation reaction. Nevertheless, the viscosimetric

profile displays a power-law dependence with a
power-law index (Mark-Houwink-Sakurada param-
eter αMHS) close to 0.7–0.73, in agreement with lit-
erature data on linear poly(butylene succinate) using
the same solvent [44–46]. Garin et al. [44] found
[η] = 39.9·10–5·Mn

–0.71 at 30 °C in chloroform with
molecular weights measured by SEC with a triple de-
tection system. These elements confirm the linear ar-
chitecture of L-PBST as expected with a classical
polycondensation synthesis route [47]. Concerning
LCB1-PBST-G synthesized by one-step polyconden-
sation using glycerol, the unimodal elution peak is
clearly broader and shifted to low elution times.
Compared to L-PBST, higher molecular weights and
broader molecular weight distributions are obtained
with a 1.5-fold increase for Mw and a polydispersity
index up to 1.98. The viscosimetric profile also dis-
plays a power-law dependence but the power-law
index is reduced down to 0.59, indicating the effec-
tive presence of LCB in significant amounts [41]. It
is useful to mention that gel-free branched PBSTs
were obtained when glycerol was used as an LCB
agent. Indeed, no insoluble residues were found after
solvent removal, and thus no gel was detected.
It can be concluded that a homogenous macromole-
cular architecture with a statistical distribution of
LCB (according to Figure 2) was obtained for LCB1-
PBST-G due to the use of glycerol as an LCB branch-
ing agent during polycondensation [47]. LCB2-PBST-
J1 and LCB2-PBST-J2 synthesized from L-PBST
coupled to reactive extrusion with Joncryl® were
marked by a complex population of molecular weights
and the appearance of a minor population displaying
ultra-high molecular weights. From viscosimetric
profiles, a significant deviation from the power-law
dependence was attested for molecular weights higher
than approx. 60000 g/mol, and a dramatic reduction
of the power-law index was observed for molecular
weights higher than approx. 100 000 g/mol. In this
respect, it could be suspected that (i) the principal
population corresponds to initial and unreacted
L-PBST with linear architectures, and (ii) the minor
population corresponds to the formation of LCB-
PBST with a high LCB density [48]. A preferential
reactivity between Joncryl® and low-molecular com-
ponents of L-PBST fits with these observations.
Based on molecular weight distribution profiles, the
amount of LCB-PBST lies close to 10–20% by
weight, depending on Joncryl® concentration. The
molecular weights of LCB-PBST seem to lie in the
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range 60000–200000 g/mol in accordance with the
reaction scheme displayed in Figure 3 between
L-PBST and Joncryl® with an epoxy functionality
of 5. Moreover, we note the occurrence of partial
gelification of PBST for high Joncryl® concentra-
tions due to side reactions. The gel content was
35±1.2 wt% for LCB2-PBST-J2 and 15±0.9 wt% for
LCB2-PBST-J1, as proven by solvent extraction. It
has been reported in several literatures reports that
the addition of Joncryl beyond 0.6 wt% could change
the structure of LCB-polymers toward the sol–gel
transition point [48]. Thus, a high Joncryl content
can lead to excessive branching and even crosslink-
ing, which was responsible for the formation of gel

[47]. The two-step approach by reactive extrusion
with Joncryl® clearly yields heterogenous macromol-
ecular architectures comprising initial linear L-PBST
and LCB-PBST with a high LCB density. In conclu-
sion, LCB-PBST was efficiently produced by the two
proposed synthesis approaches, but different macro-
molecular architectures were clearly achieved for
LCB1-PBST-G and LCB2-PBST-J1/2.
As mentioned earlier, glycerol has three reactive hy-
droxyl groups (two primary hydroxyl groups and one
secondary hydroxyl group). Thus, glycerol could be
considered as a tri-functional additive in polyconden-
sation reactions leading to branching points on the
PBST backbone (in accordance with higher molecular
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Table 2. Macromolecular parameters of as-produced PBST (number average molecular weight Mn, weight average molecular
weight Mw, polydispersity index Đ = Mw/Mn, and Mark-Houwink-Sakurada parameter αMHS, n.d. not determined).

Sample Mn
[g/mol]

Mw
[g/mol]

Đ
[–]

αMHS
[–]

Gel content
[wt%]

L-PBST 20000 27000 1.35 0.70–0.73 0
LCB1-PBST-G 22000 43000 1.98 0.59 0
LCB2-PBST-J1 23000 32000 1.38 n.d. 15.0±0.9
LCB2-PBST-J2 41000 1450000 3.50 n.d. 35.0±1.2

Figure 4. Molecular weight analysis by SEC of as-produced PBST (green L-PBST, blue LCB1-PBST-G, black LCB2-PBST-J1,
and red LCB2-PBST-J2). (a, b) Elution profiles (i.e., relative refractive index and relative differential pressure as
a function of elution time), (c) molecular weight distribution profiles (i.e., cumulative weight fraction as a function
of molecular weight), and (d) viscosimetric profiles (i.e., intrinsic viscosity as a function of molecular weight).



weights and architectures detected by SEC). Glycerol
seems to have a comparable efficiency with tris(hy-
droxymethyl)ethane for polyester branching. It can be
noticed that Nifant’ev et al. [48] found similar results
when using glycerol as a long chain branching agent
(LCB) of poly(butylene adipate terephthalate)
(PBAT). However, the Mw of PBAT copolymers ob-
tained in the presence of tri methyl 1,3,5-benzenetri-
carboxylate (tri-ester-based LCB) was lower in com-
parison with the Mw of the PBAT synthesized with the
use of glycerol. According to the authors, this was due
to the lower reactivity of aromatic esters in polycon-
densation compared to aliphatic –CH2OH functional
groups present in glycerol.
Typical DSC thermograms are displayed in Figure 5
for L-PBST and LCB1-PBST-G that clearly attest
for semi-crystalline thermoplastic materials. Ther-
mal parameters are tabulated in Table 3. Concerning
L-PBST, a glass transition temperature of –16.5 °C
was recorded with a crystallization temperature of
130.9°C. Two distinct shoulder melting peaks locat-
ed at 156.2 and 165.5°C were observed which could
be ascribed to the recrystallization and remelting
mechanism [43, 49]. Indeed, Jie et al. [50] provided
direct evidence to support this mechanism through the
study by modulated differential scanning calorime-
try. In this study, the obtained DSC values were in ac-
cordance with bibliographic data concerning various
linear PBSTs [51–53]. It can be interestingly noticed
that the thermal properties of L-PBST can be tuned
and get closer to those of commodity polyolefins ac-
cording to the molar ratio (Xmol) of TPA to SA during
synthesis (i.e. the content of butylene terephtalate
(BT) comonomer in the composition). When Xmol is
equal to 35:65, L-PBST displays thermal parameters
(glass transition temperature Tg, melting temperature
Tm, crystallization temperature Tc) close to those of

low-density poly(ethylene). And vice versa, when
Xmol is around 66:34, L-PBST possesses thermal
characteristics close to those of isotactic poly(propy-
lene) as seen in Table 3 [53, 54].
The crystallinity of L-PBST still remains challeng-
ing to address because the melting enthalpy of fully-
crystalline PBST is largely unknown, but crystalliza-
tion/melting enthalpy seems to be close to various
semi-crystalline aliphatic(-aromatic) polyesters such
as poly(butylene succinate) and poly(butylenes
terephthalate) [55–57].
From DSC data, it was found that the crystallization
temperature (Tc) increased first and then decreased
with the increase in Joncryl content. The crystalliza-
tion was first favored probably because of enhanced
mobility of chains, but excessive branching (2 wt%
of joncryl) led to less regularity of macromolecular
chains and consequently retarded crystallization.
Similar trends were observed by Lu et al. [37] in the
case of PBST modified by pentaerythritol (PER) used
as a branching agent. In the case of LCB1-PBST-G,
the decrease in the crystallization temperature (Tc)
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Figure 5. DSC traces (first cooling scan and second heating
scan at 10 °C/min) were obtained for L-PBST and
LCB1-PBST-G.

Table 3. Thermal properties of as-produced PBST (glass transition temperature Tg, melting temperature Tm, crystallization
temperature Tc and their associated enthalpies).

aEvaluated at the second heating scan
bEvaluated at the first cooling scan
cData from Purohit et al. [60].

Sample Tg
a

[°C]

Tm
a

[°C] ∆Hm
a

[J/g]
Tc

b

[°C]
∆Hc

a

[J/g]
Tm,1

a Tm,2
a

L-PBST –16.5 156.2 165.5 27.8 130.9 27.4
LCB1-PBST-G –16.1 152.7 160.1 26.5 122.4 25.9
LCB2-PBST-J1 –16.0 158.8 167.4 25.0 133.9 24.2
LCB2-PBST-J2 –14.0 157.9 166.1 24.2 127.5 23.7
iPPc –10.0 – 165.6 117.0 122.7 111.00



could be explained by the increase in intermolec-
ular entanglement induced by branching with glyc-
erol. Such increased molecular entanglement reduces
segmental mobility leading to the lower Tc. On the
other hand, similar glass transition temperatures
close to –16 °C are reported for L-PBST, LCB1-
PBST-G, and LCB2-PBST-J1, except for a slight in-
crease to –14 °C for LCB2-PBST-J2 that could be
linked to segmental mobility hindrance for elevated
LCB density [58]. The main phenomenon lies in a
significant reduction of the melting/crystallization
temperatures for LCB1-PBST-G compared to L-
PBST. Reduced melting/crystallization temperatures
suggest significant modification of the crystal nucle-
ation/growth mechanisms and the production of de-
fective crystals due to LCB [58, 59].
It can be interestingly noticed that this phenomenon
confirms the statistical/homogenous architecture for
LCB1-PBST-G. In conclusion, semi-crystalline LCB-
PBSTs with glass transition temperatures below
room temperature were obtained. Thermal properties
were close to those of commodity polyolefins, in par-
ticular, isotactic poly(propylene) for these highly-
biobased LCB-PBSTs, and processing temperatures
could be set to 160–180 °C [3]. Moderate modifica-
tions of thermal properties were attested for LCB-
PBSTs, but correlations to LCB architectures were
detected, i.e., statistical/homogenous architectures
for LCB1-PBST-G and production of highly-branched
architectures for LCB2-PBST-J2.

3.2. Melt-state rheological stability of as-
prepared LCB-PBST

The macromolecular structure of polyesters could be
evolved at high temperatures, in particular at relevant
processing temperatures in the melt state. A reduction
of their melt viscosity at elevated residence times is
often observed due to macromolecular degradation.
Several degradation reactions could be encountered
for polyesters, such as (i) hydrolytic/mechanical
degradation with random chain scission along poly-
ester chains (ii) and degradation by hydrogen transfer
with a localized chain scission close to end-chains,
and production of small molecules [61–65]. The use
of Joncryl® is known to improve the viscosity of
polyesters (according to Figure 3) and compensate
for viscosity drops due to chain degradation/chain
branching recombination reactions [34]. The complex
viscosity and the magnitude of degradation reactions
were subsequently evaluated by dynamic rheology

for as-prepared LCB-PBST. Time sweep tests at
180°C and 10 rad/s in the linear regime were carried
out, and the results are presented in Figure 6.
The initial complex viscosity of L-PBST was close
to 210 Pa·s, and a slight degradation of L-PBST was
observed with a continuous viscosity drop up to
190 Pa·s in approx. 1 h. A higher complex viscosity
was evidenced for LCB1-PBST-G with an initial
complex viscosity of 660 Pa·s, and LCB1-PBST-G
also slightly degraded with a viscosity drop to
620 Pa·s in 1 h. The degradation of L-PBST and
LCB-PBST-G in the melt state was consequently
found quite slow. This slight degradation behavior is
probably linked to (i) the low residual water content
after appropriate drying and (ii) the low processing
temperature of these polyesters. Concerning LCB2-
PBST-J1 and LCB2-PBST-J2, their initial complex
viscosities were evaluated to 360 and 780 Pa·s as
classical effects encountered with the use of Joncryl®.
It can be noticed that the complex viscosity of
LCB2-PBST-J1 was highly stable over time which
corresponds to a perfect balance between chain degra-
dation/recombination reactions. For LCB2-PBST-J2,
a high increase in viscosity was observed as a func-
tion of time, and a stable value was achieved after a
residence time of 1 h at 180°C. Based on these rhe-
ological results, quasi-stable rheological parameters
in shear conditions were concluded for L-PBST,
LCB1-PBST-G, and LCB2-PBST-J1. Higher viscosi-
ties were also detected for LCB1-PBST-G and LCB2-
PBST-J1 in accordance with previous macromolec-
ular analyses (higher Mw, higher polydispersity index,
and presence of LCB in significant amounts). LCB2-
PBST-J2 displayed an unstable rheological behavior
due to intensive chain recombination reactions.
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Figure 6. Evolution of the complex viscosity versus time at
180°C for as-prepared PBST.



3.3. Shear rheological properties of
as-prepared LCB-PBST

L-PBST displayed a constant complex viscosity (η*)
over the entire frequency range with a Newtonian
viscosity (or zero-shear viscosity at low frequency)
close to 200 Pa·s. in accordance with relatively low
molecular weights for L-PBST (Figure 7). A signif-
icant increase in Newtonian viscosity was observed
for LCB1-PBST-G, and the evolution of the storage
modulus (G') (at low frequencies displayed a classi-
cal trend with a slope of approx. 2. The rheological
behaviors of the two-step chain-extended LCB2-
PBST-J1/2 were quite different from PBST produced
by the one-step route with glycerol (LCB1-PBST-G).
LCB2-PBST-J1 only displayed a moderate increase
in Newtonian viscosity, but the evolution of the stor-
age modulus G' at low frequencies displayed a lower
slope. Noting that LCB2-PBST-J1 contains 15% of
gels but still had a Newtonian viscosity plateau at
low frequencies, which suggests that these gels may
have crosslink points of low densities and are par-
tially miscible with the linear and branched chains
[66]. For LCB2-PBST-J2, the complex viscosity
strongly increased at low frequencies. The storage
modulus G' also reached a plateau at a low frequency
for LCB2-PBST-J2, which is related to a long-time-
relaxation mechanism due to the formation of long-
chain branches (LCB) during reactive extrusion with
Joncryl [27, 67] and to the presence of the high
amount of gels (35 wt%) in the structure.
It is useful to mention that a pronounced shear thin-
ning behavior was found at high frequencies for the
LCB-PBST samples compared to L-PBST [68]. The
pseudoplasticity indices were 0.86, 0.66, and 0.60
for LCB2-PBST-J1, LCB1-PBST-G, and LCB2-
PBST-J2, respectively. According to the literature
[41], this non-Newtonian behavior is the result of
long-chain branching (i.e., the increased molecular
entanglement of the branched structure) and a broad-
ening of the molecular weight distribution (demon-
strated by SEC measurements). Such behavior has
been correlated with better melt processability by
film blowing and extrusion foaming by gas injection
(the increased elasticity would hinder the cell coa-
lescence and cell wall rupture) [48, 67, 68].
The relaxation spectra H(λ) at 180 °C of as-pro-
duced PBST were calculated from G' data using the
standard nonlinear regularization method proposed
by Honerkamp and Weese [69]. Results are shown
in Figure 7c. The relaxation peak of L-PBST cannot

be identified in the frequency range studied. The re-
laxation time of L-PBST was consequently very fast
and probably lower than 0.01 s. However, two relax-
ation peaks were clearly attested for LCB-PBST-G,
with a first peak close to 0.15 s and a second close
to 1 s. This phenomenon can be interpreted by the
presence of two modes of relaxation, with a first re-
laxation mode corresponding to the relaxation of
LCB and a second relaxation mode corresponding to
the PBST backbone with restricted mobility [23, 67].
These phenomena clearly attested to the presence of
LCB in low amounts along the PBST backbone.
LCB2-PBST-J1 displayed a unique relaxation peak
close to 0.9 s, and the relaxation peak of LCB2-
PBST-J2 cannot be identified in the frequency range
studied. The presence of complex LCB architectures
without relaxation modes for the PBST backbone
was thus suspected for LCB2-PBST-J1/2 [28, 70].
Figure 8 shows the results of the reduced Van–Gurp–
Palmen diagram (rVGP) at 180 °C of as-produced
PBST. An rVGP diagram is made up with loss angle δ
against the reduced modulus Gred (complex modulus
G* divided by the plateau modulus G0

N, evaluated at
high frequencies when phase angle δ tends to 0). Ac-
cording to Trinkle et al. [71], the shape of the rVGP
diagram is unaffected by the molecular weight, but
the polydispersity index/LCB architectures have spe-
cific signatures [28, 70]. The rVGP diagram is con-
sequently a clear way to assess chain topologies. It
is clear that L-PBST displayed a viscous behavior at
low Gred. The phase angle sharply decreased for Gred
values above approx. 0.1 as a typical signature of lin-
ear thermoplastic polymers with a narrow polydis-
persity index [71]. The rheological responses of L-
PBST (frequency sweeps, relaxation spectra, and
rVGP diagram) were consistent with previous con-
clusions by SEC (moderate molecular weight, nar-
row polydispersity index, and linear architectures).
For LCB1-PBST-G, the phase angle started to de-
crease for Gred values above 0.01 and the phase angle
drop was slightly broader than that of L-PBST. This
rVPG behavior can be mainly ascribed to the high
polydispersity of LCB1-PBST-G. A slight inflection
point was noticed for phase angle close to 50° and
Gred close to 1. No clear similitude with model chain
topology was attested but this critical point of low
intensity could correspond to comb-like architec-
tures with LCB and PBST backbones displaying
similar molecular weights [71]. The LCB density
along the PBST backbone is probably quite low. The
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rheological responses of LCB1-PBST-G conse-
quently fitted with previous conclusions by SEC
(high/broad molecular weight, presence of LCB in
low amount, statistical/homogeneous distribution of
LCB along the PBST backbone, similar molecular
weights for LCB/backbone). It could be also noticed
that the rVGP diagram was quite similar to that of
strain-hardening metallocene polyethylene [72], in-
dicating that the rheological response in elongation-
al conditions of LCB1-PBST-G could be of good in-
terest.
Concerning LCB2-PBST-J1 and LCB2-PBST-J2, the
rVGP diagrams were quite different from those of
LCB1-PBST-G. LCB1-PBST-J1 displayed a mixed
behavior between L-PBST and LCB1-PBST-G. The
presence of LCB was suspected in a low amount,
along with unreacted L-PBST. No inflection was no-
ticed for LCB1-PBST-J1. LCB2-PBST-J2 displayed
phase angles lower than 40–50° for any Gred. The
phase angle also decreased in the low Gred region
with maximum observed for Gred values close to 0.2.
This behavior was in agreement with an elastic

behavior at low frequencies and, according to Trinkle
et al. [71], this rVGP diagram probably fitted with
star-like LCB architectures with high entanglement
density. The rheological responses of LCB2-PBST-
J1 and LCB2-PBST-J2 could consequently agree
with previous conclusions by SEC (residual L-PBST
fraction, the appearance of LCB-PBST structures
with a high LCB density, partial gelification/cross-
linking).

M. Yousfi et al. – Express Polymer Letters Vol.17, No.3 (2023) 300–316

310

Figure 7. Complex viscosity (a) and storage modulus (b) at 180°C of as-prepared PBST. Weighted relaxation time spectrum
at 180°C of as-prepared PBST (c).

Figure 8. Reduced Van–Gurp–Palmen diagram at 180 °C of
as-prepared PBST.



3.4. Elongational rheological behavior of as-
prepared LCB-PBST

LCB architectures are known to improve the rheo-
logical behavior of polymer melts in elongational
flow conditions marked by higher melt strengths (or
transient elongational viscosity) and the appearance
of a strain hardening phenomenon. Processing de-
fects and instabilities are drastically reduced for poly-
mers displaying LCB architectures, in particular dur-
ing extrusion processing (extrusion casting/calendar-
ing, extrusion blowing, co-extrusion, extrusion blow
molding, etc.) [11]. In this context, the rheological
behavior of as-prepared LCB-PBST in elongational
conditions was investigated to identify their process-
ability potential by extrusion.
LCB-PBST were uniaxially-stretched in the molten
state at 180 °C at different strain rates (between 0.1
and 1 s–1) in order to assess their transient elonga-
tional viscosity (ηE) as a function of stretching time
(Figure 9). The transient elongational viscosity of
L-PBST could not be evaluated due to a poor melt
strength inducing an intensive creep before stretch-
ing in the melt state. Such behavior is typically ob-
served with thermoplastic polymers displaying mod-
erate molecular weights and linear architectures

[11, 26]. These materials do not exhibit any strain
hardening phenomena in elongational flow conditions
[11, 26], and as-prepared L-PBST is consequently of
poor interest for further processing by extrusion.
Concerning LCB2-PBST-J1, a significant melt
strength was obtained with a transient elongational
viscosity close to 2000–3000 Pa·s at 0.1 s–1. How-
ever, no strain hardening phenomenon was detected
at any strain rate. The amount of LCB was, therefore,
not sufficient to induce strong modifications of the
rheological behavior in elongational flow conditions.
However, LCB2-PBST-J2 displayed a high melt
strength close to 10000 Pa·s at a low stretching time
for any strain rate with an intense strain hardening.
Such behavior indicates that LCB2-PBST-J2 ex-
hibits relaxation times higher than approx. 1 s [73],
in accordance with previous rheological behavior in
shear conditions. As a consequence, the two-step
synthesis route requires Joncryl® concentrations
close to 2 wt% to produce LCB-PBST with a suit-
able rheological behavior for further extrusion pro-
cessing due to adequate LCB architectures (amount/
topology). LCB1-PBST-G interestingly displayed a
high melt strength close to 8000–10 000 Pa·s at a
low stretching time. A strain hardening phenomenon
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Figure 9. Transient elongational viscosity at 180°C as a function of stretching time and strain rate for LCB2-PBST-J1 (a),
LCB1-PBST-G (b), and LCB2-PBST-J2 (c).



was also observed with a slightly lower intensity
than that of LCB2-PBST-J2. These observations
were in accordance with the rheological behavior in
shear conditions of LCB1-PBST-G, in particular, the
detection of relaxation times higher than 1 s. Never-
theless, the pronounced elongational features of
LCB1-PBST-G compared to L-PBST could eventu-
ally significantly improve stretching ability, stability
in thickness, and resistance to melting breakup for
processing applications (e.g., extrusion film blow-
ing) where the strain hardening plays an important
role [74, 75].

4. Conclusions
Highly-biobased poly(butylene succinate-co-tereph-
thalate) (PBST) (potential biobased content close to
85%) with processing temperatures close to those of
commodity polymers (160–180 °C) and long-chain
branched (LCB) architectures were successfully syn-
thesized by various strategies. The two-step synthe-
sis route starting from linear PBST produced by poly-
condensation followed by reactive extrusion required
a concentration of Joncryl® close to 2 wt% to im-
prove melt strength properties of PBST and induce
strain hardening phenomenon effects in elongational
conditions.
In this context, it could be concluded that LCB-
PBST with an appropriate rheological behavior for
further extrusion processing could be directly ob-
tained without any additional post-treatments by re-
active extrusion by the one-step synthesis route
using glycerol in low concentration (up to 0.5 wt%)
during PBST polycondensation. The use of Joncryl®
with intense rheological instabilities (e.g., the melt
reaction that often continues over time with the un-
predictable process and end-product characteristics)
in addition to gel formation (problematic recycling
capabilities) could be particularly avoided with this
approach. The peculiar LCB architecture (high/broad
molecular weight, statistical/homogeneous distribu-
tion of LCB along the PBST backbone without the
formation of gels) probably represents a key element
to reaching such rheological behavior due to a sig-
nificant modification of relaxation dynamics of the
PBST backbone.
This work provided an effective approach based on
the one-step synthesis method to improve the melt
strength of highly-biobased aliphatic-aromatic copoly-
esters and eliminate extrusion defects/instabilities of
PBST using glycerol as a promising long-chain

branching agent.  This may expand the industrial im-
plementation of these polymers with modern contin-
uous technology production into high-value packag-
ing applications.
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1. Introduction
Material extrusion is a low-cost and easy-to-use
method for the manufacturing of prototypes as well
as complex load-bearing components in small quan-
tities. When the printed material is thermoplastic, the
technique is commonly referred to as fused deposi-
tion modelling (FDM) or fused filament fabrication
(FFF) [1].
The FDM process, schematically described in
Figure 1, is based on the thermoplastic material’s
melting and extrusion through a heated nozzle. The
printing head deposits the molten polymer in the de-
sired locations by moving in the XY plane. Upon
completing a layer, the build plate moves down in-
crementally, and the process is repeated [2].
The simplicity of the FDM process makes it a cost-
effective and versatile alternative for manufacturing

complex geometries in small quantities. While ear-
lier applications have been primarily focused on pro-
totyping, recent advances in the process and filament
material technology have enabled the use of FDM-
produced parts for load-bearing and impact-absorb-
ing components [3].
Due to their desirable rheological properties and
low cost, polylactic acid (PLA) and acrylonitrile
butadiene styrene (ABS) have been the most com-
monly used filament materials in FDM. On the
other hand, there have been several advancements
in materials for FDM. Some examples include poly-
mer blends such as PLA/polyhydroxyalkanoate
(PHA) for improved ductility, elastomeric filaments
for producing compliant and hyperelastic compo-
nents, and fiber-reinforced filaments for improved
strength [4].
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Recent advances in filament fabrication technol-
ogy have also enabled the production of foaming
filaments. The unique nature of the foaming process
during printing allows the spatial control of the poros-
ity. The capability of printing polymeric foams and
the direct control over their properties adds a new
design parameter to the additive manufacturing of
polymeric structures for achieving the desired com-
binations of stiffness, strength, and density [5].
In FDM printing of an in-situ foaming polymer, the
chemical foaming agent in the filament forms gas bub-
bles triggered by the heating in the extrusion process
[6–8]. The subsequent solidification of the printed
thermoplastic provides a foam with a relatively uni-
form distribution of pores, analogous to the well-es-
tablished foam extrusion process [9]. PLA samples
produced by injection-molding foaming [10] and
FDM-printed samples share similar closed-foam mor-
phologies. Compared to microcellular injection mold-
ing [11], FDM printing with in-situ foaming tends to
provide a higher number density of pores [6].
As opposed to the conventional manufacturing of
polymeric foams, FDM enables the adjustment of
the porosity on the fly through changes in the nozzle
temperature or filament feed rate. The resulting abil-
ity to spatially control the porosity provides a unique
opportunity to design mechanical responses that con-
ventional manufacturing cannot achieve. FDM’s ca-
pability of producing architected cellular structures
[12, 13] complements this added feature of variable-
porosity, which offers a further degree of freedom in
generating lightweight and compliant structures.
Thermal insulation and mechanical cushioning ap-
plications widely use conventional polymeric foams
[14]. The development of superior polymeric foams,
especially for functional and structural applications,
is an active field of research [15]. The pore morphol-
ogy and the density of foams are a complicated func-
tion of the polymer and precursor chemistry, as well
as the dynamics of the cell nucleation, cell growth,
and eventual stabilization of the structure through
solidification [16, 17]. The mechanical response de-
pends on the solid volume fraction and the general
features of the ligament geometry, which has been
widely studied through modeling [18] and experi-
mental studies [19–21].
FDM of polymeric foams provides new possibilities
for designing and manufacturing optimized struc-
tures for various applications. The foaming combined
with the existing capability of FDM in producing

cellular structures can give hierarchical architectures
at two different scales. Such structures enhance the
performance of biomedical scaffolds [7, 22], and
PLA’s high biocompatibility and biodegradability
make this route a readily applicable approach. In ad-
dition, the spatially tunable porosity enables the pro-
duction of parts with variable stiffness, useful for im-
plementing energy-absorbing structures and soft ro-
botics [23].
The studies on the FDM printing of polymeric foams
have focused on developing foaming technology and
optimizing the synthesis process. A common ap-
proach has been to saturate the filament with CO2,
followed by the in-situ foaming during 3D printing,
demonstrated for polyethyleneimine (PEI) [24, 25],
and PLA [26]. The second approach has been to post-
process the non-porous FDM part by applying CO2
gas-foaming [27, 28]. For the in-situ foaming method,
the current understanding regarding the effect of
FDM parameters on the mechanical performance of
printed parts is quite limited.
Compared to the conventional manufacturing of poly-
meric foams, the in-situ foaming-based FDM process
exhibits additional complications regarding the process
parameters. FDM-produced parts’ properties strongly
depend on the nozzle temperature, raster orientation,
build direction, and infill ratio. While the associated
process-property relationships have been investigated
for common filament materials such as PLA and ABS
[4, 29, 30, 31], there has not been a similar investi-
gation for the FDM of foaming filaments.
This work investigates the process-structure-proper-
ty relationships for a commercially available foam-
ing PLA filament. The study considers the effect of
nozzle temperature, infill ratio, feed rate, and print-
ing speed on the foaming characteristics, density, and
strength of the produced parts. The results provide
insight into the design space offered by the FDM
printing of foaming polymers.

2. Experimental details
An Ultimaker 2+ FDM 3D printer (Ultimaker B.V.,
Utrecht, Netherlands) printed the specimens. The fil-
ament was the commercially available LW-PLA (Col-
orfabb, Belfeld, Netherlands) with a diameter of
2.85 mm and a density of 1.24 g/cm3 [32]. The fila-
ment mainly consists of PLA and is designed to foam
under certain printing conditions. While the manufac-
turer does not give detailed information about the fil-
ament formulation, a common approach is to saturate
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the filament with CO2 or mix the filament with a
chemical foaming agent, which facilitates in-situ
foaming during printing [6, 24, 25].
Figure 2 shows a summary of the test specimen
geometries employed. The dog bone-shaped speci-
mens were based on the Type 4 geometry of the
ASTM D638 Standard Test Method for Tensile
Properties [33]. Cylindrical specimens having a di-
ameter and height of 25.4 mm were produced for
compression testing according to ASTM D1621
Standard Test Method for Compressive Properties of
Rigid Cellular Plastics [34]. The third geometry was
a rectangular slab with varying printing parameters
over the build direction for Shore A hardness testing,
according to ASTM D2240 Standard Test Method
for Rubber Property – Durometer Hardness [35].
Figure 1 shows a schematic description of the print-
ing process and indicates some process parameters.
Table 1 summarizes the printing parameters that are
common to all specimens. The printing trajectory

employed an alternating raster of θ = ±45°, as de-
fined in Figure 2c. Other raster orientations were not
considered as the primary focus of the study was on
parameters that directly influence the foaming char-
acteristics. The only exception was the grid raster
type employed for the tensile specimens with vary-
ing infill ratios. At least five identical tension and
compression specimens were printed for all printing
parameter combinations.
The study systematically investigated the effect of
nozzle temperature, layer thickness, feed rate, print-
ing speed, and infill ratio through tension and com-
pression tests. Table 2 summarizes the printing con-
ditions utilized for this parametric study.
The rectangular slab specimen was printed using a
nozzle temperature of 230 °C, layer thickness of
0.45 mm, printing speed of 45 mm/s, and infill ratio
of 100%. The feed rate varied linearly from 20 to
100% in the build direction, according to the defini-
tion in Figure 2c.
A Zwick/Roell Z250 (ZwickRoell, Ulm, Germany)
universal testing machine performed the tensile and
compression tests at room temperature. The displace-
ment rate was 5 mm/min for both cases. A Type-A
hardness tester JIS (KORI SEIKI MFG, Tokyo,
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Figure 1. Schematic description of the fused deposition
modeling (FDM) technique.

Figure 2. Schematic views of the specimen geometries.
a) Tensile specimen. b) Compression specimen.
c) Rectangular slab specimen with graded proper-
ties for Shore hardness measurements. All dimen-
sions are in mm.

Table 1. Printing parameters that are common for all tensile
and compression specimens.

*See Table 2 for further details on these parameters.

Parameter Value
Filament diameter [mm] 2.85
Filament density [g/cm3] 1.24
Nozzle diameter [mm] 0.4, 0.6*

Nozzle temperature [°C] 215–260*

Bed temperature [°C] 60

Layer thickness [mm] 0.2–0.7 for the parametric study,
0.45 elsewhere*

Infill pattern ±45°, except for the infill ratio study
with grid pattern

Infill ratio [%] 25–100 for the parametric study,
100% elsewhere*

Inwall layers 3, except the infill ratio study that
used 2

Top and bottom layers Same as other layers



Japan) performed the Shore hardness measurements
with a tip of 0.79 mm diameter.
A Nikon Eclipse E200 (Nikon, Tokyo, Japan) optical
microscope imaged the specimen fracture surfaces.
There was no surface preparation before imaging.
An FEI Quanta 400F (FEI, Oregon, USA) scanning
electron microscope (SEM) imaged selected speci-
mens at 20 kV. Before imaging, a desktop sputterer
coated the specimens with 10 nm Au-Pd.

3. Results and discussion
3.1. Effect of nozzle temperature
We considered four different nozzle temperatures in
the range of 215–260°C, going beyond the recom-
mendation by the manufacturer, 230–250 °C [32].
Figure 3 shows the tensile stress-strain data of the
respective specimens. The results demonstrate the
good repeatability of the measurements and the large
influence of nozzle temperature on the mechanical
behaviour. The tensile strength and the slope of the

elastic response show a monotonic increase with de-
creasing nozzle temperature. Elongation at break re-
mains relatively constant and does not exhibit an ap-
parent variation.
Figure 4 shows the average mechanical properties,
density, and density-specific mechanical properties
as a function of nozzle temperature. Both tensile
strength and elastic modulus monotonically decrease
with increasing nozzle temperature. The nozzle tem-
perature of 215 °C results in tensile strength of
33.2 MPa and an elastic modulus of 2.6 GPa. When
the nozzle temperature reaches 260°C, the strength
and the modulus decrease almost by a factor of three
and become 12.1 MPa, and 1.0 GPa, respectively
(Figure 4a).
Elongation at break has a slightly decreasing trend
with increasing nozzle temperature (Figure 4b).
However, the variations are comparable to the stan-
dard deviation of the data. Density decreases monot-
onically with increasing nozzle temperature but at a
slower rate than strength and elastic modulus.
Figure 5 shows optical microscope images of the
fracture surfaces. The number density of pores in-
creases with increasing nozzle temperature, indicat-
ing a rising extent of foaming. The fusion zones be-
tween printing lines contain fewer pores, and the
fusion seems adequate, with no visible defects in ei-
ther of the cases. The pores exhibit an almost perfect
spherical morphology without any sign of flow-in-
duced elongation.
Increasing nozzle temperature alters PLA’s foaming
characteristics. The diffusivity of the foaming agent
rises with temperature and the bubble growth accel-
erates [36]. On the other hand, the solubility of the
foaming agents usually gets lower with temperature,
decreasing the number density of pores [36]. The
overall effect is a rise in the porosity with temperature,
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Table 2. The printing conditions employed in the parametric study for tension, compression, and Shore hardness specimens.

*ND: nozzle diameter, NT: nozzle temperature, LT: layer thickness, FR: feed rate, PS: printing speed, IR: infill ratio, IT: infill type.

Parameter under
investigation Range of values considered

Fixed parameters
ND*
[mm]

NT*
[°C]

LT*
[mm]

FR*
[%]

PS*
[mm/s]

IR*
[%] IT*

NT [°C] 215 230 245 260 0.4 – 0.45 100 50 100 ±45°
LT [mm] 0.2 0.35 0.5 0.7 0.6 230/245 – 100 50 100 ±45°
FR [%] 100 75 50 25 0.4 230/245 0.45 – 50 100 ±45°
PS [mm/s] 50 37.5 25 – 0.4 230/245 0.45 100 – 100 ±45°
IR [%] 100 75 50 25 0.4 230 0.45 100 50 – Grid
Shore hardness Feed rate varied between 20 and 100% 0.4 230 0.45 – 50 100 ±45°

Figure 3. Representative tensile stress–tensile strain curves
for specimens printed at different nozzle tempera-
tures.



as the increase in the bubble size is more pronounced
than the decrease in the number density.
The variations in the porosity and the pore character-
istics dramatically influence the mechanical proper-
ties. The density measurements (Figure 4c) and the
microscope images (Figure 5) provide evidence for
the monotonic rise of foaming with increasing nozzle
temperature. A rising number density of pores de-
creases the apparent load-bearing area and reduces the
strength and modulus, in agreement with the measure-
ments. The decrease in strength is more pronounced
than the elastic modulus due to the stress concentra-
tion sites introduced by the pores. A qualitative inspec-
tion of Figure 5 suggests a more rapid increase in
foaming from 230 to 245°C, which is also reflected
in the measurement results presented in Figure 4.
Nozzle temperature affects the mechanical properties
of non-foaming FDM-produced parts to a smaller
extent. In FDM, increasing nozzle temperature in-
creases the heat transfer to the deposition zone,
which improves the quality of fusion between printed
lines and layers [4, 37]. As a result, voids and gaps

that might result from poor fusion disappear, and the
strength rises. However, the effect of the quality of
fusion on strength is usually within 10% for 100%
infill parts with quasi-isotropic raster conditions [4].
In our case, the microscope images demonstrate a
good fusion between the layers even for the lowest
nozzle temperature of 215°C, eliminating the possi-
bility of a pronounced fusion-based effect.
Lastly, nozzle temperature can also affect the printed
part’s crystallinity, potentially affecting the mechan-
ical properties. For example, an increase in the nozzle
temperature causes a higher cooling rate, which re-
duces the PLA crystallinity in PLA/PHA blend fila-
ments [29]. However, the findings so far in the liter-
ature suggest that the crystallization-induced effects
on mechanical properties are negligible in most
cases. Furthermore, our DSC (data not shown here)
analysis showed that the crystallinity does not vary
considerably between the filament and the printed
specimens for different nozzle temperatures. In addi-
tion, the specimen surfaces exhibited Fourier-trans-
form infrared spectroscopy (FTIR) spectra that are
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Figure 4. Effects of nozzle temperature on the density and the mechanical properties. a) Tensile strength and elastic modulus,
b) elongation at break, c) density, and d) specific strength and specific modulus. The error bars represent one stan-
dard deviation.



virtually the same as that of pure PLA, suggesting
that there are no significant changes in the composi-
tion of the specimen surface (data not shown here).
Therefore, we conclude that the foaming behavior is
the primary cause of the observed mechanical prop-
erties variations.
As the specimens exhibit a wide range of densities,
considering the specific strength and modulus values
is helpful for better understanding the trends. The
corresponding data in Figure 4d demonstrates that
the specific strength and modulus decrease as the
nozzle temperature increases and the density de-
creases. The drops in strength and modulus are more
significant beyond 230°C, suggesting that the pores’
interaction and coalescence play a role in further
weakening the porous structure [38].

3.2. Effect of filament feed rate
The filament feed rate defines the filament flow rate
into the printing head. Most FDM printers automat-
ically adjust the feed rate through their feeder mech-
anism to ensure continuous filling of the printing tra-
jectory for a given nozzle diameter, printing speed,
and layer thickness. The feed rate is usually defined
in percentages, where 100% corresponds to the de-
fault flow rate that ensures continuous and void-free
printing. While printing with conventional filaments,

the default feed rate of 100% does not need further
adjustments. However, for the printing of the foam-
ing PLA, feed rate becomes a very powerful tool to
tune the extent of foaming. Figure 6 shows the four
feed rates considered in this part and the correspon-
ding flow rates calculated by measuring the total fil-
ament consumption and printing time in a build.
Figure 7 shows specimens’ density and mechanical
properties as a function of feed rate for two different
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Figure 5. Optical microscope images of the printed specimens as a function of nozzle temperature. a) 215 °C, b) 230 °C,
c) 245°C, and d) 260°C.The average pore size and its standard deviation is indicated for each case.

Figure 6. Relationship between the feed rate and measured
filament flow rate for a nozzle diameter of 0.4 mm
and a printing speed of 50 mm/s.



nozzle temperatures, namely, 230 and 245°C. Den-
sity, tensile strength, and elastic modulus increase
sharply as the feed rate increases for both cases of
nozzle temperatures. For the case of 230 °C, the
dependence of the properties on feed rate is more
pronounced. As the feed rate increases from 25 to
100%, tensile strength increases by a factor of about
6.5, and the rise in the elastic modulus reaches al-
most an order of magnitude.
Elongation at break varies with feed rate differently
for the nozzle temperatures of 230 and 245 °C. At
230°C, elongation at break improves as the feed rate
increases. For 245 °C, the elongation at break is
around 25% for feed rates of 50% and higher and
then exhibits a rapid drop to below 10% for the feed
rate of 25%.
Figure 8 shows SEM images of the fracture surfaces
of selected specimens printed at different feed rates.
As the feed rate decreases, the number density of
pores increases, and the layer interfaces start show-
ing some gaps and defects.

Feed rate has a dramatic effect on the density and
mechanical properties of the specimens. A low feed
rate increases the travel time of the polymer through
the hot zone and provides extra time for further gasi-
fication and porosity formation [39]. The resulting
porosity reduces the printed parts’ density and load-
bearing capacity.
The effect of feed rate on density and mechanical
properties is more severe for the nozzle temperature
of 230°C. Figure 7d shows the specific strength and
modulus, indicating that even the density-normalized
data depends on the nozzle temperature. For a given
feed rate, 245°C specimens show inferior specific
properties. These observations agree with the adverse
effect of nozzle temperature on the specific properties
discussed in the previous section (see Figure 4d).
Elongation at break data shows a more complicated
trend, which can be understood by considering the ef-
fect of nozzle temperature on the quality of fusion.
Especially for the 50 and 75% feed rates, the nozzle
temperature of 245°C provides a considerably higher
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Figure 7. Effects of feed rate on the density and the mechanical properties. a) Tensile strength and elastic modulus, b) elon-
gation at break, c) density, d) specific tensile strength and elastic modulus. Each plot shows the results for two dif-
ferent nozzle temperatures of 230 and 245°C.



ductility than those of 230°C. The higher resistance
of 245°C specimens to fracture is likely to result from
the superior fusion between printing lines and layers
at this temperature [40, 41]. The dependence on noz-
zle temperature diminishes at the lowest and highest
feed rates due to the dominating effects of excess
porosity and excess material flow, respectively. For
example, at a feed rate of 100%, the 230°C specimen
does not exhibit any apparent lack of fusion, as shown
in Figure 8a. As a result, the effect of nozzle temper-
ature on the elongation at break becomes small.
The increasing extent of foaming with decreasing
feed rate can be attributed to the hydrostatic pressures
involved in the process. As the filament material goes
through the heating section and the nozzle, the diam-
eter of the polymer flow cross-section decreases al-
most by an order of magnitude, resulting in a pressure
rise. This pressure is highest in the case of 100% feed

rate, which hinders the expansion of the gas bubbles.
A decrease in the feed rate is analogous to a reduction
in the flow rate of a liquid through a channel, which
reduces the pressure build-up in the heated section.
As a result, the gas bubbles expand more quickly, re-
sulting in a more significant fraction of porosity.
For the wide range of feed rate values considered in
this study, the print quality remained satisfactory,
which makes feed rate an excellent parameter to tune
the porosity on the fly. As opposed to other parame-
ters such as nozzle temperature, layer thickness, and
infill ratio, feed rate does not cause any ‘side-effects’
that alter the resolution or quality of the print.

3.3. Effect of printing speed
Printing speed refers to the velocity magnitude of the
nozzle during printing. Figure 9 shows the density
and mechanical properties of the specimens as a
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Figure 8. SEM images of the fracture surfaces of selected specimens printed by using different feed rates of a) 100%, b) 50%,
and c) 25%. Nozzle temperature is 230°C.  SD: stands for standard deviation.



function of printing speed, considered for two nozzle
temperatures.
Overall, the printing speed does not significantly in-
fluence the mechanical properties. The only major
trends are an increase in the density with increasing
printing speed for the case of 245°C and an increase
in the elongation at break with increasing printing
speed for the case of 230°C.
As printing speed decreases, the filament stays longer
in the heating section, promoting foaming and de-
creasing density. At 230 °C, the lower rate of the
foaming reaction is insufficient to cause a strong de-
pendence on printing speed. The small increase in
elongation at break with printing speed can be ex-
plained by the slight increase in the density and ac-
companying reduction in the porosity, reducing the
occurrence of stress concentration sites.
Printing speed is not a major parameter for tuning
the foaming, which renders it useful for controlling
other features. For example, the compromise be-
tween manufacturing rate and build quality can be
the primary focus for optimizing the printing speed
in practical applications.

3.4. Effect of infill ratio
Infill ratio is one of the most commonly varied param-
eters in additive manufacturing to establish a compro-
mise between printing time, weight, and strength. A
lower infill ratio implies shorter printing times and
lower weight at the expense of lower strength. The re-
sulting cellular geometry often introduces stress con-
centrations, leading to low elongations at break [42].
In practice, most FDM-produced parts are covered
with a 100% infill shell to improve structural rigidity
and provide a smooth and gapless surface for proper
functionality. In this study, however, we considered
tensile specimens without top and bottom shells to
better understand the effect of the infill ratio. The in-
fill pattern choice was grid (see Figure 11), one of
FDM’s most commonly used patterns.
Figure 10 shows the density and the mechanical
properties of specimens printed at different infill ra-
tios. As the infill ratio increases, the density and the
mechanical properties show an increasing trend.
100% infill ratio provides the highest tensile strength
and elastic modulus of 22.1, and 2073 MPa, respec-
tively. Elongation at break values are considerably
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Figure 9. Effects of printing speed on the density and the mechanical properties. a) Tensile strength and elastic modulus,
b) elongation at break, c) density, and d) specific tensile strength and specific elastic modulus.



lower than those measured in the previous sections,
around 6% for all infill ratios.
Low elongation at break is a common feature of low
infill ratio specimens. The stress concentrations due

to the grid pattern are the primary reason for the pre-
mature failure. On the other hand, the 100% infill
ratio specimen exhibiting a similarly low elongation
requires a separate explanation. For 100% infill, the
raster employed a grid pattern different from the ±45°
alternating layers employed for the rest of the study.
We attribute the low elongation to the grid pattern
that increases the likelihood of poor fusion and de-
fects in a solid print. Further investigation of the ef-
fect of different printing patterns can give more in-
sight, which has been beyond the scope of this work.

3.5. Effect of layer thickness
The layer thickness has a relatively smaller effect on
the mechanical properties within the range of process
parameters considered in this study. The results did
not show clear trends; we only provide some key
values here. For the nozzle temperature of 230 °C,
0.5 mm layer thickness yielded the highest tensile
strength and elastic modulus of 33.3 MPa, and
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Figure 10. Effects of infill ratio on the density and the mechanical properties. a) Tensile strength and elastic modulus, b) elon-
gation at break, c) density, d) specific tensile strength and specific elastic modulus.

Figure 11. Photographs of selected specimens after testing
with different infill ratios.



3.14 GPa, respectively. On the other hand, 0.35 mm
layer thickness provided the largest elongation at
break (30%). At the higher nozzle temperature of
245°C, 0.7 mm layer thickness yielded the best re-
sults with a tensile strength of 22.5 GPa and an elas-
tic modulus of 2.08 GPa. Changing the layer thick-
ness did not affect the density of the specimens, ir-
respective of the nozzle temperature.
The results suggest that tuning the layer thickness
can optimize the surface quality, dimensional accu-
racy, and printing time, similar to the FDM printing
with conventional filaments [2, 7, 43].

3.6. Overview of the design space
Table 3 compares the results with the key properties
of PLA foams produced by injection molding [11,
44] and 3D printing [8] reported in the literature. In-
jection-molded parts can exhibit a wide range of
porosities and mechanical properties depending on
the implementation of the foaming agent and the
process parameters. The example data taken from
our work show that the mechanical properties of
FDM-produced PLA foams are comparable to those
of injection-molded parts, demonstrating the tech-
nology’s suitability for use in applications.
At a similar porosity level, FDM-produced specimens’
tensile strength and ductility were lower than those of
injection molded specimens, possibly due to the addi-
tional fusion defects that FDM introduces. As the av-
erage pore size and its variation tend to be larger for
injection molded specimens [44], a direct comparison
is difficult, and future work is needed in this regard.
Figure 12 summarizes all mechanical property meas-
urements as a function of density. The figure also in-

cludes the mechanical properties of a non-foamed
specimen (nozzle temperature = 200 °C) produced
by the same LW-PLA filament [45] and an FDM-
produced conventional pure PLA specimen [46].
This comparison shows that the pure PLA specimen
from the literature provides considerably higher
strength than the foamed specimens. Examining the
specific strength–density curve indicates that the
higher strength of pure PLA is beyond the density’s
contribution to strength. On the other hand, the elastic
modulus of the pure PLA specimen is comparable to
our specimens, suggesting that the pores and defects
in the foamed specimens weaken the load-bearing
capacity.
The data demonstrates the general trends in strength
and modulus as a function of density that is common
to all printing conditions. Tensile strength and elastic
modulus increase with density (Figures 12a and 12b).
The rate of increase in the mechanical properties
amp lifies with increasing density, and the scatter in
the data widens accordingly. Specific strength also
improves with density in general (Figure 12c). Es-
pecially for densities around 1000 kg/m3, specimens
with similar densities can yield considerably differ-
ent specific strengths, depending on the correspon-
ding printing conditions. Overall, 230°C nozzle tem-
perature provides superior performance in absolute
and specific strength. Tensile strength and elastic
modulus are linearly proportional for most of the
data, as shown in Figure 12d.
The entire data for each mechanical property follows
a curve with a relatively narrow scatter, suggesting
that the density, in fact, the porosity, is the primary
parameter that governs the mechanical behavior of
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Table 3. A comparison of the findings of this study with injection molded and FDM-produced specimens reported in the lit-
erature [8, 11, 44].

*IM: injection molding

Reference [44] [11] [8] This study
Production method IM* IM* FDM FDM FDM
Nozzle temperature [°C] 170 180 215 230 230
Feed rate [%] – – 95 100 50
Infill ratio [%] – – 100 100 100
Mold temperature [°C] 25 10 – – –
Screw speed [rpm] 400 100 – – –
Elastic modulus [GPa] 0.91 1.46 1.89 2.34 0.96
Tensile strength [MPa] 25.1 33.6 31.2 28.9 11.5
Elongation at break [%] 43 30 – 25 12
Porosity [%] 28 – – 24 56
Pore density [#/cm3] 0.48·106 0.23·108 – 0.16·108 0.8·106

Average pore size [µm] 90 120 – 14 40



the foaming PLA. In other words, the influence of
process parameters on the mechanical properties is
mainly through a change in the porosity. The effects
of fusion defects and crystallinity are of secondary
importance, supporting the previous discussion in
Section 3.1.
The results show that porosity can be tuned by con-
trolling a wide range of parameters, including nozzle
temperature, feed rate, printing speed, layer thick-
ness, and infill ratio. Most of these parameters also
alter other features of the build at the same time. For
example, increasing nozzle temperature improves
the fusion between the layers, layer thickness affects
the z-resolution of the build and the surface rough-
ness, and printing speed would impact build quality,

manufacturing speed, and cost. Feed rate, on the
other hand, only affects the porosity and does not in-
fluence the other feature significantly, making it the
ideal choice for controlling the foaming. Controlling
the feed rate for tuning foaming also provides the ad-
vantage of quickly adjusting the foaming spatially
over the part. In contrast, on-the-fly adjustment of
the nozzle temperature or the layer thickness is not
as practical.
In summary, the findings suggest that 230°C nozzle
temperature is an effective value providing high
specific strength. After this selection, the layer height
and printing speed should be adjusted according to
the requirements of the print, such as build quality
and time restrictions. Then, the feed rate will provide
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Figure 12. A summary of all mechanical property data. a) Tensile strength vs. density, b) elastic modulus vs. density, c) spe-
cific strength vs. density, and d) strength vs. elastic modulus. Each data point shows the average properties for a
given combination of printing parameters. The printing parameters for non-foamed samples were nozzle temper-
ature of 200°C, raster angle of ±45°, and layer height of 0.2 mm, and the infill ratio of the conventional PLA
sample was 100%  [45, 46].

    NT effect
    FR effect at 230 °C
    PS effect at 245 °C

       LT effect at 230 °C
       FR effect at 245 °C
       IR effect at 230 °C
       FDM-printed pure PLA [46]

  LT effect at 245 °C
  PS effect at 230 °C
  IR effect (non foamed) [45]



control over the extent of foaming. Lastly, the infill
ratio and raster pattern can be used to adjust the
weight of the printed part further.
As the study does not explore all possible combina-
tions of printing parameters, the statements here are
the implications of the existing data rather than con-
clusions, which would require a more comprehen-
sive exploration of the entire design space. Such a
future study should also investigate possible syner-
gistic effects, such as how the impact of feed rate
might change as a function of nozzle temperature
and layer height.
The data for specimens with different infill ratios
agree well with the porous specimens printed with
100% infill for a given density. Infill ratio tunes the
density through a macroscale architected porosity,
whereas the porous specimens achieve density con-
trol by foaming. The results suggest that foaming
PLA printing is an excellent alternative to the con-
ventional low-infill printing frequently used to reduce
printing times, material consumption, and weight.
The Gibson-Ashby model is a useful and simple ap-
proach to predicting the mechanical properties of
cellular materials and foams. The model predicts the
elastic modulus and strength of the cellular struc-
tures as follows in Equations (1) and (2) [18]:

(1)

(2)

where E is the elastic modulus, σ is the strength, and
φ is a fitting parameter. Subscripts S and F refer to
the fully solid and foamed specimens, respectively.
Figure 13 shows the elastic modulus and strength pre-
dictions of the Gibson-Ashby model using the prop-
erties of solid PLA from the literature [47] and com-
pares the predictions with our data. The prediction
curve exhibited a high coefficient of determination
and low standard deviation, as indicated in the fig-
ures. The fitting constant, φ, is determined as 0.85
for both curves, in agreement with the literature val-
ues reported for polyurethane foams in the range of
0.8–0.85 [20, 48].

3.7. Compression testing
Compression testing of specimens provided further
insight into the mechanical behavior of foaming
PLA. We focused on specimens with varying feed
rates, the simplest and most effective parameter to
tune the porosity.
Figure 14a shows representative compressive stress-
strain curves of specimens printed at different feed
rates. The curves exhibit a linear-elastic regime, fol-
lowed by a stress plateau and a second rise in stiffness,
respectively. The slope of the elastic response and
the magnitude of the stress plateau increase with in-
creasing feed rate.
The stress-strain curves exhibit the typical charac-
teristics of foams under compression. After the initial
nearly-linear elastic response, the ligaments and sur-
faces surrounding the pores buckle, which reduces
the load-bearing capacity. With further compression,
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Figure 13. A comparison of all mechanical property data and Gibson-Ashby model predictions. a) Elastic modulus and
b) tensile strength. Emax and Emin: the maximum and minimum percent difference respectively. AD: average dif-
ference. SD: standard deviation. R2: coefficient of determination.



buckling and collapse propagate to the remainder of
the specimen at a relatively constant stress level. As
the collapse of the structure nears completion, de-
formations in the solid zones become more pro-
nounced, which increases the measured stiffness. As
the feed rate decreases, the porosity increases, and
the onset of this stiffness rise is postponed to higher
compressive strains.
Figures 14b, and 14c represent the density and the
compressive mechanical properties as a function of
feed rate for 230 °C nozzle temperature. Compres-
sive strength corresponds to the local peak in the
stress-strain curves right after the linear deformation
segment. Density, compressive strength, and elastic
modulus increase rapidly by increasing the feed rate.
As the feed rate increases from 25 to 75%, the elastic
modulus and compressive strength increase by fac-
tors of 13.3 and 9.5, respectively.
Figure 14d shows photographs of the compression
specimens after testing. 100% feed rate specimen does
not show any obvious damage upon a compression

exceeding 60% strain. As the feed rate decreases to
75 and 50%, the irreversible damage becomes more
pronounced. In fact, 25% specimen shows little re-
covery upon unloading. All specimens apart from the
100% feed rate case show some delamination-like
failure. Delamination planes are perpendicular to the
build direction, suggesting that the fusion between
layers is weaker than the fusion between adjacent
printing lines.

3.8. Shore hardness measurements
The last part of the mechanical analysis was per-
formed on a printed rectangular block with varying
porosity over its build direction to demonstrate the
foaming PLA’s capability to generate structures with
graded morphology. Decreasing the feed rate incre-
mentally after the completion of each layer tuned the
porosity in the build direction.
Figure 15 shows the Shore hardness measurements
as a function of the build length and a photograph of
the specimen. Shore hardness is 54.7 for the layers
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Figure 14. Effect of feed rate on the compressive mechanical properties. a) Representative compressive stress-strain curves
of specimens printed using different feed rates. b) Compressive strength and elastic modulus as a function of feed
rate. c) Specific elastic modulus and density as a function of feed rate. d) Photographs of compression specimens
upon testing rate [%].



with an average feed rate of 20%, and it monotoni-
cally increases with feed rate, reaching 93.0 at a feed
rate of 100%. The dependence of Shore hardness on
feed rate is much smaller than those observed for
tensile strength and compressive strength.
The specimen photographs suggest a reduction in the
surface quality with decreasing feed rate. Further
characterization of the surface properties would be
necessary to implement such heterogeneous struc-
tures effectively in applications.

4. Conclusions
This study investigated the mechanical properties
of 3D-printed PLA foams under different printing
parameters. The nozzle temperature, feed rate, and
infill ratio significantly affect the extent of foaming,
density, and mechanical properties. We can summa-
rize the findings as follows:
▪ Increasing the nozzle temperature from 215 to

260°C increased foaming and decreased density
by 40% and strength by 60%.

▪ Feed rate was also effective in tuning the foam-
ing. By only adjusting the feed rate between 25
and 100%, it has been possible to achieve strength
values in the range of 5 to 40 MPa.

▪ Infill ratio, printing speed, and layer thickness
also influenced the foaming. However, these pa-
rameters are not practical for precise control of
the density and strength due to their weak influ-
ence on foaming or the complicated trends in-
volved.

▪ The Shore hardness strongly varied as a func-
tion of the feed rate. Decreasing the feed rate
from 100 to 20% reduced the Shore hardness
from 93.0 to 54.7. Nevertheless, this variation
was less pronounced than those observed for
tensile strength.

Foaming filaments provide additional control over
printed parts’ density and mechanical properties. With
the capability to spatially control these properties,
foaming filaments offer new opportunities for design-
ing compliant mechanisms, soft robotics compo-
nents, and biomedical scaffolds.
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1. Introduction
Wood-plastic composites (WPC) have risen as an al-
ternative for products made of wood. Those materi-
als have a visual appearance similar to that of wood.
The main difference is that they are composed of a
thermoplastic polymeric matrix (such as polyethylene
and polypropylene, among others), which is loaded
with fillers from the wood industry (sawdust, fibres,
flour) [1, 2]. In the first approach, the manufacturing

of WPC implies the incorporation of wood-based el-
ements. However, in the last years, other fillers have
been proposed as alternatives for wood-derived
fillers, either lignocellulosic fillers or mineral fillers
(talc, calcium carbonate, among others), or agro-
forestry waste flours [3, 4]. The latter have gained
quite a popularity due to the significant amount of
generated waste (skin, calyx, seeds) [5–7]. As a result
of their low cost and abundance, the incorporation

334

Manufacturing and characterization of highly
environmentally-friendly composites with polylactide matrix
and mango kernel seed flour
Jaume Gomez-Caturla1* , Diego Lascano1 , Nestor Montanes1 , Rafael Balart1 ,
Franco Dominici2 , Debora Puglia2 , Luigi Torre2

1Technological Institute of Materials (ITM), Universitat Politècnica de València (UPV), Plaza Ferrándiz y Carbonell 1,
03801 Alcoy, Spain

2Dipartimento di Ingegneria Civile ed Ambientale, University of Perugia, UdR INSTM, Strada di Pentima 4, 05100 Terni
(TR) Italy

Received 7 July 2022; accepted in revised form 5 October 2022
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of fillers from food byproducts and agroforestry
wastes has become a technical and viable solution in
the plastics industry. Moreover, the materials ob-
tained from them possess balanced properties and
advantageous environmental efficiency [8]. The use
of biofillers presents several advantages, such as fa-
cilitating or accelerating the disintegration of mate-
rial; reducing the amount of used polymer, and the
revalorization of a lignocellulosic waste, all these
promoting the transition from a traditional linear
economy to a circular economy and thus, remarkably
reducing the carbon footprint [9, 10]. Rojas-Lema et
al. [11] used wastes from persimmon peel to manu-
facture composite materials with a biopolyethylene
matrix. Moreover, they studied the effect of silaniza-
tion treatments and esterification with palmitic acid
to enhance compatibilization between the filler and
the polymer matrix. They reported interesting results
compared to the conventional use of a maleic anhy-
dride-grafted copolymer of polyethylene as a refer-
ence compatibilizer. It was also proved that this
waste provided additional features to composites
with polyethylene. In particular, it was observed that
the persimmon peel wastes gave tremendous antiox-
idant activity to the polyethylene matrix. The com-
patibility between the polymeric matrix and the filler
was also increased. The esterification with palmitic
chloride treatment improved the hydrophobic behav-
iour of the materials, diminishing their water absorp-
tion capacity.
Tropical crops like mango have become one of the
preferred products for consumers in the European
market. This is because this fruit is considered exot-
ic, has attractive colours, delicious flavour, and a
comfortable odour [12]. Moreover, it presents a high
nutritional value as it contains a large number of
macronutrients (carbohydrates, proteins, lipids) and
micronutrients (vitamins A, B, C, folic acid, and min-
erals), which help to prevent degenerative diseases
[13]. The greatest producers in 2019 were Asia, ac-
counting for 71.5% of the global market, followed by
Africa (16%), America (12.3%), and finally Oceania,
with 0.1% of the global production, according to the
Food and Agriculture Organization of the United Na-
tions. Even though the composition of mango fruit
varies depending on its species, the flesh includes
typically between 33–85 wt% of the total mass, re-
sulting in a waste of 7–24 wt% of mango peel and
9–40 wt% of the kernel. The kernel contains 6–
16 wt% of mango oil [14]. It has been reported that

the kernel possesses a large amount of carbohydrates
and proteins (58–80 and 6–13 wt%, respectively),
apart from containing oleic and stearic acids [15] and
polyphenols [16].
The search to reduce the use of petrochemical poly-
mers in the composite fabrication sector has made
the development and use of renewable and biodegrad-
able materials gain popularity in the last few years
[17]. Polylactic acid (PLA) is one of the most widely
used polymer matrices in environmentally friendly
materials. This is because PLA monomers are ob-
tained from the fermentation of starch-rich com-
pounds, so the products are biodegradable in con-
trolled compost soil conditions [18, 19].
PLA-based composites present several limitations
provoked by PLA’s low impact strength and tough-
ness and, subsequently, high fragility [20]. One of the
most common techniques to overcome this incon-
venience is mixing PLA with more flexible polymers
and/or incorporating additives (plasticizers) [21, 22].
Lascano et al. [21] developed a binary blend using
PLA and poly (butylene succinate-co-adipate)
(PBSA). It was observed that the ductile behaviour
of the blend improved, increasing the elongation at
break and impact strength from 9.23% and 2.48 kJ/m2

for neat PLA, respectively, to 56% and 5.75 kJ/m2

for the blend with 30 wt% of PBSA. Several natu-
ral-origin plasticizers are being utilized due to their
low toxicity. Among those plasticizers are lactic acid,
lactic acid oligomers (OLA), vegetal oils (VO), cit-
rate esters, tributyrin, triacetin, and so on. Montes et
al. [23] developed a blend made of poly(lactic acid)/
poly(3-hydroxybutyrate) utilizing tributyrin as a plas-
ticizer to produce completely natural films for food
packaging applications. They observed that the in-
corporation of 15 wt% tributyrin increased the duc-
tile properties of the material apart from presenting
good water vapour barrier properties and certain trans-
parency. Crystallinity was also increased. Coltelli et
al. [24] studied the behavior of composites based on
PLA and polyhydroxybutyrate plasticized with tri-
acetin. They observed that PLA biodegradability im-
proved thanks to the disintegration of the amorphous
phase.
This work aims to develop a completely natural
composite based on a polylactic acid (PLA) matrix
and mango kernel seed flour (MKSF) as a biobased
filler. To overcome the low intrinsic toughness of the
PLA matrix, two bio-derived plasticizers were used,
namely glycerol tributyrate (tributyrin) and glycerol
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triacetate (triacetin). There is little literature regard-
ing the use of mango kernel flour as a filler for poly-
lactide. Additionally, TBN and TCN have not been
widely used for plasticizing PLA wood plastic com-
posites and never have been used in a PLA/MKSF
composite. The effects of both plasticizers and the
MKSF filler were evaluated through standard me-
chanical, thermal, and thermomechanical tests, mor-
phology characterization, water absorption, and dis-
integrability under controlled compost soil charac-
terization.

2. Materials and methods
2.1. Materials
Bio-based PLA Purapol L130 grade (min. 99% of
L-isomer) was supplied by Corbion Purac (The Nether-
lands, Amsterdam), with a density of 1.24 g/cm3, a
melt flow index of 16 g/10 min (measured at a tem-
perature of 210°C and a load of 2.16 kg) and a melt-
ing temperature of 175 °C.
Flour extracted from mango kernel from Mangifera
indica L. species was used as a filler. The mango
seed was dried at 65 °C for a week. The mango ker-
nel was extracted and submitted to a milling process
in a Retsch Gmbh model ZM 1000 ultracentrifugal
mill (Haan, Germany) with a sieve size of 25 μm and
a rotation speed of 12 000 rpm. Figure 1 shows the
morphology and histogram (size distribution) of the
mango kernel seed flour particles (MKSF), which
present an average particle diameter size of 18–
20 μm.
Glycerol tributyrate (tributyrin) from ACROS Or-
ganics™ and distributed by Thermo Fisher Scientific
(Geel, Belgium) (Product Code: A11830.0B) and
glycerol triacetate (triacetin) from Sigma Aldrich

(Madrid, Spain) (Product Code: 90240) were used
as plasticizers. Tributyrin is 97% pure, with a density
of 1.0335 g/ml and a melting point of –75 °C. Tri-
acetin presents a purity of 99%, a density of 1.16 g/ml,
and a melting point of 3 °C.

2.2. Manufacturing of PLA-MKSF composites
Prior to processing, PLA pellets and MKSF particles
were dried in an air circulating oven at 65 °C for
12 hours to eliminate humidity. The compounds
were formulated with a constant MKSF weight per-
centage of 30 wt%. Plasticizers (tributyrin and tri-
acetin) were added directly in the extrusion process,
always maintaining 10 phr (parts by weight of plas-
ticizer per one hundred parts by weight of the PLA/
MKSF base composition taking the work of Pawlak
et al. [25]). The compounds were named using the
code PLA-MKSF/XX, where XX refers to the used
plasticizer, TBN for tributyrin, and TCN for triacetin.
These formulations were placed in a ziplock bag for
the initial mixing. Then, they were submitted to an
extrusion process in a co-rotating twin-screw extrud-
er from Dupra S.L. (Alicante, Spain). The extrusion
temperature profile was 160–170–180–190 °C with
a rotating speed of 20 rpm. Then, the extruded fila-
ments were pelletized in an air-knife unit. Finally, an
injection-moulding process was carried out using a
Meteor 270/75 from Mateu & Solé (Barcelona,
Spain). Standardized tensile test and impact strength
test specimens were obtained. The injection-mould-
ing temperature profile was 170–175–180–190 °C
from the hopper to the injection nozzle, with an in-
jection time of 5 s and a cooling time of 60 s.

2.3. Characterization of PLA-MKSF
composites

2.3.1. Theoretical miscibility between PLA and
the plasticizers

When studying the interaction between a polymer
and a plasticizer, the solubility of both components
is very useful information to consider before initiat-
ing all the experimental setups. The general solubil-
ity parameter (δ) for each component can be calcu-
lated, according to the method of van Krevelen and
te Nijenhuis [26], Equation (1), which takes into ac-
count the contributions of the dispersion forces (δd),
polar forces (δp), and hydrogen bonding (δh):

(1)2 2 2
d p hd d d d= + +
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Figure 1. FESEM image of mango kernel seed flour (MKSF)
particles at 150×with a marker scale of 20 μm.



Each one of the contributions can be calculated by
Equations (2), (3), and (4):

(2)

(3)

(4)

where Fdi is the dispersive force contribution of the
chemical groups present in the molecule, Fpi is the
polar force contribution of the chemical groups pres-
ent in the molecule, Ehi is the hydrogen cohesive en-
ergy contribution of the chemical groups in the mol-
ecule, and V is the molar volume of the molecule.
Considering the chemical structure and the group
contribution of neat PLA and both plasticizers (trib-
utyrin and triacetin), Table 1 gathers all the solubility
components and the solubility parameter. Moreover,
the parameter Ra was also calculated, which indi-
cates the distance that exists between the solubility
coordinates of the plasticizers and the ones of PLA.
If Ra is zero, it is indicative of good miscibility be-
tween the polymer and the plasticizer. So, the solu-
bility between both materials becomes poorer as the
parameter Ra (the distance) increases until it surpass-
es a certain threshold, from which both polymer and
plasticizer become incompatible. This distance re-
lates to the polymer radius, R0, which defines a spher-
ical solubility region of a polymer. The center of this
sphere is determined by the three solubility contri-
butions δd, δp, and δh. Ra is calculated Equation (5):

Additionally, the relative energy difference (RED)
was also calculated. This parameter indicates the
ratio between Ra and the solubility sphere radius of
neat PLA, R0, which is 10.7 MPa1/2 (Equation (6))
[27]. The lower the RED parameter is, the better the
affinity between the polymer and the plasticizer.
When the RED value is close to 1, it means that both

elements are in the threshold of good miscibility,
while values superior to 1 are indicative of poor mis-
cibility between both elements.

(6)

As it can be observed in Table 1, both tributyrin and
triacetin have good miscibility for PLA, as their
RED value is smaller than the unity, with both plas-
ticizers exhibiting RED values of 0.86 and 0.73, re-
spectively.

2.3.2. Mechanical characterization
The mechanical characterization of neat PLA and
PLA-MKSF composites was carried out through ten-
sile, impact strength, and hardness (Shore D) tests.
Tensile tests were done following the ISO 527 using
a universal testing machine ELIB 30 from Ibertest
(Madrid, Spain), equipped with a cell load of 5 kN
and a crosshead speed of 5 mm/min. Young modu-
lus, tensile strength, and elongation at break were
obtained with this test. Five specimens were tested,
and their results were averaged.
The impact strength was determined through the
Charpy test, using a Charpy pendulum with an ener-
gy of 6 J, from Metrotec S.A. (San Sebastian, Spain)
on injection moulded rectangular unnotched samples
with dimensions 80×10×4 mm following ISO 179.
Finally, Shore D hardness was measured using a
durometer model 673-D from J. Bot S.A. (Barcelona,
Spain), according to ISO 868. At least five samples
were tested for each composite, and their correspon-
ding parameters were averaged.

2.3.3. Morphology characterization
Morphology of fractured Charpy test samples was
studied by field emission scanning electron mi-
croscopy (FESEM) using a ZEISS ULTRA 55 mi-
croscope from Oxford Instruments (Abingdon, United
Kingdom). The samples were sputtered with a gold-
palladium alloy in an EMITECH sputter coating
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Table 1. Theoretical solubility parameters of PLA with tributyrin and triacetin plasticizers.

Material δd
[MPa1/2]

δp
[MPa1/2]

δh
[MPa1/2]

δ
[MPa1/2]

Ra
[MPa1/2]

RED
[–]

PLA 15.33 8.44 10.98 20.66 –
Tributyrin (TBN) 15.96 1.67 4.89 16.78 9.19 0.86
Triacetin (TCN) 16.21 2.60 6.10 17.51 7.81 0.73

(5)R 4
2 2 2

a d d p p h hplast PLA plast PLA plast PLA
$ d d d d d d= - + - + -R R RW W W



SC7620 from Quorum Technologies, Ltd. (East Sus-
sex, UK). The microscope was operated with an ac-
celeration voltage of 1.5 kV.

2.3.4. Thermal characterization
The main thermal transitions of the PLA-MKSF
composites were evaluated through differential scan-
ning calorimetry (DSC) in a DSC 821 from Mettler-
Toledo Inc. (Schwerzenbach, Switzerland). Samples
weighed about 5–8 mg and were placed in 40 μl alu-
minium crucibles. The samples were subjected to a
thermal cycle divided into three steps: a first heating
cycle from 30 to 180 °C was followed by a cooling
cycle down to –50 °C and, finally, a second heating
stage from –50 up to 220 °C was scheduled. The
heating and cooling stages were run at a rate of
10 °C/min in a nitrogen atmosphere (66 ml/min). Pa-
rameters such as the glass transition temperature
(Tg), the cold crystallization peak temperature (Tcc)
and enthalpy (∆Hcc), the melt peak temperature (Tm)
and enthalpy (∆Hm) were obtained from the second
heating stage. Moreover, the degree of crystallinity
(Xc [%]) was calculated Equation (7):

(7)

where ∆H0
m is a theoretical value representing the

theoretical melt enthalpy of a fully crystalline PLA
polymer, i.e. 93.7 J/g as reported in the literature
[28], and 1 – w is the weight fraction of PLA.
To evaluate the thermal stability and thermal degra-
dation of the PLA-MKSF composites and MKSF at
high temperatures, thermogravimetric analysis (TGA)
was carried out on a TGA1000 thermobalance from
Linseis (Selb, Germany). Samples of 15–20 mg were
used, which were placed in standard alumina cru-
cibles (70 μl). The heating cycle was established
from 30 to 700°C with a heating rate of 10°C/min,
with a nitrogen atmosphere (66 ml/min). The onset
degradation temperature was estimated at a mass
loss of 5% (T5%) in the corresponding TGA curve,
while the maximum degradation rate temperature
(Tmax) was obtained from the first derivative thermo-
gravimetric (DTG) curve.

2.3.5. Thermomechanical characterization
Dynamical mechanical thermal analysis (DMTA) was
carried out in a DMA1 dynamic analyzer from Met-
tler-Toledo (Schwerzenbach, Switzerland), working

in single cantilever flexural conditions. Rectangular
samples with dimensions 20×6×2.7 mm were sub-
jected to a dynamic temperature sweep from –50 to
140 °C at a constant heating rate of 2 °C/min. The
selected frequency was 1 Hz, and the maximum
flexural deformation or cantilever deflection was set
to 10 μm.

2.3.6. Water uptake characterization
Water uptake of neat PLA and PLA-MKSF compos-
ites was characterized following ISO 62:2008. Rec-
tangular samples of dimensions 80×10×4 mm were
sunk in distilled water at room temperature for nine
weeks up to saturation. The samples were extracted
from the distilled water, dried with absorbent paper,
and weighed; the specimens were then again im-
mersed in the distilled water. The weighting process
was made on an analytical balance model AG245
provided by Mettler-Toledo (Schwerzenbach, Switzer-
land) with an accuracy of 0.001 g. This process was
repeated every week under the same conditions;
measurements were taken in triplicate to ensure re-
liable results. The percentage of water absorption
was calculated using Equation (8):

(8)

where Wt [g] is the weight of the dry sample at any
time, and W0 [g] is the weight of the initial dry
sample.

2.3.7. Disintegration in controlled compost soil
The degree of disintegration under composting con-
ditions of PLA samples and PLA-MKFS composites
was studied at a temperature of 58 °C and relative
humidity of 55% according to ISO 20200. Samples
of dimensions 25×2×1 mm were placed inside a tex-
tile mesh to facilitate their removal. Then they were
buried in a controlled compost soil made of organic
solids 45%, vegetable solids 40, 30% water content,
and pH between 6 and 7. Samples were periodically
extracted from the compost and cleaned with dis-
tilled water. Then they were dried and weighted with
an analytical balance model AG245 from Mettler-
Toledo (Schwerzenbach, Switzerland) with an accu-
racy of 0.001 g. The percentage of weight loss was
calculated using Equation (9):

(9)
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where W0 is the initial dry weight of the sample and
Wt is the weight of the sample after t burial time. All
assays were carried out in triplicate to ensure accu-
racy and reliability.

2.3.8. Melt flow index 
The melt flow index (MFI) of neat PLA and PLA-
MKSF composites was determined using MFI equip-
ment from Metrotec S.A. (San Sebastian, Spain),
equipped with a 1 mm diameter nozzle. Measure-
ments were taken using a temperature of 190 °C and
an applied load of 2.16 kg, following ISO 1133. MFI
measurements were done in triplicate for each com-
position.

2.3.9. Surface wettability and colour
measurement

The wettability of the PLA and the PLA-MKSF com-
posites was estimated by water contact angle (WCA)
measurements. To this, an Easy drop FM140 gonio -
meter supplied by Krüss equipment (Hamburg, Ger-
many) was used. The test was carried out at room
temperature with water droplets of approximately
~15 μl randomly deposited on the sample surface.
The WCA was measured eight times for each droplet
for each formulation, and the average values were
provided.
The effect of MKSF on the colour of the PLA matrix
was analysed with a colorimeter model KONICA
CM-3600d Colorflex-DIFF2 from Hunter Associates
Laboratory (Reston, Virginia, USA). The instrument
was calibrated considering the standard white tile
and a mirror unit for black. The CIELab colour scale
(coordinates L*, a* and b*) was recorded. L* refers
to lightness, a* stands for the colour coordinate be-
tween red and green, and b* represents the colour co-
ordinate between yellow and blue. The total colour
difference (∆E*

ab) was calculated by Equation (10):

(10)

where ∆L*, ∆a*, and ∆b* are the differences between
the CIELab colour coordinates of the samples and
the reference colour.

3. Results
3.1. Mechanical characterization
Table 2 summarises the main values of the tensile test
parameters, impact strength, and Shore D hardness of
neat PLA and PLA-MKSF composites. In the case of
neat PLA, high values of elastic modulus (Et) and ten-
sile strength (σt) are obtained (3848 MPa and
40.1 MPa, respectively), while a low percentage of
elongation at break (εb) is obtained (4.7%). These
properties are typical of PLA, being a rigid and brittle
material [21]. The incorporation of MKSF leads to an
increase in the stiffness and brittleness of the material.
This is demonstrated by the high elastic modulus val-
ues reported, which are 35% higher than the values of
neat PLA. It is also verified by a decrease in tensile
strength and elongation at break of 40 and 35%, re-
spectively, related to neat PLA. This provokes a high-
ly brittle behavior in PLA-MKSF composites. This
behaviour can be related to the low interaction be-
tween the MKSF and the surrounding PLA matrix,
which generates a stress concentration effect, provok-
ing a detriment of mechanical properties [29].
As expected, the incorporation of tributyrin (TBN)
and triacetin (TCN) improves the ductile behaviour
of PLA-MKSF composites. In the case of PLA-
MKSF/TBN, a decrease in the tensile modulus and
tensile strength of 37 and 58% can be observed, re-
spectively. An increase in elongation at break can
also be observed up to 9.5%, thus, demonstrating the
plasticizing effect of tributyrin. Even though impact
strength is lower than neat PLA, the PLA-MKSF
composite plasticized with tributyrin has a higher
impact strength than the unplasticized PLA-MKSF
composite. This effect was also reported by other
studies [30], with tributyrin as a plasticizer in a
PLA/PHB blend. In general, it was observed how theE L a b

* * * *2 2 2

abD D D D= + +R R RW W W
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Table 2. Mechanical properties of PLA, PLA-MKSF composites obtained from tensile tests (elastic modulus – Et, tensile
strength – σt, elongation at break – εb), Shore D, impact strength.

Code Tensile
Shore D hardness Impact strength

[kJ/m2]Elastic modulus, Et
[MPa]

Strength, σt
[MPa]

Elongation at break, εb
[%]

PLA 3848±245 40.1±3.7 4.7±0.5 63.8±1.3 33.6±3.6
PLA-MKSF 5219±27 23.9±0.9 4.4±0.6 60.8±1.3 21.7±1.5
PLA-MKSF/TBN 2424±193 16.9±0.5 9.5±0.6 61.0±1.3 27.7±1.6
PLA- MKSF/TCN 2995±199 18.7±0.6 8.3±0.7 61.7±1.2 33.1±3.1



incorporation of tributyrin provoked a reduction of
the tensile strength and elastic modulus in all formu-
lations. However, no significant changes were ob-
served in the elongation at break.
As it occurs with the composites with TBN, the in-
corporation of triacetin is quite notorious regarding
ductile properties. On the one hand, a decrease in the
elastic modulus and tensile strength of 22 and 33%
with respect to neat PLA is observed. Additionally,
an increase of 77% in elongation at break is observed.
In spite of this, the impact strength of the material
remains quite high, with a value of 33.1 kJ/m2, com-
parable to the impact strength of neat PLA but with
a noticeable difference since ductile properties have
been improved. This effect can be related to the ex-
cellent miscibility that TCN has with the PLA matrix,
as it was stated in the theoretical solubility section.
This phenomenon, together with the compatibility
of TCN with MKSF (composed mainly of polysac-
charides and protein), enhances the general plasti-
cization effect [31]. Some studies have reported that
the plasticizer embeds the surface of lignocellulosic

particles, thus making the particles slide all over the
matrix [32].
Regarding Shore D hardness, it can be observed that
the incorporation of MKSF provokes a slight decrease
in hardness from 63.8 down to 60.8. Different plasti-
cizers (TBN and TCN) do not significantly affect the
hardness, despite a little increase. These results are
similar to those reported by Gonzalez et al. [33], who
observed that the use of maleinized linseed oil (MLO)
plasticizer did not alter the hardness of the matrix.
These results are in accordance with the estimated
miscibility between neat PLA and tributyrin and tri-
acetin. As the theoretical study showed good com-
patibility between the plasticizers and the polymer,
which has been demonstrated by the good mechani-
cal response in both cases.

3.2. Morphological characterization.
Figure 2 shows the morphology of the fracture sur-
face of impact test samples of each one of the devel-
oped composites observed by FESEM at 1000×
magnification. Figure 2a corresponds to neat PLA,
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Figure 2. FESEM image of mango kernel seed flour (MKSF) particles at 1000× with a marker scale of 10 µm. a) PLA,
b) PLA-MKSF, c) PLA-MKSF/TBN, d) PLA-MKSF/TCN.



which shows the typical morphology of a brittle 
polymer. This behaviour is detected by a smooth and 
flat surface, with the presence of little microcracks 
[21]. This perfectly matches the mechanical results 
observed in the previous section, where PLA exhib-
ited an extremely low ductility (low elongation at 
break). In the case of Figure 2b, the morphology of 
PLA with the incorporation of MKSF is shown. The 
presence of MKSF particles is clearly seen all over 
the matrix, where the adhesion of the particles is un-
doubtedly poor, as evidenced by the presence of 
voids (white arrows) in the matrix surface. Pulled-
out MKSF particles generate those voids during im-
pact fracture due to the poor compatibility between 
PLA and MKSF [34]. Figures 2c and 2d show the 
FESEM morphology of the composites with tribu-
tyrin and triacetin, respectively. The concentration of 
voids in the PLA matrix has been observed to be re-
duced with respect to the unplasticized PLA/MKSF 
composite. This indicates an increase in the affinity 
between PLA and MKSF microparticles, thanks to 
the addition of both plasticizers, which possess ester 
groups that enhance interaction with MKSF through 
hydrogen bonds [20]. Additionally, the gap (yellow 
arrows) between the MKSF particles and the sur-
rounding PLA matrix is smaller than in the unplasti-
cized composite. This fact corroborates the increased 
ductile properties observed in the mechanical char-
acterization section, especially by using triacetin, 
which provided an elongation at break of 9.5%.

3.3. Thermal properties of PLA-MKSF
composites

Differential scanning calorimetry (DSC) was used in 
order to study the thermal properties of the PLA-
MKSF composites. Figure 3 gathers the thermograms 
that correspond to the second heating cycle of neat 
PLA and each one of the PLA-MKSF composites. At 
the same time, Table 3 summarizes the main thermal 
parameters extracted from these thermograms. Neat 
PLA shows a glass transition temperature at about

62 °C, which is a typical value for this polymer, as
observed by Petchwattana et al. [20]. The addition of
MKSF into the polymer matrix decreases this value
by approximately 1 °C, indicating almost negligible
plasticization.
On the other hand, adding tributyrin and triacetin
decreases this temperature to 40.6 and 46.4 °C, re-
spectively. This remarkable decrease is ascribed to
increased chain mobility of the amorphous phase of
PLA induced by both plasticizers [20]. The addition
of triacetin and tributyrin also plays a key role in the
cold crystallization process. The cold crystallization
peak temperature of neat PLA is located at 115.3 °C.
In contrast, the addition of MKSF decreases it down
to 109°C, but, once again, the incorporation of trib-
utyrin and triacetin plasticizers moves the cold crys-
tallization peak temperature down to such low values
of 89 and 98°C, respectively. This decrease in cold
crystallization is also ascribed to the increase in PLA
chain mobility, which provokes polymer chains to
rearrange more quickly to a packed structure in the
presence of plasticizers. Pure PLA exhibits a melting
temperature of approximately 167 °C, which is in-
creased by the presence of MKSF up to 169 °C. This
effect is typical in rigid lignocellulosic fillers, as they

J. Gomez-Caturla et al. – Express Polymer Letters Vol.17, No.3 (2023) 334–351

341

Figure 3. Differential scanning calorimetry (DSC) thermo-
grams of neat PLA and plasticized and unplasti-
cized PLA-MKSF composites.

Table 3. Glass transition temperature (Tg), cold crystallization peak temperature (Tcc), cold crystallization enthalpy (∆Hcc),
melting temperature (Tm), melting enthalpy (∆Hm), and crystallinity Xc of the PLA-MKSF composites, obtained by
differential scanning calorimetry (DSC).

Code Tg
[°C]

Tcc
[°C]

∆Hcc
[J/g]

Tm
[°C]

∆Hm
[J/g]

Xc
[%]

PLA 62.4±1.2 115.3±3.5 0.7±0.1 167.1±0.2 10.1±0.1 10.1±0.5
PLA-MKSF 61.3±1.5 109.5±4.1 24.6±0.4 169.1±0.4 30.3±1.2 8.7±0.2
PLA-MKSF/TBN 40.6±2.1 88.9±3.6 19.1±1.1 164.1±1.0 30.4±1.7 17.3±0.1
PLA-MKSF/TCN 46.4±1.7 98.2±2.7 24.7±0.5 165.0±1.2 29.3±1.2 7.1±0.3



are more thermally stable than neat PLA, thus delay-
ing the melting phenomenon.
Similarly, the addition of plasticizers follows an
analogous trend to the glass transition and cold crys-
tallization temperatures. Tributyrin and triacetin de-
crease Tm to 164 and 165 °C, respectively, due to
higher segmental mobility [20]. Finally, the crys-
tallinity of PLA did not suffer significant changes,
presenting a value of around 10%, except for the
sample with tributyrin, which showed a crystallinity
of 17.3%. This increase is related to the aforemen-
tioned enhanced chain mobility, which accelerates
the crystallization rate of PLA, allowing it to crys-
tallize at a lower Tcc and then present a higher crys-
talline region.
In order to assess the thermal degradation behaviour
of the composites, a thermogravimetric (TGA) analy-
sis was carried out. Figure 4 shows the thermogravi-
metric (TGA) and first derivative (DTG) curves of
the studied composites, whereas Table 4 gathers the
main thermal parameters related to this analysis.
Neat PLA exhibits a single-step degradation curve,
typical of this polyester. Its onset degradation tem-
perature (T5%) is drastically reduced from 365 °C
down to 273 °C due to the incorporation of MKSF.
This is due to the earlier decomposition of low mo-
lecular weight hemicellulose in the mango kernel
seed flour [20]. A similar trend occurs with the max-
imum degradation rate temperature extracted from
the first derivative diagram, as it decreases from
404.5 down to 322.6 °C for PLA-MKSF. This is as-
cribed to the inherent lower thermal degradation sta-
bility of the lignocellulosic particles of MKSF, namely
hemicellulose, cellulose, lignin, and pectin [35]. This
phenomenon is clearly observed in the TGA dia-

grams, where the PLA mass decreases far later than
in the rest of the samples. The TGA curves of the
samples with tributyrin and triacetin show a two-step
degradation process, which is ascribed to the initial
degradation (plasticizer removal) of both plasticizers,
which are more volatile than the PLA matrix [36]. In
this case, the onset degradation temperature is further
decreased to 218 and 203°C for tributyrin and tri-
acetin, respectively. This demonstrates the results ob-
served in DSC, as both plasticizers reduce the inter-
action between polymer chains and increase their mo-
bility, thus diminishing thermal stability. The maxi-
mum degradation rate temperature is also reduced to
325 and 322°C, respectively, a decrease of approxi-
mately 20% relative to neat PLA. The residual mass
of PLA-MKSF composites increases due to a higher
tendency of MKSF for char formation than PLA.

3.4. Thermomechanical characterization
To assess the mechanical properties of the composites
in dynamic thermal conditions, DMTA was carried
out. This analysis also allows a more detailed evalua-
tion of the glass transitions of polymers. Figure 5
shows the dynamic-mechanical thermal analysis
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Table 4. Main thermal degradation parameters of the PLA-
MKSF composites: onset degradation temperature
at a mass loss of 5 wt% (T5%), maximum degrada-
tion rate temperature (Tdeg), and the residual mass
at 700 °C.

Code T5%
[°C]

Tdeg
[°C]

Residual mass
[%]

PLA 365.2±2.5 404.5±3.1 0.2±0.1
PLA-MKSF 272.7±1.2 321.1±1.3 0.2±0.2
PLA-MKSF/TBN 216.4±2.0 324.7±3.3 0.1±0.2
PLA-MKSF/TCN 204.1±1.1 321.2±1.1 0.1±0.2

Figure 4. Thermal degradation of PLA-MKSF composites, a) thermogravimetric (TGA), and b) first derivative (DTG) of
neat PLA, plasticized and unplasticized PLA-MKSF composites.



(DMTA) curves for all the PLA-MKSF composites,
namely the evolution of the storage modulus (E′) and
the dynamic damping factor (tan δ). At the same
time, Table 5 gathers the main thermomechanical pa-
rameters to be analyzed. Figure 5a shows the varia-
tion of the storage modulus, which slowly decreases
in the whole temperature range until a sudden drop
is detected. This drop occurs between 60 and 70 °C
for neat PLA and PLA-MKSF, and between 40 and
50 °C for the plasticized PLA-MKSF composites.
Those drops are related to the α-relaxation of PLA
chains once the glass transition region is surpassed
[37]. This is due to the plasticizing effect of TBN
and TCN, which increases the mobility of PLA
chains, thus reducing their stiffness in comparison
with neat PLA. These changes in rigidity are regis-
tered in Table 5, where there is a significant differ-
ence between the storage modulus at 5 and 70 °C,
which goes down from 1500–1700 MPa to values
of 8–50 MPa, respectively. Figure 5b allows observ-
ing more precisely the glass transition temperature
of the materials, which is indicated by a peak in the
evolution of the dynamic damping factor (tanδ) with
temperature. The glass transition temperature of neat
PLA is located at approximately 65 °C, as already

observed in DSC. Adding MKSF does not provoke
significant changes in its Tg, with an average value
of 63 °C. On the other hand, adding the TBN and
TCN plasticizers reduces the glass transition temper-
ature to 43 and 44°C, respectively. This is again due
to the chain mobility enhancement phenomenon that
both plasticizers provide. This result proves the suc-
cessful plasticization of PLA and demonstrates the
increase in elongation at break reported in the me-
chanical properties section. After the glass transition
process, there is a slight rise of E′ in the plasticized
samples and the PLA+MKSF composite, which can
also be observed in the tan δ graph, around 80 °C.
This rise is due to crystallization, as an increase in
chain mobility favors the formation of crystals after
the Tg [38]. This crystal formation slightly increases
the stiffness of the composites, which is why E′ in-
creases a little bit at high temperatures (75 to
100°C). This is in accordance with the DSC results,
where a cold crystallization peak was recorded for
the PLA+MKSF, and the TBN and TCN plasticized
samples in the 75–100 °C temperature range.

3.5. Melt flow index (MFI)
Figure 6 gathers the melt flow index (MFI) for neat
PLA and the PLA-MKSF composites developed in
this work, measured at 190 °C with a load mass of
2.16 kg. Neat PLA presents an MFI of approximately
17 g/10 min, similar to that provided in the technical
data sheet. Once the MKSF is incorporated into the
PLA matrix, the melt flow index increases up to
about 18 g/10 min. A similar effect was observed by
Pantyukhov et al. [39] in polyethylene composites
with lignocellulosic fibres as fillers. As expected, the
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Table 5. Main dynamic-mechanical parameters of the PLA
MKSF composites.

Code E′ at 5 °C
[MPa]

E′ at 70°C
[MPa]

Tg
[°C]

PLA 1690.6±33.80 8.37±0.13 65.26±0.97
PLA-MKSF 1569.4±29.81 16.9±0.32 63.13±1.39
PLA-MKSF/TBN 1579.0±27.01 54.1±1.14 43.36±0.65
PLA-MKSF/TCN 1704.9±30.68 45.9±0.92 44.43±0.71

Figure 5. Plot evolution of a) the storage modulus (E′) and b) the dynamic damping factor (tan δ) of the PLA-MKSF com-
posites.



addition of tributyrin and triacetin drastically in-
creased the MFI of the composites. This is ascribed
to the enhanced chain mobility that both plasticizers
provide to PLA-MKSF composites. Thus, the PLA
polymer chain entanglement becomes poorer, posi-
tively affecting the composite’s flowability. The meas-
ured MFI values for PLA-MKSF/TBN and PLA-
MKSF/TCN are 42.5 g/10 min and 32.5 g/10 min,
respectively. This indicates that the plasticizing ef-
fect of tributyrin is stronger than that of triacetin, as
it has also been demonstrated in its mechanical and
thermal properties.

3.6. Visual appearance and water contact
angle characterization

Visual appearance is an essential factor regarding the
product’s perception by the consumer. Figure 7 shows
the visual appearance of PLA-MKSF composites. At
first sight, it can be seen that only the neat PLA sam-
ple shows certain transparency due to the semicrys-
talline nature of the polyester [40]. The incorporation
of MKSF leads the samples to turn completely opaque
with characteristic dark brown colours, which are es-
pecially attractive from the point of view of wood-
plastic composites. Meanwhile, Table 6 gathers the
L*a*b* colour coordinates. Neat PLA exhibited a lu-
minance of 36.8, which is reduced to values close to

26 for all the rest of the samples as a result of the in-
corporation of MKSF, which turns the samples into
darker colours.
Regarding colour coordinates a* and b*, neat PLA
displays very low values (–0.2 and 0.9, respectively)
due to its characteristic white colour. Adding MKSF
increases those values to 3.1 and 3.5, respectively.
This was expected, as the observed dark brown colour
is composed of red and yellow components. With the
addition of tributyrin and triacetin, both values in-
crease even more, as they provide a clearer tonality
to the dark brown colour of the PLA-MKSF com-
posite, as seen in Figure 7. The values of a* and b*

for TBN and TCN are very close to 4 and 5, respec-
tively, in both cases. Finally, the colour difference
ΔE*

ab is very similar for all three PLA-MKSF com-
posites, giving values of approximately 12. That was
expected, as the three samples presented very similar
colours. A similar tonality was reported in previous
work for a polypropylene matrix with mango peel
wastes [41].
The water contact angle analysis gives information
regarding the affinity and interaction of the studied
materials with water. Figure 8 shows the contact angle
of distilled water with the surface of each one of the
PLA-MKSF composites developed in this study. As
it can be observed, neat PLA presents a contact angle
of 85°, which is characteristic of a hydrophobic
polymer according to Vogler, who established the
hydrophilic threshold at 65° [42]. Once MKSF is
added to the polymer matrix, the contact angle con-
siderably decreases to 75°, increasing the hydro -
philicity of the polymer. This behaviour is ascribed
to the polar groups contained in MKSF, mainly from
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Figure 6. Melt flow index (MFI) of neat PLA and PLA-
MKSF composites.

Figure 7. The visual appearance of the PLA-MKSF composites.

Table 6. Main colour parameters of the PLA-MKSF com-
posites in terms of the CieLab colour space (L*a*b*)
and the colour difference ΔE*

ab.
Code L* a* b* ΔE*

ab

PLA 36.8±0.3 –0.2±0.1 0.9±0.1 –
PLA-MKSF 25.8±0.3 3.1±0.1 3.5±0.1 11.7±0.3
PLA-MKSF/TBN 26.0±0.1 4.2±0.2 5.3±0.1 12.4±0.1
PLA-MKSF/TCN 26.9±0.3 4.0±0.1 5.4±0.2 11.6±0.3



polysaccharides and proteins. Those molecules have
a great capacity to form hydrogen bonds, thus increas-
ing affinity towards the water and then enhancing hy-
drophilicity [43]. The addition of plasticizers into the
PLA-MKSF composite reduces the affinity towards
water, exhibiting contact angles of 78.5 and 82° for
tributyrin and triacetin, respectively. Both plasticizers
reduce the contact angle of neat PLA, as tributyrin
and triacetin are certainly hydrophilic [44]. However,
they increase the contact angle in relation to the PLA-
MKSF sample. This could be due to the interaction
of ester groups contained in both plasticizers with the
hydroxyl groups in MKSF, thus reducing the avail-
ability of –OH functionalities in MKSF that can hy-
drogen-bond with water molecules.

3.7. Water uptake
The water uptake test evaluated the water absorption
capacity of neat PLA and PLA-MKSF composites
over 11 weeks. Figure 9 shows the evolution of the
water absorption of the samples over 11 weeks in
terms of the percentage of water mass absorbed in re-
lation to the initial weight of the specimens. As ex-
pected, neat PLA presents the lowest water absorption
profile, with maximum absorption of less than 1 wt%.
This is the typical behaviour of a hydrophobic poly-
mer; a similar profile was observed in previous works
[37] for neat PLA. When MKSF is added into the
PLA matrix, the water uptake of the composite dras-
tically increases up to almost 12 wt% at 11 weeks of
immersion in distilled water. This effect is ascribed to
the presence of polar groups in the composite coming
from starch, proteins, and lignin. Their characteristic

functionalities provide the material with a great affin-
ity for water, as observed in the contact angle meas-
urements. Finally, adding tributyrin and triacetin also
increases the water absorption compared with neat
PLA up to 6.5 and 5 wt%, respectively. However, they
decrease the water absorption capacity with respect to
the PLA-MKSF composite. This decrease could be
related to the interaction between carbonyl groups in
both plasticizers and hydroxyl groups in MKSF, re-
ducing the possible reaction with distilled water [45].
The sample with tributyrin seems to slightly decrease
its mass over time from 4 weeks of immersion. This
could be ascribed to the certain water solubility of the
plasticizer in distilled water. The results presented
here are in total accordance with the contact angle
measurements, where tributyrin also presented a
slightly higher affinity for water than triacetin.

3.8. Disintegration test
The disintegrability of the PLA-MKSF composites
was assessed through the disintegration test. Figure 10
shows the disintegration profile of all the studied
PLA-based samples in terms of mass loss. As can
be observed, only neat PLA disintegrated at 100%
(at 9 weeks). Nonetheless, the remaining specimens
disintegrated up to 90% at 12 weeks, which is the
objective for considering a material biocompostable
[43]. Neat PLA exhibited the typical behaviour of
a biodegradable polymer, fully disintegration at
9 weeks due to a hydrolytic degradation process.
Once MKSF is added to the polymer matrix, the dis-
integration capacity decreases to 90% at 12 weeks
of incubation time in compost soil.
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Figure 8. Water contact angle measurements of plasticized
and unplasticized PLA-MKSF composites.

Figure 9. Water uptake evolution of the PLA-MKSF com-
posites over 11 weeks.



Moreover, the addition of plasticizers does not signif-
icantly vary tPlease check all of the figures and tables,
carefully (axes, headings, designations, lowercase or
capital letters, etc.).
Please check the equations, carefully.he disintegration
process. This decrease in biodegradability could be
ascribed to an increase in the crystallinity of the
polymer, especially in the PLA-MKSF/TBN com-
posite. The hydrolytic degradation process occurs
more easily in the amorphous regions of the poly-
mer. Thus, the higher the crystallinity, the lower the
proportion of the amorphous phase in the polymer,
providing more resistance against biodegradation
[37]. Nonetheless, both plasticizers do increase the
disintegrability rate during the first 8 weeks. This
phenomenon could be ascribed to the hydrophilic na-
ture of TBN and TCN, which makes water absorp-
tion and diffusion through the polymer bulk in the
initial phase of disintegration to be faster. This re-
sults in higher hydrolysis in the polymer chains, lead-
ing to smaller molecules (mono mers and short-chain
oligomers) being available for microorganisms to at-
tack [46]. In the last weeks, the samples with MKSF
seem to have a disintegrability threshold, which
could correspond to the MKSF fraction left in the
samples, which does not fully disintegrate.
Figure 11 gathers images that record the visual as-
pect of the samples all over the test. As has been
aforementioned, it is observed that neat PLA is en-
tirely disintegrated after 9 weeks, while the rest of
the specimens continue to degrade until week 12,
when just little remnants are left (90% of biodegra-
dation). Moreover, neat PLA started to decompose
at week 2, as demonstrated by the macrocracks that

appear in the square sample in Figure 11. In contrast,
the MKSF samples start their decomposition at
week 4. Thus, the results herein presented are in total
accordance with the disintegration profile shown in
Figure 10.

4. Conclusions
This work shows the successful development of
wood plastic composites based on a polyester PLA
matrix with mango kernel seed flour (MKSF) as a
reinforcing agent and tributyrin (TBN) and triacetin
(TCN) as plasticizers. The addition of MKSF gave
the composites a characteristic dark brown color,
which could prove to be interesting in replacing
wood-based materials for these wood-plastic com-
posites. Regarding their mechanical response, tribu-
tyrin and triacetin improved the ductility of the poly-
mer matrix, increasing the elongation at break from
4.4% for the PLA+MKSF sample to 9.5 and 8.3%
for PLA+MKSF/TBN and PLA+MKSF/TCN, re-
spectively. These results matched the theoretical sol-
ubility parameters of neat PLA and the plasticizers,
which were also studied, showing good compatibil-
ity between PLA, TBN, and TCN (RED values of
0.86 and 0.73, respectively). FESEM results also sup-
ported the mechanical properties of the composites,
as well as certain compatibility effects exerted by the
plasticizers over the polymer matrix and the MKSF
particles. The plasticizing effect was further verified
by thermal analysis, where the glass transition tem-
perature and melting temperatures were reduced in
relation to neat PLA as a result of the increased chain
mobility provided by both TBN and TCN. MKSF
made the affinity for water of the composite drasti-
cally increase, as was observed by means of contact
angle measurements and water uptake. Both plasti-
cizers reduced this considerably large water absorp-
tion of PLA+MKSF thanks to their bonding with
MKSF particles. The thermal degradation of the com-
posites became faster as a result of the presence of
both plasticizers, again attributed to the increased
chain mobility of the polymer chains ascribed to the
plasticizing effect. Finally, all the composites showed
a positive response towards disintegration under
compost soil conditions. Disintegrating over 90% of
the total mass of the samples.
All in all, these results prove that environmentally
friendly wood plastic composites can be obtained
from the combination of PLA, MKSF, TBN, and
TCN, with enhanced ductility, good thermal stability,
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Figure 10. Disintegration profile of the PLA-MKSF speci-
mens over 12 weeks.
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Figure 11. Evolution of the visual appearance of the samples (25×2×1 mm) during the disintegration test.



and excellent biodegradability. Thus, they could be
used in applications substituting wood-based prod-
ucts, as they present quite attractive dark brown
colors.
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